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ABSTRACT 
---------------------------------------------------------------------------------------------------- 
 

Narrow molecular weight fractions of poly(ε-caprolactone) were successfully obtained 

using the successive precipitation fractionation technique with toluene/n-heptane as a 

solvent/nonsolvent pair. Calorimetric studies of the melting behavior of fractions that were 

crystallized either isothermally or under constant cooling rate conditions suggested that the 

isothermal crystallization of the samples should be used for a proper evaluation of the molecular 

weight dependence of the observed melting temperature and degree of crystallinity in PCL. The 

molecular weight and temperature dependence of the spherulitic growth rate of fractions was 

studied in the context of the Lauritzen-Hoffman two-phase model and the Strobl three-phase 

model of polymer crystallization. The zero-growth rate temperatures, determined from 

spherulitic growth rates using four different methods, are consistent with each other and 

increase with chain length. The concomitant increase in the apparent secondary nucleation 

constant was attributed to two factors. First, for longer chains there is an increase in the 

probability that crystalline stems belong to loose chain-folds, hence, an increase in fold surface 

free energy. It is speculated that the increase in loose folding and resulting decrease in 

crystallinity with increasing chain length are associated with the ester group registration 

requirement in PCL crystals. The second contribution to the apparent nucleation constant arises 
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from chain friction associated with segmental transport across the melt/crystal interface. These 

factors were responsible for the much stronger chain length dependence of spherulitic growth 

rates at fixed undercooling observed here with PCL than previously reported for PE and PEO. In 

the case of PCL, the scaling exponent associated with the chain length dependence of 

spherulitic growth rates exceeds the upper theoretical bound of 2 predicted from the Brochard-

DeGennes chain pullout model. Observation that zero-growth and equilibrium melting 

temperature values are identical with each other within the uncertainty of their determinations 

casts serious doubt on the validity of Strobl three-phase model.  

A novel method is proposed to determine the Porod constant necessary to extrapolate 

the small angle X-ray scattering intensity data to large scattering vectors. The one-dimensional 

correlation function determined using this Porod constant yielded the values of lamellar crystal 

thickness, which were similar to these estimated using the Hosemann-Bagchi Paracrystalline 

Lattice model. The temperature dependence of the lamellar crystal thickness was consistent 

with both LH and the Strobl model of polymer crystallization. However, in contrast to the 

predictions of Strobl’s model, the value of the mesomorph-to-crystal equilibrium transition 

temperature was very close to the zero-growth temperature. Moreover, the lateral block sizes 

(obtained using wide angle X-ray diffraction) and the lamellar thicknesses were not found to be 

controlled by the mesomorph-to-crystal equilibrium transition temperature. Hence, we concluded 

that the crystallization of PCL is not mediated by a mesophase. 

Metallocene-catalyzed linear low-density (m-LLDPE with 3.4 mol% 1-octene) and 

conventional low-density (LDPE) polyethylene blends of different compositions were 

investigated for their melt-state miscibility and concurrent crystallization tendency. Differential 

scanning calorimetric studies and morphological studies using atomic force microscopy confirm 

that these blends are miscible in the melt-state for all compositions. LDPE chains are found to 

crystallize concurrently with m-LLDPE chains during cooling in the m-LLDPE crystallization 

temperature range. While the extent of concurrent crystallization was found to be optimal in 
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blends with highest m-LLDPE content studied, strong evidence was uncovered for the existence 

of a saturation effect in the concurrent crystallization behavior. This observation leads us to 

suggest that co-crystallization, rather than mere concurrent crystallization, of LDPE with m-

LLDPE can indeed take place. Matching of the respective sequence length distributions in 

LDPE and m-LLDPE is suggested to control the extent of co-crystallization. 
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CHAPTER 1: INTRODUCTION 
---------------------------------------------------------------------------------------------------- 
 
1.1 Scope of Dissertation 
 

Is polymer crystallization a mesophase-mediated process (as proposed by Strobl et al.1); 

or simply a melt-to-crystal two-phase process (as traditionally assumed by Lauritzen-Hoffman 

(LH)2-4)? The primary objective of this dissertation is to shed some light onto this current 

controversy. While the majority of this work is dedicated towards resolving the fundamental 

questions pertaining to these models of polymer crystallization, the remaining portion is focused 

on the practical application of polymer crystallization to a system of commercial polyolefin 

blends.   

Chapter 2 offers a literature review on the current understanding of polymer crystallization, 

from both thermodynamic and kinetic perspectives. This chapter provides basic information 

associated with the development of morphologies from single crystal lamellae to spherulitic 

superstructures. The main emphasis is given on the currently debated LH and Strobl models of 

polymer crystallization, and determinations of the equilibrium transition temperatures associated 

with each of these models. 

To rigorously test the self-consistency of the LH model, it is extremely important to minimize 

the role of chain length distribution in the crystallization process. In Chapter 3, the preparation of 

several narrow molecular weight distribution fractions of poly(ε-caprolactone) (PCL) using the 

successive precipitation fractionation technique5, and their characterization by size exclusion 

chromatography and differential scanning calorimetry, is discussed. This chapter also explores 

the influence of the fraction molecular weight on the bulk crystallization kinetics and melting 

behavior. Isothermal crystallization studies are recommended over nonisothermal crystallization 

studies to investigate the molecular weight dependence of the observed melting temperature. 
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Some of these narrow molecular weight distribution fractions were utilized for the studies 

reported in the next chapter. 

In Chapter 4, the study on the effect of crystallization temperature and molecular weight on 

the spherulitic growth rate of PCL is reported. The growth rate data is critically examined in the 

context of both LH and Strobl models. A strong molecular weight dependence of the spherulitic 

growth rates, at fixed undercooling, was observed. I have offered plausible explanations for this 

behavior by incorporating the undercooling and molecular weight dependence of the friction 

coefficient in polymer crystallization: an idea first proposed by Marand and Huang6 on the basis 

of the Brochard-deGennes chain pullout model.7 

Chapter 5 is dedicated to the study of lamellar thicknesses in PCL as a function of 

crystallization temperature, on the basis of in-situ and ex-situ small angle X-ray scattering 

experiments. Both the correlation function approach and the Hosemann-Bagchi Paracrystalline 

Lattice model8 was used to extract lamellar thickness from scattering data. The temperature 

dependence of the lamellar thickness was analyzed in the context of the LH and Strobl models. 

Chapter 6 focuses on the calorimetric and morphological studies of blends of metallocene-

catalyzed linear low-density polyethylene (m-LLDPE) and low-density polyethylene (LDPE) 

using differential scanning calorimetry and atomic force microscopy, respectively. The 

objectives were to study the effect of blend composition, (1) on the melt-state miscibility for this 

polymer pair and (2) on the possibility of concurrent or co-crystallization of the blend 

components.  

In Chapter 7, I report the overall conclusions and the suggested future work. Appendices 

are provided in Chapter 8. 
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CHAPTER 2: LITERATURE REVIEW  
---------------------------------------------------------------------------------------------------- 

 

Polymer crystallization, a process during which random coils become efficiently packed into 

a chain-folded structure, is known to greatly influence the mechanical, optical and many other 

physical properties of the polymer. These properties are mainly controlled by the morphology, 

molecular weight and chemical structure of the polymer. Crystallization is significantly influenced 

by various conditions such as time, temperature, pressure, stresses etc.1 However, by choosing 

appropriate conditions, it can be skillfully manipulated to optimize the properties required in the 

desired end product made from homopolymers, copolymers or polymer blends. In 1961, the first 

model of polymer crystallization under quiescent conditions was proposed by Lauritzen-Hoffman 

(LH).2 However, more than 50 years later, there still remains an uncertainty over the exact 

mechanism of polymer crystallization. Fundamental understanding of polymer crystallization is 

necessary to comprehend the “cause and effect” of the various morphologies developed when a 

semicrystalline polymer is subjected to different experimental and processing conditions. 

This review will provide insight into the general details of crystal morphology, which will be 

followed by an overview of the thermodynamics (Gibbs-Thomson’s treatment3) and the kinetics 

(LH model3-6) assuming that the polymer crystallization occurs via a melt-to-crystal (two-phase) 

route. The various methods used to determine the equilibrium melting temperature, which 

controls the driving force of the crystal growth according to the two-phase models, are 

discussed next. In the subsequent section, the thermodynamic and the kinetic aspects of 

Strobl’s mesophase-mediated model7 of polymer crystallization are briefly summarized. The 

review will end with some basic information about the principles of the X-ray scattering 

technique, which is an important characterization tool for studying both two and three phase 

models, and concurrent crystallization phenomenon in polyolefin blends to be discussed in 

Chapter 6. 
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2.1 Morphology of Semi-crystalline Polymers 

The “fringed-micelle” model [Figure 2.1(a)] used until 1957 to describe crystallinity in 

semi-crystalline polymers, stated that the sufficiently long molecules are entangled in some 

regions (amorphous phase) and ordered in other regions (crystalline phase). The polymer chain 

was proposed to bridge several crystallites while passing through the amorphous regions. 

These bridges were considered to be responsible for the observed mechanical properties in the 

polymer. Either mass or volume fraction of such crystalline regions in the polymer sample are 

used to characterize the level of order.1 This model was able to explain the WAXD pattern as 

well as the mechanical properties displayed by semicrystalline polymers. However, the model 

did not provide a convincing explanation for: (a) the radial spherulite symmetry observed in 

polarized optical microscopy images, and (b) the periodic arrangement of crystalline and 

amorphous regions within a spherulite implied by the shape of small-angle X-ray scattering 

(SAXS) patterns.1, 8  

In 1957, Keller observed electron diffraction patterns for single crystals of polyethylene 

(PE) formed in dilute solution and noted that the chain axis was close to perpendicular to the 

single crystal surface. Also, the thickness of the PE single crystal (~10 nm) was much smaller 

than the length of a polymer chain (several microns).9 Keller then concluded that the polymer 

chains should sharply fold back and forth on themselves to form a single crystal [Figure 2.1(b)]. 

This breakthrough in the understanding of the chain-folding was applicable for crystallization 

from solution as well as melts, and has since revolutionized the field of polymer morphology.9, 10  
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Figure 2.1: (a) The “fringed-micelle” model. (b) A single crystal. 
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2.1.1 Single Crystal Morphology: A single crystal [Figure 2.1(b)], also known as a lamella, 

can be obtained by crystallization from solution as well as from the melt (at high crystallization 

temperatures).1 The morphology of a single crystal differs from polymer to polymer and varies 

with the conditions of formation.11 A single crystal is known to form sectors and can exhibit 

truncated lozenge, pyramidal, square, or hexagonal shapes, among others.1, 11, 12 Sectors 

consist of molecules folded along the planes that are parallel to the growing lateral facet. The 

rate at which each of the facets grows determines the shape of the crystal.12  The presence of 

(a) buried and loose folds, and (b) cilia (polymer chains hanging out of the single crystal) 

indicates that the adjacent re-entry folding of chains [Figure 2.1(b)] is never perfect. The tie 

chains bridge one lamella to another, thereby, holding the stacks together and improving the 

mechanical properties.8, 13 The tie chains can also form secondary crystals under specific 

conditions.8 The thickness, l, of a single crystal is inversely proportional to the under-cooling, 

∆T, which is the difference between equilibrium melting temperature, Tm and crystallization 

temperature, Tc.1, 3, 12 This thickness can be determined with the help of SAXS, electron 

microscopy or low frequency Raman scattering.12  

2.1.2 Spherulitic Morphology: The screw-dislocation phenomenon in lamellae (resulting 

from the stresses and interfold repulsions) is responsible for the development of multilayered 

axialitic and hedritic morphology. During the process of radial splaying in three dimensions, the 

noncrystallizable impurities are rejected between adjacent radial arrays (known as fibrils) of 

elongated lamellae. The resultant dense and non-crystallographic interfibrillar branching at small 

angles then produces a sheaf-like structure, which grows into the spherically symmetric 

envelope, known as spherulite [Figure 2.2]. Besides polymers, spherulites can be also observed 

in other materials, such as organic crystals of small molecules, metals and salts.1, 3, 14 In the 

case of polymers, the diameter of these spherulites is usually ranging between a few tenths to a 

few hundreds of micrometers. 
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Figure 2.2: Formation of a spherulite.1, 3 Here figures A-D are reproduced from the copyrighted 

work in “Bassett D. C., Principles of Polymer Morphology. Cambridge University Press: 1981, 

page 19, Figure 2.2” under VT Fair Use Policy, 2013. Figure E is reproduced from the 

copyrighted work “Hoffman, J. D.; Davis, G. T.; Lauritzen, J. I., Jr. Treatise Solid State Chem. 

1976, 3, 497-614” under VT Fair Use Policy, 2013. 

 

The nucleation of spherulites (i.e. primary nucleation) can be initiated homogeneously 

(by a longer molecule) or heterogeneously (at impurities, interfaces). However, it is the manner 

of growth that decides the appearance of the spherulite.1, 15 The fact that a spherulite can be 

nucleated at the same site in the melt implies that the nucleation is generally heterogeneous.3 

The crystallization temperature, Tc, governs the number density of spherulites (i.e. nucleation 

rate), which in turn dictates how soon they impinge. The nucleation density is observed to be 

lower at high Tc.1, 14  

The chain-folding within the lamella generally occurs in the direction approximately 

normal to the growth direction of the spherulite.16 Sometimes the stresses induced in the 

lamellae while they grow cause banding, which gives rise to a ring pattern for the growing 

spherulite when observed through a polarized light optical microscope (POM).1 At a fixed 

crystallization temperature, the spherulitic growth rate remains constant until impingement with 
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neighboring spherulites. Depending upon the extent of segregation between the fibrils as well as 

the spherulites, coarse or fine and open or compact types of spherulites are observed.14 While 

compact morphologies are observed at higher under-cooling, more open morphologies have 

fibrils well separated by interfibrillar melt. Coarse morphology, in comparison to the fine one, 

can be achieved by increasing impurity content.15, 17  

2.2 Thermodynamics of Polymer Crystallization assuming a Two-Phase 

Process 

The thermodynamics related to the phase transformation from melt to crystal can be 

studied in terms of the Gibbs free energy change as a function of temperature. Consider a 

scenario where a single crystal is formed when a polymer is cooled from an isotropic melt. The 

Gibbs free energy of fusion (ΔGf) of this lamellar crystal of length, width and thickness denoted 

by x, y and l, respectively [Figure 2.1(b)] is given as: 

∆Gf T   =  xyl∆Gf
∞ T   -  2 x+y lσ  -  2xyσe (2.1) 

where σ and σe are the lateral and fold surface free energies, respectively, and ∆Gf
∞(T) is the 

free energy of fusion per unit volume at temperature T of an infinitely large perfect crystal.3, 12  

For an infinitely large perfect crystal, ΔGf
∞(T) can be given as: 

∆Gf
∞ T =∆Hf

∞ T   -  T∆Sf
∞ T  (2.2) 

where ΔHf
∞(T) and ΔSf

∞(T) are the enthalpy and entropy of fusion per unit volume at 

temperature T, respectively. At the equilibrium melting temperature, Tm, ΔGf
∞(Tm) equals zero 

and the melt is in equilibrium with the infinitely large perfect crystal which gives rise to 

Tm  = ∆Hf
∞(Tm)/∆Sf

∞(Tm) (2.3) 

The observed melting temperature, Tm’, of a lamellar crystal of finite thickness, l, is then defined 

as:  

Tm
'  = Tm (    1  –  

2σe
l∆Hf∞(Tm)

) (2.4) 
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Eq.(2.4) is obtained by: (a) equating ∆Gf(Tm’) to zero; (b) substituting ΔGf
∞(Tm’) = ΔHf

∞(Tm’) –

Tm’ΔSf
∞(Tm’) into eq. (2.1); (c) assuming ΔSf

∞(Tm’) ≈ ΔSf
∞(Tm), ΔHf

∞(Tm’) ≈ ΔHf
∞(Tm); and (d) 

taking into consideration eq. (2.3), σe >> σ as well as x, y >> l. This fundamental thermodynamic 

equation, eq. (2.4), is also known as the Gibbs-Thomson (GT) equation,3, 12 and can be used to 

determine the value of Tm as well as σe by plotting Tm’ vs. l -1 at known ∆Hf
∞(Tm). It also provides 

an understanding of the depression in the melting point due to small crystal sizes.3, 12      

Using eq. (2.4) and noting that ∆Gf
∞(T) 

 = ∆Hf
∞(T) [(Tm - T) / Tm], we can define the value lmin of 

the minimum thickness required for a lamellar crystal to be thermally stable at temperature T: 

lmin   =  
2σe

∆Gf
∞(T)

  =    
2σeTm

  (Tm-T)  ∆Hf
∞(Tm)

 (2.5) 

2.3 Kinetic Models of Polymer Crystallization assuming a Two-Phase Process 

Conventional kinetic theories assume that the observed lamellar thickness is controlled 

by the rate of crystal growth. Hence, the observed lamellae are those growing the fastest. The 

Lauritzen-Hoffman secondary nucleation model (LH model)1, 3, 8, 12, 18 and the Sadler’s rough 

surface nucleation model19, 20 provided the basis for understanding the growth rate of the 

lamellar crystals as a result of two opposing processes: a thermodynamic driving force that 

increases with lamellar thickness, and a nucleation barrier which decreases exponentially with 

lamellar thickness. The LH and the Sadler’s theories consider different types of the nucleation 

barrier. Both models consider that the driving force for crystallization is proportional to the free 

energy of crystallization, ΔGc. Since the lamellar formation process is the opposite of the fusion 

process discussed above, we can write ΔGc(T) = - ΔGf(T).  Assuming again that the lamella is 

thin (i.e. x, y >> l) and the fold surfaces are more energetic than the lateral surfaces (σe > > σ), 

we obtain eq. (2.6) for the free energy of crystallization in terms of the minimum lamellar 

thickness, lmin. 

ΔGc = 2xyσe(  1 −
𝑙
𝑙min

  ) (2.6) 
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As seen in eq. (2.6), as l increases beyond lmin, the free energy of crystallization becomes more 

negative and the driving force increases. We now consider the LH Model to provide a possible 

description of the nucleation barrier. 

Lauritzen-Hoffman Model (LH Model): Through experimental results, it was concluded that 

the growth rate, G, is an exponential function of under-cooling, ΔT. The facetted single crystals 

obtained during crystallization from solution further suggested that crystal growth is a surface-

nucleation controlled process.8 This salient feature forms the basis for the Lauritzen-Hoffman 

secondary nucleation model.1, 3, 8, 12, 18 This model considers the temperature dependence of 

lamellar thickness and growth rate.12  The LH model relies on the fundamental assumption of 

smooth substrates for the growth fronts on which the polymer chain reptates [Figure 2.3(a)] and 

physically adsorbs without any crystallographic registry [Figure 2.3(b)]. As shown in Figure 

2.3(c), a large activation energy barrier needs to be crossed during attachment of this first stem 

on a given substrate of the growth front. The barrier height increases with the length of the 

stem. As a polymer chain “crystallizes”, it gives rise to a stem of uniform length, l, thickness, bo 

and width, ao [Figure 2.3(a)]. The free energy due to the creation of the two new lateral surfaces 

of the stem during its crystallographic attachment on the substrate is 2bolσ. Also, the free 

energy decreases by (aobol∆Gf) due to crystallographic registry of the entire stem on the surface 

[Figure 2.3(c)]. As shown in Figures 2.3(b) and 2.3(c), the chain is then assumed to 

subsequently undergo folding on either side by overcoming a much smaller activation barrier. 

The rate constants of attachment (Ao) and detachment (B1) of the first stem at temperature T 

can be described using Arrhenius relationships as shown in eq. (2.7) and eq. (2.8), respectively,  

Ao = β  exp ( − 2bo𝑙σ
kT

) (2.7) 

B1= β exp(-
ao bo𝑙∆Gf(T)

kT
) (2.8) 
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Figure 2.3: (a) Illustration of lamellar growth via chain reptation process. (b) Steps 

involved in the secondary nucleation process. (c) Free energy diagram for the stem formation. 

Here ** is the activated state for the first stem deposition and * is the activated state for 

subsequent chain deposition (chain-folding). 
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Here β is the transport factor for chain attachment to or detachment from the surface. The rate 

constant (B) for detachment of the subsequent stems is assumed to be the same as given in eq. 

(2.8) for removal of the first stem. The rate constant (A) for deposition of the subsequent stem 

on the surface to form a fold is given as: 

A = β  exp( −
2ao boσe
kT

) (2.9) 

where 2aoboσe is the chain-folding free energy of a stem over a 2aobo fold surface area. As can 

be seen in Figure 2.3 (c), with an increase in the number of stems attached to the surface, the 

free energy of the growing crystal decreases until the crystal becomes stable. At the melt-crystal 

interface, polymer chains are constantly attaching and detaching until a steady state flux, S(l), is 

reached. If Co is the configurational path degeneracy, nL is the number of stems of width ao 

present on the substrate of length, L, and No= ConL is the occupation numbers of the first stem; 

then the steady state flux of attachment on the substrate is given by: 

S 𝑙  = NoAo(
A-B

  A-B+B1
) = NoAo(  1  -

B
  A
  ) (2.10) 

Thus, a crystal can grow if S > 0 i.e. A > B.  Substituting for A, Ao and B from eqs. (2.7), (2.8), 

and (2.9) into eq. (2.10) gives the expression for S(l).  The total flux, ST, across the nucleation 

barrier is then obtained by integrating S(l) over all possible thicknesses; varying from l min [see 

eq. (2.5)] to infinity: 

ST   =  
1
𝑙u

S 𝑙 d𝑙
!

!!"#

 (2.11) 

Here lu is the monomer repeat unit length. The equation for the rate of addition of nuclei per unit 

length of substrate is given as i = ST/L = ST/(nLao). Substituting ST [see eq. (2.11)] into the 

definition for i yields: 

i =
 Coβ
aolu

(
 kT
2σbo

-
kT

2σbo+  aobo∆Gf(T)
)exp(-

4boσσe
  kT∆Gf(T)

) (2.12) 
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The substrate completion rate, g, is then given by g = ao(A-B). Substitution of A and B into this 

expression for g and considering ∆Gf(T) = ΔHf
∞(Tm) ΔT/ Tm yields:  

g = aoβ{  1- exp (-
ao∆Hf

∞ Tm  ∆T
σTm

)}  exp (- 2aoboσe
kT

) (2.13) 

The approximate form of g, where the first exponential term in eq. (2.13) is expanded for low-to-

moderate under-cooling, is given by:  

g = aoβ(
ao∆Hf

∞ Tm  ∆T
σTm

)exp (- 2aoboσe
kT

) (2.14) 

As per LH theory, the competition between i and g gives rise to different regimes [Figure 

2.4] that regulate the crystal growth rate. In contrast to the substrate completion rate, g, the 

surface nucleation rate, i, is considered to change many orders of magnitude as the 

crystallization temperature is varied by a few degrees. At a high crystallization temperature, Tc, 

the surface nucleation rate, i, is very slow compared to the substrate completion rate, g. A 

second nucleus is not added until a layer is completed. Growth under such a condition [Li << g, 

Figure 2.4(a)] is called Regime I growth and the corresponding growth rate is given by GI = bo Li. 

At an intermediate Tc, numerous nuclei form on the substrate and spread slowly along L. For 

this case of Regime II growth [Li ~ g, Figure 2.4(b)], both i and g determine the growth rate 

given by GII = bo(2ig) ½. A rapid nucleation of the stems on the substrate and very little layer 

completion along the substrate is observed at still lower Tc. This type of behavior [Li >> g, 

Figure 2.4(c)] is suggested to occur in Regime III and is represented by GIII = L’boi, where L’ is 

the inter-stem distance which is approximately 1.5ao - 2ao. 
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Figure 2.4: (a) Regime I, (b) Regime II, and (c) Regime III growth.21 

 

The growth rate expression (G) for each of the regimes could be obtained by substituting 

i and g into GI, GII and GIII; assuming that the transport across melt-crystal interface can be 

described by either Vogel type behavior (eq. (2.15.1)) for crystallization temperatures less than 

Tg+100K, or by Arrhenius type behavior (eq. (2.15.2)) for crystallization temperatures greater 

than Tg+100K.                                   

G = Goexp(-
U*

 R Tc  -  T∞
)exp (-

Kgj
 Tc∆T

) (2.15.1) 

G = Goexp (-
QD
*

RTc
)exp (-

Kgj
 Tc∆T

) (2.15.2) 

where R is the gas constant, T∞ =Tg-30 K, Go is a material constant. U* is a parameter resulting 

from William-Landel-Ferry (WLF) equation. QD* is the activation energy for chain reptation that 

can be obtained from center-of-mass diffusion experiments.22 Kgj is the regime dependent 

secondary nucleation constant defined by:  

Kgj = 
jboσσeTm

 ∆Hf
∞(Tm) k

 (2.16) 

where k is the Boltzmann constant and j is equal to 2 for Regime II and 4 for Regimes I and III. 

The first exponential term in eq. (2.15.1) and eq. (2.15.2) deals with the transport of molecular 

segments to the growth front. This term is quite significant at lower Tc, where segmental motion 

is the rate limiting process during the formation of crystals. The second exponential terms deals 
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with the secondary nucleation rate at higher Tc. Eq. (2.15.1) and eq. (2.15.2) can be linearized 

in the forms given in eq. (2.17.1) and eq. (2.17.2), respectively.  

lnG + 
U*

 R Tc  -  T∞
 = lnGo-

Kgj
 Tc∆T

 (2.17.1) 

lnG + 
QD
*

RTc
 = lnGo-

Kgj
 Tc∆T

 (2.17.2) 

The plot of lnG + QD*/RTc vs. (Tc ∆T)-1, also known as LH plot, is used to determine if regime 

transitions are present [Figure 2.5]. The slopes of a LH plot [Figure 2.5] yield values of the 

nucleation constants Kg(I), Kg(II) and Kg(III).8  The slopes for Regime I and Regime III are 

predicted to be twice that for Regime II. The I/II regime transition temperature, TI/II, can be 

determined from the intersection of the two straight lines observed in the LH plot. It was noted 

that TI/II increases systematically with molecular weight.8 Very few polymers, for instance - PE 

fractions,23 poly(L-lactic acid)24 and cis-1,4-polyisoprene,25 have been claimed to exhibit all three 

regimes in the observed range of under-cooling. PEO has been reported to exhibit Regime I/II 

transition.8 Polymers like isotactic polypropylene (i-PP), poly(p-phenylene sulphide)26 and 

poly(pivalolactone)27 are believed to exhibit a II/III regime transition.  

In the LH model, i unlike g is a strong function of under-cooling. However, Toda28 has 

shown that both i and g may have the same dependence on temperature. One of the limitations 

of the LH theory is the ambiguity about the determination of the substrate length, L, which is 

necessary for the existence of Regime I. L is actually less than the length of the crystal edge 

and is thought to relate to the average distance between the defects in a crystal.8 Also, in 

contrast with the rough surface nucleation theories,19, 20 the LH model assumes a constant stem 

length. At the expense of tractability, Lauritzen, Passaglia and Tosi have tried to improve on the 

LH model by incorporating fluctuations in the fold length.1, 3, 12  
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Figure 2.5: A generic LH plot showing all three regimes and their respective transitions. 

 

Besides yielding an expression for the crystal growth rate at a given Tc, the LH model 

also provides an expression for the average lamellar thickness: 

𝑙avg  =  𝑙min+  𝛿𝑙  =  
2σeTm

Tm-Tc ∆Hf
∞(Tm)

+  𝛿𝑙 (2.18) 

where 𝛿l (approximately kT/bσ) is the increment in lamellar thickness allowing the secondary 

nucleus to become thermodynamically stable at the fastest rate. Thus, in agreement with 

experimental findings, lavg is predicted by the LH theory to be inversely proportional to the 

degree of under-cooling, ∆T.  
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2.4  Equilibrium Melting Temperature Determination 

It has been known for a long time that the melting temperature of a polymer crystal 

increases with the crystal thickness. The thickness of polymer crystals increases with 

crystallization temperature, Tc and may also increase with crystallization time. The temperature 

associated with the melting of infinitely thick (i.e. extended chain) crystals is known as the 

equilibrium melting temperature (Tm). At this temperature, the crystal and the melt are in 

equilibrium (i.e. Tm’= Tc). A precise determination of Tm is needed to accurately evaluate the role 

of the driving force in the crystallization kinetics.29, 30 There are several experimental and 

statistical methods to determine this equilibrium melting temperature. The methods, which will 

be discussed in this section, include the Gibbs-Thomson treatment, the linear and nonlinear 

Hoffman-Weeks (HW) extrapolation and the linear regression method as suggested by Strobl. 

Tm can be also determined by the linear or nonlinear curve fitting of the growth rate data to 

expressions given by eqs. (2.15) and (2.17), respectively.  

The value of Tm is obtained through thermodynamic arguments using the Gibbs-

Thomson (GT) expression [eq. (2.4)], which relates observed melting temperature, Tm’, to the 

lamellar thickness, l. This equation indicates that Tm’ increases with l, and extrapolates to Tm at  

l à ∞ for a chain of infinite length [Figure 2.6(a)].29, 31 However, the GT is often difficult to apply 

rigorously: (a) Tm’ and l should be measured for the same crystal, i.e., the lamellar thickness 

should be measured either just before the onset of melting or at room temperature, provided 

that the crystals are not allowed to reorganize or thicken during the heating scan used to 

measure their melting temperature; (b) investigated polymer crystals should have widths (x, y) 

large enough compared to their thickness, l; (c) the melting temperature should be determined 

with the absence of crystal reorganization, and recrystallization effects.29 

Some of the other methods [Figure 2.6(b)] proposed for the determinations of Tm are the 

linear (HW) and the nonlinear (NLHW) Hoffman-Weeks approaches. The HW approach, based 
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upon the LH model, assumes that the initial lamellar thickness, l*, of the growing polymer crystal 

is a function of Tc [eq. (2.19)] and is expressed as: 

𝑙*=
  C1
ΔT

+  C2 (2.19) 

where C1 and C2 are constants given by: 

C1  =   2σeTm ∆Hf
∞(Tm)  and C2 = 𝛿l                               (2.20) 

where σe is the initial fold surface free energy produced at the time of chain-folding. At Tm’, the 

lamellar thickness is no longer l* but has increased to l = 𝛾l*, as a result of thickening during 

crystallization and heating to Tm’. The quantity 𝛾 is called the thickening coefficient. The HW 

approach assumes that 𝛾 is independent of Tc and C2 is negligible compared to C1/ΔT.29 The 

resulting correlation between Tm’ and Tc is then given by the linear Hoffman-Weeks approach: 

Tm
'  = Tm(1   −   

1
𝛾
)+ 
Tc
 𝛾

 (2.21) 

Extrapolation of the linear regression [dotted line in Figure 2.6(b)] of Tm’ vs. Tc to the line Tm’ = 

Tc, yields the value of Tm. The slope gives the value of 1/  𝛾.29 However, this result is inconsistent 

with the known fact that 𝛾 is expected to increase with Tc. Furthermore, the fold surface free 

energy, σe, is anticipated to vary linearly with under-cooling. 3, 29, 31 

In 1998, Marand et al.29 developed the NLHW approach taking into consideration the 

limitations mentioned above in the linear HW treatment. The NLHW approach also relies on the 

assumption that the crystal growth occurs as described by the LH theory. In contrast with the 

HW treatment, and in accord with experimental measurements of the lamellar thickness using 

SAXS, they did not neglect C2 in comparison to the lamellar thickness, l.  
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Figure 2.6: (a) Gibbs-Thomson method. (b) HW and NLHW methods. 
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C2 takes into account the temperature dependence of σe (where σe = σe∞(1+ cΔT)) and is 

significantly larger than 𝛿l [eq. (2.20)]. In the NLHW treatment, C2 is expressed as: 

C2 = 𝛿l +
2cσe∞Tm
∆Hf

∞(Tm) 
 (2.22) 

where σe∞ is the thermodynamic fold surface free energy and c is a constant. 

The task of accurately evaluating the value of Tm’ of the unthickened or original crystals 

can be achieved by simultaneously monitoring the degree of crystallinity, Xc, and Tm’ with 

respect to crystallization time, tc, during crystallization at a particular value of Tc [Figure 2.7(a)]. 

The value of Xc at time tc is calculated using the heat of fusion obtained from calorimetric 

measurements for the given polymer. 

Considering A’ and B’ as parameters that depend solely on Tc, the melting point of a 

thickened crystal at a particular tc is generally observed to vary linearly with log tc during 

crystallization, and is represented as: 

Tm
' Tc,tc   =  A

' Tc   +  B'(Tc)log (tc) (2.23) 

To estimate the melting point of unthickened crystals at a particular Tc, the melting temperature 

needs to be extrapolated [Figure 2.7 (a)] to the time, t0, where crystallization is initiated (Xc = 0). 

Tm’(Tc, to), which we will henceforth denote by Tm’, is then expressed as: 

Tm
'   =  A' Tc +B'(Tc)log (to) (2.24) 

We define, M=Tm/(Tm-Tm’) and X=Tm/(Tm-Tc), as the scaled melting and crystallization 

temperatures, respectively. The nonlinear relationship29 between Tm’ and Tc [eq. (2.25)] can be 

then written in the linear form [eq. (2.26)]. 

Tm
'  = Tm(1-

ΔT
Tm+ aΔT

)	   (2.25) 

M  =  (  X  +  a  ) (2.26) 
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Figure 2.7: (a) Plot of Xc and Tm’ vs. log (t). (b): Plot of M vs. X for various values of Tm.  
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In the above equations “a” represents ΔHf
∞C2/2 σe∞ . If the equilibrium melting 

temperature, Tm, used in the definitions of M and X is correctly chosen, then a plot of M vs. X 

should be linear with an intercept equal to a and a slope equal to 1 [Figure 2.7(b), eq. (2.26)]. It 

is important to emphasize that the NLHW analysis is only applicable to the melting temperature 

of polymer crystals for which thickening is either non-existent, negligible or has been accounted 

for through extrapolation to the initial stage of crystallization. Using this approach for i-PP, Tm 

was estimated at 212.1oC, about 30oC above the value given by the linear HW analysis. 

Compared to the NLHW treatment, the linear HW approach [Figure 2.6(b)] always 

underestimates the value of Tm and overestimates 𝛾.29, 31  

In the linear regression approach suggested by Strobl,7 eq. (2.15.2) is differentiated and 

rearranged in the manner shown below (eq. (2.27)). The linear regression can then be 

performed, as shown in Figure 2.8, to obtain Tm.  

Y =  (  -
dln(G Go )

dT
+ 
QD
*

RTc
2   )

  -1/2  = TG
 -1/2(Tm-Tc) (2.27) 

Assuming that TG = Kg/Tc can be taken as constant for a given range of crystallization 

temperatures, the value of the x-intercept yields Tm. It is worth mentioning here that while Strobl 

has introduced this new method, it should not be stereotyped as a part of his three-phase 

model. This method is applicable to both two and three-phase models, as will be explained in 

the next section.  

 

 

 

 

 



	  

	   24 

 

Figure 2.8: Strobl’s approach for the determination of Tm from spherulitic growth rate 

measurements at different crystallization temperatures. 

 

2.5  Strobl’s Multistage Model of Polymer Crystallization  

In the past two decades, studies by groups of Keller33, 34 and Strobl7, 30, 35-47 have 

challenged the traditional viewpoint that polymer crystallization is a two-phase (melt-to-crystal) 

phenomenon. Bassett and Turner48 first reported that when polyethylene was crystallized from 

the melt under high pressure, a preferentially hexagonal crystal structure is observed and the 

polymer chains crystallize in the extended-chain fashion. This hexagonal phase was observed 

to transform into a stable orthorhombic crystal structure as the pressure was reduced to 

atmospheric conditions.33 Keller et al.33 predicted the occurrence of such a phase transformation 

at atmospheric pressures as well. In the case of 1,4-trans-polybutadiene, Ungar and Rastogi49 

observed that the monoclinic crystal phase transforms into a metastable hexagonal phase when 

the temperature is increased to 70oC. However, when held isothermal at 70oC, an increase in 
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lamellar thickness was accompanied by a hexagonal to monoclinic phase transformation. Thus, 

not only changes in temperature or pressure, but also variations in the lamellar thickness can 

trigger the phase transformation from a metastable phase to stable phase, and vice versa.  

Considering these studies on polyethylene and 1,4-trans-polybutadiene, Keller et al.34 

invoked the Ostwald’s rule of stages50 (formulated in 1897), which states that the phase 

transformation from one equilibrium state to another occurs through a series of metastable 

states, whenever possible, in the order of increasing stability. A phase, which is metastable on 

the macroscopic length-scale could become thermodynamically stable on the nanometer length-

scale characteristic of the critical nucleus. Thus, Ostwald’s stage rule should consider not only 

thermodynamic nature of phases but also their undercooling dependent dimensions (i.e. 

lamellar thickness). With increasing undercooling, a metastable phase would form at a much 

faster rate (due to a lower free energy barrier) than the thermodynamically stable phase. On the 

basis of these fundamental and experimental understandings, Keller and coworkers34 were the 

first to propose that a metastable phase could be a precursor to a stable phase when the 

crystallization occurs from the melt at atmospheric pressure. For crystallization from solutions, a 

normal chain-folding process occurs without any intermediate metastable phase. 

Since the late 1990’s, Strobl has advocated this mesophase-mediated route of polymer 

crystallization on the basis of temperature dependent small angle X-ray scattering (SAXS) 

results.7, 30, 36-47, 51 A multistage model (depicted in Figure 2.9) was developed in which, when 

cooled from the melt, the polymer chains align in a mesomorphic layer (with all co-units and 

defects already excluded), undergo core crystallization, surface ordering and block perfection. 

Attachment of the chains on the mesomorphic growth front, stabilized by epitaxial forces, was 

considered to be the rate-determining step.7  
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Figure 2.9: Strobl’s model of polymer crystallization.7 

 

The lamellae were proposed to possess a block-type granular substructure whose lateral 

dimensions varied with temperature and crystal thickness. These lateral blocks were argued to 

be visible in AFM images of isotactic and syndiotactic polypropylene lamellae and further 

justified experimentally by examining the block coherence length corresponding to (hk0) Bragg 

reflections determined by wide angle X-ray diffraction (WAXD) experiments as a function of 

crystallization temperature.7 

Unlike the conventional LH model, which uses the equilibrium melting temperature, Tm, 

to define the crystal to melt transition; Strobl’s model requires three equilibrium transition 

temperatures, namely, T∞am, T∞ac and T∞mc, corresponding to hidden amorphous (a)-to-

mesomorphic (m), amorphous (a)-to-crystal (c), and mesomorphic (m)-to-crystal (c) transition, 

respectively. As shown in Figure 2.10, T∞ac and T∞mc can be determined with the help of SAXS by 

observing the changes in lamellar thickness during heating from the crystallization temperature 

to the final melting temperature.7 
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Figure 2.10: Gibbs-Thomson plot for determining equilibrium transition temperatures.7 

 

Obtaining T∞am relies on accurate measurements of the spherulitic growth rate using 

polarized optical microscopy. According to Strobl, the following laws7 control polymer 

crystallization. 

1) Strobl adopts the same undercooling of the spherulitic growth rate (as given in eq. 

(2.15.1) and (2.15.2)), but defines the undercooling by the difference between T∞am and 

Tc. T∞am is determined using the methods listed in the previous section. Below T∞am, the 

crystal growth occurs strictly via a mesophase. Since T∞am controls the spherulitic growth 

rate, it is alternatively also called as the zero-growth temperature (Tzg).  

2) Strobl, in disagreement with assumptions in the LH model, considers that the 

mesophase-to-crystal transition temperature, T∞mc, controls the lamellar thickness. It can 

be extrapolated from the crystallization line (Figure 2.10) given by eq. (2.28). The 

crystallization line describes the relationship between lamellar thickness and associated 

crystallization temperature. σac(n) and σam are the interfacial free energies (in kJ/mol) 

associated with native lamellae and mesomorphic layer, respectively. ΔHmc is the 
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enthalpy (in kJ/mol) associated with the mesomorph-to-crystal layer transition. lo is the 

repeat unit length. 

Tmc
∞  – Tc =

 (2σac(n)-2σam) Tmc
∞   𝑙o

𝑙c∆Hmc
 (2.28) 

3) During heating of a crystallized sample, a melting-recrystallization may occur depending 

on the polymer and heating rate involved. However, all recrystallized samples are 

eventually found to melt at a common temperature, Xs, irrespective of the starting 

crystallization temperature. By monitoring the lamellar reorganization with temperature, a 

recrystallization line can be built using eq. (2.29). From Figure 2.10 it can be understood 

that this line also extrapolates to T∞mc. Here σac(s) is the interfacial free energy (in kJ/mol) 

of stable recrystallized lamellae. 

Tmc
∞  – Tc =

 (2σac(s)-2σam) Tmc
∞   𝑙o

𝑙c∆Hmc
 (2.29) 

4) The value of the lamellar thickness at the moment of melting is plotted, as shown in 

Figure 2.10, using the Gibbs-Thomson eq. (2.30) to yield the melting line. The 

extrapolation of this line gives the value of T∞ac. Here σe and ΔHac are the fold surface free 

energy (in kJ/m2) and enthalpy of melting (in kJ/m3), respectively. 

Tac 
∞  – Tc =

 2σeTac
∞

∆Hac𝑙c
 (2.30) 

5) For polyethylene, syndiotactic polypropylene and polystyrene, Strobl et al.36, 43 reported 

that reciprocal lamellar thickness and reciprocal coherence length, when plotted against 

crystallization temperature, intersect at T∞mc for a crystal of infinite size and thicknesses. 

This suggests that the coherence length of the blocks is also controlled by T∞mc and is 

proportional to the lamellar thickness.  
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Thermodynamics of Strobl Model: As first proposed by Keller et al.,34 Strobl justifies the 

mediation of mesophase in polymer crystallization using the previously described Ostwald’s rule 

of stages.7 Figure 2.11 illustrates the temperature dependent changes in the chemical potentials 

of the meso (m) and crystal phase (c) with reference to amorphous phase (a), given as Δµam 

and Δµac, respectively. Upon cooling from the melt, Δµac decreases as the chemical potential of 

the crystal continues to fall below that of the melt, reaching a value of zero at T∞ac. A similar 

behavior is seen for the mesophase, where Δµam vanishes at T∞am.  

 

 

          Figure 2.11: Thermodynamic evolution of crystal and mesophase.7 

 

On the macroscopic length-scale, the chemical potential of the mesophase always remains 

higher than that of the crystal phase, thereby making the mesophase metastable. However, on 

the nanometer length-scale, the phase stabilities are inverted according to Ostwald’s rule in 

such a way that the Gibbs free energy of the mesophase now becomes lower than that of the 

crystal phase. The expected order of transition temperatures, as per Strobl’s model, is thus 

given as: T∞am < T∞ac < T∞mc. The entropy changes ΔSam and ΔSac associated with amorphous-to-
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mesophase and amorphous-to-crystal transition respectively, can be obtained from the slopes 

of the lines in Figure 2.11. 

2.6  Morphological Characterization Using X-ray Scattering       

            In SAXS and WAXD experiments, the intensity of the scattered X-rays with a 

wavelength, λ, is measured as a function of the scattering vector, s(θ) [s(θ)=2sin(θ)/λ], where 2θ 

is the scattering angle. Simultaneous measurements SAXS and WAXD [Figure 2.12] are carried 

out in order to continuously monitor the morphological characteristics associated with the growth 

of spherulites.42, 52   

 

 

Figure 2.12: Simultaneous SAXS and WAXD measurements. 

 

SAXS arises as a result of differences in electron density between regions of dimensions 

on the order of few nanometers to tens of nanometers. Because the amorphous and crystalline 

regions are of different electron density and exhibit periodicity on a length scale Lp (called the 

long spacing) on the order of 10 to 50 nm (where Lp = la + l, is the sum of amorphous and 
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crystalline layer thicknesses),52 SAXS patterns exhibit a maximum intensity at the scattering 

angle, smax, characteristic of the periodicity. Detailed analysis of SAXS curves can provide 

further insight into the thickness of each of the distinct amorphous (la) and crystalline regions (l). 

Applying Bragg’s law, Lp = 1/smax, the long spacing, Lp, can be calculated from the scattering 

vector smax associated with the first order intensity maximum. Assuming that the sample is 

volume filled with spherulites, the integration of the scattering intensity as a function of 

scattering vector, s, yields the scattering power, Q:  

Q  =  C  V  Xsph XcL(1-XcL)(𝜌c-𝜌a)
2 (2.31) 

where V is the scattering volume, C is a constant that originates from the fact that arbitrary units 

are often used in the scattering experiments, Xsph is the volume fraction of spherulites, and XcL is 

the linear degree of crystallinity defined as ratio of lamellar thickness, l, to long spacing, Lp. XcL 

can also be inferred from the WAXD data if it is assumed that there are no interfibrillar 

amorphous regions. ρc, ρa are the densities of crystalline and amorphous regions, 

respectively.52  

WAXD provides information about scattering objects separated by distances on the 

order of a fraction of an angstrom to a few angstroms.  In the case of WAXD, broad peak(s) in 

the diffraction pattern are produced by atoms belonging to amorphous regions and form the 

“amorphous halo”. In contrast, the sharp peaks in a WAXD pattern are associated with the 

constructive interferences arising from atoms in the ordered crystalline regions. Hence, the 

relative intensities of the sharp diffraction peaks and of the amorphous halo provide access to 

Xc, the weight fraction crystallinity, from which the linear crystallinity, XcL, can be derived. The 

secondary crystallization process, which is known in the case of PCL to be associated with the 

thickening of lamellar crystals, can be studied using the measurements of Q and Lp.52  
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CHAPTER 3: CRYSTALLIZATION AND MELTING STUDIES OF LINEAR 
POLY(ε-CAPROLACTONE) FRACTIONS OBTAINED BY SUCCESSIVE 
PRECIPITATION FRACTIONATION  
---------------------------------------------------------------------------------------------------- 

3.1 Introduction 

Poly(ε-caprolactone) (PCL) is an aliphatic polyester that has gained considerable 

attention as a biomaterial due to its biodegradability and semicrystalline nature.1-5 Superior 

viscoelastic and rheological properties in comparison to other biodegradable polymers like 

poly(glycolic acid) and its copolymers with poly(D,L-lactic acid), coupled with economical 

production routes and FDA approval have enhanced the popularity of PCL and its copolymers in 

drug delivery and tissue engineering applications.4, 5 With the exception of ester groups, PCL is 

similar in chemical structure to PE and does not have any branching defects along its backbone. 

Its crystal unit cell dimensions also closely match PE.6-8 Although, PCL chains can exhibit 

different end groups, the primary heterogeneity in linear PCL is that arising from the distribution 

of chain lengths.9-11  

Molecular weight and molecular weight distribution (MWD) have been shown to have a 

profound influence on the mechanical,12 rheological13, 14 and pharmokinetic15 properties of 

biomaterials. Molecular weight distribution also affects the processing characteristics of such 

materials since different timescales are associated with the relaxation of chains of different 

lengths. The role of the molecular weight distribution becomes even more critical in medicinal 

applications. For instance, in the case of hydroxyethyl starch (a blood plasma expander), a 

precise control over MWD is necessary to prevent: (1) possible side effects due to the retention 

of longer chains in the body and (2) ineffectiveness arising from premature filtering of the 

shorter chains through the kidneys.15, 16 To study such implications of both molecular weight and 

molecular weight distribution on diverse properties in commercial and specialty products, the 
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polymers of desired molecular weight and polydispersity need to be either synthesized or 

fractionated from a polymer dissolved in a suitable solvent.  

Preparative crystallization analysis fractionation (CRYSTAF) and temperature-rising 

elution fractionation (TREF) approaches have been traditionally used to fractionate polymers on 

the basis of crystallizability or branching content.17, 18 For instance, Mirabella et al.19 and Defoor 

et al.20, 21 have successfully demonstrated the heterogeneous nature of Ziegler-Natta based 

linear low-density polyethylene (ZN-LLDPE) using TREF analysis. Fractionation on the basis of 

molecular weight can be performed on very small polymer quantities (few milligrams) using 

several recent techniques such as preparative size exclusion chromatography (prep-SEC), 

ultrafiltration and field flow fractionation (FFF).22, 23 However, when large quantities (few grams 

or pounds) of fractioned material (sometimes on industrial scale) are desired, traditional batch 

solution fractionation of the polymer using temperature changes or nonsolvent additions is the 

preferable route.18, 22 With a combination of computer simulations and laboratory experiments, 

Koningsveld24-28 and Kamide29-32 were able to establish a theoretical understanding of the 

fractionation phenomenon in quasi-binary systems (consisting of a polydisperse polymer and a 

solvent). Fractionation in quasi-binary systems would be carried out in general (for mixtures 

exhibiting UCST behavior) by lowering the temperature so that the "𝜒" interaction parameter 

exceeds the critical value required for liquid-liquid phase separation.29, 33 However, due to 

difficulties associated with finding a suitable solvent for quasi-binary systems, fractionation of 

the quasi-ternary system (consisting of polydisperse polymer, solvent and nonsolvent) is a 

preferred route for practical purposes.22  

As in quasi-binary systems, fractionation in quasi-ternary solutions is possible via 

successive solution and successive precipitation methods.34, 35 In successive solution 

fractionation (SSF), excess addition of a nonsolvent induces liquid-liquid phase separation, 

whereby the polymer-lean phase is isolated to yield the low molecular weight fraction. The 

polymer-rich phase is re-dissolved and excess nonsolvent is again added to produce a higher 
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molecular weight fraction. In this fashion, narrow molecular weight distribution fractions of 

progressively higher molecular weights are obtained. However, in successive precipitation 

fractionation (SPF), nonsolvent is added drop-wise until a cloud point is reached. Upon liquid-

liquid phase separation, the polymer-rich phase containing the high molecular weight fraction is 

isolated. The polymer-lean phase is then subjected to subsequent selective nonsolvent addition. 

In the SPF approach, fractions of increasing molecular weight and decreasing polydispersity are 

obtained.35  

Kamide et al.35-41 have studied various factors that impact fractionation in quasi-ternary 

systems. These include choice of solvent, nonsolvent, initial polymer concentration and initial 

molecular weight and molecular weight distribution. Unlike SSF, careful selection of 

solvent/nonsolvent was suggested for SPF in such a way that the solvent is a “not-so-good” 

solvent and nonsolvent is a “not-so-poor” solvent. In contrast to SSF, SPF was found to be 

greatly dependent on the initial polymer concentration (with dilute concentrations preferred) and 

independent of the number of fractionation steps. SSF was recommended over SPF due to its 

higher fractionation efficiency, resulting in fractions of sharper molecular weight distribution.35 

For example, polyethylenes (PE) have been fractionated using the SSF procedure.42, 43 

However, considering that the amount of nonsolvent needed in SSF is much greater than that 

needed for SPF, SSF is employed less frequently. Besides several examples listed in the 

Polymer Handbook,44 the SPF technique has been applied to polymers such as polystyrene and 

its copolymers,45, 46 polyisobutylene,47 polysulfones,48 poly(ether sulfones),48 poly(aryl ether 

ether ketones),49 aromatic polyesters,50 etc. 

In 1969, Koleske and Lundberg used benzene/n-heptane as the solvent/nonsolvent pair 

to carry out SPF of PCL with the objective to study its hydrodynamic properties and unperturbed 

dimensions in benzene and DMF.51 In 1972, Perret et al.52 studied the dependence of PCL 

lamellar thickness on molecular weight using fractions obtained by the SPF technique with 

benzene as the solvent and methanol as the nonsolvent. However, it should be noted that 
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methanol is a stronger nonsolvent than n-heptane and thus, according to predictions by Kamide 

et al.,38 would have likely produced fractions with a broader molecular weight distribution similar 

to that reported in the work by Chen et al.53, 54 Chen and coworkers fractionated PCL by either 

adding PCL/chloroform solution to methanol or by adding methanol to PCL/THF solution. The 

objectives of the Chen group were to: (1) study the molecular weight dependence of PCL 

spherulitic growth rate (G) in the context of the traditional Lauritzen-Hoffman (LH) model55, 56 of 

polymer crystallization, and (2) investigate bulk crystallization kinetics as a function of molecular 

weight using the Avrami analysis.54, 57 However, the equilibrium melting temperature for the PCL 

samples with number-average molecular weights (Mn) between 1.9 and 64 kg/mol were 

obtained using the linear Hoffman-Weeks (HW) extrapolation method whose limitations were 

later critically addressed by Marand et al.58, 59 Moreover, the polydispersities of the PCL 

fractions used by Chen et al.53, 54, 57 and of the unfractionated PCL samples used by Phillips et 

al.60, 61 were not low enough for a comparison of the crystal growth rate behavior of PCL with 

that of linear PE by Hoffman et al.62, 63 The traditional viewpoint that polymer crystallization is a 

two-phase phenomenon has recently been challenged by Strobl’s mesophase-mediated three-

phase model.64-66 Hence, the study of the temperature dependence of spherulitic growth rates 

on narrow molecular weight distribution fractions has become even more critical. 

Our primary objective in applying the SPF technique to PCL was to obtain molecular 

weight fractions of low polydispersity so that the kinetics of their spherulitic growth could be 

studied as a function of crystallization temperature. Fractionation was carried out using toluene 

as the solvent and n-heptane as the nonsolvent. The success of the fractionation procedure was 

demonstrated using SEC. The main goal in the present paper is to characterize the effect of 

molecular weight on the bulk crystallization and melting behaviors using differential scanning 

calorimetry (DSC). While the current work focuses solely on fractionation and characterization, 

the undercooling and molecular weight dependence of PCL growth rates will be discussed in a 

Chapter 4.  
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3.2 Experimental 

3.2.1 Materials: A PCL bulk sample, with a number-average molecular weight and a 

polydispersity index of ~36 kg/mol and ~1.36, respectively, was purchased from Sigma Aldrich 

Inc. Tetrahydrofuran (THF), toluene and n-heptane were obtained from Fisher Scientific and 

were used as received. 

3.2.2 Successive Precipitation Fractionation: 100 mL of a 1.5 % (w/v) solution of bulk PCL in 

toluene (solvent) was heated in a 250 mL round bottom flask to 50oC under a nitrogen purge. 

The solution remained homogenous during cooling to room temperature (22-25oC). Under 

constant stirring at room temperature, n-heptane (nonsolvent) was added drop-wise to this 

solution until the onset of long-lasting turbidity. This turbid solution was then made clear and 

homogenous by heating above 34oC. After cooling to room temperature over a period of 30 

minutes to 1 hour, the flask was kept in a water bath at 25oC for 1 day and liquid-liquid phase 

separation was visually monitored.  

Using a pipette, the supernatant layer was carefully separated from the bottom layer 

containing the first polymer fraction. Care was taken not to unnecessarily stir the solution during 

separation. At every step, a small volume (ca. 1.0 mL) at the interphase between the top and 

the bottom layers was discarded. The polymer contained in the bottom layer was precipitated by 

the addition of excess methanol. The isolated fraction was subsequently dried under vacuum for 

2 days at 50oC. This fractionation procedure was repeated with the remaining supernatant 

solution until a sufficient number of fractions were obtained.  

3.2.3 Size Exclusion Chromatography: The characterization of absolute polydispersity index 

(PDI) and associated weight-average molecular weight (Mw), and number-average molecular 

weight (Mn) of the bulk and fractionated samples was performed using a Waters size exclusion 

chromatograph operated with THF as the eluent. With a starting concentration of 1.0 mg/mL, the 

experiments were carried out at 35oC and 1450 psi with a constant flow rate of 1.0 mL/min. The 

SEC was equipped with a Waters 717plus autosampler, Waters 515 HPLC pump, a series of 



	  

	   40 

three PLgel 5µm MIXED-C columns from Polymer Laboratory Inc., Wyatt miniDawn multi-angle 

laser light scattering (λ = 690.0 nm) detector and Waters 2414 refractive index detector. 

Calibration was performed using polystyrene standards. A refractive index increment (dn/dc) 

was obtained off-line using a Wyatt Opti-lab T-rEX refractometer. The ASTRA software (version 

5.1.9.1) by Wyatt Technology was used for data processing.  

3.2.4 Differential Scanning Calorimetry: The DSC experiments were performed using a TA 

Q2000 instrument operated under a dry nitrogen gas purge. The temperature scale for heating 

scans was calibrated using an indium standard sandwiched between two polyethylene films. We 

used a sandwiched indium standard to account for the low thermal conductivity of the polymeric 

materials in the temperature calibration procedure. To minimize the influence of any thermal lag, 

the mass of each sample was kept constant at ca. ~1.0 mg. The samples were heated at 10 

K/min from 30oC to 100oC and kept at that temperature for 2 minutes to remove any previous 

thermal history. The non-isothermal crystallization behavior of the fractions was studied by 

cooling the samples from 100oC to -70oC at the rates of 2, 10 and 20 K/min. Melting endotherms 

were subsequently recorded by heating a sample at the rate of 10 K/min to 100oC. In another 

set of experiments, any prior thermal history was erased in the manner mentioned earlier. Then, 

the samples were rapidly quenched to 40oC or 43oC followed by isothermal crystallization for 1 

and 2 hours, respectively. Experimental heats of fusion were determined from the area under 

the melting endotherm associated with re-heating of the samples at 10 K/min to 100 oC. Weight 

fraction crystallinities were obtained by dividing these experimental heats of fusion by the 

theoretical heat of fusion (139.5 J/g).67 

3.3 Results and Discussion 

3.3.1 Quantitative Analysis of Successive Precipitation Fractionation: The details 

corresponding to a particular fractionation batch are given in Table 3.1. As can be seen, the first 

step required an excess addition of n-heptane (ca. 45 mL) to make toluene a sufficiently poorer 

solvent and induce liquid-liquid phase separation. 
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Table 3.1: An example SPF batch of 1.5 % (wt./v) PCL-toluene solution.  

Initial mass of the bulk PCL sample is 1.5 g. 

Fraction  

Number 

Volume of n-heptane 

required, mL 

Temperature range for 

forming a homogenous 

solution, oC 

Mass of the 

fraction, mg 

1 44.5 35-37 68.6 

2 0.6 38-40 90.9 

3 0.7 40-42 92.4 

4 0.7 40-43 65.9 

5 1.0 42-44 109.4 

6 1.6 44-46 129.5 

7 1.3 46-48 69.7 

8 1.5 46-49 84.5 

9 2.1 46-50 65.8 

10 3.0 52-54 48.6 

11 6.0 54-60 87.8 

12 7.0 55-60 38.4 

 

Subsequent supernatant, thus, required minor proportions of n-heptane to further 

decrease the solvency of toluene.  This volume of n-heptane increases gradually with 

fractionation steps. Inability to observe any phase separation, despite once or twice-fold addition 

of n-heptane, indicates saturation in the fractionation procedure. The temperature required to 

homogenize a ternary mixture can also be seen to increase with fractionation step.  
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Table 3.1 also shows the mass of the fractions obtained after every step. No specific 

correlation can be noticed between the mass and fractionation steps. The cumulative weight 

fractions for three separate batches are shown in Figure 3.1. On average, ca. 70 wt.% of the 

initial polymer mass could be recovered in the form of useful fractions. The remaining ca. 30 % 

weight loss is mainly attributed to: (1) the discarded volume of the interphase at every step, and 

(2) discontinuation of fractionation process when the precipitation of low molecular weight 

fractions becomes difficult despite several-fold additions of n-heptane. 

 

Figure 3.1: Cumulative weight fraction as a function of fractionation step for three different SPF 

batches. Batch 1(diamonds), Batch 2 (circles) and Batch 3 (triangles). 

 

3.3.2. Absolute Molecular Weight Characterization: Figure 3.2 represents typical SEC 

traces for fractions as well as for the bulk PCL. It is distinctly evident that the peak elution time is 

longer for fractions obtained at a later stage of fractionation. This observation confirms that the 

chain dimension, and in turn, the molecular weight of the fractions decreases with increasing 
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number of fractionation steps. The breadth of the SEC curve of bulk PCL can be clearly seen to 

be much larger than those of the fractions. The breadth of the SEC trace was generally found to 

decrease systematically with the fraction number. This observation implies that the width of 

molecular weight distribution (or polydispersity index) is decreasing steadily with the 

fractionation step. For the last few fractions, the breadth of the SEC curves was found to 

increase, possibly as a result of the nonselective precipitation of remaining low molecular weight 

chains with excess amount of n-heptane. Thus, Figure 3.2 clearly demonstrates the successful 

fractionation of the bulk PCL sample. 

 

 

Figure 3.2: Typical SEC curves, obtained for the bulk PCL and for selected fractions of a batch. 

For clarity, we have not shown the SEC curves of the remaining 8 fractions. 

 

In the absence of a viscosity detector, a reliable dn/dc value is necessary for the 

absolute molecular weight characterization of a polymer sample using a light scattering 
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detector. The dn/dc value of 0.077 ± 0.003 mL/g was obtained from the slope of the linear 

regression between the differential refractive index (nsolution-nsolvent) and concentration. For the 

dilute solutions employed in SEC experiments, the term associated with the second virial 

coefficient is assumed to have a negligible influence on the light scattering intensity, and hence 

on the molecular weight determination. Table 3.2 lists the absolute number and weight-average 

molecular weights and the polydispersity index for the bulk and fractionated PCL samples.  

 

Table 3.2: Absolute molecular weights and PDI of the fractions obtained by SPF.  

Uncertainty on molecular weights and PDI is 2 kg/mol and 0.05 respectively. 

Fraction Mn, kg/mol Mw, kg/mol        PDI 

1 59.4 79.7 1.34 

2 56.8 73.2 1.29 

3 49.4 64 1.30 

4 48 60 1.25 

5 45.4 54 1.19 

6 41.7 48.8 1.17 

7 37.8 43.4 1.15 

8 33.3 38 1.14 

9 29.7 33.2 1.12 

10 26.7 29.2 1.09 

11 22 24.5 1.11 

12 17 18.2 1.07 

 

As can be seen in Table 3.2, the first fractionation step yields a high molecular weight 

fraction. Mw, Mn and PDI were all found to decrease systematically with the progress in the 
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fractionation. A decrease in PDI with decreasing molecular weight of the fractions can be clearly 

noticed in Figure 3.3 and Table 3.2. Computer simulations by Kamide et al.35 also demonstrate 

a similar trend for the SPF procedure. Batch-to-batch variation in the PDI values for a given 

fraction, as can be seen in Figure 3.3, arises mainly due to different additions of n-heptane while 

visually perceiving a cloud point.  

 

Figure 3.3: Polydispersity of PCL fractions as a function of number-average molecular weight 

for three different fractionation batches. Batch 1 (diamonds), Batch 2 (circles),  

Batch 3 (triangles). 

 

The PDIs obtained in this study are much lower than those reported in the works of 

Chen et al.53, 54 and Perret et al.52 Also, n-heptane as a nonsolvent seems to offer better control 

over the PDI than methanol. Thus, the suitability of toluene/n-heptane as an ideal 

solvent/nonsolvent system for fractionation by the SPF route is confirmed. In their fractionation 

study on PCL, using benzene and n-heptane, Koleske and Lundberg51 reported only viscosity-
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average molecular weights (Mv). Although we predict that their results would have been similar 

to ours, we are unable to comment if benzene is a better choice of solvent than toluene. The 

relatively lower toxicity of toluene is certainly an advantage.  

To support our absolute molecular weight characterization of PCL by SEC, we also 

obtained the viscosity-average molecular weight of bulk PCL using THF as a solvent at 35oC. 

Through intrinsic viscosity measurement of bulk PCL, Mv = 45 ± 2 kg/mol was obtained, which is 

consistent with Mn = 36 ± 2 kg/mol and Mw = 49 ± 2 kg/mol obtained by SEC.  

3.3.3  Crystallization and Melting Studies of Fraction: 

3.3.3.1 Nonisothermal Crystallization: Table 3.3 outlines the details (Mn, Mw and PDI) of the 

fractions used in our DSC study. During continuous cooling, polymer chains crystallize over a 

range of temperatures forming unstable and imperfect crystals of various lamellar thicknesses. 

In our study, a single crystallization exotherm was observed for all the fractions for cooling rates 

of 2, 10 and 20 K/min.  

 

Table 3.3: Characteristics of the fractions used in the DSC studies presented here.  

Fractions (1,2), (3,4) and (5) were taken from three different SPF batches. 

Fraction Mn, kg/mol Mw, kg/mol        PDI 

1 49.4 64.0 1.30 

2 41.7 48.8 1.17 

3 33.4 38.5 1.15 

4 26.7 28.9 1.08 

5 17.8 19.9 1.12 
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Upon cooling at 2 K/min, the peak crystallization temperature (Tc) was found to first increase 

and then decrease with increase in Mn, as shown in Figure 3.4. The former behavior arises from 

the increase in the driving force for crystallization (a function of undercooling below the 

equilibrium melting temperature), which results in early crystallization. The latter behavior 

occurs due to increasing number of entanglements, which in turn causes a delay in 

crystallization.  

 

 

Figure 3.4: Peak crystallization temperature (Tc) plotted as a function of number-average 

molecular weight (Mn) for PCL crystallized at different cooling rates. 2 K/min (squares), 10 K/min 

(diamonds), 20 K/min (triangles). 

 

With increasing cooling rates, polymer chains are given less time to disentangle and order at the 

crystal growth front, hence, they are forced to crystallize at lower temperature. This explains the 

observed decrease of Tc with increase in the cooling rate. The melting endotherms recorded 
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during heating of each fraction at 10 K/min after cooling at given rates, are illustrated in Figure 

3.5.  
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Figure 3.5: Melting endotherms recorded at a 10 K/min heating rate after cooling at three 

different rates (2, 10, 20 K/min) for Mn: (a) 17.8 kg/mol, (b) 26.7 kg/mol, (c) 33.4 kg/mol, (d) 41.7 

kg/mol and (e) 49.4 kg/mol.  

 

Since the samples were not heated at ultrafast rates (as demonstrated by Schick et al.68, 69), no 

cold crystallization behavior was seen in our study. However, as can be seen in Figure 3.5, we 

were able to observe multiple melting endotherms, the extent of which increased with increasing 

cooling rate. This behavior can be attributed to the melting-recrystallization-remelting68-70 of 

unstable crystals that are formed during non-isothermal crystallization, especially at the lowest 

temperatures. The lower temperature endotherm corresponds to the melting of unstable or 

imperfect crystals present at the end of the preceding cooling step. The upper temperature 

endotherm corresponds to the melting of crystals formed by recrystallization during the heating 

scan. While this reorganization phenomenon is not detected for high molecular weight samples 
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(Mn of 49.4 and 41.4 kg/mol) or for the samples crystallized at the lowest cooling rates (2 K/min) 

(see Figure 3.5 (d)-(e)), it is distinctly visible in Figure 3.5 (a)-(c) for samples of lower molecular 

weights and for samples crystallized under higher cooling rates (10 and 20 K/min). Similar 

results were obtained in previous studies focused on bisphenol-A polycarbonate71 and are 

explained as follows:  

• Lower cooling rates lead to the formation of more thermally stable crystals that form at 

higher temperatures. The higher the melting temperature of a crystal, the less likely this 

crystal can melt and recrystallize during heating.  

• The higher the molecular weight of a polymer, the lower its rate of diffusion and 

crystallization, hence, the lesser the ability of that polymer to recrystallize during heating.  

The observed peak melting temperatures, Tm’, corresponding to the endotherms depicted in 

Figure 3.5, do not increase systematically with molecular weight (see Figure 3.6), as would be 

expected on theoretical ground.72 The dependence of the melting-recrystallization-remelting 

process on molecular weight, coupled with the effect of molecular weight on the temperature 

range where crystallization takes place during cooling, renders the comparison of melting 

temperature for samples of different molecular weight difficult. We therefore conclude that 

studies aimed at investigating the effect of molecular weight on the melting behavior should not 

rely on samples crystallized under non isothermal conditions, since such crystallization 

conditions lead to formation of unstable crystals that can melt and recrystallize during heating. 
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Figure 3.6: Variation of the observed peak melting temperatures (Tm’) with number-average 

molecular weight (Mn) for fractions crystallized during cooling at different cooling rates. 2 K/min 

(squares), 10 K/min (diamonds), 20 K/min (triangles). 

 

3.3.3.2. Isothermal Crystallization: In contrast to crystals formed during cooling at a constant 

rate, crystals formed during isothermal crystallization exhibit uniform lamellar thicknesses. The 

observed peak melting temperature of the isothermally crystallized fractions was plotted against 

Mn (see Figure 3.7). Experimental observations for PCL and other polymers64, 65, 73-75 along with 

the theoretical prediction that the lamellar thickness increases with crystallization temperature,56, 

58 justify the higher melting temperature seen for the fractions crystallized at higher temperature 

in Figure 3.7 (43oC vs. 40oC). Unlike the non-monotonic trend seen in Figure 6 for the case of 

non-isothermal crystallization, the increase of Tm
’ with Mn can be clearly noticed to approach a 

plateau in Figure 3.7.  
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Figure 3.7: Variation of the observed peak melting temperature (Tm’) with number-average 

molecular weight (Mn) for fractions crystallized isothermally at 40oC (triangles) and 43oC 

(squares). 

 

This observation is expected on the basis of the Hoffman-Weeks,58, 59 Gibbs-Thomson66 and 

Flory-Vrij72 treatments, and can be explained by the decreasing role of chain ends in controlling 

the thermal stability of crystals containing higher molecular weight chains.  

As shown in Figure 3.8, the weight percent crystallinity (% Xc) of fractions crystallized 

under isothermal condition was found to decrease systematically with increasing Mn. The 

increase in the number of chain entanglements with increasing molecular weight justifies this 

decrease in crystallinity.  
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Figure 3.8: Weight percent crystallinity (% Xc) plotted as a function of number-average 

molecular weight (Mn) of the fractions. 

 

Although not for fractions, such a behavior was seen by Jenkins et al.76 (Mn between 64 and 180 

kg/mol, PDI between 1.2 and 1.6), Skoglund et al.77 (Mn between 22 and 120 kg/mol, PDI 

between 2.5 and 3.3) and Pitt et al.2 (Mn between 5 and 100 kg/mol, PDI not listed). Day et al.,49 

Cheng et al.,78 Huang79 and Mandelkern et al.80 have also reported similar observations for 

narrow molecular weight distribution fractions of poly(aryl ether ether ketone), syndiotactic 

polypropylene, poly(ethylene oxide) and polyethylene, respectively. However, for PCL fractions 

with Mn between 2.7 and 65 kg/mol, Yang et al.54 have reported a maximum when the degree of 

crystallinity was plotted as a function of crystallization temperature at fixed molecular weight. 

When Mn was greater than 10 kg/mol, the degree of crystallinity was observed to increase with 

crystallization temperatures. However, for Mn less than 10 kg/mol, an opposite trend was 
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observed.54 This decrease in the crystallinity arises due to the smaller driving force for 

crystallization for the chains present in the lower tail end of the molecular weight distribution 

curve, since the equilibrium melting temperature decreases with decreasing chain length.72 

Thus, if only narrow molecular weight distribution samples had been considered, as in the case 

of Day49 and Cheng78, the crystallinity would have decreased monotonically (instead of 

exhibiting a maximum) with increase in molecular weight, in agreement with the observations by 

Pitt et al.2  

The crystallization half-time (t1/2), a measure of the overall isothermal crystallization rate 

of the polymer, was obtained from the crystallization exotherms as a function of crystallization 

time. From Figure 3.9, it can be deduced that the crystallization rate decreases with increasing 

molecular weight at a fixed crystallization temperature.  

 

 

Figure 3.9: Dependence of crystallization rate (1/t1/2) at 43oC on number-average molecular 

weight (Mn). 
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Studies by the groups of Jenkins et al.76 and Skoglund et al.77 have reported the crystallization 

rate for unfractionated PCL samples to decrease with increase in molecular weight. In their work 

on bulk isothermal crystallization kinetics of PCL fractions, Yang et al.54 were able to observe a 

maximum when crystallization rate was studied as a function of molecular weight. Mandelkern 

et al.80 have also observed such a maximum for polyethylene fractions at high crystallization 

temperatures. The decrease in the crystallization rate with increasing molecular weight, on the 

right side of the maximum, occurs as a result of the increasing role of chain entanglements. The 

decrease in the crystallization rate with decreasing molecular weight, on the left side of such 

maximum, is due to lower undercooling available to shorter chains when the molecular weight is 

decreased.72 In our studies, only a decrease of crystallization rate with increasing molecular 

weight was observed. However, we believe that such maxima would have existed if fractions 

with number-average molecular weight lower than 13 kg/mol were investigated. 
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3.4 Conclusions 

Toluene was found to be an ideal replacement for benzene as the solvent for the 

successive precipitation fractionation procedure in the case of PCL. A better control over 

molecular weight distribution is obtained when n-heptane is used as a nonsolvent instead of 

methanol. The PDI for the fractions obtained in our study was much narrower than these 

reported in the earlier fractionation studies by Chen et al.53, 54The molecular weight averages 

and the width of the molecular weight distribution were both found to decrease with increase in 

the fractionation steps, in agreement with predictions by Kamide et al.35 Re-fractionation of 

some of these existing fractions, starting with a lower molecular weight material, or using SSF, 

are recommended as possible ways to achieve fractions of lower molecular weights than 

reported in our study. The position of the melting endotherms following non-isothermal 

crystallization is significantly affected by the extent of the reorganization process during heating. 

Hence, isothermal crystallization conditions are recommended for investigations of the effect of 

molecular weight on the observed peak melting temperature and bulk crystallization rate. 
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CHAPTER 4: EFFECT OF TEMPERATURE AND MOLECULAR WEIGHT 
ON THE SPHERULITIC GROWTH RATE OF POLY(ε-CAPROLACTONE) 
---------------------------------------------------------------------------------------------------- 
 
4.1 Introduction 

The idea that polymer chains must be chain-folded in the crystalline state was first 

proposed by Stork1 in 1938. It was not until the publication of Keller’s seminal work2 in 1957 that 

the chain-folded lamellar model was firmly established for polyethylene single crystals formed 

from dilute solutions. Fischer et al.3 demonstrated in 1959 that polyethylene crystallized from the 

melt-state also exhibited a lamellar morphology compatible with the concept of chain-folding. 

Since these early studies it has been confirmed that all flexible linear homopolymers of sufficient 

microstructural regularity form chain-folded lamellar crystals when cooled from the melt-state. 

While there is little doubt that chain-folding occurs most regularly during crystallization from 

solution, there has been considerable discussions regarding the regularity of chain-folding 

during melt crystallization.4-7 When the driving force for crystallization is sufficient, the three-

dimensional growth of these lamellar crystals eventually results in the commonly observed 

spherulitic morphology.8 

In 1961, Lauritzen-Hoffman (LH) proposed the first model of polymer crystal growth 

under quiescent conditions.9 This model was based upon the observation of faceting in solution 

grown polymer crystals and its implication that crystal growth must be controlled by secondary 

surface nucleation. The same mechanism has been applied to polymer crystallization from the 

melt-state.7, 10 In this case, polymer chains are imagined to reptate onto the crystal growth front 

from the entangled melt. In the LH model, as in other secondary surface nucleation models,11-15 

growth of a new crystalline layer is initiated by a surface nucleation event and completion of this 

new crystalline layer proceeds by a chain-folding mechanism. Since 1961 the LH model has 

only been rigorously tested with crystallization data on polyethylene7, 16-19 and poly(ethylene 

oxide)20, 21 fractions. Some of these experimental studies have led to revisions of the initial 
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model (e.g. the incorporation of nucleation regimes, the recognition that the surface nucleation 

barrier may be entropic in nature, thereby allowing a connection between the chain 

characteristic ratio, C∞, and the lateral crystal/melt interfacial free energy, σ, etc).7 As a result of 

its tractability, the LH model has been used extensively for the analysis of the temperature 

dependence of polymer spherulitic growth rates and lamellar thicknesses. In spite of this 

apparent popularity, several authors have reported major inconsistencies with regard to some of 

its assumptions and predictions.16, 21-25  

In the early 1990’s Keller et al.,23, 26 invoking the Ostwald’s Rule of Stages, suggested 

that the formation of a stable crystal phase from the melt might be mediated by one or more 

metastable phases. This suggestion was later adopted and expanded by Strobl et al.24, 27 in their 

multistage crystallization model. On the basis of small angle X-ray scattering studies (SAXS) of 

the crystallization and melting of syndiotactic polypropylene, copolymers of 1-octene with 

propylene or ethylene, Strobl et al.28, 29 proposed that polymer crystal growth is mediated by a 

mesophase. These studies were later extended to poly(ε-caprolactone) (PCL), isotactic 

polystyrene, polyethylene, etc.19, 30-33  In contrast with the LH model, Strobl assumes that, during 

crystal growth, polymer chains in the melt, first align to form a mesomorphic layer (with all co-

units and defects already excluded), which undergoes core crystallization, surface ordering and 

block perfection. Alignment of the melt chains at the mesomorphic growth front is considered to 

be the rate-determining step in the crystal growth process. The lamellae are proposed to 

possess a blocky/granular substructure whose lateral dimensions vary with temperature.27 While 

claims have been made on the basis of atomic force microscopy and transmission electron 

microscopy imaging that syndiotactic and isotactic polypropylene lamellae exhibit some granular 

substructure, direct evidence for the presence of a mesomorphic layer at the crystal growth front 

has not yet been documented.27-29 Thus, despite significant advances in this field over the past 

50 years, there still remains a significant gap in our understanding of the mechanism of polymer 

crystallization. 
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In this work, we aim to critically evaluate the self-consistency of the LH model in regard 

to the temperature and molecular weight dependence of the spherulitic growth rate in the case 

of PCL. PCL, with repeating unit [-(CH2)5-COO-]n, has a similar chemical structure to that of PE. 

Its unit cell dimensions have also been found to closely match those of PE.34-36 One of the 

principal reasons for our selection of a polylactone such as PCL is the absence of defects of any 

kind along its backbone. PCL can be fractionated into narrow molecular weight fractions, an 

attribute, which can be helpful for studying the effect of molecular weight on the spherulitic 

growth rate. Due to these characteristics, crystal growth rate data as well as intrinsic physical 

properties such as the equilibrium melting temperature, Tm, can be more precisely evaluated.  

In the following section, we briefly discuss some of the relevant predictions associated 

with the LH7, 18, 37, 38 and Strobl27, 30, 33, 39, 40 models. We then summarize our understanding of 

how the various parameters in the LH model are affected by chain length. For a more in-depth 

discussion of these models, the readers are referred to Chapter 2 of this thesis and the relevant 

literature.27, 37, 41  

4.2 Theoretical Background 

4.2.1 Lauritzen-Hoffman (LH) Two-Phase Model: In this model, competition between 

surface nucleation and substrate completion gives rise to different crystallization regimes, i.e. 

ranges of temperature where the crystal growth rate exhibits different temperature 

dependences. The origin of regimes is attributed to much weaker temperature dependence for 

the substrate completion rate, g, than for the surface nucleation rate, i. At sufficiently high 

crystallization temperatures, the surface nucleation rate is so low that a single nucleus 

completes a new crystal layer of length L, (a.k.a. the crystal substrate length). Growth under 

such conditions [Li << g] is called Regime I growth and occurs at a rate given by GI = bo Li, 

where bo is stem thickness. At sufficiently low temperatures, the surface nucleation rate is so 

large [Li >> g] that substrate completion plays little, if any, role in the formation of a new layer. 

This type of behavior is known as Regime III and is characterized by GIII = L’boi, where L’ is the 
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inter-nuclei distance, which is approximately 1.5 to 2 times the stem width, ao. At intermediate 

temperatures, multiple nuclei form and compete to complete a new crystal layer on the 

substrate. In this case [Li ~ g], Regime II growth is observed, where both i and g contribute to 

the crystal growth rate now expressed as: GII = bo(2ig) ½. A general form of spherulitic growth 

rate expression, given by eqs. (4.1) or (4.2), is obtained by substituting i and g appropriately into 

GI, GII and GIII.  

G = Go  exp(
-‐  U*

 R Tc  -  T∞
)  exp (

-‐  Kgj
 Tc∆T

) (4.1) 

G = Go  exp (
-‐QD

*

RTc
)  exp (

-‐Kgj
 Tc∆T

) (4.2) 

Here R is the gas constant, T∞ = Tg - 30 K and Go is a chain length dependent material constant, 

U* is a quantity associated with the parameters C1 and C2 of the WLF equation,7 QD
*  is the 

activation energy for center-of-mass diffusion. ΔT is the undercooling below the equilibrium 

melting temperature, Tm, and Kgj is the regime dependent secondary nucleation constant 

defined by eq. (4.3). 

        Kgj = jboσσeTm  ∆Hf
∞ Tm  k                                                                            (4.3) 

k is the Boltzmann constant, ∆Hf
∞ Tm   is the heat of fusion at the equilibrium melting 

temperature, σ and σe are the lateral and fold surface free energies, respectively, and j is equal 

to either 2 (Regime II) or 4 (Regimes I or III).  

 The first exponential term in both eqs. (4.1) and (4.2) plays a prominent role at 

temperatures in the vicinity of the glass transition temperature, where the transport of segments 

across the melt-crystal interface is the rate limiting step during crystal growth. This rate of 

transport can be modeled either using a Vogel expression37 (eq. (4.1)) applicable for 

crystallization at temperatures lower than Tg + 100 K or using an Arrhenius expression (eq. 

(4.2)) when crystallization occurs at temperatures greater than Tg + 100 K. The second 

exponential term, a strong function of the undercooling, deals with the secondary nucleation rate 
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and plays a significant role at higher temperatures in the vicinity of the equilibrium melting 

temperature. Eqs. (4.1) and (4.2) can be linearized in the form shown in eqs. (4.4) and (4.5), 

respectively.  

ln  G + 
U*

 R Tc  -  T∞
 = ln  Go    -  

Kgj
 Tc∆T

   (4.4) 

ln  G + 
QD
*

RTc
 = ln  Go  -  

Kgj
 Tc∆T

   (4.5) 

A plot of ln G + QD*/RTc or lnG + U*/R(Tc -T∞) vs. (Tc ∆T)-1 (LH plot) is used to establish the 

presence of regime transitions and to evaluate the secondary nucleation constant Kgj. The slope 

of the LH plot in Regimes I or III is predicted to be twice that in Regime II. The observation of 

three regimes has only been claimed for a few polymers (c.f. PE fractions,18 poly(L-lactic acid) 

(PLLA),42 PEO20 and cis-1,4-polyisoprene43). Polymers like isotactic polypropylene (i-PP),44-46 

poly(p-phenylene sulphide)47 and poly(pivalolactone) (PPVL)48 are believed to exhibit a II/III 

regime transition. It should be noted that a number of features of the LH plot (magnitude of the 

slope, existence of curvature and cusps, etc.) are highly dependent on the specific value used 

for the equilibrium melting temperature. It has been noted that artificial regime transitions can 

appear when an incorrect value of the equilibrium melting temperature is used in the LH 

analysis.21, 46  

4.2.2 Strobl Three-Phase Model: Unlike the conventional LH model, which uses the 

undercooling below the equilibrium melting temperature, Tm, to define the driving force for 

crystal growth and the temperature dependence of the initial lamellar thickness, Strobl’s model27 

requires three equilibrium transition temperatures, namely, T∞am (between the amorphous (a) and 

mesomorphic (m) phases), T∞ac (between the amorphous (a) and crystal (c) phases), and T∞mc 

(between the mesomorphic (m) and crystal (c) phases). T∞ac and T∞mc can be determined using 

SAXS by monitoring the evolution of the lamellar thickness during crystallization and 

subsequent heating to the final melting temperature.27 T∞ac is obtained by extrapolation of the 
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observed melting temperature as a function of reciprocal lamellar thickness (Gibbs-Thomson 

equation). The undercooling below T∞mc defines the lamellar (or core crystalline) thickness as 

well as the lateral crystal dimensions (granular/block size).  While Strobl adopts the same 

undercooling dependence for the spherulitic growth rate (given in eqs. (4.1) and (4.2)), he 

defines the undercooling in reference to the amorphous-to-mesomorph equilibrium transition 

temperature (T∞am). Below T∞am, crystal growth occurs strictly via a mesophase.27, 33 In contrast, 

the LH two-phase model7, 37 defines the undercooling dependence of the spherulite growth rate 

and initial lamellar thickness in reference to the equilibrium melting temperature (Tm). In both 

models, the growth rate vanishes at zero undercooling (i.e. at Tc = Tm for the LH model and at Tc 

= T∞am for the Strobl model). Hence, independent of the model of crystallization adopted, the 

reference temperature that controls the spherulitic growth rate can be called the zero-growth 

temperature, Tzg. 

4.2.3 Molecular Weight Effect in the Context of LH Model: In the growth rate expressions 

given by eqs. (4.1) and (4.2); QD
* , Tg, Tm, Kg, and Go are either established or proposed to be the 

molecular weight dependent terms. In addition, a number of studies17, 20, 21, 43 have shown that 

the presence or absence of a given regime, hence, the existence of regime transitions depends 

on the polymer molecular weight. While the most recent version of the LH theory7 suggested 

that the rate of segmental transport should follow the Rouse model (i.e. Go ~ n-1, where n is the 

number of repeat units per chain), Huang 21 indicated on the basis of the Brochard-de Gennes 

theory49-51 that a stronger chain length dependence may be observed when the crystal growth 

becomes sufficiently slow. We will now consider each of these factors separately. 

4.2.3.1   Glass Transition: The glass transition temperature, Tg, increases rapidly with number 

average molecular weight, Mn, at low molecular weight before exhibiting an asymptotic behavior 

at high molecular weights. Such molecular weight dependence can be modeled for instance 

using the Fox-Flory52 or the Gibbs-DiMarzio53 treatments. For polymers of low molecular weight, 
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segmental transport, hence, crystal growth rates at a fixed temperature will decrease 

significantly with increasing chain length. Hence, it is very important to account for the molecular 

weight dependence of the glass transition temperature in the LH analysis. For instance, 

Vasanthakumari et al.42 in their study of poly(L-lactic acid), have incorporated the molecular 

weight dependence of the glass transition temperature, which changes by around 5 K for 

viscosity-average molecular weights between 150 and 700 kg/mol. In contrast, Iler54 used a 

single glass transition temperature to analyze the temperature dependence of spherulitic growth 

rates for isotactic polystyrene (it-PS) in the 200 to 1500 kg/mol molecular weight range. On the 

other hand, Lemstra et al.55 accounted for a molecular weight dependent Tg in the LH analysis 

for it-PS at molecular weights below 100 kg/mol. 

4.2.3.2   Activation Energy (QD
* ): When crystal growth occurs at sufficiently high temperatures 

above Tg, segmental transport is modeled using the Arrhenius law. In the LH model, it is 

assumed that the process of substrate completion occurs though the curvilinear reptation of 

polymer chains from an entangled melt onto the crystal growth front.7 For PE fractions, Hoffman 

et al.7 used the activation energy of ca. 24 kJ/mol reported by Klein et al.56 from the center-of-

mass diffusion data. The study by Klein et al.56 concluded that the activation energy for self-

diffusion increases with diffusant molecular weight and levels off for chains with more than ca. 

30 backbone carbon atoms. Hence, a single value of transport activation energy, QD*, was 

considered by Hoffman et al.7, 18 for all PE fractions. A similar trend has been observed for the 

apparent flow activation energy (Eη), determined from melt viscosity experiments for polymers 

such as PE and PCL. Crist et al.57 reported that the apparent activation energy calculated from 

melt viscosity data on PE is about 6 kJ/mol larger than that obtained from self-diffusion 

experiments. In agreement with reptation theory, the diffusion coefficient was found to obey the 

power law, D ~ M-2. However, later studies by Lodge et al.58 established a slightly higher power 

law exponent (D ~ M-2.3). In contrast to the conclusions by Crist et al.,57 Lodge et al.58 claimed 
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that the apparent activation energies from both viscosity and self-diffusion experiments are 

identical within the experimental uncertainty. Thus, for intermediate-to-high molecular weights, 

we can consider Eη = QD
*   and neglect their chain length dependence.  The Arrhenius rate law 

was also used by Cheng et al.20 and by Huang21 in the case of PEO. However, these authors 

needed to account for the chain length dependence of QD*, since chain ends such as hydroxyl 

groups can play a role in the center-of-mass diffusion of this polymer when the molecular weight 

is sufficiently low.59  

4.2.3.3   LH Regimes, Secondary Nucleation Constants and Regime Transitions: According 

to the LH model, a value of 2, independent of molecular weight, is predicted for the Kg(I)/Kg(II) 

and Kg(III)/Kg(II) ratios, whenever such Regimes transitions are observed. This prediction was 

confirmed for PE fractions in the 15-90 kg/mol intermediate molecular weight range by Hoffman 

et al.6, 7, 18 for both regime transitions. In the low molecular weight region (3.3 to 11 kg/mol), 

where quantized chain-folding is observed for PE, the molecular weight dependence of Kg(I) 

follows that expected for the fold surface free energy, σe, as a result of the presence of cilia. For 

molecular weight in excess of 100 kg/mol, Regime I was no longer observed for PE and the 

value of Kg(II) was found to increase and subsequently level off to the value associated with 

Regime III as chain transport becomes increasingly retarded due to the larger number of 

entanglements and the likely multiple nucleation of a given chain on adjacent lamellae. Huang21 

in studies of PEO and Phillips et al.43 in studies of cis-polyisoprene also noted the 

disappearance of Regime I when the molecular weight was sufficiently large.  

The I/II Regime transition temperature, TI/II, was found to increase with molecular weight 

for both PEO21 and PE.60 However, for reasons unknown, the II/III Regime transition 

temperature, TII/III, of poly(trimethylene terephthalate) was found to decrease with increasing 

molecular weight.61  In the range of molecular weights where the LH theory is deemed most 

likely to apply, Huang21 presented some evidence for severe inconsistencies in the LH model. 
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While Kg(I) for PEO was found to increase with molecular weight in the 11-157 kg/mol range, 

Kg(II) remained constant. Okui et al.62-64 have suggested a very weak molecular weight 

dependence for Kg. However, such a conclusion must be treated with caution, as a significant 

correlation exists between the magnitude of Kg and that of Tm.  

A change in Kg with molecular weight is usually interpreted as arising from a change in 

fold surface free energy (see eq. (4.3)) since the lateral surface free energy is not expected to 

vary with molecular weight for sufficiently long chains. While Fan et al.65 concluded from their 

studies that σe decreases with increasing molecular weight in the case of PCL, results from 

Phillips et al.66 with the same polymer suggest that σe is independent of chain length. In the 

case of cis-polyisoprene, however, spherulitic growth rate and melting data led Phillips et al.43 to 

propose that σe decreases with increasing molecular weight. One should note that a decrease in 

fold surface free energy with increasing molecular weight is not expected theoretically. Indeed, 

the opposite conclusion may be more easily reached. Crystal faceting tends to become less 

perfect and lateral crystal dimensions tend to decrease as the chain length increases. Since the 

regularity of crystal faceting and lateral crystal dimensions are a measure of the regularity of 

chain-folding, one should expect an increase in molecular weight to lead to more imperfect 

folding, a larger number of cilia, hence, more steric repulsion on the crystal basal planes, hence, 

a higher fold surface free energy and smaller crystals. 

4.2.3.4   Equilibrium Melting Temperature: Determination of an accurate value for Tm is by far 

the most important step in the analysis of the temperature and chain length dependence of the 

spherulitic growth rate. Indeed, as alluded to above, analysis of crystal growth rate data with an 

improper value of Tm, will lead to artificial regime transitions, incorrect Kg, σe and Go values and 

an erroneous interpretation of the chain length dependence of crystal growth rates. For 

instance, Okada et al.67 used a Tm value for PE that was lower by 3.3 to 5.5 K than that chosen 

by Hoffman et al.7 on the basis of the Flory-Vrij68 theoretical extrapolation. Hence, unlike the 

power law G ~ n-1 determined by Hoffman et al.,7 they reported a power law G ~ n-1.7. LH 
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analyses of spherulite growth rates for PEO in the 23 to 105 kg/mol molecular weight range by 

Cheng et al.20 suggested three (or possibly four) crystal growth regimes. However, several other 

studies including one from our laboratory, could only detect the presence of Regimes I and II. 

Using the non-linear Hoffman-Weeks extrapolation,69 Xu70 has shown that the Tm values used 

for PEO in the work of Cheng et al.20 were significantly underestimated.  

4.2.3.5   Growth Rate Front Factor (Go): In the LH model, the substrate completion rate (given 

by eq. (4.5)) is considered to be proportional to the reel-in rate, r, associated with the steady-

state reptation of polymer chains from the entangled melt. 

g = r (ao 𝑙∗ )                        (4.6) 

where l* is the initial lamellar thickness. Hoffman et al.7 further assumes that the reeling-in 

process can be described by the Rouse model, in so far as the whole chain disentangles 

completely as it is pulled within the reptation tube through the entangled melt onto the crystal 

surface. The total friction force experienced by the chain in this Rouse regime is the sum of 

those experienced by the individual repeat units. The reeling-in rate can therefore be related to 

the crystallization force, fc, pulling the chain from the melt, the monomeric friction coefficient, ζr, 

and the number, n, of repeat units along the chain backbone. In the Rouse model, the chain 

friction coefficient, ζ,  is weakly dependent on the number of repeat units (ζ = nζr ). 

r  = fc (ζrn)                         (4.7) 

Upon substitution of eqs. (4.5) and (4.6) into GI, GII and GIII, a power law G ~ 1/n is predicted at 

all temperatures.  

While it has been claimed by Hoffman et al.7 that this scaling law is obeyed in the case 

of polyethylene, a careful examination of the original data60 shows a considerable amount of 

scatter in the chain length dependence of the growth rate for polyethylene fractions near the I/II 

regime transition. Huang21 found for PEO that this power law exponent is not constant. The 

exponent increases slowly from 0.6 to 1 at low temperatures in regime II, and much more 
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rapidly as the I-II regime transition is crossed, reaching a value of 1.7 at the lowest undercooling 

studies. The systematic undercooling dependence of the power law exponent reported by 

Huang21 should be contrasted with the scattered nature of power law exponent (between 0.7 

and 1.7) reported by Cheng et al.20 on the same polymer. According to Okada et al.67 and 

Yamada et al.,71 the power law exponents for PE and PP are 1.7 and 0.7, respectively. 

However, these authors interpret their results in terms of sliding diffusion of chains present at 

the crystal/melt interface, and not self-diffusion from the melt as implied by Hoffman. Okui et 

al.62 have shown that semicrystalline polymers like poly(ethylene succinate), exhibit a power law 

relationship between Gmax , Go  and molecular weight [Gmax and  Go ∝ M-0.5 ]. A similar exponent 

has also been reported by Lemstra et al.55 for the spherulite growth rate of it-PS at high 

undercooling. 

In a significant departure from some assumptions in the LH model, Toda72 considered 

the possibility that polymer chains may be pinned or trapped on the growth front by forming 

crystalline stems of thickness less than l*. Growth of a crystal would require such pinned chains 

to unfold and subsequently refold with the proper stem thickness. Such consideration led him to 

conclude that both i and g have similar undercooling dependences. If pinning/unpinning 

processes do occur during crystal growth, it would suggest that the observed I/II regime 

transition is not related to a change in nucleation mechanism since the ratio Li/g would not 

change by orders of magnitude as the crystallization temperature is varied.  

Searching for an explanation of the “I-II” regime transition that is not rooted in nucleation 

theory, Huang21 noted for PEO that the Kg(I)/Kg(II) ratio increases with increasing molecular 

weight. The important role played by chain length suggested that such transition might be 

associated with the interplay between the viscoelasticity of the polymer melt and the crystal 

growth process. Reeling-in of a polymer chain onto the crystal surface is a problem that is 

analogous to the pulling of a probe chain by its head through an entangled melt. Such a 

problem had already been tackled by Brochard and DeGennes (BG model)49, 50 to address the 



	  

	   74 

issue of chain slippage at interfaces. In the BG model, as a probe chain is pulled through the 

melt with a force fc at velocity V, it encounters a frictional resistance from the melt. The chain 

frictional coefficient, ζ [where ζ = fc/V], depends largely on the probe chain length, the pullout 

velocity and the temperature. At very low pullout velocity (V < VI, where VI is some critical 

velocity), the probe chain will undergo small deformations, thereby starting to disentangle only in 

the vicinity of the head where the chain is experiencing the lowest friction (see Figure 4.1(a)).  

However, the tail of the chain, which does not feel the force applied at the head, remains in the 

coiled form, entangled with other melt chains. In this regime, called the “Stick” regime, the 

overall chain friction coefficient is highest (ζ ∝ M4) because the chain is not diffusing through its 

tube but is continuously disentangling and re-entangling as its head is pulled.  

 

 

Figure 4.1: Various velocity regimes predicted in the BG model for a probe chain pulled by its 

head through the melt chains at velocity, V. (a) Stick regime, (b) Rouse regime and   

 (c) Marginal regime. 

 

At very high pullout velocity (V >VII, where VII is some other critical velocity), the whole 

chain disentangles completely and the total friction force experienced by the chain is the sum of 
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those experienced by the individual repeat units (see Figure 4.1(b)). This process is called the 

Rouse regime, since the chain friction coefficient is proportional to chain length (ζ ∝ M).  For 

intermediate velocities (VI < V < VII), the chain disentanglement occurs fastest in the head 

region and gradually propagates towards the tail region of the probe chain. As the velocity of the 

head increases in this regime (called the Marginal regime, see Figure 4.1(c)), a larger fraction of 

the chain undergoes forced reputation within the tube, so the overall chain friction coefficient 

decreases with increasing pullout velocity. The chain friction coefficient in the Marginal regime 

exhibits a dependence on molecular weight (ζ ∝ Ms), where s is between 1 and 4, which is 

intermediate between these in the Stick and Rouse regimes.  

While the friction coefficients in the Rouse and Stick regimes are independent of the 

pullout velocity, the friction coefficient in the Marginal regime decreases with increasing pullout 

velocity.49-51, 73-75 Huang21 proposed that these viscoelastic regimes might be correlated with the 

growth rate regimes. To describe the various velocity regimes, a power law relation, ζ = ζrns, has 

been suggested by Huang,21 where n is the number of repeat units. For PEO, the experimental 

value of s was found to be about 1 at low crystallization temperatures (where Regime II growth 

was reported), and between 1 and 4 at higher crystallization temperatures (where Regime I 

growth was reported).21  

4.2.3.6   Influence of Molecular Weight Distribution: Breadth of the molecular weight 

distribution has been suggested to affect the observed regime transitions. Hoffman et al.7, 18, 38 

noticed that the I-II Regime transition for narrow molecular weight distribution fractions is much 

sharper than that observed in more polydisperse samples, possibly as a result of fractionation 

during crystallization. Phillips et al.43 suggested that a Kg ratio of 2 was more likely to be obeyed 

for narrow molecular weight distribution fractions than for unfractionated samples. Armistead et 

al.18 compared the regime transition behavior of a 70 kg/mol fraction of narrow molecular weight 

distribution (Mw/Mn = 1.12) to that of a 73 kg/mol sample of broader molecular weight distribution 
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(Mw/Mn = 1.88) studied by Phillips et al.17 The sample with higher polydispersity exhibited a 

Regime I behavior in a comparatively smaller temperature range and displayed a lower Kg ratio 

of 1.4. The TI/II was also found to be lower in comparison to that reported for the narrow 

polydispersity sample.18 

Considering the possibility of fractionation during crystallization, it is crucial to work with 

as narrow molecular weight distribution samples as possible. There is a great deal of confusion 

in the literature regarding the type of growth regime exhibited by PCL over the 30-50oC 

crystallization temperature range. While Arnold76 reported Regime III behavior, studies by Woo 

et al.77 and Chen et al.78 suggested that PCL exhibits a II/III regime transition around 46oC. 

However, Phillips et al.66 and Goulet and Prud’homme79 reported no such regime transition 

behavior but in contrast to Arnold76 considered a Regime II behavior. All of the above studies 

were either carried out with samples exhibiting broad molecular weight distribution (Mw/Mn >1.5) 

or for a single sample having narrow molecular weight distribution.  

In this work, the spherulitic growth rate will be measured over a range of crystallization 

temperatures for the bulk PCL as well as the narrow molecular weight PCL fractions, using 

polarized light optical microscopy. Several methods will be used to determine the equilibrium 

melting temperature characteristic of each sample and the undercooling dependence of crystal 

growth rates for PCL fractions will be established. The molecular weight dependence of the 

crystal growth rate for PCL fractions will be studied at fixed undercooling and discussed in the 

context of both the LH model and the Marand-Huang model21 based on BG reptation theory.  

4.3 Experimental 

4.3.1 Materials: The pellets of bulk PCL of 36 and 21 kg/mol number-average molecular 

weights (Mn) were purchased from Sigma Aldrich Inc. 1, 1, 2, 2-tetrachloroethane (TCE) was 

purchased from Acros Organic. Several narrow molecular weight distribution fractions were 

obtained from the 36 kg/mol bulk sample using the successive precipitation fractionation 

method.80, 81 Details about the fractionation and characterization are published elsewhere.81 
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Number and weight-average molecular weight (Mw), and polydispersity index (PDI) for each 

sample, obtained by size exclusion chromatography (SEC) and absolute universal calibration, 

are listed in Table 4.1.  

 

Table 4.1: Absolute molecular weight and PDI of bulk and fractionated PCL samples obtained 

using SEC. Uncertainties on molecular weight averages and PDI are 2 kg/mol and 0.05, 

respectively. The sample nomenclature used in this paper uses XX-Y, where XX is the number-

average molecular weight and Y is the bulk (B) or fractionated (F) nature of the sample. 

Sample Mw, kg/mol Mn, kg/mol PDI 

21-B 32 21 1.53 

36-B 49 36 1.38 

13-F 14 13 1.07 

25-F 28 25 1.09 

40-F 47 40 1.18 

55-F 70 55 1.29 

 

4.3.2 Spherulitic Growth Rate Measurements: Thin PCL films (ca. 2 µm) were prepared by 

spin casting from a 0.1 g/mL solution in TCE on clean glass cover slips at 3000 rpm and 

subsequent drying for ca. 12 hours under vacuum at 50oC. Films sandwiched between clean 

glass cover slips were placed in a Linkam THM 600 heating-cooling stage and heated to 100oC 

for 2 minutes (under dry N2 purge) using a Linkam TMS 93 temperature controller. The films 

were subsequently cooled at a rate of ca. 70-80 K/min to the desired crystallization temperature 

and the spherulitic growth was monitored using an Olympus BX-50 polarized light optical 

microscope interfaced to a video camera. Using the Scion Corp. image analysis software, 

spherulite radii were measured as a function of time for approximately ten spherulites in several 

films. Spherulitic growth rates were thus calculated as the slope of the observed linear increase 



	  

	   78 

of the radius with time. For all spherulite growth experiment in the 35 to 58oC temperature 

range, the relative standard deviation on the average spherulite growth rate was determined to 

be less than 3%. The SEC technique was also used with samples that had been crystallized in 

the Linkam heating-cooling stage over extended periods of time to verify that the crystallization 

conditions used in this study did not affect the molecular weight distribution of our samples.  

4.4 Results 

Temperature Dependence of Spherulite Growth Rates: The spherulitic growth rates 

measured before impingements are shown in Figure 4.2 as a function of crystallization 

temperature for each of the bulk and fractionated samples. Since only a small amount of the 13-

F sample was obtained during fractionation, the growth rates for this fraction are reported only 

up to a crystallization temperature of 53oC.  

 

 

Figure 4.2: Spherulitic growth rate (G) as a function of crystallization temperature (Tc) for all 

fractionated and bulk samples. Relative uncertainty on each data point is less than 3%. 
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The temperature range for spherulite growth rate measurement was limited on the low 

temperature side (ca. 35oC) by excessive nucleation, and on the high temperature side (ca. 

58oC) by the necessity to record spherulite growth over a practical timescale. As expected, 

growth rates decrease with increasing crystallization temperature for all fractions and bulk 

samples. The growth rate of fractionated and bulk samples also appears to decrease with 

increasing molecular weight at a fixed crystallization temperature. Previous experimental and 

theoretical studies have established that spherulitic growth rates are a function of the 

undercooling below the zero-growth temperature rather than a simple function of the 

crystallization temperature.7, 21, 46, 82 Furthermore, it has also been well established that the 

growth rate at a fixed crystallization temperature is a non-monotonic function of molecular 

weight.21, 82 Hence, any analysis of spherulitic growth rate requires precise knowledge of the 

undercooling below the relevant zero-growth temperature.   

4.5 Analysis 

While the glass transition temperature of PCL is difficult to measure precisely, since this 

polymer crystallizes readily during cooling, recent measurements by Schick et al.83, 84 suggest 

that for PCL of intermediate to high molecular weights the glass transition temperature exhibits 

a very weak dependence on molecular weight. Hence, for all bulk and fractionated samples 

considered in this study, we can assume a constant glass transition temperature, Tg, of -60oC.   

As shown in Figure 4.2, some of the growth rates (between 35 and 40oC) in our work are 

measured at temperatures lower than Tg + 100 K. The remaining measurements were 

performed at crystallization temperatures greater than Tg + 100 K. Thus, it is necessary to 

evaluate the influence of the form of the transport term on the crystal growth rate analysis. Both 

Arrhenius and Vogel segmental relaxation behavior will be considered.  The flow activation 

energies for PCL have been reported in the broad range between 20 and 40 kJ/mol.85-90 We will 

first assume a median value (QD* = 30 kJ/mol) for the activation energy associated with the 

center-of-mass diffusion for PCL. In support of this choice, we note the recently established 
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value of 28 kJ/mol for PE,58 a polymer of similar chemical structure as PCL. The zero-growth 

temperatures for each fraction will then independently determined using the four different 

methods discussed below, assuming QD* = 30 kJ/mol. The undercooling and molecular weight 

dependences of the spherulitic growth rate of PCL will be established for the same QD* value. 

Spherulitic growth rate analyses will then be repeated with QD* values of 20 and 40 kJ/mol, and 

using a U* value of 6.3 kJ/mol when the Vogel expression is taken to account for segmental 

relaxation. 

4.5.1 Molecular Weight Dependences of Tzg and Kg: The four methods used to determine 

Tzg, the zero-growth temperature are briefly described below for the 21-B sample, assuming QD* 

= 30 kJ/mol. The zero-growth temperatures were also subsequently obtained for the remaining 

samples using these four methods. 

1. Variance lnG Method: This method has been routinely applied in our group to obtain the 

value of Tzg.21, 46, 91 For each sample, a linear regression of ln GEXP vs. 1/TcΔT following eq. (4.5) 

is carried out for different choices of the zero-growth temperature. The zero-growth temperature 

(Tzg = 80.8 ± 0.1oC) determined by this method is associated with the minimum in the variance 

of the linear fit. The corresponding values of Kg and Go are then obtained from the slope and the 

y-intercept associated with the best linear fit, respectively. Figure 4.3(a) shows the plot of the 

variance as a function of the chosen zero-growth temperature for the 21-B sample. For the zero-

growth temperature associated with the minimum in Figure 4.3(a), the residuals, (lnGEXP - 

lnGFIT)/lnGEXP, associated with this fit were calculated for each crystallization temperature and 

plotted in Figure 4.3(b). The error on the zero-growth temperature derived from the variance lnG 

method was obtained assuming 95% confidence interval. 
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Figure 4.3: (a) Variance lnG method and (b) associated residuals. Tzg = 80.8 ± 0.1oC was 

obtained with QD* = 30 kJ/mol. 

 

2. Variance G Method: In the first step of this method, the values of Kg and Go are obtained 

from the slope and y-intercept of the linear regression of lnGEXP vs. 1/TΔT following eq. (4.5) for 

different choices of the zero-growth temperature. In the second step, the Kg and Go values 

associated with a given zero-growth temperature are used in the original growth rate 

expression, given by eq. (4.2), to yield a model spherulitic growth rate, GMODEL, for each 
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crystallization temperature. In this method, the variance is calculated from deviations between 

experimental and model spherulitic growth rate values and the zero-growth temperature is 

associated with the minimum in the variance. Figure 4.4(a) shows the plot of the variance as a 

function of the chosen zero-growth temperature for the 21-B sample.  

 

 

 

Figure 4.4: (a) Variance G method and (b) associated residuals. Tzg = 80.4 ± 0.2oC was 

obtained with QD* = 30 kJ/mol. 
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For the zero-growth temperature (Tzg = 80.4 ± 0.2oC) associated with the minimum in Figure 

4.4(a), the residuals, (GEXP - GMODEL)/GEXP, associated with this fit were calculated for each 

crystallization temperature and plotted in Figure 4.4(b). The error on the zero-growth 

temperature derived from the variance G method was obtained assuming a 95% confidence 

interval.  

3. Linear Regression in a Strobl Plot: The zero-growth temperature can also be obtained 

using the new linear regression approach proposed by Strobl et al.27, 33 Strobl rewrote the 

standard growth rate expression (given in eq. (4.2)) in the form given below by eq. (4.8), where 

TA
*  accounts for the transport activation energy (TA

*  = QD
* /R) and TG accounts for the secondary 

nucleation constant (TG = -Kg/Tc). While this analysis assumes TG to be a temperature-

independent constant, the approximation is generally adequate as long as the undercooling is 

relatively small. 

  (  -
dln(G Go )

dT
+ 
TA
*

Tc
2   )

  -1/2  = TG
 -1/2(Tzg-Tc) (4.8) 

As demonstrated in Figure 4.5 for the 21-B sample, linear extrapolation to zero-growth rate 

yields Tzg = 80.4 ± 1.6	   oC. However, even when the uncertainty on the growth rate data is 

extremely low, the lengthy extrapolation to the temperature-axis leads to a significant 

uncertainty on the estimated zero-growth temperatures. 
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Figure 4.5: Determination of the zero-growth temperature (Tzg) for 21-B using the Linear 

Regression method. Tzg = 80.4 ± 1.6oC was obtained with QD* = 30 kJ/mol. 

 

4. Non-linear Curve Fitting of Spherulitic Growth Rates (Curve Fit): Here, using the IGOR 

ProTM data analysis software we performed a multivariable non-linear curve fitting of the 

spherulitic growth rate data to eqs. (4.1) or (4.2). The standard deviations on the growth rates 

were included in the fitting procedure. Tzg, Kg and Go were used as the fitting parameters. The 

iterations were carried out until full convergence of the fit. In Figure 4.6, we show the 

experimental growth rate data for the 21-B sample along with the best non-linear fit, obtained for 

a growth temperature of 81.0 ± 0.5oC. 
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Figure 4.6: Determination of the zero-growth temperature (Tzg) for 21-B using the Curve Fit 

method. Tzg = 81.0 ± 0.5oC was obtained for QD* = 30 kJ/mol. 

 

For each estimated Tzg value, the corresponding magnitudes of Kg and Go are obtained 

for QD* = 30 kJ/mol and listed in Table 4.2 for all samples. A plot of Tzg versus Mn is shown in 

Figure 4.7 for each method of analysis using an Arrhenius form of the transport factor with QD* = 

30 kJ/mol. All methods of analysis indicate that Tzg increases with molecular weight for both bulk 

samples and fractions. It can be noticed in Figure 4.7 and Table 4.2 that the uncertainties on the 

estimated zero-growth temperatures are very low for the Variance G, Variance lnG and Non-

linear Curve Fitting methods. However, in the case of the Linear Regression method, a 

significant uncertainty on the zero-growth temperature is observed (ca. 1.5 - 5.5oC). 
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Table 4.2: Values of zero-growth temperatures (Tzg), secondary nucleation constant (Kg) and 

lnGo for the bulk and fraction PCL samples estimated for given methods. The calculations used 

QD* = 30 kJ/mol. 

Method Sample Tzg, oC Kg, (105 K2) ln(Go, μm/min) 

 13-F 75.6 ± 0.7 1.06 ± 0.05 23.75 ± 0.29 

 25-F 82.2 ± 0.7 1.65 ± 0.07 26.05 ± 0.35 

1. Variance  40-F 89.8 ± 1.5 2.66 ± 0.19 30.21 ± 0.75 

G 55-F 87.7 ± 0.2 2.54 ± 0.05 29.93 ± 0.19 

 
21-B 80.4 ± 0.2 1.57 ± 0.04 25.97 ± 0.17 

 
36-B 84.9 ± 0.8 2.10 ± 0.09 28.01 ± 0.44 

 13-F 75.0 ± 1.3 1.02 ± 0.09 23.50 ± 0.52 

 25-F 80.4 ± 0.1 1.46 ± 0.01 25.12 ± 0.06 

2. Variance 40-F 91.9 ± 0.6 2.97 ± 0.07 31.42 ± 0.28 

lnG 55-F 92.8 ± 0.1 3.31 ± 0.02 32.95 ± 0.09 

 
21-B 80.8 ± 0.1 1.60 ± 0.01 26.15 ± 0.03 

 
36-B 87.4 ± 0.1 2.41 ± 0.01 29.40 ± 0.03 

 13-F 78.2 ± 2.5 1.26 ± 0.01 24.80 ± 0.06 

 25-F 82.8 ± 3.6 1.72 ± 0.01 26.41 ± 0.08 

3. Linear 40-F 86.2 ± 5.3 2.19 ± 0.01 28.25 ± 0.10 

Regression 55-F 89.9 ± 4.8 2.86 ± 0.02 31.25 ± 0.12 

 
21-B 80.4 ± 1.6 1.56  ± 0.01 25.95 ± 0.04 

 
36-B 86.4 ± 5.0 2.29 ± 0.01 28.87 ± 0.11 
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Method Sample Tzg, oC Kg, (105 K2) ln(Go, µm/min) 

 
13-F 74.8 ± 0.7 1.00 ± 0.05 23.44 ± 0.28 

 
25-F 79.2 ± 0.3 1.34 ± 0.02 24.42 ± 0.13 

4. Curve 40-F 89.0 ± 0.5 2.62 ± 0.06 30.12 ± 0.25 

Fitting 55-F - - - 

 
21-B 81.0 ± 0.5 1.64 ± 0.05 26.30 ± 0.23 

 
36-B 89.4 ± 0.5 2.68 ± 0.07 30.65 ± 0.28 

 
13-F 75.9 ± 1.6 1.07 ± 0.08 24.04 ± 0.63 

 
25-F 81.1 ± 1.7 1.52 ± 0.14 25.77 ± 0.90 

Average 40-F 89.2 ± 2.4 2.57 ± 0.39 30.51 ± 1.31 

 
55-F 90.1 ± 2.5 2.83 ± 0.41 32.06 ± 1.51 

 
21-B 80.6 ± 0.3 1.58 ± 0.06 26.10 ± 0.17 

 
36-B 87.0 ± 1.9 2.33 ± 0.28 29.68 ± 1.10 

 

In Figure 4.7, Tzg estimated using the Linear Regression method seems to increase 

more smoothly and less steeply in comparison to these obtained using the other methods. The 

Non-linear Curve Fitting approach did not converge for the 55-F sample. Hence, the Tzg, Kg and 

Go values for this sample cannot be reported for this method. We also note in Table 4.2 that Kg 

and Go values also increase with molecular weight. The increase of Kg with molecular weight is 

shown in Figure 4.8. Examination of Table 4.2 indicates that the zero-growth temperatures 

obtained with these four methods are consistent with each other. Hence, to obtain somewhat 

more reliable estimates of the molecular weight dependence of the zero-growth temperature, 

secondary nucleation constant and growth rate front factor, we averaged for each sample, the 

corresponding property estimated through each of the four methods.  Average values of Tzg, Kg 

and Go increase systematically with molecular weight (see Table 4.2). 
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Figure 4.7: Effect of number-average molecular weight (Mn) on the zero-growth temperature 

(Tzg) obtained using different methods with QD* = 30 kJ/mol. 

 

Figure 4.8: Effect of number-average molecular weight (Mn) on the secondary nucleation 

constant (Kg) obtained using different methods with QD* = 30 kJ/mol. 
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4.5.2 Influence of the Form of the Transport Factor on Tzg and Kg: The molecular weight 

dependence of the average value of the zero-growth temperature is shown in Figure 4.9 for 

different values of QD* (20, 30 and 40 kJ/mol when an Arrhenius transport factor is used) as well 

as for U* of 6.3 kJ/mol (when a Vogel transport term is used). An upward shift in Tzg by ca. 3 K 

is noted when QD* increases from 20 to 40 kJ/mol. The value of Tzg derived for U* of 6.3 kJ/mol 

was very similar to that at QD* = 40 kJ/mol.  A similar trend is observed in Figure 4.10 for the 

molecular weight dependence of the average Kg value. Specifically, the magnitude of the 

secondary nucleation constant obtained with either QD* = 40 kJ/mol or U* of 6.3 kJ/mol is about 

28% larger than that derived with QD* = 20 kJ/mol. 

 

Figure 4.9: Average zero-growth temperature (Tzg) as a function of number-average molecular 

weight (Mn) studied for Arrhenius (20, 30 and 40 kJ/mol) and Vogel (6.3 kJ/mol) transport 

energies. 
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Figure 4.10: Average secondary nucleation constant (Kg) as a function of number-average 

molecular weight (Mn) studied for Arrhenius (20, 30 and 40 kJ/mol) and Vogel (6.3 kJ/mol) 

transport energies. 

 

4.5.3 Undercooling and Molecular Weight Dependence of the Spherulitic Growth Rate: 

Here, we first report the undercooling and molecular weight dependence of the spherulitic 

growth rate using either the Tzg values obtained from the first three methods discussed above or 

the average Tzg values. In all cases, we consider an Arrhenius transport behavior with QD* = 30 

kJ/mol. The undercooling dependence was not studied for the zero-growth temperatures 

obtained from the Non-linear Curve Fitting method since Tzg could not be estimated for the 55-F 

sample. However, the zero-growth temperatures obtained with this method for the remaining 

fractions were included in the average Tzg values to be used for studying the undercooling 

dependence of the spherulitic growth rate. 

It is known from the Flory-Vrij68 treatment that the equilibrium melting temperature of 

flexible chain polymers reaches an asymptotic limit at high molecular weight and that an 

important contribution to the variation of the melting temperature with chain length arises from 
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the pairing of chain ends at interfaces between extended chain crystal layers. It should be noted 

that such treatment is only rigorously applicable to monodisperse polymers.92 Hence, in the 

absence of more rigorous guidelines, we decided to use a logarithmic trendline to fit the 

observed molecular weight dependence of the zero-growth temperature of the fractions (see 

Figure 4.7). This empirical approach provides an approximate, yet, smooth and monotonous 

variation of Tzg with Mn. The “fitted” Tzg values for each fraction were then used in the 

determination of the undercooling associated with each temperature of crystallization.  

A plot of spherulitic growth rate as a function of undercooling determined using the 

Linear Regression method is shown as an example in Figure 4.11. The spherulitic growth rates 

were interpolated at several undercoolings common to all fractions. At fixed undercooling, the 

spherulitic growth rate decreases systematically with increasing molecular weight (see Figure 

4.12). This behavior can be, to some extent, attributed to an increasing number of chain 

entanglements, which hinder the reptation of polymer chains onto the crystal growth front. It can 

also be noticed for the lowest molecular weight sample 13-F, that the growth rates do not 

change significantly with undercooling. However, a different behavior is observed for higher 

molecular weights, where growth rates decrease more notably at low undercoolings than at high 

undercoolings.  A power law relation, given by G ~ M-s, was used to analyze this molecular 

weight dependence at fixed undercoolings. While the power law exponents, s were found to 

vary somewhat with the method used to determine Tzg (see Figure 4.13), in all cases, the power 

law exponent, s, appears to decrease linearly with increasing undercooling and exceeds the 

critical value of 4, a point, which we will taken up below in the discussion section.  
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Figure 4.11: Spherulitic growth rate (G) as a function of the undercooling (ΔT) determined using 

the Linear Regression method. 

 

Figure 4.12: Effect of number-average molecular weight (Mn) on the spherulitic growth rate (G) 

given by the power law relationship: G ~ M-s at fixed undercoolings determined using the Linear 

Regression method. 
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Figure 4.13: Effect of undercooling (ΔT) on the power law exponent (s) for QD* = 30 kJ/mol with 

values of Tzg obtained by four different methods. 

 

4.5.4 Influence of the Form of the Transport Factor on the Power Law Exponents: The 

undercooling dependence of the power law exponent was then studied for different values of 

QD* (20, 30 and 40 kJ/mol) when an Arrhenius transport factor is used and for a different form of 

the transport factor (Vogel transport term with U* = 6.3 kJ/mol). Our results are summarized in 

Figure 4.14(a-c) for chosen methods of Tzg determination. The power law exponents derived 

with the help of these methods were found to increase when QD* increases from 20 to 40 

kJ/mol. Furthermore, the undercooling dependences of the power law exponent obtained with 

QD* = 40 kJ/mol and U* = 6.3 kJ/mol were similar. 

 

 

 



	  

	   94 
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Figure 4.14: Effect of undercooling (ΔT) on the power law exponent (s) for Arrhenius 

(20, 30 and 40 kJ/mol) and Vogel (6.3 kJ/mol) transport energies. (a) Variance lnG method (b) 

Variance G method and (c) Linear Regression method. 

 

4.6 Discussion 

4.6.1 Determination of Zero-growth Temperature: As shown in Table 4.2 and Figure 4.7, 

the uncertainties on Tzg determined in this work using the Linear Regression method are 

significantly higher than these reported by Strobl19, 33 for PCL (77.2 ± 0.8 oC, molecular weight 

unspecified) and PE (132.5 ± 0.5 oC, Mw: 60 kg/mol). However, it should be noted that the 

spherulitic growth rates of PCL in Strobl’s work, in comparison to our work, were only measured 

at relatively high crystallization temperatures and over a much narrower temperature range 

(every degree between 47.6 and 57.6oC). In Table 4.3, we list equilibrium melting temperatures 

estimated by other groups using either the Gibbs-Thomson or the Hoffman-Weeks linear 

extrapolation93 methods, along with estimates of the crystal/melt surface energies. From Tables 

4.2 and 4.3, we can conclude that the Tzg values determined in our study are consistent with 

values of the equilibrium melting temperature, Tm, estimated using the Gibbs-Thomson analysis 



	  

	   96 

by Arnold,76 Su et al.,94 Shin et al.95 and Strobl et al.19 We believe that all other studies quoted in 

Table 4.3 underestimated the equilibrium melting temperature since they relied on the linear 

Hoffman-Weeks (HW) extrapolation method, whose limitations have been previously addressed 

by Marand et al.69 

4.6.2 Undercooling and Molecular Weight Dependence of the Spherulitic Growth Rate: 

The values of the power law exponents shown in Figure 4.14 (a-c) observed in our work are 

significantly higher than these reported in the studies by Hoffman et al.7 (s = 1 on PE fractions), 

Cheng et al.20 (s between 0.7 and 1.5 for PEO fractions), Huang21 (s = 0.6 to 1.7 for PEO 

fractions), Okada et al.67 (s = 1.7 for PE) and Yamada et al.96 (s = 0.7 for it-PP). The power law 

exponents estimated here for PCL decrease with increasing undercooling, a trend which is 

consistent with that observed by Huang21 and Cheng et al.20 for PEO. While, at low molecular 

weights, Huang21 observed PEO spherulitic growth rates to decrease significantly with 

decreasing undercooling, we found PCL growth rates to be weakly dependent on the 

undercooling. While at high molecular weights, the undercooling dependence of spherulitic 

growth rates for PEO21 was quite significant, it is even more so in the case of PCL, hence, 

justifying the observation of much larger power law exponent for PCL than PEO.21 We should 

also indicate that the spherulite growth behavior of PCL can only be studied on a convenient 

time scale at larger undercoolings than is the case for either PEO or PE, suggesting that the 

spherulitic growth of PCL in intrinsically slower than that of PEO or PE. Since the power law 

exponents exceed the upper bound value of 4 predicted by Huang21 on the basis of the BG 

model, one should conclude that the molecular weight dependence of growth rates for PCL 

cannot be solely associated with frictional effects and the marginal friction regime. An additional 

retardation mechanism, which is not present in the case of PE or PEO, must exist for PCL. We 

will speculate that such a mechanism may be identified if we focus on the differences between 

the unit cells for these three homopolymers and compare their respective degrees of crystallinity 

for similar chain lengths.  



	  

	   97 

Table 4.3: Comparison of Tm (oC), σe (mJ/m2) and σσe (mJ2/m4) values for PCL reported in the 

literature for specified Mn (kg/mol) and Mw (kg/mol). 10% uncertainty on all surface free energies 

is assumed. Refer to Tables 4.2 and 4.3 for comparison with our results. 

 

Reference Mw Mn Tm σσe σe 

Ong et al.97 

(Regime III) 
25 13 ~ 67 (HW) 175 27 

Phillips et al.66 

(Regime II) 

40 

15 

7 

- 

- 

- 

70.4 (HW) 

69.4 (HW) 

67.9 (HW) 

635 

583 

589 

95 

87 

88 

Goulet et al.79 

(Regime II) 
48 44 73.9 (HW) 648 112 

Arnold76 

(Regime III) 
28 15 85 (GT) 662 64 

Chen et al.78 

(Regime II/III) 
- 1.9 - 65 80 (HW) 460 - 

Woo et al.77 

(Regime II/III) 
20 - 64 (HW) - - 

Fan et al.65 

(Regime III) 
- 7-13 70 (HW) - 80-90 

Strobl et al.19 - - 99 (GT) - 75 

Shin et al.95 
120 

100 

- 

- 

82 (HW) 

97 (GT) 

- 

- 

- 

67 

Su et al.94  8.5 7.5 80 (GT) - 30.3 
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Examination of the unit cell structure for PCL35,36  suggests that a specific registration of 

all ester groups in a crystallizing PCL chain must take place during deposition of the first stem 

on the crystal substrate as well as during the subsequent substrate completion process.  Such 

constraints are much less significant for PE and PEO, which exhibit very small repeat units. We 

will argue that the registration of ester groups for PCL-like polymers where such ester groups 

are separated by relatively long distances along the chain backbone is a critical factor in the 

observation of such a strong molecular weight dependence for the crystal growth rate. Chatani 

et al.35 and Dorset et al.36 reported that PCL chains adopt a non-planar conformation in the 

crystal, the ester group being slightly twisted out of the plane containing the all-trans CH2 

sequence. They also suggested that ester groups on neighboring chains in the unit cell are 

shifted along the c-axis by a distance of 3c/14. This constraint may have significant implications 

for the chain-folding process and could prevent the formation of “tight” adjacent re-entry fold. 

Such a mechanism could explain why PCL fractions exhibit about half the degree of crystallinity 

of PE or PEO fractions of similar chain lengths.21, 81, 82 Let us assume that the retardation 

associated with the registration requirement for each ester group is identical during first and 

subsequent stem depositions. We now assume that the entropic barrier for first stem deposition 

exhibits much weaker chain length dependence than subsequent stem deposition. With 

increasing chain length, a larger number of chain-folding events would be required during the 

substrate completion process. Considering that PCL crystallization takes place at relatively large 

undercoolings leads us to suggest that crystal growth occurs in the multi-nucleation regime. 

Hence, increasing chain length could possibly lead to an increase in the fractions of stems that 

exhibit loose folding, and a corresponding decrease in the fraction of short cilia, hence, could 

lead to a higher average fold surface free energy. 

Thus, for PCL, the substrate completion rate (hence, the growth rate) would be much 

less retarded for short chains than for longer chains at the same undercooling. The combined 

effects of 1) the chain length dependence of the fold surface free energy and 2) the chain length 
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dependence in the marginal friction regime would lead to a much stronger molecular weight 

dependence for the spherulitic growth rate for PCL than for PE or PEO. We may also be able to 

generalize the above statements to polymers with large heterogeneous repeat units since 

registration of a small part of the chain may prevent sliding diffusion and optimization of the 

degree of crystallinity during crystal growth. Obviously, such is not the case in PE and PEO, 

both of which exhibit sliding diffusion. Such structural differences are playing a similar role in 

whether or not a given polymer exhibits a crystal alpha relaxation98 and whether its crystals can 

undergo isothermal lamellar thickening.99, 100  

4.6.3 Application of the Lauritzen-Hoffman Model: According to the LH Model, the 

existence of different regimes of crystal growth in different ranges of undercooling is evidenced 

by changes in the slopes of the LH plot at TI/II or TII/III transition temperatures. Assuming an 

Arrhenius type transport behavior with QD* = 30 kJ/mol, we generated LH plots for both bulk and 

fractionated samples (see Figure 4.15(a-d)). First, our studies confirm the conclusions reached 

by Phillips et al.,66 Goulet et al.79 and Arnold,76 that spherulitic growth of PCL takes place under 

a single regime for temperatures between 35 and 58oC, regardless of the method used for the 

determination of Tzg. Second, the associated Kg and Go values shown in Table 4.2 exhibit a very 

small dependence on the method used to determine the Tzg value. We obtained σσe, the surface 

free energy product, from the average Kg and Tzg values in Table 4.2, assuming crystal growth 

in Regimes I, II or III (see eq. (4.3)). We conclude that σσe, like Kg, increases with molecular 

weight, as shown in Table 4.4. These average σσe values can be compared to these reported 

by others for PCL (see Table 4.3). With the exception of Ong et al.,97 σσe values reported in the 

literature hover around 600 mJ/m2 for different PCL molecular weights. The observation that 

previous studies yielded approximately the same value of σσe for PCL of different chain lengths 

should be viewed with extreme caution since 1) most of these studies relied on the incorrect 

estimation of Tm using the linear HW extrapolation and 2) the same values of σσe were reported 
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even though the crystal growth was assumed to take place over the same temperature range in 

different regimes by different authors.  
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Figure 4.15: Lauritzen-Hoffman plots for PCL bulk and fractionated samples assuming 

QD* = 30 kJ/mol for (a) Variance G method, (b) Variance lnG method, (c) Linear Regression 

method and (d) Curve Fit method. 
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4.6.3.1   Determination of the Lateral Surface Free Energy: The empirical Thomas-Staveley 

relationship37, 101 expressed by eq. (4.9) is used to determine the lateral surface free energy, σ. 

Here, ao (0.4508 nm) and bo (0.4130 nm) define the chain cross-section (aobo); and ∆Hf
∞ 

(1.48x108 J/m3) is the enthalpy of fusion for 100% crystalline PCL.102 

σ = α ∆Hf
∞(aobo)

1/2 (4.9) 

The Thomas-Staveley constant “α” has been known to vary between 0.1 (for flexible, vinyl 

backbone containing polymers like PE, i-PP and i-PS) and 0.25 (for high melting polyesters like 

PPVL and PLLA).102 Goulet et al.79 and Hoffman102 have suggested α = 0.1 for PCL since its 

chemical structure (and hence, its flexibility) and crystal structures are similar to those of PE. 

According to Hoffman,102 the choice of α = 0.1 in eq. (4.9), yields σ = 6.4 mJ/m2 with an 

uncertainty of about 10%. Using eq. (4.10), where lb is the bond length and lu is the repeat unit 

length, a characteristic ratio value, C∞ = 6.3 ± 0.9 for the melt-state was thus predicted for 

PCL.102  

C∞ = ∆Hf
∞(
ao
2
)(
lb
lu
)(
1
σ
) (4.10) 

This value of C∞ is comparable to the values of 5.6 ± 0.4, 5.9 ± 0.3, and 6.7 obtained by Knecht 

et al.,103 Jones et al.104 and Bruckner et al.,105 respectively, from experiments in theta solutions.  

4.6.3.2   Determination of the Fold Surface Free Energy: Using σ = 6.4 mJ/m2, σe   values 

were calculated from the average σσe values and are reported for all Regimes in Table 4.4. 

Irrespective of the nucleation Regime chosen, the fold surface free energy, σe, was found to 

increase monotonically with molecular weight. This behavior was also observed in the case of 

PEO21 for crystallization at low undercooling. For PE fractions in the 10 to 50 kg/mol molecular 

weight range, Hoffman et al.7 observed a slight increase of σe with increasing molecular weight.  

The influence of the form of the transport factor and the magnitude of the activation 

energy for transport on the average fold surface free energy of the bulk and fractionated 

samples (assuming Regime I or III behavior) is illustrated in Figure 4.16 and parallels these 
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observed for Tzg and Kg in Figures 4.9 and 4.10, respectively. The same conclusion would apply 

if Regime II behavior had been assumed.  

 

Table 4.4: Comparisons between average values of σσe (mJ2/m4) and σe (mJ/m2) determined 

for bulk and fractionated PCL samples assuming using QD* = 30 kJ/mol and α = 0.10 for 

Regime I, II and III. Uncertainties of ± 10% are associated with these σσe and σe  values. 

 II I or III II I or III 

Sample σσe σσe σe σe 

13-F 830 415 130 65 
25-F 1164 582 182 91 
40-F 1928 964 302 151 
55-F 2120 1060 332 166 
21-B 1212 606 190 95 
36-B 1758 879 276 138 

 

 

Figure 4.16: Average fold surface free energy (σe) of the PCL bulk and fractionated 

samples as a function of Arrhenius (20, 30 and 40 kJ/mol) and Vogel (6.3 kJ/mol) transport 

energies, assuming Regime III behavior and α = 0.1. 



	  

	   104 

Thus, our suggestion that the fraction of crystalline stems participating in loose chain-

folds (rather than cilia or tight chain-folds) increases with molecular weight, thereby leading to 

an increase in the fold surface free energy with chain length, is substantiated through the LH 

analysis of our growth rate data. This increase in the fold surface free energy with molecular 

weight certainly contributes to the concomitant increase in Kg (see Figure 4.8 and Figure 4.10). 

However, it should be noted that the σe values reported here for PCL are much higher 

than these reported by others on the basis of the Gibbs-Thomson analysis (see Table 4.3). The 

nature of this discrepancy will be discussed further in the next section, but it suffices to say that 

σe values obtained from estimations of Kg from spherulitic growth rate data are only “apparent” 

fold surface free energies that have an additional contribution from the undercooling 

dependence of the power law exponent, s. We should also add that σe values obtained from the 

temperature dependence of spherulitic growth rate data are reflective of the nature of the fold 

surface at the time a given chain crystallizes, while the σe values calculated from the Gibbs-

Thomson equation are more indicative of an annealed fold surface at the time a crystal is 

melting.  

4.6.4  Molecular Weight Dependence of the Secondary Nucleation Constant Explained 

using Friction Regimes: Huang21 suggested that the I-II Regime transition observed for PEO 

at low undercooling is actually not associated with a change from mononucleation to 

polynucleation, as assumed in the LH treatment. He assumed that crystal growth always occurs 

in the polynucleation regime (LH Regime II) and that the observed transition reflects a change in 

the molecular weight dependence of the friction coefficient. The chain friction coefficient is given 

by the Rouse friction model in Regime II at relatively high undercooling, and by the Marginal 

friction regime at lower undercooling. In this marginal friction regime, the chain length 

dependence of the friction coefficient is expressed by a power law exponent s varying between 

1 and 4. 
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According to Toda,25 the substrate completion rate, g, has similar temperature 

dependence as the secondary nucleation rate, i. Thus, g can be written as g ~ exp(-K/TcΔT). 

Combination of eqs. (4.6) and (4.7) with the expression for the growth rate in the polynucleation 

regime in terms of i and g leads to the following prediction, where z = s/2. 

G ∝ N-z exp (
-Kg(II)
 Tc∆T

) (4.11) 

Here, we propose a revision to the original model by Huang and Marand21 where i and g 

were assumed to have the same chain length dependence as that assumed by Hoffman et al.106 

However, in our opinion, i is only affected by local segmental ordering processes that are 

independent of chain length. Hence, since s varies between 1 (Rouse Regime) and 4 (Stick 

Regime), the spherulitic growth rate at fixed undercooling, should exhibit a scaling in the range 

N-1/2 to N-2, if Kg(II) is independent of chain length. These predictions are indeed confirmed in the 

case of PEO21 (see Figure 4.17). However, in the case of PCL, our values of the power law 

exponent, z, can be seen to be located beyond the upper bound of z = 2 most likely due to the 

presence of specific ester group registration requirement (see section 4.6.2) in the PCL unit cell. 

From Figure 4.17, it can be also noticed that PCL and PEO do not follow the LH model7 

prediction of z ~ 1.  
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Figure 4.17: Comparison of the undercooling dependence of the power law exponent, z 

for PCL and PEO.21 Here the undercooling for PCL is obtained using the Variance G method 

and QD* = 30 kJ/mol. The z range between the thick dotted lines A and B corresponds to our 

predictions from the revised Huang-Marand model. Thin dotted line C corresponds to the LH 

model prediction (i.e. z ~1) by Hoffman et al.7 

 

In the marginal friction regime, the power law exponent, z, is a strong function of the 

undercooling, ΔT. By incorporating this undercooling dependence of the power law exponent, z, 

eq. (4.11) becomes:21  

Gmarginal ∝ Go(N) exp ( - (C(ln(N)) + Kg (II))
 Tc∆T

) (4.12) 

Here C is a constant, Go(N) is proportional to N-1/2 and Kg
m  (Kg for marginal regime) is 

expressed as C ln(N) + Kg(II), where Kg(II) is the true secondary nucleation constant for multiple 

nucleation regime. In this fashion, Huang21 explained the origin of the molecular weight 
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dependence of Kg
m and of the spherulite growth rate at fixed undercooling for PEO. The further 

complication in the case of PCL arises from the molecular weight dependence of σe, hence, of 

Kg(II), which had been considered negligible for both PEO and PE. Such considerations suggest 

that Kg
m  should exhibit stronger molecular weight dependence for PCL than for PEO. This 

prediction is indeed verified experimentally (see Figure 4.18).   

 

 

 
Figure 4.18: Comparison of the effect of number-average molecular weight (Mn) on Kg

m
 

for PCL (this work) and PEO.21 

 

4.7 Conclusions 

As expected on the basis of classical nucleation theory, spherulitic growth rates of bulk 

and fractionated PCL decrease with increasing crystallization temperature and molecular 

weight. Self-consistent values of the zero-growth temperature (that control the spherulitic growth 

rate, independent of the LH or Strobl model of polymer crystallization) were obtained from four 
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separate methods. Tzg, Kg and Go are all observed to increase with PCL molecular weight. No 

evidence was found for the existence of Regime transitions for PCL with Mn ranging from 13 

kg/mol to 55 kg/mol. In contrast to PEO and PE, the spherulitic growth rates of narrow molecular 

weight PCL fractions were shown to decrease strongly with increasing chain length at fixed 

undercooling. The power law exponent that characterizes the scaling of spherulitic growth rates 

with chain length was found to decrease strongly with increasing undercoolings. In contrast with 

previous work on PEO, the power law exponent, z, in PCL exceeds the upper bound of 2 

predicted from the BG model. We attributed this behavior to the significant molecular weight 

dependence of the fold surface free energy of PCL and interpreted this observation in terms of 

the unusually large frequency of loose fold formation during substrate completion, in large part 

the result of PCL’s heterogeneous chemical structure and ester group registration requirements. 

The unusual molecular weight dependence of the surface free energy of PCL was also 

correlated with the comparatively low degree of crystallinity exhibited by such a flexible chain 

polymer.  

The comparison of the zero-growth temperatures derived here through a number of 

approaches for PCL of various molecular weights, with the values of the equilibrium melting 

temperatures reported in the literature using the Gibbs-Thomson analysis indicates that these 

two transition temperatures are nearly indistinguishable from one another within the uncertainty 

of their determination. Such conclusion casts very serious doubts as to the validity of the 

mesophase-mediated crystallization mechanism, at least in the case of PCL. This work also 

confirms that the LH theory incorrectly accounts for the chain length dependence of crystal 

growth rates and that friction regimes may play a significant role in polymer crystallization. 
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CHAPTER 5: ON THE EXISTENCE OF THE MESOMORPH-TO-
CRYSTAL EQUILIBRIUM TRANSITION TEMPERATURE IN  
POLY(ε-CAPROLACTONE)  
---------------------------------------------------------------------------------------------------- 
 

5.1 Introduction 

Polymer crystallization has been traditionally assumed to be a direct melt-to-crystal 

process. The Lauritzen-Hoffman (LH) model,1-4 devised in 1961 to account for the undercooling 

dependence of the polymer crystal growth and the observed thickness of the chain-folded 

lamellar crystal under quiescent conditions, is based exclusively on this two-phase assumption. 

In the LH model, the driving force for crystallization is expressed in terms of the undercooling 

below the equilibrium melting temperature, Tm, which controls both the spherulitic growth rates 

as well as the lamellar thicknesses. According to this model, polymer crystal growth occurs 

through the secondary surface nucleation process in which a new crystalline layer is initiated by 

a surface nucleation event. The completion of this new crystalline layer on the smooth substrate 

is then proposed to occur via a chain-folding mechanism. The competition between secondary 

nucleation and substrate completion processes was suggested to be responsible for the 

changes in the nucleation mechanism in three different temperature regimes.3, 5 This model has 

undergone several modifications4 since its birth and has been most widely used to explain the 

observed temperature dependence of the spherulitic growth rate as well as the lamellar 

thickness in several semicrystalline flexible polymers like polyethylene (PE),4, 5 polyethylene 

oxide (PEO),6, 7 isotactic polypropylene (i-PP)8-10 and many others.11-15 However, recently 

several authors have reported major inconsistencies with regard to some of its assumptions and 

predictions.7, 16-20  

In the early 1990’s Keller,18, 21 suggested that the formation of a stable crystal phase 

from the melt might be mediated by one or more metastable phases. Later, Strobl et al.19, 22 

established the multistage model of polymer crystallization on the basis of the small angle X-ray 
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scattering studies (SAXS) of the crystallization and melting of several polymers such as 

syndiotactic polypropylene, copolymers of 1-octene with propylene or ethylene, poly(ε-

caprolactone) (PCL), isotactic polystyrene, PE, etc.23-27  In this model, Strobl et al.28, 29 propose 

that the polymer crystal growth is mediated by a mesophase. In contrast with the LH model, 

Strobl assumes that, during crystal growth, polymer chains in the melt first align to form a 

mesomorphic layer (with all the co-units and defects excluded), which undergoes core 

crystallization, surface ordering and block perfection. The alignment of the melt chains at the 

mesomorphic growth front is considered to be the rate-determining step in the crystal growth 

process.  

In Strobl’s model22 there are three equilibrium transition temperatures, namely, T∞am 

(between the amorphous (a) and mesomorphic (m) phases), T∞ac (between the amorphous (a) 

and crystal (c) phases), and T∞mc (between the mesomorphic (m) and crystal (c) phases). T∞ac and 

T∞mc  can be determined using SAXS by monitoring the evolution of the lamellar thickness during 

crystallization and subsequent heating to the final melting temperature.22 T∞ac  is obtained from 

the “melting line” by extrapolation of the observed melting temperature as a function of 

reciprocal lamellar thickness using the Gibbs-Thomson equation. The undercooling below T∞mc 

defines both lamellar (or core crystalline) thicknesses and the lateral crystal dimensions 

(granular/block size). T∞mc is obtained from the “crystallization line” by extrapolation of the 

crystallization temperature as a function of the reciprocal lamellar thickness that was determined 

at various crystallization temperatures. Similarly, the reorganization of the lamellar thicknesses 

during heating can give rise to a “recrystallization line”, which also extrapolates to T∞mc. Strobl 

adopts the same undercooling dependence for the spherulitic growth rate as in the LH model. In 

Strobl’s model, T∞am  can only be determined from the spherulitic growth rate data using his novel 

linear regression approach.22 In contrast to the LH two-phase model,3, 4 Strobl’s model defines 

the undercooling in reference to the amorphous-to-mesomorph equilibrium transition 

temperature (T∞am). Below T∞am, crystal growth is proposed to occur strictly via a mesophase.22, 26 
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In both the LH and Strobl models, the growth rate vanishes at zero undercooling (i.e. at Tc = Tm 

for the LH model and at Tc = T∞am for the Strobl model). Hence, T∞am or Tm can be also called as 

the zero-growth temperature, Tzg.  

On the basis of wide angle X-ray diffraction (WAXD) experiments, Strobl et al.25 

suggested that the lateral dimensions of the crystals also vary with temperature and, hence, are 

also controlled by T∞mc. It was further suggested that lamellae have a blocky/granular 

substructure.22 While the presence of this granular sub-structure has been claimed to be evident 

in atomic force microscopy and transmission electron microscopy images of syndiotactic and 

isotactic polypropylene lamellae, a direct evidence for the presence of a mesomorphic layer at 

the crystal growth front has not yet been documented.22, 28, 29 Thus, the mechanism of polymer 

crystallization is still a subject open to debate.  

In our previous work (refer to Chapter 4), we showed that the zero-growth temperatures 

of narrow molecular weight fractions of poly(ε-caprolactone) are within the uncertainty 

associated with the evaluated equilibrium melting temperatures determined for PCL by others26, 

30-32 using the thermodynamic Gibbs-Thomson treatment. We suggested that crystallization of 

PCL does not involve a mesophase. We also reported that the chain length dependence of 

spherulitic growth rates of the PCL fraction do not obey the Rouse model prediction in the LH 

model. The chain length dependence of the friction coefficient was concluded to play a 

significant role in polymer crystallization. In the present study, we report additional evidence 

suggesting that the mesophase-mediated route, suggested by Strobl,22 is not accessed by PCL 

during crystallization from the melt. Our conclusions are reached from the measurements of 

lamellar crystal thicknesses and lateral crystal dimensions for PCL at various crystallization 

temperatures using SAXS and WAXD experiments. Critical evaluation of the crystallization line 

and the corresponding T∞mc was further carried out in the context of Strobl model. Evaluation of 

the melting line will be discussed in a future publication. 
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For assistance in understanding of the SAXS analysis described in this work, we will first 

provide some essential theoretical background information,33-35 which will encompass the 

different methods that are currently available for extracting the lamellar thicknesses (lc), 

amorphous thicknesses (la) and long spacings (also known as long period, Lp) from SAXS 

intensity patterns. For more details regarding the LH and Strobl models, readers are referred to 

Chapter 2 of this dissertation or the relevant literature.3, 4, 22, 36 

5.2 Theoretical Background 

Small angle X-ray scattering is a technique, which is routinely applied for 

characterization of the periodicity associated with different morphologies developed in block 

copolymers, homopolymers, polymer solutions and polymer blends.37-44 When a sample is 

irradiated with X-rays, a SAXS pattern arises as a result of the electron density difference 

between the regions of dimensions on the order of few nanometers to tens of nanometers. 

These SAXS intensity patterns are typically recorded at scattering angles below 2o where the 

incoherent Compton scattering contribution is insignificant.45 In the case of semicrystalline 

flexible polymers, the lamellar stack morphology with alternating lamellar and amorphous layers 

of thickness lc and la, respectively, is the most commonly observed morphology. If these 

lamellar stacks are randomly oriented within the sample, then the scattering pattern is observed 

due to the three-dimensional scattering. Hence, in order to determine the structural periodicity 

inside the stacks, it is necessary to obtain the one-dimensional scattering intensity along the 

normal to the lamellae present within the lamellar stacks.33-35 If the lateral dimensions of the 

lamellae are much larger than the periodicity associated with the stacks, then the one-

dimensional scattering intensity (also known as the Lorentz-corrected intensity, I1(s)) can be 

obtained from the observed three-dimensional scattering intensity, I(s), using eq. (5.1). 

I1 s = 4πs2I(s) (5.1) 
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Here the scattering vector, s (also expressed as q/2π), is related to the scattering angle (2θ) 

through the following relationship, where λ is the X-ray wavelength.  

s  =  
2sinθ
λ

 (5.2) 

Integration of the one-dimensional scattering intensity as a function of s yields the scattering 

power, Q:  

Q = C  V Xsph 𝜙(1-𝜙)(𝜌c-𝜌a)
2 (5.3) 

where V is the scattering volume, ρc and ρa is the electron density in the lamellar and 

amorphous region, respectively, C is a constant (that originates from the fact that arbitrary units 

are often used in the scattering experiments), Xsph is the volume fraction of spherulites, and 𝜙 is 

the linear degree of crystallinity (defined as the ratio of lamellar thickness, lc, to the long 

spacing, Lp , where Lp is equal to lc + la). 

The SAXS patterns exhibit a maximum intensity at the scattering vector, speak, 

characteristic of the periodicity in the stacks. Applying Bragg’s law, LB = 1/speak, Bragg’s spacing 

(LB) can be calculated from the scattering vector speak associated with the first order intensity 

maximum.33-35 However, detailed analysis of SAXS curves is necessary to gather further insight 

into the lamellar and amorphous thicknesses at given crystallization conditions. A number of 

approaches are available for extracting the lamellar thickness from the observed SAXS intensity 

pattern. In the following section, we will discuss two of the principal methods. In the first 

approach, the experimental scattering intensity is processed using the one-dimensional 

correlation function46 and/or interface distribution function.47 The second approach involves 

fitting the experimental scattering intensity using the generalized Hosemann-Bagchi 

Paracrystalline Lattice Model.48 For in-depth discussions of these two approaches, readers are 

referred to the relevant literature.46, 47, 49, 50  

5.2.1 One-dimensional Correlation Approach: First proposed by Vonk and Kortleve,46 this 

approach initially assumes the presence of an ideal two-phase lamellar stack. This approach 
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describes the probability that the end points A and B, of a hypothetical rod AB of length, x, 

traversing normal through the lamellar layers, are always situated inside the lamellae.  

The one-dimensional correlation function is obtained from the Fourier Transform of the 

scattering intensity, I(s), recorded up to very large scattering vectors, s, and is shown in eq. 

(5.4). 

γ x = 
(I s  - B) s2cos (2πsx) exp (4π2s2a2) ds∞

0

(I s  – B)s2 ds∞
0

 (5.4) 

The term B in eq. (5.4) is called the background, or more appropriately, the liquid scattering and 

accounts for fluctuations in electron density within both the crystal and the amorphous phases, 

the latter being more significant. The interfaces between lamellar and amorphous regions are 

actually not sharp. The experimental intensity is therefore corrected for the presence of an 

electron density gradient layer of thickness, a, through the Gaussian term in eq. (5.4). The 

denominator in eq. (5.4), proportional to the scattering invariant or scattering power, Q, allows 

normalization of the one-dimensional correlation function.  

The effect of the width of thickness distributions on the shape of one-dimensional 

correlation function, for a sample with less than 20% crystallinity, is shown in Figure 5.1. The 

area defined by WZN is known as the “self-correlation triangle”. For the case of an ideal two-

phase morphology (curve I), where the distribution of amorphous and crystal layer thicknesses 

is given by delta functions, the first minimum is flat (shown as NY in Figure 5.1). Thus, the linear 

crystallinity can be deduced from point Z as shown in Figure 5.1. The length ZN corresponds to 

the lamellar thickness, lc. The slope of the line WM at x = 0 gives an estimate of the interface 

surface area per unit volume, Os. As the widths of the thickness distributions increase, the 

correlation function develops curvature (curve II). In the case where thickness distributions 

become even broader (curve III), the first minimum becomes more tapered. Hence, a separate 

evaluation of 𝜙 becomes necessary to determine the lamellar thicknesses using the relation, lc = 

Lp 𝜙. Also in this case, the minimum in the correlation function no longer provides an estimate of 
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𝜙, in contrast to the scenarios discussed in Curves I and II. However, it should be noted that a 

tapered first minimum is also observed when the crystallinity is around 50%. If the crystallinity is 

lower than 35% or greater than 65%, the flatness of the first minimum can be noticed and thus 

the lamellar thickness can be easily obtained, as long as the breadth of the crystal and 

amorphous distributions are sufficiently narrow.  

 

 

Figure 5.1: One-dimensional correlation function for different distributions of lamellar 

thicknesses. Curve I (thick line) corresponds to a thickness distribution given by a delta function. 

Curve II (dashed line) corresponds to a broader distribution and curve III (dotted line) 

corresponds to an even broader distribution. Curve IV (thin line) shows the curvature due to 

presence of a diffuse interphase. The drawing is adapted from Balta-Calleja and Vonk.33 

 

In contrast to curves I, II or III, curve IV represents the scenario where curvature is 

observed at the start of the one-dimensional correlation function (i.e. near x = 0). This curvature 

would be observed if the scattering intensity had not been appropriately corrected for the 
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presence of a diffuse interphase between lamellar and amorphous regions. Thus, it is clear that 

analysis of the scattering data in the context of the ideal two phase model requires that I(s) be 

fully corrected for the contributions arising from the background scattering (B) and from the 

diffuse interphase before the correlation function can be estimated.33, 35 The details pertaining to 

these corrections are described below. 

5.2.1.1 Corrections Necessary for the Experimental SAXS Intensity: 

1) The background scattering arises from thermal and other density fluctuations within the 

crystal or amorphous phases51 and contributes significantly at the highest angles in the SAXS 

region (i.e. in the lower tail region of the amorphous halo observed in wide-angle X-ray 

diffraction (WAXD) patterns). If the SAXS intensity is not recorded to sufficiently high scattering 

vectors, onset of the amorphous halo may not be observed. Hence, a constant background is 

generally subtracted in such cases.52 However, for polymers that do not exhibit high order 

scattering maxima in the high s region of the SAXS pattern (for instance, isotactic 

polystyrene53), onset of amorphous halo is clearly observed. The background intensity can thus 

be extrapolated from high scattering vectors to zero scattering vector using eqs. (5.5) and (5.6) 

proposed by Ruland47 and Vonk et al.,54 respectively. Here u and v are constants and n is an 

even integer. 

B = u exp(-vs2) (5.5) 

B = u + bsn (5.6) 

Use of eq. (5.5) or (5.6) then, allows for the appropriate subtraction of the liquid/background 

scattering intensity from I(s).33  

2) Corrections of I(s) for the existence of a diffuse interphase can be carried out using either 

linear or sigmoidal electron density gradients between the two phases. For the sigmoidal density 

gradient model used here (see eq. (5.4)), the thickness a of the interphase layer can be 

determined from the slope of a plot of ln[(I-B)s4] as a function of s2.52, 55 
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3) Extrapolation of the experimental scattering data to high scattering vectors, which is required 

by eq. (5.4), is performed after correction of the experimental scattering intensity for background 

scattering (correction 1) and a diffuse interphase (correction 2). This extrapolation is carried out 

using Porod’s law,56 which predicts that the scattering intensity from a two-phase morphology 

with sharp boundaries is directly proportional to s-4 in the limit of large scattering angles.  

lim
s⟶∞

I(s) =
Kp  exp (-4π2s2a2)

s4
+  B (5.7) 

Here, Kp is the Porod’s constant given by eq. (5.8),  

Kp=
 N∆ρ2OsLp

4π2
≈

 N∆ρ2

2π2
 (5.8) 

Os, the specific surface area between amorphous and lamellar regions is equal to 2/Lp.34, 50, 57-59 

Notice in eq. (5.7), that extrapolation of the experimental (i.e. uncorrected) scattering 

intensity to high s values, requires the Porod intensity to be adjusted for background scattering 

as well as for the diffuse interphase. Generally, observation of a smooth monotonous decrease 

in the fully corrected scattering intensity at higher scattering vectors is helpful in the 

determination of the lower limit (sp) of the Porod region. This lower limit is generally taken in the 

range of s values between the 1st and the 3rd order scattering maxima.47, 60 We note that positive 

deviations from Porod’s law61, 62 are associated with density fluctuations within the phases 

(liquid scattering), while negative deviations52, 55, 63 associated with the presence of diffuse 

interphases. 

5.2.1.2 Determination of Crystal and Amorphous Thicknesses: If the first minimum in the 

one-dimensional correlation function is tapered, then the crystal or amorphous thickness is 

calculated using eq. (5.9),64 where ro is the x-axis intercept of the tangent of γ x  taken near x = 

0 and Lp is deduced from the first maximum in the one-dimensional correlation function. 

𝑙!=
Lp  ±   Lp

2  -  4Lpro
2

 
(5.9) 
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Whether a positive or negative sign is used in the crystal thickness calculation given by 

eq. (5.9) depends on whether the linear crystallinity is greater or lower than 50% (𝑙! > la or vice-

versa). The amorphous thickness is obtained by subtracting the crystal thickness from the long 

spacing, Lp.64 While number-average crystal and amorphous layer thicknesses can be obtained 

in this manner, it should be noted that the one-dimensional correlation function does not provide 

estimates for the distribution of such layer thicknesses within the lamellar stacks.  

5.2.2 Interface Distribution Function (IDF): This approach was first introduced by Ruland47 in 

1977 and was further elaborated by Stribeck and Ruland in 1978.60 This approach also 

assumes the ideal two-phase lamellar stack model, where all lamellae are planar and parallel to 

each other. The density of each phase is assumed constant. The IDF provides a measure of the 

distribution of distances between amorphous (A) and crystal (C) interfaces traversed by an 

imaginary rod as it passes normal through the lamellar surfaces and experiences several 

regions of high and low electron density. The IDF is denoted here as γ" x   and is represented in 

terms of the thickness distributions as shown below. 

γ" x =
 Os∆ρ2

2
(HC(x) + HA(x) – 2HAC(x) + HACA(x) + HACC(x)…..) (5.10) 

Here, the first three terms in the brackets correspond to the distributions of amorphous 

thickness, crystal thickness and long spacing (named as HC(x), HA(x) and HAC(X), respectively) 

and are considered most important contributors to the final IDF expression given below. 

γ" x  = 4π2 
[ (I s  - B)s4 exp (4π2s2a2)) - Kp ] cos (2πsx) ds∞

0
Q

 (5.11) 

The IDF can also be obtained from the second derivative of the one-dimensional correlation 

function given by eq. (5.4).33, 60 As can be noticed in eq. (5.11), the IDF approach, like the one-

dimensional correlation approach, also requires the experimental and the Porod intensities to be 

corrected for diffuse interphases and thermal density fluctuations. Figure 5.2 illustrates a typical 

IDF curve for an ideal two-phase system in a sample of low crystallinity. The IDF must 
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necessarily be greater than or equal to zero at the origin. While the maximum of the first peak 

gives the most probable crystal thickness, the maximum of the second peak yields the most 

probable amorphous thickness. The first minimum corresponds to the most probable long 

spacing. By fitting these peaks with Gaussian or log-normal distribution functions, the 

distribution of crystal or amorphous thicknesses can be determined. The IDF therefore presents 

a clear advantage over the one-dimensional correlation function. When the first three peaks are 

not overlapping with each other, information about the crystal thickness, amorphous thickness, 

and long spacing distribution functions can be easily obtained. However, when the crystallinity is 

around 50%, the peaks associated with amorphous and crystal thickness distributions will 

overlap, thereby making it difficult to unambiguously determine the individual thickness 

distributions.49 Crist50 has addressed the limitations of both the one-dimensional correlation 

function and the interface distribution function approaches in detail.  

 

 

Figure 5.2: Interface distribution function for a low crystallinity sample. The drawing is adapted 

from Balta-Calleja and Vonk.33 
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5.2.3 Hosemann-Bagchi Paracrystalline Lattice Model: This model has been widely used to 

analyze the experimentally observed SAXS intensity profile of semicrystalline polymers 

exhibiting lamellar morphology48 and to derive estimates of the number-average crystal 

thickness (lc), the number-average amorphous thickness (la) and the number-average long 

spacing (Lp). Here, the lamellar stacks are assumed to consist of only two alternating phases: 

crystal and amorphous (see Figure 5.3). The electron density is considered to change sharply 

from one phase to another i.e. Δρ = ρc - ρa. Each lamellar stack is assumed to contain an 

infinitely large number of crystalline and amorphous layers, which are strictly parallel to each 

other. It is also assumed that the crystal thickness (C), the amorphous thickness (A) and the 

long spacing (L) are variable. 

 

 

Figure 5.3: Electron density distributions inside a lamellar stack with variable crystalline (C) and 

amorphous (A) layer thicknesses. 

 

Here we assumed the distributions of crystal thickness, amorphous thickness and long 

spacing within lamellar stacks to be Gaussian and given by H(C), H(A) and H(L), respectively 

(see eqs. (5.12)-(5.14)).  

H(C) = 
1

δC 2𝜋
exp ( - (C- lc )

2

2δC
2 ) (5.12) 

H(A) = 
1

δA 2𝜋
exp ( - (A- la )

2

2δA
2 ) (5.13) 
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H(L) = 
1

δL 2𝜋
exp ( - (L- Lp  )

2

2δL
2 ) (5.14) 

where δC, δA and δL correspond to the respective standard deviations on C, A and L. The 

Lorentz-corrected intensity, I1(q) is then given by:50 

I1(q) = IB(q) + IN(q) (5.15) 

where IB(q) is the Babinet intensity component arising from electron density fluctuations within 

the lamellar stacks and is given by eq. (5.16). We note in eq. (5.16) that the Babinet intensity is 

proportional to the number (N) of crystalline lamellae in the stack and is unaffected when the 

crystal and amorphous thickness distributions are interchanged. IN(q), given by eq. (5.17), is 

known as the zero-order (or non-Babinet) intensity whose contribution to the total Lorentz-

corrected intensity is significant only when the scattering takes place from a finite number of 

lamellae. 

IB q  = 2N(
Δ𝜌
q
)2 (

1 - FC  1- FA
(1 - FCFA)

)Real (5.16) 

IN q  = 2(
Δρ
q
)2 (

  FA(1 - FC)
2 (1 - (FAFC)

N  )

(1 - FCFA)
2  )Real (5.17) 

In the above equations, FC and FA are the Fourier transforms of H(C) and H(A), respectively. 

FC = exp ( -δC
2 q2

2
)  exp (-iqlc) (5.18) 

FA = exp ( -δA
2q2

2
)  exp (-iqla) (5.19) 

Since lamellar stacks generally contain a large number of crystal lamellae in the case of flexible 

semicrystalline polymers, it is usually justifiable to neglect the non-Babinet term in comparison 

to the Babinet term, i.e. I1(q) ! IB(q).50 Using eq. (5.16), a nonlinear multivariable fitting of the 

experimental I1(q) vs. q data can be performed to yield estimates of lc, la, δc and δa.  

In this study, we will first show the analysis of the fully corrected experimental scattering 

intensity profile, recorded at various crystallization temperatures, using both the one-
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dimensional correlation function approach and the generalized Hosemann-Bagchi model. The 

crystal thickness extracted from the most suitable approach will then be used to build a plot of 

crystallization temperature versus reciprocal lamellar crystal thickness in the context of both 

Lauritzen-Hoffman and Strobl models of polymer crystallization. To further examine the self-

consistency of the Strobl model predictions, the mesophase-to-crystal equilibrium transition 

temperature (extrapolated from this plot) will also be compared to that expected using separate 

wide angle X-ray diffraction experiments.  

5.3 Experimental 

5.3.1 Materials: Pelletized bulk PCL with number-average molecular weight of 36 kg/mol and 

polydispersity index of 1.36 was purchased from Sigma Aldrich Inc. and used as received. 

KaptonTM films (7.62 µm thickness) were purchased from SPEX Industries Inc. 

5.3.2 Sample Preparation: Using a Carver laboratory press (Model C), PCL pellets were melt-

pressed at 100oC for 2 minutes under a dry nitrogen purge gas environment to yield ca. 1.0 mm 

thickness samples. The molten films were immediately transferred to a Blue M Oven (Model 

M0142SA) equilibrated at specified crystallization temperatures ranging from 35 to 54oC (see 

Table 5.1). Samples were crystallized at each temperature for long enough periods of time (see 

Table 5.1) to ensure that only little crystallinity could develop during quenching to room 

temperature. The oven temperature was calibrated using thermocouples located near the 

sample and was found to be stable within ± 0.2oC. 

5.3.3 Small Angle X-ray Scattering: Synchrotron SAXS experiments were carried out at the 5-

1D-D beamline of the Advanced Photon Source (APS) of Argonne National Laboratory.  Each 

sample of interest was first sandwiched between two KaptonTM films. Using an O-ring, this 

sandwich was then affixed to the sample platform of a Linkam THMS600 heating/cooling stage 

that had a 1.0 mm diameter hole for the passage of the X-rays. The X-ray beam was 

characterized by a wavelength, λ = 0.07293 nm and diameter of 350 µm. The top and bottom 
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windows of the heating/cooling stage were also covered with KaptonTM films to minimize any 

heat loss and associated temperature gradients. The sample temperature in the Linkam stage 

was regulated within ± 0.1oC using a Linkam T-95-PE temperature controller and calibrated 

using a thermocouple embedded in the polymer matrix. The entire Linkam stage assembly was 

oriented normal to the incident X-ray beam. The scattering experiments were performed using a 

sample to detector distance of 3000 mm. The angular calibration was performed using the 

scattering vector, q, corresponding to the first three orders of diffraction of a silver behenate 

standard. The scattering intensity was corrected for the scattering and absorption from the 

KaptonTM films. The scattering patterns of KaptonTM films and of sandwiched PCL samples were 

recorded at their respective crystallization temperatures using a marCCD detector in the q range 

from 0.086 to 3.84 nm-1. X-ray exposure time of each sample was 4 seconds per frame. Six 

such frames were recorded, each separated by an interval of 10 seconds. The average intensity 

was used in the data analysis. 

5.3.4 Wide Angle X-ray Diffraction: The set-up of the Linkam assembly was identical to that 

described in the SAXS experiments. The WAXD experiments were carried out using the Rigaku 

S-Max 3000 SAXS/WAXD instrument at Virginia Tech. This instrument was equipped with a 

Micromax-007HF high intensity microfocus rotating anode copper source (CuKα, λ = 0.154 nm, 

operated at 40 kV and 30 mA) and a gas filled 2-D multiwire, proportional counting detector. The 

X-ray beam was collimated using three pinholes. WAXD patterns of precrystallized samples 

were recorded for 20 min under vacuum at their respective crystallization temperatures using a 

Fujifilm HR-V image plate (with an aperture of 0.375” diameter). The WAXD patterns were also 

obtained at several temperatures in the melt-state. The image plate was scanned using a 

RAXIA-Di image plate reader. WAXD patterns were obtained in a 0.05 - 0.33 nm-1 q range (i.e. 

2θ between 7 and 47o) using a sample-to-image plate distance of 92.0 mm. Angular calibration 

was performed using the third order diffraction ring of a silver behenate standard. The room 

temperature q-values of the WAXD diffraction peaks were identical to these obtained 
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independently using a Rigaku Miniflex 600 following the specifications reported by Hoang.53 

Using the SAXSGUI software package, the WAXD scattering intensity was corrected for 

KaptonTM scattering as well as absorption.  

5.4 Results and Analysis 

5.4.1 Initial Processing of the SAXS Intensity: The experimental scattering pattern shown in 

Figure 5.4, for sample crystallized at 35.2oC, is representative of those observed for all samples 

investigated here. In the s region below 0.0036 Å-1, the scattering due to the beam stop was 

replaced by a quadratic function. Up to three regularly separated scattering peaks are 

noticeable in Figure 5.4. This confirms that the small angle X-ray scattering of semicrystalline 

PCL arises from a highly ordered morphology.  

 

 

Figure 5.4: Experimental SAXS pattern for PCL melt-crystallized at 35.2oC for 6 hours. 
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A constant background scattering intensity, B, was obtained by averaging the experimental 

scattering intensities in the s range between 0.05 and 0.06 Å-1 and was subtracted from the 

scattering curve. The Lorentz-correction was then applied using eq. (5.1). Figure 5.5 shows a 

plot of the Lorentz-corrected scattering intensity as a function of scattering vector, s.  

 

 

Figure 5.5: Lorentz-corrected scattering intensity for PCL melt-crystallized at 35.2oC   

 for 6 hours. 

 

After Lorentz-correction, the multiple peaks can be distinguished more clearly. The large peak-

widths indicate that the crystal and amorphous thicknesses might exhibit broad distributions. A 

fourth order peak is also observed at s ~ 0.045 Å-1. The presence of multiple peaks in the 0.006 

to 0.05 Å-1 scattering range coupled with an appreciable increase in the noise beyond s ~ 0.04 

Å-1 make it very difficult to unambiguously define the region of the scattering curve where the 

experimental scattering intensity, I1(s), follows the 1/s2 Porod law. Since the Porod extrapolation 

is a necessary step in analyses of both the one-dimensional correlation function and the 

interface distribution function, we decided to follow an alternate approach and first analyze our 
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scattering data using the Hosemann-Bagchi model. As will be shown later, the thicknesses 

determined using this model can be employed in a novel calculation of the Porod constant, Kp. 

5.4.2 Hosemann-Bagchi Model Analysis: The Lorentz-corrected experimental intensity was 

fitted with eq. (5.20), which is a slightly modified version of eq. (5.16) reported earlier by 

Hosemann and Bagchi.33, 48 This modified version accounts for the presence of a diffuse 

interphase of thickness, a. 

I1 q  = 2N(
Δ𝜌
q
)2exp (-q2a2) ( 1 - FC  1- FA

(1 - FCFA)
)Real (5.20) 

The IGOR ProTM data analysis software package was used to carry out the multivariable fitting 

procedure of I1(q) using eq. (5.20) (see Figure 5.6). The peak positions and widths in the 

experimental scattering curve closely match these of the curve fit up to the second order 

scattering peak. We believe that enhanced noise levels beyond the third order scattering peak 

significantly restrict the quality of the fit in this s-region.  

 

 

Figure 5.6: Fit of the corrected experimental scattering data (continuous line) using the 

Hosemann-Bagchi model (dotted line) for PCL melt-crystallized at 44.0oC for 24 hours. 
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The convergence of the fit yielded values for the crystal thickness, lc, amorphous thickness, la, 

and their respective standard deviations, gc and ga. Results of the Hosemann-Bagchi analysis 

are listed in Table 5.1 for all samples precrystallized for time tc. Values for the interphase 

thickness, a, the linear crystallinity, φ, and long spacing, Lp, are also reported in Table 5.1. 

 

Table 5.1: Results of the Hosemann-Bagchi Model Fitting.  

Uncertainties on all thickness values are less than 5%. 

Tc, oC tc, hrs a, Å lc, Å gc	  =	  δc	  /	  lc	   la, Å ga =	  δa	  /	  la	   Lp, Å ϕ 

35.2 6 4.3 58 0.60 70 0.12 128 0.45 

38.2 12 4.7 60 0.61 73 0.11 133 0.45 

41.2 24 5.3 64 0.59 75 0.09 139 0.46 

44.0 24 3.7 68 0.57 76 0.10 144 0.47 

46.8 48 5.2 70 0.59 79 0.09 150 0.47 

50.7 48 5.5 77 0.55 80 0.09 157 0.49 

53.6 72 4.3 85 0.52 81 0.07 165 0.51 

 

It should be noted from examination of eqs. (5.18), (5.19) and (5.20) that it is impossible to 

apriori associate the thicknesses determined by the fit with either the crystal or the amorphous 

layer (Babinet reciprocity principle). To lift this ambiguity, researchers generally use 

independent information about the degree of crystallinity. In the present case, the inherently low 

degree of crystallinity reported for PCL from calorimetric and dilatometric measurements 

suggests that the linear crystallinity, 𝜙 , should be lower than 50%, especially at low to 

intermediate crystallization temperatures.59, 65, 66 We also expect the degree of crystallinity to 

increase with crystallization temperature. These assumptions led us to the results presented in 

Table 5.1, where lc , la and 𝜙 increase with crystallization temperature. The interphase thickness 

values were around 5 Å and did not exhibit any particular trend with crystallization temperature. 
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Comparison of the gc and ga values indicate, in contrast with general expectations50 that the 

crystal thickness distribution is much broader than the amorphous thickness distribution. 

5.4.3 One-dimensional Correlation and Interface Distribution Function Analysis: From the 

multiple scattering peaks seen in Figure 5.4, it can be understood that crystallization of PCL 

chains takes place in such a fashion that very ordered lamellar stacks are produced. Since the 

Lorentz-corrected intensity does not appear to decay monotonously near the upper limit of the 

observed scattering range, it is possible that the Porod region is most likely hidden under the 

scattering peaks. During our personal communication, Stribeck67 suggested that the scattering 

vector range in our study was insufficient to study the existence of Porod’s law. Consequently, 

determination of the Porod constant by the classical method52 (plotting ln[s2I1(s)] vs. s2) was 

problematic. To resolve this difficulty, we developed a novel approach (see below) for the 

determination of the Porod constant, Kp, and the scattering invariant, Q, assuming a constant B 

in the s range of 0.05 and 0.06 Å-1. The Porod constant estimated by this method was then used 

to carry out the necessary Porod extrapolation of scattering intensity to high scattering vectors.  

5.4.3.1 Novel Approach for the Determination of the Porod Constant and the Scattering 

Invariant: Following the works by Crist50 and Goderis et al.,57 the total scattering invariant, 

given in eq. (5.3) for sharp interphases, can be modified to account for the presence of diffuse 

interphases (see eq. (5.21)).  

Q = 
N
2

 (∆ρ)2Lp ( ϕ(1-ϕ) - 
a
Lp

 ) (5.21) 

Following eq. (5.8), we can express Q (given by eq. (5.21)) in terms of Kp.  

Q  =  4π I  (s)-  B   s2ds    =  
  ∞

0
π2Lp(ϕ 1-ϕ -

a
Lp
)Kp (5.22) 

Now, we define smax as the scattering vector above which the experimental scattering intensity is 

replaced by the Porod intensity. Thus, the total scattering invariant Q in eq. (5.22) can now be 

effectively expressed as the sum of two integrals, the first, denoted Qfinite is calculated from s = 0 
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to s = smax, the second, denoted Qinfinite, is calculated from s = smax to s = ∞ (see eq. (5.23)). Note 

that the Porod intensity in Qinfinite is also background corrected and is obtained from eq. (5.7). 

Q  =  Qfinite  +  Qinfinite  =   I  (s)-  B   s2  ds
  smax

0
  + 

Kp exp (-‐  4π2s2a2)
s2

ds
  ∞

smax
 (5.23) 

The Porod constant, Kp is then obtained by equating the two expressions for Q given by eqs. 

(5.22) and (5.23), where Qinfinite is obtained through integration by parts and given by eq. (5.24): 

 Qinfinite = Kp ( 
exp (- 4π2smax2 a2)

smax
- 2aπ3/2(1- erf(2πsmaxa)) ) (5.24) 

Kp = 
I (s)- B  s2 ds smax

0

- exp (- 4π2smax2 a2)
smax

 + 2aπ3/2(1- erf(2πsmaxa))  + π2Lp(ϕ 1-ϕ -
a
Lp
)
 (5.25) 

Once Kp is determined, it is substituted back into Qinfinite to yield the total scattering invariant, Q. 

5.4.3.2 Determination of the Lamellar Crystal Thickness using Kp and Q: 

1) In the first step, we used the 𝜙, Lp and a values obtained from the Hosemann-Bagchi 

approach to determine the value of Kp through eq. (5.25). 

2) The Lorentz-corrected intensity, I1(s), between s = 0 and s = sp was corrected for the effect of 

diffuse interphase of thickness, a, and background scattering (constant B). Justification for 

choosing sp between 0.015 and 0.016 Å-1 is given later in this section. 

3) Extrapolation of the intensity I1(s) was carried out between s = sp and large scattering vectors 

(up to s = 0.5 Å-1) using Porod’s law (eq. (5.7)). The extrapolated intensities were also corrected 

for the effect of diffuse interphase and background scattering. Figure 5.7 shows the overlay of 

the fully corrected scattering intensity and the Porod intensity as a function of s. The Porod 

intensity can be seen passing systematically through the experimental intensity.  

4) The scattering intensities in the s region between 0 and 0.5 Å-1 were then interpolated at 

regular Δs intervals using the IGOR ProTM data analysis software package to carry out a Fast 

Fourier Transformation. 



	  

	   137 

5) Using the same software package, a Fast Fourier Transform was carried out to estimate the 

one-dimensional correlation function given by eq. (5.4) (see Figure 5.8). Note that, since we did 

not obtain absolute scattering intensities, the one-dimensional correlation function had to be 

normalized to 1 at the origin. This normalization enables a consistent comparison of samples 

crystallized under different conditions. 

6) New values of lc, Lp and 𝜙 (where  𝜙 =lc /Lp) were determined from the one-dimensional 

correlation as described in eq. (5.9). 

7) The second derivative of the one-dimensional correlation function yields the IDF. 

 

 

Figure 5.7: Fully corrected scattering intensity (continuous line) and the Porod Intensity (dotted 

line) as a function of scattering vector, s, for PCL crystallized at 53.6 oC for 72 hours. 
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Figure 5.8: One-dimensional correlation function obtained using sp = 0.0155 Å-1 for PCL 

crystallized at 53.6 oC for 72 hours. 

 

5.4.3.3 Justification for the Scattering Vector (sp) Chosen for the Porod Extrapolation:  

The value of sp that most suitably justifies the beginning of the Porod region was 

determined through examination of the one-dimensional correlation function and the interface 

distribution function. For a PCL sample crystallized at 53.6oC, we repeated steps 2-7 using sp 

values of 0.008, 0.0155, 0.022, 0.027 and 0.036 Å-1. Table 5.2 demonstrates the effect of sp on 

the parameters derived from the one-dimensional correlation function. The positions of the first 

minimum and first maximum in the one-dimensional correlation function remained unchanged 

when varying sp. However, the crystal thickness obtained through eq. (5.9) was found to change 

appreciably. The crystal thickness and linear crystallinity obtained from the one-dimensional 

correlation function developed using sp = 0.0155 Å-1 were closer to that obtained using the 

Hosemann-Bagchi model (see Table 5.1).  
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Table 5.2: Effect of sp on lc, Lp and 𝜙 determined using the one-dimensional correlation 

function for PCL crystallized at 53.6oC for 72 hours. 

sp Lp, Å lc, Å la, Å Ф 

0.008 176 68 108 0.39 

0.0155 176 77 98 0.44 

0.022 176 64 111 0.37 

0.027 176 67 109 0.38 

0.036 176 59 116 0.34 

 

Ripples were evident in the interface distribution function obtained from the second 

derivative of the one-dimensional correlation function, which was developed using sp = 0.022, 

0.027 and 0.036 Å-1(see Figure 5.9). The x-position of the first maximum was unaffected by the 

choice of sp except for sp = 0.008 Å-1 where the x-position was lower by ~5%. In all cases the 

IDF initially oscillates around zero before exhibiting the first maximum. For sp = 0.008 Å-1, the 

first maximum in the IDF appears to be much broader in comparison to that seen for sp = 0.0155 

Å-1. These observations provide further support for beginning the Porod extrapolation at sp = 

0.0155 Å-1. Usually a second maximum is also seen next to the first maximum in the IDF. 

However, considering that PCL exhibits a degree of crystallinity around 50%, we believe that 

first and second maxima overlap, and cannot be isolated by any deconvolution procedure. For 

sp = 0.0155 Å-1 the first minimum (corresponding to the long spacing in the ideal case) was fairly 

broad in comparison to the first minimum for sp = 0.008 Å-1. Crist50 has reported that the first 

minimum in the IDF does not yield an accurate long spacing if this minimum is too broad or 

interferes with neighboring peaks. On this basis, we believe that for sp = 0.0155 Å-1 the long 

spacing cannot be evaluated with consistency, although either the crystal or the amorphous 

layer thickness can be reliably estimated from the x-position of the first maximum.   
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Figure 5.9: Interface distribution function calculated for different values of sp for PCL 

crystallized at 53.6 oC for 72 hours. 

 

Thus, from the results of both the one-dimensional correlation function and the interface 

distribution function, we conclude that the choice of sp between 0.015 and 0.016 Å-1 (depending 

on the scattering profile for each sample) is the most suited for a consistent Porod extrapolation. 

This result is also in agreement with previous reports in the literature, where it is generally 

suggested that the Porod extrapolation should begin between the first and second order of 

diffraction.47 
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5.4.4 Comparison of Hosemann-Bagchi, One-dimensional Correlation Function and 

Interface Distribution Function Results: In Figure 5.10, we show the one-dimensional 

correlation functions generated for PCL crystallized at different temperatures using an sp value 

between 0.015 and 0.016 Å-1. Both the first minimum and the first maximum can be seen to shift 

progressively to larger distances, x, as the crystallization temperature is increased. The slope 

associated with the first minimum of the one-dimensional correlation function is also seen to 

decrease with increasing crystallization temperature. The long spacing as well as the lamellar 

thickness (obtained using eq. (5.9)) was found to increase with the crystallization temperature. 

 

 

Figure 5.10: One-dimensional correlation functions obtained using sp = 0.0155 Å-1 for PCL 

crystallized at different temperatures. 

 

Table 5.3 lists the crystal thickness, long spacing and linear crystallinity obtained from 

the one-dimensional correlation function. The crystal thicknesses reported in Table 5.3 match 
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closely these calculated with the Hosemann-Bagchi model and reported in Table 5.1 for the 

majority of our PCL samples, with a maximum uncertainty of about 10%. The long spacings 

reported in Table 5.3 are about 10% higher than these reported using the Hosemann-Bagchi 

model in Table 5.1. Consequently, the linear crystallinity reported in Table 5.3 is also slightly 

lower than that reported in Table 5.1. These trends of crystal thickness, long spacing and linear 

crystallinity are also displayed in Figure 5.11(a)-(d) for clarity. However, we need to recall that 

the Hosemann-Bagchi and the one–dimensional correlation function probe different moments of 

the crystal lamellar thickness distribution. 

 

Table 5.3: Comparison between the morphological characteristics derived from the one-

dimensional correlation function and the interface distribution function. 

                  One-dimensional correlation function Interface distribution function 

Tc, oC Lp, Å lc, Å la, Å Ф Lp, Å lc, Å la, Å Ф 

35.2 136 58 78 0.43 122 54 68 0.44 

38.2 142 59 83 0.41 124 54 70 0.44 

41.2 148 64 84 0.43 130 58 72 0.45 

44.0 154 65 89 0.42 132 58 74 0.44 

46.8 160 68 92 0.43 138 62 76 0.45 

50.7 168 71 97 0.42 144 66 78 0.46 

53.6 175 77 98 0.44 153 73 80 0.47 
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	   144 

 

 

 

Figure 5.11: Comparison of the crystallization temperature dependence of (a) crystal thickness, 

lc, (b) amorphous thickness, la, (c) long spacing, Lp, and (d) linear degree of crystallinity,  𝜙, 

obtained by fitting scattering data to the Hosemann-Bagchi model (diamonds), through the one-

dimensional correlation function (squares) and the interface distribution function (triangles).  
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The interface distribution function is shown in Figure 5.12 for PCL crystallized at different 

temperatures. Stribeck et al.60 suggest that the IDF should ideally begin at the values greater 

than or equal to zero if the presence for the diffuse interphase thickness has been sufficiently 

corrected. In our study, the IDF begins at negative values (see Figure 5.12) even though the 

corrections for the effect of the diffuse interphase were made. However, this observation is not 

uncommon.64 Both the first maximum as well as the first minimum shift progressively to higher 

distance, x, when the crystallization temperature is increased. The crystal thickness, the long 

spacing and the linear crystallinity obtained from the interface distribution function are reported 

in Table 5.3 and plotted in Figure 5.11(a)-(d). The values of the long spacing obtained from the 

first minimum of the IDF do not seem to be consistent with these obtained from the Hosemann-

Bagchi or the one-dimensional correlation function approaches. This discrepancy can be 

explained if we recall that, according to Crist,50 the first minimum in the IDF will not yield an 

accurate long spacing if the minimum appears too broad or interferes with the neighboring 

peaks. The thickness deduced from the first maximum of the interface distribution function was 

in close agreement with the value of the amorphous thickness obtained from the Hosemann-

Bagchi model. Hence, we believe that the first maximum observed in the interface distribution 

function corresponds to the amorphous thickness. In IDF, the peak corresponding to the 

lamellar crystal thickness is most likely convoluted with the first maximum and possibly less 

visible. This reasoning can be justified with our observations from the Hosemann-Bagchi 

analysis, in which the crystal thickness distribution was found to be broader than the amorphous 

thickness distribution. Hence, we can expect that the amorphous thickness distribution in IDF 

will appear more distinctly than the broader crystal thickness distribution. On this basis, we 

associate the first peak maximum in IDF to the amorphous thickness distribution and infer that 

the linear crystallinity in PCL is less than 50%. 
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Figure 5.12: Interface distribution function obtained using sp = 0.0155 Å-1 for PCL crystallized at 

different temperatures. 

 

5.4.5 Initial Processing of the WAXD Intensity: Following the methods outlined by Ruland45, 

68, 69 and Vonk,70 the incoherent Compton scattering was determined for PCL using the 

necessary atomic scattering factors for carbon, oxygen and hydrogen and the Breit-Dirac recoil 

factor.33 Using Ruland’s procedure33 each diffraction profile was analyzed to determine the 

appropriate scaling factor necessary to obtained absolute diffraction intensities. The exclusively 

coherent absolute intensity was then obtained for isothermally crystallized as well as molten 

samples by subtraction of the incoherent scattering.33 The amorphous halos recorded at several 

temperatures in the melt-state were linearly extrapolated to the desired crystallization 

temperature to yield the I’melt profile. The WAXD intensities (in electron units, e.u.) for both 

semicrystalline PCL (Isemicryst) as well as fully melted PCL (I’melt) specific to that crystallization 

temperature are shown in Figure 5.13.  
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Figure 5.13: Coherent absolute intensity profiles Isemicryst (s) and I’melt (s) are shown at 44oC for 

PCL in the semicrystalline state (dashed line) and in the molten state (continuous line), 

respectively. 

 

To ensure that the contribution from the amorphous scattering is thoroughly eliminated, 

scaling of I’melt was required to suitably fit the amorphous halo of semicrystalline PCL, recorded 

at the specific crystallization temperature. To achieve this scaling, we followed the method 

proposed by Vonk.70 As shown in Figure 5.14, for s-regions where no diffraction peaks were 

observed in the WAXD patterns of the crystallized sample, I’melt was directly scaled down to the 

true amorphous halo intensity, Ihalo, by a factor, Ψ. Here, Ψ is defined as the ratio between the 

WAXD intensity of the crystallized sample (Isemicryst) and the WAXD intensity of the molten 

sample (I’melt), i.e. Ψ = Isemicryst /I’melt.   
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Figure 5.14: Enlarged view of Figure 5.13 showing the true amorphous halo intensity (Ihalo, thin 

line) after scaling down from the melt scattering intensity (I’melt, thick line). 

 

For the s-regions, which showed diffraction peaks, establishment of the true amorphous 

halo background intensity was a little bit intricate. First, Ψ was calculated at the starting and 

ending s-values of the individual diffraction peak. Then, for every s value located between these 

starting and ending limits, the corresponding Ψint were interpolated linearly between the starting 

and ending Ψ values. However, it should be noted that, in s-regions containing multiple, poorly-

resolved reflections (for instance, see the s-region between 0.22 Å-1 and 0.28 Å-1 in Figure 5.14), 

the starting and the ending s-limits necessary for the interpolation of Ψint corresponded to the 

onset of the first peak and the end of the last peak, respectively. 

Thus, using a combination of Ψ and Ψint, the scattering profile for the melt (I’melt) was 

converted to the amorphous halo characteristic of the crystallized sample (Ihalo) (see Figure 

5.14). The amorphous halo was then directly subtracted from the WAXD profile of the 
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crystallized sample. Figure 5.15 shows the Lorentz-corrected WAXD profile for PCL crystallized 

at 44.0 oC after subtraction of the amorphous halo. Note that this profile represents the 

diffraction occurring solely from crystals. 

Determination of Lateral Crystal Widths: The Bragg spacings characteristic of semicrystalline 

PCL studied here matched closely these reported by Dorset et al.,71 Chatani et al.72 and Bittiger 

et al.73 According to Strobl et al.,22, 25 the mesomorph-to-crystal transition temperature not only 

controls the initial lamellar thickness but also controls the lateral crystal size, which is 

characteristic of the granular or block-like substructure formed during crystallization. Information 

about the lateral crystal dimension is obtained from (hk0) reflections. In our study, the sharp and 

high intensity (110) reflection located at s = 0.24 Å-1 was the best choice to extract the lateral 

crystal dimensions. Other reflections (for example, the (200) refection at s = 0.265 Å-1 and the 

(020) reflection at s = 0.401 Å-1) were either of low intensity or were too difficult to deconvolute 

from overlapping peaks (see Figure 5.15).  
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Figure 5.15: Lorentz-corrected and amorphous halo subtracted WAXD intensity profile for PCL 

crystallized at 44.0oC for 24 hours. 

  

Using the Debye-Scherrer relation74 (eq. (5.26)), the apparent lateral crystal size, D, was 

deduced from the line width of the (110) reflection. The full-width at half-maximum (FWHM110) 

was obtained for each crystallized sample using the IGOR ProTM software package by fitting the 

(110) reflection with a log-normal distribution function (see Figure 5.16).  

D = 
λ

2*FWHM110*cosθ110
 (5.26) 

Here,  θ110 is half the scattering angle characteristic of the (110) reflection. 

In Figure 5.16(a), an excellent fit of the log-normal distribution function to the experimental 

WAXD intensity profile is clearly observed. Even the (110) and (111) peak reflections at s = 

0.240 Å-1  and s = 0.247 Å-1 respectively, are deconvoluted (Figure 5.16(b)) to satisfaction. 



	  

	   151 

 

Figure 5.16: (a) Fit of the experimental WAXD intensity (thick line) using the log-normal 

distribution function (dotted line) and (b) the deconvoluted (110) and (111) reflections after fitting 

using a log-normal distribution function, for PCL crystallized at 44.0oC for 24 hours. 

 

5.5 Discussion 

5.5.1 On the Choice of Hosemann-Bagchi Results: Despite the poor peak resolution in the 

interface distribution function, we were able to establish that the linear crystallinity in our 

samples was less than 50%. Moreover, the closeness between our results from both 

Hosemann-Bagchi model and the one-dimensional correlation function confirms the success of 

our novel method, which was primarily designed to determine the Porod constant in cases 

where the Porod extrapolation cannot be carried out directly from the experimental scattering 

curve. However, it should be noted that the values of thicknesses obtained from the one-

dimensional correlation function are very sensitive to the choice of sp. If the sp chosen for the 

Porod extrapolation is significantly different from its true value, then the corresponding one-

dimensional correlation functions and the resulting lamellar thicknesses will also be affected. 
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Thus, while our novel method for estimating the Porod constant yielded values of the lamellar 

thickness matching those obtained from the Hosemann-Bagchi model, further optimization of 

the sp values used in the one-dimensional correlation function is necessary. With this 

consideration, we used the Hosemann-Bagchi results in our discussions of the undercooling 

dependence of the lamellar thickness in the context of LH and Strobl models.  

5.5.2 Undercooling Dependence of the Lamellar Thickness in the Context of the LH 

Model: In the traditional LH model,3 the undercooling dependence of the initial lamellar crystal 

thickness was described by eq. (5.27.a), where σe is the initial (or kinetic) fold surface free 

energy, which was assumed to be independent of undercooling, C2 = δl, ∆Hf
∞(Tzg)  is the 

theoretical heat of fusion and ΔT is the undercooling given by the difference between the zero-

growth temperature, Tzg and the crystallization temperature, Tc. 

lc =
 2σeTzg

∆Hf
∞(Tzg)ΔT

+ C2 (5.27.a) 

Later, Marand et al.75 incorporated the undercooling dependence of the initial (or kinetic) fold 

surface free energy (such that σe = σe∞ (1+cΔT)), where c is a constant) into the original crystal 

thickness expression given by eq. (5.27.a). The modified expression was, thus, given as: 

lc =
 2σe∞Tzg

∆Hf
∞(Tzg)ΔT

+ C2 (5.27.b) 

where σe∞  is the thermodynamic fold surface free energy of the crystalline lamellae. The 

constant C2 takes into account the undercooling (ΔT) dependence of the kinetic fold surface fee 

energy, σe, and is expressed as: 

C2 = 𝛿l +
2cσe∞Tzg
∆Hf

∞(Tzg) 
 (5.28) 

In our analysis of the undercooling dependence of the lamellar thickness using eq. (5.27.b), we 

used the average zero-growth temperature of 87.0 ± 1.9 oC reported in our previous work (see 

Chapter 4.5.1) and the lc values derived using the Hosemann-Bagchi model (see Table 5.1). 
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Figure 5.17 shows the plot of lamellar thickness as a function of reciprocal undercooling. As 

expected from eq. (5.27.b), the lamellar thickness increases linearly with the reciprocal of the 

undercooling. From the slope and the intercept, values of σe∞ = 50.6 ± 4.8 mJ/m2 and C2 = 10.1 ± 

2.1 Å were obtained, respectively. This thermodynamic σe∞  value is significantly lower than the 

kinetic σe value of 138 mJ/m2 obtained from spherulitic growth rate measurements (see Chapter 

4.6.3.2). However, it should be recalled that the σe value inferred from growth rate 

measurements through the classical LH plot must be corrected for the combined effects of chain 

length and undercooling associated with transport in the marginal regime (see Chapter 4.6.4 

and Chapter 7.2).  

 

 

Figure 5.17: Lamellar crystal thickness, 𝑙c, as a function of the reciprocal undercooling (ΔT -1) in 

the context of the LH model. 

 

5.5.3 Undercooling Dependence of the Lamellar Thickness in the Context of Strobl’s 

Model: According to Strobl,22 the lamellar thickness in his multistage model is controlled by the 

undercooling below the equilibrium mesomorph-to-crystal transition temperature, T∞mc. The T∞mc is 
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extrapolated from the crystalline line, which describes the relationship, shown in eq. (5.29), 

between the crystal lamellar thickness and the associated crystallization temperature.  

Tc =  Tmc
∞ −

Mc  Tmc
∞  

𝑙c
 (5.29) 

Mc is a constant associated with crystallization line and is given by eq. (5.30) where σac(n) and 

σam are the interfacial free energies (in kJ/mol) associated with the initial lamellae and the 

mesomorphic layer, respectively. ΔHmc is the enthalpy (in kJ/mol) associated with mesomorph-

to-crystal transition. lo is the repeat unit length. 

 

 Mc =
 (2σac(n)-2σam)  𝑙o

∆Hmc
 (5.30) 

Figure 5.18 shows the plot of crystallization temperature as a function of the reciprocal lamellar 

thickness. This plot essentially compares the crystallization line obtained in this work to that 

reported by Strobl et al.26 for PCL. While Strobl et al.26 reported T∞mc = 135.0 oC for PCL, the 

extrapolation of our crystallization line yields T∞mc = 94.2oC. In Figure 5.18, we also show the Tzg 

(or T∞am) of 87.0 ± 1.9 oC. In our study, both T∞am and T∞mc seem to be located within close 

proximity to each other. This result is clearly inconsistent with a (T∞am - T∞mc) difference of about 

57oC reported by Strobl et al.26 Figure 5.18 also shows the non-linear variation of Tc with 1/𝑙c 

generated from eq. (5.27.b) for the LH model. Divergence between the LH line and the Strobl’s 

crystallization line is minimal and associated with the existence of a non-zero C2 term, a 

necessary condition for crystal growth to occur at a finite rate.  

5.5.4 Temperature Dependence of Lamellar Crystal Thickness and Lateral Block Sizes: 

Strobl et al.25 have studied the effect of crystallization temperature on the reciprocal lamellar 

thickness and reciprocal lateral block size for several polymers, such as syndiotactic 

copolymers of propylene and 1-octene, copolymers of ethylene and 1-octene copolymers and 

isotactic polystyrene. In all these cases, it was shown that both D-1 and lc-1 extrapolate to T∞mc at 
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infinitely large dimensions. On this basis, Strobl et al.25 re-emphasized that, during 

crystallization from the melt, the mesomorphic layers transform into crystal blocks whose 

thickness and lateral sizes are controlled primarily by the mesomorph-to-crystal transition 

temperature. However, for PCL, the proof that both D-1 and lc-1 extrapolate to T∞mc at infinitely 

large size was not reported. In Figure 5.19, we show the plot of D-1 and lc-1 as a function of 

crystallization temperature.  

 

 

Figure 5.18: Comparison between the crystallization line obtained from our data (thick line with 

T∞mc = 94.2oC) and the crystallization line re-plotted using the data from Strobl et al.26 (dotted line 

with T∞mc = 135oC). Our data is also presented in the context of LH model (LH line given by 

dashes and generated using eq. (5.27) with T∞am = Tzg = 87oC). 

 

It can be clearly seen that the intersection of D-1 and lc-1 does not occur at T∞mc. Lateral crystal 

block sizes in our study on PCL appear to be almost independent of crystallization temperature. 
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While this result is in contrast to that expected from Strobl’s model, it is however in close 

agreement with the recent work carried out in our lab on isotactic polystyrene.53  

 

 

Figure 5.19: The plot of D-1 (circles) and lc-1 (squares) as a function of crystallization 

temperature, Tc. The crystal block size, D, was obtained from the line width of the (110) 

reflection. T∞mc = 94.2oC obtained from Strobl’s crystallization line is shown for reference. 

 

5.6 Conclusions 

Lamellar thicknesses of PCL crystallized at different temperatures were estimated using the 

generalized Hosemann-Bagchi Paracrystalline Lattice model. Estimation of the Porod constant, 

necessary for a reliable extrapolation of scattering to high scattering vectors, was successfully 

carried out using a novel approach specifically designed for cases where higher order scattering 

peaks are present in the Porod region. Values of crystal thickness, long spacing and linear 

crystallinity obtained from analyses using the one-dimensional correlation function matched 

closely these calculated with the Hosemann-Bagchi model, except at the highest crystallization 

temperatures. However, the one-dimensional correlation function approach needs to be 
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optimized though an iterative process for a more thorough comparison to the Hosemann-Bagchi 

approach. Ripples in the interface distribution function were found to disappear when the Porod 

region was started at a scattering vector intermediate between the first and second order. The 

first maximum of the interface distribution function was found to be consistent with the 

amorphous thickness obtained from the Hosemann-Bagchi model and the one-dimensional 

correlation function. The linear degree of crystallinity in PCL was confirmed to be less than 50%. 

The undercooling dependence of the lamellar thickness was examined from both the LH and the 

Strobl model perspective. A mesomorph-to-crystal transition temperature of 94.2oC, obtained by 

linear extrapolation of the crystallization line, was about 40oC lower than that reported by Strobl 

et al.26 and was only 6 oC higher than Tzg or T∞am determined from growth rate measurements. In 

contrast to predictions of the Strobl’s model, the reciprocal lamellar thickness and the reciprocal 

crystal block sizes, when plotted as a function of crystallization temperature, did not intersect at 

T∞mc for infinitely large size. This suggests that the blocky nature of lamellae, proposed by Strobl, 

is absent in PCL. The relatively small difference between T∞am and T∞mc and the behavior of crystal 

block sizes with crystallization temperature reported in our study are in direct contrast with 

predictions of the Strobl model. Hence, we conclude that, during crystallization, the mesophase-

mediated route is not accessed by PCL.  
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CHAPTER 6: EFFECT OF COMPOSITION ON THE PHENOMENON OF 
CONCURRENT CRYSTALLIZATION IN POLYETHYLENE BLENDS  
---------------------------------------------------------------------------------------------------- 
 

6.1 Introduction 

Polyethylene (PE) is one of the largest volume commodity plastics used in agricultural, 

construction, packaging, toys and household bottle applications.1 Today, the annual worldwide 

consumption of linear low-density polyethylene (LLDPE) and low-density polyethylene (LDPE) in 

several such applications has exceeded 30 billion pounds. The chain architecture/microstructure 

in these polyethylenes plays a very important role in tailoring desired processability, mechanical 

stiffness or transparency in a given product. While LDPE contains significant long chain 

branching along its backbone (see Figure 6.1 (a)), LLDPE backbone has substantial short-chain 

branching (SCB). Owing to a longer chain relaxation time, the melt processability of LDPE is far 

better than LLDPE, which demonstrates poor melt strength and sharkskin effects during 

extrusion.2, 3 However, the mechanical properties of LLDPE are superior to LDPE due to 

absence of any major long chain branching defects.4, 5  

Traditionally, Ziegler-Natta catalysts (ZN) were employed to produce LLDPE via 

copolymerization of ethylene and a α-olefin comonomer such as 1-butene, 1-hexene or 1-

octene.6, 7 Such Ziegler-Natta based LLDPEs (ZN-LLDPEs), however, exhibit a broad and 

multimodal molecular weight and SCB distribution, as shown in Figure 6.1 (b). Mirabella et al.8 

and Wild et al.9 have demonstrated this SCB heterogeneity, from the multimodal peaks 

observed during their temperature rising elution fractionation (TREF) analysis. Since the 1990’s, 

the production of LLDPE using metallocene catalyst has gained momentum worldwide.10-12 

Contrary to the heterogeneous nature of ZN-LLDPE, metallocene based LLDPE (m-LLDPE) 

demonstrates a symmetric narrow molecular weight and SCB distribution,11 as shown in Figure 

6.1(c). Hence, unlike ZN-LLDPE, it is known to crystallize from a single-phase melt.13, 14  
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(a)                (b)                    (c) 

Figure 6.1: Chain architectures in (a) LDPE; (b) ZN-LLDPE and (c) m-LLDPE. 

 

From a commercial and practical standpoint, blending these polyethylenes is an 

important practice to optimize desired properties of the final product. For instance, when 

blended with LDPE, the processability, melt strength, and subsequently, the bubble stability of 

LLDPE during the extrusion blow molding are significantly improved.15 During crystallization, 

such an addition of LDPE can also change the surface and bulk morphology of LLDPE from 

spherulitic to row-like superstructures, thereby improving the optical properties, such as haze 

and clarity, commonly desired in packaging applications.16-18 Alternatively, mechanical 

properties (e.g. elongation at break, tensile strength, impact strength and tear resistance) of 

LDPE packaging films can be drastically improved by the addition of LLDPE.5, 16, 17 Hence, 

understanding the crystallization process in these blends is of great importance for the 

development of a product whose properties are optimized and superior to those achieved with 

pure LDPE or pure LLDPE.  

The thermodynamic miscibility of the blend in the melt-state has a profound influence on 

the solid-state morphology resulting from the solidification induced by cooling. Blends of LLDPE 

and HDPE have been reported to be thermodynamically miscible in the melt at all 

compositions.19-23 Transmission electron microscopy (TEM) as well as dynamic and steady 

shear measurements on these blends indicated a single melt-phase behavior, provided LLDPE 

contained fewer than 40 SCB per 1000 C.21-23 The time resolved small angle X-ray scattering 
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(SAXS) technique was used by Song et al.24 to understand crystallization in HDPE/LDPE 

blends. The interlamellar and interfibrillar scale segregation was shown to occur when cooling 

took place from a single-phase melt at both rapid and slow rates. Through small angle neutron 

scattering (SANS) studies of the partially deuterated HDPE (DHDPE) and LDPE blends, Alamo 

et al.19, 20 also found HDPE/LDPE blends to be melt-miscible. Barham et al.25 studied the liquid-

liquid phase separation in HDPE and lightly branched LLDPE blends and observed two different 

crystal morphologies under quenching conditions. They attributed this observation to the phase 

separated melt rather than phase separation during crystallization. They also reported that, 

irrespective of the catalyst type used in the preparation of branched PE copolymers, liquid-liquid 

phase separation is always observed. The studies by Crist et al.21 have pointed out the 

deficiencies in the studies by the Barham group. Crist et al.21 suggested that these blends were 

melt-miscible and that the different morphologies observed during crystallization were indeed 

due to phase separation during crystallization. Morgan et al.26 have investigated the morphology 

of HDPE/LDPE blends during both slow cooling and rapid quenching from a homogenous and 

phase separated melt, respectively. They found that the solid-state morphology is controlled 

primarily by the extent of phase separation in the melt, when the blends are quenched rapidly. 

When cooled from a homogenous melt, the dissimilarities in the crystallization rates of the blend 

components were suggested to affect the observed morphology. 

Kyu et al.27, 28 have studied the crystallization in ZN-LLDPE/LDPE blends using SAXS, 

differential scanning calorimetry (DSC) and quantitative light scattering techniques. The 

crystallization in these blends was reported to have occurred from an intimately mixed melt; 

wherein crystallization of LDPE was shown to occur within the volume-filling spherulites of the 

faster crystallizing ZN-LLDPE. However, rheological investigations by Lee et al.29 found ZN-

LLDPE/LDPE blends to be partially melt miscible and suggested using HDPE as a 

compatibilizer for improving blend miscibility. Studies by Utracki et al.30 and Denn et al.23 also 

supported this partially miscible nature of ZN-LLDPE/LDPE melts. Such an observed partial 
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miscibility can also be argued to result from a phase separation tendency within pure ZN-LLDPE 

melt.13, 14, 31 Defoor et al.32, 33 have confirmed that the blends of low and highly branched TREF 

fractions of ZN-LLDPE are immiscible in the melt, and hence, crystallize separately. As 

mentioned before, m-LLDPE crystallizes from a single-phase melt. m-LLDPE having hexyl 

branches was observed to be more miscible in LDPE than m-LLDPE containing butyl or ethyl 

branches.34 The miscibility was found to decrease with increasing LLDPE content. Hussein et 

al.35 have shown that m-LLDPE with high SCB content (32.2 SCB/1000 C) is more miscible with 

LDPE than m-LLDPE with low SCB content (14.4 SCB/1000 C). Hussein et al.36 also claim that 

the blends of ZN-LLDPE with LDPE are relatively more miscible than their m-LLDPE 

counterparts of similar molecular weight and branch content. However, Yamaguchi et al.37 

report m-LLDPE/LDPE blends to be completely miscible in the melt-state. While the melt-

miscibility has been found to be strongly dependent on both SCB content and LLDPE 

composition, the exact nature of miscibility in m-LLDPE/LDPE blends is yet to be established. 

From this brief summary, it can be understood that melt-state miscibility in polyethylene blends 

is a debatable subject.  

Let us assume that the polyethylene blend of our interest is miscible in the melt-state. 

The morphologies that can possibly develop upon cooling such a blend from its melt-state are 

given below. 

§ The m-LLDPE and LDPE chains can crystallize into their respective spherulites. This 

observation can be confirmed using light scattering, optical microscopy and calorimetry 

techniques. 

§ Each component forms separate lamellar stacks within common spherulites. SAXS and 

calorimetry studies can provide insights into this possibility. 

§ The m-LLDPE and LDPE chains can also concurrently crystallize into separate or the 

same lamellae within a lamellar stack. Atomic Force Microscopy (AFM), DSC, X-ray 

scattering or FTIR can be used for characterization of this morphology. 
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§ Co-crystallization, a special case of concurrent crystallization, can occur if the m-LLDPE 

and LDPE chains share a crystal lattice within lamellae. A combination of SAXS and 

WAXD experiments are required to ascertain this unique scenario. 

The co-crystallization phenomenon is significantly influenced several factors such as the cooling 

rate, molecular weight, branching type and content, crystallization temperature and blend 

composition. However, similarities in the crystallizable sequence lengths primarily controls co-

crystallization phenomenon in polyolefin blends. Tashiro et al.38-44 have suggested the existence 

of this co-crystallization phenomenon in the blends of DHDPE and ZN-LLDPE (~17 SCB per 

1000 C) using SAXS, WAXD, SANS, DSC and FTIR techniques. At all compositions, these 

blends would co-crystallize from single-phase melt, independent of cooling rate.44 Interestingly, 

these blends were observed to have an accelerated crystallization rate in comparison to fast 

crystallizing DHDPE and slow crystallizing ZN-LLDPE. However, with an increase in SCB 

content of ZN-LLDPE (~41 per 1000 C), the blends were found to phase segregate in the solid-

state when slowly cooled from a miscible melt. They attributed this solid-state immiscibility to an 

increased dissimilarity between ZN-LLDPE and DHDPE chain microstructures, which 

significantly lowers ZN-LLDPE’s crystallization rate with respect to DHDPE.38 In their work on 

HDPE/LDPE blends using SAXS, SANS and DSC, Mandelkern et al.45 concluded that HDPE 

co-crystallizes with LDPE only under rapid quenching conditions  or at high LDPE content. 

Under these conditions, the most branched chains are excluded in the interlamellar amorphous 

regions. When various blends of linear and branched polyethylenes are considered, Alamo et 

al.46 reported an enhanced extent of co-crystallization when the concentration of the branched 

polyethylene in the blend was increased such that the crystallization rate of the blend is shifted 

towards that of the branched polyethylene. They also suggested that a greater extent of co-

crystallization should result from crystallization at lower temperatures and by rapid quenching.  

In their high performance calorimetry study on LLDPE/LDPE blends, Mathot et al.47 noted a 

transition from multiple crystallization exotherms, observed for cooling at a rate of 10 K/min, to a 
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single crystallization exotherm at a cooling rate of 150 K/min. Recently, Sha et al.48 studied the 

effect of cooling rate on concurrent crystallization in m-LLDPE/LDPE blends using the TA 

Instrument’s Rapid Heating Calorimeter (RHC). They also detected a single crystallization 

exotherm during cooling at a rate of 400 K/min. These studies further validate the conclusions 

by Alamo et al.46 that the extent of co-crystallization increases with cooling rate.  

In this work, the influence of blend composition, as one of the key factors affecting 

crystallization behavior of m-LLDPE/LDPE blends is investigated. The miscibility of the blend in 

the melt-state was first studied through calorimetric investigations of the crystallization and 

melting behavior. The surface morphology of slowly cooled blends was then studied using 

(AFM) to explore the possibility of phase separation on the micrometer length-scale. The 

phenomenon of concurrent crystallization was then confirmed and quantified based on our 

understanding of the calorimetry and morphology results.  

6.2 Experimental 

6.2.1 Materials: LDPE and m-LLDPE resins were manufactured, processed and supplied by 

Dow Chemical Company. Details regarding the 1-octene mole percent, weight-average 

molecular weight (Mw), polydispersity index (Mw/Mn), melt index and densities of m-LLDPE and 

LDPE samples used in this work are listed in Table 6.1. The m-LLDPE/LDPE blends with 90/10, 

75/25, 60/40 and 25/75 (wt/wt) composition were also used as received. 

Table 6.1: Characteristics of m-LLDPE and LDPE. 

Sample 1-octene, 
mole % 

Mw, 
kg/mol 

Mw/Mn Melt Index, 
g/10min 

Density, 
g/cm3 

m-LLDPE 1.3 106 2.0 1.0 0.9240 

LDPE - 101 5.6 0.64 0.9231 
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6.2.2 Differential Scanning Calorimetry: The calorimetric studies associated with the 

crystallization or melting of the samples were performed using TAQ2000 DSC operated under 

dry nitrogen purge. DSC samples were obtained from the thin films (~50 µm thickness) 

prepared using Carver’s laboratory hot press equipped with the dry nitrogen purge for 

preventing sample oxidation. During preparation, the pressed film was kept isothermal at 160oC 

for about 1 minute; followed by rapid quench to ice-cold water. To minimize thermal lag 

influences, all the samples used in the DSC study were of similar and smaller mass (0.8 ± 0.2 

mg). The temperature scale during heating was calibrated using the onset melting temperature 

of indium metal sandwiched between the two thin polyethylene films. Samples were first heated 

to 160oC for 2 minutes to erase any previous thermal history. Crystallization exotherms were 

then recorded by cooling at either 10 or 20 K/min rates to 0oC. The samples were kept under 

isothermal conditions at 0oC for 5 minutes. The melting endotherms were subsequently 

recorded during heating from 0oC to 160oC at the rate of 10 K/min. This method was repeated 

on several fresh samples of a given blend composition. For each composition, the average of 

the observed melting temperatures (Tm’) recorded during heating after cooling at a rate of 20 

K/min, is listed in Table 6.2. Using the reported values of the theoretical heat of fusion for 100% 

crystalline polyethylene49 and the specific amorphous and crystalline heat capacities of 

polyethylene,50 the degree of crystallinity (weight percent) was obtained by integrating the 

crystallization exotherm in the 120oC to 5oC temperature window. 

6.2.3 Density Measurement: Samples for density measurements were prepared in the 

Linkam THM600 heating-cooling stage by heating the hot-press films on a silicon wafer from 

30oC to 160oC and holding at 160oC for 2 minutes to erase any previous thermal history. The 

samples were then cooled at 10 K/min to 30oC and used immediately in the density 

measurements carried out at 23.00 ±	 0.05oC using a density gradient column (Techne Model 

DC-1) prepared with an isopropanol/water mixture. Calibration of this density gradient column 
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was performed using standard floats of densities accurately known within 0.0001 g/cm3. The 

resolution of this column was 0.0002 g/cm3. The densities obtained using this method were in 

agreement to these measured at the Dow Chemical Company using the Archimedes flotation 

method (ASTM D4703-10 procedure). As can be seen in Table 6.2, the average weight percent 

crystallinities from both density and calorimetry measurements are consistent with each other. 

Table 6.2: Density, percent crystallinity and melting temperature of the blends. Here “XX/YY” 

denotes the composition containing “XX” percent by weight of m-LLDPE and “YY” percent by 

weight of LDPE content. Density was determined using the Archimedes flotation method (1) and 

the density gradient column (2). 

Blend 

XX/YY 

Density (1), 

g/cm3 

Density (2), 

g/cm3 

% Xc 

(Density) 

% Xc  

(DSC) 

Tm’,           
oC 

100/0 0.924 0.9235 ± 0.0001 49.6 ± 0.1 50.6 ± 0.5 116.7 ± 0.5 

90/10 N/A 0.9238 ± 0.0001 49.8 ± 0.1 50.4 ± 0.1 116.5 ± 0.5 

75/25 N/A 0.9242 ± 0.0001 50.0 ± 0.1 49.3 ± 1.5 116.2 ± 0.5 

60/40 N/A 0.9244 ± 0.0005 50.2 ± 0.3 50.4 ± 0.3 115.8 ± 0.5 

25/75 N/A 0.9247 ± 0.0001 50.4 ± 0.1 50.7 ± 0.3 113.7 ± 0.2 

0/100 0.923 0.9229 ± 0.0002 49.2 ± 0.1 47.8 ± 0.3 110.3 ± 0.7 

 

6.2.4 Atomic Force Microscopy: To prepare PE films for morphological observations, a 

compression molded thin film sample was sandwiched between the two smooth pieces of silicon 

wafers and heated to 170°C for 1 minutes in a Linkam heating-cooling stage (model THM-600) 
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under dry nitrogen purge to erase any previous thermal history. The sandwich was first cooled 

rapidly from 170°C to 130°C, followed by slow cooling (0.5 K/min) to room temperature. 

Samples were isolated from the silicon wafers using a liquid nitrogen quench. Their surface 

morphology was subsequently investigated, at room temperature, in a Veeco Multimode Atomic 

Force Microscope (AFM) equipped with Nanoscope IVa controller, and operated in tapping 

mode through phase imaging. 

6.3 Results and Analysis 

6.3.1 Crystallization and Melting: While the peak crystallization temperature gives us an 

understanding of how early or late, the chains are crystallizing; the width of the crystallization 

exotherms can provide useful information about how fast the heat of crystallization is released in 

the given temperature range. The presence of broad exotherm indicates that the chains are 

crystallizing over an extended period of time. The crystallization exotherms obtained at 20 K/min 

cooling rate are shown in Figure 6.2 for all compositions. A single exotherm peak was observed 

in all cases. This peak can be clearly observed to shift systematically to higher temperature with 

increasing LLDPE blend content. The peak crystallization temperature is plotted as function of 

LDPE content in Figure 6.3(a). 
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Figure 6.2: Crystallization exotherms during cooling at 20 K/min for different blend 

compositions. The curves are shifted for clarity. 

The full-width at half-maximum (FWHM) of these exotherms shows a non-monotonic behavior 

and was found to be larger for pure LDPE in comparison to pure m-LLDPE (see Figure 6.3(b)). 

While 25/75 m-LLDPE/LDPE blend shows a FWHM comparable to pure m-LLDPE; the 

remaining blend compositions exhibit a narrower FWHM than either of the pure components.  
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Figure 6.3: Variation of (a) peak crystallization temperature (Tc) and (b) full-width at half-

maximum (FWHM) as a function of LDPE content. 

The degree of crystallinity, as shown in Figure 6.4, increases with decreasing temperature and 

levels off as room temperature is approached. In the ~107-80 oC temperature range, the degree 

of crystallinity can be seen to increase steeply with m-LLDPE content. In this temperature 

range, the crystallinity of about 40-45% seems to develop for m-LLDPE-rich compositions, in 
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comparison to the crystallinity of 30-35% observed for the LDPE rich compositions. Upon further 

cooling from 80oC to 25oC, the crystallinity increased at a very slow rate, for all compositions. 

The final degree of crystallinity in all the blends remained nearly identical. 

 

Figure 6.4: Development of weight fraction crystallinity during cooling at 20 K/min. 

For all blend compositions, a single melting endotherm was observed after heating the 

crystallized samples at 10 K/min. In Figure 6.5, the melting peak of a blend shifted towards that 

of the major component. The peak melting temperature was found to increase with m-LLDPE 

concentration, as shown in Figure 6.6. 
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Figure 6.5: Melting endotherms obtained at 10 K/min for different blend compositions. The 

curves are shifted for clarity. 

 

Figure 6.6: Observed peak melting temperature (Tm’) versus LDPE content. 
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6.3.2 Morphology. The solid-state morphology needs to be studied over different length-

scales to identify any phase segregation occurring between the blend components. AFM images 

obtained using the phase imaging in tapping mode, over 1.0x1.0, 3.0x3.0 and 7.0x7.0 µm2 

areas of the slowly cooled samples, are shown in Figure 6.7, 6.8 and 6.9, respectively. Fairly 

straight lamellae are clearly noticeable in the images of pure LLDPE or 90/10 m-LLDPE/LDPE 

blends. In the case of pure LDPE or 25/75 m-LLDPE/LDPE blends, a distinctly curved-lamellar 

morphology can be seen. At other compositions (75/25 and 60/40 m-LLDPE/LDPE), an 

intermediate morphology consisting of variable populations of both curved and straight lamellae 

was observed. 
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(100/0) (90/10) (75/25) 

m-LLDPE/LDPE m-LLDPE/LDPE m-LLDPE/LDPE 

 

(60/40) (25/75) (0/100) 

m-LLDPE/LDPE m-LLDPE/LDPE m-LLDPE/LDPE 

Figure 6.7: AFM micrographs of 1.0x1.0 µm2 areas in m-LLDPE/LDPE blends. 
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(100/0) (90/10) (75/25) 

m-LLDPE/LDPE m-LLDPE/LDPE m-LLDPE/LDPE 

 

(60/40) (25/75) (0/100) 

m-LLDPE/LDPE m-LLDPE/LDPE m-LLDPE/LDPE 

Figure 6.8: AFM micrographs of 3.0x3.0 µm2 areas in m-LLDPE/LDPE blends. 
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(100/0) (90/10) (75/25) 

m-LLDPE/LDPE m-LLDPE/LDPE m-LLDPE/LDPE 

 

(60/40) (25/75) (0/100) 

m-LLDPE/LDPE m-LLDPE/LDPE m-LLDPE/LDPE 

Figure 6.9: AFM micrographs of 7.0x7.0 µm2 areas in m-LLDPE/LDPE blends. 
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6.4 Discussion 

6.4.1 Miscibility of m-LLDPE/LDPE Blends: Pure m-LLDPE and LDPE exhibit a distinct 

crystallization window when cooled from their respective melt. If their blend forms a phase 

separated melt, then the two different phases are likely to crystallize at different temperatures. 

Indeed, liquid-liquid phase separation is expected to produce an m-LLDPE-rich phase and an 

LDPE-rich phase. Given the short chain branching composition of the m-LLDPE studied here, 

one would anticipate that the m-LLDPE rich phase would crystallize at higher temperature than 

the LDPE-rich phase. In the adjoining work by Sha et al.,48 a cooling rate dependent single 

crystallization exotherm was observed for 75/25 m-LLDPE/LDPE blends, where the m-LLDPE 

octene content varied from 0 to 3.7 mol%. Thus, the presence of a single crystallization 

exotherm in the current study (see Figure 6.2) confirms that the crystallization of m-

LLDPE/LDPE blends takes place from a miscible melt. Miscibility of these blends in the melt-

state can also be suggested by the presence of a single melting endotherm. Indeed, the single 

melting endotherm behavior shown in Figure 6.5, suggests that these blends exhibit a rather 

homogenous morphology, and hence they crystallized from a single-phase melt. One should 

however, be careful, in making such a statement, as there are other possible reasons for the 

observation of a multiple melting endotherm (such as slow melting-recrystallization-remelting51). 

The single crystallization exotherm observed for all blends (Figure 6.3) and the concomitant 

apparent lack of an exothermic transition at the temperature range where pure LDPE was 

observed to crystallize suggests that a significant fraction of LDPE chains must have crystallized 

simultaneously with the m-LLDPE chains. We note from Figures 6.3(a) and 6.6, that both the 

temperature at maximum crystallization rate and the peak melting temperature of the blends 

vary monotonically with LDPE content but are closer to the corresponding temperature for pure 

m-LLDPE than pure LDPE.   
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6.4.2 Concurrent Crystallization in m-LLDPE/LDPE Blends: In Figure 6.3(a), the 

crystallization temperature of the blends decreased by only 0.5 oC despite adding 40 wt.% 

LDPE. This observation suggests that the m-LLDPE component essentially controls the 

crystallization process in m-LLDPE/LDPE blends and facilitates the early crystallization of 

LDPE. To understand the concurrent crystallization phenomenon, it is thus necessary to 

quantify the fraction of the LDPE component that crystallizes in the same temperature region as 

the m-LLDPE. To estimate this, we first developed, using eq. (6.1), a composite heat flow curve 

for a given blend by summing experimental heat flows of pure m-LLDPE and pure LDPE, using 

the weight fraction of each component as the weighting factor in our mixing rule.  

Composite Heat Flow 
J
g
= φLDPE*Heat FlowLDPE  + φm-LLDPE*Heat Flowm-LLDPE (6.1) 

The composite heat flow curve represents the calorimetric behavior that would be observed for 

the blend if the crystallization of m-LLDPE and LDPE components took place independently 

from each other. Such would be the case if the blends were not fully phase separated and the 

m-LLDPE and LDPE primary nucleation rates were not affected by phase boundary. Curve (I) in 

Figure 6.10 exhibits two distinct crystallization windows for m-LLDPE and LDPE at 106 oC and 

100 oC, respectively.  
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Figure 6.10: Determination of net crystallization deficit (in region AB) and net crystallization 

excess (in region CD) by subtracting composite heat flow curve (I) from experimental blend 

curve (II). 

The composite heat flow curve (I) was then subtracted from the actual experimental 

blend heat flow curve (II), yielding curve (III) (see Figure 6.10). By calculating the areas between 

curve (III) and its baseline AD, a measure of the net LDPE crystallization excess or deficit can 

be obtained. The net crystallization deficit in the LDPE region is calculated from the area 

between limits A and B. Determination of net crystallization excess requires a careful and 

consistent method of evaluation. Figure 6.11 illustrates the limits used to estimate net 

crystallization excess in the m-LLDPE region of the difference curve. Here, point D corresponds 

to the temperature that marks deviation of the blend heat flow signal from the baseline. The full-

width at half-maximum (FWHM) of the crystallization exotherm was then used as a basis to 

consistently define the lower temperature limit C. As shown in Figure 6.11, point C was 
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established by subtracting twice the FWHM from the onset melting temperature (point O) of the 

blend crystallization exotherm. 

 

Figure 6.11: Illustration of the upper (D) and lower temperature limits (C) for the m-LLDPE 

crystallization window in m-LLDPE/LDPE blends. 

Since this procedure neglects a minor contribution from the area between points B and C, the 

calculated net crystallization excess is always underestimated (ca.10 %). In the temperature 

region where only pure LDPE would have crystallized (region AB), a net LDPE crystallization 

deficiency is observed and corresponds to a net positive heat flow (see bottom of Figure 6.10). 

In the temperature region where pure m-LLDPE is known to crystallize, net LDPE crystallization 

excess and net negative heat flow are observed. Thus, the relative LDPE crystallization excess 

for a given blend can be evaluated by quantifying the fraction of LDPE crystallizing with m-

LLDPE in the higher temperature region. It is defined, by eq. (6.2), as a ratio of the net 

crystallization excess to the heat flow associated with the crystallization of given weight fraction 

of pure LDPE.  
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Relative Excess  =  
Net crystallization excess
φLDPE*Heat FlowLDPE

    (6.2) 

Thus, if all LDPE chains crystallized in the same region as m-LLDPE, a unit value of relative 

excess would be achieved. Alternately, if none of the LDPE chains crystallized in the same 

temperature region as m-LLDPE chains, zero relative excess would result. Relative excess was 

quantified in this fashion for all blend compositions and are plotted as a function of LDPE 

content, in Figure 6.12. At high m-LLDPE concentration, only a few LDPE chains can disrupt the 

crystallization of m-LLDPE, thereby causing the majority of the LDPE chains to crystallize in the 

m-LLDPE window. As the LDPE concentration increases beyond 10% (w/w), it becomes more 

difficult for the majority of the LDPE chains to crystallize simultaneously with m-LLDPE 

component. It is actually worth noting that for blends containing more than 10% (w/w) LDPE, the 

relative excess of LDPE crystallization in the m-LLDPE crystallization window remains constant 

at ca. 30%. This observation implies that at a fixed cooling rate there is an upper limit 

(saturation) in the concentration of LDPE chains that can crystallize at the same time as m-

LLDPE chains. Such an observation actually leads us to speculate that LDPE is not only 

concurrently crystallizing with LDPE but is actually forming co-crystals with m-LLDPE. In a 

parallel study, Sha et al.52  have shown that the cocrystallization saturation level increases, as 

expected, with increasing cooling rate.  

AFM images in Figures 6.7, 6.8 and 6.9 support this reasoning. The morphology of the 

lamellae in 90/10 m-LLDPE/LDPE blends (Figures 6.7, 6.8, 6.9) appears to be similar to pure m-

LLDPE and less influenced by small LDPE concentration. This suggests a very high relative 

excess of LDPE crystallizing in the m-LLDPE window. Alternatively, the curved lamellar 

morphology seen in 25/75 m-LLDPE/LDPE blends (Figures 6.7, 6.8, 6.9) indicates a greater 

disruption by LDPE to the m-LLDPE crystallization, and thus, justifies the lower relative excess 

values obtained for these LDPE dominant blends.  
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Figure 6.12: Percent relative excess as a function of LDPE content during cooling at 10 K/min. 

6.5 Conclusions 

From our investigation using DSC and AFM, we reason that m-LLDPE/LDPE blends 

concurrently crystallized from a single phase melt. The presence of a single crystallization 

exotherm during cooling, and a single melting endotherm during heating, confirms that no phase 

separation exists in the melt-state. The AFM micrographs of the slowly cooled blends revealed a 

homogenous morphology consisting of straighter as well as curved lamellae, further validating 

our belief that m-LLDPE and LDPE crystallize concurrently. Crystallization in this blend system 

was primarily controlled by m-LLDPE. Peak melting temperature, peak crystallization 

temperature and degree of crystallinity were all found to increase with m-LLDPE content. The 

extent of concurrent crystallization was defined in terms of “relative excess” which was obtained 

using a novel subtraction technique applied to the crystallization exotherms of blends and pure 

components. By calculating the relative excess, the extent of concurrent crystallization was 

found to be highest for blends containing the smallest amount of LDPE. This relative excess 

data also demonstrates the existence of a saturation level for the concentration of LDPE that 
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can crystallize with m-LLDPE, and points toward the presence of a co-crystallization 

phenomenon between m-LLDPE and LDPE. However, confirmation of such a co-crystallization 

phenomenon will require a detailed study using simultaneous SAXS and WAXD, which is a part 

of our ongoing and future efforts. 
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CHAPTER 7: GENERAL CONCLUSIONS AND SUGGESTED FUTURE 
WORK 
---------------------------------------------------------------------------------------------------- 
 
7.1 Determination of the Equilibrium Melting Temperature for PCL Fractions 

using Ultrafast Calorimetry 

 It is a known fact that when the melting behavior of the semicrystalline polymers is 

studied at low heating rates (that are conventionally accessible in the majority of the commercial 

differential scanning calorimeters), the observed onset melting temperature, peak melting 

temperatures and the experimental heats of fusion are not true reflections of the initial crystals 

that were formed during fast quenching, slow cooling or isothermal conditions. This is because a 

continuous reorganization, in the form of melting-recrystallization-remelting of the imperfect or 

unstable crystals, takes place during heating at insufficient rates.1-3 With the help of their 

Ultrafast Chip Calorimetry (in which extremely high heating or cooling rates can be achieved), 

Schick et al.2, 4, 5 have demonstrated the upper limit on the heating rate necessary to prevent 

this reorganization process in several polymers. Additionally, the use of onset melting 

temperature was recommended to understand the melting behavior independent of any 

reorganization process. However, in order to extract reliable information from the melting 

endotherm, it is necessary that the superheating (or supercooling) effects associated with 

heating (or cooling) at such extreme rates, be most appropriately subtracted.2  

We tried to study the implications of such high heating rates on PCL (of 36 kg/mol 

number-average molecular weight) using Mettler Toledo’s Flash Differential Scanning 

Calorimeter  (FDSC)6 at Virginia Tech. Our results on the melting and crystallization behavior of 

PCL, at different heating and cooling rates, are in very good agreement with those reported by 

Schick et al.7, 8 We also found that the power law exponent associated with the relationship 

between superheating and heating rate (see Figure 7.1) is between 0.16 and 0.21 depending on 
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the crystallization temperature and the annealing time and is consistent with that established by 

Schick et al.2 for several polymers.  

 

 

Figure 7.1: The power law exponent that relates the superheating to the heating rate 

plotted as a function of annealing time for PCL (36 kg/mol bulk sample) crystallized at 260 K 

(circles), 280 K (squares) and 300 K (diamonds). Notice that the range of this exponent is 

located between 0.16 and 0.21 at long annealing times. 

 

Mathot et al.6 have suggested that the thermal lag in FDSC is minimal as long as the 

samples have tiny masses (ideally less than about 2µg). However, given the difficulties 

associated with reproducing the masses of such tiny samples, we currently face the problem of 

resolving the thermal lag issue that significantly affects the interpretation of the melting 

characteristics in the samples. Recently, ways to obtain the samples of reproducible masses 

have been suggested.9 By employing these new options, onset melting temperatures of the bulk 

and the fractionated PCL samples used in Chapter 3 and 4 could be corrected for the thermal 
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lag issues. Corrections for the superheating can be made by extrapolating the superheating to 

zero heating rate. Thus, the equilibrium melting temperatures, independent of any thermal lag or 

superheating issues, can be appropriately determined using the nonlinear Hoffman-Weeks 

extrapolation method10 described in Chapter 2. The self-consistency of these two methods can 

be evaluated by comparing the equilibrium melting temperatures estimated from these methods 

to the zero-growth temperatures obtained from the spherulitic growth rate measurements as 

shown in Chapter 4. Furthermore, these equilibrium melting temperatures can also be 

compared to that determined using the thermodynamic Gibbs-Thomson treatment.11  

7.2 Molecular Weight Dependence of the Thermodynamic Fold Surface Free 

Energy, σe∞ 

 In the traditional LH model,11, 12 the undercooling dependence of the initial lamellar 

thickness, lc, was described by eq. (7.1), where σe is the initial (or kinetic) fold surface free 

energy, which was assumed to be independent of undercooling, C2 = δl, ∆Hf
∞(Tzg)  is the 

theoretical heat of fusion and ΔT is the undercooling given by the difference between the zero-

growth temperature, Tzg and the crystallization temperature, Tc. 

lc =
 2σeTzg

∆Hf
∞(Tzg)ΔT

+ C2 (7.1) 

However, the fluctuating stem lengths and the degree of adjacent re-entry chain-folding have 

been known to affect the initial fold surface free energy at different undercoolings.12 Marand et 

al.10 incorporated this undercooling dependence of σe (by approximating that σe = σe∞ (1+ cΔT)), 

where c is a constant) in eq. (7.1). The modified expression was, thus, given as: 

lc =
 2σe∞Tzg

∆Hf
∞(Tzg)ΔT

+ C2 (7.2) 

where σe∞ is the thermodynamic fold surface free energy of the lamellar basal plane surfaces 

which only depends on molecular weight. The constant C2 takes into account the undercooling 

(ΔT) dependence of the kinetic fold surface free energy, σe, and is expressed as: 
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C2 = 𝛿l +
2cσe∞Tzg
∆Hf

∞(Tzg) 
 (7.3) 

For each bulk and fractionated sample, the suitable zero-growth temperature can be estimated 

from either of the methods described in Chapter 2. For these samples, σe∞ and C2 can then be 

determined using eq. (7.2) if the lamellar thicknesses are reliably obtained at different 

crystallization temperatures. Alternately, σe∞ can also be obtained from the slope of the Gibbs-

Thomson treatment and matched with the value obtained from eq. (7.2). 

In Chapter 4, we concluded with a modified spherulitic growth rate expression shown in 

eq. (7.4), where N is the number of repeat units, z is the power law exponent that varies 

between 0.5 and 2 for Marginal friction-based regime, Kg(II)  is true secondary nucleation 

constant defined by eq. (7.5), k is the Boltzmann constant and σ is the lateral surface free 

energy. 

G ∝ N-z exp (
-Kg(II)
 Tc∆T

) (7.4) 

Kg(II) = 
2boσσeTzg

 ∆Hf
∞ Tzg  k

 (7.5) 

As can be noticed from eqs. (7.4) and (7.5), the spherulitic growth rate expression does not 

account for the undercooling dependence of σe. However, if we substitute σe = σe∞ (1+cΔT) in the 

eq. (7.5), then the spherulitic expression in eq. (7.4) becomes: 

G ∝ N-z exp (
-2boσσe∞Tzg

kTc∆T  ∆Hf
∞ Tzg  

)  exp (
-2boσσe∞cTzg
kTc  ∆Hf

∞ Tzg  
) (7.6) 

Thus, if the knowledge of σe∞ is externally available for different bulk and fractionated PCL 

molecular weights, then the spherulitic growth rates can be re-analyzed using eq. (7.6) to 

understand how much contribution σe∞ makes to the overall chain length dependence of the 

spherulitic growth rates. 
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7.3 The “Melting Line” in Strobl’s Model 

According to Strobl’s model,13 the order of the equilibrium transition temperatures is given as: 

T∞am < T∞ac < T∞mc, where T∞am is the amorphous-to-mesomorph transition temperature (or Tzg), T
∞
ac is 

the amorphous-to-crystal transition temperature and T∞mc is the mesomorph-to-crystal transition 

temperature. In Chapter 5, we were able to show that for PCL (of 36 kg/mol number-average 

molecular weight), T∞am is located in close proximity to T∞mc. Moreover, we also found that T∞mc 

does not control the lamellar thickness or the crystal block sizes. Thus, we concluded that 

mesophase mediation and granular substructure are not involved in the crystallization of PCL. 

However, it will be interesting to ascertain whether T∞ac is indeed located in close proximity to T∞am 

and T∞mc. T∞ac can estimated from the linear extrapolation of the Gibb-Thomson line (the plot of 

observed melting temperature and the reciprocal lamellar thickness recorded just before 

melting).  

7.4 Existence of the Phenomenon of Co-crystallization in Polyethylene Blends 

 In Chapter 6, we successfully demonstrated, using the differential scanning calorimetry 

(DSC) and atomic force microscopy (AFM), that blends of metallocene-catalyzed linear low-

density polyethylene (m-LLDPE) and low-density polyethylene (LDPE) crystallize concurrently 

from a miscible melt-state. While we were able to show that the relative excess, which defines 

the extent of concurrent crystallization, increases as the LDPE content decreases in the blend, 

we lacked the supporting evidence to establish the presence of co-crystals during concurrent 

crystallization. Stein et al.14-20 have confirmed the existence of co-crystallization phenomenon in 

the blends of deuterated high-density polyethylene (DHDPE) and Ziegler-Natta-catalyzed 

LLDPE with the lowest 1-octene comonomer concentration. Following their work, temperature 

and time dependent simultaneous small angle X-ray scattering (SAXS) and wide angle X-ray 

diffraction experiments can be carried out on pure m-LLDPE, pure LDPE and their blends. The 

simultaneous SAXS and WAXD patterns can be recorded after cooling at a fixed rate to the 
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crystallization temperatures spanning the temperature windows, where pure m-LLDPE, pure 

LDPE and the blend were found to crystallize from the DSC studies. For establishing the 

presence of co-crystals at a given crystallization temperature, it should be anticipated that for 

the blends, the widths of the (110) and (200) peak reflections from the WAXD studies, and the 

maximum of the first order scattering peak from SAXS studies, are located consistently between 

these for pure components. Moreover, the resulting crystal sizes (obtained from full-width at 

half-maximum of the (110) or (200) reflections)21 as well as the lamellar thicknesses and the 

long spacings (obtained from the one-dimensional correlation function, interface distribution 

function and/or Hosemann-Bagchi model analysis of the SAXS intensities)22 for the blends need 

to be located intermediate to those obtained for the pure components. These experiments could 

be repeated for different cooling rates to understand the optimum conditions under which 

maximum co-crystallization will occur in a given blend composition. 
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APPENDIX 
---------------------------------------------------------------------------------------------------- 

A.   Spherulitic Growth Rate Data for Fractionated and Bulk PCL Samples used in   

Chapter 4 

Table 1: Spherulitic growth rates of 13-F sample at different crystallization temperatures. 

Tc, oC G, µm/min Standard Deviation, µm/min 

35 35.353 0.755 
36 29.854 0.824 
37 25.182 0.866 
38 21.025 0.511 
39 17.604 0.438 
40 15.273 0.440 
41 12.275 0.233 
42 9.727 0.192 
43 7.791 0.111 
44 5.937 0.126 
45 4.521 0.069 
47 2.437 0.032 
49 1.161 0.029 
51 0.492 0.016 
53 0.178 0.008 
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Table 2: Spherulitic growth rates of 25-F sample at different crystallization temperatures. 

Tc, oC G, µm/min Standard Deviation, µm/min 

35 20.338 0.498484 
36 16.849 0.398142 
37 13.61 0.454710 
38 11.986 0.308520 
39 9.378 0.219258 
40 7.559 0.051250 
41 6.094 0.077942 
42 4.787 0.013787 
43 3.578 0.059001 
44 2.843 0.037897 
45 2.099 0.050607 
46 1.656 0.042195 
47 1.133 0.048685 
48 0.825 0.021459 
49 0.552 0.015318 
50 0.419 0.002950 
51 0.2505 0.005646 
52 0.1759 0.006176 
53 0.1028 0.004111 
54 0.0585 0.001323 
55 0.03475 0.000504 
56 0.01748 0.000644 
57 0.0074 0.000200 
58 0.004133 0.000158 
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Table 3: Spherulitic growth rates of 40-F sample at different crystallization temperatures. 

Tc, oC G, µm/min Standard Deviation, µm/min 

35 15.024 0.373947 
36 13.558 0.324579 
37 10.108 0.439193 
38 8.358 0.150444 
39 6.484 0.194909 
40 5.176 0.0078727 
41 3.996 0.0565434 
42 3.114 0.0252545 
43 2.271 0.0243678 
44 1.775 0.0149987 
45 1.132 0.0476232 
46 0.851 0.0185178 
47 0.596 0.0147331 
48 0.431 0.00049996 
49 0.285 0.011514 
50 0.174 0.00472062 
51 0.118 0.0043188 
52 0.0745 0.00286825 
53 0.05 0.0021565 
54 0.0286 0.00123266 
55 0.0172 0.00086 
56 0.00909 0.000428594 
57 0.00479 0.0002395 
58 0.00284 0.000101218 
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Table 4: Spherulitic growth rates of 55-F sample at different crystallization temperatures. 

Tc, oC G, µm/min Standard Deviation, µm/min 

35 13.303 0.261138 
36 10.344 0.0022343 
37 8.735 0.114865 
38 6.871 0.0933082 
39 5.491 0.08544 
40 4.278 0.0379886 
41 3.26 0.0620704 
42 2.323 0.153155 
43 1.753 0.0572354 
44 1.379 0.000350266 
45 0.914 0.0293668 
46 0.685 0.00619925 
47 0.435 0.0178437 
48 0.278 0.00206554 
49 0.172 0.0060114 
50 0.1053 0.00011583 
51 0.0707 0.00238825 
52 0.046 0.00207 
53 0.0238 0.000453866 
54 0.0138 0.000621 
55 0.008621 0.000387945 
56 0.00444 0.000206904 
57 0.00282 0.00007699 
58 0.0013945 0.00006158 
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Table 5: Spherulitic growth rates of 21-B sample at different crystallization temperatures. 

Tc, oC G, µm/min Standard Deviation, µm/min 

35 21.5683 0.157299 
36 17.4088 0.86816 
37 14.7149 0.413443 
38 12.3952 0.135822 
39 9.84251 0.0999951 
40 8.09108 0.105571 
41 6.33032 0.226289 
42 4.89773 0.175334 
43 3.70533 0.182674 
44 2.72989 0.128031 
45 2.02011 0.0708543 
46 1.46456 0.071796 
47 1.01244 0.0441831 
48 0.707615 0.0328625 
49 0.464816 0.0111472 
50 0.305875 0.0144634 
51 0.197814 0.00964199 
52 0.123114 0.00584807 
53 0.0733158 0.00363855 
54 0.0438287 0.00182319 
55 0.0220097 0.00104313 
56 0.0115571 0.000551723 
57 0.00502189 0.000448574 
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Table 6: Spherulitic growth rates of 36-B sample at different crystallization temperatures. 

Tc, oC G, µm/min Standard Deviation, µm/min 

35 14.58306897 0.475674 
36 11.52873563 0.411391 
37 9.982456897 0.252577 
38 8.143678161 0.222363 
39 6.457372845 0.137739 
40 5.040229885 0.124727 
41 3.862068319 0.0447287 
42 2.876436782 0.0961249 
43 2.219673645 0.0212282 
44 1.681034483 0.0365745 
45 1.139416686 0.0472215 
46 0.866858238 0.00438944 
47 0.605392693 0.056171 
48 0.357758621 0.00143678 
49 0.266471675 0.0130306 
50 0.158812261 0.00488787 
51 0.114173757 0.00531407 
52 0.064880952 0.0030386 
53 0.039795002 0.00194926 
54 0.020114943 0.000658416 
55 0.012324393 0.000527545 
56 0.006889272 0.000321718 
57 0.004685504 0.00015944 
58 0.001599672 0.00009069 
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B.  Zero-growth Temperatures (Tzg), Secondary Nucleation Constants (Kg) and 

lnGo Estimated using QD* = 20 and 40 kJ/mol 

Table 7: Values of zero-growth temperatures (Tzg), secondary nucleation constant (Kg) and lnGo 

for the bulk and fraction PCL samples estimated for given methods. The calculations used QD* = 

20 kJ/mol. 

Method Sample Tzg, oC Kg, (105 K2) ln(Go, μm/min) 

 13-F 74.2 ± 0.7 0.92 ± 0.04 19.00 ± 0.27 

 25-F 80.8 ± 0.7 1.46 ± 0.06 21.17 ± 0.33 

1. Variance  40-F 88.2 ± 1.4 2.37 ± 0.17 25.02 ± 0.69 

G 55-F 86.3 ± 0.1 2.28 ± 0.02 24.83 ± 0.12 

 
21-B 79.2 ± 0.2 1.40 ± 0.03 21.16 ± 0.16 

 
36-B 83.6 ± 0.8 1.88 ± 0.08 23.06 ± 0.39 

 13-F 73.9 ± 1.2 0.90 ± 0.08 18.87 ± 0.47 

 25-F 79.3 ± 0.2 1.32 ± 0.01 20.43 ± 0.08 

2. Variance 40-F 90.4 ± 0.6 2.68 ± 0.07 26.27 ± 0.26 

lnG 55-F 91.4 ± 0.1 3.01 ± 0.02 27.83 ± 0.09 

 
21-B 79.8 ± 0.1 1.46 ± 0.01 21.44 ± 0.04 

 
36-B 86.2 ± 0.1 2.19 ± 0.01 24.45 ± 0.03 

 13-F 76.7 ± 2.4 1.03 ± 0.01 19.98 ± 0.06 

 25-F 81.5 ± 3.6 1.44 ± 0.01 21.54 ± 0.07 

3. Linear 40-F 84.5 ± 5.2 1.79 ± 0.01 23.09 ± 0.10 

Regression 55-F 88.4 ± 4.7 2.38 ± 0.02 26.05 ± 0.12 

 
21-B 79.2 ± 1.6 1.34 ± 0.00 21.15 ± 0.03 

 
36-B 85.0 ± 4.8 1.90 ± 0.01 23.83 ± 0.10 
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Method Sample Tzg, oC Kg, (105 K2) ln(Go, µm/min) 

 
13-F 73.6 ± 0.7 0.88 ± 0.04 18.79 ± 0.25 

 
25-F 78.2 ± 0.2 1.21 ± 0.02 19.80 ± 0.12 

4. Curve 40-F 88.2 ± 0.4 2.39 ± 0.05 25.15 ± 0.19 

Fitting 55-F - - - 

 
21-B 79.8 ± 0.6 1.46 ± 0.04 21.46 ± 0.21 

 
36-B 87.5 ± 0.5 2.41 ± 0.06 25.53 ± 0.26 

 
13-F 74.6 ± 1.4 0.93 ± 0.07 19.16 ± 0.55 

 
25-F 80.0 ± 2.5 1.36 ± 0.12 20.73 ± 0.78 

Average 40-F 87.8 ± 2.4 2.31 ± 0.37 24.88 ± 1.32 

 
55-F 88.7 ± 2.6 2.56 ± 0.39 26.22 ± 1.48 

 
21-B 79.5 ± 0.3 1.41 ± 0.06 21.30 ± 0.17 

 
36-B 85.6 ± 1.6 2.10 ± 0.25 24.22 ± 1.04 
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Table 8: Values of zero-growth temperatures (Tzg), secondary nucleation constant (Kg) and lnGo 

for the bulk and fraction PCL samples estimated for given methods. The calculations used QD* = 

40 kJ/mol. 

Method Sample Tzg, oC Kg, (105 K2) ln(Go, μm/min) 

 13-F 77.1 ± 0.7 1.22 ± 0.05 28.58 ± 0.31 

 25-F 83.5 ± 0.7 1.85 ± 0.08 30.97 ± 0.39 

1. Variance  40-F 91.4 ± 1.6 2.97 ± 0.22 35.46 ± 0.82 

G 55-F 89.1 ± 0.1 2.81 ± 0.03 35.07 ± 0.13 

 
21-B 81.7 ± 0.2 1.75 ± 0.04 30.84 ± 0.18 

 
36-B 86.3 ± 0.9 2.33 ± 0.11 33.04 ± 0.48 

 13-F 76.3 ± 1.3 1.15 ± 0.10 28.22 ± 0.56 

 25-F 81.4 ± 0.2 1.61 ± 0.01 29.83 ± 0.10 

2. Variance 40-F 93.4 ± 0.7 3.28 ± 0.09 36.63 ± 0.31 

lnG 55-F 94.1 ± 0.1 3.62 ± 0.02 38.20 ± 0.10 

 
21-B 81.8 ± 0.1 1.77 ± 0.01 30.92 ± 0.04 

 
36-B 88.6 ± 0.1 2.65 ± 0.01 34.40 ± 0.04 

 13-F 79.6 ± 2.6 1.35 ± 0.01 29.67 ± 0.07 

 25-F 84.1 ± 3.7 1.81 ± 0.01 31.31 ± 0.08 

3. Linear 40-F 87.9 ± 5.4 2.31 ± 0.01 33.47 ± 0.10 

Regression 55-F 91.4 ± 5.0 2.95 ± 0.00 36.51 ± 0.13 

 
21-B 81.6 ± 1.7 1.67 ± 0.00 30.79 ± 0.04 

 
36-B 87.8 ± 5.2 2.36 ± 0.01 33.95 ± 0.11 
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Method Sample Tzg, oC Kg, (105 K2) ln(Go, µm/min) 

 
13-F 76.1 ± 0.7 1.14 ± 0.06 28.15 ± 0.31 

 
25-F 80.1 ± 0.3 1.47 ± 0.03 29.08 ± 0.14 

4. Curve 40-F 90.7 ± 0.5 2.88 ± 0.07 35.18 ± 0.27 

Fitting 55-F - - - 

 
21-B 82.3 ± 0.5 1.82 ± 0.06 31.20 ± 0.25 

 
36-B 90.3 ± 0.5 2.95 ± 0.08 35.74 ± 0.31 

 
13-F 77.3 ± 1.7 1.22 ± 0.10 28.65 ± 0.70 

 
25-F 82.3 ± 1.9 1.68 ± 0.18 30.30 ± 1.03 

Average 40-F 90.8 ± 2.3 2.86 ± 0.41 35.18 ± 1.30 

 
55-F 91.5 ± 2.5 3.13 ± 0.43 36.58 ± 1.55 

 
21-B 81.8 ± 0.3 1.75 ± 0.06 30.94 ± 0.18 

 
36-B 88.2 ± 1.7 2.57 ± 0.29 34.28 ± 1.12 

 
 

The values of zero-growth temperatures (Tzg), secondary nucleation constant (Kg) and lnGo for 

the bulk and fraction PCL samples estimated using U* = 6.3 kJ/mol (for a Vogel form of 

transport) for different methods were extremely close to those estimated using QD* = 40 kJ/mol, 

and hence, are not reported here. 

C.    Determination of the Coherent Intensity and the Crystallinity in PCL using       

Wide angle X-ray Diffraction  

This section merely outlines the general methodology that was followed to determine the 

coherent scattering intensity and the weight percent crystallinity using Ruland’s method.1-3 For 

any in-depth descriptions or clarifications, the readers are referred to the books by Ryong-Joon 

Roe,4 and Balta-Calleja and Vonk.5 
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1. Determination of the Theoretical Scattering Intensities for an Atom: 

For a given atom with atomic number Z, the total scattering by electrons is given by eq. (A.1), 

where be is the scattering length of the electron.  

Ie = Z be
2 

 (A.1) 

Total scattering intensity consists of a coherent scattering (I  coh) and an incoherent (or Compton 

scattering, Icomp) component represented by eq. (A.2) and eq. (A.3), respectively.  

I  coh = Ie(
f(s)
Z
) (A.2) 

Icomp = be
2(Z - 

f  2(s)
Z

)(
λ
λ'
)3 (A.3) 

Here λ is the wavelength of the elastically scattered X-rays and λ’ is the wavelength of the 

inelastically scattered X-rays. The factor (λ/λ‘)3 is known as the Breit-Dirac recoil factor that 

accounts for the changes in the wavelength of the X-rays scattered by the sample. f(s) is known 

as the atomic scattering factor given by eq. (A.4).4  

f s   = ai  exp(-bi
i=4

i=1

s
4

2
)+  c (A.4) 

ai, bi and c are known as the Cromer-Mann coefficients.6 Table 9 lists these coefficients6 for 

carbon, hydrogen and oxygen. 

 

Table 9: Cromer-Mann coefficients7, 8 for carbon, hydrogen and oxygen. 

 a1 a2 a3 a4 b1 b2 b3 b4 c 

C 2.31 1.02 1.5886 0.865 20.8439 10.2075 0.5687 51.651 0.2156 

H 0.493002 0.322912 0.140191 0.04081 10.5109 26.1257 3.14236 57.7997 0.003038 

O 3.0485 2.2868 1.5463 0.867 13.2771 5.7011 0.3239 32.9089 0.2508 
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2. Determination of the Theoretical Scattering Intensities for a Repeat Unit in PCL: 

For the C6H10O2 repeat unit in PCL, the Compton (J) and coherent intensities, in electron units 

(e.u), are given by eqs. (A.5) and (A.6), respectively.  

J s   =  
Icomp
 be
2  ={(Z - 

f 2(s)
Z

)C*6 + (Z - 
f 2(s)
Z

)H*10 + (Z – 
f 2(s)
Z

)O*2 } (
λ
λ'
)3 (A.5) 

I  coh

 be
2  = ( 

f  2(s)
Z

)C*6 + ( 
f  2(s)
Z

)H*10 + ( 
f  2(s)
Z

)O*2  
(A.6) 

3. Converting the Experimental Scattering Intensities into Absolute Units:  

In the Ruland analysis3 for determination of weight percent crystallinity, scaling of the 

experimental intensity (Iexp) to absolute intensity units is an important step. T(s) is a scaling 

factor given by eq. (A.7), where the constant α corresponds to the value of T(s) that reaches a 

plateau if high scattering vectors (i.e. near s = 1.0 Å-1) were accessible. f(s) and J(s) are 

obtained using eqs. (A.4) and (A.5), respectively. 

T s   =  
    (f  2 s   +  J s ) s2dss2
s1

Iexp s2 ds
s2
s1

  =  α (A.7) 

Since we did not record WAXD intensities at such high scattering vectors, the T(s) shown in 

Figure 1 could not be calculated at high scattering vectors. Hence the general trend of the curve 

seen in Figure 1 was “roughly” extrapolated to yield the value of α at scattering vectors close to 

s = 1.0 Å-1. Following the suggestions by Balta-Calleja and Vonk,5 we expect that the maximum 

error in the determination of α, in our study, to be less than 10%.  

Thus, the total intensity is multiplied by the factor α and the theoretical Compton intensity is 

further subtracted to achieve the coherent scattering intensity in absolute units. These coherent 

intensities were further used in the determination of percent crystallinity using Ruland method. 

 



	  

	   210 

 

Figure 1: T(s) as a function of s for PCL crystallized at 38.2oC. 

 

Note: To obtain the melt WAXD intensity (I’melt) specific to the given crystallization temperature, 

the WAXD curves were first obtained at different temperatures in the melt.9 The peak scattering 

vectors of the WAXD curves, recorded at these different temperatures, were plotted against 

their respective temperatures (see Figure 2) and linearly extrapolated to a given crystallization 

temperature, Tc. The difference between the peak scattering vectors at 60oC and at given 

crystallization temperature, Tc, was then used to systematically shift the scattering vectors of the 

WAXD curves recorded at 60oC to that expected at a given crystallization temperature. The 

coherent intensities were subsequently obtained using step 1-3. The true amorphous halo 

coherent intensity (Ihalo
coh

) present at a given crystallization temperature was obtained following 

the description in Chapter 5.4.5. Ihalo
coh

 can be then subtracted from the experimental coherent 

intensity, Iexp
coh

 and the weight percent crystallinity can thus be determined using the Ruland 

method described below. 
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Figure 2: Temperature dependence of the scattering vector, q, which was obtained from the 

WAXD curves recorded at several temperatures in the melt. 

 

4. Ruland Method for Determination of Crystallinity: 

According to the Ruland method,3 the weight percent crystallinity is determined using the 

plot of R vs. s2 (see Figure 3), where R is defined by eq. (A.8). Following the procedure in Balta-

Calleja and Vonk,5 the s2 values below the upper limit of the first major crystalline peak in the 

WAXD curve of PCL are ignored. Above the upper limit of this crystalline peak, R is expected to 

oscillate around the straight line generated using eq. (A.8) (see Figure 3).  

R s  = 
Iexp
coh

 s2  ds  s2
s1

Iexp
coh

 s2  ds  s2
s1

- Ihalo
coh

 s2  ds  s2
s1

 = 
1
Xc
+
k
2Xc

s2 (A.8) 

Here k is the constant (its value varies between 0 and 9) used to estimate the distortion 

coefficient associated with the second order distortion.5 The reciprocal of the Y-intercept of such 

line gives the value of weight percent crystallinity. For 36-B PCL, the weight fraction crystallinity 

(Xw) did not show any specific trend with increase in the crystallization temperature (see Figure 

4). 
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Figure 3: Plot of R as a function of s2 for PCL crystallized at 38.2oC. 

 

 

Figure 4: Weight fraction crystallinity as a function of crystallization temperature for 36-B PCL 

sample. 
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