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(ABSTRACT)
Crack propagation studies in nanocrystalline α-iron samples with grain sizes
ranging from 6 to 12 nm are reported at temperatures ranging from 100K to 600K using
atomistic simulations. For all grain sizes, a combination of intragranular and
intergranular fracture is observed. Mechanisms such as grain boundary accommodation,
grain boundary triple junction, grain nucleation and grain rotation are observed to
dictate the plastic deformation energy release. Intergranular fracture is shown to
proceed by the coalescence of nanovoids formed at the grain boundaries ahead of the
crack. The simulations also show that at an atomistic scale the fracture resistance and
plastic deformation energy release mechanisms increase with increasing temperature.
Finally a softening of the material occurs with decreasing grain size. The elastic
properties are found to decrease and the fracture resistance to increase with decreasing
grain size.
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Chapter 1
INTRODUCTION
In the last two decades, grain size refinement in polycrystalline metals has been
the subject of intensive research. These materials with reduced grain sizes have been
found to exhibit novel and often improved mechanical properties. On a very basic level,
grain size refinement associated with an increase in the amount of grain boundaries can
make crack propagation more difficult and, therefore, in conventional grain size
materials, increase the apparent fracture toughness. Thus, through reduction in grain size,
improved toughness can be achieved, in a similar way as an increase in yield strength and
hardness, which is described by the Hall-Petch relation (section 2.4.2). It is a very
appealing mechanism since other strengthening mechanisms usually lead to an inverse
relation between yield strength or hardness and fracture toughness.
Grain boundary hardening according to the Hall-Petch relation only applies as
long as dislocations are produced and can pile up at the grain boundary. After the density
of dislocations that can flow freely and pile up against the grain boundaries reaches a
certain level, the strengthening potential through a further grain refinement successively
decreases, and the Hall-Petch slope decreases.

The Hall-Petch behavior for

polycrystalline materials has been described by several dislocation models, which are
presented in section 2.4.2.
For nanocrystalline metals, a breakdown in the Hall-Petch relation is expected at a
critical grain size, where dislocation pile-up is no longer supported (section 2.6.2(b)).
Also, grain size refinement decreases pining distances preventing dislocation generation
by Frank Read sources.

Furthermore, computer simulations, presented in the same

section, have shown that this type of breakdown occurs below a critical grain size (of the
order of 10-20 nm for metals) and that plastic deformation occurs instead, by
intercrystalline mechanisms. Also, experimental evidence presented in section 2.6.2(c)
10

shows a corresponding change in cracking pattern and morphology below a critical grain
size. Thus, in nanocrystalline materials, the fracture process is thought to be different
than for conventional grain size polycrystalline materials.

Fracture and plastic

deformation are thought to occur by intercrystalline mechanisms instead of a dislocationbased fracture process. At the smallest grain sizes, grain boundary sliding, grain rotation,
and grain boundary triple junction activity have been proposed to account for plastic
deformation without dislocation motion (section 2.6.2).
In this study, we explore fracture behavior in nanocrystalline α-iron at
temperatures ranging from 100 K to 600 K using atomistic simulation techniques. We
address the dual intergranular/intragranular fracture process at such small grain sizes, the
different fracture and deformation mechanisms and the effect of temperature on these
mechanisms.

We also investigate the possibility of a breakdown of the fracture

toughness increase due to grain size refinement that may parallel the breakdown of the
Hall-Petch behavior.
The second chapter contains background information on BCC α-iron.

The

atomistic simulation techniques and the interatomic potentials used for this work are
presented in a third chapter. Finally, results and discussions are exposed in a fourth and
fifth chapter.
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Chapter 2
BACKGROUND INFORMATION ON BCC α-IRON

2.1 Structure of iron
α-iron has a body-centered cubic (BCC) crystal structure. This crystal structure
has a cubic unit cell with a single atom at its center and one atom at each corner.

A

sphere model illustrating this crystal structure is shown in Figure 2.1(c) whereas Figure
2.1(a) is a hard sphere model representation of BCC unit cell, and Figure 2.1(b) is a
reduced-sphere model representation of the same unit cell. Two atoms are associated
with each BCC unit cell: the equivalent of one atom from the eight corners, each of
which is shared among eight unit cells, and the single atom at the center, which is
contained within its cell. In addition, corner and center atom positions are equivalent.
The coordination number for BCC crystal structure is 8; a center atom has eight corner
atoms as nearest neighbors.
The bcc structure is not a close-packed structure like the fcc or hcp structures.
The atoms touch along <111> directions, which are the close-packed directions. The
lattice parameter is a = 4r / 3 and the spacing of atoms along <110> directions is
a / 2 . As a particular interest, the bcc structure can be generated by the stacking of

{112} planes in the sequence: ABCDEFAB (Figure 2.2), where the letters refer to the six
different positions of the atoms layers projected normal to {112}.

12

Figure 2.1: (a) hard sphere unit cell representation; (b) reduced-sphere unit cell
representation; and (c) many cells sphere model. After Callister [1].

Figure 2.2: Stacking sequence of {112} planes in bcc crystal. (a) Two unit cells
showing position of atoms in (1-12) planes. (b) Traces of the (1-12) planes
on a (110) projection: atom sites marked by circles lie in the plane of the
diagram; those marked by squares lie a / 2 above and below. After Hull
and Bacon [2].
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2.2 Deformation mechanisms in bcc crystal
Shear forces applied on a crystal will first cause the crystal to deform by elastic
deformation or homogeneous deformation. The deformation is no longer homogeneous
and becomes inhomogeneous or plastic when the shear process causes discrete blocks of
crystals to slide over one another. In this case, the shear displacements occur by either
slip or twinning. The importance of slip and twinning is dependent on various factors,
including bond energy, temperature, and the presence of defects in the crystal structure.
While slip and twinning allow us to explain shape changes in real materials deformed
under stress, the concept of dislocation is necessary to explain the difference between
theoretical and measured flow stresses.
2.2.1 Critical Resolved Shear Stress (CRSS)
In a single crystal, a characteristic shear stress is required for slip or twinning to
occur.

Indeed, macroscopic plastic deformation (yielding) occurs when the applied

tensile stress σ, resolved as a shear stress τ on a particular slip plane and in a particular
slip direction, is equal to a critical value called critical resolved shear stress (CRSS) [3].
Consider a cylindrical crystal being deformed in tension by an applied force F along its
axis, as illustrated in Figure 2.3. If the cross-sectional area is A the tensile stress parallel
to F is σ=F/A. The force has a component Fcosλ in the slip direction, where λ is the
angle between F and the slip direction. This force acts over the slip surface which has an
area A/cosφ, where φ is the angle between F and the normal to the slip plane. Thus the
shear stress τ, resolved on the slip plane in the slip direction, is [4]

τ R = σ cos λ cos φ

(2.1)

The quantity cosφcosλ is known as the Schmid factor.
The particular mode of deformation, i.e. slip or twinning, is determined by the
criteria that are satisfied at the lowest value of τR. The yield stresses for slip or twinning
are not a constant for a given material but vary with temperature, strain rate, grain size,
and other variables. In most materials having a body centered cubic structure, generally
the yield stress for slip decreases sharply with increasing temperature, whereas the
14

Figure 2.3: Illustration of the geometry of slip in crystalline materials. After Hull and
Bacon [2].
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twinning stress is relatively independent of temperature. At most temperatures, τR(slip)<
τR(twin) and slip is the preferred mode of deformation, but at very low temperatures, the
stress necessary for twinning is less than that required for slip, and twinning is the
preferred mode of deformation.
2.2.2 Deformation by slip
The principal means by which plastic deformation occurs in crystalline solids is
slip.

Slip is characterized by the displacement of blocks of the crystal in specific

crystallographic directions called slip directions and on particular lattice planes called
slip planes. At the surface of a crystal, a step is produced, which demonstrates the
inhomogeneity of the slip process.
Generally the slip plane is the plane of greatest atomic density and the slip
direction is the closest-packed direction within the slip plane. Since the planes of greatest
atomic density are also the most widely spaced in the crystal structure, the resistance to
slip is generally less for these planes than for any other set of planes. The slip plane
together with the slip direction form the slip system.
The bcc structure is not a close-packed structure like the fcc or hcp structures, as
mentioned in section 2.1. Accordingly, there is no one plane of predominant atomic
density, as (111) in the fcc structure and (0001) in the hcp structure. The {110} planes
have the highest atomic density in the bcc structure, but they are not greatly superior in
this respect to several other planes. However, in the bcc structure the <111> direction is
just as closed-packed as the <110> direction in the fcc structure. Therefore, the bcc
metals obey the general rule that the slip direction is the close-packed direction, but they
differ from most other metals by not having a definite single slip plane. Slip in bcc
metals is found to occur on the {110}, {112}, and {123} planes, while the slip direction
is always the <111> direction [5]. There are 48 possible slip systems, but since the
planes are not so close-packed as in the fcc structure, higher shearing stresses are usually
required to cause slip.
An interesting feature of deformation in bcc metals is the asymmetry of slip. It is
found that the shear stress necessary to move a dislocation lying in a slip plane in one
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direction is different than the shear stress needed to move the dislocation in the opposite
direction in the same slip plane. Slip is easier if the dislocation is to move in the
twinning sense on {112} rather than the anti-twinning sense, even if the actual slip plane
is not {112}.
2.2.3 Role of Dislocation in Slip and Peierls-Nabarro model
If slip is assumed to occur by the translation of one plane of atoms over another, it
is possible to make a reasonable estimate of the shear stress required for such a
movement in a perfect lattice. The stress concerned is the theoretical value of the CRSS
for the material. If the force required for sliding one plane of atoms over another is
approximated by a simple sinusoidal function, the values of CRSS obtained are several
orders of magnitude larger than the observed values for single crystals or polycrystalline
materials [5]. Even if the simple sine wave expression is replaced by a more exact
function, the results are still very much greater than the observed values [4].
The concept of line defects in crystalline solids was introduced to explain the
difference between the observed and theoretical shear strengths of metals [6-8]. Instead
of the entire plane of atoms moving together, we may consider local movement only,
with slip starting at some position and gradually spreading across the slip plane under the
action of the applied stress. At any time from the initiation of the slip until the whole
plane of atoms has slipped, there will be a discontinuity between the slipped and
unslipped regions: this is termed a dislocation. This localized movement of atoms will
require a much lower force than simultaneous movement of all on the slip plane; hence
the shear stress required will be much less than the theoretical values predicted.
The small force required to move a dislocation through the crystal lattice is called
the Peierls-Nabarro force [9,10]. The Peierls stress is the shear stress required to move a
dislocation through a crystal lattice in a particular direction

τP ≈

2 µ − 2π w / b
2µ −[ 2π a /(1−ν )b]
≈
e
e
1 −ν
1 −ν
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(2.2)

where a is the distance between slip planes and b is the distance between atoms in the slip
direction, w is the width of the dislocation. A plot of the function is represented on
Figure 2.4.
Equation (2.2) was derived for the sinusoidal force-distance law that has only
limited validity. The equation cannot be used for precise calculations. Also, this model
does not include thermal activation that would help the dislocation to surmount the
Peierls barrier at temperature higher than 0K. Furthermore, the core of the dislocation is
assumed to be planar, spreading only along one slip plane. These important assumptions
limit the validity of the model in the comparison with dislocation properties in real
crystal. However, it is the only analytical model that predicts dislocation properties
based on the structure of the dislocation core and is therefore very useful to understand
the results from atomistic simulation of dislocations.
The Peierls-Nabarro model is accurate enough to show that the stress needed to
move a dislocation in a metal is quite low. Also, it shows that materials with wide
dislocations will require a low stress to move the dislocations. The fact that slip occurs in
close-packed directions means that b is minimized, and from eqn. (2.2) the Peierls stress
will be lower. Thus, eqn. (2.2) provides a basis for the observation that slip occurs most
readily on close-packed planes in the close-packed directions. For bcc metals, b is
minimized, but since there are no close-packed planes, a will tend to be smaller and thus
the Peierls stress will be higher.
2.2.4 Deformation by Twinning- Stacking faults

The second important mechanism of deformation in crystalline solids is twinning,
where layers of atoms on one side of a twinning plane slide in such a manner as to bring
the deformed part of the crystal into a mirror image orientation relative to the undeformed
part of the crystal. Figure 2.5 shows the classical picture of twinning, and it may be seen
that the essential difference between this and slip is that, in the latter, atoms on one side
of the slip plane all move through an equal distance, while in twinning the distance
moved is proportional to the atom’s distance from the twinning plane.

18

Figure 2.4: Stress required to move a Peierls-Nabarro dislocation as a function of its
displacement, α, in the lattice.

Figure 2.5: Twinning in a crystal lattice. After Le May [11].
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As shown in section 2.1, the stacking of {112} planes in the sequence
ABCDEFAB generates the bcc structure. Twinning occurs on {112}<111> systems.
The homogeneous shear required to produce a twin is 1 / 2 in a <111> direction on a
{112} plane. This shear can be produced by a displacement of 1/6<111> on every
successive {112} plane, which results in the stacking of a twinned crystal: ABCDCBA.
Sequential shears, insertion, or removal of two adjacent layers, in principle could
create intrinsic faults I1 and I2, an extrinsic fault E, and a twin fault T.

Atomic

calculations [12] suggest that the simple faults I1, and I2, and E have such large energies
that dislocation dissociation to create them should not occur.
The twinning deformation in bcc is observed when it is deformed at low
temperatures and/or high strain rates.

2.3 Dislocations in bcc structure
2.3.1 Nature of dislocation in crystal structure

Dislocations are responsible for the plastic deformation in crystals. Slip is the
sliding of blocks of the crystal over one another along definite crystallographic planes.
We saw previously that the motion of linear defects, called dislocations, in the lattice
causes this process. The boundary between the slipped and unslipped parts of the crystal
defines the dislocation. Two parameters are necessary to classify a dislocation: Burgers
vector and the dislocation line.

The Burgers vector represents the amount of

displacement between the slipped and the unslipped regions and is determined by
drawing a circuit around the dislocation in the unslipped part of the lattice. The unit
vector tangent to the dislocation line defines the line direction.
There are three kinds of dislocations: edge, screw and mixed.

The edge

dislocations correspond to an extra half-plane inserted between two crystallographic
planes in the lattice (Figure 2.6(a)). A defining characteristic of such a dislocation is that
its Burgers vector is always perpendicular to the dislocation line. A screw dislocation
can be constructed by cutting a pathway through a perfect crystal, then skewing the
crystal one atom spacing (Figure 2.6(b)). The Burgers vector is then parallel to the

20

Figure 2.6: (a) Edge dislocation; (b) screw dislocation. The Burgers circuit and Burgers
vector b are shown for each case. After Le May [11].
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dislocation line. Aside from the extreme cases where the Burgers vector is either normal
to the dislocation axis (edge dislocation) or parallel (screw dislocation), any intermediate
orientation is possible. Such intermediate dislocations are referred to as mixed. Mixed
dislocations may be regarded, in all respects, as the superimpositions of an edge
dislocation (the so-called edge-component) and a screw dislocation (referred as the
screw-component).
2.3.2 Slip systems and dislocations in bcc

In bcc structure, we saw that slip occurs in close-packed <111> directions. The
shortest lattice vector extends from an atom corner to the atom at the center of the unit
cube. Therefore, the Burgers vector is (a0/2)[111]. Slip in bcc iron has been particularly
well studied [13-15]. Slip lines in alpha iron have been found to occur on {110}, {112},
and {123} planes. It has also been found that slip may occur in any plane {hkl} for
which <111> is the zone axis. It is particularly significant to notice that three {110},
three {112} and six {123} planes intersect along the same <111> direction. Thus, if
cross slip is easy it is possible for screw dislocations to move on different {110} planes
or combinations of {110} and {112} planes, etc., favored by the applied stress. This is
the origin of the wavy and poorly defined slip lines observed in alpha iron (Figure 2.7).
It has been found that the apparent slip plane varies with composition, crystal
orientation, temperature and strain rate [18]. Indeed, the picture that emerges from
experimental evidence is that when pure iron is deformed at low temperature, the
predominant slip planes appear to be {110} and {112} whereas at high temperature or
low strain rate, the predominant slip planes tend to be {123} and {hkl}. Electron
microscopy of bcc metals deformed at low temperatures reveals long screw dislocations,
implying that non-screw dislocations are more mobile and that screw dislocations dictate
the slip characteristics.
Extended dislocations are not commonly observed in bcc metals as they are in fcc
and hcp metals. Although dislocation reactions involving partials have been suggested
[19], there are no well-established reactions that have been substantiated by extensive
experimentation.
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Figure 2.7: Wavy slip lines in alpha iron (150X). After Dieter [15].

Figure 2.8: Slip on intersecting (110) planes. After Cottrel [16].
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However, Cottrell [16] has suggested a dislocation reaction that appears to lead to
the formation of immobile dislocations in the bcc lattice. It is a mechanism for producing
a0[001] dislocation networks that are observed in iron. In Figure 2.8, dislocation A with
Burgers vector (a0/2)[-1-11] is gliding on the (10-1) slip plane, while dislocation B with
(a0/2)[111] is gliding on the intersecting (10-1) slip plane. The two dislocations come
together and react to lower their strain energy by producing a pure edge dislocation which
lies on the (001) plane.
a0
a
[ 1 1 1] + 0 [111] → a 0 [001]
2
2

(2.3)

Since the (001) plane is not a close-packed slip plane in the bcc lattice, the dislocation is
immobile. This dislocation is therefore unlikely to take part in plastic deformation, but
since the main cleavage planes are {100}, it may play a role in crack nucleation.
Dislocation loops are also found in bcc structures.
interstitials and vacancies.

They are formed by

The loops are believed to nucleate with Burgers vector

½<110> on the {110} planes, which are the most densely packed. In the absence of
stable stacking faults on these planes, the partial dislocations loops shear at an early stage
of growth to become perfect by one of two reactions:
½<110>+1/2<001>Æ1/2<111>

(2.4)

½<110>+1/2<1-10>Æ<100>

(2.5)

The resultant dislocation in reaction (2.4) has the lower energy and loops with Burgers
vector of <111> type have been observed in many metals. In α-iron and its alloys,
however, a high proportion of loops are of <100> type: this effect is as yet unexplained.
2.3.3 Dislocation core structure

Unlike fcc metals, simple elastic calculations of dislocation dissociation are
inadequate for bcc metals and much of the knowledge about core structure has been
obtained from computer models of crystals. Thus, computer simulations of the screw
dislocation with Burgers vector ½<111> show that the core has a non-planar character
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[20].

Also, atomic calculations showed that dissociations into stable faulted

configurations did not occur, but that core-scale extensions did [21,22].

Atomic

calculations [23,32] reveal that screw dislocations split into one of two equivalent
configurations as shown in Figure 2.9. The stress-free equilibrium position is such that
the dislocation is centered between three rows of atoms. Although the two configurations
have identical energies, their configurations are distinguishable due to the non-linear core
field. A polarity defines the sense of the screw dislocation. The ½[111] dislocation
spreads into three 1/6[111] cores. These fractional dislocations do not bound stable
stacking faults, unlike Shockley partial dislocations. The fractional cores also spread
asymmetrically as seen in Figure 2.9, but on the three {112} planes in the twinning sense.
This account for the slip asymmetry referred to in section 2.2.2.
By applying stress to the model, it has been found that the core structure changes
before slip occurs. A sequence of configurations with increased shear stress tending to
move the dislocation to the left is presented in Figure 2.10a to Figure 2.10e [33]. In
Figure 2.10d the dislocation has translated from one Peierls valley to the next and has
changed to an equivalent configuration. With an increase of stress, the dislocation
translates on the average on the dashed {-211) plane by a mechanism of alternate small
glide increments on {110} planes. Moreover, it has been found that glide over the Peierls
barrier is likely to proceed instead by double kink nucleation [23]. These kinks are due to
polarity changing defects called flips, indicating the plus-minus flip of the polarity.
Furthermore, computer simulation has shown that the screw core responds differently to
stresses with different non-shear components, in good agreement with the effects of
compression and tension found in experiment.
Similar studies of non-screw dislocations, on the other hand, show they have
cores which are planar in form on either {110} or {112} but do not contain stable
stacking faults. They are not sensitive to the application of non-shear stresses, and they
glide at much lower shear stresses than the screw dislocation.

25

Figure 2.9:

Equivalent right-handed screw dislocations fractionally extended on {110}
and {112} planes with (a) + polarity and (b) – polarity. After Hirth and
Lothe [19].

Figure 2.10: Sequence of motion of the right-handed screw dislocation shown in Fig.
2.10 (a) with increasing stress: A to D represent fractional dislocations, ∆
represents the original dislocation position, and the orientation is that as in
Fig. 2.10 (c). After Hirth and Lothe [19].
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2.4 Deformation in Polycrystalline materials
In 2.3, the plastic deformation by motion of dislocations, slip and twinning was
considered for single crystals. However, commercial metals products are polycrystalline
materials made up of individual crystals or grains. In a polycrystal, surrounding grains
have a restraining effect that cause a single grain, within the polycrystal, not to deform
the same way as a single crystal.
2.4.1 Grain boundaries and deformation

A polycrystalline aggregate is made up of grains separated by grain boundaries.
These surface defects are misfit regions, of few atomic diameters wide, representing
crystallographic orientation changes from one grain to another.

As the orientation

difference across the grain boundary decreases, the state of order in the grain boundary
increases.

These regions may consist of various kinds of dislocations.

When the

misorientation between two grains is small, the grain boundary can be described by a
relatively simple configuration of dislocations (e.g., an edge dislocation wall) and is
called a low-angle boundary. When the misorientation is large, high-angle boundary,
more complicated structures are involved. Also, the surface energy of the grain boundary
increases with increasing orientation difference between two grains.
When deformed in uniaxial tension, a polycrystal does not deform in a same
manner as a single crystal. Individual grains are not subjected to a single uniaxial stress
and continuity must be maintained so that boundaries between deforming crystals remain
intact.

Hence, during the deformation of polycrystals, there exists a condition of

compatibility among the neighboring grains that is, if the development of voids or cracks
is not permitted, the deformation in each grain must be accommodated by its neighbors.
This accommodation is realized by multiple slip in the vicinity of the boundaries, which
leads to high strain-hardening rate. The fact that different slip systems can operate in
adjacent regions of the same grain can result in the formation of deformation bands.
Von Mises [24] showed that for a crystal to undergo a general change of shape by
slip requires the operation of five independent slip systems. Crystals that do not possess
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five independent slip systems are never ductile in polycrystalline form. Cubic metals
easily satisfy this requirement. Kelly [25] has pointed out that another requirement for
polycrystalline ductility is slip flexibility. Slip flexibility is characterized by easy cross
slip and slip band interpenetration.
At temperature above about one-half of the melting point (0.5Tm), grain-boundary
sliding can occur, where deformation takes place by sliding along the grain boundaries.
At low temperature, below 0.5Tm, the grain boundary region is stronger than the center
grain region and strength increases with decreasing grain size (increasing grain boundary
area). Thus, the grain boundaries act as strong obstacles to dislocation motion. Mobile
dislocations can pile up against the boundaries and thus give rise to stress concentration
that can be relaxed by initiating locally multiple slip. At high temperature, above 0.5Tm,
the grain boundaries function as sites of weakness. Grain boundary sliding may occur,
leading to plastic flow or opening up voids along the boundaries.
2.4.2 Strengthening from grain boundaries, Hall-Petch theory

From the previous section, it has been emphasized that grain boundaries in
polycrystals introduce nonhomogeneous deformation and multiple slip. The effect of
grain boundary and grain size on the yield strength has been established empirically by
Hall [26] and Petch [27]. The Hall-Petch (H-P) equation has the form

σ y = σ 0 + kD

−

1
2

(2.6)

where σy is the yield stress, σ0 is a frictional stress required to move dislocations, k is the
H-P slope, and D is the grain size. This equation seems to be a satisfactory description
when a somewhat limited range of grain size is being investigated.
A great deal of effort has been devoted to explaining the H-P relationship from a
fundamental point of view. The basic idea behind the separate propositions of Hall and
Petch is that a dislocation pileup can go through a grain boundary due to stress
concentrations at the head of the pileup. This theory relies on the Eshelby et al. [28]
relation for the dislocation pileup, which is valid only for a large number of dislocations;
hence, the equation is not applicable to grain sizes below a few microns.
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Cottrell [29] used a different approach to obtain the H-P relationship.

He

recognized that it is virtually impossible for dislocations to go through the grain
boundaries. Instead, he assumed that the stress concentration produced by the dislocation
pileup in one grain activated dislocation sources in the adjacent grain.
Li [30] suggested a dislocation emission from grain-boundary ledges into the
grain to obtain the H-P equation. Such dislocations act as Taylor “forests” in the regions
close to the boundary. The yield stress is, according to Li, the stress required to move
dislocations through these forests.
Another proposal by Meyers and Ashworth [31] uses dislocation networks within
the grain-boundary regions as the parameters determining the effects of grain size. Their
theory is based on the formation of a hardened region along the grain boundaries due to
incompatibility stress between neighboring grains.

Their formulation predicted a

decrease in the H-P slope for smaller grain sizes, in line with experimental observations.
2.4.3 Low-angle grain boundary

A definite structure can exist within the grains surrounded by high-energy grain
boundaries.

The subgrains are low-angle boundaries in which the difference in

orientation across the boundary may be less than a few degrees.

These low-angle

boundaries contain a relatively simple arrangement of dislocations and therefore have a
lower energy than high-angle grain boundaries.
The simplest situation is the case of tilt and twist boundary. In the case of a tilt
boundary, the grain boundary consists of a configuration of edge dislocations between
two grains. The misfit in the orientation of the two grains is accommodated by a
perturbation of the regular arrangement of atoms in the boundary region.

The

misorientation at the boundary is related to the spacing between dislocations, D, by the
relation
D=

b/2
b
≈
sin(θ / 2) θ

(for very small θ)

(2.7)

where b is the Burgers vector. As the misorientation θ increases, the spacing between
dislocations is reduced, until, at large angles the description in terms of simple
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dislocation arrangement does not make sense since the dislocations are too close and core
interactions occur. Boundaries consisting entirely of edge dislocations are called tilt
boundaries, whereas those consisting entirely of screw dislocations are called twist
boundaries.
2.4.4 Coincidence Site Lattice (CSL) Boundaries

As the angle of misorientation between two grains increases, the surface energy of
the grain boundary increases. Nonetheless, there are certain special boundaries for which
a particular high angle between two adjacent crystals produces a low value of the surface
energy. Indeed, when a certain rotation of one grain relative to another grain results in a
three-dimensional atomic pattern in which a certain fraction of lattice points coincide in
the two grains. Such a CSL boundary is characterized by a parameter Σ, the reciprocal of
the fraction of the lattices sites that coincide. For example, a twin boundary is Σ3. It has
been observed that CSL grain boundaries with relatively low values of Σ can have
significant influence on the mechanical behavior of a polycrystalline material. CSL
boundaries with Σ less than 29 show certain advantages over random grain boundaries or
boundaries with higher Σ: lower grain boundary energy in pure metals, lower diffusivity,
greater resistance to grain boundary sliding and fracture. Thus, it appears that control of
the character and density of low-Σ boundaries can be a means of producing a superior
polycrystalline material.
2.4.5 Grain-Boundary Triple Junction

Grain-boundary triple junctions are sites where four grains or three grainboundaries meet. Such boundaries are commonly observed in crystalline materials. The
number of triple junctions can have a great influence on the mechanical behavior of
polycrystalline materials. It depends on the grain size and crystal geometry of the
material.
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2.4.6 Grain-Boundary Dislocations and Ledges

Experimental observations have shown the existence of grain-boundary
dislocations (GBDs) when the orientation does not correspond to an ideal coincidence
lattice site orientation. However, a grain-boundary dislocation belongs to the grain
boundary and is not a common lattice dislocation. These GBDs can group together
within the boundary and lead to the formation of a grain boundary ledge, which is
represented by a step. A grain boundary ledge can also be formed by the passage of
dislocation from one grain to another through the grain boundary.

The distinction

between a GBD and a ledge is one height, the smallest ledge corresponding to a
dislocation.

Ledges in the grain boundaries constitute an important structural

characteristic of the high-angle grain boundaries. It has been observed that the density of
ledges increases with the increase in the boundary misorientation. One of the important
aspects of this structure of boundaries is that the ledges can function as effective sources
of dislocations, a fact that has important implications for the mechanical properties of
polycrystals.

2.5 Fracture mechanisms
Fracture is the separation, or fragmentation, of a material specimen into two or
more parts under the action of stress. The fracture process can be considered as crack
initiation and crack propagation. Fractures can be classified into two general categories,
ductile fracture and brittle fracture.
2.5.1 Ductile versus Brittle behavior

Materials are classified in terms of their relative brittleness or ductility. Ductility,
as opposed to brittleness, is the ability of a material to undergo plastic deformation before
it breaks. An extremely ductile material, like pure copper, flows plastically when stressed
above its elastic limit, and separates by necking as presented in Figure 2.11. This plastic
rupture involves dislocation mechanisms only. Ductility is a desirable material property,
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Figure 2.11: Ideally ductile materials: fracture by necking. After Thomson [38].

Figure 2.12: Ideally brittle material: cleavage fracture. After Thomson [38].
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since plastic flow tends to reduce stress peaks at notches and cracks and to smoothen the
stress distribution. It makes a ductile material tolerant against defects. On the other
hand, an ideally brittle material (silicon at room temperature or glass) will be perfectly
elastic up to a critical stress at which it cleaves catastrophically, normal to the applied
tensile stress (Figure 2.12). In this case, there is no dislocation activity, and the fracture
is due to the propagation of a single atomically sharp cleavage crack right through the
material. Brittle fracture is to be avoided at all cost, because it occurs without warning
and usually produces disastrous consequences.
The two extreme poles of material behavior have been defined. Fortunately, the
vast majority of metals are situated between these two extremes. In general, metals are
much stronger than extreme ductile material and much tougher than ideally brittle
materials.

The fracture toughness describes the resistance of the material to crack

extension. In other words, it represents the energy absorbed from the external stressing
mechanism as the crack propagates. Materials of high strength and toughness represent a
goal for researchers but it requires the understanding of the toughness of materials and
the ductile/brittle duality, which constitute fundamental challenges in mechanical failure.
Experimental evidences show that both brittle and ductile metals fail at an average
stress level of many orders of magnitude less than the theoretical cohesive strength of the
material, which is expressed in terms of the force of the bonds between atoms. Also, the
microscopic aspects of the crack may not be representing the macroscopic behavior of the
fracture. In other words, even if a failure may appear macroscopically to be brittle, it
may instead be quite blunted and irregular in shape at a microscopic level, without the
characteristics of a cleavage crack. On the other hand, a crack showing considerable
toughness may consist of an atomically sharp cleavage crack associated with large
numbers of dislocations. Thus, from relatively ductile to relatively brittle materials, the
shape of the crack changes from a blunt notch or rounded hole that expands by pure
plastic processes, to a sharp crack that advances by cleavage. This question of which
material cleaves or fails in a ductile manner has been explored to a great extend. A
valuable key in the approach to this problem is to distinguish between intrinsically brittle
materials and intrinsically ductile ones in terms of the stability of the crack against
dislocation emission. Intrinsically brittle materials can sustain a stable atomically sharp
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crack in their lattice without breakdown by dislocation generation, while the other class
cannot. In the first case, cleavage crack growth is possible whereas only tougher ductile
crack growth is possible in the second case. The dislocation interactions with the two
types of crack need to be considered and a fracture criterion can follow.
2.5.2 Griffith theory for brittle fracture

The Griffith relation is a simple equation of balance between elastic driving force
on the crack and the lattice resistance associated with the energy of growing surface.
Griffith’s theory for crack equilibrium [34] in its original form is applicable only to a
perfectly brittle material such as glass.
Considering the crack of Figure 2.13, loaded in mode I (opening mode), since
there is no dislocation present, the elastic force per unit length on the crack is given by
fc =

(1 − υ ) K
2µ

2

(2.8)

I

where µ is the shear modulus, ν the Poisson’s ratio, and KI refers to the stress intensity
factor for mode I. This force represents the elastic energy release rate (G) of the total
system. Opposing this elastic force is a resistive force to crack opening provided by the
crystal given by

f crystal = −2γ s

(2.9)

which represents the surface tension between the two surfaces at the crack tip. γs refers to
the surface energy of the crack plane.

Griffith’s theory states that the crack will

propagate when the energy release rate of the system (GIC=dU/da) equals the surface
energy of the two newly created surfaces : GIC = 2γs.
When the elastic forces and surface tension forces are in balance, the point of
equilibrium is given by the critical value of KI,

(

K IC = 2γ s E / 1 − υ 2

)

or K IC = 2 γ s µ / (1 − υ )
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(2.10)

2a

Figure 2.13: Griffith theory: Mode I crack.
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KIC being the fracture toughness of the material for plane strain condition. This equation
is often called the Griffith relation, although it is not in the form given by him, since the
stress intensity factor was introduced much later.
2.5.3 Dislocation Emission from cracks

Kelly et al (1967) [35] were the first to address the emission-cleavage problem.
They described ductile versus brittle behavior as a competition between Griffith cleavage
and plastic shear at a crack tip. The analysis did not include any dislocation mechanisms
at the crack tip and was based upon the ratio of theoretical shear strength to theoretical
tensile strength. Rice and Thomson [36] estimated that the correct description of the
problem had to include dislocation mechanism. Hence they modeled the shear process at
the crack tip as the nucleation of a dislocation considering that the blunting reaction at the
crack tip required the production of a dislocation. Lin [37] has shown that the criterion
established by Rice and Thomson for cleavage-emission is physically equivalent to that
proposed by Kelly et al.
Rice and Thomson [36] treated the stability of a crack against spontaneous
dislocation emission for pure mode I. Their geometry consists of a dislocation on a slip
plane that intersects the crack plane along the crack front, as shown in Figure 2.14.
Thomson [38] and Lin and Thomson [39] extended the reasoning to the mixed
load case and considered also a more general geometry where the slip plane does not
intersect the crack plane along the crack front and where the crack is embedded in a cloud
of other dislocations. According to the authors, the force on an emitted dislocation from
the crack tip is composed of three terms
f d = f d 1 ( Kb) + f d 2 (b 2 ) + ∑ f d 3 (bbi )

(2.11)

i

where the first term is the direct force by the crack on the dislocation. K is the stress
intensity factor and b the Burgers vector. The second term is due to the self-image of the
dislocation in the crack. The third term represents the interaction between the emitted
dislocation and other present dislocations. This configuration of a crack embedded in a
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Figure 2.14: Geometry of the dislocation, crack configuration in two dimensions. be and
bs are perpendicular and parallel components of the Burgers vector relative
to the crack. After Rice and Thomson [36].
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cloud of other dislocations is very complicated and the detail is given by Thomson [38]
and Lin and Thomson [39].
Eqn. (2.11) is simplified when the slip plane intersects the crack tip and in the
absence of dislocation interactions in the crack vicinity. The equation becomes
fd =

be
2 2πr

[K I f1 (θ ) + K II f 2 (θ )] + K III bs
2πr

f 3 (θ ) −


µ  be2

+ bs2 
4πr  1 − ν


θ
1
sin θ cos
2
2
θ
3θ 1
f 2 (θ ) = cos + sin θ sin
2 2
2
f1 (θ ) =

f 3 (θ ) = cos

(2.12)

θ

2

where be and bs are the edge and screw components of the Burgers vector b, K I , K II and
K III are the components of the stress intensity factor in the different modes I, II and III, µ

is the shear modulus, ν the Poisson’s ratio, and r and θ the coordinates of the dislocation.
For a positive b, which would lead to blunting of the crack, these forces oppose one
another as illustrated in Figure 2.15.
At a distance smaller than r0, the dislocation will see an attractive force that will
keep it from going away from the crack tip. At a distance larger that r0, the repulsive
force will drive the dislocation away from the crack tip. In this case, the crack is always
stable against spontaneous emission of dislocation. However, the elastic approximation
breaks down when r is smaller than the core size of the dislocation (rc). Thus, when r0 is
smaller than the core size rc, spontaneous emission will occur because before the
dislocation is well formed, it is already under a repulsive elastic force and never sees an
attractive force. From this, an emission criterion can be derived. A crack will emit
dislocations spontaneously for K>Ke, where Ke is defined for fd =0 and r0=rc as:
be2
µ
2
(bs +
)
be [K I e f 1 (θ ) + K II e f 2 (θ )] + K III e bs f 3 (θ ) ≥
1 −ν
2 2πrc

This inequality defines a plane in (KI, KII, KIII) space as shown in Figure 2.16.
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(2.13)

Figure 2.15: Force between a crack and a dislocation as a function of the distance ξ
between them. The core size of the dislocation rc is shown in relation to the
null point of the force for brittle and ductile cases. After Lin and Thomson
[39].

Figure 2.16: Emission surface. After Lin and Thomson [39].
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The intercepts at each axis define the critical stress intensity factors for emission in pure
loading modes and are denoted by
K

0
Ie

 bs2
b 
 + e 
=
8πr0 f1 (θ )  be 1 − ν 

K II0 e =
0
K III
e =

µ

 bs2
b 
 + e 
8πr0 f 2 (θ )  be 1 − ν 

µ

(2.14)


be2 
 bs +

bs (1 − ν ) 
8πr0 f1 (θ ) 

µ

The angular plots for these functions are shown in Figure 2.17. Thus, the crack will be
stable against spontaneous emission of dislocations for all values below the plane defined
0
by K I0e , K II0 e , K III
e . However, spontaneous emission will occur for all values of K above

the plane.
From this previous emission criterion, a cleavage/emission criterion can be
obtained by comparison with the Griffith cleavage criterion. Only Mode I will be treated
here since it is the mode of interest for this work. From eqn. (2.14) and eqn. (2.10)
KIe =

 bs2
b
 + e

8πr0 f1 (θ )  be 1 − ν

µ






(2.15)

K I C = 2 µγ /(1 − ν )

Thus, if KIe<KIC spontaneous emission will occur first but if KIe>KIC cleavage will occur
first.
Lin and Thomson [39] developed a complete crack stability diagram in the threedimensional k-space (Figure 2.18).

Their diagram states that whether cleavage,

dislocation emission or a combination of both will take place can be predicted under any
mixed loading. Previous theories imply that dislocation emission prevents the crack from
propagating. However, the emission of a dislocation at the crack tip does not always
imply a ductile behavior, as it has been observed [40,41]. Lin and Thomson’s theory
predicts that cleavage and dislocation emissions could occur at the same time under
specific conditions of loading.
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Figure 2.17: Angular plot for kIe. The intercepts kIe , kIIe , and kIIIe are plotted in (a), (b),
and (c), respectively, as function of the angle α. After Lin and Thomson
[39].
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Figure 2.18: Crack stability diagram. The intersection of the cleavage surface and the
emission surface gives the stability criterion for the crack (emission line as
shown). Region beneath the emission surface and above the cleavage
surface is a stable region for the crack. After Lin and Thomson [39].
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Two important conclusions can be deduced from Lin and Thomson’s analysis.
First, only dislocations generated by mode I can blunt the crack. Also, the cleavage
criterion depends only on the local mode I stress intensity factor. A last comment on
their analysis is that they did not take into account the fact that branching of the crack to a
new cleavage system could occur.
2.5.4 Rice’s emission criterion

Rice has presented the most recent theory on the competition between crack
propagation and dislocation nucleation [43]. The Peierls concept [44] is used to analyze
the dislocation nucleation at a crack tip.
In the crack tip configuration illustrated in Figure 2.19a, the shear stress τ, along
the most highly stressed slip plane, is regarded as a periodic function of the slip
displacement δ (Figure 2.19b). When a small load is applied at the crack tip, a small
amount of slip takes place, which can eventually lead with increasing the load to a fully
formed dislocation. Dislocation nucleation occurs under critical crack tip stress intensity
factor proportional to

γ us , where γus is the unstable stacking energy. γus is identified as

the area under the shear stress versus shear displacement curve (Figure 2.19c), which
constitutes the energy barrier that needs to be overcome under shear as a dislocation is
emitted. γus gives a simple measure of the effect of the lattice discreteness and can be
seen as the maximum energy barrier encountered when two semi-infinite blocks of
material are sheared relative to one another, and is thus a measure of the theoretical shear
strength of the material.
Using the path-independent J-integral analysis, Rice has derived an exact solution
for a simplified crack tip geometry where crack and slip planes are coincident. His
analysis shows that slip at the crack tip at the point of instability should be one half a
Burgers vector, meaning that no fully formed dislocation has to be present at the onset of
ductile response. Moreover, it follows that under Mode II (shear) loading, the energy
release rate G is proportional to γus.
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Figure 2.19: (a) Crystal slip plane emanating from crack tip. (b) Periodic relation
between stress and shear displacement discontinuity. (c) Energy associated
with slip discontinuity. After Rice [43].
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Rice has also derived an approximate nucleation condition under mixed loading
conditions, in a crack tip configuration described in Figure 2.20, where the slip plane
does not coincide with the crack plane. The nucleation condition is given by

[K I f I (θ ) + K II f II (θ )]cos φ + K III f III (θ ) sin φ =
θ

[

]

θ

f I (θ ) = cos 2 ( ) sin( )
2
2

θ

2µ
cos 2 φ + (1 − ν ) sin 2 φ γ us
1 −ν
(2.16)

θ

f II (θ ) = cos( )[1 − 3 sin ( )]
2
2
2

θ

f III (θ ) = cos( )
2
where KI, KII and KIII are the components of the stress intensity factor in the three loading
modes, θ is the inclination between the slip plane and the crack plane, and φ is the
complement of the angle made by the Burgers vector with the dislocation line direction.
In Mode I loading, the condition for dislocation emission becomes
 2µγ us

8
K Ie = 

2
2
 1 − ν (1 + cosθ )sin θ cos φ 

1/ 2

(2.17)

From this, the ductile to brittle criterion is obtained by equating equations (2.10)
and (2.17). Thus, the ductile/brittle crossover condition is given by

γ us (1 + cosθ ) sin 2 θ cos 2 φ
=
4
γs

(2.18)

The dislocation will be emitted from the crack tip if the ratio of the stacking
energy by the surface energy is smaller than the geometric function of the right hand side
of equation (2.18). In his derivation, Rice did not include the ledge effect when the
dislocation at the crack tip is formed. Indeed, as the dislocation is emitted, the lattice
resistance is not only due to the shearing of the lattice but also to the ledge effect due to
the dislocation formation.
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Figure 2.20: Slip plane inclined at angle θ with the prolongation of the crack plane; slip
direction inclined at angle ϕ with the normal to the crack tip. After Rice
[43].
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Zhou et al. [45] considered the ledge effects and modify the crossover condition
making the relation independent of γs. In this analysis, the critical loading for emission
in the same configuration as above is given by
 50µγ s γ us

8
K Ie = 

2
2
b
(1 + cosθ ) sin θ cos φ 


1/ 2

(2.19)

which is dependent of γs. From this, the crossover condition combining (2.10) and (2.19)
for φ=0 is

γ us (1 + cosθ ) sin 2 θ
=
µb
100(1 − ν )

(2.20)

which is independent of γs. Thus, the ductile/brittle crossover condition is independent of
γs and is determined by a critical value of γus only.

2.6 Atomistic studies and experimental observations on deformation
and fracture mechanisms in bcc α-iron
2.6.1 Work on single crystal bcc α-iron

Molecular Dynamics (MD) and molecular Statics (MS) atomistic simulation
techniques have been used in the recent years to study the processes of crack propagation
in Mode I loading for α-iron single crystal [46-55]. These studies have explored the
effects of temperature and crack orientations on fracture properties for α-iron single
crystal. Almost all of these studies have been performed for single crystal but very few
results on polycrystalline α-iron have been published [56-58].
Both standard experimental work as well as these atomistic simulations have
pointed out that the main cleavage planes for single crystal α-iron at low temperature are
{100} and {110}. Also, they show evidence of dislocation emission at the crack tip with
the main slip planes being <111>{110} and <111>{112}.
Cheung and Yip [46] have used MD simulations with Voter FeA potential for αiron to show that a brittle-to-ductile transition occurs between 200K and 300K for various
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crack tip geometries: <100>{110}, <100>{100} and <110>{100}, where the crack is
lying on the indicated plane and its crack front is located along the given direction. At
low temperature, i.e. at temperatures of 200 K and below, the three crack orientations
show brittle behavior and cleavage crack is observed to occur on {100} or {110} planes.
With increasing temperature above the ductile-brittle transition (DBT) temperature,
profuse dislocation emission accompanied with crack tip blunting is observed in the three
orientations. <111>{110} is identified as one of the slip systems activated. Furthermore,
for the <110>{100} orientation, additional features of local structural transformation and
twinning associated with <111>{112} are observed. In addition, a BCC-> FCC structural
transition induced by uniaxial tensile stress has been observed in simulation using the
same potential [47].
deCelis et al [48], using Johnson potential have also found brittle cleavage to be
the preferred mode of instability for cracks at 0K. However, here the preferred cleavage
plane is observed to be {100}. Kohlhoff et al [49] have used a combined Finite Elements
and atomistic model along with Finnis-Sinclair and Johnson potential to study {100} and
{110} cracks. Their approach is to consider both crack planes {100} and {110} with
their crack front oriented along either <100> or <110> directions. Both cracks with
either of the two orientations are observed to cleave without dislocation emission.
However, cleavage on the {100} plane is found to be easier than {110}.
Shastry and Farkas [50] investigated crack propagation under Mode I loading
using molecular statics simulation models with Simonelli potential. Their study involved
cracks on {110} planes but with different crack geometries than those considered
previously, i.e. {110} crack plane associated with <100>, <110> and <111> crack front
directions. In this work, evidence of ductile response at 0 K for (110) cracks is presented.
Both crack orientations <110>{110} and <111>{110} are found to emit dislocations at 0
K, associated with slip systems <111>{112} and <111>{110} respectively.
Machova et al. [51] have explored, in an atomistic simulation of crack growth
under Mode I, the <111>{112} slip mechanism leading to the formation of multilayer
twin in single crystal α-iron. Experimental studies [52] show evidence that twin form
concomitantly with partial dislocations in the {112} slip plane and that twinning and
fracture at low temperature or high strain rate are cooperative processes in α-iron. Twins
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in <111>{112} have also been observed by Mullins [53], Cheung and Yip [46] and
Yanagida et al [55], using atomistic computer simulation. From atomistic calculations,
Vitek [54] concluded that intrinsic stacking faults are unstable in perfect lattice bcc αiron, while extrinsic three or four layer stacking faults (3SF,4SF) or multilayer twins may
be stable. Machova et al have shown that a stable 3SF is not stable in the configuration
of a loaded crack. The stress conditions at the crack tip cause the 3SF to transform into a
stable multilayer twin.
As we have seen, many efforts have been made on the MD and MS simulations of
the fracture problem over the past ten years. However, almost all the previous studies are
concerned with the fracture problems of a single crystal. As actual materials are usually
polycrystalline materials, grain boundary effects and grain size effects should be
investigated in discussing the crack propagation and fracture properties in α-iron.
However, only one atomistic simulation study on fracture in nanocrystalline α-iron can
be seen in the literature [56]. This study uses MD simulation to explore static loading on
a nano-scale polycrystal of pure iron.

Differences in fracture processes between

polycrystal and single crystal are already observed. The fracture process is dominated by
the growth of subcracks initiated at the grain boundary (intergranular fracture). At higher
temperature, grain boundary diffusion and slip result in a fracture mode transition from
cleavage to ductile mode. However, the equilibrium of a Mode I crack is not studied here
and the simulation is limited by the number of atoms concerned (8000 atoms).
Experimental observations give more information on the fracture processes in
polycrystalline α-iron and its dependence on temperature and grain size.
2.6.2 Nanocrystalline α-iron
a) Introduction to nanocrystalline (nc) metals

For the last twenty years, nanocrystalline materials, i.e. materials containing grain
sizes in the nanometer range, have been the subjects of intensive research.

These

materials with grain sizes in the range of 1-100nm, present mechanical, magnetic, and
electronic properties that differ from those of conventional crystalline materials
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(10µm≤d≤300µm). Indeed, nanocrystalline metals have been found to exhibit novel and
often improved physical properties and are thus of considerable interest from scientific
and technological viewpoints. Improved strength and toughness can be achieved through
reductions in grain size. The understanding of how plastic flow properties (yield stress,
hardness…) vary with decreasing grain size in the nanocrystalline regime constitutes an
important area of interest.
Atomistic simulations give a representation of the atomic structure of
nanocrystalline metals. Figure 2.21 shows the schematic of the atomic nano-structure of
pure iron. The atoms in the centers of the grains (green atoms) have a crystalline periodic
arrangement. However, at the grain boundaries (red atoms), the spacing is altered. The
grain boundary region is characterized by a lower atomic density with atoms at
disordered sites and represents a sizeable fraction of the total number of atoms. This
makes nanocrystalline materials distinguishable from conventional size polycrystalline
materials. Indeed, the volume fraction occupied by grain boundaries is very large and
consequently effects can be observed in nanocrystalline materials.
The production of nanocrystalline metals is achieved by either of two principal
methods:
1. Evaporation of metal from melt and condensation onto a “cold finger”. The nanosized
powder obtained is subsequently densified by pressing.
2. Extreme mechanical deformation of powders by mechanical milling and consolidation
(see Figure 2.22).
These two routes result in powders. Powders are not a practical form for most
mechanical testing methods. The powder is consolidated into bulk samples through
application of a combination of temperature and pressure. There are other techniques
also for the production of nanocrystalline metals: molecular beam epitaxy, rapid
solidification from melt, reactive sputtering, sol-gel, electrochemical deposition, and
spark erosion. The only technique that readily provides data from small sample volumes
is the micro-hardness test, which consequently was extensively used to characterize the
mechanical behavior of nanocrystalline metals.
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Figure 2.21: Atomic representation of nanocrystalline α-iron.

Figure 2.22: Mechanical Milling process
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b) Mechanical properties of nc metals-Discontinuity in Hall-Petch behavior

The mechanical properties of nanocrystalline metals are quite different from those
of conventional polycrystalline metals.
For polycrystalline metals, the Hall-Petch (H-P) equation [26,27] gives the
relation between yield stress (or hardness) and grain size. For nanocrystalline metals, a
simple extrapolation using H-P equation would predict extraordinarily high values of
yield stress or hardness. Experimental results show very high yield stress or hardness as
the grain size is decreased, but a simple extrapolation using H-P relationship does not
predict quantitatively correct results.
The H-P slope decreases as the grain size decreases and the form of the H-P curve
has been reported to have the form shown schematically in Figure 2.23 [59]. For d>dc
the hardness (or corresponding yield stress) increases with decrease in grain size
according to H-P relation. When the critical grain size dc is reached, the hardness
remains relatively constant and eventually decreases with further reduction in grain size.
Grain boundary hardening according to the H-P relation only applies as long as
dislocations are produced and can pile up by free flow toward grain boundaries. After the
density of dislocations that can flow freely and pile up against the grain boundaries
reaches a certain level, the strengthening potential through a further grain refinement
successively decreases, and the Hall-Petch slope decreases [59-62]. The H-P behavior at
d>dc has been described by several dislocation models as seen in section (2.4.2). These
dislocation models can lead to a decrease in H-P slope as the grain size decreases down to
the nanometer range but they do not give a negative slope. In contrast, the line tension
model by Koch and Scattergood [63] appears to describe the behavior as the grain size
decreases from d>dc down to d<dc. However, all these models are based on dislocation
motion being responsible for plastic flow both at grain size larger and smaller than dc.
Computer simulations done by Shiotz et al [64] and Swygenhoven et al [65] show that no
dislocation motion occurs below a critical grain size (of the order of 10 nm for metals)
and that instead, plastic deformation occurs by grain boundary sliding.
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Figure 2.23: Schematic of the variation of hardness H with grain size d. After Conrad
Narayan [59].
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Stresses needed to activate dislocation sources, such as the Frank-Read source,
are inversely proportional to the distance between dislocation pinning points. Since
nanoscale grains will limit the distance between such pinning points, the stresses to
activate dislocation sources can reach the theoretical shear stress of a dislocation free
crystal at the smallest grain sizes. Thus at the smallest grain sizes we may have new
phenomena controlling deformation behavior. Grain boundary sliding, grain rotation,
and grain boundary triple junction activity have been proposed to account for plastic
deformation without dislocation motion at d<dc and the decrease in hardness with
decreasing grain size [64-67].
c) Relation between H-P behavior and microstructure in nc α-iron

Experimental observations [68,69] give us further details to relate the flattening of
H-P curve to the microstructure of nanocrystalline α-iron. H-P behavior is obtained from
Vickers measurements. For grain size grater than 20nm, the H-P curve is described but
for smaller grain sizes, a flattening of the H-P curve can be observed. The appearance of
the Vickers indentations and cracking pattern displays two different morphologies:
•

For the samples with grain sizes smaller than 20 nm, no pileup is observed around
the indentation and most of the samples show cracking starting from the
indentation corners. The fracture surface appears featureless (smooth) and the
fracture process seems to be dominated by particle debonding.

•

For the samples with grain sizes grater than 20nm, pileup is generally observed
around the indentation. None of the samples showed any cracking for loads up to
the same as for smaller grain sizes. Instead plastic deformation is observed
manifested by localized and inhomogeneous deformation morphologies in shear
bands and fracture by shear mechanism.
All samples failed in a macroscopically brittle manner. However, in the samples

with grain sizes greater than 20nm, a local plasticity is observed at the microscopic level.
These observations lead to the conclusion that the deformation behavior of
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nanocrystalline α-iron might not be intrinsically brittle but rather ductile on a
microscopic scale. Also, these experimental evidences illustrate the breakdown in the
Hall-Petch behavior related to a change in cracking pattern, morphology and the absence
of dislocations below a critical grain size (d ≈ 20nm).
d) Dependence of ductility and fracture toughness on grain size

It is well known that grain size has a strong effect on ductility and toughness of
conventional grain size (>1µm) materials. For example, the ductile/brittle transition
temperature in mild steel can be lowered by about 40oC by reducing the grain size by a
factor of five.

Nanocrystalline materials which exhibit ductile behavior with

conventional grain sizes typically show reduced ductility, sometimes brittle behavior, at
the smallest grain sizes, as illustrated in previous section. This is presumably due to the
inability of usual dislocation generation and motion to occur at these nc grain sizes.
On a very basic level, mechanical failure, which limits ductility, is a competition
between dislocations and cracks. Nucleation and propagation of cracks can be used as
the explanation for the fracture stress dependence on grain size. Grain size refinement
can make crack propagation more difficult and, therefore, in conventional grain size
materials increase the apparent fracture toughness. The particular property of increasing
yield strength, hardness and toughness by grain refinement is the reason for the big
interest in nanocrystalline metals.
Experimental studies of fracture toughness dependence on grain size show an
increase of fracture toughness with decreasing grain size in conventional grain-size
materials [79].

However, for nanocrystalline materials and more precisely for

nanocrystalline α-iron, the fracture toughness dependence on grain size is still not well
understood. In this study, we investigate the possibility of a breakdown of the fracture
toughness increase due to grain size refinement that may parallel the breakdown of the
Hall-Petch behavior.
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Chapter 3
ATOMISTIC SIMULATION TECHIQUES

The use of computer simulation techniques is becoming more and more important
in the understanding of the microscopic behavior of materials. Whereas a general and
macroscopic characterization of materials can be obtained by experiments, computer
simulations, designed by reproducing materials properties, provide insight into their
behaviors at the atomic scale.

With the sophistication of the atomistic simulation

methods and the increase of computational power, a more accurate description of the
interatomic interactions in crystalline materials can be developed.
The simplest model of a metallic material at the atomistic scale can be visualized
as an array of atoms interconnected with springs.

More sophisticated atomistic

simulation techniques have now been developed to describe more accurately the atomic
interactions in crystalline materials. The embedded atom method (EAM) is the most
accurate atomic interaction model recently developed and will be used in the simulation
technique to describe the atomic interactions in pure iron.
Two simulation techniques, Molecular Statics (MS) and Molecular Dynamics
(MD), along with EAM potential for pure iron are used in this work.

3.1 Molecular Statics Simulation
Molecular Statics (MS) is a technique designed to determine the lowest energy
configuration of a given system where a defect is introduced.
A three-dimensional simulation block is initially defined. Every atom within this
block interacts with its surroundings as described by the given interaction potential. The
presence of a defect induces forces on the atoms that are allowed to move in order to
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drive the system to a minimum energy configuration. This minimum energy state is
reached through an iterative relaxation process.

Using a conjugate gradient

approximation method [70], the minimization technique moves the atoms along the
direction of the steepest gradient of the energy function, i.e., in the direction of greatest
energy decrease. In each single iteration step, the atom is displaced in the direction of the
resultant force applied by its neighbors as well as in a direction perpendicular to its
previous displacement. The energy is computed after each iteration and the system is
assumed to be at equilibrium when the energy gradient drops to zero or when the forces
on each atom are below a specified value. The number of iteration required to reach
equilibrium may vary from several tens to several hundreds.
This technique is however limited by the lack of temperature effect
considerations. No atomic vibration due to thermal activation are taken into account and
the results obtained only characterize the material at 0 K. In order to take temperature
into consideration, Molecular Dynamics simulation techniques have to be used.

3.2 Molecular Dynamics Simulation
3.2.1 Equation of Motion

The behavior of a system of particles, including both electron and nuclei, can be
determined by solving the time-dependent Schrödinger equation. The accuracy required
by this type of approach yield to very complex calculations that make its application to
the description of the system dynamics very difficult or even impossible. Whereas a
quantum mechanics analysis seems delicate to compute, a classical mechanics approach
is relatively straightforward and provides useful information. Thus, MD is a technique
that computes the equilibrium and the transport of a many particle-body by solving the
equation of motion of the system.
If Newton’s mechanics is sufficient to describe simple dynamic systems like
atomics fluids, some more complex formulations such as the Lagrangian and the
Hamiltonian [71] are necessary to deal with a more complex system. In the coming
derivation, the Hamilton formulation is used to describe the fundamental concept of MD.
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The classical Hamiltonian, H, can be identified as the total energy of a system, the
combined kinetic and potential energies. For a system of N spherical particles the
Hamiltonian can be written as:
N

H ( p i , ri ) = ∑
i =1

1 2
pi + U (ri )
2 mi

(3.1)

where pi is the momentum of a particle i ( pi = mi. r&i , ri being the position of the given
particle and mi its mass), and U is the effective potential. The Hamiltonian is a function
of 6N independent variables, the 3 N momenta pi and the 3 N particle positions ri.
Considering an isolated system, the total energy E is conserved and the equation
(3.1) is equal to a constant:
n

1

∑ 2m p
i =1

2
i

+ U(ri ) = E = Const.

(3.2)

i

Considering the total time derivative of the general Hamiltonian (eqn.3.1) and a system
that cannot exchange energy with its surrounding (eqn.3.2), one can derive equations of
motion for the particles of the system similarly to reference [72]:

p& i = −

∂H
∂U
= fi
=−
∂ri
∂ri

(3.3)

and
r& =

p
∂H
= i
∂pi mi

(3.4)

where fi is the force applied to the particle i.
Substituting eqn. 3.3 in eqn. 3.4, the Hamiltonian formulation yields to Newton’s
second’s law:

mi &r&i = f i

(3.5)

Thus, MD consists essentially of integrating the equations of motion derived above via a
numerical method. For very accurate solutions of the equations of motion it is usually
advantageous to solve a system of six first-order differential equations, as in the
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Hamiltonian approach (eqn. 3.3 and 3.4 applied in the three directions), rather than a
system of three second-order differential equations as Newton’s second law (eqn. 3.5
applied in the three directions).
Based on this approach MD can be seen as a simulation of a system that evolves
over a period of time where its particles move in phase space along their physical
trajectories as determined by the equations of motion.
3.1.2 The Molecular Dynamics Method

In a standard MD simulation, general information about the system such as the
number of atoms, the type, mass and atomic interactions are first defined. The initial
configuration of the system, including the positions of the atoms and their initial
velocities at the time t = 0, is then specified. The initial positions are obviously defined
as a function of the crystallographic properties of the materials studied. The initial
velocities are established as a function of a given initial temperature. Indeed, using a
statistical thermodynamics approach, velocities can be computed from a temperature
using the Maxwell-Boltzmann distribution. The value of the time step ∆t, corresponding
to the integration variable, also has to be assigned before the simulation process starts.
This value has to be low compared to the highest frequency motion to integrate
accurately over the motions, but as large as possible to increase the length of the runs.
The first step of the simulation corresponds to the calculation of the forces applied to the
atoms at t = 0. Then, incrementing the value of ∆t, the actual positions, forces and
velocities are successively computed for t = t + ∆t, in integrating the equation of motion
defined by equations 3.3 and 3.4 (or eqn. 3.5). The displacements of the atoms and their
energies can then be calculated for t = t + ∆t. This process is repeated until the number of
iteration chosen is reached.
The MD simulation is a useful technique to compute the equilibrium, the transport
properties or the fracture mechanisms of a classical system. Considering that the MD
algorithm is directly derived from a classical mechanics treatment of the system, the
given system is expected to evolve as it would evolve during experiments. The approach
is therefore very similar to real experiments. The sample is first prepared with a given
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structure with specific atomic interactions. Then the sample evolves constrained to the
equations of motion until its properties do not change with time. Since the MD technique
follows the actual forces on the atoms as they migrate, the diffusion mechanisms or the
fracture mechanisms can be determined by direct observation, without having any a

priori assumptions. The direct observations incorporate in a natural way correlation
effects, entropy effects and other possible transformations in structure and/or mechanism
that can occur with temperature. The relative importance of various mechanisms can also
be studied as a result of the simulation. Thus, the MD simulation is a very powerful
technique that yields to very detailed information about the simulated system. It is an
appropriate tool when the goal is precisely to study the exact nature of the diffusion
mechanisms or fracture mechanisms.
The computer program used to perform this study was written in FORTRAN by
Dr. Yuri Mishin [73]. It is designed for the simulation of metals and can perform both
MS and MD calculations. In this study, Embedded Atom Method (EAM) potentials have
been used to simulate the interatomic interactions.

3.3 Embedded Atom Interatomic Potentials
3.3.1 The Embedded Atom Method

The modeling techniques are improved to such an extent that the major deficiency
remaining is the inaccuracy of the interatomic potentials used. It is then essential to
construct reliable interatomic forces that can reproduce experimental data. The simplest
model of a metallic material at the atomistic scale can be visualized as an array of atoms
interconnected with springs. More sophisticated atomistic simulation techniques have
now been developed to describe more accurately the atomic interactions in crystalline
materials.
The Embedded Atom Method (EAM) is a recent approach used to simulate the
interaction between atoms in metals and intermetallic compounds. It is based on the
Hohenber-Kohn theorem [74], which states that the energy contribution of an atom on its
surrounding neighbors is a function of the local electron density due to all the
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surrounding atoms. This approach becomes particularly important when point defects
such as vacancy clusters, free surfaces, grain boundaries or dislocation cores are
introduced and change the density in the materials. Based on the EAM approach, the
interaction energies of the atoms are composed of two potential functions. A classical
pair interaction potential, V (Morse function), describes the attractive and repulsive
electrostatic interaction between two atoms.

An embedding function, F, takes into

account the interaction energy of each atom with the local electron density associated
with the neighboring atoms. Consequently, the total energy of the system is written as:

E=

1
∑V (rij ) + ∑i F ( ρ i )
2 i, j

(3.6)

with:

ρ i = ∑ ρ (ri , j )
i

where ρ is the electronic density function, ρ i is the density at atom i due to all its
neighbors, and rij the interatomic distance between the atoms i and j. The interaction
energies are however only taken into account within a selected cut-off distance (usually a
second closest neighbor distance) and considered as zero outside of this region. The
embedding function F( ρ ) is determined by assuming that the crystal obeys Rose’s
equation of state [75], which scales the cohesive energy of most metals.
The embedding functions and the pair interaction potentials are generally
designed to fit various physical properties of a system such as lattice constants, elastic
constants, or formation energies of diverse defects. In a pure metal, such as α-iron, three
functions are required to describe the system. VFe-Fe, FFe, ρFe describes the properties of
the pure α-iron. Knowing the values of the different variables described above, the
potential energy of the considered system is then calculated using equation 3.6.
The embedded atom method is however constrained to several types of
limitations. Due to an angular dependence of the electron density that is not considered,
the EAM technique failed to describe the interactions between covalent materials such as
Si or Ge. The method is also limited in some cases where the Cauchy pressure, defined
as P=1/2 (c12-c44) (c12 and c44 being elastic constants), is negative. In this case, the elastic
61

constants determined by EAM do not fit the values of the materials.

Some more

advanced techniques based on the EAM [78] have however been developed to overcome
these limitations.
3.3.2 EAM Potentials for α-Fe

The Simonelli potential [77] used to describe the interatomic interaction in α-Fe
is fitted to the experimental values of the lattice parameter, the atomic volume, cohesive
energy, the unrelaxed vacancy formation energy and the elastic constants. In particular,
the cohesive energy Ecoh=4.28 eV, the vacancy formation energy Ev=1.8 eV, the lattice
parameter a=2.867 Å and the lattice constants c11=1.51 eV Å-3 (241.6 GPa), c12=0.914 eV
Å-3 (146.2 GPa) and c44=0.699 eV Å-3 (111.8 GPa). The atomic volume, Ω, is 11.78 Å3.
The potential is cut off at a distance of 4.1 Å and the interaction of all atoms with
separation greater than the cut-off distance is set to zero. The surface energies calculated
by this potential for the {100} and {110} planes equal 0.1 eV Å-2 (1.6 J m-2) and 0.089
eV Å-2 (1.424 J m-2), respectively. Furthermore, the unstable staking fault energies for
the <111>{211} and the <111>{110} slip systems are 0.054 eV Å-2 (0.864 J m-2) and
0.046 eV Å-2 (0.736 J m-2), respectively. Table 3.1 summarizes the different parameters
given by the Simonelli potential.
From the parameters given by the potentials and equation (2.10), we can obtain
the Griffith value for single crystal α-iron in the [110] direction (lower surface energy for
crack propagation)
K IC = 2µG IC / (1 − υ )
with GIC=2*γs=2*0.089=0.178 eV/Å2, ν= 0.293 and µ=C44=0.699 ev/Å3
gives KIC=0.6 eV/Å5/2 = 0.96 MPa.m1/2.
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Table 3.1:

Parameters for α-iron given by the Simonelli potential.
Property

Potential

a (0.1nm)

2.867

Ecoh(eV)

4.28

Ev (eV)

1.8

C11 (eV/Å 3)

1.51

C12 (eV/Å 3)

0.914

C44 (eV/Å 3)

0.699

Ω (Å3)

11.78

{100} (eV/Å2)

0.1

{110} (eV/Å2)

0.089

USF: <111>{211}

0.054

(eV/Å2)
USF: <111>{110}

0.046

(eV/Å2)
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3.4 Atomistic simulation for the study of fracture in α-iron
Fracture involves phenomena occurring at a range of length scales. The imposed
loading is applied at relatively macroscopic distances from the crack tip, and the resulting
stress is greatly magnified in the crack-tip region. The response of the crack tip is
controlled by the stresses on one hand, and on the other hand, it is a response at the
atomistic level, where the crack advances by breaking individual atomic bonds.
Continuum analysis thus gives an incomplete picture since the assumptions of elastic
theory usually break down in the crack-tip region. Studies at the atomistic level are
needed to understand the exact nature of the crack-tip response. Experimental studies
usually cannot reach the atomistic scale, and simulation studies are essential in
understanding the precise phenomena occurring at the crack tip as the fracture advances.
Atomistic computer simulation and particularly Molecular Dynamics (MD) simulation is
a very useful technique to study the fracture mechanisms in metallic materials. The
approach is very similar to real experiments and yields to very detailed information about
the simulated systems.
3.4.1 MS and MD simulations for the study of fracture in pure iron

For the purpose of this study, three nanocrystalline samples S1, S2 and S3
corresponding to three different grain sizes (6, 9 and 12 nm respectively) were
geometrically created using the Voronoi construction [76]. In this construction, grains
are randomly nucleated within a cube. Each grain grows with a random crystallographic
orientation until the grains reach one another, generating grain boundaries. The Voronoi
construction gives a random nanocrystalline sample with grain boundary structure similar
to what is expected in polycrystalline materials. The three samples created contained 15
grains each and 250,000, 800,000 and 2,000,000 atoms respectively.

Figure 3.1

illustrates the process followed in order to be able to start the study of fracture in
nanocrystalline α-iron.
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Nanocrystalline α-iron
samples S1, S2 and S3

Geometric construction
of three samples:
S1, S2, S3.

Relaxation of the samples with MS +
EAM potential for α-iron.
To obtain a minimum energy atomistic
configuration of nc α-iron.

Introduction
crack by MS

of a Mode I
at 0K

Mode I loading

Temperature equilibration of
samples S1 S2 and S3 at
100K, 300K and 600K
respectively using MD

Cracked samples S1, S2 and S3 at
100K, 300K and 600K respectively

Cracked samples at 0K

Figure 3.1: Modeling process to obtain three cracked samples at different temperatures.
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Molecular Statics along with Simonelli potentials for α-iron [77] were then used
to find the relaxed structure of each sample. At this point, the samples correspond to pure
nanocrystalline α-iron without any crack or defects (other than grain boundaries) at 0K.
A semi-infinite mode I crack was introduced in the α-iron samples using the isotropic
elastic approximation. MS was used to relax the crack tip region to a minimum energy
configuration. Periodic boundary conditions are used in the direction of the crack front.
The initial crack is an atomically sharp wedge with its tip located near the center of the
simulation block. The cracked samples were equilibrated at three different temperatures
(100K, 300K and 600K) using MD for 2000 steps (each step is 8 x 10-15 s). With the
same technique, the fracture process in each sample was conducted for the three
temperatures by incrementally loading the semi-infinite mode I crack starting from a
stress intensity value slightly below the Griffith criterion for α-iron single crystal (see
section 3.3.2). We let the system evolve for 1000 MD steps between each loading (each
step is 8 x 10-15 s), giving an overall simulation time of 200 ps. Under the stress intensity
at a certain temperature, the sample evolves constrained to the equations of motion until
its properties do not change with time. Since the MD technique follows the actual forces
on the atoms as they migrate, the fracture mechanisms can be determined by direct
observation, without having any a priori assumptions. As the simulation progresses and
the stress intensity is increased, the crack begins to advance and we follow the crack for a
stress intensity up to three times the Griffith value. The simulated strain rate is relatively
important compared to real experiments but we conducted MS simulations of the same
samples to compare them with MD simulations at low temperature. We verified that the
same fracture and deformation mechanisms occur using the conjugate gradient technique.
3.4.2 MD and MS code insight

In this study, a program written by Yuri Mishin [73] in FORTRAN for Molecular
Statics and Molecular Dynamics simulation was used.

This code can be used for

calculations of equilibrium structure and energy of point and planar defects using the
embedded atom method (EAM) [77]. MS or MD simulations of a mode I crack can also
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be performed.

Using this simulation technique, a semi-infinite crack is initially

introduced using the isotropic elastic approximation. The initial crack is an atomically
sharp wedge with its tip located near the center of the simulation block. The crack is
embedded in a simulation cell illustrated in Figure 3.2. The simulation block is divided
into three different regions. The outer region, defined as the fixed region, contains atoms
with positions determined by continuum theory. These atoms are not subject to MD nor
MS calculations. In the free region, defined at the center of the block, the atoms will be
free to move and rearrange following the law governed by MS or MD and the EAM
potentials. Between these two regions, a buffer region bridges the fixed and free atoms.
These boundary conditions bridge the length scales necessary to study the fracture
process. The introduction of the crack in the block allows periodic boundary conditions
along the direction parallel to the crack front, but fixed boundary conditions in X and Y.
Figure 3.3 gives a more detailed description of the Molecular Statics and Molecular
Dynamics crack simulation technique.
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Mode I loading

FIXED
BUFFER

Y

FREE
FREE

X
Z
Crack front line

Figure 3.2: Illustration of block geometry
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X

MD crack simulation

MS crack simulation
• Input: Initial system
o Define type of atoms
o Define atomic interactions from EAM
potentials
o Define number of atoms
o Define initial atom coordinates

• Input: Initial system
o Define type of atoms
o Define the specific masses of atoms
o Define atomic interactions from EAM
potentials
o Define number of atoms
o Define initial atom coordinates
• Calculate energy of initial system
• MD: Initial values at t = 0
o Read temperature
o Assign initial atoms velocities
o Assign initial forces on atoms
• Define MD time step ∆t and number of MD steps
• Introduce Mode I crack
o Read µ, ν, KI, K increment and number of K
steps
o Read crack tip position
o Open crack: calculate atomic coordinates
according to elasticity theory expressions for
displacement field around sharp mode I
crack for given value of KI.
o MD Simulation Process
 Calculate atoms position at t + ∆t.
 Calculate forces on atoms at t + ∆t.
 Calculate atoms velocities at t + ∆t.
 Increment the time by ∆t until max MD
steps.
o Compute new energy of the system.
o Update crack tip position.
o Increase value of KI by increment
o Do loop until max number of K steps
• Output:
o
o
o
o

New atoms coordinates
Final crack position
Final temperature
Total energy of final block

Figure 3.3: MS and MD code description.
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• Calculate energy of initial system
• Introduce Mode I crack
o Read µ, ν, KI, K increment and number
of K steps
o Read crack tip position
o Open crack: calculate atomic coordinates
according to elasticity theory expressions
for displacement field around sharp mode
I crack for given value of KI.
o Minimize system energy by conjugate
gradient method: relaxation with respect
to atomic displacements of the free
atoms.
o Compute new energy of the system.
o Update crack tip position.
o Increase value of KI by increment
o Do loop until max number of K steps
• Output:
o
o
o

New atoms coordinates
Final crack position
Total energy of final block

Chapter 4
RESULTS ON FRACTURE OF
NANOCRYSTALLINE α-IRON

4.1 Introduction
In this study, we explore fracture behavior in nanocrystalline α-iron at
temperatures ranging from 100K to 600K.

We address the dual intergranular

/intragranular fracture process at such small grain sizes, as well as the different fracture
and deformation mechanisms and the effect of temperature on these mechanisms. We
also investigate the possibility of a breakdown of the fracture toughness increase due to
grain size refinement that may parallel the breakdown of the Hall-Petch behavior. Finally
the effect of such small grain sizes on the elastic properties is investigated.
Three nanocrystalline α-iron samples S1, S2 and S3 corresponding to three
different grain sizes (6, 9 and 12nm respectively) were created using the technique
presented in section 3.4.1. Using Molecular Dynamics, the fracture process in each
sample was conducted for three temperatures (100K, 300K and 600K) by incrementally
loading a mode I crack to higher stress intensities, starting from a value below the
Griffith criterion for α-iron single crystal (Griffith value = 0.6 eV/Å5/2 = 0.96 MPa.m1/2;
see section 3.3.2). The details of the simulation process are presented in section 3.4.
Since the MD technique follows the actual forces on the atoms as they migrate, the
fracture mechanisms can be determined by direct observation, without having any a
priori assumptions. As the simulation progresses and the stress intensity is increased, the
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crack begins to advance and we follow the crack for a stress intensity up to three times
the Griffith value.
The three samples do not have the same grain size, but their initial geometric
structure is the same. In other words, the three samples have the same number of grains
(15) and the same grain arrangement; only the grain size differs. This aspect makes
comparison between samples easier. Observation inside the sample is made possible by
cutting the sample into slices perpendicular to the crack front line (Figure 4.1).
Therefore, the atomic structure and fracture process in each sample is studied by
exploring a collection of different slices along the crack front line. In order to compare
the three samples, the slices have to be at the same corresponding location. To clearly
represent the atomistic structure of the samples, a color code associated with the atomic
arrangement of the atoms is adopted.

The atoms in perfect bcc arrangement (8-

coordinated atoms) are colored in green. The atoms with less than 8 neighbors are
colored in red. Therefore, the atoms that belong to the crack surface are all red. Finally,
the atoms with more than 8 neighbors are colored in blue. This nomenclature allows us
to distinguish grain boundaries, with atoms not perfectly ordered, from inner grains, with
atoms in perfect bcc arrangement, and from eventual defects due to deformation and
fracture mechanisms.
Initially, the crack tip of the wedge is situated in the center of the cube. This
somewhat artificially introduced crack has its crack front edge ending in different parts of
the sample. Figure 4.2 represents a selection of equivalent slices in the three different
cracked samples before any incremental loading is applied. As it can be seen in this
figure, the initial crack front line ends at different locations in the structure with respect
to grain boundaries. The crack tip starts in the inner region of grains (slice (c) and (e)), at
grain boundaries (slice (b) and (d)), or at grain boundary triple junctions (slice (a)).
These different configurations influence the crack propagation. The incremental mode I
loading is applied to the three samples at three different temperatures. The fracture
process in each sample is then followed directly at the atomic scale. Observations at an
atomic scale enable us to explore the different mechanisms of the fracture process as well
as the effect of temperature and grain size. The fracture process is found to occur as an
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Slices

Crack front line

Figure 4.1: Slices along crack front line in cracked cube
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(a)

(b)

(c)

(d)

(e)
Figure 4.2: Slices at different positions along the crack front line of the three different
samples S1 (6nm grain size), S2 (9nm) and S3 (12nm) at K initial below
Griffith.
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intragranular fracture process combined with an intergranular fracture process.
Temperature and grain size are found to highly influence the fracture mechanisms.

4.2 Intragranular fracture process
4.2.1 Slice (c) and (e): direct observation

In this section, the intragranular fracture process is explored. Slices (c) and (e) in
Figure 4.2 enable us to observe directly the intragranular fracture process in
nanocrystalline α-iron. The intragranular mode is characterized by crack propagation
inside the grains.
In the case of slices (c) and (e), the crack starts far from a grain boundary. With
increased loading, the crack propagates in a different manner depending on the
crystallographic orientation of the grain and the temperature of the experiment. In slice
(c), the crack is oriented such that its plane is in a (001) plane and its crack front edge in
the [100] direction. In slice (e), (011) defines the crack plane and [100] defines the crack
front edge.

As the sample is loaded, the crack goes into the most favorable

crystallographic orientation, which corresponds to the lowest surface energy. In this
study, the Simonelli potential [77] gives {110} as the lowest surface energy.
In slice (e), the grain is oriented so that the crack plane lies in the most favorable
orientation. The increase in loading causes the crack to propagate in a straight direction
corresponding to the [011] direction without any blunting (see Figure 4.3). The crack
remains atomically sharp and no dislocations are observed. A brittle behavior is observed
at low and high temperature.

The crack keeps advancing until it reaches a grain

boundary. At that point, the fracture enters an intergranular mode.
In the intragranular configuration of slice (c), the crack deviates as soon as it is
loaded and propagates in the [011] direction. The deviation and propagation of the crack
are associated with crack blunting and dislocation activity even at low temperature (see
Figure 4.4). As described below, we identified dislocations. As stress intensity is
increased, the crack keeps propagating and blunting becomes more important. In this
configuration, the temperature causes more blunting and crack arrest. Figure 4.5
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(a) K below Griffith

(b) K two times Griffith
Figure 4.3: Slice (e) at 100K at K below Griffith and 2 times Griffith.
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(a)

(b)

Figure 4.4: Slice (c) at 100K: (a) K below Griffith (b) K= 2 times Griffith.
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(a) S3 (12nm) at 100K under K=3 times Griffith

(b) S3 at 600K under K=3 times Griffith
Figure 4.5: Intragranular fracture and temperature dependence.
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illustrates the difference in intragranular crack advance for S3 at 100K and 600K for high
stress intensity (2.5 times Griffith). As the temperature is increased, the blunting of the
crack becomes more important. The origin of the localized plasticity associated with
blunting of the crack is complex. In bcc metals, dislocations do not leave a stacking fault
behind them as in fcc metals. Therefore, the visualization of defects is more difficult.
Nevertheless, at the early stage of loading, the amount of plasticity is not yet too
important and it is possible to visualize some dislocations. Figure 4.6 illustrates the
presence of a dislocation at the crack tip where the fracture is clearly intragranular. The
unclosed Burger’s circuit drawn around the deformed region at the crack tip demonstrates
the presence of a dislocation.
4.2.2 Mechanisms of plastic deformation

In the previous section, we observed dislocations at the tip of the crack. These
dislocations are present at the three temperatures 100K, 300K and 600K. However, the
number of dislocations observed is not enough to account for the blunting.

The

mechanisms of plastic deformation at such small grain sizes are thought to be different
than the regular dislocation-based deformation processes for conventional size
polycrystalline metals. At these extremely small grain sizes other phenomena, such as
grain boundary sliding, grain rotation and grain boundary triple junction activity, are
proposed to account for plastic deformation [64-67]. Indeed, grain nucleation and grain
rotation phenomena are observed in the present fracture process of nanocrystalline αiron. Figure 4.7 illustrates the presence of grain nucleation. The mechanism of grain
nucleation, the orientation relationships and effect of temperature are presented in more
details in the next section.
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Figure 4.6: Intragranular fracture: visualization of a dislocation at the crack tip
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K initial below Griffith

K = 1.5 times Griffith

K = 2.5 times Griffith
Figure 4.7: Grain nucleation in slice (a) with increasing stress intensity K at 100K.
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4.3 Crack tip grain nucleation
The evolution of the crack tip under increased stress intensity is fundamental for
the understanding of fracture mechanisms and toughness in nanocrystalline materials.
For these materials, the fracture process is thought to be different than for conventional
grain size polycrystalline materials. Fracture and plastic deformation are thought to
occur by intercrystalline mechanisms instead of dislocation-based fracture processes. At
such small grain sizes, other mechanisms such as grain boundary sliding, grain rotation
and grain boundary triple junction activity have been proposed to account for plastic
deformation without dislocation motion [64-67].
In this study, we observed a strain induced mechanism of grain nucleation
associated with phase transformation and grain rotation that occurs ahead of the crack tip
at three different temperatures (100K, 300K and 600K). As the load is increased, certain
regions of the simulation block, ahead of the crack tip, are observed to go into a fracture
process involving phase transformation and grain nucleation. The new grains created
have the same structure as the original grain, but a different crystallographic orientation.
The grain formation mechanism is observed to be temperature dependent.
4.3.1 Grain nucleation process

For all temperatures, at an early stage of the stress intensity increase, the crack tip
advance is associated with a localized phase transformation ahead of the crack tip within
different grains along the crack front line. Figure 4.8 illustrates the early stage of the
phase transformation in slice (c), where the bcc orientation of the original grain goes into
a localized fcc oriented region ahead of the crack tip. The zone colored in blue ahead of
the crack tip illustrates the phase transformation from bcc to fcc. As the stress intensity is
increased, the crack keeps propagating in the most favorable crystallographic orientation
and the fcc region becomes more important ahead of the crack tip. With increasing stress
intensity, part of the fcc region closer to the crack tip is transformed back to a more stable
bcc structure.

The bcc region formed from the fcc phase does not have the same

crystallographic orientation as the original bcc grain. Figure 4.9 illustrates the three
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K initial below Griffith

K=1.5 times Griffith

K=2 times Griffith

K=2.5 times Griffith

Figure 4.8: fcc transformation and grain nucleation ahead of the crack tip in slice (c) at
100K.
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New grain formation
Head of the crack tip: bcc2

Transition Phase: fcc

Original Grain: bcc1

Figure 4.9: fcc transition phase from original bcc1 grain to new created bcc2 grain.
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different regions ahead of the crack tip, where the fcc region in blue makes the transition
between the original bcc grain (bcc1) and the new rotated bcc grain (bcc2).
4.3.2 Crystallographic orientation relationships

Specific crystallographic orientation relationships exist between these regions.
Figure 4.10 is a blow up of Figure 4.9 and shows the orientation relationships between
the different regions. It is seen that the orientation relationship between the fcc structure
and the original bcc grain can be described as (110) bcc1 // (111) fcc and [100] bcc1// [110] fcc.
This bcc-fcc orientation relationship coincides with the Nishiyama [81] orientation
relationship. On the other hand, the orientation relationship between the fcc phase and
the newly created grain can be described as (110) bcc2 // (111) fcc and [111] bcc2// [110] fcc,
which corresponds to the Kurdjumov-Sachs [80] orientation relationship. With increasing
stress intensity, the newly created bcc grain grows from the fcc phase. Figure 4.11
illustrates the configuration at a stress intensity corresponding to three times the Griffith
value. Once the new bcc grain is created from the fcc phase, a grain boundary is formed
between the new bcc grain and the original grain. The grain boundary created is a twist
grain boundary lying in a {110} plane. The new bcc grain has rotated 45o from the
original grain within the {110} grain boundary plane. This phenomenon is observed in
different parts of the sample but always in the inner region of the grains.
4.3.3 Temperature dependence

This phase transformation is found to be temperature dependent. As we increase the
temperature from 100K to 600K, more grain nucleation sites are observed in different
regions of the sample.

Figure 4.12 shows another grain formation through phase

transformation at 600K in a different grain than that previously studied. The orientation
relationships between the different phases are found to be the same. Indeed we observe a
bcc-fcc Nishiyama orientation relationship between the original bcc grain and the fcc
phase and a Kurdjumov-Sachs orientation relationship between the new bcc grain created
and the fcc phase (Figure 4.13).
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bcc 2: New Grain
Page plane: {111}bcc2

fcc: Transition Phase
Page plane: {110}fcc

{110}bcc2

{111}fcc

bcc 1:Original Grain
Page plane: {100}bcc1
{110}bcc1

bcc1/fcc: N-W Orientation

bcc2/fcc: K-S Orientation

{110}bcc1 // {111}fcc and <100>bcc1// <110>fcc

{110}bcc2 // {111}fcc and <111>bcc2// <110>fcc

Figure 4.10: Orientation relationships between bcc1, fcc and bcc2 (Blow up of Figure
4.9).
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{110}bcc2

bcc2

Twist grain boundary
between the two bcc
crystals

{110}bcc1

bcc1

Figure 4.11: Twist grain boundary formation between bcc1 and bcc2.
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K=2 times Griffith

K=2.5 times Griffith

K=2.6 times Griffith
Figure 4.12: Grain nucleation at a different location in the sample at 600K.
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bcc 2: New Grain
Page plane: {111}bcc2

fcc: Transition Phase
Page plane: {110}fcc

bcc 1:Original Grain
Page plane: {100}bcc1
N-W
{111}fcc
{110}bcc1

K-S
{110}bcc2 {111}fcc

MD Temperature: 600K

Figure 4.13: Orientation relationships between bcc1, fcc and bcc2 at 600K.
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The increase in temperature is associated with stacking faults in the fcc phase. At
100K, the fcc region is free from stacking faults, which are only observed at 300K and
600K. Figure 4.14 illustrates the stacking fault observed in the fcc region between the
original bcc grain and the nucleated bcc grain at 600K. The stacking faults in the fcc
region at 300K and 600K are believed to be the consequence of the emission of Shockley
partial dislocations.
4.3.4 Conclusion

The intragranular plastic deformation at the crack tip of the nanocrystalline α-iron
studied is not associated with dislocation emission but rather with phase transformations
and grain nucleation. The stress at the crack tip is released by atomic reorganization
instead of dislocation emissions. Thus the bcc1 Æ fcc Æ bcc2 transformation observed
is a strain induced mechanism accounting for the plastic deformation at the crack tip of
the sample.

Experimental studies reveal that under certain pressure and temperature

combinations phase transformations in bcc iron occur. For instance, at pressure greater
than 10 GPa, iron possesses a hexagonal close-packed structure [82,83].

At high

temperatures, both bcc and hcp phases transform to an fcc structure [84]. For a certain
range of pressure and temperature, the bcc structure of iron is found to transform into a
reversible fcc structure [85]. Other experimental observations have shown nano grain
formation associated with stress-induced phase transformation in steel [86].

Also,

atomistic simulation studies have demonstrated stress induced phase transformation in αiron [87,88]. In particular [88] addresses a reversible bcc to fcc stress induced phase
transformation in α-iron.
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FCC Stacking Fault at high Temperature

C
B
A
B
A
B
A
C
A
C
B
A
B
A

Figure 4.14: Stacking fault illustration in the fcc region at 600K.
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4.4 Intergranular fracture process
The two previous sections presented the intragranular fracture mechanisms
observed in the nanocrystalline α-iron. The fracture process is a combination of both
intragranular and intergranular crack propagation. The intergranular fracture process in
nanocrystalline α-iron is now addressed.

The intergranular fracture initiation and

propagation depends on the configuration crack/grain boundary orientation as well as the
temperature. The grain size effect will be treated in a next section.
4.4.1 Grain boundary orientation effects

When the crack reaches a grain boundary, we can have different crack/grain
boundary configurations as was seen in slice (a), (b) and (d) of Figure 4.2. In slice (a),
the grain boundary is perpendicular to the natural crack propagation direction. However,
in slice (b) and (d), the grain boundary has a relatively more favorable orientation.
Figure 4.15 illustrates the crack propagation at different levels of stress intensity and in
different crack/grain boundary orientation corresponding to slices (a), (b) and (d). This
crack/grain boundary orientation effect is present at all temperatures but only 100K is
presented for better visualization.
In the three configurations, the crack front starts at a grain boundary. The initial
stress intensity is below the Griffith value for α-iron single crystal (K=0.6 eV/Å5/2=0.96
MPa.m1/2, see section 3.3.2). In slice (a), the grain boundary is perpendicular to the
natural crack propagation and crack arrest along with important blunting occurs with
increasing stress intensity to K=2 times Griffith. For the same stress intensity, crack
propagation along the grain boundary is observed for the two other slices (b) and (d). In
these configurations, the grain boundary is favorably oriented and the crack propagates in
an intergranular mode. In slice (a), as the stress intensity is increased the crack tip keeps
blunting without crack propagation. Eventually, when the stress intensity is too large, a
nanovoid is created ahead of the blunted crack in a grain boundary region more favorably
oriented. The crack enters the intergranular mode and keeps propagating in a brittle
manner along a favorably oriented grain boundary. At later stages, these
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Slice (a) at
K=Below Griffith

Slice (b) at
K=Below Griffith

Slice (d) at
K=Below Griffith

Slice (a) at
K=2 * Griffith

Slice (b) at
K=2 * Griffith

Slice (d) at
K=2 * Griffith

Slice (a) at
K=3 * Griffith

Slice (b) at
K=3 * Griffith

Slice (d) at
K=3 * Griffith

Figure 4.15: Intergranular fracture: grain boundary orientation effect on crack
propagation.
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nanovoids join the main crack. In slice (b) and (d), the grain boundaries are favorably
oriented and the crack goes intergranular as the stress is increased. When the crack
reaches a non-favorably oriented grain boundary (slice (b)), the same scenario as in slice
(a) occurs and a nanovoid is created ahead of the blunted crack. This phenomenon occurs
in slice (b) and the crack propagates in the favorably oriented grain boundary ahead of
the crack tip. In slice (d), crack arrest occurs at the end of the sample and the same
scenario would occur as the stress intensity is increased.
By measuring the angle between grain boundaries and crack plane, we can
introduce simple conditions for crack propagation or crack arrest due to grain boundary
orientation. Indeed, for angles between 0 and 44o, we observe crack propagation along
the grain boundary. On the other hand, for angles between 74o and 90o, crack arrest is
observed. Between these two critical angles, a combination of the two mechanisms is
believed to occur.
4.4.2 Temperature dependence

Intergranular fracture initiation and propagation is highly dependent on
temperature. Figure 4.16 shows the configuration for slice (b) at the same high stress
intensity (K=3 times Griffith) for the three different temperatures 100K, 300K and 600K.
At low temperature (100K), the crack has propagated along the grain boundary. At
higher temperature (300K), the crack still propagates along the grain boundary, but the
increase in ductility does not enable the crack to propagate as much. Finally, at the
highest temperature tested (600K), the blunting of the crack is more pronounced and
crack arrest is observed at the boundary.

We can also see the presence of grain

nucleation associated with the blunting of the crack.

At higher temperatures, with

increasing stress intensity nanovoids will eventually be formed ahead of the crack tip and
the crack will propagate along the grain boundary. Hence, higher stress intensity is
needed to initiate intergranular fracture at higher temperatures.
Figure 4.17 illustrates the same temperature dependence on intergranular crack
propagation in slice (a). The increase in stress intensity at 600K is associated with crack
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Slice (b) K=3 times Griffith at 100K

Slice (b) K=3 times Griffith at 300K

Slice (b) K=3 times Griffith at 600K
Figure 4.16: Temperature dependence on intergranular fracture.
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100K
K=Below Griffith

100K
K=2 times Griffith

100K
K=3 times Griffith

600K
K=Below Griffith

600K
K=2 times Griffith

600K
K=3 times Griffith

Figure 4.17: Slice (a) at 100K and 600K for different K values
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blunting and crack arrest. However, at 100K, a nanovoid is created ahead of the crack tip
and intergranular crack propagation occurs. The same scenario will occur at 600K as the
stress intensity is further increased. Indeed, the early stage of nanovoid formation can be
observed ahead of the crack tip in the last slice. Again, we can observe that the crack
blunting is associated with grain nucleation at different sites along the crack front.

4.5 Fracture toughness and temperature dependence
In the previous sections we described the fracture processes and deformation
mechanisms involved in crack propagation in nanocrystalline α-iron. In this section, the
effect of temperature on the overall fracture toughness is considered.
4.5.1 Direct observation of the effect of temperature

From direct observation of the fracture process in the samples at the three
different temperatures (100K, 300K and 600K), we can examine the effect of temperature
on the resistance to crack propagation. Figure 4.18 compares the different slices of
sample S3 at the three temperatures for the maximum loading simulated. It is clear that
the increase in temperature from 100K to 600K causes more blunting at the crack tip.
We can also observe that at 600K, the crack propagation is associated with more grain
nucleation sites within the grains. The same trend is observed for the two other samples,
S1 and S2. With increasing temperature, the atomic vibrations increase causing atoms to
move more easily when subjected to loading.

Thus, at higher temperature plastic

deformation becomes easier and crack blunting occurs. From atomistic observations,
fracture resistance is increased with increasing temperature.
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100K

300K

600K

Figure 4.18: Temperature effect on crack propagation in S3 at maximum loading (K=3
times Griffith value).
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4.5.2 Effect of temperature on fracture resistance by energy consideration

By following the excess potential energy of the simulation block as a function of
crack advance, we can introduce a simple method to obtain the critical energy release rate
GIC, which can be directly related to the fracture toughness through equations given in
section 2.5.2. GIC represents the resistance to crack propagation, i.e. the energy per
surface area that is needed to open the crack. For instance, in a perfectly brittle material,
GIC would be equal to two surface energies.
Figure 4.19 shows the excess energy of the simulation block per unit length of
crack front, plotted as a function of the average crack propagation distance for S3. The
figure illustrates the effect of the three temperatures (100K, 300K and 600K) on GIC. The
energies on the y-axis have been scaled to the same range to enable comparison. The
manipulation of the scale does not affect the results since GIC is given by the slope of
each linear curve. Thus, the slope of each curve represents the average fracture resistance
of α-iron at temperatures 100K, 300K and 600K. It is clear that the fracture resistance
increases with temperature. This result is not surprising and can be associated with an
increase in plasticity with temperature, which has been illustrated in the previous
observations. With increasing temperature, the atomic vibrations increase and the atoms
move more easily enabling more plastic deformation in the structure.
Table 4.1 summarizes the values for GIC found for the three different temperatures
simulated. From these values, the fracture toughness KIC at each temperature could be
derived using equation (2.10). Nevertheless, the effect of such small grain sizes on the
elastic properties needs to be investigated prior to any calculation. This investigation is
done in a next section. However, for now, we can compare the obtained GIC values with
the Griffith value for α-iron single crystal (GIC=2*γs=2*0.089=0.178 eV/Å2 = 2.85 J/m2).
The smallest GIC value for the nc α-iron corresponds to the lowest temperature (GIC,100K
= 94 eV/nm2=0.94eV/Å2 = 15.04 J/m2), which is about 5 times greater than the Griffith
value. The highest GIC value corresponds to the highest temperature (GIC,

600K

= 194

eV/nm2=1.94eV/Å2 = 31.04 J/m2), which is 11 times greater than the Griffith value for
single crystal. This difference in GIC comes from the ductility observed at the nanoscale.
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Grain Size=12 : effect of Temperature
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Figure 4.19: Excess potential energy versus average crack advance for S3 at 100K, 300K
and 600K.
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Table 4.1:

GIC (ev/nm2 ) dependence on temperature for S3.

Temperature (K)

100K

300K

600K

S3 (12nm grain size)

94 eV/nm2

129 eV/nm2

194 eV/nm2
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4.6 Fracture toughness and grain size dependence
It is well known that grain size has a strong effect on ductility and toughness of
conventional grain size (>1µm) materials. α-iron, which exhibits ductile behavior with
conventional grain sizes, shows reduced ductility, even brittle behavior, at the smallest
grain sizes, as illustrated in the previous section. In conventional size polycrystalline
metals, yield strength and fracture toughness are both observed to increase with
decreasing grain size. On a very basic level, mechanical failure, which limits ductility, is
a competition between dislocations and cracks. Grain size refinement can make crack
propagation more difficult and, therefore, in conventional grain size materials increase
the apparent fracture toughness.
For nanocrystalline metals and more specifically for nanocrystalline α-iron, a
breakdown of the Hall-Petch relation is expected for grain sizes smaller than a critical
diameter. It is thus interesting to investigate whether or not the same phenomenon occurs
for fracture toughness.
4.6.1 Grain size dependence at the atomistic scale

From direct observation at the atomistic scale of the fracture process in the three
samples S1, S2 and S3, we can examine the effect of grain size on crack propagation.
Figure 4.20 illustrates the same slices as in Figure 4.2 at the maximum loading of the
simulation (three times the Griffith value for single crystal) and at 100K. From the
figure, we can clearly see that at the same maximum loading the average crack front has
advanced more for the larger grained sample.

In the three samples, the crack has

propagated in a mixed intragranular/intergranular fracture process described in previous
sections. For the larger grained sample, the crack progress is associated with further
propagation along the grain boundaries by void nucleation and grain nucleation within
certain grains. As the grain size is decreased, the volume fraction of grain boundaries
increases and blunting and crack arrest become more important.
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(a)

(b)

(c)

(d)

(e)
Figure 4.20: Slices at different positions along the crack front line of the three different
samples S1 (6nm grain size), S2 (9nm) and S3 (12nm) at K=3 times Griffith
and 100K.
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From atomistic observations at such small grain sizes, we see that fracture
resistance is lowered with increasing grain size. As the grain size is decreased, blunting
of the crack tip becomes more important and fracture resistance increases. The resistance
to fracture can be estimated by the Wells-Cottrell concept of critical crack opening
displacement (COD) at the crack tip during fracture [89,90]. From direct observation, the
COD at the crack tip can be estimated for the three samples S1, S2 and S3. Practically, the
COD for each sample is estimated by considering a collection of slices along the crack
front line and averaging the COD values measured at the atomistic scale. The COD for
S3 has been estimated to 16 ± 3 Å, for S2 to 14 ± 4 Å and for S1 to 9 ± 2 Å. The error on
the values is obtained using the reduced square method. Figure 4.21 illustrates the effect
of grain size on the COD for the three samples at 100K. It can be seen that the COD at
the crack tip, i.e. fracture resistance, increases with decreasing grain size.
From these results, we observe an increase in fracture resistance with decreasing
grain size in nanocrystalline α-iron. We obtain the same trend as for conventional grain
size polycrystalline materials, where fracture toughness is also observed to increase with
decreasing grain size. However, the mechanisms responsible for the increase in fracture
toughness with decreasing grain size are not the same in the polycrystalline material and
in the nanocrystalline material. Grain boundary arrest of the crack is a common effect at
both scales, but in conventional grain sized polycrystals, dislocation activity is a main
mechanism associated with plasticity that is not present in the nanocrystalline material.
Instead, other mechanisms such as grain boundary accommodation, grain boundary triple
junction, grain nucleation and grain rotation dictate the plastic energy release
mechanisms at the nanoscale.
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COD versus Grain Size
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Figure 4.21: Crack Opening Displacement (COD) at the crack tip versus grain size at
100K.
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4.6.3 Effect of grain size on the elastic properties of nc α-iron

In order to better understand the deformation and fracture behavior of
nanocrystalline α-iron and the effect of grain size on fracture toughness, it would be
interesting to know whether or not the elastic properties vary with the grain sizes studied.
The shear modulus (G), Young modulus (E) and Poisson ratio (ν) can be calculated using
Molecular Statics for the three different grained samples studied.
From the relaxed uncracked nanocrystalline α-iron samples obtained in section
3.4.1, Molecular Statics is used to calculate the elastic constants C11 and C44 for the three
different grained samples. To obtain the shear modulus, we applied a shear deformation
to the samples and let Molecular Statics find the equilibrium configuration of the
systems. The difference in energy from the equilibrated sheared sample and the initial
undeformed sample allows us to determine, from equation 4.1, the elastic constant C44
corresponding to the shear modulus of the sample.
∆ψ 1
= C 44 ε shear 2
V
2

(4.1)

where ∆ψ is the difference in energy between the sheared sample and the initial
undeformed sample, V is the volume of the sample and ε the shear deformation. This
equation is derived from the elastic tensor theory [91].
If a unidirectional stretch is applied to the samples, the elastic constant C11 is
obtained from equation 4.2 [91].
∆ψ 1
= C11 ε stretch 2
V
2

(4.2)

C11 is then related to the Young modulus by equation 4.3 [91] for isotropic cubic
materials.
E = C11

(1 + ν )(1 − 2ν )
(1 − ν )

(4.3)

where E is the Young modulus and ν the Poisson ratio. Similarly, the Poisson’s ratio can
be related to elastic constants using equation 4.4.
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1  C − 2C



44 
ν =  11
2  C11 − C 44 

(4.4)

It is assumed our samples have enough grains to be considered isotropic.
Shear and stretch deformations ranging from -1% to 1% were applied to the
different samples. After relaxation in MS, the difference in energy versus deformation
was then plotted. Plots similar to Figure 4.22 were obtained for the different samples.
The quadratic constant of the parabola obtained was then used to calculate C11 and C44
from equation 4.1 and 4.2 respectively. The values calculated are summarized in Table 4.
2. From this table, it can be seen that both shear modulus and Young modulus decrease
with decreasing grain size. A softening of the material is observed with decreasing grain
size. This softening is thought to occur due to the fact that grain boundaries occupy a
larger fraction of the total volume in samples with smaller grain sizes. Indeed, grain
boundary accommodation is believed to be the cause of the inverse Hall-Petch behavior
observed for the shear modulus and Young modulus at the nanoscale. At such small
grain sizes, the elastic “weakness” of the grain boundaries and triple junctions influence
the elastic properties of the nc material more significantly.
Eventually, with increasing grain size, the grain boundary proportion will
decrease and the elastic properties will converge towards the ones for conventional size
polycrystalline α-iron. Experimental values [92] give 211 GPa for the Young modulus,
81.6 GPa for the shear modulus and 0.293 for Poisson ratio. We can also compute the
elastic constants, given by the potentials for polycrystalline α-iron, using the Voigt
average (upper bound). In this case, using equations 4.5 and elastic constants from the
Simonelli potentials [77], we obtain 222.8 GPa for the Young modulus, 86.3 GPa for the
shear modulus and 0.292 for Poisson ratio.

1
(C11 − C12 + 3C 44 ) , K = 1 (C11 + 2C12 )
5
3
1
3G 
1
1
1
and ν = 1 −
=
+

2  3K + G 
E 3G 9 K

G=
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(4.5)

Energy versus Shear displacement for S2
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Figure 4.22: Energy versus shear displacement for S2.

Table 4. 2: Effect of grain size on elastic properties of nanocrystalline α-iron.
C44
(eV.Å-3)

C44
(GPa)

C11
(eV.Å-3)

C11
(GPa)

ν

E
(eV.Å-3)

E
(GPa)

S1

0.340

54.45

1.351

216.50

0.332

0.905

145.05

S2

0.375

60.04

1.42

227.47

0.321

0.990

158.59

S3

0.406

64.97

1.476

236.47

0.310

1.063

170.30
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The change of E and G with grain size has been modeled by Shen et al. [93]
assuming that the moduli consist of contributions from the grain interior, grain boundary,
and grain boundary triple junctions. The different contributions on the Young and shear
modulus are estimated according to the rule of mixtures for the composite materials by
considering their volume fractions. Equation 4.6 represents the upper bound of the rule
of mixtures, where E is normalized to the Eo for the perfect crystal lattice.
E
Egb
Etj
= (1 − Vgb − Vtj ) + Vgb
+ Vtj
Eo
Eo
Eo

(4.6)

where Vgb and Vtj are the volume fractions of the grain boundaries and triple junctions
respectively. Shen et al assumed Egb/Eo to be 70% and Etj/Eo to be 75%. Vgb and Vtj
are functions of grain size and grain boundary thickness. The prediction of the evolution
of E and G is given in Figure 4.23 for assumed grain boundary thickness of 0.5 and 1.0
nm. Experimental data [93], obtained by nanoindentation technique for porosity free nc
iron, closely fits the curve for 0.5nm grain boundary thickness. It is concluded that the
intrinsic elastic moduli of nc materials are essentially the same as those for conventional
grain size materials until the grain size becomes very small (<20nm), such that the
number of atoms associated with grain boundaries and triple junctions becomes very
large.
We can compare the data for E/Eo obtained from our simulations with the
equation from Shen et al. (Figure 4.24). The grain boundary thickness is measured
directly from the simulation and is found to be 1.3 nm. The Young modulus for the grain
boundary and triple junction components are assumed to be 60% and 50% respectively of
those of the grain interior. Using these values, the calculated data are situated between
the upper and lower bound of the rule of mixtures for composite materials. However, we
would need larger grain sizes to obtain a better trend and observe the convergence
towards the value for conventional size polycrystalline α-iron.
Other experimental work on nanocrystalline α-iron by Bonetti et al. [94] reports
lower values of E with decreasing grain size. Figure 4.25 shows the experimental values
together with our results. The two curves represent the upper and lower bounds of the
rule of mixtures. In this case, the grain boundary parameters have been lowered to
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Figure 4.23: Ratio of the Young (E) and shear (G) moduli of nanocrystalline materials to
those of polycrystals (Eo, Go) as a function of grain size. The dashed and
solid curves correspond to a grain boundary thickness of 0.5 and 1 nm,
respectively. The open circles show the E/Eo values of nanocrystalline Fe
versus grain size (After Shen et al. [93]).
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Figure 4.24: Ratio of the Young (E) modulus to that of polycrystals (Eo) as a function of
grain size for calculated values and rule of mixtures for composite materials.
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Figure 4.25: Ratio of the Young (E) modulus to that of polycrystals (Eo) as a function of
grain size for calculated values, experimental values and rule of mixtures for
composite materials (upper and lower bounds).
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also fit the experimental values from Bonetti et al. Thus, we assumed 45% for Egb/Eo
and 50% for Etj/Eo. Our values are in good agreement with the reported data [94].
The lower values used for Egb/Eo and Etj/Eo to fit the last set of experimental
data illustrate that the grain boundaries in the nc α-iron from Bonetti et al are much more
sliding than those in the nc α-iron from Shen et al. The larger difference between the
grain boundary parameters for the two types of nc α-iron can be attributed to different
local structures and properties at grain boundaries owing to different compositions and
processing routes used for these two nc α-iron [93,94].
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Chapter 5
DISCUSSION AND CONCLUSION

In this study, we used computer simulation techniques to explore the fracture and
deformation behavior in nanocrystalline α-iron at temperatures ranging from 100K to
600K. The fracture process was conducted using Molecular Dynamics for three samples
corresponding to three different grain sizes 6, 9 and 12nm. The fracture behavior in each
sample was followed directly at the atomic scale by incrementally loading a mode I crack
to high stress intensities.
The fracture process in nanocrystalline α-iron is observed to occur as an
intragranular fracture process combined with an intergranular fracture process.
Intragranular fracture is dependent on crystallographic orientation.

If the crystal is

favorably oriented, the crack propagates in a brittle manner even at high temperature. On
the other hand, crack deviation is associated with plastic deformation. We observe
dislocations at the tip of the crack for the three temperatures tested, but not enough to
account for the blunting.

At such small grain sizes, the mechanisms of plastic

deformation are thought to occur by grain boundary accommodation, grain rotation and
grain boundary triple junction activity rather than dislocation-based mechanisms. Indeed,
the intragranular plastic deformation at the crack tip of the nanocrystalline α-iron studied
is not associated with dislocation emission but rather with grain nucleation and grain
rotation. In other words, the stress at the crack tip is released by atomic reorganization
instead of dislocation emissions. Thus, the bcc1 Æ fcc Æ bcc2 transformation observed
is a strain induced mechanism accounting for the plastic deformation at the crack tip of
the sample.
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Intergranular fracture is found to be highly dependent on the grain boundaries
orientations. If the angle between the grain boundary and the crack plane is below 44o,
crack propagation along the grain boundary is observed. However, if the angle is larger
than 74o, crack arrest occurs. Between these two critical angles, a combination of the two
mechanisms is believed to occur. In the case of crack arrest, with increasing stress
intensity, intergranular fracture proceeds by the coalescence of nanovoids formed in more
favorably oriented grain boundaries ahead of the crack.
Temperature and grain size are found to highly influence the fracture
mechanisms. From direct observations of the fracture process, it is clear that the increase
in temperature causes more blunting and crack arrest. We also observe more grain
nucleation sites associated with crack propagation at higher temperatures. From energy
consideration, the overall average fracture resistance is found to increase with increasing
temperature. For the larger grain size (12nm), the overall critical energy release rate
(GIC) is equal to 94 eV/nm2 at 100K. This value can be directly related to fracture
toughness (KIC) by equation 2.10 using elastic constants calculated in Table 4. 2 for S3.
KIC is equal to 1.05 eV/Å5/2 (1.7 MPa√m). This value corresponds to the critical stress
intensity for the onset of crack propagation in S3 at 100K. Similarly, we obtain KIC equal
to 1.23 eV/Å5/2 (1.97 MPa√m) at 300K. In polycrystalline α-iron with conventional grain
sizes (10µm≤d≤300µm), the fracture toughness is between 450 and 500 MPa√m at room
temperature [79]. The lower values obtained for fracture toughness in the nanocrystalline
material can be explained by the change in plastic mechanisms from conventional to nano
grain sizes.

For the nanocrystalline material, dislocation activity is not the main

mechanism accounting for plastic deformation. Instead, grain boundary accommodation,
grain boundary triple junction activity, grain nucleation and grain rotation dictate the
fracture behavior. Hence, plastic energy release mechanisms are not the same for the
polycrystalline and the nanocrystalline material, which result in lower values for fracture
toughness in nanocrystalline α-iron. In addition, although dislocations are not believed
to be the main mechanisms for plastic deformation in nanocrystalline materials, no
dislocation sources are present in our simulations (no preexisting dislocations, no
impurities…) that would allow more dislocation activity and an increase in fracture
toughness for the same grain sizes studied.
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Furthermore, in our simulations, grain boundary concentration is found to highly
influence crack propagation and fracture toughness is observed to increase with
decreasing grain size.

This trend parallels the increase in fracture toughness with

decreasing grain size observed in conventional size polycrystalline material. At smaller
grain size, the large number of grain boundaries causes blunting and crack arrest. The
fracture resistance is estimated by the COD at the crack tip, which increases with
decreasing grain size.
The elastic properties of the nanocrystalline α-iron studied have been calculated
using Molecular Statics. Both shear modulus and Young modulus are found to decrease
with decreasing grain size, in agreement with experimental observations.

Thus, a

softening of the nc material is observed with decreasing grain size. This softening occurs
due to larger fraction of grain boundaries in samples with smaller grain sizes. At such
small grain sizes, the elastic “weakness” of the grain boundaries and triple junctions
influence the elastic properties of the nc material more significantly. This is in good
agreement with the results and observations for fracture resistance that increases with
decreasing grain size.
The use of Molecular Dynamics was motivated by the ability of the technique to
reproduce the physical behavior of the system. Since the MD technique follows the
actual forces on the atoms as they migrate, the fracture mechanisms can be determined by
direct observation, without having any a priori assumptions. However, it is important to
stress that the accuracy of this technique, as well as the MS technique, is strongly
dependent on the potentials used.
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