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by 
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(ABSTRACT) 

The purpose of this work is to critically examine the Lauritzen-Hoffman (LH) 

secondary nucleation barrier model of polymer crystallization. One of the major criticisms 

of the LH theory was that it predicted divergence of the lamellar thickness and crystal 

growth rate at finite undercoolings - the so-called “8! catastrophe.” Within this work, it 

has been shown that the “dt catastrophe” can be eliminated by considering all of the 

implications of the Hoffman-Miller reptation approach. Combination of this approach and 

the lattice-strain theory of Hoffman and Miller (which predicts curved face crystals) 

eliminates two of the major criticisms of the LH theory within a single theoretical 

framework. 

Through studies performed in this work, the LH theory has been modified in such 

a way as to extend its utility to higher undercoolings. Physically meaningful nucleation 

parameters can be obtained with the modified LH theory if the viscoelastic parameters 

characterizing the transport of chain segments to the growth front are known a priori. 

Crystal growth and melting behavior were studied in the case of linear and cyclic 

polydimethylsiloxanes. An equilibrium melting temperature (T,,) of 250K was determined 

by the Hoffman-Weeks extrapolation method for a linear PDMS fraction with 

<M,>=62,700 g/mol. This value is 12°C higher than that previously cited in the literature. 

From the kinetic studies, a fold crystal/melt interfacial free energy of 10.2 erg/cm? was 

determined which corresponds to a work of chain folding of 2.5 kcal/mol. Studies 

performed on the cyclic PDMS fractions confirmed that the configuration entropy



decreases with decreasing molecular weight. Additionally, the studies on the cyclic PDMS 

fractions have shown that the o-C,, relationship of Hoffman and coworkers fails for cyclic 

systems. 

The crystal growth rates, T,,, and lamellar thicknesses of polytetrafluoroethylene 

have been determined in this work. T,, has been shown to be 331£2°C. By atomic force 

microscopy and theoretical arguments it has been shown that the lamellar thicknesses of 

polytetrafluoroethylene, over the temperature range studied, is on the order of 1000A. 

These thicknesses correspond to quantization of the folds, from which it was shown that 

meaningful analysis of the growth rate data is impossible.
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The human intellect is feeble, 

and there are times when it does not assert the infinity of its claims. 

But even then: 

Though in black jest it bows and nods 
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CHAPTER I: INTRODUCTION 

1.1 Goals of this Research 

The purpose of this work is to examine the successes, limitations, and failures of 

modern polymer crystallization and melting theories and to report some new theoretical 

developments. Several important consequences for surface nucleation theories will arise 

from this work. Analysis of the consequences of the Hoffman-Miller reptation approach 

to surface nucleation theory will be performed under slightly different conditions which 

eliminates the “6! catastrophe” (the divergence of lamellar thickness and growth rate at 

finite undercooling) without having to make the “w=0” assumption normally made to 

circumvent it. This approach will be shown to work for the extended chain crystallization 

approach of Hoffman as well as the lattice strain approach of Hoffman and Miller for 

curved-edge crystals, which will effectively eliminate two of the main criticisms of the 

Lauritzen-Hoffman model. Furthermore, it will be shown that the classical Lauritzen- 

Hoffman equation used for fitting the growth rate data will overestimate the value of the 

fold crystal/melt interfacial free energy, o., and will underestimate the value for the 

apparent activation energy for transport, U*. As an alternative to the “exact” form for the 

Lauritizen-Hoffman equation as derived by Hoffman and Miller through reptation theory, 

a simplified equation will be presented which will reduce the error in the parameter 

estimates from growth rate data below that of the simple Lauritzen-Hoffman equation. 

Studies will be performed on cyclic poly(dimethylsiloxane) to test the validity, for ring 

systems, of a semi-empirical relationship between the chain characteristic ratio and the 

lateral crystal/melt interfacial free energy. Finally, polytetrafluoroethylene will be 

examined to probe the ability of the Lauritzen-Hoffman theory to account for the growth 

of nearly extended chain lamellar crystals of a high molecular weight polymer. 

Before embarking upon this study, it would be appropriate to justify the interest in 

such research. The two different, but not necessarily unrelated, views to be considered are 

that of industry and academia.



Industrially, polymer crystallization is of interest for a myriad of reasons. The first 

is that the degree of crystallinity and the size of the crystals in the polymer system will 

determine the mechanical properties of said system, i.e. higher crystallinity imparts a 

higher modulus to the material (as well as a lower gas permittivity) and smaller crystals 

will impart a higher fracture toughness to the material (i.e. less brittle).'_ This polymer 

morphology is determined largely by the crystallization kinetics. A second reason for 

industrial interest is processing cost. By knowing the rate at which a material crystallizes, 

the shrinkage process (due to crystallization) can be understood for an injection molded 

material, and those produced by other methods as well. There are of course many other 

reasons for which polymer crystallization is of interest, industrially, but the two 

aforementioned are sufficient to illustrate the point. By understanding fully the basic 

nature of polymer crystallization kinetics and resulting morphology, it should be possible 

to estimate the properties of any semi-crystalline polymeric material a priori. 

Academically, polymer crystallization theories are of interest because they attempt 

to provide a mechanism by which the crystallization behavior of a polymer can be 

explained in terms of its chain structure, topology, molecular weight, etc..2 It must be 

noted that the complexities associated with modeling the polymer chain’s behavior in the 

melt (i.e. the dynamics of the polymer chain)’, which is essential in understanding the 

crystallization process, as well as those associated with the physics of the polymer 

crystallization process make the theoretical approaches to a unified theory difficult. 

Because of these inherent difficulties, polymer crystallization provides a “many variable” 

problem which allows us to test the limits of our methods of study, i.e. instrumentation 

and analysis techniques, and of our understanding, i.e. the theoretical framework of 

polymer crystallization theory. The underlying goal of research into this field is the same 

as that ofall science. It is an attempt to model the physical world as simply as possible, 

while maintaining a valid physical picture and providing, a priori, a reasonably accurate 

prediction of the behavior of a new, yet similar, system from existing data. This type of 
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predictive ability is much more useful in understanding the underlying order/disorder of 

the universe than that of a post hoc propter hoc type approach. 

One important point should be made before entering into the bulk of this work. In 

the case of the research which will be presented henceforth, the motivation is solely that of 

the aforementioned academic interests. The reason for this is the current studies are 

performed on non-oriented, isothermally crystallized samples. In industry, oriented 

crystalline structures caused by various processing techniques under normally non- 

isothermal conditions are the principle concerns regarding the crystallization kinetics of 

polymer molecules. With this in mind, a general theoretical framework for isothermal 

crystallization of non-oriented melts will be presented prior to our experimental analysis. 

1.2 Historical Perspective 

A brief history of the field of polymer crystallization would be appropriate at this 

juncture. When initial x-ray diffraction studies were performed on crystallizable polymers 

it was determined that these materials consisted of both crystalline and amorphous 

regions, hence crystallizable polymers are in fact semi-crystalline materials.* Additionally, 

studies on the mechanical properties of these systems, i.e. the fracture toughness of the 

material, indicated a connectivity between the crystalline domains. To explain this semi- 

crystallinity, the concept of the fringed micelle was introduced (see Figure 1).° In this 

model, random fluctuations allowed the aggregation of the polymer chains, thereby 

forming microfibrous crystalline regions. In 1957, Till,° Keller,’ and Fischer® were able to 

produce polymer single crystals (thin platelets of approximately 10nm thickness) from 

dilute solutions. Electron diffraction studies on these crystals determined that the polymer 

chains were oriented perpendicular to the crystal/lamellar surface and thus a dilemma 

arose. (Prior to this, the idea of chain folding had been proposed by Storks'! in 1938, 

through thin films. However, it went unnoticed in the literature at that time.) How was it 

possible that polymer chains with mean square end-to-end distances ranging anywhere 

from 50 to 500nm could form a single crystal with a thickness of ca. 1Onm? The concept 

-3-
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Figure 1. Fringed Micelle Model of Polymer Crystallization
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Figure 2b. Adjacent Re-entry Model of Chain Folding



introduced to solve this problem was that of crystallization by polymer chain folding (see 

Figure 2).’° Once this idea had been accepted by the polymer community, a new debate 

quickly arose as to the method of chain folding. The two models proposed were the 

random switchboard and the adjacent re-entry models. The debate continued until the 

1978 Faraday Discussion’? when the random switchboard model fell far behind in its 

acceptance. The best evidence for adjacent re-entry folding is the work of Wittmann and 

Lotz,’’ who were able to image the fold surface of polyethylene single crystals using n- 

paraffin decoration. More recently, actual imaging of the fold surface has been achieved 

by Patil and Reneker’’ using atomic force microscopy on polyethylene single crystals. 

Their work suggests a regularity in the folding process as would be expected from 

adjacent re-entry polymer chain folding. (One should note, however, that the work of 

Patil and Reneker has not yet been reproduced.) The proposed mechanisms for this chain 

folding and crystallization from the melt will be discussed at a later point in this work. 

1.3 A General Introduction to Polymer Crystallization 

To understand any research, it is necessary to be able to ‘speak the language” in 

which it is written, so, at this point, some very basic definitions need to be made. 

Throughout this work we have used the phrase ‘polymer crystallization kinetics.” It is 

important to elaborate upon this concept. In general terms, polymer crystallization 

proceeds by two methods: primary nucleation and crystal growth. Primary nucleation can 

be further subdivided into homogeneous and heterogeneous nucleation.’ The first case is 

where random fluctuations in the polymer melt allow a crystal aggregate to form which is 

sufficient in size to be thermodynamically stable. However, under ordinary experimental 

conditions a polymer melt consists of an extremely large number of “dirt” particles upon 

which heterogeneous nucleation can occur. This process produces a nucleus of stable 

thermodynamic size much more quickly than by homogeneous nucleation since the main 

process is surface adsorption and not random fluctuations. The overall bulk crystallization 

rate (e.g. the crystallinity measured by differential scanning calorimetry or dilatometry) is a



complex product of the primary nucleation and the crystal growth rates.'* Due to the 

difficulties in measuring the primary nucleation rate, the more accurate method for 

extracting out the kinetic and thermodynamic parameters is through measurement of the 

crystal growth rate. 

The majority of polymers crystallizing from the melt do so in a three dimensional 

structure known as a spherulite. This morphological structure consist of lamellae growing 

out radially from the central nucleus.'* Thus, by measuring the radial growth rate (G) of 

the spherulite at an isothermal crystallization temperature, the growth rate of the lamellar 

structure (G) is determined. 

In Chapter II, a comparison of the various theoretical frameworks which attempt 

to explain the nature of the polymer crystal growth process will be presented. Within this 

chapter, equilibrium and kinetic crystallization theories will be examined. The main thrust 

of this chapter will be on the aforementioned kinetic theories, with particular emphasis 

being on the Lauritzen-Hoffman (LH) kinetic polymer crystallization theory. In Chapter 

III, a modification of the LH theory of polymer crystallization will be presented which 

allows resolution of the controversy surrounding the “8! catastrophe” in the LH theory. 

Chapter IV will mark the beginning of the experimental portion of this work. Linear and 

cyclic poly(dimethylsiloxane)s of varying molecular weights were studied with respect to 

their crystallization kinetics and equilibrium melting behavior. Since the equilibrium 

melting temperature is a very important parameter in crystallization theories, a critical 

examination shall be made of the assumptions of the Gibbs-Thomson-Tammann theory 

through the Hoffman-Weeks analysis technique for poly(dimethylsiloxane). The reason 

for this critical examination will become obvious once the theoretical framework has been 

presented. Chapter V will focus on the crystallization kinetics and equilibrium melting 

behavior of poly(tetrafluoroethylene) (PTFE). The work presented in this chapter will be 

interesting in that the problem seems to be insoluble by the present analysis techniques. 

These problems will be elaborated upon in Chapter V. In chapter VI, we will discuss the 
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recommended future work, which will entail a description of both theoretical and 

experimental aspects of polymer crystallization. 
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CHAPTER If: THEORETICAL BACKGROUND 

1.1 Overview of Crystallization Theories 

Polymer crystallization theories can be divided into the two general categories of 

kinetic and equilibrium based approaches. The equilibrium approaches explain several 

aspects of lamellar crystal thickness as a function of crystallization temperature, however 

the chain folded structure is not taken into account.’’ This approach uses statistical 

mechanics to describe the chain’s behavior as a function of crystallization temperature. As 

the temperature of the system increases (or the kT in energetic terms), linear vibrations 

and tortional oscillations will increase in amplitude as expected from classical physics. As 

the correlation between these vibrations and oscillations for two adjacent molecules 

decreases (i.e. an increase in incoherence) there will be a rather large contribution to the 

free energy (through the entropic term). Thus, it is this aspect which makes equilibrium 

polymer crystallization different from that of small molecules which do not exhibit this 

chain characteristic. To show the results of these types of assumptions, the approach of 

Peterlin, et al.,"* will be presented. The free energy density per monomer unit is given by: 

2 3 

te -erie[ S287 +2V - 2+ (2) 2b"o i ST) +osin.N+8N2]) ay 
N h N/| kT ha g nf Do 

    

  

where N is the number of repeat units corresponding to the lamellar thickness, h is 

Planck’s constant, k is the Boltzmann constant, V corresponds to the lattice energy of the 

crystal, $, is the amplitude of the potential energy of the monomer unit at rest, o is the 

amplitude of the finite rotational fluctuation of adjacent molecules, @, is the basic 

frequency of tortional vibration, o is the surface energy, and f=o,6/4 where 6 is the 

moment of inertia of the monomer unit. From this it can be seen that two minima exist - 

one at a finite thickness, N*, and one at N=oo. With increasing values of o and T, N* 

increases and the minimum becomes flatter until it reaches T*, defined at the point where 

the minimum completely disappears. The minimum is asymmetric and because of this, 

crystals with N<N* are more likely to grow than crystals with N>N* are to undergo a 
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reduction in thickness. The maximum energy density is located at Nmax which is between 

N* and oo. If the chain mobility is great enough, crystals with N<Nnax will approach N* 

and those with N>N»ax Will approach an infinite thickness. As T* is approached, the role 

of the two minima is reduced and N* has a higher free energy density than at N=oo. 

Above T* the only minimum is at N=oo and therefore during annealing, crystals grow 

thicker with the upper limit being the extended chain crystal. 

Although this double minima explains the results of annealing experiments and 

isothermal crystal thickening, as was stated previously, these theories fail to allow for 

chain folding and do not predict the strong dependence of lamellar thickness on 

undercooling.'* Another equilibrium approach is that of Allegra,” however as it does not 

attempt to explain the rate of crystallization it will not be presented within this work. 

The one unifying concept within all kinetic crystallization models is the balance 

between the thermodynamic driving force for crystallization and the kinetic barrier 

associated with it.’ The thermodynamic driving force for crystallization, which is directly 

related to the free energy of crystallization, is a universal function for all kinetic 

crystallization theories. Examination of the thermodynamic aspect of the crystallization 

process shows that in the absence of a kinetic barrier, the lamellae should be of infinite 

thickness. If on the other hand, the crystallization process involves a free energy barrier 

whose magnitude is proportional to the lamellar thickness, then the fastest growing 

lamellae will be of finite size, as is dictated by experimental facts. In contrast to the 

universality of the thermodynamic driving force, the kinetic aspect is unique to each 

theory. More specifically, these theories differ in their description of the kinetic barrier 

which limits crystal growth. It is this barrier which will be examined within the section on 

kinetic barrier models. The two general categories into which the majority of polymer 

crystallization barrier models can be placed are nucleation (which is often enthalpic in 

nature) and entropic barrier approaches. As was stated in the introductory chapter of this 

work, it is the association between the lamellar growth rate and spherulitic growth rate 

which allows for “easy” measurement of crystal growth rates. To model the spherulitic 
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growth rate, the treatment of Frank”’ and Seto” will be presented to link the growth rate 

to certain kinetic parameters. 

1.2 Seto-Frank Approach to Lamellar Crystal Growth Rates 

A mean-field model which is used to define the overall lamellar crystal growth rate 

in terms of the secondary nucleation rate (i) and the lateral substrate completion/spreading 

rate (g) is that derived from the Seto-Frank equations.”’”” If a smooth substrate, of length 

L and thickness (, with the crystal growth direction being orthogonal to the previous two 

directions (Figure 3), is considered, then the secondary nucleation rate (i) is the rate (in 

units of events/cm:s) at which the initial crystal stem is deposited onto the growth face and 

the lateral substrate completion rate (g) is the rate (in units of cm/s) at which the chain 

adds additional stems laterally across the growth front. Since the substrate is of finite 

length L, each nucleation event can be considered as creating a pair of steps facing and 

growing to the left and right with a rate g. A nucleation coordinate (x) for each nucleation 

event is defined such that -0.5L<x<0.5L. Next, the statistical mechanical average number 

of left and right steps are defined as I(x) and r(x), respectively. Since no steps come in 

from outside the boundary, we have 

I(x =$L)=r(x=-+L)=0 

with the derivatives of the ensemble averages with respect to time being 

al wi4 oY ogi 
dt dx 

8 ise 2) agi o 
dt dx 

From these equations, an excellent picture of the three possible events occuring on the 

crystalline substrate can be envisioned. Examining the right portion of the two equations 

we see that the first term describes the secondary nucleation event. The second term 

describes the lateral substrate completion, either in the left or right directions. The final 

term describes the possibility of annihilation, wherein left and right steps converge toward 

each other, thereby terminating lateral growth. Ifa steady state is assumed, then both 
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Figure 3. Secondary nucleation and growth. 
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derivatives (with respect to time) in equation 2 are set equal to zero. Two cases can then 

considered: the mononucleation regime (i<<g) where a single nucleus is formed on the 

entire substrate and the substrate is then filled out by lateral growth and the polynucleation 

regime (i~g) where multiple nuclei can form and spread. Then, using the defining 

conditions for each regime, with a great deal of work, it can be shown that the crystal 

growth rate (to a good approximation) for the mononucleation regime is 

Gmono = boil (3) 

and for the polynucleation regime is 

G poly = bo (2ig)”” (4) 
where b, is the crystal stem thickness in the basal plane of the crystal. At this point, the 

various nucleation theories begin to diverge. Point’ believes that all polymers crystallize 

in the polynucleation regime due to the fact that in the mononucleation regime, the growth 

rate should increase with substrate length (i.e. crystal size) - which is infrequently 

observed experimentally. Lauritzen and Hoffman?’ consider the substrate length, L, in 

equation 3 to be, not the length of the crystal facet but the average distance on the crystal 

growth front between defects, which Hoffman defines as the crystal coherence length, as 

defined from wide angle x-ray diffraction (WAXD) line widths, with values ranging 

anywhere between 20 and 100nm. | Point designates this length as the persistence length 

(L,). An obvious condition for the independence of the growth rate in regime I on the 

length of the crystal facet, L, is that L>L,. When the LH formalism is accepted, the 

mononucleation regime is designated as Regime I and the polynucleation regime as . 

Regime II. Additionally, the LH theory predicts a third regime designated as Regime III 

where i>>g. In this case, the radial growth rate is dominated by the secondary nucleation 

process and is defined to be: 

Gyn = boi (5) 

where L, is the kinetic length for regime III, taken to be 2.5a,. This distance between 

nuclei is given in general form by: 
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wes)" 6 
where S, is Hoffman’s nomenclature. L, is an important and useful quantity for the 

examination of the concept of Regimes I, II, and III. For the mononucleation regime 

(Regime I), Ly must be greater than L (L,). For polynucleation (Regime IT), Ly; must be 

less than L (L,). Additionally, for it to be physically meaningful, L, must be greater than a 

single stem width (a,). It is the changes in Ly which are assumed to be the cause of regime 

transitions and of the associated breaks in the growth rate curve. However, the existence 

of such regimes has been refuted by Point and Janimak,”” who associate the existence of 

breaks in growth rate curves with morphological changes, e.g. crystal types, growth front, 

etc.. 

Before examining nucleation theories, one very important thermodynamic 

parameter needs to be derived, the minimum thermodynamically stable lamellar thickness. 

The free energy expression for the minimimum thermodynamically stable crystal size (hin 

defined as the thickness as which the free energy change upon melting, Ad, is equal to 

zero) can be written as: 

Ao = +xyl pin AG — 2xyog - 20lmin(x + y) = 0 (7) 

where AG (or AG») is the free energy of fusion and where the first term is the increase in 

the free energy of the system associated with the bulk fusion process and the two other 

terms correspond to the decrease in the free energy due to interfacial effects. Since x and 

y are much larger than / in polymer crystals, it should be apparent that the free energy for 

the system will increase (thermodynamically unstable crystal) if 20.>lAG, therefore the 

minimum thermodynamically stable lamellar thickness is given by: 

lmin = -2 
AG 

The overall free energy is then decreased (if >tnin) by a lateral spreading across the growth 

(8)   

face, since addition of adjacent stems creates no new lateral surfaces (only fold surfaces). 
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However, if (<tnin there will be an increase in the overall free energy. Thus, this strip will 

be thermodynamically unstable and will therefore fluctuate off of the growth surface. '” 

One principal target for kinetic crystallization theories is the average lamellar 

thickness. The general approach for the derivation of this quantity, in all cases, is to 

utilize the free energy barriers to devise a probability (or weighting factor) through which 

a statistical mechanical average value can be obtained for the average lamellar thickness at 

a given crystallization temperature. All of these approaches are of the form: 

() = tmin + &! (9) 

where 6! is the increment in lamellar crystal thickness above the minimum lamellar 

thickness which allows the nucleus to enter the region of thermodynamic stability at a 

finite rate. It is also the focal point for the differences between the theories which will be 

examined. Note that since lateral spreading only occurs for cases where nin, at St=0 the 

polymer melts at its crystallization temperature and the rate of crystal growth is exactly 

zero. 

I1.3 Nucleation Theory Approach to Polymer Crystallization 

11.3.1 Lauritzen-Hoffman (LH) Theory. The LH approach starts with the definition of 

the activated states which can then be used in defining the forward and reverse reaction 

rates for addition and removal of stems. (Where the term “stem” refers to a single 

polymer chain’s crystal unit of length, !. In Figure 3, a single stem is shown placed onto 

the growth face during the secondary nucleation event.) The free energy barrier heights 

are defined as follows (see Figure 4):"” 

(1) placement of the first stem: 

Go_51 = 2bol o — w'agb [AG (10) 

where the first term is the contribution to the free energy barrier height due to creation of 

two new lateral surfaces and the second term is the amount by which this barrier height is 
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decreased due to the partial entry of the adsorbed chain into crystallographic registry 

(where yw’ is a measure of this partial entry for the first stem- y'=1 is full crystallographic 

entry and w'=0 is a chain that is only physically adsorbed on the growth front prior to 

crystallization); 

(2) removal of the first stem: 

Gi_40 = (1- w')apbofAG (11) 
is the free energy barrier height for removal of the first stem; 

(3) placement of the second (and all subsequent stems): 

* 

Gy v4] = 2agbgSe — WagbglAG (12) 

where the first term is the contribution to the free energy barrier height due to creation of 

two new fold surfaces, the second term has the same meaning as for placement of the first 

stem with a different value for the apportionment factor, wy; and finally, (4) removal of the 

second (and all subsequent stems): 

Go+1ou = (1- w)agbylAG ~ (13) 
which can be seen to be the same as removal of the first stem. Since the largest free energy 

barrier to crystallization is the deposition of the first stem (or nucleus) this approach can 

be designated as a nucleation theory. Using these activated state barrier heights with an 

Arrhenius expression for the rate constants (x) of the form: 

<= gen ay 
where x, is a pre-exponential, G* is the height of the barrier, k is the Boltzmann constant, 

and T is the temperature. With this in mind, the rates for the forward and reverse 

reactions take on the form: 

  

  

A, = Bexp —2bol o iv ab [AG (15a) 

kT, kT, 

A=Bexp —2agboSe ; WagbyAG (15b) 

kT, kT, 
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By = exp] —t—woesbeA | (150) 

where B is a factor that accounts for retardation due to molecular motions resulting in 

transport of chain segments to the growth front, a, and b, are the crystal stem width and 

thickness in the basal plane of the crystal, and AG is the free energy of fusion at the 

crystallization temperature (T,) (see Figure 4). 

With the above rate equations, the net flux across the nucleation barrier can be 

determined. Using a steady state approximation the flux of stems of length, {, across the 

nucleation barrier can be defined to be:'” 

_ A-B_ |_ _B S() = Node ATE) = Nod 5) (16) 

where the second equality arises if one assumes the same apportionment factor (w'=w) for 

first stem as well as all subsequent stems, where N,=C,nz (C, is the configurational path 

degeneracy, which will be discussed in more depth at a latter point, and n, is the number 

of segments, in units of stem width, along the substrate length L). 

Substitution of A, B, and A,, from equations 15a to 15Sc, into equation 16 gives 

~(2b, 01 - wacbiiAG) 
kT, 

b {AG + 2a,b (17) | exo = 0 —— A 2c) 

x 

  S() = CoB = 

  

With the flux equation, the secondary nucleation rate, which describes the rate at which 

the initial stem is placed onto the growth front, can be obtained through the relationship: 

    

Cc 

i= ST = | f S()dt (18) 
NLA NL Agh, 26, 

“AG 

(Sz is the total flux) and the average lamellar thickness can be obtained similarly by 
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performing a statistical mechanical average with the flux being the probability (or 

weighting factor) of having a stem of length, 1, 1.e.: 

~ {t-S(dde 
U 2d¢ 

yt AG 
(= bg = A (19) 

— {S(Hd! 
U 26¢6 

“AG 

Substitution of the flux expression (equation 17) into these equations yields forms for the 

secondary nucleation rate and the average lamellar thickness of. 

-- cob kT, kT, Jeno =e (20) 
  

  

  

  

~ aola | (2byo — wagb,AG) (1— w)ayb,AG + 2b,0 kT,AG 

and 

a, AG 

bE AG AG. 2bgo a, AG a AG 
| ° (1 y 2088 \asa-w : ) 

20 20 

Examination of equations 20 and 21 indicates that the critical undercooling (AT-) leading 

to divergence of {,* and 1 is given by AT.=26T p/aoAH ey in the classical surface nucleation 

theory, where T,, is the equilibrium melting temperature of a finite molecular weight 

polymer and AH is the heat of fusion at the crystallization temperature. 

This divergence is called the “d! catastophe” (See Figure 5). Lauritzen and 

Hoffman,” to eliminate this problem, have arbitrarily set w=0 with the only real 

explanation being that it eliminates the divergence which has not been observed 

experimentally. This y=0 assumptions seems to present the ‘unphysical” ** picture of the 

polymer chain being solely adsorbed with no portion of the stem having entered into the 

crystallographic register prior to crystallization. One final note should be made regarding 

the LH model, from the activated state equations, it should be apparent that the LH theory 
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does not allow for growth of a lamella which is thicker than the substrate onto which it 

would grow (this is apparent since there should be a new lateral surface being created 

where the crystal stem extends beyond the substrate. 

The lateral substrate completion rate is defined through nucleation theory to be 

g=a,(A-B) (22) 
which upon substitution of A and B, from Equations 15b and 15c, becomes: 

yagb lAG ( -q —agd, = ag exp| 2-2 1- IAG - 2 23 Snucl = 48 < kT, Jew kT, exp kT, ( Se) (23)     

Therefore, in the LH theory (w=0) i and g have shown to be 

; = Gob kT, kT, exp —4b)d0¢ (24) 

Agly | 2b906 (agby AG (T,,) + 2bgo kT, AG¢ (T,) 
  

and 

    — speed 9) .Jy_ ~toboAGr(Ty) ( AGrM) + (40/49)) 
B= a8 oxy 2) t os 2b,0 AG¢ (Ty) + (20 / ap) J (25) 

It is important to note that the expressions often utilized for i and g (for low 

undercoolings) are: 

j = CoB) RTs |. op) AO 0052 _ (24a) 
aol, | 4boo kT, AG;(T,) 

and | 

=a Beexpl oo (2088) 25 pone 2) (te os 
these approximations can result in errors of several hundred percent for high 

undercoolings and will therefore not be utilized within this work. In the above equations q 

is the work of chain folding which is related to the fold surface free energy by the 

relationship 

q=2a,b,9, (26) 
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Hoffman and Miller? have shown that the retardation factor, B, can be defined as 

=) ae) @ 
where h is Planck’s constant, T.. is the temperature at which the relaxation times for 

cooperative molecular motion become infinite,”>*° U*/R is inversely related to the 

fractional free volume at the growth front into which polymer chain segments can ‘jump” 

which measures the polymer chain’s mobility, and « is defined to be 

  

  

es] U* | Soe =6e 0) lef q 
c= babe) | h | R(Ty - Too) | AG (Tx) + (26/ a) | AKT (28) 

Coley? \2b,0 en =toPetrC)( B62) | 
2b,0 AG (Ty) + (26 / a9) 
  

with [,* being given (with y=0) by 

p-_2e _, kT Ae) 0) (29) 
E  AG;(T,) 2b, AG¢(T,,) + (20 / a9) 

where the second term in the above equation was previously designated as 5. The method 

utilized for deriving these expressions for B and « will be shown in Chapter III as the 

starting point for a theory derived as a consequence of the work presented in this 

dissertation. 

With the above equations in mind it is apparent that in the past the generalized 

growth rate equation has been incorrectly cast in the form:”° 

G = Go ex (——U* _ Ky (30) 
© OSE R(Ty Tao) | Ty AG (Ty) 

where G, is a pre-exponential assumed to have a weak temperature dependence (the 

problem with which should be immediately obvious to the reader - this form neglects the 

exponential in x due to the work of chain folding which in turn will result in low values for 

U* when the data is fitted to this equation), the first exponential describes the frequency 

-22-



with which chain segments can reach the growth front due to molecular mobility, and the 

second exponential is due to the secondary nucleation process where K,’ is the nucleation 

constant: 

. — 2jb,o(o,) 

with j being a constant with a value of 2 for regimes I and III, and a value of 1 for regime 

K (31) 

II. An important comment should be made at this point. In equation 31, the fold 

crystal/melt interfacial free energy is now cast in the form of a statistical mechanical 

average. In the manner of Hoffman, Frolen, Ross, and Lauritzen”’ the fold surface 

melt/crystal interfacial free energy can be defined as 

(oe) = ee (32) 

where o,, is the fold surface interfacial free energy of the i” type and x; is the total number 

of times that the i" type of surface is formed within a single polymer chain. It is easy to 

visualize that there will be either a fold or a cilia on the fold surface. (Note: -The surface 

free energy associated with chain ends is ignored due to the fact that the equilbrium 

melting temperature, T,, which is utilized as the reference state still contains chain end 

effects.) Equation 32 can then be expanded into 

Ge of +54; — _©: 33 
(Se) f+] (33) 

where Ge. is the fold surface free energy that would be determined for an infinitely folded 

surface, 6, 1s the cilial free energy, and fis the number of folds 

rs -] (34) 
Ip 

(Note that equation 34 ignores the length of the fold in calculating the number of folds.) 

  

This gives as the final form for <o.>: 

(Se) = See SH) (35) 
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where H is 6<i/Ge,o and in the case of polyethylene is assumed to be negligibly small. 

Hoffman, Frolen, Ross, and Lauritzen”’ have given an expression for determining the cilial 

free energy: 

| 2% | KT | | tit 
Pci (24) if (30) 

where @, is the angle of sweep of the cilium confined within a wedge protruding from the 

crystal surface, {i is the length of the cilium, and C, is the characteristic ratio of a chain 

with a length equal to that of the cilium. This behavior gives rise to the phenomenon of 

29 . . > 
228.29 herein breaks in the G versus T, curve are attributed to quantization of chain folds 

changes in the fold surface free energy. Normally this behavior can be observed in the case 

of 3 or less folds. It is important to note that Hoffman has stated that only integral fold 

values are allowed due to kinetic considerations. This phenomenon has additionally been 

observed and attributed to quantization of folding by Fatou ef al.*° 

An obviously important point is the method by which a decision is made regarding 

the choice of growth regime for analysis of the data. This is easily answered by 

considering the growth rate equations at the temperature of the regime transition (T)n). 

_To be able to derive an analytical expression for this temperature, the exact forms for the 

pre-exponential (G,) in equation 30 must be presented. For regime I, the pre-exponential 

(G,=C)) is given by 

“r= cq( Bett) ()( Hs) - ahaG + a G7) ly 

    

and in regime II (G,=Cy): 

cy=6(5)(‘) onl <2) 
1/2 

J2C,{ kT _ kT, | en “BobobAGHCT)) 
1, | 2b,0 (apb,AG;(T,)+2b,0 kT, 

Since G,(Tisn)=Gn(Tisn) by equating equation 30 at the regime transition the following is 

  

(38) 

  

obtained: 
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K. 

Or = exp __~s() (39) 
Cy T,AG¢ (Tx) 

then substituting C; and Cy from equations 37 and 38 into equation 39 and simplifying, one 

obtains: 

Ae 4 incl? ston, TAge(T) kT (40) 
ai) ) kT kT al a,(- gscbBarDMT) 

2 |2b,0 a,b,AGr(T)+2b,0 | 2 
  

where T in equation 40 refers to Ti,n. By using a computer program to solve this 

equation and by varying the value for n_ (n.=L,)/a,), temperatures at which the regime 

transition should be expected to occur can be determined by plotting C, as a function of T, 

and comparing it with values obtained by both regime I and regime II analyses. The 

regime III transition can be examined, in a similar manner by determining Cy/Cm, due to 

the fact that Cm (G.=Cm) is given by Hoffman and Miller? to be: 

Cobonmy f « \f kT, )} kT, kT, 
Cy = —2 S| = - (41) 

ly \n/X bh J} 2bgo (agbgAGe(Tx) + 2bgc) 

where ny 1S Sy/a> (Ly/a.) which has a value of 2.5 for this regime. It must be noted at this 

  

point, that in studying regime IJ] growth through computer simulations, Guttman and 

DiMarzio®' have shown that a space filling crystal is obtained only if multiple growth 

planes are assumed. Since there is no way of weighting the two different growth 

processes, for Regime III it will be assumed that a,=b.=(ab-siny)'* (where y is the angle 

between a and b). Additionally, S,/a, must be 2.5 for regime III, an obvious regime III] 

test is determination of the temperature of the III->II transition by assuming that growth is 

in regime III and then determining where S,/a, takes on a value greater than 2.5. Regime 

II can be tested again by assuming Regime II and determining where S,/a, falls below 2.5. 

11.3.2 Frank and Tosi Approach. An early alternative to the Lauritzen-Hoffman growth 

rate model was that of Frank and Tosi (FT).** The LH model allowed the first strip (a 
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complete filling across the substrate length, L) to have any lamellar thickness, as was 

determined by the undercooling, but all subsequent strips were required to have the same 

lamellar thickness as the first strip. Frank and Tosi’s model differed from this in that they 

allowed fluctuations across many subsequent stems and by doing so explained the 

experimental observation that changing the crystallization temperature during 

crystallization caused a change in the lamellar thickness. The crystallization process in 

their model occurred as follows. (1) An initial strip is placed with a length 4;. (2) The 

second strip is allowed to fluctuate in lamellar thickness to a value . (3) Ifthe difference 

between 4; and {2 is small, then all subsequent strips will have the same value as bh. 

However, if the difference between {; and {2 is large then the system will tend to continue 

fluctuating (on each subsequent strip) until it reaches a limiting width which is the 

resulting overall lamellar thickness, (**. It should be noted that, unlike the LH theory, this 

limiting width will be reached eventually, even if the initial substrate has a thickness less 

than that of **. One problem is evident in the FT treatment, the “&t catastrophe” is still 

predicted. This phenomenon will be examined in greater detail further in this work. One 

unique aspect of the FT approach, relative to that of the LH theory, is that it predicts a 

cessation of growth for AT<o-T,,/a,AH; which has not been observed experimentally. 

_In comparing the various models, one aspect of the formalism of the Frank and 

Tosi’s model which is appropriate is the concept of a coarse grained versus fine grained 

approach to stem placement. To present the concept it would be appropriate to consider 

the same situation which Frank and Tosi use to illustrate the differences. They consider 

the crystallization of a Coo n-paraffin in which the stem length consists of 10 CH2 groups. 

In the fine-grained way, placement of each CH2 group is a stage in the crystallization 

process. In the coarse grained approach, 10 of the fine-grained stages are a single step in 

the crystallization process. For a model to be self consistent, the coarse grained approach 

should be equivalent to the fine-grained analysis. Using this terminology, it is apparent 

that the LH approach is a coarse grained one. Armitstead and Goldbeck-Wood"’ have 

-26-



suggested that the fine and coarse grained approaches for the LH theory are in agreement 

only when a fold surface energetic term is included in the first activated state. 

11.3.3. Theories of (1) Price and (2) Lauritzen and Passaglia. A third approach to the 

lamellar thickness was that of Price.** In this model, fluctuations in the stem length were 

allowed at every stage, even within a given strip, with the restriction that no stems could 

be less than {min The problem with this appproach is that it was based upon Markovian 

statistics and was therefore in essence an equilibrium approach.’ This model, as well as 

the LH and the FT predicted a “8! catastrophe” at high undercoolings, however it did not 

predict a cessation of growth at low undercoolings, a fact which Sanchez” attributed to 

the low fluctuations allowed in lamellar thickness, i.e. 1 to 2A. Due to the fact that it is an 

equilibrium approach, the Price model seems inappropriate to be placed into the category 

of nucleation theories. However, it is a good starting point for introducing the approach 

of Lauritzen and Passaglia (LP).** In the LP approach, fluctuations were again allowed at 

any point in the crystallization process. However, since LP was based upon the kinetic 

*°37 rather that on equilibrium approach of Lauritzen, DiMarzio, and Passaglia (LDP) 

concepts, the fluctuations were on the order of 10 A (these fluctuations tend to increase 

with decreasing temperature). As with the LH, FT, and Price models, the “6! catastrophe” 

is predicted by the LP approach. The question regarding cessation of growth 1s uncertain 

since in one form, the LP predicts cessation of growth at low undercoolings, however, 

when Lauritzen and Passaglia equalized the probabilities of positive and negative 

fluctuations this growth cessation was eliminated (this was termed as_ partially 

‘Symmetrizing” the rate constants). The major problem which is inherent in all of the 

above kinetic models is the “dt catastrophe”. Experimentally, this phenomena has never 

been observed. In fact, the experimental evidence!’ shows that the / vs T, plot tends to 

level out at high undercoolings. 

11.4 Surface Roughening (Entropic Barrier) Approach to Polymer Crystallization 
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Nucleation theory had been based upon the premise of faceted crystals (see section 

on nucleation theory), however by 1984 more and more curved face crystals were being 

d°**° and the Seto-Frank equations, which were at the heart of nucleation theory, discovere 

were not expected to hold since they had been derived for flat, smooth substrates. 

Sadler® proposed that this curvature was due to surface roughness. Before proceeding 

into Sadler’s model, it would be appropriate to define what is meant by “Smooth” and 

what is meant by ‘tough.” A smooth crystal face is almost perfectly planar with very few 

steps (secondary nuclei) or vacancies (niches) present on the growth face.’’ Rough 

surfaces are the opposite of smooth surfaces, i.e. there are many steps and niches present 

which create a non-planar surface. Sadler asked of his model that it fullfilled four 

requirements: 

(1) the aforementioned applicability to both faceted and curved crystal growth, 

(2) the appropriate temperature dependence for lamellar thickness, in a form which 

will continually appear for all nucleation theories section): 

a 
{=—+6l 42 AT (42) 

(where a and 6! are constants), 

(3) an expression for crystal growth rate of the form: 

—-K 
G= cen ) (43) 

T, AT. 
  

where c and K, can be treated as constant over certain crystallization temperature ranges, 

and (4) applicability to all lamellar systems with as simple a model as possible. Computer 

simulations on this model showed that equation 43 holds as well in the case when all 

surfaces are rough as well as the case when they are all smooth (nucleation theory). The 

simulation showed that the rounding off of the growth face in the direction of the fold 

surfaces imposes an entropy barrier against the attachment of long stems.” 

The entropy barrier height is due to stems which, when folded over, are of 

insufficient length to form a stable nucleus. This stem must therefore unfold for further 
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growth to occur. Fluctuations into and out of this state are the basis of the entropic 

barrier which limits growth since the model is based upon the total number of 

configurations/pathways (Q) available to the system, i.e. 

S=kinQ) (44) 

where S is the entropy and k is Boltzmann’s constant. As the lamellar crystal thickness 

increases, the formation of cilia (per unit substrate length) increases thereby increasing the 

number of non-viable configurations and therefore the growth rate is decreased.'’ The 

limitations of this method is that results can only be obtained either through computer 

simulations or through numerical! analysis by solving a series of rate equations describing 

all the appropriate different ways for attachment and detachment. Discussion of the exact 

equations behind this model are beyond the scope of this work and it is therefore left to 

the reader, if interested, to examine the original references” for further details. It should 

be noted that for the most part, this approach has been limited to a qualitative description 

of polymer growth with arbitrarily chosen energetic parameters for the rate equations. 

I1.5 “Unified” Nucleation and Entropic Barrier Model of Point 

The final theoretical approach to the crystal growth rate to be presented is the 

approach of Point. This model attempts to combine the favorable aspects of both the 

entropic barrier and nucleation barrier approaches. In Point’s approach**“ a segment of 

length A! crystallizes onto the substrate. At this point, another segment of the same length 

can be crystallized onto the substrate in the same direction as the first segment, or, the 

chain can fold and begin crystallization of a second stem. This is allowed to occur at any 

stage, i.e. the first stem is allowed to have any length. However, after deposition of the 

first stem all further stems are forced to fold with a stem length of t. The rate constants A 

and B are associated in this approach with placement (i+1) or removal (1-1) of one of the 

crystallographic segments decribed above, where i is the number of segments within a 

given stem. A third rate constant, C;, is defined to be the steady state net rate constant for 

chain folding. In addition to the classical LH nucleation framework,’ Point assumes the 
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following: (1) that the driving force for the reaction associated with A is a balance 

between the positive contribution from the bulk crystallization term and the negative 

contibution due to surface formation; (2) that at the critical undercooling, AT., B2A; (3) 

the forward reaction constant for chain folding (C;.) is due to the balance between the 

positive contribution due to bulk crystallization and the negative contribution due to the 

work of chain folding; (4) C; has a non-zero value only if the the stem length is greater 

than {min (as defined for all previous crystallization theories); and finally, C; increases with 

the stem length (FiA!). In terms of the FT approach,*? Point’s model is a fine-grained 

approach whereas the LH treatment is a coarse-grained approach. 

The steady state recursion relationship, obtained through these assumptions, for 

the difference between those coming into the i" state from the (i-1) or (i+1) state to those 

already in the i” state is: 

Anj_; —(A +B+C;)nj + Bnj,; =0 (45) 

Unlike in the LH approach, due to the dependence of C; on i, a closed form could not be 

given for this recursion relationship. A mean value for the lamellar thickness can be 

determined, in closed form, by assuming that C; is constant. This solution yields a form 

for the average lamellar thickness which is finite at every undercooling. (Note that in this 

approach if C;=0 the “6! catastrophe” occurs at an undercooling, AT..) Statistically it is 

quite obvious why this “explosion” in 6 { does not occur, since Point’s model allows folding 

at any position along the length of the stem it is statistically unlikely that the unrealistic 

thickness of the “6! catastrophe” would ever be reached. 

In addition to the problems associated with the LH theory due to the “d 

catastrophe” other arguments have arisen. Point and Colet* argue against the weak 

temperature dependence of the lateral substrate completion rate in the LH approach 

(equation 25), which gives rise to the regime transitions, for several reasons which will be 

examined as the polydimethylsiloxane data is analyzed. Several additional criticisms are 

22,45-4 put forth by Point ” regarding the LH formalism. However, since the LH theory is the 
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only existing comprehensive theory which does a reasonable job of predicting the 

crystalline growth rate of polymers, it is the method by which the data presented in this 

work will be analysed. Special care will be taken in analyzing the growth rate behavior of 

the PDMS and PTFE systems through the use of many of Point’s criteria, which will be 

elaborated upon as they are used to examine the data analysis, in a critical fashion. 

11.6 Lateral Crystal/Melt Interfacial Free Energy Semi-Empirical Relationships 

Historically, the primary semi-empirical relationship utilized in determining the 

lateral crystal/melt interfacial free energy was the modified Thomas-Staveley 

relationship:'°*8 

on =$——5 (46) 
AH (agbo) 

which has a value of approximately 0.1 for vinyl polymers and a value of 0.23 for some 

polyesters (0.10 for polyethylene and 0.09 for isotactic polystyrene’). Since the actual 

values for ory can fluctuate by up to a factor of 2 for various polymers, a second 

relationship proposed by Hoffman et al.” which relates the lateral crystal/melt interfacial 

free energy to the chain characteristic ratio (C.). This relationship makes sense in an 

intuitive (as well as theoretical) way. Since the lateral surface free energy is associated 

with the change in free energy when a chain undergoes a phase change from the 

amorphous melt to a state of physical adsorption on the crystal growth front, and since the 

majority of the free energy change comes from the entropy loss in going from a random 

coil melt to the adsorbed ‘frozen” chain structure, it is clear that the unperturbed 

dimensions in the melt will be related to this free energy change. Furthermore it is then 

obvious that the lower the number of initial chain conformations (i.e. the larger the 

characteristic ratio) the lower the change in free energy and thus a lower value for o. 

Once these assumptions are made, the temperature dependence for the lateral surface free 

energy is an obvious outcome since with a higher crystallization temperature there arises a 

greater lamellar thickness, thereby causing a larger change in entropy (melt—physically 
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adsorbed state), and thus a higher value for o. This expression derived by Hoffman and 

coworkers” is 

~ Ix { 0)/ 4 Jt sour « (868) an 2) “ 
The validity of this expression at T,=T, will be evaluated as will the temperature 

dependence of this expression (the T,=T,, assumption gives the equilibrium value for o). 

Chapter III will describe the modifications proposed by the author to the LH 

nucleation theory which circumvents the “6¢ catastrophe” without having to make the 

“questionable” w=0 assumption. The modifications will be shown as they apply to 

Hoffman’s extended chain crystallization model and the lattice strain model which 

Hoffman and Miller have proposed to explain curved crystal faces. 
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CHAPTER Il: MODIFIED LAURITZEN-HOFFMAN MODEL 

Iil.1 Chain-Folded Crystallization on a Flat Substrate 

Recently, Snyder, Iler, and Marand*’ (SIM) have proposed a modification of the 

Hoffman-Miller (HM) reptation approach to the LH model. As with the HM approach the 

SIM analysis begins with the lateral substrate completion rate, gauci, Which is a measure of 

how fast stems are added in the lateral direction against the initial stem placed at a rate, 1. 

This rate can be defined by equation 23. 

The difference between the two approaches becomes obvious in the next step. The 

force of crystallization (or the tension on the chain in the melt due to the crystallization 

process), in both approaches, is given by:*° 

[ -dAdy 
Hf ° | (48)   

l dv 

The above equation is based upon classical physics wherein the negative of the gradient of 

the potential energy is the force. In the HM model,” ¢ is taken to be t,*. However, the 

meaning of ! is not the average initial fold length at the crystallization temperature of 

interest in the SIM approach. The fact that the lamellar thickness is a variable in equation 

(48) implies that reptation effects contribute directly to the flux distribution S(!) through B 

as will be shown shortly. This force, is obtained by recognizing the fact that the 

exponentials in the rate equation are in fact the free energy barriers for stem placement and 

removal. The total change in free energy for the placement of v adjacent stems (written 

using the LH free energy barrier expressions) is then: 

Ady = [2bgot - wagbglAG - (1- w)agbg!AG] 
— (v= DI(1- y)agbglAG — (2agbyoe — Wag (AG)] (49) 

or upon simplification: 

Ad, = (2bySt — agbgfAG) - (v — N(agbglAG — 2agbode) (50) 

This force is then substituted into the lateral substrate completion rate, grep, defined by the 

HM reptation approach to be:*® 
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Brept = 2%) (51) 

where € is the monomeric friction coefficient at the crystallization temperature (T,) and n 

is the number of monomer units in the polymer chain. The basis of this equation should be 

apparent. The rate of reeling-in (r=dL/dt) of the polymer chain is the force pulling on the 

polymer chain divided by the total friction encountered by the chain as it is pulled through 

the ‘Virtual tube” created by the surrounding polymer chains. From this, it is apparent that 

the frequency of stem placement is the reeling-in rate divided by the lamellar thickness. 

Equation 51 follows by recognizing that the frequency of stem placement multiplied by the 

distance between adjacent stems is the lateral substrate completion rate (g). Using the 

Vogel-Fulcher-Tammann law” (in the range of T,<T,<T,+100K) to describe the 

temperature dependence of the friction coefficient and denoting by To, a reference 

temperature where the monomeric friction coefficient is G , the following expression is 

obtained for the substrate completion rate: 

obo U* -U* 
Srept = Fon (AG — 20,) onl | of | (52) 

where U*/R is the Vogel B parameter, T.. is the Vogel temperature.” (Note that grep has 

no dependence on wy.) By equating the reptation (rep) and nucleation (,ucl) expressions 

for the lateral substrate completion rate, B is obtained as:: 

cxp( —WaaboldG ve ot) 
x 

1- ex abe (\AG - 26, | 
x 

(53)   B= z{ + }uac ~20¢) | 

where Z contains all terms that are independent of f: 

ab +U * —-U* +q 
Z=“9°9 ___ 54 

Con ox ee Jen] gv kT, 6%) 
Substitution of equation 51 into equation 16 gives 
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_ 1 —2b,to 
S() = Comz{ 4) ox kT 

x 

  Jus -26,) (55) 

Note that in the classical equation (17), the ! dependence of B was ignored. In other 

words, the proposed modification to the LH theory considers explicitly the influence of 

reptation on the weighting factor associated with a given lamellar thickness in the 

expression for the total flux, secondary nucleation rate, and average initial lamellar 

thickness. Equation 53 leads to a form for the secondary nucleation rate of: 

  

  

oO .  CoZ | (48) exe abet (8) cxp{ —2Pale 4 (56) 
aoly 26 t kT, (2 kT, 

“AG 

the solution of which is a power series. The solution to {,* is given similarly by: 

wo 

J Ac ox zt ~ (728) on( 2) 
. 25 kT,, f kT, 

h=t, =—4S 57 ae © P 7 | exp 
20¢ t kT, t kT, 

“AG 

  

  

  

_ which should be contrasted with equations that were obtained with Hoffman’s reptation 

approach (Equations 20 and 21). Since a closed form solution for the integrals in 

equations 56 and 57 is not readily available, these equations were integrated numerically 

using the Simpson’s rule over a range of |, from 20./AG to around 2000A (above which 

there was negligible contribution to the integral, see figures 6 and 7). Figures 8 and 9 

show the agreement between the HM w=0 approximation and the SIM approach for the 

'°° which will be described in Chapter secondary nucleation rate for poly(dimethylsiloxane), 

IV, and isotactic poly(styrene)”* with the values utilized for the parameters given in Table 

I. Note that although the error reaches a value of 13% near the glass transition for i-PS 

and drops to 4% near T,, a 13% error in a range where the ultimate value is changing by 
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Figure 6. Flux as a function of lamellar thickness for PDMS at 220K. 
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Figure 7. % of Sy as a function of the lamellar thickness for PDMS at 220K.. 
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Figure 9. Secondary nucleation rate for isotactic poly(styrene) using classical nucleation 

theory (HM) with y=0 and the modified HM approach of this work. 
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Table 1. Input Parameters 

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

          

PDMS it-PS 
AC,(a)* (J/mol K) 81.59 90.204 
AC,(b)* (J/mol K’) -0,354 -0.14425 

AHs (J/mol) 2720 8980 

a. (em*/g-K) 7. 00-10° 2.10-10% 

V. at Ty (cm’/g)** 0.935 0.900 
Ta (K) 183 293 

G (J/m’) 2.91-10° 4.1-:10° 

G- (J/m’) 1.02:10° 2.0-107 

a, (m) 7.7510" 1.10-10° 

bo (m) 1.12:10° 6.32:10"" 

k (/K) 138-107 1.38-107 

Co (kg/s) 3.1610" 6.00:10° 

T. (K) 250 442.7 
Tm(K) 250 526 

U* (cal/mol) 1500 2400 

T. (K) 121 322 
nCo 5-10° 2.7:10° 

ly (m) 1.38-10°" 1.11-107° 

n 485 40     
  

  
* The heat and entropy of fusion at T, are given by: 

AH;(T,) = AH (Ty) ~(ACp(a)- AT + AC, (b)-(TA - T3]} 

mie [acy 3 AS,-(T,.) = ——™ -| AC, (a) - In| —* | + AC, (b)- AT r(Ty) =F p(@) In| att) + ACp(b) 

where AC, is the heat capacity fit difference between the crystal and melt, given 

by a linear fit: AC, = AC,(a) + AC,(b)-T 

** The crystal density at the crystallization temperature (p,) is given by: 

Pc (Tx) = ee [Ve +e (Tx - Ty)] 
where Td is the temperature at which the density was determined and V.=1/p.(Ta). 
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Figure 10. Average lamellar thickness as a function of crystallization temperature for 

polydimethylsiloxane using the classical nucleation theory (HM) approach with y=0 and 

the modified HM theory presented in this work. 
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Figure 11. Average lamellar thickness as a function of crystallization temperature for 

isotactic polystyrene using the classical nucleation theory (HM) approach with y=0 and 

the modified HM theory presented in this work. 
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several orders of magnitude will be negligible in contributing to the temperature 

dependence of the secondary nucleation rate. 

Comparison of lamellar thicknesses obtained through the classical nucleation 

theory (HM) with w=0 (using equation 21) and through the SIM numerical approach 

(using equation 57) shows similar agreement (Figures 10 and 11). Thus, the “w=0” 

assumption has been shown to be a very good approximation to the exact solution, at least 

for the cases of it-PS and PDMS. Furthermore, it has been shown that w is no longer a 

contributing factor in the growth rate analysis, or in the expression for the lamellar 

thickness. Thus, in the SIM approach it was concluded that the problems associated with 

724 Were in fact a moot point the so-called “unphysical” nature of the w=0 assumption 

since y was no longer present in the expressions for i, g, and 4, in the surface nucleation 

theory. Snyder, Iler, and Marand” concluded that to legitimately utilize the classical 

closed form expressions for i and {,* in the original LH treatment with w=0, one should 

test the exact forms first. 

i.2 Extended Chain Crystallization Kinetics 

Up to this point, chain folded crystallization has been the entire focus of this work. 

However, in the same manner that a twice-folded crystallizing polymer can undergo a 

transformation to a once folded system at higher temperatures, so can a once folded 

system undergo a transformation to extended chain crystallization. That will be the 

subject of this section. As will be seen at a later point in this work, there is the possibility 

that one of the PDMS cyclic fractions is crystallizing as an extended-chain crystal. For 

29.53 Sill be examined in the same manner this reason, the extended chain model of Hoffman 

as the classical chain-folded crystal was studied in the last section. As with the chain- 

folded system, the choice of w is crucial in analyzing the data (in the classical formulation). 

Since it was possible to remove the w from the chain-folded case, it was decided that it 

would be interesting to find out if the same procedure would have the same effect for the 

extended chain crystallization case. 
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In the extended chain model, Hoffman” introduces a term o’ known as the end 

surface free energy which takes into account surface roughness due to either a distribution 

in chain lengths (in a polydisperse material) or the possibility that the chain end surface 

may not have had sufficient time during deposition to allow local rearrangements to yield 

the equilibrium roughness. The following treatment is that of Hoffman” with 

considerations of the HM reptation approach”’ included within the theory. The free 

energy change for placement of v adjacent stems in this model now takes on the form: 

Ad, = 2b Sly + 2agbyo'—agbgl AG — (v — ]fagbolpAG — 2agbgo"] (58) 

where , is the constant lamellar thickness (note: (,~ni,). The rate constants for the forward 

and reverse reactions are now defined as: 

  

  

A, = Bexp —2bolyS — 2agbyo 1 Wagbol AG (59a) 

kT, kT, kT, 

A =Bexp —2a9b .0 + Wagbol AG (59b) 

kT, kT, 

B, =B-= Bexp == W)agbol AG (59c) 

kT, 

Since the lamellar thickness is not a variable, the total flux across the nucleation barrier is 

given by 

Sr = NoAd( ~ 5) (60) 

The lateral substrate completion rate is defined by nucleation theory as before (equation 

22) with the new values for the rate constants to be: 

Wagbol AG es —Agbdy 
= a,8 exp} ———~*—_ | exp] ——**_ | 1- ex {AG —2 61 Snucl of i kT, xp kT. p kT, ( 0’) (61) 

  

and in a similar manner, the lateral substrate completion rate can be defined through 

reptation theory as 
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2 
= — => ({, AG — 20') exp] ————— |exp| ———— (62) 

oO S86 

From this, B is then given, for extended chain crystallization, by: 

ox —WiababAG = 2a b,0 ) 

Agb,(l,AG — 20.) kT, kT, 5 , 

Conlo t _ ex Se (L,AG — 20.) | (63) 

exp) to — lexp| —2U* 
PLR(Ip Ta) | (RC - Te) 

The nucleation rate can then be cast in the form: 

B=   

  

  

_ _ * 

j= co{ £]( PeKBs) exp Pa) oxp( (64) 
n/\ hh kT, R(T, — Ty) 

where x is defined to be: 

—~Io' * «= LoAG 20) h Jef 20" (65) 

15S kT, R(T, — To) 

Using the definitions for regime I and II growth, the crystal growth rate equation can be 

cast in the following form: 

  

. a * _} 

G=G, exp ae | exp hale (66) 
RCT, — Tx) kT, 

with j taking on the same value as in K,’ and where G, is 

Go = agboCom.( =)( PF) - c, (67) 
n h 

for Regime I and 

kT,. Go = agby J2Co (£)( Pek =Cy (68) 
n h 

for Regime II. 

Using the values in Hoffman’s work” on C-246 a growth rate curve was generated 

with equation 67 (see Figure 11). As was expected, the growth rate curve displayed a 

maximum very close to the value cited by Hoffman.” This proved that this work is in fact 
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legimate, and more importantly removes the y parameter from the equations - thereby 

reducing the number of variables that must be fit. It is also important to note that these 

equations are “exact” with no necessary numerical approximations. Of course these 

equations hold only for polymers with sufficient length for reptation to occur. 

1.3 Modification to the Hoffman-Miller Surface Nucleation Theory for Chain- 

Folded Systems with Lattice Strain 

Next to the &! catastrophe, one of the greatest criticisms of LH surface nucleation 

theory was its inability to explain/predict curved-faced crystals. One attempt at modeling 

crystal growth on a curved faced crystal within the framework of the LH theory was that 

of Hoffman and Miller.** The basis for this approach was that lattice strain effects arise as 

a direct consequence of chain-fold repulsions. This lattice strain results in a lowering of 

the melting point and a reduction in the substrate completion rate of the strained growth 

face. To account for this lattice strain, a new parameter is introduced: the interfacial 

surface free energy (o,). This approach was based upon the work of Mansfield***’ (which 

was in turn based upon the Seto-Frank equations) which showed that an elliptical profile 

will be produced for a given growth face if the substrate completion rate is slighly larger 

than the crystal growth rate (G) of an adjacent crystal face. The problem with this lattice 

strain approach was that it still contained the 6! catastrophe. It was therefore reasoned 

that if the treatment which was given in section II.1 could be extended to this model, then 

both of the major criticism with the LH theory could be eliminated in one fell swoop. 

Although the experiments performed in this work do not deal with curved faced crystals, it 

was reasoned that elimation of the df catastrophe and explanation of curved faced crystals 

within one theoretical framework would be of great theoretical and practical importance. 

Therefore, the model of Hoffman and Miller was examined in the same manner as the flat 

faced crystal was in section III.1. 

In this approach, steady state (full backward reaction, e=1) and non-steady state 

(suppressed backward reaction, e=0) conditions were examined. The treatment begins by 
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defining the free energy of fusion with lattice strain effects included as: 

AG, = AGs - (ag = bo os (69) 
Apdo 

where AG is defined similarly as in the LH model. The rate constants, defined by the 

appropriate activated states are given by: 

  

  

  

A, =B o eta aes + WfpoboAGs co lett (70a) kT, kT, 

A= pes =a. _ (bot bo)od , visabeAGs* (60+ vst (70b) kTx kT, kT, 

B= B=e- pel -U- WheboAG: + (a + sled (70c) 

, 4 

With these rate constants, the lateral substrate completion rate can then be defined 

through Equation 22 to be: 

Saucl = ses] vests) ox! — W)(ay + Pale eng =   

. kT, kT, 

, —€: cx] “ane (AG, - 2.) 
x 

(71) 

  

The free energy change for placement of v adjacent stems in this model now takes 

on the form: 

Ad, = 2byot + vagog + (v — Ibo f + 2(0 — Iagbod, — vVagbgsfAG (72) 

which then allows the calculation of the lateral substrate completion rate through reptation 

theory in the same manner as section IIJ.1. This expression 1s: 

Zrent = “0 [a b,tAG, — 2a,b,6 Jor] — Jon] | (73) rept Pon ovo s ovove R(Ty — Ty) R(Ty — Tyo) 

It is not necessary to calculate B, yet, if it is recognized that the flux can be cast in this 

form: 
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S(t) = Node A=3) - na( Ae] (Ese (74) 

which upon substitution of the appropriate rate constants and rept 1S: 

      S() = CoML [agbg!AG, - Dacbovelexr| dl Jexp bo! (co, - 20)| 
f Con kT, kT, (75) 

Rew) RGD -exp| ————— |exp| —————__ 
R(Tp ~ Too) R(T ~ Too) 

which indicates that no divergence will be observed for i or {,* (however as was seen in 

section III.1, there will be no closed form solutions to i and ,* and so the y=0 approach is 

the form that will be required to analyze the data - with the proper checks regarding the 

validity of this approximation) at any undercooling as was shown in section III.1. B can 

easily be shown to be: 

  
exp —WaabaldGs} ox — w)(ag + pad 

kT, B = {+ (IAG, ~ 26) ‘ | 
—€- cx Se (tAG, - 20.) 

x . 

(76) 
  

with Z defined as it was in section III.1. It should be apparent from equation 75 that the d 

catastrophe has been removed from the lattice strain approach and therefore has 

effectively eliminated two of the major criticisms regarding the LH formalism. It should 

be noted that these equations can be extended to the case of flat-faced crystals by setting 

Oo, equal to zero. 
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CHAPTER IV: POLY(DIMETHYLSILOXANE): Linear and Cyclic 

IV.1 Introduction 

Poly(dimethylsiloxane), -[(CH3)2-SiO], - (PDMS), is an extremely flexible polymer 

due to its low level of intermolecular interaction and the lack of well defined rotational 

potential minima.** PDMS has a chain stiffness factor (ro/tor) of 1.39 compared to 1.45 for 

poly(ethylene oxide), 1.63 for poly(ethylene), and 2.3 for poly(styrene)”” which results in 

PDMS’ rather low glass transition temperature” of 150K. (Note that the stiffness factor 

is related to the activation energy for rotation about the main chain bond.) Due to these 

exceptional chain attributes and its chemical as well as thermal stability, this material has 

found widespread applications as an elastomer. Although the commercial use, under 

ambient conditions, of this material does not rely on its crystallizability, the crystal growth 

process for PDMS is of great academic interest in view of the exceptional chain attributes 

of this polymer. 

It is has been reported that high molecular weight linear PDMS crystallizes in a 

monoclinic crystal structure with the following crystallographic parameters: a=13.0A, 

b=7.75A, c=8.3A (fiber axis), and y=60°.°' In this structural model, PDMS is suggested 

to adopt a ribbon-like two-fold helical conformation. However such a structure was 

questioned recently by Schilling et al. using Si and °C NMR. An equilibrium melting 

temperature of 238K has been previously quoted by Godovsky ef al.’ through the 

Hoffman-Weeks’® extrapolation method, although the experimental data from which it 

was derived has not been reported. Due to the general difficulty of obtaining spherulitic 

growth rates under sub-ambient conditions, previous work on the crystallization kinetics 

of PDMS has been limited to differential scanning calorimetry (DSC)”** and 'H NMR 

studies.” 

Using the Avrami analysis of DSC isothermal crystallization data, Godovsky ef 

al. obtained a value for the surface free energy product oe of 68 erg’/cm*. Their 

analysis utilized a combination of the Avrami model, to determine the crystallization rate 
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from the half-times of crystallization, and of the Lauritzen-Hoffman theory, to account for 

the temperature dependence of the crystallization rate, or more specifically: 

K,T, ARWLF aq __~g-m (77) 
23RT, 2.37, AT 
  diogk, + 

n 

where n is an integer which is dependent upon the nature of the primary nucleation 

process and the growth geometry, A, is a constant treated as having no temperature 

dependence, K, is the bulk crystallization rate constant in the Avrami equation, AFwir 

defines the activation process for transport across the liquid-solid interface using the WLF 

formulation, T, is the crystallization temperature, T, is the equilibrium melting 

temperature for the finite molecular weight polymer, R is the gas constant, and AT is the 

undercooling defined as Tu-Tx. 

Feio et. al.,°’ using a similar approach with ‘H high resolution FT-NMR 

spectroscopic data, quoted a value of 9.1 erg /em: for oo.. A higher value of 18.2 

erg /em™ would have been obtained, had they used the correct heat of fusion per mole of 

repeat unit (AH?=2.69 kJ/mol). In any case there is a significant discrepancy between the 

nucleation constants obtained by NMR spectroscopy on one hand and calorimetry on the 

_ other. 

Therefore, in view of the discrepancy between these two methods and the potential 

‘588 (ie. temperature dependence of primary problems associated with the Avrami analysis 

nucleation rate and the effect of secondary crystallization), it was decided to investigate 

the temperature dependence of the spherulitic growth rates to (1) determine a more 

reliable value for oo, (2) critically test the LH theory at moderate to high undercoolings 

with a system with extremely low kT, values, and (3) examine the o-C,, relationship 

mentioned previously. 

Cyclic poly(dimethylsiloxane) (CPDMS) fractions are of interest within the context 

of crystallization theory for several reasons. cPDMS displays a different T, versus 

molecular weight relationship” relative to that of other polymers, i.e.: 
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K 
T, = T,fo)+—_—— 78 

instead of an equation of the form: 

K 
T=T _— —— 79 g g( ©) (M,,) (79) 

which is obeyed by most linear polymers. This effect was explained by DiMarzio and 

Guttman.” They showed that small rings have a lower configurational entropy than larger 

ones. Their result was derived via statistical mechanics by comparing the number of 

configurations of a ring of size x with two rings each of size x/2 (respectively): 

2 
x x/2 x 

- 3/27 = 372 | ~ = 3 (80) (47x / 3) (41x / 6) (41x / 6) 
    

where z is the coordination number of the lattice, (z-1) is a measure of the degree of 

freedom per monomer unit, and x is the length of the molecule. Thus, the x’ denominator 

of the right-hand side of the above equation will overpower the x*? denominator of the 

left-hand side. Several important points can be made regarding this lowering of the 

configurational entropy. This decrease will be expected to affect the configurational path 

degeneracy, C,, and thereby cause a lower growth rate for the cyclic system relative to its 

linear analog. Regarding the lowering of the growth rate, another question is whether or 

not the 1/n molecular weight dependence of the growth rate curve will be the same as its 

linear analog. 

Furthermore, it has been shown theoretically”’ (for all polymers) as well as 

experimentally”? (for PDMS) that the characteristic ratio for a ring system is 1/2 that of a 

linear polymer with an equal number of repeat units. Therefore, if the o-C.. relationship 

holds for ring systems, a higher value for the lateral surface free energy will be expected. 

Thus, this will provide another venue for examining the validity (or limitations) of this 

relationship. 

In addition to the crystallization aspects, unexplained melting behavior has been 

observed for low molecular weight cPDMS, 1.e. multiple endotherms in the differential 
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scanning calorimetric trace upon heating from the glass.” In determining the equilibrium 

melting temperature for the various fractions, this behavior will be examined. Finally, it is 

expected that the fold surface for cPDMS will be of great interest due to the absence of 

chain “ends” and the possibility of quantization of folding since the ring systems are of low 

molecular weight. 

IV.2 Thermodynamics and the Depression of the Equilibrium Melting Point 

The theoretical maximum melting temperature a crystal can have, under no 

external perturbations, is known as the equilibrium melting temperature. This is the 

melting temperature due solely to bulk crystal effects, i.e. the crystal is considered to be 

infinitely large and therefore not subject to surface effects. Within polymer science, there 

are in actuality two different classifications for the equilibrium melting temperature. There 

is the equilibrium melting temperature of an infinite molecular weight polymer (T°), 

which is the theoretical upper melting temperature a polymer with a given chemical 

structure can have, and then there is the equilibrium melting temperature of a finite 

molecular weight polymer (Tn), which is the theoretical upper melting temperature of a 

polymer of finite molecular weight.’ 

The free energy of fusion of a polymer crystal (AG) at the observed melting 

temperature (T,,.’) of a crystal of thickness !, width x, and length y, (Figure 12) can be 

defined as the difference between the surface and bulk effects: 

AG = ~—20 xy — 20(x + y)t + xylAGpyy, = 0 (81) 

where o, is the fold surface melt/crystal interfacial free energy, o is the lateral surface 

melt/crystal interfacial free energy, and AGuu, is the free energy of fusion of the bulk 

crystal. (Recall that the free energy is zero at the melting temperature since the polymer is 

then stable in both the crystal and the melt.) By rearranging this equation, the Gibbs- 

Thomson-Tammann (GTT) equation describing the depression of the observed melting 

temperature below the equilibrium melting temperature, of a finite molecular weight 

polymer, due to surface effects is:’” 
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Figure 12. Definition of Crystal/Melt Interfacial Free Energies 
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26 26 [x+y 
T,,'= T,,| 1-—£ - ( 82 
m o| (AH AH¢ XY ( ) 

where AH; is the heat of fusion at the equilibrium melting temperature of a perfect and 

infinitely large crystal. 

In the ordinary GTT analysis, one generally assumes that (1) the average lamellar 

crystal dimension parallel to the chain axis is much smaller than in the crystal basal plane 

and (2) the fold surface free energy is much larger than the lateral surface free energy, 1.e. 

only the surface energy associated with the basal crystal plane contributes to the increase 

in the free energy of the lamellar crystal over that of the bulk hypothetical crystal: 

Se, AK+y) (83) 
xy 

However, as shall be seen later in this chapter, the difference between the two surface free 

energy parameters is small in the case of PDMS. So unlike in the ordinary GTT analysis, 

assumption (83) cannot be utilized without further justification. 

Because there is great difficulty in obtaining 1/1 vs T,,” data for a material such as 

PDMS which is a liquid at ambient temperatures and since data on lamellar crystal width 

and length is not readily available, this treatment will be expanded to consider the 

Hoffman-Weeks equation..° As in the ‘classical Hoffman-Weeks analysis, it is first 

assumed that { can be written in terms of the initial lamellar thickness ((,*) using a 

proportionality constant y (known as the thickening coefficient), or: 

* 

l=Yp | (84) 

Then, as was shown in the Lauritzen-Hoffman nucleation theory section, {,* can be further 

defined as 

f= 2etm 4 5 (85) 
AH AT 

Upon substitution of equations 82 and 83 into equation 80 the following result is obtained: 
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T,'= Tf 7 aco) 80d) _ _20Tm (* + | (86) 
Y 7 AH \ xy 

where 0(T;,) is given by: 

(87) 
+ Ot(Tm — Tx) AH ¢ 

25eTm 

O(T,) = 
  

] 

Ordinarily, 6(T,) is taken to be unity, which provides a linear relationship between the 

observed melting temperature and the crystallization temperature. However since o, and 

Tm in this system are much lower than for those systems ordinarily considered (see later 

section) and the undercooling is significant, 6(T,) could, in principle, take on a value less 

than unity. This possibility will be considered at a later point. 

IV.3 Experimental 

Materials. The L2 linear polydimethylsiloxane sample was synthesized by Dr. J.M. 

DeSimone by anionic polymerization, as reported elsewhere,” ~— on 

hexamethylcyclotrisiloxane (D3) and by encapping with tetramethylsilyl chloride (TMSiCl). 

The molecular weight predicted from the monomer [D3] and initiator [I] concentrations: 

D 
M, = i] -M,-% conversion 

was 45,000 Da, where M, is the molecular weight of the monomer. 

The L1 linear PDMS fraction was prepared by Dr. S.J. Clarson” by preparative | 

gel permeation chromatography of Dow Corning D.C. 200 series Dimethicone fluids.”’ 

The cyclic fractions were obtained from a ring-chain equilibration reaction of PDMS in 

toluene at 383K by Dr. S.J. Clarson. Preparative gel permeation chromatography was 

used to prepare sharp cyclic fractions. Absolute molecular weight determination for all of 

the fractions was obtained by analytical GPC using polydimethylsiloxane standards (Dr. 

S.J. Clarson). 
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Fraction Code | Backbone <M,> (g/mol) <ny> <M,>/<M,> 

Ll Linear 5,450 74 1.07 

L2 Linear 62,700 845 1.30 

RI Cyclic 3,260 44 1.04 

R2 Cyclic 5,330 72 1.05           
Note that all PDMS fractions except for the L2 have molecular weights below the 

entanglement molecular weight (M.). 

IV.3.2 Differential Scanning Calorimetry Studies. DSC studies were performed on 

both a Perkin-Elmer DSC-2 Differential Scanning Calorimeter operated under dry 

nitrogen purge, interfaced to a NEC Power Mate computer through a Perkin Elmer 

Nelson A/D converter and a Perkin-Elmer DSC-7 with Perkin-Elmer DSC-7 Thermal 

Analysis Software. The melting temperatures (onset) of cyclopentane (99.5% purity- 

obtained from Fluka Chemika) and cyclohexane (99.9+% purity-obtained from the Aldrich 

Chemical Company) were used for temperature calibration. Crystallization temperatures 

for the PDMS samples were calibrated against the standards run at a rate of 0.31°C/min. 

The PDMS samples (mass approximately 2mg) were melted at -10°C for five minutes and 

then quenched rapidly to various crystallization temperatures at which point they were 

held isothermally for a period of time sufficient to induce a high enough crystallinity for 

accurate measurement while still remaining below 10% overall crystallinity. After 

crystallization, the samples were heated at 10°C/min to obtain the observed melting 

temperature (maximum of the endotherm). The melting temperature obtained was then 

calibrated against the standards at a heating rate of 10°C/min. 

IV.3.3.  Spherulitic Growth Rate Measurements. A sample for growth rate 

measurements was prepared by placing a 250um spacer between two glass coverslips to 
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both minimize the pressure applied by the coverslips to the film and to prevent the PDMS 

from flowing off the coverslips. Growth rate measurements were performed by melting 

the sample at -10°C for 3 minutes, and quenching to the crystallization temperature (T,). 

Crystallization temperatures were corrected against the melting temperatures of n-decane, 

n-octane, and n-heptane (all of which were obtained from Aldrich Chemical Company with 

99+% purity and whose melting temperatures were calibrated against the DSC standards 

at a heating rate of 0.31°C/min). The growth rate measurements were obtained utilizing a 

Zeiss Axioplan light microscope equipped with a Linkham THM 600 heating/freezing 

stage under dry nitrogen purge, a Linkham TC91 temperature controller, an Ikegami 

ITC510 bw video camera, and a Hitachi VT-F445A VHS video cassette recorder. The 

microscope was operated under non-polarized conditions using a green filter for enhanced 

contrast since the PDMS spherulites are very weakly birefringent. Spherulite diameters 

were measured isothermally as a function of crystallization time using an Olympus Corp. 

Cue Micro-300 video caliper. For each crystallization run, a minimum of ten ‘diameter 

versus time” data points were gathered, from which the isothermal spherulitic growth rate, 

G, was estimated by linear regression. At least two different samples were run at each 

crystallization temperature and a minimum of five growth rate values (preferably seven to 

eight) were obtained on different spherulites and averaged. 

IV.4 Data Analysis 

IV.4.1 Spherultic Growth Rate Determination. The spherulitic growth rates were 

measured in the following manner: 

(1) the isothermally growing spherulites were recorded on the VCR, 

(2) using the calipers, the diameter was measured as a function of crystallization 

time, 

(3) the radius was then analyzed as a function of time using a linear regression 

analysis package which then yielded the spherulitic growth rate, G. 
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(4) the growth rates obtained for different spherulites at the same crystallization 

temperature were then averaged and the standard deviation obtained (in effect this 

provides an average over 50 to 80 data points for each crystallization temperature). 

IV.4.2 Crystal Growth Rate Analysis. As was mentioned in chapter II, in the past the 

majority of workers have utilized the original LH spherulitic growth rate equation at high 

undercoolings without taking into account the pre-exponential’s temperature dependence. 

Furthermore, if the consequences of reptation theory are assumed to be correct then there 

is an exponential, which is a strongly contributing factor to the growth rate analysis, 

‘hidden” within the pre-exponential (entering through the « term). To show the 

discrepancies between the “exact” forms given by the Hoffman-Miller (y=0) approach and 

a proposed simplification for low undercoolings, the spherulitic growth rate data for 

PDMS will be analyzed using the classical LH form: 

G=G, exp ao] exp = *ibasee | (88) 
R(Tx— To) | KT,AG ((T,) 

where G, will be assumed to be a constant. This equation will use the values for T,, and 

T.. given in Tables 2a and 4, the lateral surface free energy (as calculated using the C., 

values given in Table 4), and the free energy of fusion at the crystallization temperature 

will be obtained from expressions for the enthalpy and entropy of fusion at T, , 

respectively AHr(Tx) and AS¢(T;): 

T, , m 

AH¢ (Tx) = AH¢ (Tn) - [AC pAT (89) 
Tx 

and 

TmACy,. AH, lMAC, 
AS¢ (Tx) = AS¢(Ty) — f —PdT = —£- § —PaT (90) f\ +x f\-m t 7 Tn 7, 7 

where the temperature dependence of the change in the heat capacity (liquid—solid) can 

be expressed as: 
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ACy = Cp tiquia ~ Cp, solid = (41 — as) + (d) — bs)- T (91) 

where the constants a and b (obtained by two different methods) are shown in Table 3. In 

the first method (A) these constants are obtained by fitting experimental heat capacity data 

for PDMS in the crystalline and liquid states, whereas in the second method (B), these 

values are calculated using the group contribution approach for determining the heat 

capacities of the glassy and liquid states. Only the experimental heat capacity will be 

utilized for all of the fractions. (Note: It will be shown that the form for AC, is irrelevant 

in analyzing the nucleation parameter for PDMS, so there should be no major problem 

associated with using the linear PDMS experimental heat capacity expression in analyzing 

the cyclic fractions.) For the L1 PDMS fraction, the two different sets of heat capacity 

data will be compared to the uncorrected free energy of fusion, and finally these will be 

compared to the relationship of Hoffman: 

AHp AT ect.) _AHe-AT 27x 

Tn Tn (Tn +k) 

The “exact” form to which the data was fit was that given in Section II.3.1 (the Hoffman- 

AG¢ (Tx) = 
  (92) 

Miller y=0 expressions) and the proposed approximation is: 

| ay . 
G= Gtexp{ *Htabuse) ox =a] cxp| = ebaeee | (03) 

kT, R(T, - Ty) kT, AG; (T,) 

To minimize the uncertainties in the resulting parameters, the semi-empirical o-C,, 

relationship will be used in all of the analyses. The parameters to be fit in Equation 88 are 

G,,U*,o.; in Equation 93 are G,’,U*, o,, and for the “exact” expressions are n C, (in 

regime I, C,!” in regime IJ, and C,nm in Regime III), U*, and o.. Some fits will be made 

where U* is set equal to its viscoelastic value of 1960 cal/mol for comparison. 

It is of utmost importance to note that in all of the above cases, the fitting 

technique utilized was a non-linear least squares analysis (TableCurve 2D from Jandel 

Scientific) which uses the Levenburg-Marquardt algorithm for fitting non-linear equations. 

In the early days of growth rate analysis, computers were not available for analyzing non- 

linear equation fits. Because of this fact, and the relative ease in analyzing a linear plot of 
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InG + U*/R(T,-T.) versus 1/TAT, non-linear fitting algorithms have been ignored for the 

most part. Some reasons against transforming into the logarithmic form’ are (1) errors 

can be distorted, (2) the variable space can be distorted causing a shift in the data set such 

that an evenly distributed data set can be ‘clumped” at one end, and (3) if the parameters 

have to be determined indirectly it makes error analysis difficult (as was the case when the 

data was analyzed using the logarithmic form). Another problem with using the linear 

regression technique is that most analysis packages do not allow for weighting of the data. 

Therefore, for all of the above reasons the non-linear least squares method was utilized. It 

should be noted that the results of TableCurve 2D were compared to those obtained by 

the statistics department at Virginia Polytechnic Institute and State University with the 

SAS (statistical analysis system) software package and were found to be identical. 

Regression analyses function by minimizing the sum of the squares of the 

deviations, however, all points should not contribute equally to the regression analysis 

since some data points are less reliable than others. Statistically, any time the errors of the 

points analysed by the regression are not the same, a weighting factor must be used.'” 

The weighting factor utilized in fitting the crystal growth rate data was:'”* 

1 

(standard deviation)” 
  

where the standard deviation corresponds to that determined for the growth rate averaged 

over five to eight spherulites. 

Before proceding into the analysis section, the “apparent” breaks in the R2 and R3 

cyclic growth rate curves indicate that it is necessary to analyze the curves as pre-break 

and post-break data sets. If the results given by the two are identical within experimental 

error, then an analysis of the entire curve will be performed. The break is around 202K 

for the R1 fraction and 214K for the R2 fraction. 
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IV.5 Results and Discussion 

IV.5.1 Equilibrium Melting Behavior 

As was stated in the introduction, 0(T,) is generally taken to be unity, which 

provides a linear relationship between the observed melting temperature and the 

crystallization temperature. However since o, and T, in this system are much lower than 

for those systems ordinarily considered (see later section) and the undercooling is 

significant, 6(T,) could, in principle, take on a value less than unity. Therefore, it was 

considered necessary to examine the validity of the 6(T,)=1 assumption. Thus, equation 

86 (ignoring at this point the effect of the term containing the lateral surface free energy) 

was examined for L1 PDMS using a value of 9 erg/cm’ for o. (derived from the kinetic 

analysis and used as a ‘worst case” scenario), performing a non-linear fit to the Hoffman- 

Weeks equation with 6f, T,,, and y as variables. (NOTE: A non-linear fit was attempted 

which allowed 6! to vary with temperature according to the expression derived for &t in the 

LH kinetic theory. An unrealistic value of y~0.3 was obtained which would indicate that 

the crystal shrinks to a third of the magnitude of the initial lamellar thickness. Therefore, 

this method was not utilized for determining T,,.) The best fit was obtained with a low 8 

(actually an impossible value for & of 1-10°A was obtained), which corresponds to a value 

of 6(T,) which is near unity. Although a physically unrealistic value for 5 was obtained, 

the important conclusion is that @(T,) can be set equal to unity. If equation 86 is 

considered, assuming that O(T,) is in fact unity, then by varying the ratio xy/(x+y) which is 

in effect a sort of “mean” crystal size in the lamellar crystal basal plane, it is seen how the 

equilibrium melting temperature is perturbed by this additional term (see Figure 13). (The 

o-C. relationship defined by equation 47 was used for the required value of o.) This 

shows that if the ‘mean” crystal size is of the order of 20-50 nm or larger (a reasonable 

assumption) then the value for the equilibrium melting temperature will be 250+2K, which 

is 12 degrees higher than previously reported in the literature. The standard Hoffman-
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Figure 14, Hoffman-Weeks Plot for L2 Linear PDMS. 

-63-



Weeks plot for PDMS (shown in Figure 14) is linear within the investigated range of 

crystallization temperatures, which is consistent with the above considerations. 

With the above in mind, the linear and cyclic fractions were studied using the 

simple Hoffman-Weeks analysis (Figures 15, 17, and 18). The values obtained from these 

analyses are shown in Table 2a. 

When examining the extrapolations, in all cases but the L2 PDMS fraction, there is 

a curvature in the T,,’-T, plot. Ordinarily, this curvature is considered to be due to 

thickening effects and only points below the onset of curvature are used in extrapolating 

the data. From examination of the L1 plot, it is painfully obvious that any such 

extrapolation would yield an equilibrium melting temperature which is lower than some of 

the observed melting temperatures. Secondly, if the extrapolation is made through the 

center of the curved region (as observed by the lower endotherm) in the cyclic systems, 

equilibrium melting temperatures are obtained which are in excellent agreement with the 

value obtained from a linear fit to the upper endotherm. With the aforementioned 

considerations in mind, a linear extrapolation was made through the curved regions as are 

shown in the Hoffman-Weeks plots for the fractions. 

In the introduction, it was mentioned that there was some interesting endothermic 

behavior observed by differential scanning calorimetry for the low molecular weight 

cyclics. As can be seen from the Hoffman-Weeks plots for R1 and R2, two endothermic 

peaks were observed for samples during heating on isothermal crystallization from the 

melt. To determine whether this double melting behavior (see Figure 16) was associated 

with a melting and recrystallization process or with some other phenomenon, the relative 

heat of fusion was studied as a function of crystallization temperature. As can be seen in 

Figure 18, the lower endotherms for R2 PDMS show an increase in the relative heat of 

fusion as the crystallization temperature is increased. In other words, this shows that as 

the crystallization temperature is increased, the relative amount of the upper peak 

decreases. As the crystallization temperature is raised, melting of these primary crystals 

occur at increasingly higher temperatures and less time is allowed for recrystallization 
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during heating, consequently the amount of recrystallized material decreases with 

increasing temperature. Similar behavior was seen for the R1 PDMS fraction. To further 

substantiate this claim, heating rate studies were performed on the samples crystallized 

under similar conditions. As can be seen in Table 2b, as the heating rate is increased the 

relative AHr of the lower endotherm increases (the upper endotherm decreases). What this 

means is that when melting of the primary crystals occurs, the slower the heating rate - the 

longer the time for formation of the recrystallized material and as the heating rate is 

increased there is less time for recrystallizaiton and so a lower AH, for the upper 

endotherm is observed. Additionally supporting this claim is the fact that the Hoffman- 

Weeks extrapolations for the upper and lower endotherms are almost identical which 

indicate that both are trying to reach the same equilibrium crystal with the upper 

endotherm being closer and therefore having a higher thickening coefficient (y). This 

discrete distribution between the two sets of melting data tends to indicate that there is a 

quantization of folding in the fractions. In the R1 fraction, it is possible that the system is 

going from a once folded to an extended chain structure and the R2 is possibly undergoing 

a transformation from a twice folded to a once folded structure. 

Without small-angle x-ray scattering data it is difficult to determine exactly how 

many folds are present in the system. It is, however, unlikely that the Rl can form more 

than a single fold at any undercooling (which would make a total of four folds in the chain 

- two in the center of the chain and two at the ends). Consider (M,/2M,), the fully 

extended chain length (while in the helical conformation) for this fraction. It has a value — 

of 30A which indicates that a maximum of a single folding of the chain would be possible 

for the system. It must be remembered that by definition the cyclics will form two folds 

automatically since the ends of the chain are joined. 

IV.5.2 Spherulitic Growth Rate Analysis. Before discussing the crystal growth rate 

analysis results, some reasons for the choices of several parameters will be given. As a 
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Figure 16. DSC scan for R1 cyclic PDMS crystallized at -78°C for 10 minutes. 
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starting point, the choices for T.. (given by Table 4) will be examined. In his text Ferry™ 

quotes a value of 81K for T., for the Vogel-Fulcher-Tammann-Hesse analysis, however in 

Table 4 a value of 121K is quoted for the high molecular weight linear polymers. Several 

reasons exist for choosing this value over Ferry’s. First, when the configurational entropy 

of the liquid (ASer) is plotted versus temperature and extropolated to zero, using the data 

from Table 2a (References 75,76), a temperature of approximately 125+£5K is obtained 

(although this is in reality the T2 in the Adam-Gibbs relationship'’’ it is is often close to 

T.). The second reason becomes clear when the original source”’ of Ferry’s quotation” is 

examined. In this paper, the authors report a T.=T,-29K. The discrepancy between their 

value and the value cited for L1 arises from the fact they measured a T, of 110K, the low 

value of which is due to the fact that their studies were performed on very low molecular 

weight PDMS fractions. The accepted value for the glass transition temperature of PDMS 

for moderate to high molecular weight samples, reported by many sources,””**? is 150K. 

Using the T..=T,-29K relationship results in a T.. of 121K which is the value cited in Table 

4. For these reasons, the value utilized for T., for the L2, Rl, and R2 fractions was that 

obtained using the relationship between T., and T, given by: T.=T,-29K and Clarson® et 

al.’s values for the glass transition temperature. 

The heat of fusion which was substituted into equations 89, 90, and 92 (see Table 

3) had been previously determined via the diluent method by Lee and coworkers.” This 

value was chosen in preference to that obtained by Lebedev and coworkers” because (1) 

the diluent method is ordinarily thought of as one of the more accurate methods for 

determining the heat of fusion; (2) the value reported by Lee was very close to a value 

reported by another source;*” and (3) the method utilized by Lebedev and coworkers 

relied on determination of the degree of crystallinity from heat capacity measurements and 

thereby ignored the possibility of a rigid amorphous fraction in the semicrystalline material 

(which would result in an overestimated value for AH;). A plot of the four different 

expressions for the free energy of fusion as a function of crystallization temperature is 

shown in Figure 20. To convert the free energy and enthalpy of fusion into units of 
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Figure 19. Ratio of the heat of fusion of each endotherm to the combined heat of 

fusion for the two peaks for the R2 cyclic fraction. 
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Table 2a. Results of Hoffman-Weeks Analysis for the Equibrium Melting 

Temperature of Poly(dimethylsiloxane) Fractions 

  

  

  

  

  

  

          

Fraction Tm ¥ 

Ll 248K+4K 2.40.2 

L2 250K+1K 2.2+0.1 

R1 (lower endotherm) 225K+3K 2.440.2 

R1 (upper endotherm) 225K+3K 7+1 

R2 (lower endotherm) 236K+2K 3.9+0.1 

R2 (upper endotherm) 238K+4K 11+2 
  

Table 2b. Effect of Heating Rate on the Ratio of the Lower Endotherm’s AH, to the 

Total AH; for Both Peaks for R2 PDMS 

  

  

  

Tx Heating Rate Fraction of Total AHr 

(°C) (°C/min) _(Lower Endotherm) 

-64 10 0.82 

5 0.74 

2.5 0.68 

-58 10 0.92 

5 0.83 

2.5 0.66         
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energy/unit volume the following relationship was utilized for the volume expansion of the 

crystal (in units of cm’/g): 

Vo = 0.9346 + 7-10-°(T — 183K) (94) 

This equation was obtained by deriving the liquid expansion coefficient (a) from equation 

of state data.*’ Then, from the Vogel-Fulcher-Tammann parameter of Barlow et al.,”” Aa 

(Aa=cy-a,) was calculated. Finally, by assuming that the glass expansion coefficient (a) 

is approximately equal to the crystalline expansion coefficient (a.), the above equation 

was obtained. As a final explanation, the crystal stem dimensions in the basal plane of the 

crystal (a, and b,) were determined in the ordinary fashion, i.e. by assuming that the 

growth direction is normal to the highest density (100) lattice plane. 

Tables 5 through 8 list the spherulitic growth rates as functions of crystallization 

temperature for the various fractions. Fitting this data in the manner described in the 

analysis section resulted in the data shown in Tables 9, 10, and 11. Table 9 corresponds 

to data fit to the original LH equation (equation 88); Table 10 corresponds to the 

approximation given by equation 93; and Table 11 corresponds to the “exact” HM form. 

The crystal growth rate curves for the linear fractions are shown plotted together in Figure 

21 and the cyclics in Figure 22 (with the “exact” curve fits overlayed on the plot). 

As was discussed in the theoretical background section, several different ways 

exist to determine in exactly which growth regime the polymer is crystallizing. The basic 

technique utilized in analyzing the linear PDMS fraction is through calculation of the mean 

distance between nucleation sites, the kinetic length (see Table 14). Calculations for the 

L2 fraction indicates that the polymer is crystallizing in Regime HI. The reason for this 

conclusion is that if the polymer were crystallizing in regime I, for any substrate length (or 

persistence length) between 500 to 1000A, the Li/a, ratio indicates that the polymer 

would be crystallizing in Regime III (i.e. Ly/a,<2.5) for some of the crystallization 

temperature range. Along similar lines, if regime I] growth is assumed, the L/a, ratio 

indicates that the polymer would be crystallizing in regime III over the entire 
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Table 3. Principal Thermodynamic, Crystallographic, and Viscoelastic Parameters 

  

  

  

  

  

  

  

  

  

  

  

  

  

  

      

for PDMS 

AH 2.72 kJ/mol ref. 76 

A 7.75 A (100) plane 

b, 112A (100) plane 

Pp, (at 183K) 1.07g/cm* ref. 59 
M, 18,000 g/mol ref. 25 

C,. (at 250K) 3.16°10"" kg/s ref. 25 

din(C../dT 7.810% K" ref. 58 

a, (J/Kmol) Source I 82.444 ref. 75,76 

a, (J/Kmol) Source I 0.81016 ref. 75,76 

b; (J/K2mol) Source I 0.10051 ref. 75,76 

b. (J/K2mol) Source I 0.45531 ref. 75,76 

a; (J/Kmol) Source II 81.554 ref. 111 

a, (J/Kmol) Source II 2.3924 ref. 111 

b; (J/K?mol) Source II 0.12149 ref. 111 

b, (J/K?mol) Source II 0.49336 ref. 111     
  

Table 4. Vogel Temperature, Characteristic Ratio, Lateral Crystal/Melt Interfacial 

Free Energy (Equation 47), and Thomas-Staveley Constants for the PDMS 

  

  

  

  

  

Fractions 

Fraction Tx C., at Tm Otheor( Tm) OH 

__(K)* ** erg/cm’) 
Ll 120.0 6.10 2.9] 0.08 

L2 121.0 6.11 2.91 0.08 

Rl 121.5 3.00 5.92 0.16 

R2 121.5 3.03 5.87 0.16             
  

* T., are based upon the T, of Clarson, et al.,” using T..=T,-29K (from Ferry”) 

** Cyclic C,. are based upon Reference 72 (Cu tincar/2) 
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for various expressions for the heat capacity correction. 
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Table 5. Spherulitic Growth Rates as a Function of Crystallization Temperature 

for L2 PDMS 

Tx Radial Growth Rate,G Standard Deviation 

(K) (um/min) (um/min) 
199.6 29.1 1.1 

200.5 27.6 1.0 

201.4 27.8 1.2 

202.3 24.3 1.2 

203.3 23.0 0.6 

204.2 20.7 0.6 

205.2 20.1 0.7 

206.1 17.8 0.9 

207.0 16.7 0.4 

207.9 15.2 0.1 

208.8 13.0 0.4 

209.9 11.8 0.7 

210.8 10.7 0.2 

211.7 9.09 0.36 

212.6 7.65 0.08 

214.5 5.74 0.31 

215.4 431 0.19 

216.4 3.83 0.07 

217.3 3.20 0.04 

218.3 2.41 0.09 

219.1 2.20 0.12 

219.9 1.70 0.08 

220.8 1.25 0.02 

221.0 1.33 0.21 

221.8 0.87 0.09 

222.8 0.70 0.17 

223.7 0.47 0.10 

224.6 0.32 0.08 

225.5 0.20 0.02 

225.6 0.20 0.004 

226.2 0.14 0.02 

226.6 0.10 0.02 

227.6 0.0705 0.0018 

230.2 0.0126 0.0003 
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Table 6. Spherulitic Growth Rates as a Function of Crystallization Temperature 

for L1 PDMS 

Tx Radial Growth Rate, G Standard Deviation 

(K) (um/min) (um/min) 
185.7 26.8 1.4 

186.9 29.0 1.1 

188.2 29.5 1.3 

189.5 32.1 3.4 

190.5 29.6 1.1 

191.6 28.3 2.1 

192.7 30.5 2.0 

193.9 30.5 1.5 

195.0 30.2 2.1 

196.1 30.1 1.1 

197.4 28.1 2.0 

198.2 26.0 1.3 

198.8 27.8 0.9 

199.8 24.2 0.8 

201.1 20.4 2.3 

202.2 18.8 . 2.4 

203.4 18.3 2.2 

204.7 13.7 0.26 

205.9 12.8 0.54 

207.0 11.1 0.55 

208.2 8.88 0.54 

209.4 8.13 0.26 

209.8 6.94 0.29 

211.0 5.98 0.43 

212.2 4.47 0.67 

213.5 3.61 0.54 

215.1 2.86 0.09 

216.1 1.78 0.07 

217.4 1.25 0.15 
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Figure 21. Spherulitic growth rate curves for the linear PDMS fractions. Data 

taken from Tables 5 and 6. Curve Fits correspond to “best fit” 

parameters taken from Table 11. 
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Table 7. Spherulitic Growth Rate as a Function of Crystallization Temperature 

for Ri Cyclic PDMS 

Tx Radial Growth Rate,G Standard Deviation 

(K) (um/min) (um/min) 
181.4 12.2 0.2 

182.6 13.4 0.3 

183.8 14.6 0.3 

185.0 15.3 0.6 

186.2 16.3 0.2 

187.4 17.4 0.3 

188.1 17.6 0.4 

189.3 18.4 0.4 

190.5 18.6 0.7 

191.7 19.0 0.5 

192.9 19.2 0.9 

194.1 19.9 0.3 

195.3 19.5 0.5 

196.5 19.4 0.4 

197.2 17.1 0.5 

198.2 17.0 0.6 

199.4 15.8 0.6 

200.6 14.7 0.2 

201.7 13.4 0.3 

202.9 12.1 0.4 

203.1 10.2 0.4 

204.2 8.19 0.26 

205.4 7.35 0.23 

206.1 5.54 0.24 

206.5 5.27 0.16 

207.3 4.02 0.33 

208.5 2.87 0.17 

209.7 2.31 0.10 

210.9 1.57 0.16 

212.1 1.19 0.10 
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Table 8. Spherulitic Growth Rate as a Function of Crystallization Temperature 

for R2 Cyclic PDMS 

Tx Radial Growth Rate, G Standard Deviation 

(K) (um/min) (um/min) 
189.4 50.5 1.7 

191.9 §2.1 1.4 

191.9 56.4 2.1 

193.1 56.3 2.3 

194.4 55.9 1.2 

196.7 60.7 0.9 

196.9 60.1 1.4 

198.0 61.3 0.7 

199.4 59.1 1.0 

202.0 57.6 1.4 

201.4 59.1 1.8 

202.5 55.9 1.7 

204.5 $2.8 0.9 

206.1 $1.3 1.7 

207.1 53.9 1.8 

208.6 453 2.9 

209.9 41.4 2.8 

211.1 34.0 0.8 

212.2 30.7 0.7 

213.4 27.3 0.9 

214.5 24.1 0.7 

215.7 22.6 2.1 

216.9 19.3 1.7 

217.6 17.8 1.2 

218.1 16.0 0.7 

218.5 14.5 0.6 

219.1 13.0 0.9 

219.4 11.8 0.5 

220.4 9.96 0.58 

221.4 6.62 0.13 

222.4 5.35 0.60 

223.2 3.61 0.14 

224.2 2.42 0.24 

225.1 1.18 0.05 

226.3 0.929 0.131 

227.2 0.497 0.060 
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Figure 22. Spherulitic growth rate curves for the cyclic PDMS fractions. Data 

taken from Tables 7 and 8. Curve Fits correspond to “best fit” 

parameters taken from Table 11. 
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crystallization temperature range. Therefore, both Regime I and II growth have been 

shown to be inconsistent choices over the crystallization temperature range. As a final 

check, if Regime III growth is assumed, the L,/a, ratio is less that 2.5 over the entire 

crystallization range. Therefore, Regime III is the appropriate growth mode for fraction 

L2. 

Fraction L1 is a different problem. Regime I is not disproven, since for a large 

enough persistence (or coherence) length (L,), Li/a. indicates that the system is not in 

regime III. Regime II is disproven since L;/a, is too small for regime IJ, 1.e. less that 2.5. 

Finally, when regime III is assumed, the kinetic length is less that 2.5a,. To determine in 

which regime the L1 fraction is crystallizing, the analysis described in the theoretical 

background which utilizes the ratio of the pre-exponentials for the various growth regimes 

will be performed. Analysis for varying substrate lengths (or coherence lengths) using 

parameters obtained by assuming Regime I growth and Equation 40, showed that a regime 

III transition, if present, would be at a crystallization temperature higher than the 

equilibrium melting temperature for the L1 fraction. This indicates that this material is 

crystallizing in Regime III. 

Furthermore, the value of 10.2 erg/cm? has been shown to be the correct choice 

for two PDMS fractions of quite different molecular weights. The implications of this 

result is that an accurate value for the work of chain folding can now be determined for 

PDMS. Using Equation 26, the work of chain folding is determined to be 2.5 kcal/mol. 

This value can then be compared to those of polyethylene (q=4.9 kcal/mol),” isotactic 

polystyrene (q=7.0 kcal/mol), poly(L-lactic acid) (q=4.7 kcal/mol)’ and 

polytetrafluoroethylene (q=9.1 kcal/mol).***° This supports the proposition put forth in 

PDMS’s introductory section that since PDMS has a lower stiffness than polyethylene or 

polystyrene it should have a lower work of chain folding, which is exactly what has been 

shown. 

A second very interesting consideration, which arises out of the “exact” analysis of 

the L1 and L2 PDMS fractions, is the nature of the configurational path degeneracy (C,). 
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Table 9. Classical LH Equation Fit Using a Non-Linear Least Squares Analysis for 

Various Poly(dimethylsiloxane) Fractions 

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

raction | Regime G.(um/min) | U*(cal/mol) | o.(erg/cm?) rr’ 
L1 I or Ill 0.3+0.2 780+60 9.7+0.3 0.991 

Il 19.4+0.6 0.99] 

L2 Tor Ill 0.06+0.02 667+41 8.77+0.07 0.999 

II 17.5+0.1 0.999 

Rl IorIIIl} 0.004+0.002 840+40 1.30+0.07 0.964 
(first) I 2.6+0.1 0.964 

Rl IorIII} 7-10°+0.0005 200+1000 1.2+0.4 0.989 
(second) Il 2.5+0.8 0.989 

Rl IorllI| 0,013+0.004 940430 1.48+0.04 0.995 

(full) I 2.95+0.07 0.995 
R2 ITorIlI} 0.001+0.001 650+90 1.2+0.2 0.846 
(first) Il 2.4+0.3 0.846 

R2 IorIII| 0.030+0.06 1300+400 1.16+0.07 0.993 
(second) Il 2.3+0.1 0.993 

R2 Tor III} 2.5-104+6-10° 490+30 1.03+0.02 0.997 
(full) I 2.05+0.04 0.997                 
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Table 10. Approximation Fit (Equation 93) Using a Non-Linear Least Squares 

Analysis for Various Poly(dimethylsiloxane) Fractions 

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

              

raction |Regime| _G,'(um/min)-10° | U*(cal/mol) | o.(erg/cem’) | ° 
LI I or Il 36417 1164+74 12.540.4 | 0.991 

Il 35417 1164+74 25+0.8 | 0.991 
L2 I or Il 33+9 1173+46 12.5+0.1 | 0.999 

ia 29+8 1189446 25.7+0.2 | 0.999 
Ri T or Il 100+40 893446 1.85+0.01 | 0.964 
(1st half) Il 100+40 893+46 3.6940.02 | 0.964 

I or II 30+20 703+92 1.7+0.2 | 0.847 
(1st half) I 30+20 703+92 3.440.4 | 0.847 
R2 I or Il 800+2:10° 13334363 1.7+0.1 0.993 
(2nd half)| 800+2-10° 13344363 3.440.2 | 0.993 
R2 I or Il 8+2 542432 1.48+40.03 | 0.997 
(Full) Il 8+2 §424+32° | 2.95+0.06 | 0.997 
R2 * I or Ill 30+20 800+100 1.740.2 | 0.848 
(1st half) it 13+9 — 828+107 | 6.63+0.82 | 0.848 
R2* Tor Ill 1-10°+2-10° 1500+400 1.74+0.1 | 0.993 
(2nd half) | 600+1-10° 1500+400 6.740.4 | 0.993 
R2 * I or I 9+2 624433 1.47+40.02 | 0.997 
(Full) Il 5+] 677433 §.8+0.1 | 0.997 
  

* o as a function of temperature used in the analysis. 
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Table 11. “Exact” Fit Using a Non-Linear Least Squares Analysis for 

Various Poly(dimethylsiloxane) Fractions 

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

              

Fraction |Regime Constant* U*(cal/mol) | _o- (erg /cm?) r 

L1 I or Ill 470+£390 1270£70 10.2 +0.4 0.992 

II 180041500 1290+70 20.1 +0.8 0.992 

L2 I or Ill 47000425000 1500450 10.2 +0.1 0.999 

II 1500002480000 1500450 20.2+0.2 0.999 

RI I or Il 30+£22 1000450 0.94+0.09 0.961 

(ist half) | 1 42+34 1000+£50 1.7+0.2 0.961 
R1 I or Ill 30043000 1000+1 100 3+] 0.989 

(2nd half) I 1000+20000 1300+1200 341 0.989 

] I or III 4804240 1190430 1.30+40.05 0.995 

(Full) II 1000+500 1220+40 2.50+0.01 0.994 

R2 Tor Ill 4+6 820+90 0.7+0.1 0.854 

(1st half) Il 6+8 840490 1.340.3 0.855 

IR2 Tor Ill 50042000 1200+400 0.90.1 0.989 

(2nd half) I 2000+7000 13004400 1.8+0.2 0.989 

R2 I or HI 8+3 860430 0.83+0.02 0.997 

(Full) II 18+8 920440 1.53+0.05 0.996 
  

* This constant has a value of n.C, for Regime I, C,'” for Regime II, and ngC, for. 

Regime III. 
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Table 12. “Exact” Fit Using a Non-Linear Least Squares Analysis for Various 

Poly(dimethylsiloxane) Fractions (Fixing U*=1960 cal/mol and Fitting T..) 

  

  

  

  

  

  

  

  

              

Fraction Regime Constant Too Ge r 

(K)_ | (erg/cm’) 
Ll I or Il 90000430000 104+2 10.7+0.4 0.991 

II 300000+100000 9642 21.1+0.8 0.991 

L2 Tor Ill 1E6+200000 109+2 10.3+0.1 0.999 

II 4E6+700000 11042 20.5+0.2 0.999 

R1 I or Il 230000450000 104+] 1.3940.04 0.995 

(full) II 37000+90000 10541 2.64+£0.09 0.995 

R2 Tor I 19000+2000 8342 0.88+40.02 0.997 

(full) II 29000+6000 8742 1.63+0.05 0.997 
  

Li Linear PDMS 

Table 13. Comparison of the Various Expressions for the Free Energy of Fusion for 

  

Constant:10~ 

  

  

  

  

  

  

  

    

ACp source | Regime U* Oc r 
(cal/mol) | _(erg/cm’) 

Source I I or Il 542 1500450 | 10.2+0.1 0.999 

II 15+8 1500450) 20.2+0.2 0.999 

Source IT Tor Il 643 1570450 | 10.2+0.1 0.999 

| II 19410 1570450 | 20.2+0.2 0.999 

AC,=0 I or Il 1347 1600450 | 10.2+0.1 0.999 

I 60+40 1600450 | 20.3+40.2 0.999 

f(Tx) . I or Il 7£4 1400450) 10.3+0.1 0.999 

| II 30410 1440450 | 20.5+0.2 0.999           
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Table 14. Analysis of Regimes through the Kinetic Length (L,) 

  

  

  

  

  

  

  

  

      

Fraction jRegime| L/a, Range | L, (if applicable) | T for Li/a,=2.5 

(A) (K) 
Ll I 0.23-13 500 219.1 

0.47-27 1000 223.7 

Il 0.009-0.52 La=2.5a, not in range 

II 4.5-10°-0.014 N/A not in range 

L2 I 1.34-13 500 198.8 

2.70-27 1000 not in range 

Il 0.05-0.53 Ly=2.5a, not in range 

II 0.0001-0.01 N/A not in range         
* N/A - Not applicable 

 



Since it has been determined that L1 and L2 are crystallizing in Regime III, the 

configurational path degeneracy can be determined from the “constant” in Table 11 by 

setting nm=2.5. This analysis gives a value of 18,800 for C, which corresponds to a 

entropy of activation of 19 cal/mol-K since the configurational path degeneracy is given 

by: 

ASconf 

Similarly a value of 188 is determined for C, for the L2 fraction, which corresponds to a 

entropy of activation of 10 cal/mol-K. The configurational path degeneracy’” is analogous 

to the steric factor in hard-sphere collision theory. It is a measure of how likely it is for 

the polymer molecule to adsorb onto the substrate in a configuration which is conducive 

to crystallization. If it is difficult for the molecule to achieve the orientation necessary for 

crystallization due to steric effects, e.g. low mean distance between nucleus sites, then this 

physical occurrence would materialize as a strongly negative contribution to entropy of 

activation, AS* on. The fact that the L2 fraction has a lower entropy of activation than that 

of the L1 fraction is easily understandable in terms of the Boltzmann equation (Equation 

44). With fewer bonds in the main chain backbone, the L1 fraction has fewer available 

conformations than the L2 PDMS fraction. This decrease in the possible number of 

conformations mirrors itself as a decrease in the configurational entropy of the system and 

therefore in the configuration path degeneracy of the system. 

Iler, et al.,°” found that the U* and T,, are linked in such a way that if the U* is 

fixed high, the T.. drops and if the T.. is fixed high then the U* drops. This was observed 

for PDMS in Table 12. What is important to note from this, is that value for o, is 

unchanged by fixing U* at 1960 cal/mol, its viscoelastic value. Therefore, over the 

crystallization range studied, the choice of transport term does not significantly affect the 

values obtained for the nucleation term. 

Notice should be taken of the data in Table 13. This data shows, as Suzuki and 

Kovacs*®’ have seen for i-PS, that the choice of the form for the heat capacity expression 
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does not greatly affect the kinetic parameters obtained from such an analysis. (The 

question as to whether the change in U* is a consequence of the different forms for the 

heat capacity or whether it is an artifact caused by insufficient data on the transport side of 

the growth rate curve is at this time unanswerable.) 

The kinetic and thermodynamic parameters for the linear system have been shown 

to be self-consistent. Scrutiny will now be brought upon the cyclic fractions. Reasonable 

agreement is seen between the experimental values for o. for the two cyclic fractions. 

However, the magnitude seems to be problematic. Quantization of folding allows at most, 

a reduction in the infinitely folded surface value for o, (Ge...) by a factor of 2 (in the case of 

once folded). The observed difference between the 10.2 erg/cm? obtained for the L1 and 

L2 PDMS fractions and that of the cyclics is at least a factor of 6. Several arguments 

could immediately be brought forth regarding the nature of the fold surface being different 

for the two systems, however a simpler answer can explain a large portion of this 

difference. In the analysis section, it was mentioned that the o-C,, relationship was utilized 

in fitting the experimental data. The reasons behind the use of this relationship was that it 

has been shown to hold for many polymers, and more importantly, it has been seen that 

when it is not utilized, the uncertainty in the fitted parameters tends to be of equal (or 

greater) magnitude than the value obtained by the fit. The use of this equation is the 

probably cause of the differences between the two values. Although a mathematical 

argument could be used to illustrate the point that needs to be made, in this case an 

intuitive picture would serve just as well. Since the characteristic ratio for a ring system is 

half that of an equal molecular weight linear sample, the calculated lateral crystal/melt 

interfacial free energy for the ring will be twice that determined for the linear, when the o- 

C., relationship is utilized. However, care must be taken to not blindly use equations as 

‘black boxes.” The physics behind the equation must be understood. This relationship is 

based upon the concept that a polymer with a higher characteristic ratio will have a lower 

entropy change when going from the random coil melt to a state of physical adsorption on 

the crystal growth front. But, as was mentioned in the introduction, DiMarzio and 
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Guttman” have shown that the configurational entropy is lower for a ring than for its 

linear analog. Therefore, intuitively the lateral surface free energy should be lower for a 

ring system than for its linear analog rather than higher as is suggested by the form in 

which equation 47 is cast. The answer to this question could be obtained using the 

arduous Gibbs-Thomson-Tammann analysis which would provide a value for the fold 

melt/crystal interfacial free energy. A new theoretical framework for cyclic systems is 

beyond the scope of this work and is left for future studies. It should be noted that 

although certain problems arise in the cyclic system as a consequence of using the o-C,, 

relationship, reasonable agreement between this relationship and that obtained from the 

Thomas-Staveley approach is obtained for the linear fractions. (See Table 4). 

An important note should be made regarding the R1 cyclic PDMS fraction. Due 

to the appearance of a linear behavior on the log G vs T, plot, the possibility of extended 

chain growth was considered. The growth rate data was analyzed using the equations 

derived in section IIJ.2. Analysis using this method indicated a negative value for the 

lateral surface crystal/melt interfacial free energy. Since this is physically meaningless, it 

was decided that the system was still crystallizing in the chain folded region. From all of 

the analyses under different conditions, one thing seems certain - the apparent breaks in 

the crystal growth rate curve are obviously due to scatter in the data, since the agreement 

for o, between an analysis of the 1st, 2nd, and full portions of the cyclic growth rate curve 

is rather good. Thus it appears that a transition between different quantized states of 

folding is not taking place for the two cyclic fractions under the crystallization conditions 

examined. 

The final important aspect which has arisen as a result of the growth rate analysis 

is the nature of the transport term. In their work on /-PS, Iller et al.°? have shown that 

when the third exponential, exp(jq/2kT), is utilized in the growth rate curve fitting, the 

values for U* and T. match almost exactly those obtained by stress relaxation 

experiments. This indicates that the value of 1500 cal/mol used as a “universal” value is 

due largely in part to competition between the work of chain folding and transport 
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exponentials. Previously, using the simple growth rate model (LH) the difference between 

the value for U* obtained from viscoelasticity and that obtained from fitting the growth 

rate data was at least off by a factor of 2. This was explained by Suzuki and Kovacs®’ as 

follows. The VFTH constant (B) is numerically equivalent to k/as, where a, is the 

expansion coefficient of the Doolittle free volume fraction (f=V9/V). Suzuki and Kovacs 

stated that since there is volume shrinkage at the growth front due to crystallization, it 

follows that there will be an increase in the free volume (V¢) near the growth face. The 

volume shrinkage will have an associated expansion coefficient(Aa=o)-a,) which is on the 

same order of magnitude as oy, where co and o, are the expansion coefficients of the liquid 

and crystalline states. So, the expansion coefficient for transport across the liquid-solid 

interface (Aa*) will be the sum of the expansion coefficient due to brownian motion in the 

pure liquid phase plus the expansion coefficient due to volume shrinkage at the growth 

face, i.e. 

U*= K < K = K _B (96) 
Aa * Aa + Of 2-Of 2 

  

To substantiate this claim Suzuki and Kovacs obtained a 1:2 ratio for U*:B for 

polystyrene. Additionally, a ratio of greater than 1:2 was observed by Magill and Plazek 

for tri-a-napthylbenzene.*® The work of Iler and coworkers” refutes this approach. 

Furthermore, from the analysis of PDMS, this relationship has been shown to fail. Since 

the viscoelastic value for B for PDMS was determined to be 1960 cal/mol, equation 96 

would suggest a value of less than 980 cal/mol for U*. The values in Table 11 for Li and 

L2 are greater than this value. Therefore this casts some doubt upon the validity of 

relationship 96. Immediately, the question will arise in the mind of most readers as to why 

the value obtained for U* is depressed from that of B obtained from viscoelastic 

measurements. Several answers may be given: (1) insufficient data located on the 

transport side of the growth curve introduces an uncertainty in the value for U* and (2) 

the viscoelastic data for PDMS has long been known to be problematic”’ and (3) the 
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Vogel-Fulcher-Tammann-Hesse analysis was performed primarily at temperatures in 

excess of T,+100K (where the VFT relationship is no longer expected to hold). 

However, further evidence supports the choice of the “exact” expression over the 

classical Lauritzen-Hoffman equation. This data is obtained from the dielectric studies by 

Kirst, et al.'?? on a <M,>=5K PDMS fraction. These authors determined values of 320K 

for B and 134K for T.. for the a relaxation process of PDMS. This value of B 

corresponds to a U* value of 634 cal/mol if B=U*/R. (If equation 96 is used, a U* of 317 

cal/mol is obtained.) 

The low value for U* and the high value for T., seemed inconsistent with the 

viscoelastic values in the literature. However, they are fully consistent with the 

observation made earlier regarding the correlation between U* and T.. To verify this 

assertion, fits were performed using the “exact” and the classical LH theory on the L1 

PDMS fraction. The L1 fraction’s crystal growth rate data was utilized for two reasons: 

(1) the molecular weight of this fraction corresponding to the one used in the the dielectric 

studies and (2) the growth rate curve extends farther into the transport region than the L2. 

If such a fit is performed, fixing U* at 634 cal/mol or at 317 cal/mol the Vogel 

temperatures shown in Table 11 are obtained. These results show beyond any doubt that 

“the best match between Vogel temperatures obtained from dielectric data and crystal 

growth rate data are obtained for U*=634 cal/mol for both the “exact” and the classical 

LH equations. Since it was expected that the best fit with the classical LH theory should 

be obtained with U*=317 cal/mol (equation 96), this indicates that the “exact” expression 

provides a better representation of the temperature dependence of the transport term than 

the classical LH theory. 

In further support of the choice of the “exact” expression over the classical LH 

1,'” on the temperature and equation the reader is referred to the work of Dodgson, ef a 

molecular weight dependence of PDMS melt viscosity. These authors have shown that for 

linear PDMS fractions, up to a weight average molecular weight around 10,000 g/mol, the 

activation energy for viscous flow increases with increasing molecular weight. Only the 
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“exact” crystal growth rate analyses showed, qualitatively, this behavior for the L1 and L2 

fractions. Furthermore, they have shown that the activation energy decreases with 

increasing molecular weight for cyclic polydimethylsiloxanes of similar molecular weights. 

This behavior was observed for the cyclic PDMS fractions by the “exact” analysis as well. 

On the basis of all of the above arguments, it is suggested that the “exact” form is to be 

preferred over the classical LH theory. 
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Table 15. Vogel Temperatures for the L! PDMS Fraction with a U* of 634 

or 317 cal/mol. 

  

  

  

  

  

Equation U* Tx % Difference 

(cal/mol) (K) (T..=134K)* 

Classical 634 127+2 5% 

317 145+2 8% 

"Exact" 634 140+1 4% 

317 154+1 14%           
  

* % Difference between T., of 134K from dielectric analysis and T., from crystal growth 

rate curve fitting. 
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V. POLY(TETRAFLUOROETHYLENE) 

V.1 Introduction 

Poly(tetrafluoroethylene) (PTFE) has been of great commercial interest due to its 

rather high thermal stability, excellent solvent resistance, and surface properties. 

However, it is these exceptional properties which give rise to the problems associated both 

with kinetic studies and the measurement of solution properties. Extensive morphological 

work has been performed on ultrahigh molecular weight PTFE which has shown that it 

forms thicker lamellae than most other semicrystalline polymers.*’*? PTFE has been 

shown to achieve lamellar thicknesses approaching 10°A by isothermal crystallization from 

the melt, while by way of comparison polyethylene under extreme conditions can only 

reach thicknesses of 1500A.*° Four crystal structures are obtainable for PTFE through 

various P-V-T combinations. Under the conditions utilized in this series of experiments, 

i.e. temperatures above 303K at atmospheric pressure, PTFE will crystallize in its phase I 

structure (that of a pseudohexagonal crystal with unit cell parameters: a=b=5.66A, 

c=19.50A, and y=120°).**” In the past, characterization of the crystallization kinetics of 

PTFE has been limited by the high melt viscosity (about 10!! poise at 380°C)”' and the 

| high nucleation density associated with the high molecular weight (>10° g/mol) of 

commercial PTFE. It has thus been impossible, to date, to measure the spherulitic growth 

°293 Recently, rates of PTFE except in solution, i.e. in high boiling perfluorokerosene. 

lower molecular weight PTFE has become available which enables measurement of 

spherulitic growth rates from the melt. It is the purpose of this section to communicate 

the initial studies performed upon this lower molecular weight PTFE and to report the 

associated kinetic parameters obtained. Taking into consideration the high lamellar 

thicknesses obtainable with PTFE and the "low" molecular weight of the PTFE studied, 

the theory put forth by Hoffman (as described by equations 35 and 36) which defines the 

fold surface free energy (o,) in terms of the number of folds will be utilized to solve some 

of the associated problems. 
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The thermal behavior of PTFE has also been studied extensively, e.g. superheating 

effects and thermal transitions. The equilibrium melting temperature of finite molecular 

weight PTFE (T,,) has been reported to be 327°C by Wunderlich’ and 334°C by Bassett 

and Davitt.*° Additionally, Starkweather’ has reported an equilibrium melting 

temperature for an infinite molecular weight PTFE ( Tm ) of 347°C by the Flory-Vrij 

method'”” using low molecular weight perfluoroalkanes. Considering the effects of the 

equilibrium melting temperature on the determination of the kinetic parameters for a 

polymer, it was reasoned that in light of the difference between the two aforementioned 

values and the relatively low molecular weight of the polymer being studied, that the 

Hoffman-Weeks analysis would be utilized to determine the equilibrium melting 

temperature for this system. One final concern in determining the equilibrium melting 

temperature is the superheating effect.” The superheating effect, in terms of the 

dependence of the melting temperature on the differential scanning calorimetry (DSC) 

heating rate, has been demonstrated by Hellmuth, et al.,°° Starkweather,” and Khanna™® 

for PTFE, i.e. at lower heating rates far higher melting temperatures are observed than are 

observed at higher heating rates, even when thermal lag is taken into account. In the 

present work, the effect of heating rate on the observed melting temperature for various 

crystallization temperatures will be reported. 

It was stated previously that solution studies are inhibited by PTFE's high solvent 

resistence. An example of this is shown by the fact that reported values for the 

characteristic ratio (C,,) for PTFE have varied from values as low as 5 to values as high as 

24.'°2 Recently some work has been performed in which light scattering studies in 

perfluorotetracosane (Cy4Fsq)'’ resulting in a more reliable value (due to the fact that 

there were problems with the previous light scattering measurements in mixed solvent 

systems) for the characteristic ratio of PTFE of 7.142.3. With this data and the data 

obtained by growth rate analysis for PTFE, evaluation of the o-C,, relationship proposed 

by Hoffman et al.,” should be possible. 
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V.2, EXPERIMENTAL 

V.2.1 Material. Studies were performed on Teflon MP1600 (Batch 8209630) obtained 

from E.J. duPont de Nemours & Co. (Inc.) Polymer Products Department. This Teflon is 

a polytetrafluoroethylene homopolymer -(CF2-CF2),- with several possible endgroups: 

COOH, CF,H, and CH2CHs; (the later since ethylene was used as a chain transfer agent). 

The PTFE had a <M,>=218,000 g/mol determined from rheological methods such as 

those of Tuminello,''*'’? Starkweather,’ and Wu.'7! From endgroup analysis an 

approximate value of <M,>=125,000 g/mol was obtained, yielding a polydispersity 

(M,/M,) of approximately 2. The Teflon and all material properties were obtained from 

Dr. R.A. Morgan. 

V.2.2 DSC Measurements. Differential scanning calorimetry measurements were made 

on a Perkin-Elmer DSC-2C linked with an MC? analog-digital interface in conjunction 

with MC? Thermal Analysis Systems! Thermal Analysis software. All runs were 

performed under a dry nitrogen purge. Temperature calibration was performed with lead, 

tin, and indium standards. Crystallization temperatures were calibrated from the standards 

at a heating rate of 0.31°C/min and scanning temperatures being calibrated against the 

standards run at that heating rate. 

The equilibrium melting temperature of the PTFE was determined via a Hoffman- 

Weeks analysis. Observed melting temperature (endothermic peak) data as a function of 

crystallization temperature was obtained from DSC heating traces. The method utilized 

was as follows. A sample of mass between 0.6 and 1.2 mg was utilized. The sample was | 

melted at 340°C for three minutes, after which the sample was quenched to a temperature 

Tx and crystallized for a time t. After time t, the DSC scan was performed at a heating 

rate of 10°C/min to determine the observed melting temperature (T,,’). If the crystallinity, 

determined from the heat of fusion (using the heat of fusion for the pure crystal as 14.6 

105 
cal/g), > was greater than 8%, a shorter crystallization time was utilized. A typical DSC 

scan, of this type, is shown in the Appendix. 
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The effect of heating rate on the melting temperature of isothermally crystallized 

samples was studied through DSC analysis. Samples were crystallized at 318.6°C, 

319.1°C, and 322.7°C (all crystallization temperatures were corrected against tin and lead 

at a heating rate of 0.31°C) for 2.5 hours, 3 hours, and 16 hrs, respectively, to obtain 

maximum crystallinity at these crystallization temperatures. Samples were utilized with 

masses around 1.0 mg. Three samples were crystallized at each temperature and were 

heated at rates of 2.5°C/min, 5.0°C/min, and 10°C/min, each of which was calibrated 

against tin and lead at the same heating rate. 

The DSC crystallization rate analysis was performed utilizing the equipment 

described above. PTFE samples ranging from 0.8 mg to 1.5 mg were melted for 3 

minutes at 340°C at which point they were rapidly cooled to a crystallization temperature 

Tx and the heat flow rate was recorded under isothermal conditions. After baseline 

correction, the heat flow rate above the crystallization exotherm was integrated. The 

times at which 10%, 50%, and 90% of the crystallization process was complete were then 

determined, i.e. To.1, Tin, and to» respectively (see Figure 25 and Table 18). A typical 

isothermal scan in shown in the Appendix. 

V.2.3. Polarized Optical Microscopy. Growth rate measurements were obtained 

utilizing an Olympus BH-2 polarized light microscope (with an Olympus IC50 lens-50X 

and 10X eyepieces for a magnification of 500X) equipped with a Linkham THMS 600 Hot 

State (with a nitrogen feed), Linkham TC91 temperature controller, Ikegami ITC510 bw 

video camera, and a Hitachi VT-F445A VHS video cassette recorder. Data analysis was 

performed using an Olympus Corp. Cue Micro-300 video caliper. Temperature 

calibration was performed using indium, perfluorotetracosane, tin, and lead samples. 

Growth rate analysis was performed using the polarized light microscope described 

above. The virgin PTFE was placed between two glass coverslips in the hot stage. The 

sample was then heated to 340°C and the sample was pressed into a film. The sample was 

then left at 340°C for 30 minutes under nitrogen (to both destroy the nucleation centers, 
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since the PTFE has a high nucleation density, and to allow the voids created from pressing 

to be filled as the sample flows). The sample was then cooled rapidly to the crystallization 

temperature. Spherulite diameters were recorded as a function of time with 10 

measurements per spherulite. Growth rates were then determined from the slope of plots 

of spherulite radius as a function of time, through a linear regression analysis. The same 

sample was utilized for several runs, in between which the resident melt time was reduced 

to 3 minutes. Growth Rates were measured at random temperatures so as to determine if 

a degradative process was occurring, and at Jeast 5 growth rates were determined for each 

temperature (preferably 8 to 10 growth rates were determined). The growth rate data is 

shown in Table 17 and in Figure 24. 

V.2.4 Atomic Force Microscopy (AFM). Samples were made for AFM by crystallizing 

in the hot stage used for crystal growth rate measurements. The PTFE powder was 

placed on a glass coverslip, with no top coverslip, which was then placed in the hot stage. 

The sample was melted at 340°C for 30 minutes and was then crystallized isothermally at 

a temperature T,, for a time t,: 
  

  

  

  

  

        

Tx tx 

315.4°C 36 hrs 

317.6°C_ 30 min 
319.5°C 3 hrs 

322.8°C 3 days 
324.8°C 8 days 
  

The atomic force microscope used to make the measurements was a Dimension 3000 

Scanning Probe Microscope with a Digital Instruments Nanoscope IIa Scanning Probe 

Microscope Controller. Using tapping mode AFM, the thickness of the spherulitic fibrils 

(or extended chain fibrils) were determined. At least 40 measurements were made for the 

temperatures between 315.4°C and 322.8°C while only 5 measurements were possible for 

the sample at 324.8°C since all but 5 fibrils were overlapping. Some of the AFM images 

were obtained by Steve McCartney in the Materials Research Institute at Virginia 
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Polytechnic Institute and State University. Measurement of the fibril thickness was 

performed using Jandel Scientific’s MOCHA image analysis software using 3 point spatial 

calibration of distance. 

V.3. Crystal Growth Rate Analysis 

The method utilized to analyze the PTFE growth rate data differed slightly from 

that which had been utilized for PDMS. The statistical software package was the same, 

however the curve to which the PTFE was fit, differed from that used for PDMS. The 

appropriate equation to which the PTFE data was fit was: 

, -Q* -K, 
G=G, exe +34 exp =] exp ——5_ (97) 

2kT,, RT, T, AG¢ 

where K,’ has the same value as expressed in equation 31 and the first and third 

  

exponentials are the same as that in equation 93, which was utilized in analyzing PDMS. 

The obvious difference is that the second exponential is no longer the Vogel-Fulcher- 

Tammann-Hesse law, but rather an Arrhenius form. This exponential is taken from 

viscoelastic theory” which, for temperatures greater than 100K above T,, describes the 

melt viscosity’s (or monomeric friction coefficient’s) temperature dependence to be 

  n=B exp “Es (98) 

where E, is the activation energy for viscous flow and B is a pre-exponential with no 

temperature dependence. To prevent any confusion as to why the growth rate data was 

not fitted to the “exact” forms, the reasoning behind this choice will be explained. The 

first reason is that there is not a great deal of data to be analyzed and therefore, the more 

complex the expression, the greater the associated uncertainties (which are large enough 

for this approximate form). The second, and more pertinent, reason is a lack of 

viscoelastic data. Without prior knowledge of the monomeric friction coefficient and the 

exact molecular weights of the material, the meaning of the configurational path 

degeneracy obtained therein would be spurious at best. To complement the experimental 
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data, the isothermal DSC data was analyzed in the same manner as the spherulitic growth 

rate data with the one difference being that the growth rate, G, was replaced with 1/t for 

10%, 50% and 90% of the total crystallization isotherm.’ The analysis of this data is 

shown in Table 21. 

From the logarithmic plot of the growth rate in Figure 24, it is apparent that there 

is a break in the curve. Because of this break, the growth rate curve will be analyzed 

separately in each region. The first half of the growth rate data corresponds to the 

temperature range of 315.2°C to 321.2°C, while the second half is from 322.2°C to 

325.0°C. The values utilized for this analysis are shown in Table 16 and the results (using 

different characteristic ratios, heats of fusion, and regime designations) are shown in Table 

19. 

Note in Table 16 that two values were cited for the heat of fusion. This is due to 

the presence of two contradictory values in the literature. Rather than choose one of the 

two values, both were utilized in the analysis. The crystallization temperature/observed 

melting temperature data is shown in Figure 23. 0(T,) was assumed to be unity and the 

Hoffman-Weeks analysis was performed using a linear regression analysis tool. Further 

elaboration on these results will be made in the next section. 

V.4 Results and Discussion 

The isothermal crystallization/observed melting temperature DSC data was fitted 

to the simplified Hoffman-Weeks equation and the equilibrium melting temperature (Tn) 

was determined. The equilibrium melting temperature was determined to be 331+5°C. 

From the Hoffman-Weeks fit, y, the lamellar thickening coefficient, was calculated to be 

approximately constant at 5.00+0.06, which is interesting because some samples had less 

than 1% crystallinity. This indicated that the polymer was either thickening while growing 

or thickening soon after. The possibility of thickening while growing will play an 

important part in the discussion of the crystal growth rate analysis. 
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Table 16. Principal Thermodynamic, Crystallographic, and Viscoelastic Parameters 

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

        

for PTFE 

Parameter Value Reference 

a, (J/mol K) 49.45 109 

b; (J/mol K?) 0.0332 109 

a, (JJ/mol K) 29.51 109 

b, (J/mol K?) 0.06917 109 

Ot, (1/K) 5.5-10° 91 
De (g/cm*) at 296K 2.302 59 
ao (A) 5.27 84 
b. (A) 5.27 84 
t, (A) 1.54 104 
ty (A) 1,30 59 
T, (K) 190 103 

Tm (K) 604 This Work 

AH; (J/mol) Source I 6100 68 

AH, (J/mol) Source II 8254 109 

C.. Source I 742 101 

C.. Source II 8+2 102 

Ge,w (erg/cm’) 99 85 

E, for y (kcal/mol) 17.4 107 

M. (g/mol) 4667 119   
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Figure 23. Hoffman-Weeks plot for poly(tetrafluoroethylene) 

-103- 

332



Table 17. Spherulite Growth Rate Data as a Function of Crystallization 

Temperature for Polytetrafluoroethylene 

  

  

  

  

  

  

  

  

  

  

  

          

Tx Radial Growth Rate, G | Standard Deviation 

(°C) (um/min) (um/min) 

315.2 48.0 3.48 

316.2 37.8 2.52 

317.2 30.6 1.14 

318.2 20.4 0.78 

319.2 13.2 0.6 

320.2 6.00 0.43 

321.2 2.22 0.08 

322.2 | 1.26 0.08 

323.2 0.900 0.096 

324.2 0.558 0.072 

325 0.282 0.0108 
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Figure 24. Spherulitic Growth Rate as a Function of Crystallization Temperature 

for the Polytetrafluoroethylene Cited in Table 16. The curve fits cor- 

respond to the “best fit” parameters given in Table 19, where the up- 

per curve was fit to the data between 315°C and 321°C and the lower 

was fit to the data from 322°C and higher.. 
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Table 18. DSC Isothermal Crystallization Times as a Function of Temperature 

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

    

Tx (10%) t(1/2) 1(90%) 

@C) (min) (min) __(min) 
316.6 0.77 1.10 1.47 
316.8 0.99 1.54 2.11 
317.1 1.07 1.64 2.38 
317.5 1.04 1.57 2.41 
317.6 1.20 1.91 2.61 
318.1 1.22 2.14 3.01 

318.2 1.69 2.86 4.06 
318.4 1.79 3.13 4.52 
318.5 1.24 2.31 3.29 
318.6 1.93 . 3.29 4.76 

318.8 2.11 3.76 5.50 
319.0 2.19 4.23 6.32 
319.5 2.84 4.49 6.26 
319.6 2.72 4.39 6.20 

320.5 6.03 8.62 11.46 
321.0. 9.59 15.44 21.66 
321.3 11.83 19.91 31.2 
321.6 13.61 23.06 34.82       
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Figure 25. DSC Isothermal Crystallization Times as a Function of Temperature. 

Data taken from Table 17. 
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The superheating analysis is shown in Figures 26 and 27. Figure 27 shows how 

the equilibrium melting temperature can vary by two degrees depending upon the heating 

rate utilized (at high levels of crystallinity). Since there are several problems associated 

with DSC analysis of melting temperature, i.e. superheating occurring at low heating rates 

and thermal lag (i.e. the material not being in thermal equilibrium with the calorimeter due 

to the low heat transfer property of polymeric materials) at high heating rates, the 

equilibrium melting temperature data was left uncorrected and therefore is the value 

obtained from data at a heating rate of 10°C/min (still corrected against lead and tin). 

Examination of the results (Table 19) of the analysis of the spherulitic growth rates 

shows a rather interesting result. For the same value of the characteristic ratio, heat of 

fusion, and regime, the ratio of the values obtained for o. for the two separate regions is 

far greater than two. What this means is that the break in the growth rate curve cannot be 

due to a regime transition, since such an occurrence should result in a ratio of two. With 

this rather strange result in mind, other possibilities were devised for this break in the 

growth rate curve with the high ratio for the two fold crystal/melt interfacial free energies 

derived for each region. 

Since Bassett and Davitt® had performed lamellar thickness studies on PTFE, it 

was reasoned that their results might be extrapolated to yield valuable information 

regarding the PTFE studied in the present work. Since it is known that lamellar thickness 

varies inversely with undercooling, a linear fit was made to their { versus AT data. This fit 

gave the equation for the lamellar thickness as a function of undercooling defined by: 

2936K 

AT 

In Table 20, this data is listed for the undercoolings studied in this work, utilizing the 

{(nm) =   ~ 420 (99) 

value for T,, derived in this work and using their T,, for their PTFE (see Figure 28). Given 

the lamellar thickness and the length of the polymer chain, the number of folds can 
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Figure 26. Effect of Heating Rate on the Observed Melting Temperature of PTFE. 
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Figure 27. Effect of Heating Rate on the Equilibrium Melting Temperature of PTFE. 
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Table 19. Results of Lauritzen-Hoffman Analysis of Poly(tetrafluoroethylene) 

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

    

Temperature} C,, AH; [Regime CO. Q° G,' r 

Range (J/Kmol) (erg/cm’)| (kcal/mol) (m/min) 

Ist half 5 6100 I 9.8+0.3 644146 1E28+1E30 | 0.977 
II 1343 35446 1E25+6E26 | 0.983 

8254 I 9. 8+0.3 64+146 1E27+1E30 | 0.977 
II | 9.7+0.2 35446 1E25+6E26 | 0.983 

7 6100 I 1444 644150 1E28+1E30 | 0.977 
II 1844 36446 1E25+6E26 | 0.983 

8254 I 1444 644146 1E28+1E30 | 0.977 
II 1443 35446 1E25+6E26 | 0.983 

10 6100 I 26+6 654146 1E28+1E30 | 0.983 
Il 26+6 36446 1E25+6E26 | 0.983 

8254 I 20+6 654146 1E28+1E30 | 0.977 
Il 1945 36+46 1E25+6E26 | 0.983 

2nd half 5 6100 I 3.340.2 614230 1E24+2E26 | 0.997 
I | 3.7+0.2 9+100 SE6+7E8 | 0.996 

8254 I 3.3£1.7 614230 2E24+3E26 | 0.997 
II | 2.7£1.7 9+100 TE6+1E9 | 0.996 

7 6100 I 4.6+2.4 614230 1E24+3E26 | 0.997 
I | 5.143.2 9+100 TE649E8 | 0.996 

8254 I 4.642.4 614230 1E24+3E26 | 0.997 
Tl | 3.8+2.4 9+100 TE649E8 | 0.996 

10 6100 I 6.543.4 624230 2E24+4E26 | 0.997 
Il | 7.4+4.6 10£100 1E741E9 | 0.996 

8254 I 6.5+3.4 624230 2E24+4E26 | 0.997 
Il | 5443.4 10+100 1E742E9 | 0.996               
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Table 20. Lamellar Thickness as a Function of Undercooling 

  

  

  

  

  

  

  

  

  

  

  

  

    

(Derived from the work of Bassett and Davitt*) 

Undercooling Lamellar Thickness # of Folds 

CC) {A) 
15.4 1486 3.2 

14.4 1618 2.9 

13.4 1771 2.5 
12.4 1947 2.2 

11.4 2155 1.9 

10.4 2403 1.6 

9.4 2703 1.3 

8.4 3075 1.0 

7.4 3546 0.76 
6.4 4167 0.50 

5.6 4822 0.29 
5.4 5016 0.24       
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be determined. It can be seen that according to this type of analysis, the polymer is in fact 

crystallizing in the quantized chain region. This analysis is of course unsubstantiated and is 

at best a rough foundation upon which to base the analysis of the growth rate data. So, in 

order to “shore up the foundation,” so to speak, a second analysis will be performed which 

attempts to determine the lamellar thickness as a function of crystallization temperature. 

As was stated earlier, the polymer appears to be thickening either at, or just behind, the 

growth front. If it is assumed that this is occuring simultaneously, then a plot of yt,* 

versus temperature should give the lamellar thickness required for making the decision as 

to whether the PTFE is undergoing chain fold quantization or not. The average lamellar 

thickness, {,*, was calculated using equation 29, the infinite fold surface free energy from 

the work of Bassett and Davitt,®’ and Oineor corresponding to a C,, of 7.5 and a AH; of 6.1 

kJ/mol, i.e. 5.6 erg/cm’. The resulting plot of (,* and yt,* is shown in Figure 28. The 

resulting lamellar thicknesses are greater than those suggested by the analysis of Bassett 

and Davitt’s work. 

This result helps to reinforce the conclusion that PTFE is crystallizing in the 

quantized chain folded region. Additionally, a sample which was self-seeded at 318°C, 

was crystallized two degrees above the highest temperature growth rate cited in Table 17. 

(Self-seeding is the process in which a nucleus is formed at lower temperature than the 

temperature of interest and then the sample is ramped to the crystallization temperature 

and equilibrated. The purpose of this is to decrease the induction period necessary for 

forming nuclei at low undercoolings.) The growth rate was negligible and after 96 hours 

the increase in size above the initial nucleus was immeasurable. Furthermore, samples 

crystallized at high temperatures displayed the morphology associated with extended chain 

polytetrafluoroethylene.''* This indicates that the lamellae are of sufficient length to have 

quantization of folding over the temperature range examined in this work. 

To support the possibility of thickening during growth (or immediately thereafter), 

examination of the isothermal DSC studies would be appropriate. As was stated in the 
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Figure 28. Average lamellar thickness, (,*, (solid line), =yl,* (dashed line), ! from the 

_ work of Bassett and Davitt®* (dotted line), and the fibril thickness data 

obtained from AFM (data points) as a function of crystallization temperature 

for poly(tetrafluoroethylene). See text for parameter values. 
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introduction, the data given in Table 18 is analyzed with the same growth rate equation 

as the spherulitic growth rate data by replacing G with 1/t. It can be seen that the results, 

given in Table 21, for the fold crystal/melt interfacial free energy match those obtained by 

light microscopy. What is more important than this agreement between the two methods 

is the fact that the analysis for times for 10%, 50%, and 90% of the total crystallization 

process are nearly identical in terms of the temperature dependence. This supports rapid 

secondary crystallization and thickening processes, i.e. both are happening very early on 

In an effort to determine the actual lamellar thicknesses for the PTFE over the 

range of crystallization temperatures studied, atomic force microscopy was used to 

determine the thickness of the spherulitic (or extended chain) fibrils. From the thicknesses 

which were measured, it was apparent that the fibrils consisted of a single lamella. This 

was deduced by recognizing that for a stack of two lamellae to be present within the fibril, 

the lamellar thickness must be less than fmin, a physically unrealistic possibility. Therefore, 

the data in Table 22 is the lamellar thickness as measured by atomic force microscopy (as 

a function of crystallization temperature). (NOTE: typical AFM images are located in the 

Appendix of this Dissertation.) Examination of Figure 28 shows that the data obtained 

from AFM lies between {,* and the values calculated from the work of Bassett and Davitt 

and is far below yi,*. This indicates that thickening is occuring upon heating of the 

sample. It also indicates that the lamellar thicknesses for the PTFE studied is well within 

the range for quantization of folding. 

Therefore the low molecular weight of the PTFE used, although resolving the flow 

and nucleation density problems, caused the additional difficulties in the growth rate 

analysis due to the changing number of folds. Once the concept of quantization of the 

chain folds had been accepted, analysis was attempted using the theory (presented in 

Chapter IT) which relates the fold crystal/melt interfacial free energy to the number of folds 

occurring within a given chain. The values for o, obtained by the growth rate and DSC 

crystallization rate analyses were around 10 erg/cm’. While this may seem an acceptable 

value for PDMS, for PTFE it is completely unrealistic. If equation 33 is used, assuming 
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Table 21. Fold Melt/Crystal Interfacial Free Energy and Apparent Activation 

Energy for Transport for PTFE as Measured by Isothermal DSC Analysis 

  

  

  

  

  

  

        

t Regime Ce Q* G,' r 
(erg/em’) | (kcal/mol) 

0.1 Tor Il 1343 60+110 1E25+1E27 0.995 

II 15+3 4+40 100004600000 0.996 

0.5 I or Il 13+2 60+80 6E24+4E26 0.998 

II 1542 4+30 10000+400000 0.998 

0.9 Tor Il 1442 60+100 9E244+7E26 | 0.997 

II 1643 4+40 100004600000 0.996         
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Table 22. Lamellar Thicknesses (Obtained by AFM) versus Crystallization 

Temperature for Polytetrafluoroethylene 

  

  

  

  

  

      

Tx 
CC) (A) 
315.4 9754369 
317.6 12304223 
319.5 15032337 
322.8 23654656 
324.8 38094349     
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G,7~0 (as is assumed for PE), the lowest value expected for o, is 49.5 erg/ cm”, Obviously, 

a difference of a factor of five between the predicted and observed fold crystal/melt 

interfacial free energy is difficult, but not necessarily impossible, to explain. 

One possible explanation comes from calculation of the cilium free energy, and its 

effect on the average fold crystal/melt interfacial free energy. To show this effect, the 

ciltum free energy, O.ii, was calculated using equation 36 with a value for the angle of 

sweep of the cilium (6,) of 7/2.4 radians (i.e. that previously used for PE). Table 23 

shows the cilium length, cilium free energy, and average fold crystal/melt interfacial free 

energy for what are considered to be appropriate values for the lamellar thickness. As can 

be seen from this table, there are rather large fluctuations in the <o,>. What this translates 

into in terms of data analysis is that unless the exact lamellar thickness is known for a 

given crystallization temperature, no really meaningful data can be extracted from an 

analysis such as the one which has been performed in this work, since any curve fitting 

procedure would be unnaturally biased to these fluctuations. Therefore, it is obvious that 

although the problems associated with obtaining crystal growth kinetic data have been 

solved for PTFE by utilizing a lower molecular weight than is normally utilized in industry, 

the low molecular weight has introduced further problems which make the data thus 

obtained worthless in terms of any current analysis techniques. Because of this, it will be 

impossible to analyze the o-C,, relationship for PTFE since no reliable value for o,. has 

been determined from this method. 

Another possible reason for the large changes in the fold surface free energy is that 

the system is undergoing thickening growth simultaneously with the radial growth of the 

crystal causing a complete change in the kinetic process outside of the bounds of the 

quantization of folds concept. No comprehensive models exist for analyzing this type of 

simultaneous growth, however the curious reader is referred to the paper by Keller, 

Goldbeck-Wood, and Hikosaka'’® who have proposed a partial model for explaining this 

type of behavior. 
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Table 23. Effect of Lamellar Thickness on the Average Fold Surface Free Energy 

due to the Presence of Cilia 

  

  

  

  

  

  

  

  

  

  

              

l f Cilium length Scil <o.-> 

(A) (A) (erg/cm?) | (erg/cm?) 
1557 2 998 122 107 

1699 2 570 105 10] 

1864 2 75 43 80 

2057 ] 1554 136 117 

2285 ] 1097 125 112 

2560 1 548 104 102 

2897 0 2771 154 154 

3319 0 2349 149 149 

3865 0 1803 14] 141 

4432 0 1236 130 130 
  

* Note that the lamellar thickness in this Table correspond to the values generated from 
the data of Bassett and Davitt®’. The # of folds (f) is calculated using the weight average 
molecular weight for the PTFE. 
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In light of the analysis performed on poly(dimethylsiloxane), it was reasoned that if 

PDMS was testing the low temperature limit of the differences between the proposed 

approximation and the classical Lauritzen-Hoffman equation, then PTFE (even though the 

meaning of the data is uncertain) should be able to provide a comparison between the two 

approaches in the high temperature limit. If the first half of the data curve is fit to the 

classical LH equation, the following parameters are obtained: G,=1-107+1-107, 

Q*=40,000480,000 cal/mol, and Kg’=1.28-10'°+5-10° (which, when using a value for o 

corresponding to AH=6100 J/mol and a C..=5, yields a value for o. of 9.2 erg/cm’ which 

is in reasonable agreement to the value obtained by the approximation presented in this 

work). 

Intuitively, the reason for the agreement between the values for the fold 

crystal/melt interfacial free energy obtained from these two equations, when the PDMS 

“exact” and LH fits yielded quite different values for o., is apparent. In the approximation 

(or even in the exact form) utilized for PDMS, the transport term was of the Vogel form. 

On a log plot, this exponential will display a certain amount of curvature. Because of this, 

the transport term and the term due to the work of chain folding will not compete in a 

strictly “linear” fashion, thereby affecting data obtained for the nucleation controlled 

‘region. However, as the low undercooling range is reached for most polymers (such as 

PTFE), the Arrhenius form for the temperature dependence of the transport term is 

utilized. The work of chain folding term and the Arrhenius term wi// compete in a “linear” 

fashion and therefore will not affect the nucleation controlled region, i.e. the exponential 

in the LH approach with the Arrhenius form for the temperature dependence of transport 

is in reality: 

iq /2-Q* exp 2. Q ) 
x 

Therefore, the conclusion that can be drawn from all of this, is that for most polymers (i.e. 

polymers whose Ty, is much larger than T,+100K) for low undercoolings the simple LH 

equation will provide the same value for o. as the more exact forms. As was shown for 
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PDMS, however, this assumption cannot be made for crystallization temperatures which 

lie between T, and T,+100K. 
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VI. CONCLUSIONS, SUMMARY, AND FUTURE WORK 

VI.1 Conclusions and Summary 

Within this work, several problems have been solved within the context of the 

Lauritzen-Hoffman polymer crystallization theory and several problems with the current 

theories have been discovered. In Chapter III, one of the major concerns regarding the 

LH kinetic theory was addressed and satisfactorily resolved. It has been shown that the 

“6t catastrophe” disappears as a direct consequence of assuming that rep=Qaucl. 

Furthermore, it has been shown that the closed form of the LH theory which assumes that 

w=0 is an excellent approximation to the more exact form presented within this work. 

Because the two are in such good agreement, there should be no more basis for arguments 

regarding the 6! catastrophe in LH theory or regarding the “unphysical” nature of the w=0 

assumption. This approach was extended from the classical HM approach to encompass 

extended chain crystallization kinetics and Hoffman and Miller’s lattice strain approach for 

curved edged crystals. With this extension to the lattice strain theory, a “new” theory has 

been developed within the framework of the Laurtizen-Hoffman formalism which is not 

hindered by two of the principal objections to the LH theory, 1.e. the 6¢ catastrophe and the 

explanation of curved face crystal growth. 

Several facts have been uncovered through the analysis of polydimethylsiloxane. 

(1) The work of chain folding has been shown to be 10.2 erg/cm’ in the infinitely folded 

surface limit. This indicates that the work of chain folding is lower for PDMS than for 

polyethylene, as would be expected if the work of chain folding is related to the main 

chain bond rotational potential. (2) The choice of free energy of crystallization form has 

been shown to have relatively little effect on the value of kinetically determined 

parameters, while it does appear to have some effect on the transport term. (3) The 

approximation given by equation 93 has been shown to produce more physically 

meaningful values for both o, and U* than the classical approach for moderate to high 

undercoolings. (4) From the analysis of the growth rate data, some doubt has been 
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placed upon the nature of the U* parameter values derived from the classical form of the 

growth rate equation. Furthermore, questions have arisen as to whether or not the 

explanation of Suzuki and Kovacs regarding the change in the expansion coefficient at the 

growth front is valid in light of the new U* data. (5) The o-C,, relationship has been 

shown to be intuitively invalid in the case of crystallizing ring systems and it has been 

shown to produce a negligibly better fit when considering the temperature dependence of 

the lateral crystal/melt interfacial free energy by growth rate curve fitting. 

Combination of atomic force microscopy and theoretical arguments have shown 

that spherulitic (and extended chain crystal) fibrils of PTFE consist of a single lamella, 

rather than several lamellar stacks. Several problems arose out of the analysis of 

polytetrafluoroethylene’s growth rate. It has been shown that the growth rate (and 

isothermal DSC) data cannot be analyzed within the present state of crystallization theory. 

The result of this inability to analyze the data is that the validity of the o-C,, relationship 

could not be tested in the case of PTFE. The problems caused by this system are a 

benefit, however, in that they show many places where the current knowledge of polymer 

crystallization is limited. When considering the claims put forth based upon the growth 

' rate data, it should be remembered that comparison with the DSC data showed good 

agreement. It is important to realize that as a result of the PTFE analysis, it has been 

shown that for cilia of suffient length, there will be large enough fluctuations in the 

average fold surface free energy as a function of temperature that will prohibit 

determination of a meaningful value for the fold surface free energy from growth rate 

analyses alone. This conclusion must be carefully considered for any polymer which forms 

thick enough lamellae to form long cilia. (Note: At the present time, PTFE and PE are 

two of the few polymers to form thick enough lamellae to cause this type of behavior.) 

One piece of extremely valuable information that arose from the work performed on PTFE 

is the fact that the classical Lauritzen-Hoffman equation has been shown to give equivalent 

values for c, to those obtained by the “exact” form, at low undercoolings, i.e. when the 
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Arrhenius form of the transport term is utilized. The transport term obtained by this 

method is still to be considered questionable. 

IV.2 Proposals for Future Research 

Several topics are proposed as a basis for future research. The first is a theoretical 

concern. The question of a complete theory describing the kinetics of a polymer that is 

undergoing simultaneous thickening and basal crystal growth needs to be addressed. 

PTFE will be an excellent system for probing the bounds of such a theory. A new theory 

for the lateral crystal/melt interfacial free energy needs to be derived which takes into 

account the configurational entropy of ring systems. Finally, it has been concluded that 

determination of the fold crystal/melt interfacial free energy through simultaneous SAXS- 

DSC studies is essential in understanding the fold surface behavior of the cyclic PDMS 

and would be greatly helpful in understanding the linear PDMS fractions. From all of the 

above considerations it can be seen that the goal of this work has been fulfilled. Answers 

have been found regarding the science of polymer crystallization and several questions 

have been determined to have an extremely relevent bearing on the validity of the 

crystallization kinetic theories. By this, the frontiers of science have been expanded, albeit 

minutely. 
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Figure 29. DSC scan for PTFE crystallized isothermally at 323°C for 40 minutes 

after melting at 340°C for 3 minutes. 
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Figure 30. Isothermal DSC scan for PTFE melted at 340°C for 5 minutes and 

crystallized at 318°C. 
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Figure 31. Typical AFM image for PTFE crystallized isothermally at 315.4°C 

after melting at 340°C for 30 minutes.
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Figure 32. Typical AFM image for PTFE crystallized isothermally at 317.6°C 

after melting at 340°C for 30 minutes. 
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Figure 33. Typical AFM image for PTFE crystallized isothermally at 319.5°C 

after melting at 340°C for 30 minutes. 
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Figure 34. Typical AFM image for PTFE crystallized isothermally at 322.8°C 

after melting at 340°C for 30 minutes.
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Figure 35. Typical AFM image for PTFE crystallized isothermally at 324.8°C 

after melting at 340°C for 30 minutes.
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