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Abstract 

The three-stage (extrusion, annealing, stretching) method of producing 

microporous membranes from linear polyethylene (HDPE) was investigated in this 

dissertation. Two different HDPE resins with identical M,, (14,600) values but different 

distributions (M,, /M,=10.3, 15.1) were utilized for this study. In the extrusion process, 

the two HDPE resins were melt extruded into uniaxially oriented tubular films. 

Systematical changes were made in the process variables -- these being the melt 

temperature at the die exit, the quench height, the cooling rate, and the line speed. The 

melt relaxation time behavior of the HDPE resins was studied by a Carreau- Yasuda 

analysis. The orientation morphological features of the extruded films were examined by 

TEM, HSEM, birefringence, WAXS, SAXS, and linear IR dichroism. The molecular 

weight distribution of the raw resins as well as the specific processing variables of quench 

height and melt temperature were found to be important in determining the final structure 

of the HDPE extruded films.



Following the extrusion process, the effect of annealing on the structure and 

properties of the HDPE extruded films was investigated. The HDPE extruded films were 

annealed under different conditions. The annealing variables studied included the 

temperature, the line speed (or annealing time), and the amount of extension applied 

during annealing. The extruded films before and after annealing were characterized by 

DSC, WAXS, SAXS, birefringence, and TEM. The results suggest that upon annealing, 

perfection of the crystalline phase occurs by removal of the defects from the crystalline 

phase. 

In the last step, the precursors (either the extruded films or the extruded films after 

being annealed) were uniaxially deformed along the extrusion direction. The variables of 

cold stretch ratio, hot stretch ratio, and total stretch percent were varied to alter the 

properties of the stretched microporous membranes. The pore structure, porosity, and 

permeability of the stretched microporous films were analyzed by TEM, HSEM, AFM, 

DSC, and Gurley number measurements. The importance of the orientation and 

morphological properties of the precursors, the annealing effects of the HDPE extruded 

films, and the stretching variables for influencing the microporosity behavior of the HDPE 

microporous membranes is clearly made evident in this dissertation.
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CHAPTER I 

INTRODUCTION 

The importance of polymeric materials in separation applications can be easily 

revealed from the progress made in polymeric membrane technology for the past three 

decades. For example, a broad range of filtration applications such as microfiltration, 

ultrafiltration, reverse osmosis, electrodialysis, and gas separation has been well developed 

from polymeric membranes. Since the properties of raw resins as well as the preparation 

scheme of polymeric films determine the structure-property behavior of the final 

microporous membranes and thus their applications, a complete understanding of the 

mechanism of forming the membranes from a molecular point of view is greatly desirable. 

In the 1960s, the method of producing microporous filters by stretching spun fibers 

and uniaxially oriented extruded films was invented. The spun fibers and melt extruded 

films have be named “hard elastic” materials due to the fact that their modulus of elasticity 

is much greater than that of rubber polymers with similar recovery properties at strains 

less than 50% extension. It has been reported that the “hard elastic” materials can be 

prepared from highly crystalline polymers such as polypropylene, polyoxymethylene 

copolymers, polyethylene, and nylon 66. A stacked lamellar or, in some cases, a fibril 

nucleated morphology is formed when these polymers are melt-extruded and crystallized 

under directional stress. A further thermal annealing treatment can cause structural



changes such as perfection of the crystalline structure in the oriented extruded films. As 

the extruded films, after being annealed, are deformed uniaxially along the extrusion 

direction, the stacked lamellae tend to separate to form microporous membranes. This 

methodology has been adopted to produce Celgard” polypropylene microporous 

membranes by the Hoechst Celanese Corporation for blood oxygenation and battery 

separator applications. 

From the above, it is clear that the procedures of making microporous membranes 

by untaxial stretching include three different stages: 1) extrusion, 2) annealing, and 3) 

stretching. Although there are several patents describing this three-stage technique for 

producing microporous membranes from hard elastic materials, a sequential study of the 

three different stages for investigating the molecular mechanism behind the formation of 

microporous films has not yet been reported in the scientific literature. It is also clear that 

the mechanism of forming microporous films is a complicated matter. It involves the 

initial development of a suitable morphological structure and proper range of orientation 

in the extruded films. The structural modifications in the extruded films caused by a later 

annealing will be further carried through the stretching process to produce microporous 

membranes. While there have been some studies investigating how to make microporous 

membranes using the hard elastic materials such as polypropylene, there has been little 

work done on polyethylene. Besides, polyethylene has a rather simple crystallographic 

structure in that its unit cell is orthorhombic in nature with the chain axis lying along the c- 

axis. The knowledge concerning the structure-property behavior of polyethylene as well



as the techniques for characterizing different aspects of polyethylene have been well 

developed for the past half century. This suggests that polyethylene is an excellent 

candidate for investigating the three processing steps of making microporous membranes 

as this dissertation will address. 

The processing variables in each individual step of the three stages (extrusion, 

annealing, and stretching) are clearly very important in determining the structure and 

properties of the product produced. In addition to the processing variables, the 

microporosity behavior of the final microporous membranes developed with processing 

can also be affected by the properties (such as molecular weight and molecular weight 

distribution) of the raw resins utilized. For understanding the importance of the molecular 

parameters such as the molecular weight nature of raw resins, in this dissertation two 

HDPE resins with identical number average molecular weight (14,600 g/mol) but different 

molecular weight distributions (M,, /M,,=10.3, 15.1) were processed by the three stages 

-- extrusion, annealing, and stretching - to make microporous membranes. The objectives 

of this dissertation are to understand fundamentally how the selected resin variables and 

the various stages of material characteristics as well as the important process variables 

affect the microporosity behavior of the final microporous membranes. 

In order to help the readers to follow the results presented in this dissertation , the 

literature review concerning the formation of microporous membranes as well as some 

important information related to polyethylene is given in Chapter II. The analysis of the 

melt extrusion process is presented in Chapter III. In Chapter III, the influence of the melt



relaxation behavior of the two HDPE resins as well as the extrusion processing variables 

on the morphology/orientation properties of uniaxially oriented HDPE extruded tubular 

films are addressed. Following the extrusion processing, the HDPE extruded films were 

annealed by different annealing conditions. The effect of annealing variables on the 

structural modifications of the extruded films and the molecular mechanism to account for 

the annealing behavior observed are discussed in Chapter V. In the last step, the 

precursors (either the HDPE extruded films or the HDPE extruded films after being 

annealed) were uniaxially stretched along the extrusion direction using various stretching 

conditions to make HDPE microporous membranes. The importance of the stretching 

variables utilized as well as the material characteristics before stretching in determining the 

microporosity behavior of the final HDPE microporous membranes is investigated and 

described in Chapter VI. Finally the summary of this study and some recommendations 

for future work are presented in Chapter VI. It is hoped that the results obtained in this 

dissertation can be valuable for a better understanding on how to control the 

microporosity behavior of the HDPE microporous membranes by the three-step process of 

extrusion, annealing, and stretching.



CHAPTER Il 

LITERATURE REVIEW 

2.1 INTRODUCTION 

Gas and liquid separations via membranes developed from polymeric materials 

have become a very important technology for a variety of applications’ such as 

microfiltration, ultrafiltration, reverse osmosis, electrodialysis, and gas separation. The 

advantages of using polymeric membranes over other materials are: 1) the wide range of 

chemical structures from different polymers allows a broadening of the range of 

applications, 2) the cost of producing polymeric membranes is generally much lower than 

for most other materials such as ceramics, 3) the physical structure of polymeric 

membranes can often be easily adjusted to fit specific separation needs. A summary of 

technically relevant membrane separation processes, including their operating principles 

and their main areas of application, is listed in Table 2.1. Although synthetic membranes 

display a large variety in their physical structure and chemistry nature, they can be 

generally classified into four basic categories: 1) microporous membranes, 2) 

homogeneous films, 3) asymmetric structures, and 4) electrically charged barriers. Since 

this study focuses on the formation of microporous polyethylene membranes, the 

important techniques to produce microporous membranes will be briefly reviewed in the



following discussion. 

Microporous membranes represent a very simple separation device as far as mass 

transport properties and separation mode are concerned. They are composed of a 

continuous matrix with defined holes or pores which have diameters ranging from more 

Table 2.1. Technically relevant membrane separation processes, their operating 

principles, and their application.‘ 

  

  

Separation process | Membrane type Method of Range of 

separation application 

Microfiltration symmetric sieving mechanism _ sterile filtration 
microporous due to pore radius _ clarification 

Ultrafiltration 

Reverse osmosis 

Dialysis 

Electrodialysis 

Gas separation 

membrane 0.1 to 10 

iim pore radius 

asymmetric 

microporous 
membrane | to 10 
nm pore radius 

asymmetric “skin 

type” membrane 

symmetrical 

microporous 

membrane 0.1 to 10 
nm pore radius 

cation- and anion- 

exchange 
membranes 

homogeneous or 

porous polymer 

and absorption 

sieving mechanism 

solution-diffusion 

mechanism 

diffusion in 

convection free 

layer 

electrical charge of 

particle and size 

solubility, diffusion 

separation of 

macromolecular 

solutions 

separation of salt 
and microsolutes 

from solutions 

separation of 

salts and 

microsolutes 

from 

macromolecular 

solutions 

desalting of ionic 

solution 

separation from 

_ gas mixture



than 5 nm to less than 50 um. Separation of certain specific components is simply 

controlled by a sieving mechanism with the pore dimensions and the particle sizes being 

the key factors.°° The important methods to produce microporous polymeric membranes 

include phase inversion, etching, and stretching. 

For the phase inversion process, a polymer is dissolved in an appropriate solvent 

and cast as a 20 to 200 um thick film. The resulting film is then brought into contact with 

a nonsolvent which replaces the solvent and causes precipitation and separation into a 

solid polymer and a liquid solvent phase. The precipitated polymer forms a porous 

structure containing a network of more or less uniform pores.*”* By varying the polymer, 

the polymer concentration, the precipitation medium and the precipitation temperature, 

microporous phase inversion membranes can be made in a very large variety of pore sizes, 

with different chemical, thermal, and mechanical properties. This type of membrane is 

used for different separation tasks including the clarification of turbid solutions, to the 

removal of bacteria or enzymes, the detection of pathological components, and the 

9-11 
detoxification of blood in an artificial kidney. However, the procedure to remove 

contaminants and solvent recovery for this type of membrane process is usually tedious 

and expensive. 

Microporous membranes can also be made by an extraction (etching) process 

comprising the steps of mixing a polymer with a pore-forming agent such as a fine powder 

of different polymers to obtain micro-phase separation system and subsequently extracting 

12,13 
the dispersed phase composed of pore-forming agent. The continuity requirement of



the resulting pore structure by extraction are decided by the morphology of the system and 

therefore by the composition of the pore-forming agents. Recently, this method has also 

been applied to copolymer systems such as a polystyrene-polymethylmethacrylate block 

copolymers by Rein et al. '4 Immersing the PS-b-PMMA films into a solvent for PMMA 

which was a nonsolvent for PS, Rein et al. produced microporous films with a pore size 

ranging from 20 nm to 50 nm in diameter. The pore size and its distribution of the 

microporous membranes produced by this controlled solvent etching process were found 

to strongly depend on the nature of the starting morphology in the film. 

Another important etching technique to produce microporous membranes is called 

track-etching.'’ Microporous membranes made by this method usually have very uniform, 

almost perfectly round cylindrical pores. In the first processing step, a homogeneous 10 

to 20 um thick polymer film is exposed to collimated charged particles from a nuclear 

reactor. As particles pass through the film, they leave sensitized tracks where chemical 

bonds in the polymer backbone are broken. Following the track-formation step, the 

irradiated film is placed in an etching bath with the damaged material along the tracks to 

be preferentially etched forming uniform cylindrical pores. Since the radiation exposure 

time affects the total number of sites damaged by the charged particles, the pore density of 

a track-etched membrane is determined by the residence time in the irradiator. On the 

other hand, since the final size of each damaged spot 1s decided by the etching process, 

the pore diameter is controlled by the residence time in the etching bath. One important 

commercial product made by this method is called a Nuclepore® track-etched membrane, 
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in which the holes are about 0.2 1m in diameter. | 

The third method - stretching, is the simplest method for preparing microporous 

films. The sample preparation scheme before stretching is usually important for 

determining the stretching procedures to be utilized. For example, Misutani et al. 

developed biaxial stretching technique to produce microporous polypropylene sheets. '° In 

their method, polypropylene resin is first well mixed with fillers and then followed by an 

extrusion process to produce the composite polypropylene base sheet. The resulting 

extruded sheet is successively stretched in the machine direction and the transverse 

direction. To remove the fillers from polymer matrix completely after deformation, the 

fillers should have poor wetting ability with polymer matrix. The pore size and porosity of 

final microporous product are found to be controlled by adjusting the filler content, 

particle size of filler, and stretch degree. In 1974, Williams et al. invented the solvent- 

swelling stretching method to make microporous membranes.'’ For the solvent-swelling 

stretching technique, a polymeric film having at least two components is immersed in the 

solvent and absorption of the solvent only occurs in the component of lesser volume 

fraction. The film is first stretched at least in one direction while it is in contact with the 

solvent and then maintained in its stretched state during removal of the solvent. Following 

the primary stretching process, the film is further stretched optionally in one or more 

directions. This method 1s limited due to the fact that the residual solvent trapped in the 

microporous film has to be removed after being stretched. 

Besides the above stretching methodologies, uniaxial stretching processes have



also been developed to produce microporous membranes. Especially the latter method is 

invented without using fillers (or solvents) and therefore has the advantage of avoiding any 

filler (or solvent) contamination. Since this is also the technique utilized in this study for 

making microporous polyethylene membranes, it is important to review the origin of the 

development for the uniaxial stretching process. In the 1960s, it was found that within a 

certain range of processing conditions, spun fibers and uniaxially oriented extruded films 

of certain specific semicrystalline polymers showed high short-term recovery from nearly a 

100% extension.'® These fibers and extruded films were named “hard elastic” materials 

due to the fact that their modulus of elasticity is much higher than that of classical elastic 

or rubbery polymers with similar recovery properties at strains less then a 50% 

extension.’” A unique morphology - either a fibril nucleated structure or stacked lamellae 

is formed when these polymers are melt-extruded and crystallized under stress. The 

resulting lamellae are usually well defined with the polymer chain axis well oriented along 

the extrusion direction. Micropores can be produced in the melt-extruded films after 

annealing and stretching in the extrusion direction.'* The resulting microporous 

membranes are composed of unidirectional stacks of fibrillar domains separated by islands 

of piled lamellae. The slit-like pores resulting from such fibrillar separation are relatively 

uniform and can be produced with varying pore size of 0.1 to 20 um. Figure 2.1 shows an 

® 

example of a microporous polymer film (Celgard”) made from hard elastic 

polypropylene.” In addition to polypropylene, these phenomena have been observed for 

nylon 6-6,” polypivalolactone,” polyoxymethylene,” poly(4-methyl-1-pentene),” and 
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polytetrafluoroethylene.”” 

  
Figure 2.1. SEM micrograph of polypropylene microporous membrane. The thickness of 

the lamellae in the unextended parts is about 180-200 A.” 

Although the information concerning the mechanism of forming microporous 

membranes by stretching is very limited in the literature, progressive knowledge of the 

microstructure of microporous materials has put them in service in many medical and 

26-3 : ' Several processing steps are industrial applications as unique microporous filters. 

necessary to produce microporous membranes using the uniaxial stretching method. The 

procedures can be generally separated into three different stages:”’ 1) extrusion, 2) 
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annealing, and 3) stretching. These procedures of making microporous membranes have 

been described in several patents”’”*”’ but have almost never been studied in the scientific 

literature - particularly as a complete step-by-step analysis of the processing-property 

response. A fibril nucleated morphology or stacked lamellae is generated in the extruded 

films by the extrusion process.*” Upon further annealing, the crystalline structure in the 

extruded films will be improved by increasing the size of the crystallites and removing 

imperfections therein.” In the last stage, when the annealed extruded films are subjected 

to tensile deformation, the lamellae tend to separate or “peel apart”, forming voids which 

often contain uniaxially drawn interconnecting fibrils.'* Clearly the mechanism of forming 

microporous membranes is a complicated topic. As it has been stated before, while there 

have been some studies investigating how to make microporous membrane using the hard 

elastic materials such as polypropylene, there has been little work done on polyethylene. 

Since the crystalline structure of polyethylene is much simpler than any other polymer 

systems, polyethylene is employed in this dissertation to study the mechanism of forming 

microporous membranes. 

2.2. THE FOLDED CHAIN LAMELLA 

The crystalline unit cell structure of polyethylene is well established. It was first 

identified by Bunn.** By comparing the x-ray diffraction patterns from n-paraffins and 

from a branched polyethylene, Bunn concluded that polyethylene has the unit cell structure 
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as do the shorter chain linear polyethylene or alkene oligomers. The unit cell ts 

orthorhombic and the packing of the polymer chains into the unit cell is shown in Figure 

2.2. The polymer chain ts organized in a planar zigzag conformation with its chain axis 

lying along the crystallographic c-axis. In independent experiments by Till,”“ Keller,’ and 

Fisher,*’ published in 1957, single crystals of polyethylene were grown from quiescent 

dilute solution. Keller clearly pointed out the fact that the molecule of polyethylene, 

which can be 5-10 um long, lies in the single crystal with its chain axis perpendicular to 

the large, flat faces of the single crystal lamella having a thickness of 10 nm. He 

concluded that to accommodate this behavior, the polymer chain must fold back 

repeatedly at each crystal surface alternatively, a phenomenon now well known and called 

“chain folding”. This type of crystallization was of great interest scientifically but its 

relevance to bulk crystallized material was not immediately evident. 
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Figure 2.2. The orthorhombic unit cell structure of polyethylene.** Note that the c-axis is 

parallel to the chain axis.



The principal difference in melt crystallization, as compared to crystallization from 

the solution state, is in the number of entanglements between polymer molecules in the 

coiled state. Extensive literature reviews are available concerning the crystallization of 

polymers from quiescent melts.*”“” The most commonly observed morphology in 

polymers crystallized from quiescent melts is spherulitic.”” From birefringence 

measurements”’ and micro-beam x-ray analysis,” it has been suggested that the principal 

crystalline unit in a melt-crystallized linear polymer is also a thin chain-folded lamella 

similar in general character to a single crystal with respect to the direction of the folds and 

its thickness.*” Quiescent polymer crystallization occurs by the nucleation of spherulitic 

centers and the subsequent longitudinal growth of radiating arrays of ribbons or lamellae. 

The outward growth of the spherulite ceases when it has impinged onto the growth front 

of another spherulite.*° 

2.3 FLOW INDUCED CRYSTALLIZATION 

The long chain nature of macromolecules tends to maintain the random coil state 

due to the entropy effect caused from thermal Brownian motion. As it undergoes 

crystallization, the polymer chain organizes itself into the crystalline phase in a very 

regular manner, thereby decreasing its entropy. One simple solution to prevent chain 

folding in supercooled crystallizable polymers is to apply directional stress during the 

crystallization process to achieve strong orientation. The influence of molecular 
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orientation on the crystallization of polymeric materials can easily be revealed from the 

example of strain induced crystallization in rubber. It is well known that either butyl or 

natural rubber in the unperturbed (unoriented) state is difficult to crystallize at ambient 

condition, whereas it does crystallize rapidly at room temperature when highly 

stretched“? 

Schuur’? has discussed the bridges between the rheological and crystallization 

phenomena in polymers using fundamental arguments. Compared with non-oriented 

polymers, polymers with molecular orientation can crystallize more rapidly. Conversely, 

oriented crystallization can enhance the orientation caused by the rheological effects. 

When a flow field is imposed on polymer solutions or melts, molecular orientation can be 

obtained to influence the crystallization. The imposed flow fields can be generally 

classified into two categories: elongational (irrotational) flow and shearing (rotational) 

flow.” An extensional flow field has the velocity gradient parallel to the direction of flow 

and fluid elements undergo a stretching deformation. However for a simple shear flow, 

the velocity gradient is perpendicular to the direction of flow and the elements of the fluid 

undergo a deformation with a rotational nature. In polymer melts, the distinction between 

these two flow fields becomes somewhat blurred because of the molecular entanglements 

which prevent free rotation of a molecule. Since the velocity gradient that exists in a shear 

flow can also elongate the molecular chains, molecular elongation is suggested to happen 

for polymer melts even if in a shear field.“ 

The significant influence of a flow field on polymer crystallization was first clearly 
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shown by Pennings and Kiel.”” They successfully prepared fibrous crystals from a 5 wt% 

polyethylene solution in xylene which was stirred by a paddle at 102 °C. During the 

stirring, lamellae crystallized epitaxially onto the fibrous nuclei to form a special type of 

morphological species which is now universally known as “shish kebabs”.”” The long 

central thread of such shish kebabs was formed from the high molecular weight 

components and contained a substantial proportion of extended chain crystals that resisted 

dissolution and provided high tensile strength. The flow conditions in a paddle-stirred 

flow system are complicated. It has be shown that simple shear flow alone is not capable 

of generating nucleation in a dilute polymer solution and the major influential factor is the 

presence of an extensional flow in the Taylor vortices caused by stirring.°’*? Studies in 

oriented crystallization from dilute polymer solutions are not limited to polyethylene. This 

phenomenon has been reported for several systems: poly (ethylene oxide),” 

polyoxymethylene,™ isotactic polystyrene,” and isotactic polypropylene.***° Figure 2.3 

represents this so-called “shish-kebabs” morphology observed in all cases of growth from 

stirred solution.*’ 

The orientated crystallization phenomenon has an important parallel in melt- 

crystallized polymers since most industrial fabrication processes, such as injection molding 

and extrusion, induce orientation in the polymer melt. The development of the “shish 

kebab” model for understanding the mechanism of growth from stirred solutions has since 

been extended to the crystallization from stressed melts.** The crystallization of polymer 

melts under uniaxial extensional stress also produces oriented structure which has been 
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Figure 2.3 Schematic representation of shish kebab structure.” 

studied by x-ray diffraction.” However, an understanding of the complex orientation 

patterns was not possible until the “row nucleated model” was proposed by Keller et al.** 

Combining the “shish kebab” mechanism of nucleation and degree of stress level, Keller et 

al. proposed the row nucleated model to describe crystallization of polymer melts under 

stress. The effect of stress level in the model is explained in Figure 2.4. If the stress that 

can be sustained by polymer melts during crystallization is high, the resulted epitaxial 

lamellae will have a planar conformation. However, if the stress level is low, twisted 

lamellae will be formed. This row nucleated model will be further described in a later 

discussion. 
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Figure 2.4 The row-nucleated structure proposed by Keller et al. 

It has been shown that for crystallization from both solution and melts, the 

crystallization temperature increases with orientation and the resulting crystals have a 

higher melting point. These observations can be explained in terms of the entropy effect. 

At the melting temperature, the free energy of the melt equals to that of the crystal. 

Therefore the equilibrium melting temperature can be written as 

Af = 2.1 m= 55, (2.1) 

where AH, is the heat of fusion and AS, is the entropy difference between the crystal and 

the melt. A reduction in the entropy of the melt leads to a smaller AS- and therefore a 

higher Ty. 

18



The first theoretical work to describe the isothermal crystallization rate in oriented 

polymers was done by Kobayashi and Nagasawa.” Their model shows that the decrease 

of entropy by a constant shear stress causes an abrupt increase in the rate of crystallization 

and a decrease of the thickness of the folded-chain lamellar crystals. A few years later, 

considerable amount of work on the theoretical analysis of oriented and non isothermal 

crystallization of polymers was carried out by Ziabicki.°’™* Ziabicki derived the kinetic 

equations of simultaneous orientation and crystallization based on the classic theory of 

phase transformations proposed independently by Kolmogoroff, Avrami, and Evans.°'? 

In 1979, Yeh and Hong™ derived an equation for strain induced nucleation based on the 

assumption that the difference in free energy between oriented melt and crystal is raised in 

contrast to that in quiescent crystallization by the difference in entropy between the two 

melt states, AS'= (S,noriented — Soriented)- In the high temperature range, 1.e. for T > 

(T,.+T,)/2, the enhanced nucleation rate is then given by: 

  

N° Boo’, Te AhAT ) 
== - TAS' . 7 OS ng + TAS) (2.2) 

kpN 24n 
AS'= “BoA ~1) (2.3) 

aw 

where N° is the nucleation rate in the oriented state, N is the nucleation rate in the 

unoriented state, N is the number of entanglement network chains per unit volume, ni is 

the number of statistical segments per net work chain, / is the stretch ratio, kg is the 

Boltzmann constant, Ah is the heat of fusion, and T,, is the equilibrium melting 
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temperature. Since the first term is greater than or equal to the second term on the right 

side of equation 2.2, an enhanced nucleation under flow and stress conditions is expected 

theoretically. A text® on flow-induced crystallization is available for more information 

concerning the theoretical considerations of crystallization under stress. 

2.4 EXTRUSION OF POLYMER MELTS 

Two important industrial processes, fiber spinning and extrusion, which generally 

result in the preferred molecular orientation of semicrystalline polymers, have been 

investigated for many years for how the process variables can influence final structure- 

property behavior. The orientation of polymer chains as well as larger scale lamellar 

morphology are recognized as two principal variables in determining the performance and 

behavior of final products. Considerable effort had been undertaken to define the 

relationship between the processing conditions and the structure-property behavior of 

extruded films. The fundamental aspects of the extrusion process such as the mechanism 

of molecular orientation during the processing and the influence of molecular orientation 

on the crystallization and morphology of semicrystalline polymers had also been studied by 

many researchers. Until the work of Holmes et al. in the mid 1950s,” there were no 

major published studies of the morphological structures of extruded film. Using a Statton 

X-ray camera, Holmes et al.” examined the structures for melt extruded low-density 

polyethylene blown films and concluded that in this case, surprisingly the a-axis of the unit 
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cell was preferentially aligned along the extrusion direction. A few years later, Aggarwal 

et al.© also reported a-axis orientation extruded films by showing an intense short single 

(200) arc along the machine direction in the X-ray diffraction pattern. They also 

concluded that the c-axis, the polymer chain direction, tended to orient perpendicular to 

the extrusion direction when a-axis orientation exists. In 1954 Keller raised an interesting 

concept of “row orientation” in which the b-axis lies in the TD-ND plane, while the a- and 

c-axis are preferentially oriented along the MD for high pressure low density polyethylene 

extruded films.°”* Using the method of pole figures for high density polyethylene 

extruded films, Lindenmeyer and Lustig found support for row structure.” They 

measured the a-, b-, and c-axis distributions for a series of extruded high density 

polyethylene films of different blow-up ratios. They found that for low blow-up ratios, the 

a-axis Orientation was in the machine direction (MD) but inclined at approximately 65° to 

the plane of the film. The b-axis orientation was found to have a maximum in the 

transverse direction (TD), and the c-axis distribution showed a maximum at about 45° to 

the plane of the film in the machine direction. Lindenmeyer and Lustig suggested this to 

be a possible confirmation of Keller’s model of row nucleation. In 1967 Keller and 

Machin further modified the model of “row nuclei” based on the level of stress for both 

low and high density polyethylene extruded films and suggested that the row nucleated 

structure is similar to the shish-kebabs crystallized from the solution state.™* Keller et al. 

proposed that row nucleation is essential for crystallization under directional stress.”® 

Under low stress during crystallization, the twisted lamellae grow from the central row 
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nuclei to form winding ribbonlike structure while crystallization under high stress 

produces stacks of flat planar lamellae extended from the central row nucleus that is itself 

highly aligned along the principal stress axis(generally the MD). The latter will result in a 

c-axis orientation diffraction pattern while the low stress case will also give signs of a-axis 

orientation. 

In 1969 Desper” investigated the structure and properties of a series of extruded 

polyethylene films produced with different cooling air velocities. He found that for 

increasing cooling air velocity, the birefringence changes from being slightly positive to 

slightly negative. From x-ray analysis, Desper showed that the measured in-plane 

amorphous orientation was quite low while the in-plane birefringence was largely due to 

crystalline (c-axis) orientation. He also showed that the change in the sign of the 

birefringence at increasing quenching rates was due to the c-axis orientation changing 

from being parallel to the machine direction at low velocities to being somewhat 

perpendicular at higher velocities, as was confirmed by dichroism results. Continued 

investigations into the orientation studies for high density polyethylene blown films have 

been published by Maddams and Preedy.°"” They used pole figure analysis to study the 

orientation behavior of a series of high density polyethylene films manufactured on both 

commercial and experimental film blowing units.’ They pointed out that the maxima of 

the (200) poles were observed in the ND-MD plane, the precise position showing some 

dependence on the cooling conditions. The greater the rate of cooling, the closer the 

maxima became to ND. Maddams and Preedy interpreted their results in terms of 
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Keller’s model of row nucleation.» The nucleating sites in Keller’s model have an 

extended chain structure with the c-axis parallel to the machine direction. Crystallization 

takes place along these extended chain nuclei radially and leads to preferential orientation 

of the b-axis perpendicular to MD. This crystallization occurs as chain folded lamellae 

growth, which, under low stress conditions, leads to random a- and c-axis orientation in 

the ND-MD plane. However, under high stress, the molecules are aligned in the stress 

direction, and so the a-axis also lies along ND. In 1983, Maddams and Vickers” further 

conducted orientation studies on high density polyethylene blown film and discussed the 

method of X-ray pole figure analysis. They identified the relaxation of stresses induced by 

extrusion and blowing as two major factors in determining orientation in the crystalline 

regions. The former dictates the overall degree of orientation while the latter influences 

the type of orientation. 

Examinations of the row nucleated structure in extruded films have been published 

by many researchers. In 1966, Davis” observed the interlamellar long fibrils extending 

between mechanically separated lamellae in melt-crystallized polyoxymethylene. Davis’s 

75.78 to support the fibril nucleated observations have been adopted in the literature 

model. In 1970 Garber and Clark”’ claimed that their scanning electron microscopy(SEM) 

analysis for polyoxymethylene extruded film revealed for the first time the precise nature 

of the row nuclei. Using SEM, the row nucleated structure has been further observed for 

melt-spun fibers of poly-3-methyl-1-butene and its copolymers” and for polypropylene 

extruded films.'* Since so many studies supported the row nucleated model, the row 
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nucleated structure has now been widely accepted as a common feature for extruded hard- 

elastic films and melt-spun fibers.'*”” 

It is a well known fact that molecular weight and molecular weight distribution are 

two critical inherent factors of the resin in determining the development of properties and 

structure of melt-spun fibers and extruded films.*°** By extruding commercial 

polyethylene with different molecular weight distribution, Bashier et al. found that both 

the high and low molecular weight tails of the distribution are very influential in the 

structure development of extruded products.*”** On the one hand, the high tail 

contributes to the formation of extended chain fibril (which constitute the backbones of 

the shish kebabs). On the other hand, the low tail enhances melt stability but decreases 

melt strength. Investigations into the role of molecular weight distribution on the 

spinnability, structure, and properties of melt-spun isotactic polypropylene filaments have 

been recently published by Lu and Spruiell in a series of two papers.*”™ In the two 

articles, Lu and Spruiell showed that spinnability and the resulting structure and properties 

are affected by both the weight-average molecular weight and the polydispersity. Ina 

more recent study, Misra et al.”' pointed out that the work published by Lu and Spruiell 

was incomplete because the number of resins studied (three) was too small to separate out 

completely the relative influence of molecular weight level from the effect of the breadth 

of the distribution. In order to separate out the relative significance of molecular weight 

level from the breadth of molecular weight distribution, Misra et al. studied nine resins 

with polydispersity from 2.6 to 5.4. It was observed by Misra et al. that the spinnability, 
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structure, and properties of their spun filaments were all strong functions of the breadth of 

distribution. They concluded that the major influence of the polydispersity on the 

structure and properties developed was attributed to its effect on both the elongational 

viscosity of the resin and the ability of high molecular weight tails in the distribution to 

influence the stress-induced crystallization that occurs in the spinline. 

In the 1960s, a theoretical model to predict the viscosity vs. shear rate curve was 

developed by Graessley.”””* In his model, the Rouse relaxation-time parameter governs 

the location of the shear rate where the viscosity begins to decrease. The product of the 

relaxation time constant and the shear rate at the onset of non-newtonian flow is of the 

order of unity and is well associated with the concept of the Deborah number. This 

specific relaxation time at which shear thinning begins relates to the longest relaxation 

time in the corresponding relaxation time distribution of the polymer chains. Graessley’s 

theory also predicts that viscosity is very sensitive to molecular weight at the beginning of 

non-Newtonian flow, but it becomes almost independent of molecular weight in the 

asymptotic shear thinning region with a constant limiting power-law exponent to be ca 

9/11 for narrow distribution systems. Investigations into the dependency of the flow 

behavior of viscosity vs. shear rate on molecular weight distribution have been mostly 

carried out for polymer solutions.” Data for melt rheological experiments that address 

the relaxation time behavior are more limited often due to the narrower frequency window 

that one can achieve from this approach. In order to understand the influence of 

molecular weight distribution on the melt relaxation time behavior of the two HDPE resins 
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quantitatively, rheological experiments were also conducted in this work. 

In 1974, de Gennes” developed the theoretical coil — stretching transition model 

to describe the effect of elongational flow on an isolated random coil chains. This coil > 

stretching transition concept has been applied by Keller et al.”’ to explain the orientation 

phenomena in polymer melt during processing and their consequence for structure 

formation. Keller et al. suggested that the polymer chain orientation caused by melt flow 

during processing are of two types of orientation: the essentially fully stretched out and 

the essentially unoriented random chains, with no intermediate states. Keller et al. 

explained that these two states occur because as the flow rate is gradually increased, there 

will first only be small changes in the chain conformation up to a critical strain rate (€,) 

beyond which the random coil will be stretched out completely. This interpretation is 

based on the fact that as the deformation time scale is faster than the molecular relaxation 

time, the macromolecule which can not maintain its coil state will be oriented (or stretched 

out) along the flow direction. Since the molecule with a higher molecular weight 

possesses a higher relaxation time and therefore a greater Deborah number, it is apparent 

that this critical strain rate decreases with increasing the molecular weight of polymer 

chains. When passing from the oriented melt to the crystalline state, the random chains 

lead to chain folded lamellae and the extended chains to fibril nuclei first with the chains 

nearly essentially extended within them. Intermediate orientation states obtained in the 

final product was speculated to be due to the different combinations of the two extremes. 
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2.5. ORIENTATION DETERMINATION FOR POLYETHYLENE 

The determination of chain orientation in polymers is of great interest from both a 

technical and theoretical standpoint. The first quantitative investigations on the linear 

dichroism related to the micellar orientation in cellulosic fibers and films were carried out 

by Preston,”® who made the first definition of the dichroic ratio for the absorption of 

1° which includes different kinds visible light. Preston et al. published a series of studies 

of optical anisotropies such as absorption, reflection, and fluorescence of polarized light as 

well as birefringence that might be utilized to calculate the average degrees of molecular 

orientation within the system. They were able to evaluate the crystalline and amorphous 

contributions to the average degrees of molecular orientation by comparing the average 

orientation obtained by the optical methods mentioned above with that derived from X-ray 

diffraction. 

The orientation distribution function of chain segments is rigorously defined by a 

series of spherical harmonic orientation functions. In general, they are not easily 

determined analytically and only the X-ray method is capable of giving the complete 

orientation distribution (crystalline phase only) which can not be achieved by any single 

spectroscopic technique. The second harmonic orientation function is known as the 

Herman’s orientation function and given by ‘*!”° 

  

_ Bcos’ 6-1) 
2 

f (2.4) 
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in which 0 is the angle between the chain axis (or in some cases the orientational unit is a 

crystal unit cell axis) and a chosen reference axis (usually the machine direction). When 

the polymer chains (or orientational units) are aligned along the reference axis, 1.e., 82=0°, 

f= +1, whereas for the case of perpendicular orientation, i.e., 82=90°, f= —1/2. For 

random orientation it can be shown that f= 0. This function can be obtained from a 

number of spectroscopic techniques. Optical anisotropy or birefringence is one convenient 

way for measuring Herman’s orientation function for homogeneous system owing to the 

following equation 

A=A*f (2.5) 

where A is the birefringence of the material under investigation and A° is the birefringence 

1.'°° However, in the case of semicrystalline polymers, the of the fully oriented materia 

crystalline and amorphous chain orientation must be investigated separately. Assuming 

the expected additivity of the two contributions to the total birefringence, Stein proposed 

the following relationship for semicrystalline polymers above T, where distortion or glassy 

birefringence should not exist 

A=X, *f, *A° +(1-X,)*£,, *A°, +A (2.6) form 

Here, f, and fam are the crystalline and amorphous orientation functions, A,° and Aam are 

the intrinsic birefringence values for the perfectly oriented crystalline and amorphous 

phases, X, is the crystal volume fraction, and Afonm is the form birefringence due to the 

distortion of the electric field of the incident light wave at the phase boundary of the two- 
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phase system in which the two components have different refractive indices and 

appropriate sized oriented anisotropic structure such as oriented stacked lamellae.’ This 

latter contribution is recognized to generally be very small. For polyethylene the value A,” 

= 0.058 has been universally accepted'*’ and the amorphous birefringence is Ayn’ = 0.200 

which is an average value from several sources in the literature.'°*'"’ Internal field effects 

with respect to the crystalline phase results in a much smaller crystalline intrinsic 

birefringence than that for the amorphous phase as has been discussed by Mead et al.''° 

The coordinate system for describing the crystal orientation of the unit cell of 

HDPE is shown in Figure 2.5a.''”""* The angles a, B, and € are measured between the z 

axis (the machine direction) and the a, b, and c crystallographic axes. Since the three axes 

are perpendicular for the orthorhombic unit cell, 

cos’ a +cos’ §+cos’ ¢=1 (2.7) 

SO 

f,+f,+f, =0 (2.8) 

where the three axial orientation functions are defined as 

  

  

  

f= @ cos’ @-1) (2.9) 
2 

f, = (3 cos’ B-1) (2.10) 
2 

f, = aes (2.11) 
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These three functions are not independent and only two of them are necessary in order to 

completely specify the orientation. For uniaxially oriented polyethylene, it is more 

convenient to work with the (200) and (020) reflections. The angles, measured from the 

equator to a point on these reflections, are designated as W209 and Wo20 which are 

illustrated in Figure 2.5b. 

  

  
Figure 2.5a. The coordinate system used for describing the orientation of a polyethylene 

crystal. '°” 
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Figure 2.5b. The azimuthal diffraction angle, wy, for (110), (200), and (020) reflections is 
illustrated in this figure.'”” 

  

  
The orientation functions of the crystals are then given by 

5 - 2 COS? Bao * SIN” W 59 — 1) 
° 2 
  (2.12) 

(3* cos” For* sin? Vom — 1) f, = 5   (2.13) 

  

where 6299 and Qo29 are the Bragg angles for the two reflections. The value of sin? y may 

be obtained by measuring the variation of intensity around the appropriate arc of the 
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diffraction pattern. If I(y),,, is the relative intensity at angle y,,, on the (200) reflection 

arc then 

IY) 200 sin’ Y 299 COS W 3994 W 299   

O
n
n
]
 a

 

  SiN’ W409 = (2.14) 

I(W) 99 COS W 299 W 209 
o
a
n
]
 a
 

  

This integral may be evaluated graphically. An approximation value for sin* y may be 

calculated from the half width of the appropriate reflection arcs.'°71'7!" 

Another important technique utilized widely in the literature to determine 

orientation is FTIR linear dichroism. This method can often be employed to detect the 

degree of molecular orientation in a specific phase or component for multiphase or 

multicomponent systems.’ The basic principle of linear dichroism is that a sample 

subjected to plane-polarized light in two perpendicular directions giving different 

absorbances (Aj; and A, ) exhibits dichroism. The dichroic ratio D is defined as 

p=—i (2.15) 

where Ay; and A, are referred to the FTIR absorbances obtaining when the sample is 

exposed to polarized infrared parallel and perpendicular to a specific reference axis, that is 

often the orientation or machine direction (MD). The dichroic ratio can then be related to 

the Herman’s orientation function in the case of uniaxially oriented system by the 

following relation:'"* 
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D,+2.. D-1 
oy 2.16 

D,-1 D+2’ (16) 
    f =( 

where D,=2 cot’ is the intrinsic dichroic ratio with B being the angle between the 

transition moment of the chromophoric group and the chain axis. It is clear that this 

technique requires the knowledge of the orientation of the transition moment of the 

chromophoric group, which gives absorption in the IR region, relative to the defined axes, 

such as the polymer chain axis or the crystallographic axes, within the structural units. 

Another important limitation for FTIR linear dichroism is sample thickness.'” This is due 

to the fact that the sample transmittance must be sufficient to allow an accurate 

determination of the absorbance. Furthermore band overlap for different chromophoric 

groups absorbing in nearby regions can also cause problem for FTIR measurements.” 

For polyethylene, the CH2 rocking vibrations in the crystalline phase give absorptions at ca 

720 cm" and 730 cm’. The two components with respect to in-phase and out-of-phase 

rocking modes are the 720 cm™' component having a transition moment along the b-axis 

and the 730 cm”! component polarized along the a-axis and give D,= © for both the ‘a’ 

11:11 The orientation functions of the crystal ‘a’ and ‘b’ axes can then be and ‘b’ axes. 

evaluated from the FTIR dichroic ratios, D, for the 730 and 720 cm" bands, D739 and 

D720, by the following relations 

f, = Dey (2.17) 
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Day -1 
oS (2.18) 

Once f, and f, are evaluated , f. can then be calculated using eq. 2.8. There are some 

difficulties, however, in using FTIR dichroism for determining f, and f, as has been 

discussed by past workers.''*''* To summarize, the difficulties arise from 1) the 

uncertainty about the precise direction of the transition moments with respect to the a and 

b-axes, 2) the close overlap of the two peaks, 720 and 730 cm" causing difficulties in band 

deconvolution , and 3) the presence of a weak broad amorphous component centered at 

720 cm” which may contribute unequally to both peaks. Since the transition moment 

associated with the 1368 cm” band is assigned to be perpendicular to the chain axis in the 

amorphous phase, the amorphous orientation function, fam, can also be evaluated from 

FTIR dichroism using the amorphous band at 1368 cm” by'!*!”° 

Dy. —1 
am pS (2.19) 

In this dissertation, the values of f, evaluated from WAXS will be compared to 

those calculated from FTIR dichroism. Through the use of the birefringence 

measurements in conjunction with WAXS and FTIR, it will be shown that WAXS 

produces a more accurate result for f, than does FTIR and the amorphous phase 

Orientation is suggested to be very small as confirmed by FTIR dichroism measurements. 
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2.6 ANNEALING BEHAVIOR OF SEMICRYSTALLINE POLYMERS 

Thermal annealing of a semicrystalline polymer is performed by heating the 

material to temperatures approaching its melting point.'?’ During many industrial 

processing operations, polymer chains are deformed to induce crystallization and 

orientation. After processing, most of the polymer chains are often in a nonequilibrium 

state. Upon thermal annealing, these molecules tend to adjust their energy state toward 

the equilibrium condition, 1.e., in order to reach their minimum energy status. For 

example, polymer chains in the crystal defect region generally prefer to rearrange 

themselves into a more perfect crystalline structure, while the macromolecules in the 

oriented amorphous portion often alter their oriented conformation toward a more random 

coiled configuration.'”* In other words, thermal annealing can further enhance internal 

mobility and promote greater stability by the elimination of stresses or defects by 

mechanisms that favor a more thermodynamic equilibrium condition.'?’ These annealing 

effects have been described for semicrystalline polymers with a lamellar 

-128 . : 
99,121,123-128 and some features of this process and its effect on structural morphology 

aspects will be addressed below. 

Structural changes caused by annealing in crystalline polymers can be generally 

detected in molecular mobility, morphology, and physical properties. Considerable effort 

has been spent on understanding the annealing behavior of semicrystalline polymers. 

However the complete molecular mechanisms responsible for various observed annealing 
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effects are still not completely resolved. It has been pointed out by Yeh et al.'”* that the 

difficulty in obtaining a full picture of the annealing phenomena is due to the fact that there 

are many variables that can influence the observed changes induced by annealing. The 

important factors which are critical in determining the annealing effects include annealing 

temperature, time, tension (or extension), prior physical state (such as oriented or 

unoriented) of the sample, as well as chemical structure and composition (molecular 

weight and architecture of polymer chain).'** These factors often contribute to a shifting 

and/or narrowing of the temperature ranges in which the changes may occur, to the degree 

of reversibility and to the magnitude of the observed changes which may lead to the 

various observations. In other words, as one compares the results published in the 

literature, it is important to understand the exact conditions (such as the important 

variables discussed above) under which the data were produced. 

Since the annealing changes depend on a much of variables, it is often difficult to 

define the relationship between the annealing structural changes and annealing 

temperatures. However, after examining numerous annealing data, Yeh et al. reached the 

conclusion that there are certain distinct characteristics that may be identified e.g. the 

magnitude of changes upon temperature increases or the degree of reversibility of changes 

upon temperature decrease. They assigned the annealing changes according to three 

general annealing temperature ranges identified as I, II, and III.'** These classifications’ 

are based on the reported changes in chain mobility from n.m.r. linewidth (LW), specific 

heat (Cp) measured by DSC, degree of crystallinity (X) determined by WAXS, SAXS 
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long period (L), SAXS peak intensity, and difference in specific volume (AV). The three 

approximate temperature ranges are suggested to be: (I) from (Tm-60) to (Tm-30) (or toa 

temperature near the original crystallization temperature or to the Ist annealing 

temperature of a crystallized polymer; (ID) from (Tm-30) to (Tm-10); and (IID) from (T,.- 

10) to T,, (the thermodynamic melting point). These three regions are suggested to be 

more or less the dividing temperature range in which the above mentioned annealing 

effects are characteristically found to be changed in nearly all crystallized polymers with a 

lamellar morphology. 

In the annealing temperature range I, generally no significant irreversible changes 

occur in Cp, X, or L, while some small increases are reported in chain mobility and SAXS 

119 peak intensity. ~ All the annealing effects including the morphological changes detected 

in range I are found to be small and generally reversible with temperature, i.e. when the 

128 
In temperature decreases to the original starting temperature the changes disappear. 

annealing range II, the chain mobility is increased greatly relative to range I. More 

significant and irreversible changes are often noticeable in the SAXS peak intensity, long 

spacing, and lamellar thickness. In annealing temperature range III, the chain mobility is 

so high that partial melting has started. However, the recrystallization process can not be 

extended to too high a temperature due to the small supercooling at high temperature. '”° 

Compared to the annealing temperature range I, the annealing effects in ranges II & III 

generally proceed irreversibly.'** According to this classification, the annealing ranges for 

linear polyethylene will be from 80 °C to 110 °C, 110 °C to 130 °C, and 130 °C to 140 °C. 
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In this case the melting point is assumed to be 140 °C for polyethylene crystallized under 

isotropic conditions. '”* 

Five important molecular models have been proposed in the literature to account 

for the annealing effects, especially the lamellar thickening phenomenon. These five 

molecular mechanisms are: (1) chain refolding by solid state diffusion,'”° (2) selective 

melting of thinner lamellae and recrystallization to thicker lamellae, '”’ (3) fold surface 

'3° (4) lateral melting from edges of microparacrystallites,'** and (5) defect premelting, 

diffusion in the crystalline phase.'""’° These molecular models have been described 

extensively in the literature.'?"!7*!*!78_A brief review of these five models will be given in 

the following discussion. 

(1) Solid state diffusion: When a single crystal is isothermally annealed, it is 

suggested that the fold period is increased by a mechanism involving molecular motion 

along the backbone of the molecule while the overall orientation of the molecules in the 

lattice is still maintained.'*° This kind of chain refolding by a solid state long chain 

diffusion process along the c-axis was based mainly on the observation that the c-axis in 

thickened portions of polyethylene single crystals after annealing to 125 °C, remains 

perpendicular to the lamellar surface when examined at room temperature.'”’ This 

mechanism has been considered a very probable process especially in the higher annealing 

temperature range, where molecular mobility may be sufficiently high and the lattice is 

sufficiently expanded for such molecular “gliding” movements. However, it has also been 

questioned by Yeh et al. that it may not be appropriate to define solid state diffusion as 
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diffusion of atoms or molecular chain segments in a lattice which still retains its three 

dimensional crystalline order. 

(2) Selective melting of thinner lamellae: __ Since the crystalline lamellae generally 

consist of a distribution of thickness, the suggestion that the thinner lamellae melt first 

selectively (based on the annealing temperature) appears to be very logical. This 

mechanism together with recrystallization has been considered in the literature to be the 

most reasonable explanation for the observed long period increase. ’”*!”*'? However 

Fischer’™ found a very important experimental observation against this mechanism. That 

is, if melting of lamellae occurs selectively in a stack of lamellae that can scatter X-ray 

coherently, the theoretically predicted values of SAXS peak intensity which should show a 

decrease rather than the observed increase. Although this has been suggested to be a 

reasonable objection, '”* there is some indication that a modified form of selective melting 

may indeed be occurring at a high annealing temperature. 

(3) Fold surface premelting: This model suggests that during isothermal annealing the 

fold surfaces premelt gradually inwards towards the crystalline core along the chain axis, 

until the whole crystalline lamella is melted at the Tm.’*’ The premelting behavior has been 

verified by WAXS experiments on bulk and single crystals of polyethylene.’ Fischer et 

al.'*° showed that a loss of WAXS peak intensities occurred at early stages of annealing 

(indicated some type of melting), followed by recrystallization which resulted in the 

recovery of the WAXS peak intensities. The evidence to support this model has also been 

reported for the SAXS integrated and peak intensity increase with annealing temperature. 
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However, objection to this model, especially for the interpretation on SAXS results has 

been proposed by Yeh et al.’”* Nukushina et al.’*° using PE single crystal mats and 

Schultz et al.’*” using bulk PE have noted reversible SAXS peak intensity changes up to 

four-fold with hardly any changes in long period. Yeh et al. suggested that since this 

intensity increase was found to be much greater than could be accounted for by density 

changes owing to thermal coefficients of expansion of the two respective phases, it was 

incorrect to conclude that the increase is due to increase in the amorphous thickness (or 

decrease of crystal volume fraction) and therefore, melting from the lamellar fold surface 

inward at the expense of the crystalline core. '”* 

(4) Lateral melting from edges of microparacrystallites. | From numerous WAXS and 

SAXS scattering studies, Hosemann et al.'°® proposed the concept of microparacrystallites 

(or mosaic blocks) as the basic unit in the crystalline lamella. Lamellae-shaped single 

crystals grown from solution are seen by TEM to extend laterally over many microns, 

whereas WAXS measurements on single crystal mats usually give much smaller values for 

the coherently scattering domains. Consequently it was assumed that a lamella consists of 

mosaic blocks.'** The existence of microparacrystallites has been indirected supported by 

many other approaches such as by analyzing the linewidths of a number of wide angle x- 

ray reflections'*’ and by degradation experiments on single crystals using fuming HNO3,’*’ 

It also has been directly observed from the morphological changes caused by annealing.” 

Yeh et al.’”* suggested that the amorphous boundaries arise from an increase in 

localized intrachain defects at the microparacrystallite grain boundary upon reaching the 
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annealing temperature. In this model, the premelting actually starts at the grain boundaries 

between the mosaic blocks where the intrachain defects have become substantially 

increased upon heating to annealing temperature range I. Because of their small size, the 

much weakened exposed boundaries can be sources of instability and initial melting. 

Eventually the melted region can recrystallize epitaxially onto the more stable, thicker 

mosaic blocks which had remained unmelted, with a greater lamellar thickness 

corresponding to a small supercooling. The new crystals will have the same c-axis 

orientation as the old crystals upon which the new crystallites have nucleated. Since the 

intrachain defects involve a contraction of chain segments at the mosaic crystal grain 

boundaries, the contraction will create vacancies at the lamellar fold surface. The 

vacancies what contribute to a greater lowering of the density in the interfacial region, in 

between the crystalline lamellae and that of the crystalline lamellar cores. This will lead to 

a larger density difference between the crystalline and noncrystalline regions. 

The invariant (or the scattering power), Q, of a semicrystalline polymer with a 

stacked lamellar structure is defined by 

Q = (Ap)**X,*(1- X,) (2.20) 

where Ap is the density difference between the crystalline and amorphous phases and X, is 

the crystalline volume fraction. Since the value of X. for highly crystalline polymers (such 

as polyethylene) is often above 50%, the increase in X, caused by annealing will contribute 

negatively to the invariant. Therefore an increase of SAXS intensity observed for highly 
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crystalline polymers is clearly due to the greater density difference between the two phases 

induced by annealing. 

(5) Defect diffusion. Instead of requiring a translation of the whole polymer chain, the 

chain mobility in the crystalline lattice is suggested to be obtained by passing the defects 

along the chain. In 1962, Reneker’*’ proposed that the motion along the chain of a point 

dislocation will result in mass transport along the backbone of a polymer molecule in a 

crystal lattice. A related point defect has also been reported by Kedzie" for helical 

polyoxymethylene molecules. The type of defect considered by Reneker is that in which a 

short portion of the chain in the crystal is compressed in the direction of the chain axis. 

This compression is localized and is large enough that the portions of the chain on either 

side of the point dislocation are in their proper lattice positions. If this compressed region 

starts at one end of a segment within a crystal and moves to the other, the entire segment 

is transported within and with respect to the crystal as a whole by a distance equal to the 

excess length included within the dislocation.'"*'*! The energy required for moving such a 

defect may be considerably less than that required to move the entire segment an 

equivalent distance at one time.'*’ This type of “defect diffusion” is suggested related to 

the logarithmic increase of the fold period as well as the significant increase for SAXS 

peak intensity during annealing. 

In 1978, Mansfield and Boyd’ reported a new kind of localized topological 

defect, which is a 180° twist of all-trans chain localized over about 12 CH) units, in 

crystalline polyethylene. From molecular mechanics modeling of the a-relaxation in 
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polyethylene, they calculated the energy required for the defect propagating through the 

crystal and suggested that the motion of the defect is one example of a general class of 

nonlinear waves, the solitary wave or soliton.’** Following the concept of “soliton” 

proposed by Mansfield and Boyd, Skinner and Wolynes developed the sin-Gordon soliton 

model to describe the mechanism of defect motion in polymer crystal.’**’*? Skinner and 

Wolynes suggested that their model is a generalized defect diffusion model that considers 

the interaction between the solitons and their surroundings during the propagation. 

Five different molecular models to interpret the annealing effects for 

semicrystalline polymers have been briefly reviewed. Since they all have certain degree of 

experimental justification, it 1s difficult to judge the superiority of one over the other. As 

has been described, there are many factors influencing the annealing effects, and hence a 

careful examination and selection of the molecular model to interpret the experimental 

results is necessary. 

2.7 FORMATION OF MICROPOROUS MEMBRANES BY STRETCHING 

The structure-orientation development in the extruded film by extrusion processing 

has been described above. The typical morphology produced by extrusion is either usually 

stated as being a stacked lamellae or row-nucleated structure. Upon further annealing, 

structural changes such as lamellar thickening and perfection of the crystalline phase by 

eliminating crystalline defects through chain migration in the extruded film has also been 
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briefly reviewed. The last step for producing microporous membranes is that of 

stretching. When the annealed extruded films or melt-spun fibers are subjected to tensile 

deformation, the lamellae tend to separate or “peel apart”, forming voids which contain 

drawn interconnecting fibrils.'* In order to understand how the pores are formed and how 

to control the pore properties, considerable work has been carried out for defining the 

deformation mechanism of the hard-elastic extruded films or fibers by a uniaxially 

stretching process. 

Over the years, several deformation models were proposed for semicrystalline 

hard-elastic materials to explain the retractive forces which causes the recovery from large 

deformations. The common characteristic of such models is the assumption of 

interlamellar connections composed of tie molecules. Lamellar shearing and bending 

1.” and Quynn et between the interlamellar connections were first proposed by Garber et a 

al.’* independently. In the lamellar shearing mechanism,”’ each chain stem of the folded- 

chain lamella slides past its neighboring chain stem by a distance not exceeding the yield 

strain of the crystal. The incremental amount of displacement is small but, for the creation 

of voids at the crystal boundaries, the small strains are additive in the macroscopic 

specimen. For the lamellar bending between fibril links, the interlamellar separation is 

increased from the minimum energy condition on one side of the lamella and decreased 

from the minimum level on the opposite side.’ Van der Waal’s forces will return the 

crystal to its original conformation on removal of stress. With increasing temperature, the 

restoring force should decrease in agreement with experimental observation. Another 
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similar model, reversible deformation of lamellae, was proposed by Clark.'*” This model is 

shown in Figure 2.6. The growth of a row structure with interlamellar connections leads 

to an aggregate of the structure shown in Figure 2.6 which is highly idealized. This 

reveals a key feature of the hypothesis: small deformations of folded-chain lamellae are 

reversible. If assemblages of lamellae and interconnection links are highly oriented, this 

effect is additive and gives the property of macroscopic elasticity. At the first glance, this 

model gives the impression of a dual population of lamellae with different thickness. 

However, the dual melting peaks in DSC scan from a dual population of lamellae have not 

been reported in the literature. 

  

Figure 2.6. Reversible deformation of row structure with creation of voids. '* 

In the adhesive failure model proposed by Wool,'** the lamellae are suggested to 

be represented by two simple beams bonded together by an amorphous phase with a 

certain amount of interlamellar links. During tensile deformation, at a critical applied 
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stress, separation of lamellae is initiated at points in the lamellar interface. The initial 

separation and subsequent peeling apart are influenced by the tie molecule concentration. 

When the stress is removed, the stored strain energy forces the lamellae to return to their 

original positions that allows the healing of the defects caused by interlamellar debonding 

to occur. The time required for the healing process depends on the maximum strain 

|.'“4!* emphasized the microparacrystallite experienced by the material. Hosemann et a 

effects for the retractive force and proposed the microparacrystallite model. The 

microparacrystallites are the basic elements in perfectly regular lamellae, the distances 

between which increase uniformly during straining. This is explained by a three- 

dimensional network which is relatively weak compared with the stiffness of the lamellae. 

The destructible microparacrystallites in this model are the elastic tie-points between 

adjacent lamellae and correspond to the taut connection between leaf springs. From the 

analysis of hard-elastic polyethylene, Hashimoto et al.'“° interpreted the residual strain in 

the bulk in terms of irreversible lamellar deformation of submicroscopic structures, i.e. 

lamellae. They suggested a possible mechanism of irreversible lamellar deformation a 

chain slip within lamellae, lamellar destruction, and destruction of interlamellar crystalline 

bridges. 

Without considering the crystalline lamellae, Goritz et al.'*”'** proposed a new 

concept that both entropic changes and an increase in surface energy due to fibril 

formation in the amorphous region are responsible for elastic recovery. In 1976, Miles et 

al.'“° also suggested that the observed stress of extension is attributed to pulling of fibrils 
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from lamellae and the retractive force results from surface energy and entropy effects in 

the fibrils. A few years later, Baer and co-workers'”*'*! found that highly crazed glassy 

high-impact polystyrene can also display similar physical and mechanical properties 

associated with hard elastic crystalline polymers. They concluded that hard elastic 

behavior is due to the bulk-microfibril composite structure independent of crystallinity. 

They also suggested that the surface stress on the microfibrils is a substantial component 

of the restoring force in the hard elastic materials. In 1986, Chou et al.’*” computed the 

total retractive force on one single interlamellar fibril for polypropylene with an elastic 

component and a surface tension component. Their results indicate that surface stress 

resulting from surface tension effect on the microfibrils is a significant component of the 

restoring force. At strains up to 10%, surface stress from a large number of microfibrils 

contribute about 40% to the restoring force. Above 10% strain, there is no change in the 

93.154 investigated the magnitude of the surface contribution. Following Chou’s work, Ren 

surface tension of microfibrils and the influence of internal friction. He pointed out that 

hard elastic behavior for semicrystalline polymers is actually a craze phenomenon similar 

to the crazes occurring in glassy polymers. In other words the borderline between the 

structure of crazes in hard elastic crystalline materials and in hard elastic amorphous 

polymers is not sharp. 

The above discussion show that the fibrillation process during stretching plays an 

extremely important role in the formation of pores (crazes). In order to explain the fibril 

formation and craze propagation in hard elastic materials, a new model, the coil strand 
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155.156 This model describes the transition model, was proposed by Goritz and co-workers. 

deformation of hard elastic materials to occur in an inhomogeneous way. Its essential 

feature is that the random polymer coil is not transformed to an ellipse, but after a phase 

of elastic (Hookean) stretching, it forms a highly oriented strand without any intermediate 

state. However, the rest of the coil remains as isotropic and unoriented as the initial coil. 

This situation does not change during further deformation. Step by step, subunits will be 

transported from the isotropic rest coil into the highly oriented strand. From the beginning 

of stretching, the orientation of the strand is the same. It does not increase as the strand 

becomes longer and longer. It can be clearly seen that this model was developed from a 

more fundamental point of view. Particularly, it is able to allow calculation of the tensile 

stress in crazes with an entropy component and several energetic components including 

surface energy, trans-gauche energy, elastic energy and chain scission. This model has 

been tested recently and the results indicate that the coil strand transition model can 

describe the deformation of hard elastic polymers such as polyethylene and polypropylene 

after an initial Hookean regime only up to draw ratio = 1.25.'°° It was found that from 

this model, the calculated values of the fibril diameter, the contribution of surface stress 

and the total stress are in agreement with measurements. The dominance of energetic 

contribution of the stress was also confirmed by this model. 

In summary of this section, several models to explain the deformation mechanism 

of hard elastic materials were described. Unfortunately there is limited experimental data 

available in literature to refute or support any one of the above models over the others. 
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Although the deformation of hard elastic materials has been studied for many years, there 

are still many questions that need to be resolved. 
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CHAPTER I 

STRUCTURE-ORIENTATION BEHAVIOR OF HIGH DENSITY 

POLYETHYLENE (HDPE) EXTRUDED TUBULAR FILMS 

3.1 INTRODUCTION 

For making microporous membranes of semicrystalline polyolefins, one principal 

route is to first produce oriented extruded films in which the micropores can be later 

generated after annealing and stretching in the machine direction. The orientation state 

and morphological features of the initial extruded films are believed to be influential in 

determining the pore structure of the final microporous membranes. Since the structure- 

property behavior of extruded HDPE films are dictated by the complex thermo-mechanical 

history experienced by the materials during fabrication, a number of variables including 

melt temperature at the exit of the die, quench location, quench rate, line speed and the 

nature of the die can affect the development of crystal orientation, lamellar morphology, 

degree of crystallinity and birefringence of extruded films. Because the resin molecular 

weight and its distribution is critical in controlling the rheological and associated 

relaxation behavior, these variables also play an important role in the development of the 

orientation and final crystalline morphology in the extruded films. Therefore the first goal 

of this study has been to develop the methodology of controlling the 
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orientation/morphology properties of extruded films by controlling the extrusion 

processing variables as well as the molecular parameter of molecular weight distribution. 

To accomplish this goal, understanding the relationship between the extrusion processing 

conditions and the structure-property behavior of extruded films, and the mechanism of 

molecular orientation during the processing as well as the influence of molecular 

orientation on crystallization and morphology developed in extruded films clearly is a very 

important task. 

In this study two different high density linear polyethylene (HDPE) resins with 

identical Mn (14,600 g/mol) values but different distributions (Mw /Mn=10.3, 15. 1) 

were melt extruded through an annular die. A blow-up ratio = 1.0 was used for producing 

essentially uniaxially oriented extruded tubular films such as is used in making the 

microporous systems mentioned above. The two HDPE resins were processed under 

controlled extrusion conditions stated shortly. The morphological features and state of 

orientation in the HDPE extruded tubular films were examined by TEM, high resolution 

scanning electron microscopy (HSEM), birefringence, SAXS, WAXS, and FTIR 

dichroism. The degree of crystallinity of the extruded films were characterized by DSC. 

The objectives of this chapter are a) to investigate the effects of extrusion 

processing variables as well as molecular weight distribution in determining the 

orientation/morphology properties of HDPE extruded tubular films and b) to study the 

influence of molecular weight distribution on the melt relaxation time of the two HDPE 

resins and the importance of the influence of the melt relaxation time behavior on the 
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structure-property responses of the resulting HDPE extruded tubular films. It is hoped 

that the information obtained in this stage can help promote microporous HDPE films 

through the additional process stages that will also be addressed in later chapters of this 

dissertation. 

3.2 EXPERIMENTAL 

Two commercial HDPE resins, designated as Resins | and 2 were employed in this 

study. Their molecular weight characteristics, which were determined through the 

courtesy of the Hoechst Celanese Corporation by GPC at 135°C in 1,2-dichlorobenzene, 

are listed in Table 3.1. These two resins were later melt extruded through an annular die 

with a diameter of 12 inches under controlled processing conditions. The process 

variables investigated are marked on the schematic of the extrusion operation in Figure 

3.1. Five main processing parameters are the melt temperature, Tmen, at the die exit, the 

quench height, which is the distance from the exit of the die to the cooling ring, the flow 

rate of the air through the cooling ring, the line speed, and die gap. /t is to be noted that 

in this study where uniaxial behavior is desired, no expansion of the tubular film 

occurred i.e. the blow up ratio was 1.0 - this is in great contrast to the usual blown film 

processes where balanced biaxial behavior is generally desired. 

A Babinet compensator method was used to measure the film birefringence 24 

hours after extrusion. The effect of the introduction of organic liquids of different 
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Table 3.1. Molecular weight features of HDPE resins. 

  

  

  

            

  

  

  
  

  

        
        

  

    

      

Sample Mn (g/mol) Mw (g/mol) Mw /Mn 

Resin | 14,600 150,000 10.3 

Resin 2 14,600 219,000 15.1 

Collapsing guides and nip Ne OC 

Line Speed 

Film 
Cooling ring 

I 
Quench height Quench turns open 

Y 

‘ | 
K 

Extruder Die 
    

Figure 3.1. A schematic of the extrusion process. 
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refractive index on the birefringence of the extruded films was measured using the 

procedures developed by Stein et al.' for the purpose of determining if any significant 

form birefringence occurred. The organic solvents used in this work were carbon 

tetrachloride, benzene, chlorobenzene, and trichlorobenzene, whose refractive indexes are 

1.4607, 1.5014, 1.5250, and 1.5617 respectively. 

The degree of crystallinity, X., of the samples was determined from the heat of 

fusion using a Seiko DSC 220C at a heating rate of 10 °C/min. The fractional crystallinity 

(mass fraction) X, was calculated based on DSC data according to the following equation 

xX, =—— (3.1) 

where AH, is the specific heat of melting of an ideal crystal; for PE, the commonly 

accepted value of AH, = 293 J/g has been used in this study.” 

The crystalline orientation of the films was studied by WAXS using the Ni-filtered 

Cu K, radiation (A=1.54A) powered by a Philips table-top x-ray generator model PW1170 

equipped with a standard vacuum sealed Warhus photographic pinhole camera. A Nicolet 

510 FTIR spectrometer equipped with a polarizer was used for determining FTIR 

dichroism. The absorption bands at 730 and 720 cm” were used to calculate the values of 

f, and f, respectively. The absorption band at 1368 cm'' was used to calculate the 

orientation function, fam, of the amorphous phase. The methods for determining the values 

of f, of the chain orientation function in the crystalline phase by WAXS and IR dichroism, 
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and f,,, of the chain orientation function in the amorphous phase by IR dichroism were 

discussed in the previous chapter and will not be repeated here. 

For TEM investigations, the | mil thick extruded films treated with 99% 

chlorosulfonic acid at 60 °C for 6 hours were washed in turn by sulfuric acid and water.” 

After the samples were dried completely, they were embedded in low viscosity Spurr 

epoxy which was cured at 70 °C for 12 hours. Following the embedding and curing, the 

samples were then microtomed at ambient conditions. Thin sections obtained were 

normally stained on the TEM grid with a dilute aqueous solution of uranyl acetate and 

then examined by a Philips EM-420 scanning transmission electron microscope (STEM) 

operated in the transmission mode at 100 kV. Samples for high resolution scanning 

electron microscopy (HSEM) analysis were coated with a thin layer of gold and then 

examined by the same STEM but operated in the scanning mode at 100 kV. 

Small angle X-ray scattering (SAXS) experiments were performed using Ni- 

filtered Cu K, radiation (A=1.54A) on a compact Kratky camera with slit geometry, 

equipped with a Braun position sensitive detector. No desmearing of the intensity data 

was undertaken for this investigation. After the corrections for parasitic scattering and 

absorption, the scattering curves were normalized to the main beam intensity and sample 

thickness. The results were plotted against the angular variable, s = 2(sin$y/r where 8 is 

the radial scattering angle. 
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Thermal shrinkage of the extruded films was determined by observing the length 

difference between two marks labeled on the sample surface along the machine direction 

before and after annealing in an oven at 105, 120, and 125 °C for 30 minutes. The percent 

(%) shrinkage is defined by: 

(%)shrinkage = S—=2) +100 (3.2) 

where L; is the initial length between the two marks and Lf is the final length between the 

two marks following thermal treatment. 

Melt rheological experiments were carried out using a Rheometrics “RMS 800” 

dynamic rheometer having parallel plates with a diameter of 25mm. The frequency range 

covered was from 0.1 to 100 rad./sec and the melt temperature range was from 150 °C to 

230 °C at intervals of 20 °C. The viscosity data were then shifted to produce isothermal 

master curves according to the procedure described in the literature.*>° Flow-activation 

energy values which describe the dependence of viscosity on temperature were obtained 

from the shifting process. 

The mechanical properties of some of the extruded films along the machine 

direction were measured with an Instron Model 1122 tensile testing machine. The 

dimensions of the specimens for tensile testing were chosen according to the ASTM 

procedure D638. The testing crosshead speed was 20 mm/min. The average of 5 

specimens was determined for each sample and reported along with the standard 

deviation. All measurements were conducted at ambient conditions. 
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3.3. RESULTS AND DISCUSSION 

3.3.1 Influence of the Extrusion Processing Variables and Molecular Weight 

Distribution on the Orientation/Morphology Properties of HDPE Extruded 

Tubular Films 

In order to investigate the effect of extrusion processing variables and molecular 

weight distribution on the structure-property behavior of HDPE extruded films, the two 

HDPE resins were processed under different conditions. Five main processing 

parameters: the melt temperature, Tine, at the die exit, the quench height, which is the 

distance from the exit of the die to the cooling ring, the flow rate of the air through the 

cooling ring, the line speed, and die gap are listed in Tables 3.2a & 3.2b. Except sample 

B11 which was processed by a die gap=0.14”, all the other extruded films were made 

using a fixed die gap of 0.07”. Therefore the influence of die gap will not be addressed in 

this section but in a later discussion. The other process variables included in Tables 3.2a 

& 3.2b were chosen for two reasons: 1) the extrusion process can not be operated 

successfully for certain process conditions and therefore it is difficult to cover a wider 

processing window and 2) the range of the data in Table 3.2 were developed for later 

statistical analysis in order to minimize the number of extrusion runs. 

The TEM micrographs obtained from three orthogonal directions - along the 

transverse direction (TD), along the machine direction (MD) , and along the normal 
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Table 3.2a. Summary of extrusion variables for Resin 1. 

  

  

  

  

  

  

  

  

  

  

              
  

  

  

  

  

  

  

  

  

  

  

  

    

Sample | Melt Quench Air Flow Line Die Gap 
Temperature | Height (inch) | Rate In Air Speed (inch) 

(°C) Ring (ft/min) 
Al 205 2.5 low 40 0.07 

A2 205 2.5 high 80 0.07 

A3 195 1.75 medium 60 0.07 

A4 185 2.5 low 80 0.07 

A5 195 1.75 medium 60 0.07 

A6 205 1.0 high 40 0.07 
A7 185 2.5 high 40 0.07 

A8 205 1.0 low 80 0.07 

A9 185 1.0 low 40 0.07 
Al0 185 1.0 high 80 0.07 

Table 3.2b. Summary of extrusion variables for Resin 2. 

Sample | Melt Quench Air Flow Line Die Gap 
Temperature | Height (inch) | Rate In Air Speed (inch) 
(?C) Ring (ft/min) 

Bl 205 2.5 low 40 0.07 
B2 205 1.0 high 40 0.07 

B3 195 1.75 medium 60 0.07 

B4 205 2.5 high 80 0.07 

BS 185 2.5 high 40 0.07 

B6 195 1.75 medium 60 0.07 

B7 185 2.5 low 80 0.07 

B8 205 1.0 low 80 0.07 

B9 195 | 1.75 medium 60 0.07 
B10 185 1.0 high 80 0.07 
Bll 195 1.75 medium 60 0.14             
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direction (ND) of the highest oriented extruded film made from the narrower molecular 

weight material - Resin 1 (sample A10) are shown in Figure 3.2a. Stacked lamellae 

without fibril nuclei were observed from the micrographs viewed along the TD and ND. 

The lamellae viewed along the TD look somewhat more “corrugated” than those viewed 

along the ND. Since the micrograph viewed along the MD was microtomed across the 

surface of stacked lamellae, it is not surprising that one would not see well defined 

structure along this direction. The so called “fibril nuclei” as shown in Figure 2.4, which 

have been recognized as a common characteristic for extruded film, are not present in 

Figure 3.2a and were not found in the resin for any of the process conditions given in 

Table 3.2a. The HSEM micrographs in Figure 3.2b taken on the surface of the same 

sample appear to have thicker lamellae than the TEM micrographs in Figure 3.2a. 

Microcracks can be seen in Figure 3.2b but not in Figure 3.2a. The radiation damage from 

the electron beam on the sample surface may be the cause of the microcracks in Figure 

3.2b. The thickness of the gold coating on the sample surface, used to minimize surface 

charging, will affect the observed lamellae thickness, and thus it is not surprising to see 

that Figure 3.2b indeed shows thicker lamellae than Figure 3.2a. Another possible 

explanation for the discrepancies between HSEM and TEM is that the structure on the 

surface of the extruded film may be somewhat different from the structure in the bulk of 

the film and also direct differentiation of the interlamellar amorphous layer can not be 

made by HSEM. If so, TEM would be a better tool for characterizing the bulk structure 

in the extruded films. The TEM micrograph viewed along the TD in Figure 3.2c shows a 
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Figure 3.2a. The TEM micrographs for the highest oriented Resin 1, sample A10. The 

TD, MD, and ND directions are shown as labeled. 
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a   
Figure 3.2b. The HSEM micrographs for the highest oriented Resin 1, sample A10. 
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film surface 
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Figure 3.2c. The TEM micrograph of the highest oriented Resin 1, sample A10. This 

micrograph shows the morphology very close to the film surface. 
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structure very close to the surface of the extruded film. Due to the thin film thickness 

(about Imil.) of the extruded film, no distinct skin-core morphological differences were 

seen for this or any other sample as well and hence “skin-core” variation were discounted. 

In Figure 3.3, the corresponding SAXS profile of sample A10 (Resin 1) is given of 

the slit-smeared intensity vs. scattering vector, s, as defined earlier. The corresponding 

SAXS profile of the highest oriented sample for Resin 2 (sample B11) is also shown for 

comparison - the latter of which will be addressed later in this paper. Both SAXS profiles 

were obtained by passing the beam along the normal direction and obtaining the scan 

along the MD direction. As might be expected, these two profiles clearly show a very 

well defined first order peak along with a much weaker secondary peak. Clearly, these 

data strongly support the TEM observations that a well stacked lamellar structure is 

generated in these film materials. It should again be pointed out that since the data are 

“slit smeared” the second order scattering peak is somewhat less distinct than it would be 

had a desmearing analysis been applied. Since there is no rigorous way to desmear the 

data for a partially oriented system, the desmearing process of the SAXS results was not 

conducted in this study. It might also be mentioned that similar SAXS profiles were 

obtained from all of the extruded films and further comments regarding these SAXS 

profiles will be addressed later. 

The WAXS pattern in Figure 3.4 was obtained by aligning the MD direction of the 

sample in Figure 3.2 to be parallel to the x-ray beam. Complete nearly uniform intensity 

rings for the various reflections in Figure 3.4 show that the extruded film is essentially or 
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Figure 3.3. The slit smeared SAXS spectra from the highest oriented Resin 1, sample 

A10, and Resin 2, sample B11. 
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Figure 3.4. The WAXS diffraction pattern for the sample in Figure 3.2. The X-ray beam 

was along the MD. 
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nearly uniaxially oriented along the MD and suggests that one can use a flat film x-ray 

camera to approximate the orientation state of the extruded films produced in this study 

according to the procedures outlined earlier. In the following section, the WAXS 

diffraction patterns for both Resin 1 and 2 were obtained by exposing the extruded films 

along the ND of the extruded films and the results utilized to determine f, by Eqs 2.8, 

2.12, and 2.13. 

The WAXS diffraction patterns for specific extruded films of Resin 1 are shown in 

Figure 3.5. These samples as designated earlier in Table 3.2a are: sample Al with process 

conditions: Tet = 205°C, quench height = 2.5”, air flow rate = low, and line speed = 

40 ft/min, sample A7 with process conditions: Tet = 185°C, quench height = 2.5”, air 

flow rate = high, and line speed = 40 ft/min, and sample A10 with process conditions: Tyett 

= 185°C, quench height = 1.0”, air flow rate = high, and line speed = 80ft/min. The values 

of f. calculated from these diffraction patterns are listed in Table 3.3a. The split 200 and 

110 reflections are clearly shown for the lowest oriented sample Al with f.= 0.45 thereby 

providing an average orientation angle,<0>, of 37°. These reflections start merging 

toward the equatorial direction with increasing f, and completely merge together along the 

equator for the sample A10 which has the highest f, value, 0.67 (<O> = 28°). On the other 

hand, the b axis ((020) reflection) lying along the equator does not show much change for 

the samples made from Resin | in Figure 3.5. This could be due to the intensity of the 

(020) reflection being rather low and hence it is more difficult to follow the variation of 

the orientation for (020) reflection using the flat film camera technique. These 
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Figure 3.5. 

  

110 

MD 

TD 
ND 

The WAXS diffraction patterns for samples Al, A7, and Al0 made from 
Resin 1. The X-ray beam was along the ND. 
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observations suggest that the melt extrusion process variables utilized can significantly 

influence the crystalline orientation state of the extruded films made from the narrower 

distribution Resin 1. In Figure 3.5, besides the intense “split” reflections, there is some 

sign of a small amount of a-axis orientation along the meridional direction (MD). Figure 

3.6 provides the diffraction patterns for the lowest (f= 0.62, <0> = 30°) and highest (f= 

0.72, <O0> = 26°) oriented samples of the extruded films made from Resin 2. Comparing 

these data with results from Resin 1, none of the films made from Resin 2 display a split in 

the (200) and (110) reflections. In addition, Figure 3.6 also shows that intense sharp 

spots are found superimposed on the equatorial (110), (200), and (020) reflections that 

do not exist in Figure 3.5. The cause for the intense sharp spots will be discussed later. 

The values of f, for Resin 2 were calculated without considering the existence of these 

particularly intense sharply azimuthally dependent equatorial spots and are listed in Table 

3.3b. Comparing the results for samples Al and B1, it is clear that under exactly the same 

extrusion process conditions, the film made from Resin 2 with a broader molecular weight 

distribution has a distinctly higher value for f, than the film made from Resin 1. Unlike 

Resin 1, Figure 3.6 also suggests that the values of f, of the samples made from Resin 2 

are less sensitive to the processing variables utilized. A lower intensity for the (200) 

reflection along the MD (a-axis orientation) is also noticed for Resin 2. According to the 

fibril nucleated model, this could be from a small amount of lamellae twist in the extruded 

films. Since the TEM analysis of all of the films did not show any sign of lamellae twist in 

any film, the answer for the a-axis orientation along the MD is still not entirely clear. 
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Figure 3.6. The WAXS diffraction patterns for samples B1 and B11 made from Resin 2. 

The X-ray beam was along the ND. The arrow indicates the intense 
equatorial sharp spots.



Figure 3.7 shows the DSC scans for the highest oriented Resin 1 & 2. A single 

rather sharp melting peak was observed for both resins. The melting temperature and 

degree of crystallinity measured by DSC are included in Tables 3.3a & 3.3b. For all 

processed films, the degree of crystallinity of Resin 2 is approximately 5% higher than that 

of Resin 1. This difference is believed arose from the fact that the broader distribution 

Resin 2 has a longer melt relaxation time behavior than the narrower distribution Resin 1 

as will be discussed later. That is, during the extrusion process, Resin 2 is more readily 

oriented than Resin 1 and the stress-induced crystallization, which is strongly dependent 

on molecular orientation, allows Resin 2 to achieve a higher degree of crystallinity than 

Resin 1. This observation of the effect of molecular weight distribution on the 

crystallization behavior of HDPE under orientation matches well with what was observed 

for isotactic polypropylene by Misra et al.’ The variation of melting temperature and 

degree of crystallinity is small within either resin and this suggests that both properties are 

not greatly affected by the process variables utilized in this work. 

An example of the parallel and perpendicular FTIR absorption spectra for the 

extruded polyethylene films are shown in Figure 3.8. The dichroic ratios for the 720, 730, 

and 1368 cm” bands calculated from the FTIR spectra are listed in Tables 3.4a & 3.4b. 

The degree of anisotropy increases as the dichroic ratio for the specific transition moment 

deviates from 1. Therefore in Tables 3.4a & 3.3b, the 730 cm" band show more 

orientation than does the 720 cm” band and the transition moment corresponding to the 

1368 cm" band is almost randomly distributed in the extruded films. The crystalline 
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Figure 3.7. The DSC scans for samples A10 (Resin 1) and B11 (Resin 2). 
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orientation function f.1 and amorphous orientation function f,, calculated from the 

dichroic ratios in Table 3.4 are listed in Tables 3.3a & 3.3b. The data in Tables 3.3a & 

3.3b show that the values of fm are systematically smaller than the corresponding values 

of fa waxs. Also, the amorphous phase orientation, fam, 1s very small (close to 0) for all 

samples. The f, values calculated from WAXS and FTIR for the samples made from both 

Resin 1 & 2 are plotted against the measured birefringence, Ar, in Figure 3.9 where a 

linear relationship between f, and Ar is observed. Neglecting form birefringence effects, as 

has been justified, one can then calculate the birefringence for the extruded films using Eq. 

2.6. The calculated birefringence, A.a1, is plotted vs. the experimentally determined 

birefringence, Ay, in Figure 3.10. This figure shows that the birefringence value, A.iwaxs, 

calculated from the fiwaxs determined by WAXS matches much better with the measured 

birefringence, Ary, than that calculated from the fin determined by IR dichroism - see 

Tables 3.5a & 3.5b. This result strongly suggests that WAXS analysis gives a more 

accurate value of f. than FTIR. Several studies have discussed the discrepancies of using 

FTIR to determine the crystalline orientation function.*'' To summarize, the 

discrepancies can be from 1) the uncertainty about the precise direction of the transition 

moments with respect to the a and b-axes,” 2) the close overlap of the two peaks, 720 and 

730 cm’, and the presence of a weak broad amorphous component centered at 720 cm” 

which may contribute unequally to both peaks.*"’ Tables 3.4a & 3.4b also shows that the 

amorphous orientation obtained from the 1368 cm" absorption band was very small so 
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Table 3.3a. The orientation functions, measured birefringence, T,,, and degree of 

crystallinity of Resin 1. 
  

  

  

  

  

  

  

  

  

  

                
  

  

  

  

  

  

  

  

  

  

  

  

  

Sample # | fe.waxs for fam Ar Tm (°C) X 

Al 0.45 0.27 -0.01 0.0149 137.0 0.59 

A2 0.46 0.28 0.01 0.0152 137.0 0.60 

A3 0.50 0.32 -0.03 0.0183 136.9 0.56 

A4 0.51 0.33 0.05 0.0193 135.9 0.59 

AS 0.56 0.37 -0.01 0.0191 136.7 0.58 

A6 0.57 0.38 0.03 0.0204 136.7 0.57 

A7 0.60 0.40 0.03 0.0206 138.0 0.59 

A8 0.60 0.45 0.07 0.0228 136.4 0.61 

A9 0.66 0.49 0.04 0.0265 137.7 0.57 

Al10 0.67 0.51] 0.03 0.0272 137.5 0.59 

Table 3.3b. The orientation functions, measured birefringence, T,,, and degree of 

crystallinity of Resin 2. 

Sample # | fiwaxs for fam Ay Tm (°C) Xe 

Bl 0.62 0.45 0.04 0.0195 134.9 0.64 

B2 0.65 0.48 0.04 0.0245 136.2 0.66 

B3 0.66 0.49 0.02 0.0246 136.3 0.59 

B4 0.66 0.49 0.01 0.0238 136.2 0.62 

BS5 0.66 0.50 0.04 0.0268 136.3 0.64 

B6 0.66 0.51 0.02 0.0244 135.6 0.65 

B7 0.67 0.51 0.04 0.0264 136.6 0.63 

B8 0.68 0.52 0.04 0.0258 136.6 0.66 

B9 0.69 0.52 0.03 0.0274 135.8 0.61 

B10 0.69 0.54 0.01 0.0275 135.6 0.60 

Bll 0.72 0.56 0.04 0.0295 135.6 0.63                 
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Table 3.4a. FTIR dichroic ratios determined for Resin 1. 

  

  

  

  

  

  

  

  

  

  

          
  

  

  

  

  

  

  

  

  

  

  

  

    

Sample# D320 D730 Dyj368 

Al 0.309 1.09 0.964 

A2 0.306 1.07 1.030 

A3 0.294 0.959 0.924 

A4 0.297 0.93 1.150 

AS 0.247 0.896 0.967 

A6 0.285 0.801 1.110 

A7 0.288 0.752 1.100 

A8 0.268 0.655 1.240 

AQ 0.269 0.560 1.120 

Al0 0.247 0.549 1.120 

Table 3.4b. FTIR dichroic ratios determined for Resin 2. 

Sample# D220 D730 D368 

Bl 0.280 0.655 1.120 

B2 0.266 0.588 1.120 

B3 0.261 0.575 1.070 

B4 0.273 0.562 1.040 

B5 0264 0.564 1.130 

B6 0.261 0.542 1.050 

B7 0.262 0.542 1.130 

B8 0.271 0.500 1.120 

B9 0.259 0.510 1.100 

B10 0.247 0.486 1.020 

B11 0.254 0.439 1.130         
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Figure 3.9. The crystalline orientation function, f, measured by WAXS as well as by IR 

versus the measured birefringence, Ar. 
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Figure 3.10. The calculated total birefringence plotted against the measured 
birefringence. 
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Table 3.5a. Calculated and experimental values of the birefringence for the extruded 
films made from Resin 1. 

  * 

  

  

  

  

  

  

  

  

  

            

Sample # Ar Acal WAXS AcalIR A 

Al 0.0149 0.0134 0.0075 0.0144 

A2 0.0152 0.0157 0.0099 0.0149 

A3 0.0183 0.0127 0.0072 0.0152 

A4 0.0195 0.0208 0.0150 0.0165 

AS 0.0191 0.0163 0.0105 0.0173 

AG 0.0204 0.0208 0.0151 0.0176 

A7 0.0206 0.0217 0.0156 0.0189 

A8& 0.0228 0.0261 0.0214 0.0198 

A9 0.0265 0.0239 0.0189 0.0203 

Al0 0.0272 0.0243 0.0193 0.0214 
  

Table 3.5b. Calculated and experimental values of the birefringence for the extruded 
films made from Resin 2. 

  

  

  

  

  

  

  

  

  

  

  

            

Sample # Ar Acai, WAXS Acal,IR A" 

Bl 0.0195 0.0248 0.0186 00217 

B2 0.0245 0.0264 0.0205 0.0235 

B3 0.0246 0.0231 0.0177 0.0211 

B4 0.0238 0.0231 0.0175 0.0221 

BS 0.0268 0.0265 0.0207 0.0232 

B6 0.0244 0.0243 0.0194 0.0229 

B7 0.0264 0.0264 0.0208 0.0229 

B8 0.0258 0.0272 00217 0.0244 

BO 0.0274 0.0255 0.0201 0.0229 

B10 0.0275 0.0231 0.0183 0.0225 

Bll 0.0295 0.0279 0.0226 0.0245 
  

  

  
Notes: A. awaxs = 0.058* fF, waxs* X, + 0.2*f,.m *(1-X,) 

A cam = 0.058*f, 2 *X, +0.2* fe *(1- X,) 

A* = 0,.058* f. wax* X, 
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that the observed birefringence should arise almost exclusively from the crystalline phase. 

Indeed, if one calculates the birefringence using the following equation: 

* 

A =X.*f,* AW (3.2) 

and plots A’ vs. the measured birefringence, Ay, as shown in Figure 3.11, the statement 

that the observed birefringence arose mainly from the crystalline phase is well verified - 

see Tables 3.5a & 3.5b. That is, the deviation of the points from the 45° diagonal line is 

small. It indicates that the values of A” calculated only from the contribution of the 

crystalline phase in general matches well with the measured birefringence and further 

supports the assumption that the form birefringence is small if present at all. 

In 1958, Stein et al. showed that an appreciable amount of form birefringence was 

observed for stretched polyethylene films.’ They suggested that the observed form 

birefringence results from aggregates of crystals and amorphous material which orient at a 

faster rate than the crystals themselves and therefore amorphous birefringence 

(orientation) could not be neglected. A similar study was done by Noether et al. for 

elastic polypropylene fibers.'” In that study, form birefringence was found to be significant 

for the stretched porous fibers but not for the unstretched fibers. Noether et al. pointed 

out that the observed form birefringence in the stretched fibers was due to the 

geometrically anisotropic voids, which has a much lower refractive index than the polymer 

matrix, produced by the stretching process. Similar to what was found by Noether et al. 

for unstretched polypropylene fiber having a stacked lamellar structure, the form 
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Figure 3.11. The birefringence calculated from the crystalline phase orientation (as 
determined by WAXS) plotted against the measured birefringence. 

birefringence was found to be very small for both Resin 1 & 2 in Figure 3.12. This finding 

further proves the assumption that form birefringence can be neglected. Since FTIR 

dichroism shows that the amorphous orientation is small, if one anneals the extruded films 

at temperatures higher than the o transition of polyethylene they should not shrink at 

higher temperature. Indeed the shrinkage results obtained at 105, 120, and 125 °C for the 

lowest and highest oriented films of both Resin 1 & 2 in Table 3.6 show that the extruded 

films made from both resins have negligible shrinkage along the machine direction and this 

again further confirms the FTIR analysis of the 1368 cm” band. 
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Figure 3.12. The form birefringence of samples Al, A10, and B11 plotted against the 
refractive index of the swelling organic liquids. 

Table 3.6. The shrinkage data for the highest and lowest oriented samples Resin 1 & 2. 

  

  

  

  

Sample# Al Al0 Bl Bll 

“shrinkage 0.1 0.1 0 0.1 

(105 °C) 

“shrinkage 1.0 0.9 0.2 0.8 

(120 °C) 

“shrinkage 1.5 2.5 0.8 1.4 

(125 °C)             
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The TEM micrograph of the lowest oriented sample, Al, of the films made from 

Resin 1 is shown in Figure 3.13a. The stacked lamellae shown in Figure 3.13a have an 

uniform structure and are principally oriented with their long axis perpendicular to the 

machine direction. The TEM micrograph of the highest oriented sample, A10, of the films 

made from Resin 1| is shown in Figure 3.13b. More “corrugated” lamellae are observed in 

Figure 3.13b. Since sample A10 clearly has a greater f, than Al, comparing the analysis of 

the TEM results with those of WAXS implies that polymer chain is somewhat tilted in the 

crystalline lamellae of sample A10, which has been reported in many other studies.'*'° 

The fibril nuclei which have been accepted as a common feature for extruded film were 

not observed for either of the samples made from Resin 1. There is also no clear sign of 

lamellae twist in the extruded films made from Resin 1, which leaves the small amount of 

a-axis Orientation along the MD an unsolved problem. 

The TEM micrographs of the lowest and highest oriented samples of the films 

made from Resin 2 are shown in Figures 3.14a & 3.14b. Interestingly, the row nucleated 

structure as Shown in Figure 2.4 was distinctly found for the samples made from Resin 2 

but for none of the samples made from Resin I under this range of process conditions. 

This may not be particularly surprising since broadening the molecular weight distribution 

at constant M, provides a slower relaxing melt. Hence the higher prominence of row 

structure for Resin 2 is clearly believed due to the longer melt relaxation behavior of this 

material. This statement will be further discussed and confirmed by melt rheological data 

to be presented later. 
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Figure 3.13a. The TEM micrograph of the lowest oriented Resin 1, sample Al. 
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Figure 3.13b. The TEM micrograph of the highest oriented Resin 1, sample A10. 
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Figure 3.14a._ The TEM micrograph of the lowest oriented Resin 2 film, sample B1. 
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Figure 3.14b. The TEM micrograph of the highest oriented Resin 2 film, sample B11. 
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It is important to point out that for the WAXS diffraction patterns presented 

earlier, intense sharp spots were found superimposed on the equatorial (110), (200), and 

(020) reflections from the samples with row nuclei made from Resin 2. Since these nuclei 

are not within the narrower distribution material, they are not seen in these same 

reflections for Resin 1. Therefore it is clear that the intense sharp WAXS reflection spots 

of the samples made from Resin 2 arise from the highly oriented fibril nuclei shown in the 

TEM micrographs. In this study, it is also clear that two distinct types of morphology are 

observed by TEM. One is the stacked lamellae for Resin 1 and the other is the row 

nucleated morphology for Resin 2 and the existence of the latter was confirmed by the 

WAXS diffraction patterns. It is also important to mention again that the values of fiwaxs 

for Resin 2 were determined without considering the intense sharp spots on the equatorial 

(200) and (020) reflections. Since the volume fraction of the actual fibril nuclei observed 

by TEM in Resin 2 and the crystalline intrinsic birefringence are small, the contribution 

from the fibril nuclei in Resin 2 to the total birefringence is also very small. As shown in 

Figure 3.3, both Resin 1 and Resin 2 have similar SAXS profiles which suggest that both 

resins should posses the same morphology - a well stacked lamellar structure. Hence, the 

above discussion reveals that SAXS data do not distinguish the difference between Resin 1 

& 2 regarding their true morphological characteristics. 

The applied stress field has been shown as a very important variable in determining 

the structure/orientation properties of the extruded tubular films.'’ Since the viscosity of 

polymer melt increases with decreasing process temperature, lower melt temperature at 
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the die exit will result in a higher line stress and therefore promotes a higher oriented melt. 

Besides line stress, it is certainly expected that the relaxation of the polymer melt during 

the cooling process is also extremely important in influencing the structure development in 

the extruded films. How much orientation can be maintained from the oriented melt into 

the final product is strongly dependent on how fast and how early the oriented melt is 

quenched and crystallized. From these considerations one would expect that a smaller 

quench height can allow the oriented melt to be cooled earlier so that the oriented polymer 

melt can crystallize faster and relax slower. Higher air flow rate can remove the heat from 

the hot polymer melt more efficiently that 1t can prevent the relaxation of the oriented melt 

and so does a faster line speed which leads to a shorter time scale for the hot melt to reach 

the cooling ring. In this study it has been shown that the orientation function of Resin 2 

with a broader molecular weight distribution is less sensitive to the four processing 

variables than Resin 1 with a narrower molecular weight distribution. Furthermore under 

the same processing conditions, Resin 2 obtained a higher orientation state than Resin | 

and fibril nucleated structure was induced within Resin 2 but not for Resin 1. It should be 

noted that in Table 3.2a, samples A3 and A5 made from Resin 1 were used to examine the 

reproducibility of the extrusion process and so were samples B3 and B6 made from Resin 

2 in Table 3.2b. Since the orientation functions of A3 and AS in Table 3.4a are very close 

to each other and the orientation functions of B3 and B6 in Table 3.4b are identical, it is 

verified that the extrusion procedures utilized in this study are reproducible with respect to 

film morphology. 
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The influence of the four processing variables on the f, values of Resin 1 was 

analyzed by multiple linear regression. The F value obtained from the statistical test is 7.5 

and suggests that the statitical analysis is very significant. From the statistical T values of 

the four process variables obtained from the multiple linear regresion, it was found that the 

melt temperature at the die exit and quench height have a much greater influence than the 

quench rate and line speed in determining the orientation state of the extruded films made 

from Resin 1. If one compares samples A2 and A10, it can be clearly seen that a smaller 

quench height and lower melt temperature can promote a higher orientation function. 

These findings suggest that for the processing window utilized in this study, the extruded 

film, which is quenched earlier during the cooling process, will relax less and therefore 

gain more orientation. This also suggests that besides line stress, the relaxation behavior 

of the oriented melt during the cooling step is a key point for controlling the 

structure/orientation properties of extruded films and the higher prominence of fibril 

nucleated structure in Resin 2. Recall that Resin 2 has the broader molecular weight 

distribution and therefore a longer melt relaxation behavior of this material is expected. In 

fact, as a result of its longer relaxation behavior, little dependence on the same range of 

processing variables that were utilized for Resin 1 was noted. Further confirmation of the 

hypothesis regarding the difference in melt relaxation behavior is provided below. 
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3.3.2 Influence of Molecular Weight Distribution on the Melt Relaxation Time of 

HDPE Resins 

The logarithmic plots of complex viscosity as function of frequency obtained over 

a range of temperature for both resins are shown in Figures 3.15a & 3.15b. By shifting 

the viscosity-frequency curves along both the horizontal and vertical axes, master curves 

of the complex viscosity versus frequency for Resins 1 & 2 were constructed at the 

reference temperature 190 °C as shown in Figure 3.16. The reason for using 190 °C as the 

reference temperature is based on the two facts: 1) the processing temperature utilized in 

the previous section is around 190 °C; and 2) the melt flow index of polyethylene is 

generally measured at 190 °C. Flow-activation energy values obtained during the shifting 

process were 25.9 kJ/mol for Resin 1 and 29.1 kJ/mol for Resin 2. For /inear 

polyethylene, it has been reported that the flow-activation energy is of the order of 25-29 

kJ/mol.'*!? This observation provides strong support for the linear chain characteristics 

for both Resins 1 & 2. It may also be mentioned that from both proton and "°C NMR 

analysis”’ of the two HDPE resins utilized in this work, it was observed that methyl groups 

were not detected for Resin 1, while the ratio of methyl groups to methylene units was 

found to be 1:920 for Resin 2. Since the flow-activation energy obtained supports that 

Resin 2 has linear chain characteristics, the influence of the very small amount of methyl 

groups detected by NMR on the melt flow behavior of Resin 2 is reasonble to be 

neglected. 
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Accepting the applicability of the Cox-Merz rule as valid for our system, the 

resulting master curve was fit with the Carreau-Yasuda equation” 

(3.3) 
  1 (@)| = ——2—— 

[l+ (ae r)4] a 

where 7*(@) is the complex viscosity, @ is the oscillation frequency, 1, is the zero shear 

rate viscosity, n =2/11 is the limiting power-law exponent as suggested by Graessley,” a 

is a fitting parameter whose value increases with the “sharpness” of the onset of shear 

thinning, and t is the characteristic relaxation time related to the onset of nonnewtonian or 

shear thinning behavior. The curves obtained by fitting the isothermal master curves with 

equation 3.3 are shown as the drawn lines in Figure 4.16. It is recognized that this model 

is basically empirical in nature but as will be illustrated, it can provide useful information 

on the difference in the relaxation behavior of the two resins under comparison. The zero 

shear rate viscosity (1), the parameter a, and the relaxation time (t) obtained during the 

curve fitting are also included in Figure 4.16. As it has been shown by Friedman and 

Porter,”* for equal molecular architecture, the newtonian viscosity of polystyrene and 

polydimethylsiloxane strongly depends on weight average molecular weight. Similar 

conclusions have also been obtained by Shaw” for polyethylene and by Cantow”® for 

polystyrene as well as many other polymers of comparable architecture. Therefore, as 

would be expected, Resin 2, which possesses a higher weight average molecular weight 
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than Resin 1, has the greater zero shear rate viscosity. The difference in the values of the 

parameter “a” between the two resins is found to be small. As stated above, the parameter 

“a” in the empirical Carreau- Yasuda equation determines the curve shape or breadth of the 

transition over which the fluid transfers from newtonian behavior to that of shear thinning. 

Since Resin 2 has a broader molecular weight distribution, a broader transition (or a 

smaller “a” value) was observed as expected for Resin 2 in Figure 4.16. The most 

interesting finding in Figure 4.16 is that the characteristic relaxation time, t, of Resin 2 

with a broader molecular weight distribution is found to be 6.5 times greater than that of 

Resin 1. This characteristic relaxation time is an index of the longest molecular relaxation 

time and clearly shows the influence of the higher molecular weight tail in Resin 2. 

In the previous section, the fibril nucleated structure was observed for all 

extruded films made in the processing range described from Resin 2 that possessed the 

broader molecular weight distribution but no fibril structure was observed for the 

extruded films made from Resin1 having a narrower distribution in the same processing 

window. It was speculated that the cause of the difference in the morphological textures 

of the extruded films of Resins 1 & 2 was promoted by the difference in their melt 

relaxation time behavior under equal processing conditions. The rheological results 

presented in this section clearly show that at the same melt temperature, Resin 2 possessed 

a much longer relaxation time than Resin 1. This observation suggests that when the 

polymer melt flows through the die, under the same melt processing conditions, Resin 2 

can obtain a higher orientation state in the melt that promotes a greater crystallization rate 
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as predicted by Ziabicki.””” A faster crystallization rate and longer melt relaxation time 

behavior allow Resin 2 to relax slower upon cooling than Resin 1 and enhance the 

formation of highly oriented fibril nuclei. This also explains the difference between Resins 

1 and 2 for their morphological characteristics developed under the same processing 

conditions. 

3.3.3 The Melt Relaxation Time Behavior of HDPE Versus the Extrusion 

Processing Variables 

The above discussion clearly shows that Resin 2, which has a broader molecular 

weight distribution, possesses a much longer melt relaxation time behavior than Resin 1 at 

the same melt temperature. This observation confirms the speculation that the prominence 

of the fibril nuclei in Resin 2 is clearly due to its longer melt relaxation time behavior. 

Since the melt relaxation behavior of the two HDPE resins can be influenced by extrusion 

processing variables, it is very likely that the formation of fibril nuclei can be switched on 

and off for either resin by controlling the extrusion processing variables. For example, if 

one can shorten the melt relaxation time of Resin 2 and/or increase the process time frame 

of the cooling step, one should be able to produce extruded films without fibril nuclei from 

Resin 2. In order to verify this concept, a new film of Resin 2 (sample B12) was 

processed with a higher melt temperature (210 °C), a greater quench height (3.5”), a lower 

quench rate, and a slower line speed and compared to sample B1 (these variables are 
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outside the range utilized in the previous section). Samples B12 and B1 were both 

processed using the same die gap of 0.07”. The corresponding TEM micrograph and 

WAXS diffraction pattern for sample B12 are shown in Figures 3.17a & 3.17b 

respectively. In this sample, no distinct intense sharp spots were observed on the (110), 

(200), and (020) reflections along the equatorial direction in Figure 3.17b. Also no sign of 

fibril nuclei are seen of the TEM micrograph in Figure 3.17a. Comparing these results 

(sample B12) to those from the earlier extruded films made from Resin 2, sample B12 also 

has the lowest orientation function (f=0.47). This example nicely displays the influence of 

relaxation behavior of an oriented polymer melt during the cooling and crystallization 

process on structure development (such as orientation and the formation of fibril nuclei) in 

the extruded films. 

As described earlier, for the same processing window utilized for Resin 2 in the 

previous section, none of the extruded films made from Resin 1 possessed fibril nuclei. 

However, as just demonstrated, extruded film of Resin 2 (sample B12), which does not 

have fibril nuclei, was successfully prepared by choosing the appropriate extrusion 

processing conditions wisely to alter the crystallization-melt relaxation behavior. This 

observation strongly suggests the possibility that one might be able to also generate fibril 

nuclei in Resin 1 by again tuning the processing conditions to promote solidification of 

suitably oriented melt of this resin. For the purpose of promoting the fibril nucleated 

structure for Resin 1, the extruded film, sample Al1, was processed with a smaller quench 

height (1.0” vs. 3.5”), a lower melt temperature (185 °C vs. 210 °C), a faster quench rate, 
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Figure 3.17a. The TEM micrograph for Resin 2, sample B12, showing no fibril nuclei. 
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Figure 3.17b. The WAXS diffraction pattern for Resin 2, sample B12, that did not 
possess fibril nuclei. 
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a higher line speed (80 ft/min vs. 40 ft/min), and a thicker die gap (0.14” vs. 0.07”) but the 

same final film thickness. Figures 3.18a & 3.18b respectively show the TEM micrograph 

and WAXS diffraction pattern for sample Al1 made from Resin 1. The fine intense spots, 

which were too weak to be clearly seen on the (110) and (020) reflections, were, however, 

distinctly observed on the (200) reflection along the equator in the WAXS diffraction 

pattern (Figure 3.18b). The distinct intense fine equatorial spot on the (200) reflection 

clearly suggests that there is a low concentration of fibril nuclei in sample A11 and this is 

directly supported by the fibril nucleus being observed in the TEM micrograph of Figure 

3.18b. 

Comparing the processing conditions for samples A10 and A11, it is also noted 

that a thicker die gap can enhance the formation of fibril nuclei for the extruded film (such 

as sample Al1) made from Resin 1. As the oriented polymer melt was drawn out of the 

die, it formed the extruded film having the same thickness of ca 1 mil. The transformation 

mechanism from the melt in the die to the extruded film with 1 mil thickness at the die exit 

is actually equivalent to a drawn process with a draw-down ratio defined by the die gap to 

the film thickness. At a constant film thickness, a thicker die gap provides a greater draw- 

down ratio, which in turn enhances the formation of the highly oriented fibril nuclei in 

sample All. These observations clearly show that the extruded film with or without fibril 

nuclei can be produced for both resins with different molecular weight characteristics 

(possessing different melt relaxation time behavior at a given temperature) by tuning the 

processing variables correctly. 
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Figure 3.18a. The TEM micrograph for Resin 1 - sample All showing fibril nuclei. 
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Figure 3.18b. The WAXS diffraction pattern for Resin 1 - sample All that possessed 
fibril nuclei. 
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The coil — stretching transition concept proposed by de Gennes” has been applied 

by Keller et al.** to explain the orientation phenomena in polymer melt during processing 

and their consequence for structure formation. Keller et al. suggested that the polymer 

chain orientation caused by melt flow during processing are of two types of orientation: 

the essentially fully stretched out and the essentially unoriented random chain, with no 

intermediate status. When passing from the melt to the crystalline state, the random 

chains lead to chain folded lamellae and the extended chains to fibril nuclei first with the 

chains nearly essentially extended within them. Intermediate orientation states obtained in 

the final product was speculated to be due to the different combinations of the two 

extremes. The results obtained in this work indicate that the melt relaxation mechanism is 

important for the structure formation in the extruded films. A longer melt relaxation time 

and a shorter processing time frame upon cooling can enhance the formation of fibril 

nuclei. Intense sharp equatorial reflections were not seen in the WAXS diffraction 

patterns of the extruded films in which fibril nuclei were not evident by TEM. This 

observation suggests that the contribution of orientation from the fully stretched chains in 

these extruded films may not be significant. For the samples which possess fibril nuclei, 

the highly oriented fibril nuclei confirmed by the intense sharp equatorial reflections in the 

WAXS diffraction patterns can be separated out from the other oriented stacked lamellar 

matrix which causes the broader azimuthal WAXS reflections. In contrast to the coil > 

stretching model, these results suggest that the state of orientation produced in the final 

extruded films is not necessarily only a combination of the two extremes described above 
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but rather may possibly arise from oriented chains possessing intermediate orientation 

states. Clearly further investigations addressing this important subject are warranted. 

3.3.4 The Influence of Fibril Nuclei Structure on the Tensile Modulus of HDPE 

Extruded Tubular Films 

The presence of fibril nuclei structure has been noticed to be important for 

enhancing the mechanical performance of PE fibers, i.e. promoting a higher modulus.*” In 

order to find out if there is any influence of fibril nuclei on the mechanical properties of 

extruded films, the highest oriented Resin 2 (sample B11 which possesses fibril nuclei) 

studied in our previous work and sample B12, the same resin without fibril nuclei were 

characterized by tensile testing. A direct comparison of the stress-elongation behavior for 

the two samples is shown in Figure 3.19. Note that the modulus and the strength are 

distinctly higher and the ultimate strain is lower for sample B11 which possesses a 

significant prevalence of fibril nuclei. The difference for the average values of these three 

properties between samples B11 and B12 is presented in Table 3.7. It was noted in Table 

3.7 that the modulus and strength of sample B11 were 20% and 30% greater than those of 

sample B12 respectively. The elongation% at break for sample B11 was 25% less than 

that of sample B12. These results suggest, as might be expected, that the fibril nuclei 

structure play a critical role in determining the mechanical response of these extruded 

films. Since sample B11 has a higher orientation state than sample B12, there is also a 
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Figure 3.19. The stress-elongation curves for samples B11 and B12 as measured along 

the machine direction. 
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Table 3.7. Summary of mechanical properties for samples B11 and B12 as measured 
along the machine direction. 

  

  

  

  

  

  

  

  

  

  

  

  

  

Sample# | Test# E (MPa) Strength (MPa) | Elongation” 

At Break 

1 1016 80 166 

2 965 84 177 

Bll 3 1006 84 181 

4 1069 81 196 

5 1024 80 160 

average 1016+37 82+2 176+14 

1 776 50 240 

2 831 53 232 

B12 3 810 50 233 

4 772 49 240 

5 839 51 215 

average 806+31 $142 232+10           
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potential influence from the orientation on their mechanical responses. Therefore it would 

be interesting to further investigate the separate effect of the two factors (orientation and 

fibril nuclei structure) on the mechanical performance of oriented extruded films. 

3.4 SUMMARY AND CONCLUSIONS 

Two different types of morphology were found in the extruded films. One was a 

stacked lamellar structure and the other was a fibril nucleated morphology. For the 

samples which possessed fibril nuclei, the highly oriented fibril nuclei were confirmed by 

the intense sharp equatorial reflections in the WAXS diffraction patterns. On the other 

hand, intense sharp equatorial reflections were not seen in the WAXS diffraction patterns 

of the extruded films in which fibril nuclei were not evident by TEM. Using a Carreau- 

Yasuda analysis, the melt relaxation time at 190 °C for the broader molecular weight 

distribution resin was found to be 6.5 times that observed for the narrower distribution 

resin. This observation confirms the speculation that under the same processing 

conditions, the prominence of fibril nuclei for Resin 2 is clearly due to its longer melt 

relaxation time behavior. 

In this study, it was also shown that the melt relaxation behavior can be controlled 

by varying the melt process conditions to produce extruded films with and without fibril 

nuclei for each of the two HDPE resins utilized. The results obtained display that the melt 

relaxation behavior during the melt cooling/solidification process is particularly important 
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in determining if a fibril nucleated structure would develop for either resin as well as the 

level of orientation state generated in the HDPE extruded films. 

These observations support the row nucleated model in one way but also question 

the range of its applicability to crystallization under stress in another aspect. Without 

considering the expected relaxation behavior of a polymer melt, the row nucleated model 

proposed by Keller et al. treats “stress” as the important parameter for determining the 

structure/orientation behavior of extruded films. Since the oriented fibril nuclei were not 

evident by TEM and WAXS for some of the extruded films studied nor was significant 

lamellae twist as suggested in the row nucleated model for the lowest stress case seen for 

either of the samples in this work by TEM, it is possible that the “row nucleated model” 

may need some further modification to account for the types of morphology discussed 

within this study. 

From birefringence and FTIR dichroism analysis, it was found that amorphous 

Orientation is small and the form birefringence effects appear to be unimportant in the 

extruded tubular films. These findings confirm the observation that the experimentally 

measured birefringence arose almost exclusively from the crystalline phase. 

Of the processing variables studied, the quench height and melt temperature were 

found to be particularly important in determining the morphology and the orientation of 

the chain axis in the crystalline phase in the extruded films made from both resins. On the 

other hand, little dependence of structure/orientation was noted for either resin for the 

variables of quench rate and film line speed. It is believed that the orientation state and 
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morphological features of the extruded films will influence the properties of microporous 

membranes made from these extruded precursor films by further annealing and stretching 

processes. 
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CHAPTER IV 

STRUCTURE-ORIENTATION BEHAVIOR OF HIGH DENSITY 

POLYETHYLENE (HDPE) EXTRUDED TUBULAR FILMS: EFFECT OF 

THERMAL ANNEALING 

4.1 INTRODUCTION 

The procedures utilized to make microporous membranes studied in this work 

include extrusion, annealing, and stretching. The use of annealing to promote structural 

modification such as perfection of the crystalline phase in polypropylene extruded films 

has been considered by Druin etal.' to be important for producing microporous 

membranes. Although this well known belief has existed for many years, the molecular 

mechanism behind the annealing behavior of oriented extruded films and the influence of 

the resulting annealing effects on the formation of microporous films is still not well 

understood. 

For most of the industrial melt processes of semicrystalline polymers, the flow- 

induced orientation and corresponding crystallization plays a critical role for the structural 

development such as morphological features and orientation in the final product.** The 

flow-induced oriented molecular chains will crystallize/solidify into one or more of three 

regions upon cooling - the amorphous region, the crystalline region, and the transition 
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zone between the two phases. Defects such as chain ends, branches, and kinks trapped as 

imperfections in the crystalline area as well as the other frozen thermodynamically 

nonstable portions of the chains tend to move toward a thermodynamic equilibrium state 

upon annealing.” The polymer chains located in the crystal defect areas prefer to 

rearrange themselves into a more perfect crystalline structure, while the macromolecules 

(or portions thereof) in the amorphous regions tend to alter their prior oriented 

conformations toward a coiled state as driven by higher thermal energy promoting a higher 

state of conformational entropy.°’ In other words, thermal annealing can enhance further 

internal mobility and promote greater thermodynamic stability by the elimination of defects 

or stress via various mechanisms." 

In order to investigate the annealing effects of the extruded films investigated in 

this dissertation, different annealing processes were employed to alter the structure- 

property behavior of HDPE melt extruded tubular films. Four different HDPE extruded 

films were utilized for annealing. Two were made from Resin 1 and the other were made 

from Resin 2. According to the information obtained in the previous chapter, the 

extrusion processing conditions utilized in this chapter were selected from the processing 

window studied before to produce the highest and lowest oriented extruded films for 

either resin. The two annealing procedures utilized were annealing without tension (or 

free annealing) and annealing under a specified extension. For what will be here-after 

denoted as ‘free annealing’, extruded films were annealed in an oven without any 

constraint at different temperatures and times. In contrast, the annealing procedure 
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carried out under ‘extension’ represents a continuous process during which the extruded 

films move through several rollers installed in an oven with controlled temperature, 

extension, and process line speed - the latter of which controls the annealing time. 

The physical properties of interest in this portion of the study include the SAXS 

long period, SAXS peak intensity, crystalline orientation, melt temperature, degree of 

crystallinity, and birefringence. These properties were measured for the extruded films 

before and after annealing. The morphological features of the extruded films and their 

annealed products were characterized by TEM. The objectives of this chapter were to 

investigate the effect of the three annealing process variables: temperature, time, and 

extension on the structural modifications in the annealed extruded films and to understand 

the molecular mechanisms behind the annealing effect causing any observed structural 

changes in the extruded films. 

4.22 EXPERIMENTAL 

The extrusion conditions for the four extruded film precursors utilized in this 

chapter are listed in Table 4.1. The extruded films made from Resin 1 are designated as 

1R and the samples made from Resin 2 are named as 2R. The values of the crystalline 

orientation function, that were determined using WAXS by the method described in the 

previous chapter, for the four extruded films are also shown in Table 4.1. A schematic of 

the “on-line” annealing process investigated in this work is illustrated in Figure 4.1. In 
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order to evaluate the annealing process, the extruded films were annealed under a small 

amount of extension (ca 3%) at various combinations of temperatures (105 °C or 120 °C) 

and line speeds (10 ft/min or 40 ft/min). The annealing conditions for the resulting 

annealed products are summarized in Table 4.2. It is important to mention that the 

annealing line speed shown in Figure 4.1 determines the residence time (or annealing time) 

in the oven. For the line speed used in this study, a line speed of 10 ft/min is equivalent to 

an annealing time of 20 minutes. Likewise, an annealing line speed of 40 ft/min equals a 5 

minute annealing time. 

The above annealing process was conducted under a fixed amount of extension (of 

ca 3%). For understanding the effect of extension applied during annealing on the 

structural changes of the extruded films, a single precursor film (sample 1R2) was chosen 

to be annealed by free annealing as well as under three different levels of extension (3%, 

9%, and 18%). For free annealing, the extruded films (sample 1R2) were annealed in an 

Table 4.1. Summary of extrusion conditions for the extruded films utilized. 

  

  

  

  

  

Sample Melt Quench Air Flow Line Speed | Die Gap 
Temperature | Height Rate in Air | (ft/min) (inch) 

(°C) (inch) Ring 

IR1 (Resin 1) | 205 2.5 low 40 0.07 
(f.=0.27) 
1R2 (Resin 1) | 185 1.0 high 80 0.07 
(f.=0.60) 

2R1 (Resin 2) | 210 3.5 low 40 0.07 

(f.=0.47) 
2R2 (Resin 2) | 195 1.75 medium 60 0.14 
(f.=0.72)             
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Figure 4.1. A schematic of the annealing process. 
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Table 4.2. Summary of annealing variables for the annealed products produced by the 
process shown in Figure 4.1 under a small amount of extension (ca 3%). 

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

Precursor (extruded film) | Annealed sample | Annealing Annealing line 

temperature (°C) speed (ft/min) 

IRIA 105 10 

1R1 1R1B 105 40 

IRIC 120 10 

IR1D 120 40 

IR2A 105 10 

1R2 1R2B 105 40 

IR2C 120 10 

IR2D 120 40 

2RIA 105 10 

2R1 2R1B 105 40 

2RIC 120 10 

2RID 120 40 

2R2A 105 10 

2R2 2R2B 105 40 

2R2C 120 10 

2R2D 120 40           
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oven without any constraint for different annealing temperatures and times. For annealing 

at different extensions, the precursors (sample 1R2) were annealed under different amount 

of extension (3%, 9%, and 18%) by the process in Figure 4.1 at the same annealing 

temperature (120 °C) and annealing time (20 minutes). The resulting sample designations 

along with their annealing conditions are included in Table 4.3. 

The degree of crystallinity, X,, of the precursors and their annealed products was 

determined from the heat of fusion using a Seiko DSC 220C at a heating rate of 10 

°C/min. The fractional crystallinity (mass fraction) X, was calculated based on DSC data 

according to the equation 

AH 

AH, 

  X= (4.1) 

where AH, is the specific heat of melting of an ideal crystal; for PE, the commonly 

accepted value of AH,=293 J/g was utilized.'' The data, that were reported with error 

bars of one standard deviation, were obtained from four measurements. 

The crystalline orientation of the films was studied by WAXS using a Philips table- 

top x-ray generator model PW1170 equipped with a standard vacuum sealed Warhus 

photographic pinhole camera. The method of determining the value of f, of the chain 

orientation function in the crystalline phase, with WAXS was described in Chapter II'””. 

For TEM investigations, the 1 mil thick extruded films treated with 99% 

chlorosulfonic acid at 60 °C for 6 hours were washed in turn by sulfuric acid and water.’* 

After the samples were dried completely, they were embedded in low viscosity Spurr 
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Table 4.3. Summary of annealing conditions for the annealed films prepared from 

precursor 1R2 by free annealing and annealing under different extensions 

(3%, 9%, and 18%). 

  

  

  

  

  

  

  

  

  

      

Sample name annealing conditions 

1R2 extruded film without annealing 

105f20m free annealing at 105 °C for 20 minutes 

120f5m free annealing at 120 °C for 5 minutes 

120f10m free annealing at 120 °C for 10 minutes 

120f20m free annealing at 120 °C for 20 minutes 

120f24h free annealing at 120 °C for 24 hours 

3% 120 annealed at 120 °C for 20 minutes under a 3% extension 

9% 120 annealed at 120 °C for 20 minutes under a 9% extension 

18%120 annealed at 120 °C for 20 minutes under an 18% extension 

  

epoxy which was cured at 70 °C for 12 hours. Following the embedding and curing, the 

samples were then microtomed at ambient conditions. The thin sections obtained were 

normally stained on the TEM grid with a dilute aqueous solution of uranyl acetate and 

then examined by a Philips EM-420 scanning transmission electron microscope (STEM) 

operated in the transmission mode at 100 kV. 

Small angle x-ray scattering (SAXS) experiments were performed using Ni-filtered 

Cu K, radiation (A=1.54A) on a compact Kratky camera with slit geometry, equipped with 
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a Braun position sensitive detector. The SAXS profiles were obtained by passing the 

beam along the normal direction and obtaining the scan along the MD direction. No 

desmearing of the intensity data was undertaken for this investigation. After the 

corrections for parasitic scattering and adsorption, the scattering curves were normalized 

to the main beam intensity and sample thickness. The results were plotted against the 

, .@ , . ; 
angular variables, s = 2(sin >) / A where 0 is the radial scattering angle. 

A Babinet compensator method was used to measure the film birefringence at 

ambient condition. Form birefringence measurements followed the same procedures 

described in the previous chapter. 

4.3 RESULTS AND DISCUSSION 

Four extruded films were utilized for this annealing study. The processing 

schemes of the annealed films made from the four extruded films have been described in 

the previous section. In order to help the reader to understand the following discussion 

easily, the processing history and sample names for all the samples that were discussed in 

the previous section are summarized in the flow charts in Figures 4.2a & 4.2b. It is also 

important to mention that there are many data that will be addressed in this chapter. 

Hence it might be noted that the majority of the results will be first presented in the front 

portion of the chapter and then followed by their interpretation. 

127



‘] 
Ulsoy 

W
O
 

spew 
SUT 

pajeouue 
oY} 

Joy 
AJO}SIY 

SuIssad0id 
ay} 

a}eISN]I 
0} 

WeYd 
MOY 

oY] 
“ez p 

BINSIy 

*
B
I
 

%
6
 

%
E
 

0
2
 

0
2
 

02 

OL 
OL 

OL 

O
l
 

O
c
t
 

O
L
 

O
2
L
%
B
L
 

O
C
L
R
E
 

O
S
L
K
E
 

Y¥TjO? 
LWOZIO? 

| WO 
10? 

| WGJO? 
LWOZIGOL 

O
C
H
}
 
O
C
H
 

E
C
H
L
 
V
C
H
!
 
G
L
Y
L
O
L
Y
L
 

UOISUe}xe 
SNOLIGA 

Jepun 
Bulreeuue 

%0 

sinoupa 

Xx 

Odl 

LL 

%0 
%0 

%0 
%0O 

%E 
%E 

%E 
KE 

KE 
KE 

KE 
XE 

Uoisue}xe 

02 
OL 

S 
0g 

G 
02 

G 
0¢ 

G&G 
02 

¢ 
© 

(uILU) 
SLUR 

JO 

X 
xXx 

Xx 
X 

OF 
OL 

OF 
OF 

OF 
OL 

OF 
oF _ 

(ULUA) 
peeds 

oUy 

(Q.) esnyesedwie} 
OZL 

Oct 
OZt 

GOL 
Ol 

O2L 
GOL 

SOL 
Oct 

OZt 
GOL 

GoL 
B
u
r
e
e
u
u
e
 

G
Y
 
LVLYL 

Lujy 
pefeouue 

f
o
f
 

| 
| 

| 
B 

uoIsue}xe 
JO 

JOAe| 
pexy 

e 

B
u
y
e
e
u
u
e
 

60.4 

(peyUeHO 
4eYGIU) 

ZHI 

40°0 
08 

yoy 
O'l 
sel 

‘ 

Jepun 
Bulreeuue 

(De}USLIO 
JEMO)) 

LY} 

| ulsey 

|_| 
| 

J 

uolsue|xe 

JO 
JOA] 

Pexy 
e 

Jepun 
Bulreouue 

f 4
0
0
 

Ov 

MO| 

S
e
 

S0¢e 

(2 
eBejs 

JO} 
sOSuNdeId) 

LUI, 
POPruyxe 

(youl) 
deb 

eip 
(
u
l
y
)
 
peeds 

sul 

eyes 
Y
o
u
s
n
b
 

(youl)}yBiey 
Y
o
u
e
n
b
 

(9) 
your 

128



Resin 2 
  f 

Tree (°C) 210 195 
quench height(inch) 3.5 1.75 

quench rate low high 

line speed (ft/min) 40 60 

die gap (inch) 0.07 0.14 

extruded film 2R1 (lower oriented) 2R2 (higher oriented) 
(precursor for stage 2) 

Y Y 
annealing under annealing under 

a fixed level of a fixed level of 

extension extension 

annealed film  2R1A2R1B 2R1C 2R1D 2R2A2R2B 2R2C2R2D 

annealing 
105 105 120 120 105 105 120 120 

temperature (°C) 

line speed (ft/min) 10 40 10 40 10 40 10 40 

or time (min) 20 5 20 5 20 5 20 5 

extension 3% 3% 3% 3% 3% 3% 3% 3% 

Figure 4.2b. The flow chart to illustrate the processing history for the annealed films 
made from Resin 2. 
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4.3.1 Analysis of the Annealing Process Using a Fixed Level of Extension (ca 3%) 

The WAXS diffraction patterns of the four extruded films (precursors) are shown 

in Figure 4.3. The intense sharp equatorial spots, which have been found to arise from the 

highly oriented fibril nuclei, were only observed for sample 2R2. It is therefore clear that 

only the extruded film - sample 2R2 possesses the fibril nuclei structure. The orientation 

function (f,) determined by WAXS, birefringence, and the degree of crystallinity as well as 

maximum melt temperature measured by DSC for the extruded films are summarized in 

Table 4.4. As demonstrated in chapter III, since the birefringence mainly arises from the 

crystalline phase, the sample with a higher crystalline orientation function also shows a 

higher birefringence. 

The WAXS diffraction patterns of the annealed films prepared from the four 

precursors (samples 1R1, 1R2, 2R1, and 2R2) are shown in Figures 4.4, 4.5, 4.6, and 4.7 

respectively. Comparing the diffraction patterns in Figure 4.3 with those in Figures 4.4- 

4.7, a significant increase of crystalline orientation in the annealed films is clearly evident. 

For sample 2R2, which possessed the fibril nuclei, the intense equatorial spots, that are 

associated with the fibril nuclei, became even more intense after being annealed. It is 

speculated that the more intense equatorial spots observed in the sample 2R2 annealed 

products arose from the contribution of the lamellar platelet components which have been 

oriented toward the MD by the extension applied during annealing. The exact answer for 

this observation is not yet clear completely. Therefore it would be interesting to pursue 
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Figure 4.3. The WAXS diffraction patterns for the precursors (extruded films without 

annealing). 
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Figure 4.3. continued. 
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Table 4.4. Summary of orientation function, birefringence, degree of crystallinity, and 
melt temperature for the precursors. 

  

  

  

  

            

Sample f. birefringence X, Tmax ('C) 

1R1 (Resin 1) 0.27 0.0047 0.61 136.3 

1R2 (Resin 1) 0.60 0.0238 0.6440.01 134.6+0.5 

2R1 (Resin 2) | 0.47 0.0175 0.62 136.4 

2R2 (Resin 2) 0.72 0.0295 0.64 135.9 
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Figure 4.4. The WAXS diffraction patterns for the annealed films prepared from sample 

IR1 by the annealing process using a small amount of extension (3%) 
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Figure 4.4. continued. 
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Figure 4.5. The WAXS diffraction patterns for the annealed films prepared from sample 

1R2 by the annealing process using a small amount of extension (3%). 
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Figure 4.5. continued. 
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Figure 4.6. The WAXS diffraction patterns for the annealed films prepared from sample 

2R1 by the annealing process using a small amount of extension (3%). 
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Figure 4.6. continued. 
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Figure 4.7. The WAXS diffraction patterns for the annealed films prepared from sample 

2R2 by the annealing process using a small amount of extension (3%). 
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Figure 4.7. continued. 
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the investigation on this topic in the future work. 

The crystalline orientation functions for the annealed samples calculated by WAXS 

and the measured birefringence are listed in Table 4.5. The degree of crystallinity and 

maximum melt temperature measured by DSC for the annealed films are also included in 

Table 4.5. Comparing the data in Tables 4.4 & 4.5, it is clearly noted that all the annealed 

samples show a higher maximum melt temperature and a higher degree of crystallinity than 

their precursors. In the previous chapter, it was found that the birefringence in the 

extruded films arose mainly from the crystalline phase and the form birefringence could be 

neglected. Using equation 3.3 and the data listed in Table 4.5, the crystalline birefringence 

was Calculated for the annealed samples in Table 4.5 and plotted against their measured 

birefringence in Figure 4.8. Similar to what was observed for the extruded films before, 

the deviation of the points from 45° diagonal line is small. /t indicates that for the 

annealed films, the crystalline birefringence (A*) also matches well with the measured 

birefringence (Az) and the form effect is very small. The form birefringence was 

measured for the annealed sample 1R2C. As the results show in Figure 4.9, the form 

birefringence was found to be very small for the annealed film. This finding supports the 

conclusion that the form birefringence can be also neglected for the annealed films. Since 

the values of crystalline orientation function for the annealed samples are all greater than 

the precursors, it is not surprising to see a significant increase of birefringence in the 

annealed samples as shown in Table 4.5. The specific influence of the two annealing 

process variables, temperature and line speed, on these physical properties will be further 
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Table 4.5. Summary of orientation functions, birefringence, degree of crystallinity, and 

melt temperature for the samples prepared from the precursors in Table 4.4 

by annealing under a small amount of extension (3%). 

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

sample f. birefringence X. Tmmax (°C) 

IRIA 0.37+0.03 0.0135 0.66 136.9 

1RiB 0.27+0.02 0.0118 0.66 136.2 

1IRIC 0.42+0.02 0.0176 0.69 137.3 

IRID 0.38+0.02 0.0169 0.69 137.0 

IR2A 0.77 0.0314 0.67 136.3 

1R2B 0.69 0.0313 0.69+0.02 136.3+0.5 

IR2C 0.79 0.0348 0.70+0.02 136.5+0.2 

1R2D 0.81 0.033 0.71+40.02 136.7+0.5 

2RIA 0.67 0.0272 0.67 136.6 

2R1B 0.64 0.0254 0.72 136.2 

2R1IC 0.69 0.0309 0.72 137.3 

2R1D 0.68 0.0304 0.68 136.6 

2R2A 0.79 0.0331 0.72 135.9 

2R2B 0.79 0.0312 0.69 135.9 

2R2C 0.81 0.0339 0.70 137.0 

2R2D 0.79 0.0320 0.71 137.7               
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Figure 4.8. The birefringence calculated from the crystalline phase orientation (as 
determined by WAXS) plotted against the measured birefringence. 
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Figure 4.9. The form birefringence of sample 1R2C plotted against the refractive index of 
the swelling organic liquids. 
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discussed below. 

4.3.1.1 Effect of Annealing Temperature 

Figures 4.10 & 4.11 show the maximum melt temperature vs. annealing 

temperature for the samples annealed at 10 ft/min and 40 ft/min line speeds respectively. 

The difference in Tymax for the samples annealed at 105 °C and 120 °C was found to be 

small but real, which was confirmed by a statistical paired t test. The trend that samples 

annealed at 120 °C have a slightly higher Ty,max than samples annealed at 105 °C is 

consistently evident for all the precursors shown in Figures 4.10 & 4.11. The relation 

between degree of crystallinity and annealing temperature is shown in Figures 4.12 & 

4.13. Except for two pairs of samples, the samples annealed from precursor 2R2 at a 10 

ft/min line speed and the samples annealed from precursor 2R1 at a 40 ft/min line speed, 

the results displayed in Figures 4.12 & 4.13 suggest that annealing at 120 °C provides a 

slightly higher degree of crystallinity than at 105 °C. 

The DSC scans for the precursor 1R2 made from Resin 1 and its annealed 

products that were annealed under the same line speed (40 ft/min) at various temperatures 

(105 °C and 120 °C ) are shown in Figure 4.14. The difference between precursor and the 

sample annealed at 105 °C is small. As compared to the precursor, a shifting of the 

spectrum for the sample annealed at 120 °C to the higher temperature region is clearly 

evident in Figure 4.14. This observation suggests that the annealing treatment at 120 °C 
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Figure 4.10. Maximum melt temperature, Tinmax, Versus annealing temperature for the 
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Figure 4.11. Maximum melt temperature, Tmmax, Versus annealing temperature for the 

samples annealed at a 40 ft/min line speed. 
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Figure 4.12. Degree of crystallinity versus annealing temperature for the samples 

annealed at a 10 ft/min line speed. 
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Figure 4.13. Degree of crystallinity versus annealing temperature for the samples 
annealed at a 40 ft/min line speed. 

] re
 7



6000 |   

    
  

      
  

| dT 

sooo 7 1R2(extruded film) ; 

— 1R2B(105 °C, LS=40ft/min) i 
§ 

fy 
3 —- 1R2D(120 °C, LS=40ft/min) 1 
5 4000+ ‘ - 

\ il 

3000 + i 1 
il 
{| 

2000 + J 

1000 - 7 

0 | | __| 

80 100 120 140 160 

Temperature (°C) 

Figure 4.14. The DSC scans for precursor 1R2 and its annealed samples that were 
annealed at 105 °C and 120 °C under the same line speed (40 ft/min). 
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increases the lamellar thickness as well as the total crystallite content in HDPE extruded 

films more significantly than at 105 °C. The corresponding SAXS profiles taken along the 

machine direction for the three samples in Figure 4.14 are displayed in Figure 4.15. The 

differences between the sample annealed at 105 °C and precursor 1R2 were observed to be 

small -- 26.6 nm vs. 25.9 nm for the smeared long spacing and a similar magnitude of 

normalized scattering intensity at the first order Bragg’s peak. In contrast to the sample 

annealed at 105 °C, the SAXS profile for the sample annealed at 120 °C was found to have 

a normalized scattering intensity of 1.46 times greater than that of the precursor at the 

first order Bragg’s peak and a significant larger smeared long spacing (29.2nm) as 

compared to that (25.9nm) of the precursor. These results clearly display that annealing 

at 120°C can significantly enhance the electron density difference between crystalline 

and amorphous phases and increase the dimension and uniformity of the long spacings in 

HDPE extruded films. 

Figure 4.16 shows the plot of orientation function determined by WAXS versus 

annealing temperature at various line speeds. In general, under the same line speed, 

samples annealed at a higher temperature possess a slightly higher orientation function. 

Similar to what is observed for the influence of annealing temperature on orientation 

functions, samples annealed at a higher temperature also display a higher birefringence as 

shown in Figure 4.17. This influence of annealing temperature on orientation function is 

also more pronounced for the samples annealed from the precursors with a lower 

orientation function. The greater structural changes such aS Tmax, X-, SAXS peak 
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intensity, orientation function, and birefringence observed for the samples annealed at a 

higher temperature (120 °C vs. 105 °C) is suggested due to the greater chain mobility 

obtained at a higher annealing temperature. The influence of chain mobility determined by 

the annealing temperature on the structural modification of the HDPE extruded films will 

be described later in this chapter in more detail. 
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Figure 4.15. The slit smeared SAXS profiles for the samples shown in Figure 4.14. 
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Figure 4.16. Orientation function versus annealing temperature for the samples annealed 
under a small amount of extension (3%). 
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Figure 4.17. Birefringence versus annealing temperature for the samples annealed under a 
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4.3.1.2 Effect of Line Speed 

The influence of line speed on the orientation function and birefringence of the 

annealed samples can also be noted from the data shown in Figures 4.16 & 4.17. For the 

orientation function behavior, except for the samples annealed at 120 °C from precursor 

1R2, Figure 4.16 shows that a slower line speed gives a slightly higher orientation 

function. This influence of line speed on the orientation function was found to be small for 

the Resin 2 annealed films but more significant for the Resin 1 annealed samples. 

Similarly, it is observed in Figure 4.17 that the samples annealed at a slower line speed 

always possess a slightly higher birefringence which, as discussed earlier in this 

dissertation, is principally due to the crystalline orientation function, f.. 

The Timax VS. annealing line speed for the samples annealed at various 

temperatures (105 °C and 120 °C) are shown in Figures 4.18 & 4.19 respectively. In 

contrast to the effect of annealing temperature, no clear trend can be drawn from Figures 

4.18 & 4.19 on the relation between annealing line speed and Tmmax. Addressing the 

degree of crystallinity, the influence of annealing line speed on this parameter for various 

annealing temperatures (105 °C and 120 °C) is presented in Figures 4.20 & 4.2] 

respectively. While some variations occur, no clear relationship exists between the two 

line speeds utilized and the degree crystallinity from the results displayed in Figures 4.20 

& 4.21. 

The DSC scans for the precursor 1R2 and its annealed samples which were 
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Figure 4.18. Maximum melt temperature, Tmax, versus line speed for the samples 

annealed at 105 °C. 
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Figure 4.19. Maximum melt temperature, Tmmax, versus line speed for the samples 

annealed at 120 °C. 
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Figure 4.21. Degree of crystallinity versus line speed for the samples annealed at 120 °C. 
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annealed under different line speeds (10 ft/min and 40 ft/min) at the same annealing 

temperature, 120 °C, are shown in Figure 4.22. The spectrum in Figure 4.22 for the 

annealed samples shift to the higher temperature side as compared to the spectrum of the 

precursor but the difference between the two annealed samples shown in Figure 4.22 is 

too small to establish significance. Figure 4.23 displays the SAXS spectra of the samples 

in Figure 4.22. Compared to the precursor 1R2, the two annealed samples clearly show a 

greater long spacing and a higher peak intensity. The smeared long spacings (29.2 nm vs. 

31.6 nm ) and normalized scattering intensities at the 1st order scattering peaks of the two 

annealed samples 1R2D and 1R2C shown in Figure 4.23 are almost identical to each 

other. The only slight observable difference between the two annealed samples is that the 

sample annealed at a slower line speed (10 ft/min) possesses a more distinctive 2nd 

scattering peak. This observation is believed due to the fact that annealing at a slower line 

speed (longer annealing time) resulted in a more uniform lamellar thickness distribution in 

the extruded film. Therefore a more distinctive 2nd SAXS peak was observed for the 

sample annealed at a slower line speed (10ft/min vs. 40 ft/min). It is also important to 

mention that the extruded films have partially oriented lamellar structure and the 

extrapolation of the SAXS scattering intensity to zero angle can not be performed from 

the spectrum obtained. Therefore the calculation of the invariant is not conducted in this 

dissertation. 

The results of the annealing processing variables (temperature and line speed) on 

the structure-property behavior of the extruded films that were annealed under a small 

156



6000 yl   

    
  

{ dy 

— -1R2(precursor) 

--- LTR2C(120 °C, LS=10ft 1 
5000 ( /min)  [K 4 

——1R2D(120 °C, LS=40ft/min) 

mI , 
5 
5 4000 ! 

3000 

2000 

1000       0 | | | 

BO 100 120 140 160 

Temperature (°C) 

  

Figure 4.22. The DSC scans for precursor 1R2 and its annealed samples that were 
annealed under different line speeds (10 ft/min and 40 ft/min) at 120 °C. 
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Figure 4.23. The slit smeared SAXS profiles for the samples shown in Figure 4.22. 
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amount of extension (ca 3%) are now summarized. The values of birefringence and 

orientation function for the annealed samples were found to be greater than those of the 

respective precursors. Under the same processing line speed, a higher annealing 

temperature (120 °C vs. 105 °C) resulted in a greater birefringence and a higher 

orientation function. For the same annealing temperature, these two properties were 

found to be slightly greater for the samples annealed under a slower line speed (10 ft/min 

vs. 40 ft/min). From DSC analysis, it was observed that for the processing window 

utilized, annealing temperature has little influence on the Tmmax, and X, but the relationship 

between these two properties and the annealing line speed remains unclear. In contrast to 

the DSC results, the annealing temperature showed a much greater influence than line 

speed on the SAXS long spacing and SAXS peak intensity. Specifically, the samples 

annealed at 120 °C always display a larger long spacing and a higher peak intensity than 

the samples annealed at 105 °C. Although these observations reveal that the structural 

modifications in HDPE extruded films can be controlled by annealing temperature and line 

speed for the annealing procedures studied in this section, the effect of the 3% extension 

applied during annealing and the molecular mechanism behind the annealing behavior 

discussed here are less obvious. In order to address these questions, the results obtained 

from free annealing and annealing under various amount of extensions will now be 

presented in the following section and then later contrasted with the observations made to 

this point. 
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4.3.2 Free Annealing and Annealing Under Various Levels of Extension 

4.3.2.) Free Annealing 

Table 4.6 summarizes the values Of Tin.max and degree of crystallinity for precursor 

1R2 and the samples annealed by free annealing and annealing under different levels of 

extension. The annealing conditions for the samples in Table 4.6 are listed in Table 4.3. 

The difference shown in Table 4.6 between the precursor and the sample freely annealed at 

105 °C for 20 minutes is small. In contrast to the sample annealed at 105 °C, an 

observable increase in Tmax and degree of crystallinity is noticed from sample 120f20m 

which was free annealed at 120 °C for 20 minutes. As the annealing time increases to 24 

hours - sample 120f24h, a more significant increase in Tmax (ca 2 °C) and degree of 

crystallinity (ca 6%) occurs as ts clearly evident in Table 4.6. 

The SAXS profiles for precursor 1R2 and the samples free annealed at 105 °C and 

120 °C for 20 minutes are shown in Figure 4.24. Little differences are shown in Figure 

4.24 between the profiles of precursor and sample 105f20m for their smeared long spacing 

(25.9 nm vs. 26.5nm) and the Ist order peak intensity. In contrast to the sample annealed 

at 105 °C, a distinctly greater peak intensity and a slightly larger long spacing (28.5nm) are 

observed in Figure 4.24 for the sample annealed at 120 °C. Figure 4.25 includes the 

SAXS profile for precursor 1R2 and the samples annealed at 120 °C for different 

annealing times. In Figure 4.24, the peak intensity and long spacing were found to 
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increase with a longer annealing time. This observation and the results shown in Table 4.6 

suggest that for free annealing at 120 °C, annealing time is also an important factor in 

influencing the physical properties such as SAXS peak intensity, long spacing, degree of 

crystallinity, and melt temperature of HDPE extruded films. In contrast to the other 

properties, the SAXS peak intensity showed much greater sensitivity to the annealing 

temperature and annealing time. This observation clearly suggests that annealing results in 

promoting a greater density difference between crystalline and amorphous phases. The 

specific molecular mechanism behind this annealing behavior will be addressed in a later 

discussion of this chapter. 

Table 4.6. Summary of Tymax and degree of crystallinity for precursor 1R2 and the 
samples annealed by free annealing and annealing under different extensions. 

  

  

  

  

  

  

  

  

  

  

Sample Tyamax (°C) Xe 

precursor - 1R2 134.6+0.5 0.64+0.01 

105f20m 135.2+0.6 0.65+0.02 

120f5m 135.5+0.4 0.66+0.01 

120f10m 135.5+0.2 0.66+0.02 

120f20m 135.940.8 0.69+0.01 

120f24h 136.9+0.4 0.71+0.03 

3% 120 136.540.2 0.70+0.02 

9% 120 136.9+0.2 0.72+0.02 

18% 120 136.740.3 0.72+0.01           
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Figure 4.24. The Slit smeared profiles for precursor 1R2 and the samples which were 
freely annealed at 105 °C and 120 °C for 20 minutes. 
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Figure 4.25. The slit smeared profiles for precursor 1R2 and the samples annealed by 
free annealing at 120 °C for different annealing times. 
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4.3.2.2 Annealing Under Different Levels of Extension - Effect of Extension 

The Tmax and degree of crystallinity for the samples annealed under different 

extensions - 3%, 9%, and 18% at 120 °C for 20 minutes are displayed in Table 4.6. The 

difference in Tmax and degree of crystallinity among the samples was found to be small. 

Compared to the free annealed sample, 120f20m, which was annealed at 120 °C for 20 

minutes, a slight increase in Tymax and degree of crystallinity is observed in Table 4.6 for 

the samples annealed under extension. 

Figure 4.26 shows the SAXS profiles for precursor 1R2, sample 120f20m, as well 

as the samples annealed under different amounts of extension. The profiles of the samples 

annealed under 3%, 9%, and 18% extension were observed to shift slightly to the 

smaller angle region as compared to the free annealing sample 120f20m. The peak 

intensity was found to be greater for the samples annealed under 3% and 9% extensions 

than the free annealed sample 120f20m. Jnterestingly, a significant drop of the peak 

intensity was observed for the sample annealed under a 18% extension in Figure 4.26. 

These observations suggest that at the same annealing temperature and time, annealing 

under a small amount of extension such as 3% and 9% can enhance the electron density 

difference between crystalline and amorphous phase more efficiently than free annealing. 

Therefore for the annealing processing window utilized, the annealing time was found to 

have more effect on the structural changes in the extruded films for free annealing than 

for annealing under a 3% extension. However, as the extension applied during annealing 
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Figure 4.26. The slit smeared profiles for precursor 1R2, the free annealed sample 

120f20m, and the samples annealed under 3%, 9%, and 18% extension. 

165



exceeds 18%, it is speculated that the applied extension during annealing may cause some 

degree of permanent deformation in the crystalline lamellae and decrease the electron 

density difference between the crystalline and amorphous phases along the machine 

direction. This topic will be further addressed below. 

The influence of extension applied during annealing on crystalline orientation is 

illustrated in the WAXS diffraction patterns shown in Figure 4.27. The WAXS diffraction 

patterns for precursor 1R2 and sample 120f20m were found to be identical. The 

orientation function determined by WAXS for these two samples is 0.60. For sample 

3% 120, no split was observed in the (200) and (110) reflections along the equator and the 

orientation function calculated from the WAXS diffraction pattern is 0.79. This 

observation clearly demonstrates that free annealing at 120 °C does not change the 

orientation state of HDPE extruded films but a small amount of extension (ca 3%) 

applied during annealing can significantly enhance the crystalline orientation in HDPE 

extruded films. It also explains the reason why all the annealed samples discussed in 

section 4.3.1 have higher orientation states than their precursors. 

The TEM micrographs for precursor 1R2, the sample annealed at 105 °C freely for 

20 minutes, and the samples, which were annealed at 120 °C for 20 minutes by free 

annealing and annealing under different extensions - 3%, 9%, are presented in Figure 

4.28. The difference in the morphological features between precursor 1R2 and its 

annealed product that was free annealed at 105 °C for 20 minutes was found to be small. 

Distinctly thicker lamellae as well as much more prominent contrast between the 
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Figure 4.27. 

precursor 

110 

  
The WAXS diffraction patterns for precursor 1R2, sample 120f20m, and 

sample 3%120. The diffraction patterns for precursor 1R2 and sample 

120£20m look almost identical, while for the sample (3%120) annealed 
under a 3% extension, one single sharper reflection arc is observed for both 
the (110) and (200) reflections which are more oriented toward the equator. 
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crystalline and amorphous phases are observed for samples 120f20m, 3%120, and 9%120 

as compared to their precursor 1R2. This observation clearly suggests that annealing at a 

higher temperature (120 °C vs. 105 °C) causes greater structural changes in the precursor 

such as an increase in the perfection of the crystalline lamellae. In contrast to the 

crystalline phase, a decrease of the amorphous phase density is expected according to the 

literature.'”'? For example, removing defects such as chain ends from the crystalline phase 

into the amorphous phase may result in a greater free volume in the amorphous regions.” 

In addition, a small amount of consumption of the initially amorphous chain segments 

through crystallization into lamellae will leave more space for the rest of the amorphous 

segments unless suitable local contraction occurs. Therefore a slight decrease of the 

amorphous phase density is suggested to occur more efficiently upon annealing at 120 °C 

than at 105 °C. In other words, annealing at a higher temperature (120 °C vs. 105 °C) 

results in a greater density difference between crystalline and amorphous phases. These 

structural changes caused by annealing at 120 °C allow the chlorosulfonic acid to permeate 

into the amorphous phase more efficiently and make the crystalline lamellae more 

invulnerable to the chlorosulfonic acid. Therefore for a constant staining time, a distinctly 

greater contrast between crystalline and amorphous phases is evident in Figure 4.28 for 

the annealed samples - 120f20m, 3%120, and 9%120. Two TEM micrographs taken from 

different parts of sample 18%120 were displayed in Figure 4.29. The 

deformation/disruption of lamellae was distinctly observed in the TEM micrograph (a) of 

Figure 4.29. The same type of deformation shown in the micrograph (a) of Figure 4.29 
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Figure 4.29. The TEM micrographs taken from different parts of the sample annealed at 
120 °C for 20 minutes under an 18% extension. 
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did not appear in the micrograph (b) of Figure 4.29. But as compared to the samples in 

Figure 4.28, the lamellae shown in the micrograph (b) of Figure 4.29 were found to be 

“broken” into smaller “pieces” that have been rotated and/or sheared to form more of a 

nonuniform morphology. These observations clearly suggest that as the extension applied 

during annealing increases up to 18%, the lamellae will be deformed and/or disrupted into 

smaller pieces or units. Since the lamellar structure has been disrupted, a decrease of the 

electron density difference between the crystalline and amorphous phases is suggested. 

Therefore a drop of SAXS peak intensity was observed for this sample in Figure 4.26. 

4.3.3. Molecular Mechanisms Behind the Annealing Behavior of HDPE Extruded 

Films 

Two different annealing temperatures (120 °C and 105 °C) have been addressed in 

this chapter for free annealing and the annealing process during which a small amount of 

extension (ca 3%) was utilized. The results obtained show that annealing at a higher 

temperature (120 °C) produces a greater change in the physical properties - Tmmax, Xc, 

SAXS peak intensity, and SAXS long spacing. According to Yeh et al., the three 

annealing temperature ranges for linear polyethylene are from 80 °C to 110 °C ,110 °C to 

120 °C, and 130 °C to 140 °C."* These classifications are based on the reported changes in 

the enhanced chain mobility detected from n.m.r linewidth, specific heat measured by 

DSC, SAXS peak intensity, and difference in specific volume. Since 105 °C is within the 
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first region and 120 °C is in the 2nd region, annealing at 120 °C is expected to induce a 

much greater chain mobility in the crystalline phase. Therefore significant structural 

modifications in extruded films can be easily achieved by annealing at 120 °C rather than at 

105 °C. 

Five important molecular models to account for the annealing behavior of 

semicrystalline polymers have been described earlier in Chapter II. These five molecular 

models are: (1) chain refolding by solid diffusion,'’ (2) selective melting of thinner 

lamellae and recrystallization to thicker lamellae,'*!” (3) fold surface premelting,” (4) 

lateral melting from edges of microparacrystallites, ° and (5) defect diffusion in the 

crystalline phase.”"” In the solid state diffusion model, it is suggested that the lamellar 

thickness is increased by a mechanism involving molecular motion along the backbone of 

the molecule in the crystalline phase. However it is questioned that it may not be 

appropriate to define solid state diffusion as diffusion of atoms or molecular chain 

segments in a lattice which still retains its three dimensional crystalline order. It has been 

shown that the dimensions in the a & b-axis of polyethylene unit cell are very sensitive to 

temperature while the c-axis lattice dimension is less influenced by heating.”” Especially 

for the annealing temperatures (105 °C and 120 °C) utilized, it is unlikely that the chain 

mobility is great enough for the solid-state-diffusion type of chain movement in the 

crystals. Although the suggestion that the thinner lamellae melt first selectively then 

recrystallize to form thicker lamellae seems like a very reasonable model, it can not explain 

the important experimental observation of the increase in SAXS peak intensity (the 
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increase of density difference between crystalline and amorphous phases). For example, if 

melting occurs selectively from the thinner lamellae that can scatter X-rays coherently, 

Fischer theoretically predicted a decrease in SAXS peak intensity rather than the observed 

increase.’ Besides, the model also does not specify how the molten thinner lamellae 

recrystallize into thicker lamellae. For example, would the melt from the thinner lamellae 

crystallize with the other amorphous molecules to form “new” thicker lamellae or 

crystallize/combine with the rest of the remaining unmelted lamellae to form thicker 

lamellae? For the type of morphology in the HDPE extruded films investigated, the 

former mechanism of forming “new” thicker lamellae is unlikely due to the fact that there 

is 60% crystalline content in the extruded films in which the initial lamellae have a quite 

uniform thickness in general. For the latter mechanism, the proposed model of selective 

melting of thinner lamellae and recrystallization to thicker lamellae does not answer how 

the melt portion would crystallize/combine with the remaining unmelted lamellae to form 

thicker lamellae. The molecular mechanisms of premelting either from the fold surface or 

the lateral edges of microparacrystallites are suggested to be similar to the defect diffusion 

model. It is also important to emphasize that “premelting” may not be “true melting” but 

rather be interpreted as only the chain mobility being enhanced by raising the temperature. 

Since it is very likely that most of the crystalline defects are located at the fold surface and 

in the grain boundaries between mosaic blocks, upon annealing, chain mobility may 

typically be greater in these regions. Since there are other defects in the bulk of the 

crystalline lamellae, the chain mobility in the bulk regions (excluding the fold surface and 
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the grain boundaries between mosaic blocks) is also considered to be important. For this 

consideration, the defect diffusion model turns out to be more general than the fold 

surface premelting and the melting from lateral edges of microparacrystallites mechanisms. 

From the SAXS and TEM analyses, it was found that annealing at 120 °C for 20 

minutes without any constraint or under a small amount of extension (such as 3% or 9%) 

can significantly increase the SAXS peak intensity as well as the TEM contrast between 

crystalline and amorphous phases. These results clearly suggest that the density difference 

between the crystalline and amorphous phases was enhanced by annealing at 120 °C. It is 

therefore speculated that a slight increase in crystalline phase density was induced upon 

annealing by removing defects from crystalline phase into noncrystalline region. In 

contrast to crystalline phase, a decrease of the amorphous phase density may occur by 

removing the chain ends from the crystalline phase into the amorphous phase. In addition, 

a small amount of comsumption of the initially amorphous chain segments through 

crystallization into lamellae may also leave more space for the rest of amorphous segments 

unless suitable local contraction occurs. Therefore a slight decrease of the amorphous 

phase density is suggested after annealing at 120 °C. In other words, the results presented 

in this work suggest that the defect diffusion model may very well be the appropriate one 

to account for the annealing behavior for the HDPE extruded films. 

Different kinds of defects in the crystalline phase of semicrystalline polymers have 

been suggested in the literature. They can be generally separated into dislocations and 

disclinations.”” The most basic dislocations””” reported in the literature are chain folds, 
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kinks, and jogs trapped in the crystalline phase while the most common type of 

disclination®’ in semicrystalline polymers is suggested to be chain twists. The stability of 

the first type of defect (dislocations) is suggested to be affected by the intramolecular 

potential barrier which has to be overcome during the internal rotation around backbone 

bonds.* On the other hand, the stability of chain twists (disclinations) are suggested to be 

mainly influenced by intermolecular forces that bind the chains inside crystallites.** Upon 

annealing, a higher annealing temperature (120 °C vs. 105 °C) or a small amount of 

extension (3% or 9%) can greatly affect the stability of these defects and enhance the 

mobility of polymer chains in the crystalline phase. It is speculated that when the stability 

of these defects is changed by raising the temperature and/or applying a small amount of 

extension, they tend to move along the molecule into neighboring amorphous regions. 

The result will be that the chain in crystal is “straightened out” by removing the short 

compressed area of defects. Since the defects have diffused into the amorphous phase, a 

small increase of the density in the crystalline phase is expected. This discussion suggests 

that the defect diffusion model may very well be a reasonable mechanism for the annealing 

behavior observed in this work for these HDPE extruded films. Specifically, this model 

can explain all the structural changes (such as the increase of SAXS peak intensity, SAXS 

long spacing, and the TEM contrast) in HDPE extruded films caused by annealing. 
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4.3.4 Formation of Interlamellar Links by Annealing Under Extension 

During the course of the TEM analysis of the morphology in annealed samples, 

interlamellar links were sometimes observed for some specimens annealed under a small 

amount of extension (ca 3%). One example is the TEM micrograph shown in Figure 4.30 

for sample 1R2D which was annealed at 120 °C with a line speed, 40 ft/min, under a 3% 

extension. The discussion presented in the previous section suggests that annealing can 

enhance the density difference between the crystalline and amorphous phases. It is 

speculated that a greater density difference between the crystalline and amorphous phases 

can enhance the structural heterogeneity in the extruded films that upon extension, the 

stress will concentrate at the relatively weaker noncrystalline regions locally. The 

localized deformation may easily promote small voids which result in a great chain 

mobility for the amorphous phase. The great chain mobility may further help the chain 

segments in the amorphous phase to be oriented under extension and aggregate to form 

interlamellar links. Although the interlamellar links observed directly in Figure 4.29 

support this speculation, it is to be noted that the reproducibility of seeing the 

interlamellar links by TEM was not always consistent. It is suspected that either there is 

some limitation for the characterization technique utilized or there may be some other 

factors or mechanisms which have not yet been found in this work. Since it is believed 

that the interlamellar links will play an important role in producing a microporous 

membrane by stretching, further investigation on the formation of interlamellar links by 

176



interlamellar links 

~~ 

  
Figure 4.30. The TEM micrograph of sample 1R2D which was annealed at 120 °C witha 

40ft/min line speed under a 3% extension. 
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annealing under extension are suggested for future work. 

4.4 SUMMARY AND CONCLUSIONS 

The structural changes promoted by annealing under extension and by free 

annealing of HDPE extruded films were studied in this work. For the annealing process 

under a fixed amount of extension (ca 3%), the annealing temperature was found to be 

more influential than the line speed in modifying the properties (such as SAXS peak 

intensity and long spacing) in HDPE extruded films. The increase in the following 

properties: Tmmax, degree of crystallinity, SAXS peak intensity, long spacing, orientation 

function, and birefringence was observed for the samples annealed at a higher annealing 

temperature (120 °C vs. 105 °C). In contrast to annealing temperature, the annealing line 

speed was observed to have only a small effect on the crystalline orientation function and 

birefringence. The data obtained in this work generally showed that a slower line speed 

(10 ft/min vs. 40 ft/min) resulted in a somewhat higher orientation function and a greater 

birefringence in HDPE extruded films. 

The annealing temperature and annealing time of the free annealing process were 

both found to have influence on the structure-property modifications of HDPE extruded 

films. The effect of temperature in the free annealing process is similar to what was 

observed for the annealing process under a fixed extension (3%). Namely, free annealing 

at a higher temperature (120 °C vs. 105 °C) resulted in a greater change of the properties 
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in HDPE extruded films. The significant structural modifications observed in HDPE 

extruded films is suggested due to the greater chain mobility achieved by annealing at a 

higher temperature. 

The effects of extension applied during annealing were also investigated in this 

study. From WAXS analysis, it was found that the orientation state in HDPE extruded 

films was not altered by free annealing but annealing under a small amount of extension 

significantly promoted a higher orientation for HDPE extruded films. The increase in 

SAXS peak intensity shown for the samples annealed by free annealing and annealing 

under 3% and 9% extensions indicates that the density difference between crystalline and 

amorphous phases was enhanced in these samples. This observation was supported by the 

distinctly greater contrast shown in the TEM micrographs of these annealed films. As 

compared to the samples annealed under 3% and 9% extensions, a drop of SAXS peak 

intensity was observed for the sample annealed under an 18% extension. The TEM 

analysis for the sample annealed under an 18% extension suggests that the decrease in 

SAXS peak intensity of sample 18%120 was clearly due to the deformation/disruption of 

many lamellae caused by the extension (18%) applied during annealing. 

In light of the annealing molecular mechanisms, the defect diffusion model was 

found to be able to reasonably explain all the annealing behavior of HDPE extruded films 

presented in this chapter. Specifically, upon annealing, the perfection of the crystalline 

phase occurred by removing the defects from the crystalline phase into the noncrystalline 

region, which possibly produced a small increase of the crystalline phase density. In 

179



addition, a slight decrease of the amorphous phase density after annealing was suggested 

to occur by the removal of the chain ends from the crystalline phase into the amorphous 

region and/or the consumption of amorphous chain segments through crystallization into 

crystalline lamellae. Therefore a greater density difference between the two phases was 

found to be enhanced by annealing in this sudy. It is speculated that a greater density 

difference will result in a greater structural heterogeneity that may facilitate the formation 

of microporous membranes by a further stretching process. 
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CHAPTER V 

FORMATION AND STRUCTURE-PROPERTY BEHAVIOR OF HIGH DENSITY 

POLYETHYLENE (HDPE) MICROPOROUS MEMBRANES 

5.1 INTRODUCTION 

Deformation behavior of hard-elastic materials which possess similar 

morphological features to that of the HDPE extruded films investigated in this work have 

been studied by many researchers.''” Although there are several patents’*”’ which 

describe the stretching procedures for producing microporous membranes from hard 

elastic materials by large plastic deformation, a sequential study covering the three stages - 

extrusion, annealing, and stretching and the influence of material characteristic (such as 

molecular weight distribution) has never appeared in the scientific literature. 

The effects of extrusion processing variables as well as molecular weight 

distribution of raw resin on the morphology-orientation development in HDPE extruded 

films and their structural modifications by annealing were investigated and presented in 

previous chapters. Following the previous two stages, the HDPE films are further 

uniaxially deformed along the machine direction in the stretching process to generate a 

microporous structure but at the same time heat setting of the stretched materials also is 

used to impart dimensional stability to the stretched films. The important processing 
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variables in the stretching process include cold stretching ratio, hot stretching ratio, total 

percent stretch, the temperatures at which cold and hot stretching are conducted, and the 

heat setting mechanism utilized for the relaxation process. It is clear that the properties of 

HDPE extruded films developed in the first two stages (extrusion and annealing) will be 

carried into the last step and affect the micropore structure formation produced by the 

stretching process. Therefore the information obtained in previous chapters will be 

invaluable for investigating the formation of HDPE microporous membranes by stretching. 

The preparation scheme of microporous membranes from hard elastic materials 

was developed in the 1960s.” Due to the specific microstructure of the microporous 

materials, they have been utilized for many medical and industrial applications as unique 

microporous filters. In contrast to the important applications established from the 

microporous materials, the progress in understanding the mechanism of forming this 

microporous structure, as discussed in the literature, is still very limited. Since control of 

pore structure, porosity, and permeability is greatly desirable, it is essential to understand 

the variables that can influence the amount and nature of the microporosity produced by 

stretching. 

In this chapter, four extruded films were prepared for producing microporous 

membranes. The extrusion processing conditions utilized were chosen from the 

processing window investigated earlier (chapter IIT) to produce the higher and lower 

oriented extruded films for either Resin 1 or Resin 2. Following extrusion, the four 

extruded films were annealed according to the schemes described in the previous chapter. 
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In the “stretching” step, the precursors, i.e. either the extruded films or their annealed 

products, were then uniaxially stretched along the machine direction by different stretching 

conditions. The pore structure, porosity, and permeability of the resulting stretched 

microporous membranes were characterized by high resolution scanning electron 

microscopy (HSEM), transmission electron microscopy (TEM), atomic force microscopy 

(AFM), DSC, and Gurley number measurements. The methods of determining porosity 

by DSC and permeability from Gurley number measurements will be further described in 

the experimental section. 

The objectives of this work are to investigate the effects of the stretching variables 

(cold stretch ratio, hot stretch ratio, and total stretch percent), as well as the specific final 

morphology and orientation produced in the extruded films by the chosen extrusion and 

annealing conditions, on the formation of the micropore structure in the stretched HDPE 

microporous membranes. It is hoped that the information obtained in this overall study 

can lead to a better understanding on how to control the microporosity behavior of the 

final stretched HDPE microporous films by the three processing stages - extrusion, 

annealing, and stretching. 

5.2 EXPERIMENTAL 

The extrusion processing conditions of the extruded films made from both resins 

that would be further annealed and stretched into microporous films are listed in Table 
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5.1. The extrusion processing conditions utilized in Table 5.1 were selected from the 

processing window studied before to produce the higher and lower oriented extruded films 

for either resin as denoted by the values of f,. The extruded films made from Resin 1! are 

designated as 1R and the extruded films made from Resin 2 are denoted as 2R. These 

samples were annealed by different annealing methods - free annealing and annealing 

under various level of extension. For free annealing, the extruded film 1R2 was annealed 

in an oven at 120 °C for 22 hours without any constraint. For annealing under various 

levels of extension (3%, 9%, and 18%), the four extruded films in Table 5.1 were annealed 

with a fixed line speed of 10 ft/min at various temperatures (120 °C and 105 °C). The 

specified annealing conditions utilized for the four extruded films are summarized in Table 

5.2. Following annealing, the precursors (either the extruded films or the extruded films 

after being annealed) were then stretched using the stretching process shown in Figure 5.1. 

The samples were prestretched at room temperature to a certain level of extension (cold 

stretch”) in the first oven and then further stretched at 115 °C in the second oven with a 

selected amount of extension (hot stretch). The last step was the “heat setting” of the 

stretched samples, which allowed the stretched films to partially recover (shrink). The 

total percent stretch of the final stretched products was determined from the three values 

of the cold stretch, the hot stretch”, and the amount of shrinkage during the relaxation. 

In this study the amount of shrinkage during the heat setting step was fixed at 50%. The 

four different stretching conditions utilized in this study are recorded in Table 5.3. 

The degree of crystallinity, X., of the stretched samples was determined from the 
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heat of fusion using a Seiko DSC 220C at a heating rate of 10 °C/min. The fractional 

crystallinity (mass fraction) X. was calculated based on DSC data according to the 

equation 

X, = (5.1)   

where AH, is the specific heat of melting of an ideal crystal; for PE, the commonly 

accepted value of AH,=293 J/g has been used in this study.” If two phases (crystalline 

and amorphous phases) are assumed for the stretched microporous films, the porosity of 

Table 5.1. Summary of the extrusion processing conditions of the extruded films utilized 
for the stretching process. 

  

  

  

  

  

Sample Melt Line Speed | Air Flow Quench Die Gap 

Temperature | (ft/min) Rate In Air | Height (in.) | (in.) 

CC) Ring 

IR1 (Resin 1) | 205 40 low 2.5 0.07 

(f£.=0.27) 

1R2 (Resin 1) | 190 70 high 1.0 0.07 

(f,=0.55) 

2R1 (Resin 2) | 220 20 low 3.5 0.07 

(f,=0.47) 

2R2 (Resin 2) | 195 60 high 1.75 0.14 

(f,=0.69)                 
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Table 5.2. Summary of the annealing conditions utilized. 

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

              

extruded film | annealed film | annealing annealing line extension 

temperature | speed (ft/min) or | applied during 

(°C) annealing time annealing 

3%1RIL 105 10 3% 

3%1R1H 120 10 3% 

IRI 9%1RI1L 105 10 9% 

9%1R1H 120 10 9% 

18%1RIL 105 10 18% 

18%1R1H 120 10 18% 

0% 1R2H 120 22 hours 0% (free 

annealing) 

3%1R2L 105 10 3% 

3% 1R2H 120 10 3% 

IR2 9% 1R2L 105 10 9% 

9% 1R2H 120 10 9% 

18%1R2L 105 10 18% 

18%1R2H 120 10 18% 

2R1 3%2R1L 105 10 3% 

3%2R1H 120 10 3% 

3%2R2L 105 10 3% 

3%2R2H 120 10 3% 

2R2 9%2R2L 105 10 9% 

9%2R2H 120 10 9% 

18%2R2L 105 10 18% 

18%2R2H 120 10 18%         
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Figure 5.1. The schematic of the stretching process investigated in this chapter. 

Table 5.3. Summary of the four stretching conditions utilized for the stretching process. 

  

  

  

  

  

Stretching Cold Stretch Ratio | Hot Stretch Ratio Total Stretch 

Conditions Ratio* 

A 40% 120% 110% 

B 80% 120% 150% 

C 40% 180% 170% 

D 80% 180% 210%             
* Determined by the sums of cold & hot percent stretch minus 50% due to the heat setting 

step. 
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the films can then be calculated from the degree of crystallinity using the following 

equation 

  Porosity% = {1-2ex, +? «(1- X.)] 0% (5.2) 
c am 

where p is the apparent density of the porous film, p, (0.9988 g/ml) is the density of the 

crystalline phase, and pam (0.8866 g/ml) is the amorphous phase density.” 

The stretched films for high resolution scanning electron microscopy (HSEM) 

analysis were coated with a thin layer of gold and then examined by a Philips EM-420 

scanning transmission electron microscopy operated in the scanning mode at 100 kV. For 

TEM investigations, the samples treated with 99% chlorosulfonic acid at 60 °C for 6 hours 

were washed in turn by sulfuric acid and water. After the samples were dried completely, 

they were embedded in low viscosity Spurr epoxy which was cured at 70 °C for 12 hours. 

Following the embedding and curing, the samples were then microtomed at ambient 

conditions. Thin sections obtained were normally stained on the TEM grid with a dilute 

aqueous solution of uranyl acetate and then examined by a Philips EM-420 scanning 

transmission electron microscope (STEM) operated in the transmission mode at 100 kV. 

AFM analysis on the microporous films were performed under ambient conditions 

using a “Digital Instrument Dimension 3000” equipped with a multimode microscope 

head. The experiments were conducted using a tapping mode with a etched silicon tip. 

The Gurley number is defined as the time in seconds required to pass 10 cc of air 

through one square inch of the microporous film at a constant pressure of 12.2 inches of 
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H,O. The Gurley number measurements of the stretched samples were performed at the 

Hoechst Celanese Corporation using a Gurley densometer (Model No. 4150). The 

thickness of the stretched samples was measured by the Hoechst Celanese Corporation 

using an Inc. Series 400 Precision Micrometer. 

The remaining experimental techniques utilized to characterize the extruded films 

and their annealed samples have been described in previous chapters and will not be 

repeated here. 

5.3. RESULTS AND DISCUSSION 

5.3.1 Properties of the Extruded Films 

The extrusion conditions for the four extruded films utilized are shown in Table 

5.1. The WAXS diffraction patterns of the four extruded films are presented in Figure 

5.2. The orientation functions determined by WAXS and the other physical properties 

measured by DSC for the extruded films are listed in Table 5.4. Sample 1R2 (Resin 1), 

which was processed with a lower Tmer and a smaller quench height than sample 1R1 

(Resin 1), was observed to possess a greater crystalline orientation state (f,=0.55 vs. 

f,=0.27). Similarly, for the extruded films made from Resin 2, the sample 2R2 processed 

with a lower Tei and a smaller quench height also displayed a greater crystalline 

orientation state than sample 2R1. These observations matched well with what was found 
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Figure 5.2. The WAXS diffraction patterns of the extruded films utilized. 
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Figure 5.2. continued. 
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Table 5.4. Summary of the orientation function (f.), Tmmax, and degree of crystallinity for 

  

  

  

  

  

the extruded films. 

Sample f, Tmax ('C) X. 

1R1 (Resin 1) 0.27 135.4 0.61 

1R2 (Resin 1) 0.55 136.1 0.65 

2R1 (Resin 2) 0.47 135.2 0.65 

2R2 (Resin 2) 0.69 135.2 0.65           
  

earlier in chapter III for the influence of the extrusion processing variables on the 

crystalline orientation function of the extruded films made from the two resins. In the 

WAXS diffraction patterns of Figure 5.2, the intense sharp equatorial spots were only 

observed for sample 2R2. Since it has been shown before that the intense equatorial 

spots arose from the fibril nuclei, the intense equatorial spots in Figure 5.2 clearly suggest 

that sample 2R2 possessed the fibril nuclei structure. 

5.3.2 Effects of Stretching Processing Variables 

In order to investigate the effects of processing variables (cold stretch ratio, hot 

stretch ratio, and total stretch percent), the four extruded films were annealed under a 

small amount of extension (ca 3%) before stretching. The annealing conditions for the 

annealed products are listed in Table 5.5. 
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The WAXS diffraction patterns for the annealed films listed in Table 5.5 are 

displayed in Figures 5.3-5.6. The crystalline orientation function, f, determined by 

WAXS and the properties (Tmmax and degree of crystallinity) measured by DSC are shown 

in Table 5.6. All the annealed samples show a greater orientation than their precursor. 

Except for the annealed films made from sample 1R2, the values of the orientation 

function (or WAXS diffraction patterns) of the other annealed samples in Table 5.6 

generally match well with those of the annealed films that were treated under the same 

thermal history respectively as discussed in the previous chapter. These annealed samples 

were stretched by the stretching process shown in Figure 5.1 under the four different 

stretching conditions described in Table 5.2. Jt is important to mention that for the 

annealed films made from Resin 2, stretched microporous membranes were only able to 

Table 5.5. Summary of the annealing conditions for the samples annealed under a fixed 

extension (ca 3%). 
  

  

  

  

  

  

  

  

  

Extruded Films Annealed Products Annealing Annealing Line 

Temperature (°C) Speed (ft/min) 

IR] (Resin 1) 3%1RIL 105 10 

3%1R1H 120 10 

1R2 (Resin 1) 3%1R2L 105 10 

3%1R2H 120 10 

2R1 (Resin 2) 3%2R1L 105 10 

3%2R1H 120 10 

2R2 (Resin 2) 3%2R2L 105 10 

3%2R2H 120 10             
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Figure 5.3. The WAXS diffraction patterns for samples 3%1RIL and 3%1R1H. 
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3%1R2H 

  
Figure 5.4. The WAXS diffraction patterns for samples 3%1R2L and 3%1R2H. 
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3%2R1H 

  
Figure 5.5. The WAXS diffraction patterns for samples 3%2R1L and 3%2R1H. 
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Figure 5.6. The WAXS diffraction patterns for samples 3%2R2L and 3%2R2H. 
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Table 5.6. Summary of the orientation function (f-), Tmmax, and degree of crystallinity for 
the annealed samples listed in Table 5.5. 

  

  

  

  

  

  

  

  

  

Sample f, Tmax (°C) Xe 

3%1RIL 0.42 137.0 0.65 

3% 1R1H 0.43 137.2 0.67 

3% 1 R2L 0.60 137.3 0.67 

3% 1R2H 0.63 137.4 0.70 

3%2R1L 0.66 135.6 0.69 

3%2R1H 0.68 137.2 0.68 

3%2R2L 0.79 136.6 0.71 

3%2R2H 0.81 137.0 0.72           
  

be produced by the stretching condition A. For the other stretching conditions: B, C, and 

D, break-out of the Resin 2 samples occurred during the stretching process. The failure of 

making microporous films using these three conditions is explained by the personnel at the 

Hoechst Celanese Corporation due to the machine operation problem. The specific 

stretching conditions for the stretched microporous membranes made from the annealed 

samples listed in Table 5.5 are presented in Table 5.7. 

The porosity calculated using equation 2 and the Gurley number measured by the 

personnel at the Hoechst Celanese Corporation for the stretched microporous films are 

shown in Table 5.8. The thickness of the stretched samples is also included in Table 5.8. 

The microporous membranes made from Resin 2 were produced successfully only under 

the stretching condition A which used the lowest total stretch of 110%. Therefore the 
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effects of stretching variables on the properties of the microporous membranes listed in 

Table 5.8 will be mainly analyzed based on the samples made from Resin 1] in the 

following discussion. However, these results will be compared later with those obtained 

from Resin 2. 

Table 5.7. Summary of the stretching conditions for the stretched films made from the 

annealed samples listed in Table 5.5. 

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

            

Annealed Stretched Film | Cold Stretch’ | Hot Stretch’ | Total Stretch% 

Film 

A3%1RIL 40 120 110 

3% 1IRIL B3%1R1L 80 120 150 

(Resin 1) C3%1RIL 40 180 170 

D3%1R1L 80 180 210 

A3%1R1H 40 120 110 

3%1R1H B3%1R1H 80 120 150 

(Resin 1) C3%1R1H 40 180 170 
D3%1R1H 80 180 210 

A3%1R2L 40 120 110 

3%1R2L B3%1R2L 80 120 150 

(Resin 1) C3%1R2L 40 180 170 

D3%1R2L 80 180 210 

A3%1R2H 40 120 110 

3% 1R2H B3%1R2H 80 120 150 

(Resin 1) C3%1R2H 40 180 170 
D3%1R2H 80 180 210 

3%2R1L A3%2R1L 40 120 110 

(Resin 2) 

3%2R1H A3%2R1H 40 120 110 

Resin 2) 

3% 2R2L A3%2R2L 40 120 110 

(Resin 2) 

3%2R2H A3%2R2H 40 120 110 

(Resin 2) 
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Table 5.8. Summary of the porosity, Gurley number, and thickness of the stretched 

microporous films listed in Table 5.7. 

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

  

    

Microporous film | Porosity% Gurley number (sec) | Thickness (mil.) 

A3%1RIL 33.8+0.4 30.2+8.5 0.72 

B3%IRIL 38.7+1.4 72.0+50.2 0.71 

C3%1RI1L 42.8+0.9 15.245.2 0.72 

D3%1R1IL 43.4+1.6 19.6413.5 0.64 

A3%1R1H 36.2+1.2 18.9+3.4 0.75 

B3%1R1H 42.0+1.2 17,.3+4.9 0.73 

C3%1R1H 45 .3+0.8 8.7+1.5 0.73 

D3%1R1H 48.242. 12.8+4.0 0.68 

A3%1R2L 40.9+0.8 14.141.1 0.81 

B3%1R2L 48.1+1.9 12.842.0 0.77 

C3%1R2L 49 642.7 6.7+0.7 0.79 

D3%1R2L 52.0+1.8 8.9+0.6 0.73 

A3%1R2H 39.8+0.6 11.6+1.1 0.81 

B3%1R2H 46.6+1.9 11.341.0 0.79 

C3%1R2H 50.7+1.5 5.8+0.6 0.79 

D3%1R2H 53.7+1.1 7.5+0.8 0.78 

A3%2RI1L 31.1 19.643.3 0.78 

A3%2R1H 32.0 14.041.1 0.78 

A3%2R2L 31.0 19,.2+2.4 0.83 

A3%2R2H 33.1 13.5+1.4 0.86       
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5.3.2.1 Porosity and Gurley Number 

The relation between porosity and hot stretch percent at a constant cold stretch 

percent (40% or 80%) for the microporous membranes made from Resin 1 is shown in 

Figures 5.7 & 5.8 respectively. It is clearly noted in Figures 5.7 & 5.8 that for a fixed cold 

stretch ratio, the stretched sample with a higher hot stretch percent (180% vs. 120%) 

always possessed a greater porosity. The difference in the porosity between the samples 

stretched from the same annealed film using a different hot stretch percent (180% vs. 

120%) was found to increase with a lower cold stretch percent (40% vs. 80%). The plots 

of porosity vs. cold stretch percent under a constant hot stretch percent (120% or 180%) 

are displayed in Figures 5.9 & 5.10 respectively. From Figures 5.9 & 5.10, it is observed 

that the sample which was stretched by a greater cold stretch percent (80% vs. 40%) also 

showed a higher porosity. This influence of cold stretch percent on porosity was found to 

become more significant for the samples stretched at a smaller hot stretch percent (120% 

vs. 180%). 

The relation between porosity and total stretch percent for the samples stretched 

from the annealed films made from Resin 1 is presented in Figure 5.11. Since it was found 

that at a constant cold stretch percent (or hot stretch percent), a higher hot stretch percent 

(or cold stretch percent) will result in a greater porosity membrane, the porosity of the 

stretched microporous membranes is expected to increase with an increase in the total 

stretch percent. Indeed, this expectation is clearly confirmed by the results shown in 
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Figure 5.7. Porosity versus hot stretch percent for the samples stretched at a 40% cold 
stretch from the Resin 1 annealed films. 
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Figure 5.8. Porosity versus hot stretch percent for the samples stretched at an 80% 
cold stretch from the Resin 1 annealed films. 

204



  

  

  
0 a I 

Fe
a 0 ct

 

| 
a co 4 a 
c
e
 

Q o x I i
 00 0 

  

  

po
ro
si
ty
 

  
  

  O $ | 

-
—
|
 

  

Y
W
 

  

          MM
M
M
:
 

A\
\ 

    \
\
\
 

        ML
A 

WW
: 
T
M
 

        
  

eold stretch 40 80 40 80 40 80 40 80 

precursor S3A2%z1RiL 34%1R1H S3S41R2L 321R2H 
fc 0.42 0.43 0.60 0.63 

Figure 5.9. Porosity versus cold stretch percent for the samples stretched at a 120% 
hot stretch from the Resin 1 annealed films. 
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hot stretch from the Resin | annealed films. 
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Figure 5.11. Porosity versus total stretch percent for the stretched films in Table 5.7. 
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Figure 5.11. The porosity vs. total stretch” of the Resin 2 stretched films in Table 5.8 is 

also shown in Figure 5.11 for comparison. Since only one stretching condition was able to 

be utilized to produce the Resin 2 microporous membranes, there is not enough data to 

obtain the information for the influence of the total stretch% on the porosity of Resin 2. 

But, when compared to the Resin 1 stretched films that were also stretched with a total 

stretch of 110%, it is noted in Figure 5.11 that the Resin 2 microporous films possessed a 

lower porosity than the Resin 1 stretched samples. Besides porosity, the permeability of 

the resulting microporous films ts also a very important property in determining the 

applications of the HDPE microporous membranes. Therefore the effects of the stretching 

variables on permeability of microporous films as well as the relationship between porosity 

and permeability will be further described below. 

When comparing the permeability of the microporous membranes, it is more 

meaningful to use the normalized Gurley number (sec/mil.), i.e. normalized by film 

thickness. Figure 5.12 represents the plot of Gurley number/mil. vs. porosity for the 

microporous films made from Resin 1. Although the data shown in Figure 12 are rather 

scattered, it was observed that the normalized Gurley number decreases as the porosity of 

microporous membranes increases. Since Gurley number is defined as the time in seconds 

required to pass 10 cc of air through one square inch of the microporous film at a constant 

pressure of 12.2 inches of H,0O, it is an inverse index of permeability. Therefore the 

greater the Gurley number/mil. is the smaller the permeability of the microporous 

membrane will be. In other words, the results shown in Figure 5.12 display that the 
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Figure 5.12. Gurley number/mil. versus porosity for the microporous films made from 
Resin 1. 
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stretched samples with a greater porosity also generally possess a higher permeability. 

The influence of the stretching variables (hot stretch%, cold stretch”, and total stretch”) 

as well as the orientation state of the precursors on the permeability of the microporous 

membranes will be addressed in the following discussion. 

The effect of hot stretch percent on Gurley number/mil. are shown in Figures 5.13 

& 5.14. As can be seen, the Gurley number/mil. was found to decrease with a higher hot 

stretch percent (180% vs. 120%) at a constant level of cold stretch (either 40% or 80%). 

Figures 5.15 & 5.16 represent the relation between Gurley number/mil. and cold stretch 

percent for the microporous membranes made from Resin 1 at a constant hot stretch 

percent (either 120% or 180%). No clear relation between cold stretch percent and the 

permeability of microporous films is seen in Figure 5.15. However, it is noted in Figure 

5.16 that the sample stretched to a higher cold stretch percent (80% vs. 40%) showed a 

greater Gurley number/mil. (or lower permeability) at a constant hot stretch percent 

(180%). The relation between Gurley number/mil. and total stretch percent is shown in 

Figure 5.17. Instead of a linear trend between Gurley number/mil. and total stretch 

percent, a minimum Gurley number/mil. was always observed for the samples deformed by 

the stretching condition C (40% cold stretch, 180% hot stretch, and 170% total stretch). 

These results reveal that at a constant level of hot stretch (180%), the sample deformed 

by a higher cold stretch percent has a greater porosity but a lower permeability. It is 

suggested that besides porosity, the micropore structure (such as pore area 

perpendicular to the permeation direction) is also important in determining the 
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Figure 5.13. Gurley number/mil. versus hot stretch percent for the Resin 1 samples 

stretched at a 40% cold stretch. 
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Figure 5.14. Gurley number/mil. versus hot stretch percent for the Resin 1 samples 
stretched at an 80% cold stretch. 
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Figure 5.15. Gurley number/mil. versus cold stretch percent for the Resin 1 samples 
stretched at a 120% hot stretch. 
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Figure 5.16. Gurley number/mil. versus cold stretch percent for the Resin 1 samples 
stretched at an 180% hot stretch. 
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Figure 5.17. Gurley number/mil. versus total stretch percent for the microporous films 
made from Resin 1. 
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permeability of the microporous membranes. 

5.3.2.2 Micropore Structure 

The morphological features (pore structure) on the surface of the microporous 

membranes were studied by high resolution scanning electron microscopy (HSEM). The 

HSEM micrographs for the samples stretched from the annealed sample 3%1R1L by the 

four different stretching conditions listed in Table 5.3 are shown in Figure 5.18. 

Comparing the samples which were stretched by conditions A & B (or C & D), it was 

observed that at the same hot stretch percent (120% or 180%) the samples which were 

stretched by a lower cold stretch percent (40% vs. 80%) possess a micropore structure 

with a larger pore size but a lower pore density (numbers of pores per unit area). For the 

samples stretched by conditions A & C (or B & D) in Figure 5.18, it was noted that at the 

same cold stretch percent (40% or 80%), stretching at a higher hot stretch percent 

resulted in the micropore structure with a larger pore size. These observations suggest 

that the microvoids (or cracks) which were initiated by the cold stretch step, were further 

developed into larger size micropores by the hot stretch process. An analogy between a 

nucleation/crystallization process and the development as well as growth of micropores in 

these films is therefore made here. Specifically, a lower cold stretch percent (40% vs. 

80%) will result in less initiation of microvoids which behave like nucleation centers to 

form larger micropores by the later hot stretch step. On the other hand, if the cold 
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Figure 5.18. The HSEM micrographs for the microporous membranes made from Resin 

1 annealed sample 3%1R1L by four different stretching conditions [A: 40% 

cold stretch, 120% hot stretch, and 110% total stretch; B: 80% cold 

stretch, 120% hot stretch, and 150% total stretch; C (see next page): 40% 

cold stretch, 180% hot stretch, and 170% total stretch; D (see next page): 

80% cold stretch, 180% hot stretch, and 210% total stretch]. 
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Figure 5.18. continued. 
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stretch” is fixed, a higher hot stretch% (180% vs. 120%) will result in a larger pore size 

membrane. 

From the above, it is clear that the number of microvoids generated by the cold 

stretch step and their further growth by the hot stretch process determine the final 

porosity in the stretched films. Therefore at the same cold stretch percent (or hot stretch 

percent), a higher hot stretch percent (or cold stretch percent) will result in a greater 

porosity. As mentioned above, the permeability of the microporous membranes was 

affected by both porosity and the size of pore area perpendicular to the permeation 

direction. The smaller the amount of microvoids developed by the cold stretch step, the 

larger the micropore size is expected to be formed by the hot stretch process. At the same 

hot stretch percent (120% or 180%) the sample stretched by a higher cold stretch percent 

was found to possess a slightly greater porosity but a smaller pore size as evident by 

HSEM. This observation explains the reason why at the same hot stretch percent, the 

samples which were stretched by a higher cold stretch percent showed a greater porosity 

but a smaller permeability. 

The microporous membrane A3%2R2H that was made from the Resin 2 higher 

oriented extruded film (2R2) was also characterized by HSEM and compared to the 

microporous membrane A3%1R2H that was made from the higher oriented Resin 1 

extruded film (1R2) by the same annealing and stretching conditions utilized for sample 

A3%2R2H. The HSEM micrographs of these two samples are displayed in Figure 5.19. 

One can clearly see in Figure 5.19 that sample A3%1R2H (Resin 1) possessed a more 
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Figure 5.19. The HSEM micrographs of the microporous membranes A3%1R2H (Resin 

1) and A3%2R2H (Resin 2). 
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uniform micropore structure than sample A3%2R2H (Resin 2). Although a few large 

micropores were observed for sample A3%2R2H (Resin 2), many of the micropores 

shown in the HSEM micrograph of sample A3%2R2H were found to be very small. The 

possible causes of this observation could be that: 1) the Resin 2 extruded film 2R2 

possesses the fibril nuclei structure; 2) the extruded film made from Resin 2 having a 

broader molecular weight distribution may possess higher interlamellar tie chain density” 

than the film made from Resin 1; and/or 3) the chain entanglement density in Resin 2 is 

higher than in Resin 1. The existence of fibril nuclei gives more connections between the 

crystalline lamellae to restrict their separation and/or deformation upon stretching. Higher 

interlamellar tie chain density and higher chain entanglement density can have the same 

effect. Therefore it is not surprising to observe that under the same annealing and 

stretching processing conditions, the Resin 2 microporous membrane has smaller 

micropores and less porosity than the Resin 1 microporous membrane. 

The WAXS diffraction patterns of the two samples in Figure 5.19 are shown in 

Figure 5.20. As it can be seen, these two samples have similar WAXS diffraction patterns. 

They all are highly oriented, i.e. very sharp intense (110), (200), and (020) reflection arcs 

are observed along the equatorial direction. Since many microfibrils are observed in 

Figure 5.19, the intense sharp reflections observed suggest that these microfibrils 

produced by large plastic deformation contain highly oriented crystalline materials. On the 

other hand the fibril nuclei existing originally in the Resin 2 extruded film 2R2 might be 

broken into smaller pieces by stretching and can not be distinguished from the other highly 
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Figure 5.20. The WAXS diffraction patterns for the two microporous membranes in 

Figure 5.19. 
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oriented microfibrils by the WAXS diffraction pattern. This observation suggests that the 

initial presumption of microfibrils formed by stretching are important entities in influencing 

the development of the micropore structure. Therefore investigations into the microfibril 

structure were also conducted in this study and are described in the following section. 

§.3.3. Microfibril Structure Characterized by HSEM, AFM, and TEM 

For investigating the microfibril structure generated by stretching, sample 

C3%1R1H (Resin 1) was characterized by HSEM, AFM, and TEM. The HSEM 

micrographs of sample C3%1R1H are shown in Figure 5.21. In the micrograph (a) of 

Figure 5.21, piled lamellae units connected with many microfibrillar bridges are clearly 

observed. This observation suggests that the distribution of interlamellar tie chains in the 

extruded films may not be uniform. The micropores are possibly first developed from the 

region with a small amount of tie chains. As the micropores grow by stretching, many 

microfibrils are formed by plastic deformation. The micropores grow in two directions, 

the stretching direction as well as the direction perpendicular to the stretching direction. 

As the extension is ceased, the growth of micropores also stops. Also, the crystalline 

lamellae in the region with a higher concentration of tie chains are bound together to form 

a piled lamellae structure. The micrograph (b) with a higher magnification in Figure 5.21 

reveals the transformation mechanism of crystalline lamellae into microfibrils. In the 

micrograph (b), the lamellae locating at the end of the microfibrils were found to be 
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The HSEM micrographs for sample C3%1R1H. 
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Figure 5.21.



broken into smaller blocks by sliding, shearing, and what may be described as a tearing 

deformation. Inside the microfibrils, many order stacked nodules were observed. It is 

suggested that these nodules are the crystalline blocks resulted from the lamellae breakage. 

However, it is also questioned that the nodules observed in Figure 5.21 may appear as a 

result of the artifact from the thin gold coating on sample surface and/or the electron beam 

radiation (heating). To confirm or disprove what was found from HSEM, both an AFM 

and TEM analysis on the same sample were conducted and are discussed below. 

For AFM analysis, the microporous film and its precursor - extruded film before 

annealing were directly examined by AFM without any pretreatment. In order to avoid 

any possible artifact, the AFM experiment was conducted under the tapping mode. 

Figures 5.22a and 5.22b displays the AFM phase image micrographs of sample C3%1R1H 

and its precursor extruded film 1R1 respectively. In Figure 5.22a, oriented stacked 

lamellar structure was clearly observed for the precursor 1R1. Similar to what was 

observed in Figure 5.21, small broken lamellae blocks were also found nearby the 

microfibrils for sample C3%1R1H in Figure 5.22b. The nodules within the microfibrils 

observed by HSEM in Figure 5.21 are also clearly seen in the AFM picture of sample 

C3%1R1H. This observation support the HSEM analysis. Specifically, the observation of 

the nodules within the microfibrils by HSEM thus does not appear to be an artifact of the 

thin gold coating and/or electron beam radiation/heating. 

The microfibril structure in the bulk region of the microporous membrane 

(C3%1R1H) was also studied by TEM. The TEM micrographs taken under two different 
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Figure 5.22a. The AFM micrograph for the extruded film 1R1. 

223



-2.00 

1.00 

  
Figure 5.22b. The AFM micrograph of sample C3%1R1H. 
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magnifications are presented in Figure 5.23. Piled lamellae structure that are bridged with 

many microfibrils are clearly seen in Figure 5.23. Some lamellae in the piled lamellae units 

were observed to be broken into smaller fragments. However neither the broken 

crystalline lamellae blocks nor the nodules within the microfibrils shown in the HSEM and 

AFM micrographs are evident in Figure 5.23. Especially the microfibrils observed in the 

TEM micrographs were found to be very smooth and uniform. It is important to mention 

that a significant amount of shrinkage (ca 40%) of the microporous membrane occurred 

after being treated with chlorosulfonic acid was observed. Therefore it is speculated that 

the staining treatment for the TEM specimen may have changed the microfibril structure. 

The AFM micrograph of the higher oriented Resin 2 extruded film 2R2 is shown 

in Figure 5.24. Many highly oriented fibril nuclei are observed in Figure 5.24 as the 

central backbones of short corrugated stacked lamellae to form the “shish kebab” 

structure. Since these fibril nuclei are composed of extended-chain crystals, the intense 

sharp equatorial spots are clearly shown in its WAXS diffraction pattern given earlier in 

Figure 5.2. The TEM micrographs for one (sample A3%2R2H) of the microporous 

membranes made from the extruded film 2R2 are presented in Figure 5.25. The 

microporous structure shown in Figure 5.25 is generally similar to what is observed in 

Figure 5.23 for sample C3%1R1H. Piled lamellae units are clearly seen to be bridged with 

many smooth and uniform microfibrils in Figure 5.25. Besides the bridging microfibrils, 

the fibril nuclei (shish), that are observed in the extruded film 2R2, are also observed in the 

piled lamellae units of sample A3%2R2H in Figure 5.25. This observation supports the 
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Figure 5.23. The TEM micrographs for sample C3%1R1H. 
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Figure 5.24. The AFM micrograph of the extruded film 2R2. 
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Figure 5.25. The TEM micrographs for sample A3%2R2H. 
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previous suggestion that the fibril nuclei existing originally in the Resin 2 extruded film 

2R2 are broken into smaller segments by stretching. Since the bridging microfibrils 

produced by large plastic deformation are also highly oriented crystalline materials, they 

can not be distinguished from the other highly oriented fibril nuclei (shish) by the WAXS 

diffraction pattern. 

5.3.4 Influence of the Orientation State in HDPE Extruded Films Before 

Stretching 

The crystalline orientation functions for the extruded films made from both resins 

are shown in Table 5.4. The properties of their annealed products are displayed in Table 

5. 6. It is observed that all the annealed samples possess a greater value of the orientation 

function than their precursors. The increase of orientation functions in the annealed films 

was explained in the previous chapter due to the small amount of extension applied during 

annealing which helps activate the system to undergo further crystalline alignment. For 

the samples annealed from the same extruded film, the sample annealed at a higher 

temperature (120 °C vs. 105 °C) always showed a slightly higher orientation state. It was 

suggested before that the greater chain mobility was the cause of the greater changes in 

orientation function by annealing at a higher temperature. The data in Table 5.6 also show 

that under the same annealing conditions, the sample annealed from the extruded film 

having a higher orientation function always possesses a greater value of the orientation 

229



function. The influence of the property (such as orientation state) in the extruded film 

after annealing on the micropore development of the microporous membranes by 

stretching will be addressed below. 

The relation between the porosity for the microporous membranes made from 

Resin 1 by stretching under four different stretching conditions and the orientation 

function of the Resin 1 annealed films is shown in Figure 5.26. The porosity for the 

microporous films stretched from the annealed products made from the Resin 1 extruded 

film 1R1 with a lower orientation function (0.27) was found to be much smaller than the 

samples stretched from the annealed products made from the Resin 1 extruded film, 1R2, 

with a higher orientation function (0.55). The difference in porosity between the 

microporous membranes made from the samples 1R1 (or the samples 1R2) which have 

been annealed at 105 °C and 120 °C is noticed to be small in Figure 5.26.. 

Similar plots for the orientation function of the annealed samples made from Resin 

1 vs. Gurley number/mil. of the corresponding microporous membranes are displayed in 

Figure 5.27. Here, the Gurley number/mil. for the microporous films stretched from the 

annealed products made from the Resin 1 extruded film 1R1 with a lower orientation 

function (0.27) was found to be significantly greater than the samples stretched from the 

annealed products made from the Resin 1 extruded film 1R2 with a higher orientation 

function (0.55). Figure 5.27 also shows that the microporous membranes stretched from 

the annealed sample with a higher orientation function was found to have a slightly lower 

Gurley number/mil. These observations clearly reveal that for the microporous 
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Figure 5.26. The porosity of the microporous membranes versus the orientation function 

of their annealed precursors made from Resin 1. 
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Figure 5.27. The Gurley number/mil. of the microporous membranes versus the 
orientation function of their annealed precursors made from Resin 1. 
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membranes made from Resin 1, samples stretched from the extruded film with a higher 

orientation function always possess a greater permeability. These observations also 

indicate that a certain level of orientation ( f.~0.45, <@>=37°) in the precursors must be 

developed in order to produce higher porosity or higher permeable membranes by 

stretching. 

In contrast to Resin 1, the microporous membranes were successfully made from 

Resin 2 only by stretching condition A which has the lowest total percent stretch, 110%. 

The difference in porosity and Gurley number for the samples stretched from the Resin 2 

extruded films with different orientation functions (f£=0.47, <0>=36.5° vs. £=0.69, 

<0>=27.0°) was found to be very small. It is therefore clear that the properties in the 

microporous membranes made from Resin 2 is not greatly influenced by the orientation 

state in the extruded film before stretching. This finding supports that as the orientation in 

the precursors achieves a certain value ( {,~0.45, <6>#37") , the influence of the 

Orientation in precursors on the micropore formation by stretching levels off. This 

suggestion is also confirmed earlier by the data shown in Figures 5.26 and 5.27 for the 

microporous membranes made from Resin 1. 

The HSEM micrographs for the samples stretched from the annealed films made 

from Resin 1 by stretching condition A are presented in Figure 5.28. Comparing the 

samples (either A3%1R1L and A3%1R2L or A3%1R1H and A3%1R2H) stretched from 

the annealed products which were made from the low and high oriented Resin 1 extruded 

films by the same annealing conditions, it was found that the microporous membrane 
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Figure 5.28. The HSEM micrographs for the microporous membranes produced from the 

Resin 1 annealed films by the stretching condition A. 
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stretched from the annealed sample which was made from the higher oriented Resin 1 

extruded film had a greater pore density. For the samples (either A3%1R1L and 

A3%I1R1H or A3%1R2L and A3%1R2H) stretched from the annealed products which 

were annealed from the Resin 1 extruded film (either 1R1 or 1R2) by different annealing 

temperature (120 °C and 105 °C) , Figure 5.28 shows that annealing at a higher annealing 

temperature (120 °C) resulted in a slightly larger micropore structure . These results 

suggest that a higher orientation state in the extruded film allows the cold stretching 

process to promote more microvoids under the same annealing treatments while for the 

same extruded film, annealing at a higher temperature (120 °C vs. 105 °C) can facilitate 

the growth of the microvoids, that are produced in the cold stretch step, by a further hot 

stretch. 

Figure 5.29 shows the HSEM micrographs for the samples deformed from the 

annealed films made from Resin 2 by stretching condition A. Samples A3%2R1L and 

A3%2R1H were made from the lower oriented Resin 2 extruded film. Samples 

A3%2R2L and A3%2R2H were made from the higher oriented Resin 2 extruded film. In 

Figure 5.29, the micropore structure for the samples made from the higher oriented Resin 

2 extruded film is found to be less uniform than the samples made from the lower oriented 

Resin 2 extruded films. It has been shown before that the fibril nuclei were only observed 

in the higher oriented Resin 2 extruded film. Therefore it is speculated that the fibril nuclei 

can hinder the separation of crystalline lamellae (or the micropore formation) upon 

stretching to result in a nonuniform micropore structure. Because of the nonuniform 
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Figure 5.29. The HSEM micrographs for the microporous membranes produced from the 

Resin 2 annealed films by the stretching condition A. 
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Figure 5.29. continued. 
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micropore structure in the samples made from the higher oriented Resin 2 extruded film, a 

direct comparison of the difference in pore density as well as pore size between these 

samples and the microporous membranes made from the lower oriented Resin 2 extruded 

films is very difficult. On the other hand, if one compares the samples (either A3%2R1L 

and A3%2R1H or A3%2R2L and A3%2R2H) prepared from the annealed products that 

were annealed from the Resin 2 extruded film (either 2R1 or 2R2) by different annealing 

temperature (120 °C and 105 °C), Figure 5.29 displays that annealing at a higher annealing 

temperature resulted in a slightly larger micropore structure. This observation of the 

influence of annealing temperature on the micropore structure matches well with what was 

found for Resin 1. It has been suggested that the tie chain density in semicrystalline 

polymer depends on the radius of gyration of polymer chains as well as the lamellar 

thickness.”* The larger the size of macromolecules and the smaller the lamellar thickness 

are, the greater the tie chain density will be. In the previous chapter, annealing at a higher 

temperature (120 °C vs. 105 °C) was found to cause greater structural changes such as 

lamellar thickening in the extruded films. According to this observation, a lower tie chain 

density is expected in the samples that are annealed at a higher temperature (120 °C vs. 

105 °C). It well explains the observation that annealing at a higher temperature (120 °C 

vs. 105 °C) gave a larger micropore structure. 
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5.3.5 Influence of Annealing on the Formation of HDPE Microporous Membranes 

5.3.5.1 Free Annealing and Annealing Under a Constant Level of 

Extension (ca 3%) 

The structural modifications in HDPE extruded films induced by two different 

annealing treatments (free annealing and annealing under extension) have been discussed 

in the previous chapter. In order to investigate the importance of annealing in making 

microporous membranes, Resin 1 extruded film (1R2) and its annealed samples which 

were annealed by free annealing at 120 °C for 22 hours and annealing under a 3% 

extension at 120 °C for 20 minutes were deformed using stretching condition A. The free 

annealed film was designated 0%1R2 and its stretched product was sample AO%1R2. The 

sample that was annealed under a 3% extension was denoted as 3%1R2H and its stretched 

microporous membrane was sample A3%1R2H. The microporous membrane stretched 

from the extruded film 1R2 was denoted as sample A1R2. The properties of the 

microporous membranes (A0%1R2, A3%1R2H, and A1R2) such as porosity, Gurley 

number, and thickness are listed in Table 5.9. 

The data in Table 5.9 clearly show that samples AO%1R2 and A3%1R2H have a 

much greater porosity and higher permeability than those of the sample A1R2 which was 

stretched from the extruded film 1R2 without annealing. The HSEM micrographs for the 

three microporous membranes presented in Figure 5.30 reveal that samples AO%1R2 and 
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A3%1R2H possessed a much larger pore size and greater pore density than sample A1R2. 

On the other hand it was observed that the difference in porosity (or permeability) and 

pore structure between samples A0%1R2 and A3%1R2H was very small. These 

observations clearly demonstrate the importance of annealing in enhancing the formation 

of microporous membranes by stretching. It is important to mention that the precursors of 

the microporous membranes A1R2 and A0%1R2 had identical orientation status while the 

microporous membranes A1R2 and A0%1R2 clearly displayed different microporosity 

behavior. On the other hand, although the annealed precursor of the microporous 

membrane A3%1R2H had a higher orientation function than the annealed precursor of the 

microporous film A0%1R2, the microporous membranes A3%1R2H and A0%1R2 

displayed similar microporosity behavior. These observations suggest that besides 

orientation, some other structural characteristic in the precursor is important in 

determining the micropore formation by stretching. In the previous chapter, it was 

suggested that perfection of the crystalline lamellae in the extruded films occurs upon 

25,26 annealing. It has also been reported in the literature~™”” that annealing can decrease the 

Table 5.9. Summary of porosity%, Gurley number, and thickness for the microporous 

membranes (A1R2, A0%1R2, and A3%1R2H). 

  

  

  

  

Sample Porosity% Gurley Number (sec) | Thickness (mil.) 

A1R2 27.2 333.84142.7 0.74 

A0%1R2 44.8+2.2 11.5+1.0 0.81 

A3%1R2H 39.840.6 11.6+1.1 0.81           
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Figure 5.30. The HSEM micrographs for the microporous membranes A1R2, A0%1R2, 

and A3%1R2H. 
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Figure 5.30. continued. 
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number of interlamellar tie chains for polyethylene. According to this information, the 

annealed samples 3%1R2H and 0%1R2H should possess a lower tie chain density and 

more perfect crystalline structure than the extruded film 1R2. Therefore under the same 

stretching conditions, it is easier to produce larger and more micropores for the annealed 

precursors as observed from the analysis in this chapter. 

5.3.5.2 | Influence of Extension Applied During Annealing on Micropore 

Development 

For investigating the effect of the extension applied during annealing on the 

formation of microporous membrane, the three precursor extruded films (1R1, 1R2, and 

2R2) were annealed at 120 °C for 20 minutes under different extension (9% and 18%). 

The values of the crystalline orientation function determined by WAXS , Tmnmax, and 

degree of crystallinity of the annealed samples are recorded in Table 5.10. The difference 

in these properties between the annealed samples and their precursors generally match well 

with what was observed in the previous chapter for the annealing behavior of HDPE 

extruded films. All the annealed samples in Table 5.10 showed greater values of 

orientation function, degree of crystallinity, and Tymax than their precursors. These 

annealed samples were then stretched by the four stretching conditions listed in Table 5.3. 

The properties (porosity, Gurley number, and thickness) and stretching conditions of the 

microporous membranes made from the samples annealed from the extruded film 1R1 
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under 9% and 18% extension are shown in Table 5.11. As compared to the microporous 

films made from the sample annealed from the same extruded film under a 3% extension in 

Table 5.8, it was noticed that the extension (9% or 18%) applied during annealing 

surprisingly did not make much difference in porosity and permeability of the final 

microporous membranes made from the low oriented Resin 1 extruded film 1R1 (f,=0.27). 

Figure 5.31 displays the HSEM micrographs for the microporous membranes 

stretched from the samples which were annealed from the low oriented Resin 1 extruded 

film under 3%, 9%, and 18% extension by stretching condition A. In Figure 5.31, much 

damage of the long fibrils are clearly observed for the microporous membranes stretched 

from the samples annealed under 9% and 18% extension but not for the film stretched 

from the sample annealed under a 3% extension. This observation suggests that the 

predeformation in the extruded film induced by a higher extension (9% or 18%) applied 

during annealing resulted in many defects (such as occurrence of many broken long fibrils) 

Table 5.10. Summary of the orientation function, Tmmax, and degree of crystallinity for 

the samples annealed under 9% and 18% extension. 

  

  

  

  

  

  

  

extruded film annealed film f. Tmax (°C) xX, 

IR1 (Resin 1) | 9%1R1H 0.66 136.9 0.70 

18%1R1H 0.76 136.7 0.73 

1R2 (Resin 1) 9% 1R2H 0.8] 136.9+0.2 0.72+0.02 

18%1R2H 0.92 136.7403 0.72+0.01 

2R2 (Resin 2) | 9%2R2H 0.94 137.0 0.71 

18%2R2H 0.94 136.8 0.70             
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Table 5.11. Summary of the stretching condition, porosity%, Gurley number, and 
thickness for the microporous membranes made from the samples which 
were annealed under 9% and 18% extension from the Resin 1 extruded film 

  

  

  

  

  

  

  

  

  

IR1. 

annealed microporous | stretching porosity% Gurley thickness 

film membrane condition number (sec) | (mil.) 

A9%1IRIH | A 39.2 16.845. 1 0.75 

9%IRIH | BO%IRIH |B 43.3 18.3+6.5 0.75 

COMIRIH |C 51.3 8.9+2.2 0.73 

D9%1RIH |D 48.2 6.841.6 0.66 

Al8%1RIH | A 40.6 12.2+1.9 0.77 

18%1R1H | BI8%1IRIH |B 38.8 20.9+6.9 0.70 

C18%1R1H | C 52.6 9.2+3.0 0.73 

D18%1R1H | D 52.5 8.5+2.1 0.67             
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A3%1R1IH 

  
Figure 5.31. The HSEM micrographs for the microporous membranes A3%1R1H, 

A9%1RI1H, and Al8%1R1H. 
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A18%1RIH 

‘ 

  

Figure 5.31. continued. 
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in the microporous films by the stretching procedures utilized. 

Table 5.12 includes the stretching condition, porosity, Gurley number, thickness of 

the microporous membranes made from the samples annealed from the higher oriented 

Resin | extruded film 1R2 under 9% and 18% extension. Comparing the data in Table 

5.12 and the results shown in Table 5.8, the difference in porosity and permeability 

between the microporous membranes made from the samples annealed under 3% and 9% 

extension was found to be very small. However as the extension applied during annealing 

reaches 18%, a drop in porosity and permeability of the corresponding microporous 

membranes occurs as clearly evident in Table 5.12. The micropore structure for the 

microporous membranes stretched from the samples that were annealed under 3%, 9%, 

and 18% extension from the higher oriented Resin 1 extruded film 1R2 by stretching 

condition A is shown in the HSEM micrographs of Figure 5.32. Much damage such as 

broken long fibrils was observed for the samples stretched from the films annealed under 

9% and 18% extension. It is therefore clear that a higher extension (9% or 18%) applied 

during annealing is not favorable with respect to minimizing the defects in the 

microporous membrane produced by stretching. On the other hand a small amount of 

extension (ca 3 %) applied during annealing not only can enhance the formation of 

micropores by stretching but also is more favorable in minimizing the damage or defect 

generation in the micropore regions. 

The stretching condition, porosity, Gurley number, and thickness of the 

microporous membranes made from the sample annealed from the Resin 2 extruded film 
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Table 5.12. | Summary of the stretching condition, porosity%, Gurley number, and 
thickness for the microporous membranes made from the samples which 
were annealed under 9% and 18% extension from the Resin 1 extruded 

  

  

  

  

  

  

  

  

  

film 1R2. 

annealed microporous | stretching porosity% Gurley thickness 

film membrane condition number (sec) | (mil.) 

A9%1R2H |A 47,2 10.7+2.4 0.88 

9%1IR2H | B9%1R2H |B 46.4 12.944.5 0.79 

C9%1IR2H | C 55.2 5.6+0.9 0.78 

D9%1R2H | D 53.1 6.0+1.6 0.74 

A18%1R2H | A 39.0 21.6+4.6 0.78 

18%1R2H | B18%1R2H |B 38.0 31.0+11.9 0.68 

C18%1R2H | C 52.1 12.143.4 0.78 

D18%1R2H | D 49.0 14.343.3 0.63               
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A3%1R2H 

  
Figure 5.32. The HSEM micrographs for the microporous membranes A3%1R2H, 

A9%1R2H, and Al8%1R2H. 
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Figure 5.32. continued. 
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2R2 under 9% and 18% extension are summarized in Table 5.13. If one compares the 

data shown in Tables 5.8 & 5.13 for the microporous membranes made from the samples 

annealed from Resin 2 extruded film 2R2 under 3%, 9%, and 18% extension by the 

stretching condition A, it was observed that the sample stretched from the film annealed 

under a 18% extension possessed the lowest porosity and permeability. Although the 

porosity of the microporous membrane prepared from the 3% extension annealing film 

was found to be 10% less than the sample stretched from the 9% extension annealing film, 

the former displayed a slightly greater permeability than the latter. The HSEM 

micrographs for these three microporous membranes are shown in Figure 5.33. In Figure 

5.33, the sample A3%2R2H which was made from the 3% extension annealing film 

showed the largest pore size while the sample A18%2R2H displayed the smallest pore 

size. In Figure 5.33, it was also observed that sample A18%2R2H had the least pore 

density but the difference in pore density between samples A3%2R2H and A9%2R2H was 

found to be small. These observations clearly suggest that there is an important influence 

from the extension applied during annealing on the formation of microporous membranes. 

5.4 SUMMARY AND CONCLUSIONS 

A sequential study including extrusion, annealing, and stretching on the formation 

of microporous membranes were conducted in this chapter. Free annealing for a long time 

(such as 22 hours) or annealing under a small amount of extension for 20 minutes was 
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Table 5.13. | Summary of the stretching condition, porosity%, Gurley number, and 
thickness for the microporous membranes made from the samples which 
were annealed under 9% and 18% extension from the Resin 2 extruded 

  

  

  

  

  

  

  

  

  

film 2R2. 

annealed microporous | stretching porosity% Gurley thickness 

film membrane condition number (sec) | (mil.) 

A9%2R2H |A 43.0 18.1+3.6 0.82 

9%2R2H | B9%2R2H |B 46.8 31.7411.9 0.77 

XXX C XXX XXX XXX 

D9%2R2H | D 52.0 15.8+4.0 0.71 

A18%2R2H | A 33.0 DNS 0.68 

18%2R2H | B18%2R2H |B 30.1 DNS 0.58 

C18%2R2H | C 38.0 561.8+239.8 | 0.61 

D18%2R2H | D 34.2 DNS 0.54               
  

Notes: 1). xxx means microporous membrane could not be produced by the specified 

stretching conditions. 

2). DNS means the permeability of the microporous membrane was too low to be 
measured by the Gurley densometer. 
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Figure 5.33. The HSEM micrographs for the microporous membranes A3%2R2H, 

A9%2R2H, and A18%2R2H. 
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A18%2R2H 

  
I 

Figure 5.33. continued. 
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found to be able to facilitate the micropore formation by stretching the microporous 

membranes made from Resin 1. The stretching variables (cold stretching percent, hot 

stretching percent, and total stretching percent) were observed to be very influential in 

determining the porosity, Gurley number, and pore structure for the microporous 

membranes made from Resin 1 but much less so for the microporous membranes produced 

from Resin 2. 

From the analysis of the pore structure on the surface of the microporous 

membranes made from the Resin 1 extruded films that were annealed under a small 

amount of extension (ca 3%) by HSEM, it was revealed that the cold stretch step initiated 

small voids (or cracks) which behave like nucleation centers to form larger micropores by 

a further hot stretch process. Therefore the pore density of the microporous membrane is 

suggested to be mainly influenced by the cold stretch step while the final pore size of the 

stretched microporous membrane ts clearly decided by both the cold stretch as well as the 

hot stretch processes. 

The microfibrils generated by stretching were characterized by HSEM, AFM, and 

TEM. It was observed that the micropores are composed of piled lamellae units which are 

bridged with many microfibrils. Within the microfibrils, many nodules were observed by 

HSEM and AFM. These nodules are suggested to be the small crystalline blocks resulting 

from lamellae breakage by shearing, sliding, and tearing deformation. In contrast to this 

observation, the TEM experiments show that the microfibrils are very smooth and 

uniform, i.e. there is no sign of nodules within the microfibrils. It is therefore possible the 
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staining treatment for TEM analysis has changed the microfibril structure. 

The influence of orientation state in the extruded films before stretching was also 

investigated in this work. For the microporous membranes made from the samples 

annealed under a 3% extension, the porosity, Gurley number, and pore structure of the 

microporous membranes were found to be sensitive to the orientation function for the 

samples made from Resin | but much less so for the samples made from Resin 2. For the 

microporous membranes made from Resin 1, the final microporous films stretched from 

the extruded film with a higher orientation possessed a higher porosity , a greater Gurley 

number, and a larger pore density. These results show that a certain level of orientation 

state in the precursors is necessary for making higher porosity and permeability 

microporous membranes. But as the orientation function of the precursors reaches a 

certain value (f,~0.45, <O@><37°), the influence of the orientation in the precursors on the 

formation of microporous membranes by stretching is found to level off. 

Annealing was found to be very important for determining the microporosity 

behavior of the microporous membranes. The free annealed sample prepared from the 

higher oriented Resin 1 extruded film was stretched to produce the microporous 

membrane A0%1R2. As compared to the microporous membrane made from the same 

extruded film without annealing, a significant increase in permeability and porosity was 

observed for the sample A0%1R2. On the other hand, the microporous membrane 

A0%1R2 showed similar structure-property behavior to the microporous membrane 

prepared from the sample which was annealed from the same extruded film by a 3% 
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extension. These observations clearly display the importance of the influence of the 

annealing behavior such as perfection of the crystalline phase and the decrease of tie chain 

density in the extruded film on the formation of HDPE microporous membranes by 

stretching. 

From HSEM analysis, much damage was observed for Resin 1 on the surface of 

the microporous membranes prepared from the samples which were annealed either by a 

9% extension or an 18% extension annealing treatment. This observation suggests that 

annealing at a higher extension (either 9% or 18% vs. 3%) is unfavorable for Resin 1 for 

the purpose of minimizing the defects in the microporous membranes produced by 

stretching. In contrast to Resin 1, not much damage was observed for any microporous 

membrane made from Resin 2. It was found that the 9% extension annealing resulted in 

the Resin 2 microporous membrane having the greatest porosity while the Resin 2 

microporous membranes made from the sample annealed by a 3% extension possessed the 

greatest permeability. The answers for these observations are still unclear at this point. 

Therefore further investigations on this issue is suggested for the future work. 

In summary, the importance of the orientation state in the precursors, the annealing 

effects of the HDPE extruded films, and the stretching variables for determining the 

microporosity behavior of the HDPE microporous membranes is clearly evident in this 

study. Furthermore, the results presented in this chapter also suggest that a clever design 

of the processing conditions in each individual step (extrusion, annealing, and stretching) 

and a correct selection of the raw resin are both critical in controlling the structure- 
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property behavior of the HDPE microporous membranes. 
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CHAPTER VI 

SUMMARY AND RECOMMENDATIONS 

6.1 SUMMARY 

This dissertation has accomplished the investigation of the three stage procedures 

(extrusion, annealing, and stretching) for making HDPE microporous membranes. The 

important observations obtained are recapitulated in this section. 

In the first step - extrusion, the extrusion processing variables: melt temperature as 

well as quench height, and the molecular weight distribution of the raw resin display a 

great influence in determining the orientation/morphology properties in the final HDPE 

extruded films. Two different types of morphology were observed. One is the stacked 

lamellar morphology and the other is the occurrence of a fibril nuclei structure. The 

orientation development and the formation of fibril nuclei in the HDPE extruded films 

were found to be strongly dependent on the melt relaxation time behavior of HDPE resins 

and the processing time frame utilized. The amorphous phase orientation in the HDPE 

extruded films was interestingly found to be negligibly small. Since the form effect was 

clearly shown to be negligible, birefringence in the HDPE extruded films arose mainly 

from the crystalline phase only. 

The structural modifications promoted by annealing of the HDPE extruded films 
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were carried out in this work. The important annealing variables studied include the 

temperature, time, and extension applied during annealing. Annealing at a higher 

temperature (120 °C vs. 105 °C) was found to induce the greater increase of the following 

properties: Tinmax, degree of crystallinity, SAXS peak intensity, and long spacing in the 

extruded films. These significant structural changes observed in the HDPE extruded films 

is suggested due to the greater chain mobility achieved by annealing at a higher 

temperature. In contrast to the annealing temperature, the annealing line speeds (10 ft/min 

and 40 ft/min), that were utilized for annealing under extension, showed only a very small 

effect on modifying the properties in the HDPE extruded films. 

The effect of extension applied during annealing at 120 °C was investigated. It 

was found that the orientation state in the HDPE extruded films was not altered by free 

annealing but annealing under a small amount of extension significantly promoted a higher 

orientation for the HDPE extruded films. The increase in SAXS peak intensity and TEM 

contrast observed for the samples annealed by free annealing and annealing under 3% and 

9% extension indicates that the density difference between crystalline and amorphous 

phases was enhanced in these samples. As compared to the samples annealed under 3% 

and 9% extension, a decrease of SAXS peak intensity was observed for the sample 

annealed under an 18% extension. It is suggested by TEM analysis that the drop of SAXS 

peak intensity in sample 18%120 is due to the deformation/disruption of stacked lamellae 

caused by the extension (18%) applied during annealing. Five different molecular models 

to account for the annealing behavior of semicrystalline polymers were discussed in this 
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study. It is observed that the defect diffusion model is able to reasonably explain all the 

annealing behavior of the HDPE extruded films presented in this dissertation. 

The precursors (either extruded film or the film after being annealed) were 

uniaxially deformed along the MD to produce microporous membranes in the last step - 

stretching. For the stretching conditions utilized, the stretching variables (cold stretch%, 

hot stretch, and total stretch”) showed important influence in determining porosity, 

Gurley number, and pore structure for the microporous membranes made from Resin 1 but 

much less so for the microporous membranes produced from Resin 2. From the HSEM, 

AFM, and TEM analysis, it was observed that the micropores are composed of piled 

lamellae units which are bridged with many microfibrils. Many nodules within the 

microfibrils were observed by HSEM and AFM, but not by TEM. It is speculated that the 

TEM staining treatment has changed the microfibril structure. 

The study of the induced pore structure for the Resin 1 microporous membranes 

revealed that the cold stretch step initiated small voids (or cracks) which behave like 

nucleation centers to form larger micropores by a further hot stretch process. The pore 

density of the microporous membranes is suggested to be mainly affected by the cold 

stretch step while the final pore size is decided by both the cold stretch as well as the hot 

stretch processes. 

The influence of orientation state in the extruded films before stretching on the 

microporosity behavior was examined. The results obtained in this dissertation show that 

a certain level of orientation state (f,~0.45, <0>~37°) in the precursors is necessary for 
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making higher porosity and permeability microporous membranes. As the orientation 

function of the precursors reaches about the value of 0.45, the influence of the orientation 

in the precursors on the formation of microporous membranes by stretching was found to 

level off. 

Annealing was found very crucial for determining the microporosity behavior of 

the HDPE microporous membranes. Free annealing for 22 hours or annealing under a 3% 

extension can produce much greater permeability and porosity microporous membranes 

than without any annealing treatment. Annealing at a higher temperature (120 °C vs. 105 

°C) was found to result in a slightly larger micropore structure. It is suggested that 

annealing at a higher temperature (120 °C vs. 105 °C) caused greater structural changes 

such as lamellar thickening, which subsequently resulted in a lower tie chain density. 

Therefore it is easier to produce the membranes with larger micropores from the samples, 

which are annealed at a higher temperature (120 °C vs. 105 °C), by stretching. For the 

effect of annealing extension on the micropore development, the results obtained suggest 

that a small amount of extension (ca 3%) applied during annealing is a better choice for 

producing the microporous membranes which have better microporosity behavior and less 

damage. 

6.2 RECOMMENDATIONS 

The above content summarizes what has been accomplished in this dissertation for 
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investigating the formation of HDPE microporous membranes. In light of the future 

research direction for this study, a few recommendations are described below: 

e The melt relaxation time behavior of the HDPE resins was found to be important 

for determining the orientation/morphology properties of the extruded films. Since it is 

well known that line stress also plays a crucial role in the structure-property development 

in the extruded films, further investigation on the influence of line stress is clearly 

important for the future work. 

e In this study, it was shown that the melt relaxation behavior of the HDPE resins 

can be controlled by varying the melt process conditions to produce extruded films with 

desirable properties. It is suggested that the single characteristic relaxation time obtained 

from the Carreau-Yasuda model can be a useful guide in the selection of HDPE or likely 

other resin and for optimizing extrusion processing variables to obtain the desired 

structure-orientation-property response in extruded films. To further test the validity of 

this methodology, the future analysis is recommended for HDPE or other polymer systems 

that have a much broader molecular weight characteristics. 

° For the annealing treatment of the HDPE extruded films, it was suggested that 

upon annealing, the perfection of the crystalline phase occurred by removing the defects 

from the crystalline phase into the noncrystalline regions, which produced a greater 

density difference between crystalline and amorphous phases. However a direct 

measurement of the density variation in the extruded films before and after annealing was 

not conducted in this dissertation. Therefore investigation into this issue using a density 
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gradient column as well as X-ray diffraction method is strongly recommended. Further- 

more, permeability measurement and mechanical analysis of the extruded films before and 

after annealing are also important in revealing the structural changes in the extruded films. 

e During the TEM analysis of the morphology in annealed films, interlamellar links 

were sometimes observed for some specimens annealed under a small amount of extension 

(ca 3%). Since it is speculated that the interlamellar links can influence the formation of 

microporous membranes, further study on the development of interlamellar links by 

annealing under extension are also suggested. 

e For the formation of HDPE microporous membranes, it is suggested in this 

dissertation that the cold stretch step initiates small voids which will grow into larger 

micropores by a further hot stretch process. In order to obtain a full picture of this 

mechanism of forming micropores, characterization of the deformation behavior for the 

HDPE extruded films at various temperatures is certainly a very important task for 

advanced study. 

e It was found that a certain level of orientation state (f,~0.45) in the precursors is 

necessary for producing higher porosity and permeability microporous membranes. Since 

only a few precursors were utilized for this study, future studies using the precursors with 

various orientation states is recommended for HDPE as well other polymer systems. 

e For the Resin 2 annealed films that were annealed under a 3% extension, stretched 

microporous membranes were only able to be produced by the stretching condition A. 

For the other stretching conditions: B, C, and D, break-out of the Resin 2 samples 

267



occurred during the stretching process. In order to find out the difference between Resin 

1 and Resin 2 in their microporsity behavior and the influence of the fibril nuclei on the 

formation of microporous membranes, examining the cause for the failure of preparing 

microporous membranes from Resin 2 using the three stretching conditions (B, C, and D) 

is suggested for the future work. 

e In this study, the analysis of the stretching processing variables on the micropore 

formation was carried out with a fixed amount of relaxation (recovery) for the heat setting 

process. Since the influence of the relaxation process on the microporosity behavior of 

HDPE microporous membranes is unclear at this point, the importance of pursuing the 

future work on this topic is clearly evident. 
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