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I. INTRODUCTION

With the increasing demands of this technological society,

materials for use at high temperatures are becoming indispensable. The

inherent susceptibility of a metal to recovery, recrystallization and

subsequent loss of strength at high temperatures is a serious drawback,

A particularly when high temperatures and long time creep service are

required. One possible means of improving the creep behavior is by

introducing a stabilized dislocation substructure by a room temperature

‘ straining followed by a high temperature recovery treatment(l_5).

Titanium possesses the desirable properties of high strength—to—
I

weight ratio with reasonable ductility and toughness and good corrosion

resistance. The purpose of this investigation was to determine the

effect of prior dislocation substructures on the primary creep behavior

of polycrystalline titanium at elevated temperatures. The prior

substructures were obtained using room temperature prestrains of 10

and 20 percent followed by 100 hours recovery at 550OC as developed in

previous studies(6’7). Creep tests were continued into the steady

state region and the dislocation substructures were observed using

transmission electron microscopy.

l 1



II. REVIEW OF LITERATURE

A. Creep

Creep may be defined as time dependent plastic deformation under

constant stress or load. Creep properties are usually determined by

a test in which either a constant stress or a constant load is applied

to a specimen and the strain is recorded as a function of time. A

typical creep curve for a polycrystalline, as—recrystallized metal at

constant stress and temperature is shown in Figure l. Directly on

loading the specimen undergoes an initial strain, EO. This is followed

by three stages: (l) primary creep during which the creep rate normally

decreases and eventually reaches a constant or minimum value, (2) steady

state or secondary creep during which the creep rate remains essentially

constant, and (3) tertiary creep during which the creep rate increases

until final fracture. The accelerated creep rate in the tertiary stage

is frequently attributed to time—dependent intergranular cracking(8).

In this investigation creep tests were conducted only into the region

of steady state creep; therefore, no additional discussion of tertiary

creep will be made.

At any time during the creep test the creep strength may be

· considered to be inversely related to the instantaneous creep rate.

Because the creep rate decreases during primary creep while the temp-

erature and stress are held constant, such changes in creep rate and

strength must be due to changes in the internal metallurgical

— structure.

2
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l. Temperature Dependence of Creep

Creep is a thermally activated process. It has been shown that

the creep rate can be described by an Arrhenius type equation(9):

é = K exp(—AHC/RT), (l)

where AHC is the apparent activation energy for creep, R is the gas

constant, T is the absolute temperature, and K is a constant for a

given temperature, creep stress, and creep strain. For temperatures

above approximately one half of the absolute melting temperatures

C>0.5 Tm) the apparent activation energy does not vary with temp-

erature and closely approaches the activation energy for self I

diffusion(9). At lower temperatures the apparent activation energy

decreases with decreasing temperature(8). It also becomes slightly

strain rate or stress dependent(lO). Thus at slow strain rates or low

stresses the apparent activation for creep does not approach the

activation energy of self—diffusion until temperatures much above

0.5 Tm are reached.

Three different ranges can be distinguished in most plots of

apparent creep activation energy versus homologous temperature,

_ i.e. ratio of absolute test temperature to absolute melting

temperature, T/Tm. In the low—temperature region AHC increases rapidly

with temperature. The rate—controlling mechanism in that range is

suggested to be the intersection between gliding dislocations and

·
forest dislocations(ll); however, Sherby, Lytton, and Dorn(l2)

suggest that at least four separate activation energies are needed
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to account for the low temperature behavior of aluminum. At somewhat

higher temperatures (0.3 Tm - 0.5 Tm) it is believed that the cross-

slip of screw dislocations is rate-control1ing(l3). Between 0.5 Tm

and 1.0 Tm the activation energy approaches that for self—diffusion.

2. Stress Dependence of Creep

Stress, as well as temperature, has a major influence on the

creep rate. lf the stress dependence of the steady—state creep rate,

es, above 0.5 Tm is considered over a wide range of stresses, one

finds regions of different stress dependence(l0). At very low stresses

it is often observed that the steady—state creep rate varies linearly

with
stress<l0’l4_l8). lt is believed that creep in this range is due 1

to a process of stress directed
diffusion(l6—l8).

ln a range of intermediate stresses, i.e. a G/E range of

approximately
10-5 to

10-3, the steady-state creep obeys an

. . . (10)
exponential stress relationship

· n
es = Ao , (2)

where A and n are stress independent within the region considered.

For most pure metals and solid solutions the exponent n has values

_ between 4 and 5, and is a constant within a fairly wide range of

(10,19) . . . . .
stresses and temperatures . Creep in this region is believed

.... (19-22)
to be controlled by either dislocation c11mb , or by the

non-conservative motion of jogs on screw dis1ocation(23). Studies

_
f

on the effects of diffusivity, elastic modulus, and stacking fault

(24-27)
energy have suggested that the steady—state creep rate of pure
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polycrystalline face centered cubic metals in this intermediate stress

range can be described by:

és = A'DSY3°5(o/E)5, (2)

where DS is the self diffusion coefficient in cm2/sec, Y is the

stacking fault energy in ergs/cmz, O is the creep stress, E is the

elastic modulus, and A' is a constant approximately equal to

lOl8cm5ergs_3'5.

At still higher stresses the stress dependence of the creep rate

_ is greater than predicted by the above equation, and it is found that

an exponential expression describes the experimental data(l0):

es = A"exp(B¤) (4)
I

The transition between intermediate stress behavior and high stress

behavior for many metals occurs at a es/DS value of l09cm_2
(10),

where DS is the self diffusion coefficient. From the published self

diffusion data for alpha-titanium(28’29), the predicted steady—state

strain rate at transition would be
10-5 to

10-4 sec_l. This prediction

appears somewhat low which is probably due to inaccuracies in published

values of DS for alpha-titanium. Normally this transition occurs at

' strain rates between
10-4 and 10-2 sec_l

(10).

Various empirical relationships have been proposed to describe

both the intermediate and the high stress ranges in one expression.

For this purpose Garofalo(30) suggested the following expression:

K'(sinh oLO)n (5)
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u This expression becomes es = K"on at lower stresses and becomes

es = K'"exp(¤'O) at high stresses. Other similar expressions have

been developed by Weertman(2l) and by Barrett and
Nix(23).

Although the decreasing stress dependence of the steady—state
n

creep rate with decreasing stress from high to low stress regions

described above is typical in the majority of cases(8’lO), some

exceptions to this behavior have been observed among hexagonal close

packed metals. This deviation is probably most clearly established

for alpha-zirconium(3l). The stress dependence of the steady—state

creep rate in this material increases with decreasing stress. Results

for magnesium indicate a similar tendency(32). In the lower stress

region the activation energies appear to be larger than that for self '

diffusion(3l’32). A similar observation has been made on zinc(33).

Ardell and Sherby(3l) have suggested the unusual creep behavior of

alpha zirconium may be due to a dislocation glide controlled creep

process. They suggest that glide rather than climb is rate control-

ling because alpha—zirconium has a high diffusivity and low elastic

modulus which should yield high rates of dislocation climb. The

proposed mechanism is sequential (climb preceded by glide), thus the

rate controlling process will be the slower glide process. Sherby

l
and Burke(l0) suggest that alpha—titanium, which has a high

diffusivity(28’29) and low elastic modulus<34) may also exhibit creep

behavior of the type observed for zirconium. The work of Kehoe and

Broomfield(35> on alpha-titanium appears to confirm this, and shows

l
an increasing stress dependency with decreasing stress and in the

lower stress region the activation energy, 72 kcal/mole, appears
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to be larger than Libanate and Dyment's(28’29) self diffusion value

of 29-36 kcal/mole. However, the results of Doner and Conrad(36) ~

indicate a more normal behavior for alpha titanium with the

activation energy independent of the stress level and approximately

equal to the value for self diffusion which they suggest is 57.8

kcal/mole. It should be noted that Kehoe and Broomfield performed

g their investigation between 450OC and 600OC on material with 0.48

atomic percent oxygen whereas Doner and Conrad noted the more normal

behavior above 577OC on material with 0.33 atomic percent oxygen.

Doner and Conrad(36) found dynamic strain aging interferred with the

deformation of alpha titanium in the temperature range 300OC - 577OC.

3. Effect of Microstructure on Creep
I

Most of the previous discussion concerned correlation of external

variables with the steady-state creep rate. Most investigators have

concentrated on the steady-state creep rather than primary creep because

during primary creep the creep rate is continuously changing, even

when external variables are held constant. This change in primary

creep rate must therefore be related to changes in creep micro-

structures which are not easily included in creep correlations.

During primary creep of many pure metals and certain alloys

3
subgrains are formed. The substructures which form upon initial

straining closely resemble that which is developed during work hardening

deformation at lower temperatures(37’38). Most dislocations are

arranged in a rough cellular pattern composed of dislocation tangles.

‘
Several studies(37’39—4l) have shown that during the early portions

of primary creep the cellular structure remains observable, but in
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localized areas dislocations rearrange to develop partially formed

sub—boundaries. Transmission electron microscopy(38’39) shows that

at this time loosely—knit subgrain boundaries are being developed

through dislocation movements and reactions. A subgrain structure

emerges gradually and is perfected during the latter stages of the

primary creep. Finally, in the secondary stage of creep, a subgrain

structure is fully developed which is characteristic of the steady

state(42). The results of Cadek and Orlava(4l) on copper indicate

that the subgrain boundaries tend to form in the plane normal to the

primary slip direction and also in the primary slip plane.

The size of the subgrain reached at steady state is nearly

inversely proportional to the creep stress and not strongly influenced
I

by temperature(lO’l9’43_45). Only metals and alloys of higher

stacking fault energy will tend to form clearly defined subgrains(46)

and these subgrains often contain a high density of apparently mobile

dislocations(23’47’48). In materials of low stacking fault energy

subgrains may not form until the tertiary stage or late in the

secondaryThe

effect of prior dislocation substructure on subsequent creep

behavior has been studied by numerous investigators(l—5’49_53). The
9

development of prior substructure by a prestraining and recovery

treatment can have an extremely large effect on the shape of the

primary creep curve; however, the creep rate developed in steady-

state appears to be independent of initial substructure. In several
i

studies(l’3’43) an initial substructure was developed that was more
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creep resistant than that developed in steady—state so that the

creep rates in the transient creep actually increased continuously

from a low value to that of steady—state.

B. Alpha—Titanium

Titanium is one of the transitional metals; at room temperature

it is arranged in a hexagonal close packed (HCP) structure. The

HCP, alpha—titanium transforms to a body centered cubic (BCC)

structure, beta—titanium, at 883OC; melting occurs at 16680C. As

this investigation was conducted entirely within the alpha—titanium
U

range, only HCP, alpha—titanium will be discussed.

It is often helpful to compare temperature dependent material I

behavior on the basis of a homologous temperature, i.e. the ratio of

absolute test temperature to absolute melting temperature. Ardell(54)

has shown that the hypothetical melting point of HCP, alpha—titanium

is approximately 145500. Thus the 50OOC creep temperature and ssooc

recovery temperature of the present investigation are 0.45 Tm and

0.48 Tm respectively.

l. Deformation in Alpha—Titanium

In metals the deformation slip planes are normally the most

‘ densely packed planes, which also are the most widely separated

planes. In HCP metals the ratio of the lattice parameters appears

to play an important role in determining which slip systems are

active(55). Ideal packing in the HCP structure gives a c/a ratio of

· 1.632. The c/a ratio of alpha—titanium is 1.587. When the c/a ratio

is lower than ideal the basal plane, (0001), which is the most closely
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packed in ideal HCP, can lose the distinction of being the most closely

packed plane(55).

Three slip systems have been found to be active in alpha-

t1teh1hm(56“59); they ete {0001} <11i0 >, {1010} <1120 >, ehd {1011}

<ll20 >. The {0001} planes are often referred to as the basal planes,

the {1010} as the first order prismatic planes, and the {1011} as

the first order pyramidal planes. The critical resolved shear stress

is lowest on the prismatic planes and highest on the basal plane;

thus the {1010} <1120 > is the predominant slip
system(56’6O’6l).

{ This preference seems to prevail over the entire temperature range of

the HCP structure; however, slip on the {1011} and the {0001} planes

tends to become relatively more favorable compared to the{1010}planes

as the interstitial solute content or the temperature is

increased(57’62_6A).

Tyson(65) suggests that the stacking fault energy rather than

the c/a ratio determines preferred slip planes in HCP metals. He

concludes that HCP metals with low stacking fault energy slip on the

basal plane and those with high stacking fault energy, as alpha-

titanium, slip on prismatic planes.

Titanium has also been observed to deform by mechanical

twinning on the {1012}, {1121}, {1122}, {1123}, and {1124}

plan€S(58,59,64,67)·

Some investigators have reported the <c+a > i.e., the <ll23 >

type slip direction can be active(68’69) and may be important in the

‘
deformation of polycrystalline alpha-titanium at elevated

temperatures(68).
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Much research has been performed on the determination of the

deformation mechanisms in
alpha—titanium(36’57’59’6O’62’70-82). Much

of this work was conducted in the low to intermediate temperature

range (i.e., below BOOOC). Some researchers(57’78’79) suggest that

the low temperature rate controlling mechanism is the nucleation of

dislocation kinks to over come Peierl's energy barrier. Others(36’60’

conclude the rate controlling mechanism here is

thermally activated overcoming of interstitial solute atoms (0, C, N)

by dislocations moving on the first order prismatic planes. Tyson(77>

suggests that the mechanism may be the moving of solute atoms out of

the way of the atoms moving at the dislocation core.

Research in the higher temperature range (i.e., above 300OC) '

indicates that dynamic strain aging occurs in commercial purity material

between 30OOC and Serrations in the stress-

strain curves(36’85), discontinuous yielding(83’85), minima in

ductility(36’84’86_88’9O), maxima in the strain hardening rate(36’84’86),

a maximum in time to creep rupture(88), and a peak in the fatigue

limit(89) have all been observed in this temperature range. Moskalenko

and Puptsova(73) suggest that the transition temperature between the

low temperature behavior and dynamic strain aging is determined by

g
the mobility of the interstitial impurity atoms and increases with

impurity concentration. The work of Doner and Conrad(36) indicates

that the work hardening peaks in this range are associated with the

diffusion of interstitial oxygen and perhaps nitrogen. Garde et
al.(86)

‘
demonstrated that with a lowering of the total impurity content from

3300 ppm to 300 ppm both the ductility minima and the strain hardening
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peaks observed in commercial type material tend to disappear. Above

577OC Conrad and Doner(36) found alpha-titanium deforms by diffusion-

controlled creep with Weertman's glide and climb mechamism(22) giving

the best fit to the experimental data. However, the data of Kehoe

and Broomfield(35) does not substantiate this conclusion, perhaps

because of their rather high oxygen content, 0.48 At Z, strain aging

effects are active at higher temperatures.

Because interstitial atoms greatly affect deformation mechanisms

they are of primary consideration when evaluating the purity of

· titanium. Conrad(9l) has suggested an oxygen equivalent formula

which has been used widely through the literature and is as followsz

Atomic Percent Oeq = at Z 0 + 2(at Z N) + 3/4(at Z C), (6)

Hydrogen is neglected as it is usually a minor impurity. Based on

this formula the titanium used in this investigation is 0.396 AtZ

Oeq.

2. Dislocation Substructure in Alpha-Titanium

The plastic deformation of metals is accompanied by a multiplication

of dislocations, the density of which increases with increasing plastic

. strain from 104-106 to
1010-lOl2 cm_2

(92). These dislocations interact

with one another causing the flow stress to increase. In polycrystalline

materials the dislocation arrangements generated during tensile

deformation are in general similar and are a function of stacking

_ fault energy, amount of strain, deformation temperature, strain rate,

and crystal structure(92).
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Relatively little has been reported on the substructure of

plastically deformed titanium. Cass(69) reported a strong preference

for single dislocations to lie in screw orientations in single crystal

titanium deformed at room temperature. Conrad et
al.(93)

found that

hexagonal networks were produced during the cold—extrusion process and

they tended to lie in the basal plane while hexagonal networks in the

annealed alpha—titanium lie primarily on the prism planes. At larger

amounts of strain Conrad et
a1.(93)

reports a dislocation cell structure

forms.

Ferebee(7) and Pawar(6) showed the formation of elongated cells

in polycrystalline a1pha—titanium deformed 10% at room temperature.

The planes of these cell walls were identified to be of the {1010} ·

type(6) or possibly the {1012} type(7). During recovery heat treat-

ments, hexagonal subgrains bounded by dislocation networks were

formed. The results of Pawar(6) indicate these subgrains are bounded

by hexagonal twist networks on the (0001) plane and by tilt boundaries

on the {11EO} planes. Figure 2, taken from Pawar(6), shows the

typical substructure developed in alpha titanium deformed 10 percent

and recovered for l00 hours at 550OC. The sub-boundaries shown in

this figure consisting of parallel sets of dislocations have been found

~ to lie on {ll§0} planes with the dislocation axes lying along the

<000l > directions.





III. EXPERIMENTAL PROCEDURE

The commercially pure, polycrystalline alpha titanium used in

this investigation was identical to that used in previous studies

‘
of recovery of titanium by Ferebee(7) and Pawar(6). All rolling,

annealing, and recovery treatments were performed in accordance with

procedures developed in these previous studies.

All creep tests were conducted using an Andrade-Chalmers(94)

constant tensile creep stress apparatus modified to accommodate

4
testing in vacuo. Following testing, specimens were prepared for

ll
examination by transmission electron microscopy.

l
A. Specimen Preparation

'

Two sheets of commercially pure titanium sheet, Ti—35A Heat

No. D93l3, were obtained from the Titanium Metals Corporation of

America, 0.083 inches thick by l2 inches wide by 48 inches long.

”
These were originally cut from a 48 inch wide plate so that the

l2 inch dimension was parallel to the prior rolling direction.
l

The as—received material was in an annealed state with a grain size

—) of 0.037 millimeters as revealed by optical microscopy(7). Chemical

analysis and mechanical properties of the heat from which the sheets
U

were taken were supplied by Titanium Metals Corporation and are

_ given in Table I.

During the previous studies the two sheets had been labeled A

and B, covered with masking tape to protect the surfaces, and marked
‘

off in strips 0.65 inches wide by l2 inches long. These strips were

l6
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TABLE I

Chemical Analysis and Mechanical Properties of Heat No. D93l9

Element C Fe N . H O Ti

Percent by weight 0.027 0.06 0.0ll 0.0004 0.08 Remainder

Yield Strength Tensile Strength Elongation

Longitudinal 30.l ksi 46.8 ksi 44.5%
”

Transverse 34.7 ksi 49.2 ksi 38.0%
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labeled numerically starting from one end. The initial width of the

strips was chosen so that upon rolling to final dimensions the strip

would be 0.70 inches wide. The strips were laid out so that all

subsequent rolling was in the same direction as the prior rolling.

Strip numbers 64 through 68 of sheet A and all of sheet B were still

available from the previous investigations for use in this study.

All remaining strips of sheet A were sheared into specimen strips

0.65 inches wide by 12 inches long by 0.083 inches thick. After

shearing the masking tape was removed, the surfaces were cleaned

with acetone, and the strips were labeled 64A through 68A by

vibra—tool.

The 0.083 inch thick specimen strips were then cold rolled to a

0.020 inch thickness using a four high rolling mill. No intermediate

anneal was required. Thickness reductions of 0.006 inches were used

on each pass except for the final few passes which were done at

reductions of about 0.001 inch. Each rolled strip was cut into ten

specimen blanks 4.875 inches long by 0.70 inches wide by 0.020 inches

thick. The blanks from each strip were numbered consecutively.

Each number preceded the label of the original strip, e.g., the fourth

specimen blank cut from strip 67A would be labeled 467A. In this

manner the identity of each specimen was maintained so that the

location of specimens in the original sheet could be determined.

The 0.020 inch thickness was chosen so that it would not be too

thick for electro—thinning for transmission electron microscopy but

would be thick enough to be representative of the bulk material. A
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trial sample which had been rolled to 0.020 inches, subsequently

annealed, and prepared for metallographic examination, revealed an

equiaxed grain structure with an average grain size of 0.068

millimeters as determined by the line intercept method. This grain

size gives an average of seven and a half grains across the 0.020

inch cross section. This grain size compares favorably with the

previous investigations which reported an average grain size of 0.067

millimeters for the same treatment(6’7).

The specimen profile used for the creep specimens is shown in

Figure 3. The straight section gage length was selected by experi-

mentation to achieve a two inch effective gage length during creep

testing. A 1.82 inch straight section was used for the annealed '

specimens and cross—rolled specimens while a 1.64 and 1.47 inch length

was required for the 10 percent and 20 percent prestrained specimens,

respectively. The effective gage lengths of the specimens were

determined after creep testing and the results are shown in the

Appendix. The reduced section of each blank was cut on a Tensilkut l

machine using initial cuts of 0.010 inch per pass and three final cuts

of 0.005 inch, 0.003 inch, and 0.002 inch. These final cuts were

designed to minimize the deformation along the reduced section of the

’ specimen. After the reduced sections were machined, pin holes were

drilled and the machined edges of the reduced section were polished

lightly with 600 grit SiC paper.

B. Annealing

l
Heat treatment of titanium must be done in a high vacuum or

protective atmosphere to prevent oxidation and other contamination.
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A vacuum furnace designed and built for this purpose was used in

this investigation. It is capable of maintaining a vacuum of 8 x l0-5

Torr or better during heat treatment.

A titanium boat and cover enclosed the samples, minimizing sample

contamination during heat treatment. Thermocouples were attached to

both ends of the boat. It was assumed that the boat and sample were

at the same temperature.

A 24—inch tubular furnace with provision for shunting across

the resistance heating elements was used for the heat treatments.

The shunting provision allows regulation of heating along the length

of the furnace, thereby minimizing temperature gradients. Prior to

annealing and recovery treatments, the temperature gradient was
I

adjusted so that the total variation from one end of the boat to the

other end was less than one degree centigrade.

All specimens, except the cross—rolled specimens, were given a

recrystallization annealing treatment after machining on the

Tensilkut machine. The specimens to be cross—rolled were annealed

as 0.020 inch thick blanks prior to cross—rolling and machining.

The samples to be annealed were enclosed in the protective boat,

pushed to the location of the leveled hot zone, and the furnace tube

8
evacuated to a high vacuum. The furnace, which had been pre—heated

to a setting of 8l6OC (l500OF), was then rolled forward onto the

tube. About 25 minutes was required to heat the cold tube and

sample boat to the annealing temperature of 8l6OC (l500OF).

‘
Starting from the time the temperature of the boat reached 760OC

[
(14000F), two hours were allowed for annealing. The variation in

l
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annealing temperature after reaching 816OC was never more than i_8OC.

After the two hours the furnace was rolled back, the tube and boat

allowed to cool, and the samples removed.

Following annealing, hole—to—hole distance, gage section width,

and gage section thickness were measured and recorded for each specimen.

A Debye—Scherrer pattern of a polished section of recrystallized

titanium (annealed as described above) showed rings of fairly uniform

intensity(7). This indicates that the degree of preferred orientation

introduced by rolling and annealing was negligible and the material

was of reasonably random orientation.

C. Prestraining

Prestraining of annealed samples was performed at room temp- '

erature on an Instron testing machine. A 1000 pound tensile load

cell was used on a 50% scale giving a full scale chart deflection

of 500 pounds. Because the cross sectional area of the specimens

was about 0.005 square inches, stresses up to 100,000 psi could

be applied without the need to change the load scale. The amplifier

was calibrated to give 0.25% engineering strain for each 0.1 inch of

chart. A constant cross head velocity of 0.05 inches per minute

was used. Calibration of the load cell using 100 pounds of weight

5
was done prior to each session of prestraining.

The sample was held by a pin and clevis arrangement with split

cylindrical specimen grips. Strain was measured using an Instron

strain gage extensometer, model number G—5l—l2, having a one inch

‘
gage length. Strain was recorded through an X—Y chart drive amplifier.
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The procedure used was the same as in the previous studies(6’7)

and was as follows:

1. The sample was mounted in the clevis taking care to avoid

bending.

2. It was then preloaded to about 10 pounds (2000 psi), using

the same strain rate as in the test.

3. The extensometer was attached and the amplifier balanced.

4. The sample was pulled to the required true strain.

5. The sample was unloaded and removed.

Even though the recovery of titanium at room temperature is

expected to be negligible, to eliminate the possible effects of room

temperature recovery, all prestrained samples were given their
U

recovery treatments within ten hours after prestraining.
I

Whenever cross—rolling was used for prestraining, it was

performed on annealed, 0.020 inch thick strips which were given their

recovery treatment after machining to specimen dimensions. Machining

was performed in small increments with sharp cutting tools to avoid

introducing internal stresses.

D. Recovery Treatment y

The recovery treatment used was chosen from the results of the

previous studies on this material(6’7). A recovery treatment of
l

55000 for 100 hours was shown to develop a rather stable dislocation

substructure of hexagonal shaped subgrains (see Figure 2). The 55000

recovery temperature allows the substructure developed to be stable

during creep testing at 50000.
l

The procedure for recovery treatment was similar to that for

recrystallization annealing. The same vacuum furnace was used. The
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specimens were enclosed in the titanium boat, pushed to the location

of the leveled hot zone, and the furnace tube chamber evacuated to a

high vacuum. The furnace, which had been pre—heated to a setting

of 550OC, was then rolled forward onto the tube. About 20 minutes

was required to heat the cold tube and boat to the recovery

temperature. The Variation in recovery temperature after reaching

65006 was never more than i_3OC; the Vacuum held at 5 x 10-4 Torr

or better. After 100 hours at 66006 the furnace was rolled back,

the tube cooled, and the specimens removed.

The fractional flow stress recovery parameter of a trial

specimen prestrained 10% in tension and recovered was determined

to be 0.75. This is in good agreement with the previous work(6)
l

which found a fractional flow stress recovery parameter of 0.73

for this same treatment.

E. Constant Stress Creep Tests

Constant stress creep tests were performed using an Andrade—

Chalmers type lever
arm(9A).

A graphical method was used to lay out

the contoured lever arm using the assumption that the effective gage

length of the creep specimens would be 2 inches. A schematic diagram

2
of the creep apparatus is shown in Fig. 4. A flexible steel strap

carries the load L and is forced by L to lie Vertically tangent to

the contoured lever arm. The arm rotates about a knife—edge fulcrum.

The load is delivered to the specimen by another flexible steel strap

‘ which is maintained Vertically tangent to the radius R which is

centered at the fulcrum. The specimen is surrounded by a compression
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cage anchored so that the specimen and cage could be enclosed in a

Vacuum chamber. The load was transmitted into the Vacuum chamber by

a 0.5 inch diameter shaft with a double O—ring sliding seal. In

order to counteract frictional and Vacuum forces acting on this shaft,

as well as the specimen load train weight, all of which act at a

distance R from the fulcrum point, a weight W suspended by a flexible

steel Strap over a radius R centered on the fulcrum was added. The

adjustable weights were positioned so that the center of gravity of
I

the rotating system, without the load, L, weight, W, and specimen

train, was at the fulcrum point. Thus with the adjustable weights

properly positioned and the proper weight, W, the center of gravity

can be maintained at the fulcrum point during an entire creep test. ·

Figure 5 shows this counterbalance arrangement.

Also shown in Figure 5 is a sliding clamp which was placed about

the turnbuckle to avoid twisting the specimen during adjustments.

‘ As shown in Figure 4a, at zero creep strain the load on the

specimen is L x 10/R. After a creep strain of 8 the arm has rotated

about the fulcrum as in Figure 4b and the load on the specimen is

L x l/R. The lever arm is contoured so that the drop in load, L x lo/R

to L x l/R, is just that required to maintain the stress in the specimen

‘ gage section constant assuming constant volume flow. A scale was

mounted with its zero directly beneath the fulcrum point as shown in

Figure 4 so that the Value of l could be determined at any time during

a creep test. The initial lever distance 10 was 25 inches and the

- radius R was 5 inches, so that the initial lever arm ratio was 5:1.
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In the creep testing of these titanium specimens "instantaneous" V

plastic strains upon initial loading were often encountered. There-

fore, the following loading technique was used. It was found that a

load of 1 pound (1,000 psi on the specimen) would not produce

appreciable plastic creep strain during the time of loading. Thus,

initial loading was accomplished by sliding the turnbuckle clamp

about the turnbuckle, placing a l pound load on the lever arm, and

then slowly tightening the turnbuckle until hinge H dropped as

illustrated in Figure 4b; this positioned the arm at an 10 of 25

inches. After the hinge drops the turnbuckle clamp was carefully

removed, an initial LVDT reading was recorded, and then the arm was .

held manually while the remainder of the load was added. The arm ·

was then slowly allowed to move forward until full load was applied.

At the termination of all tests the position of the lever arm was

recorded along with the usual strain readings, allowing the stress

at termination to be calculated. The percent change between initial

and final stress is given in the Appendix.

A vacuum furnace capable of maintaining a vacuum of 6 x 10-5

Torr or better during creep testing was used in this investigation.

A 24 inch tubular furnace was mounted on a vertical track and could

‘ be raised and lowered with an electric motor. The furnace mount was

hinged so that after a test the furnace could be lowered and rotated

I
out of the way for vacuum chamber disassembly. The vacuum chamber

was equipped with 12 electrical feed-through connections allowing

the temperature of the specimen to be monitored along its entire

length. Prior to creep testing the temperature gradient was
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adjusted by appropriate shunting so that the temperature difference

between the specimen ends was less than
%OC.

A model TC 5192

Thermac temperature controller with rate and reset controls was used

to control the temperature of the creep furnace. The temperature

of the specimen measured by chromel—alumel thermocouples placed at

each end of the specimen gage section varied less than i_2.5O during

the course of any test.

A shielded linear variable differential transformer (LVDT) was

used as a transducer for strain measurement. Figure 6 is a schematic

showing the location of the LVDT. The core was connected to the

specimen load train above the vacuum chamber. The LVDT coil was

anchored to the base plate above the compression cage and outside '

of the vacuum chamber. The LVDT was located outside the vacuum chamber

because the insulating coating of the LVDT coil caused outgassing and

contamination when placed inside the vacuum system. The extention

measured at the LVDT contained an elastic component contribution

from the compression cage and specimen load train. Using a thick

specimen so that no plastic strain would occur, this elastic con-

tribution was determined as a function of load at temperature. It

was found that the variation of this elastic contribution during

”
any single test was no greater than 0.0001 inch and thus a constant

correction could be applied for each test.

As the weight of the LVDT coil was supported by the load train,

this was balanced using the counter balance weight, W, as previously

described. A teflon guide was positioned on top of the LVDT to
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maintain core alignment during creep straining. Universal joints

were used at each end of the specimen, not only to prevent specimen

bending, but also to insure the uniaxiality of the creep stress. The

split cylindrical grips clamped the specimen and kept the specimen

axis coincident with the load axis.

Using a constant Voltage supply transformer and a step—down

transformer, 6.3 volts AC were obtained to energize the LVDT primary

inputs. The output of the LVDT was displayed on a Fluke Model 8000A

Digital Multimater. Calibration for the extensometer system was done

by moving the core through given distances with a micrometer and

recording the circuit output Voltage. Using a calibration table of

millivolts versus displacement, repeated measurements showed that
I

the true core displacement could be determined from the output Voltage

within 0.002 inches over the 0.600 inch total range of the LVDT.

In order to convert LVDT extensometer measurements into strain

measurements the effective gage length must be known. This was

calculated by scribing two lines within the gage section normal to

the specimen axis for all specimens tested. Care was taken to avoid

these scribed areas when selecting samples for transmission microscopy.

Prior to testing all hole—to—hole and scribed line separation distances

I
were recorded to the nearest 0.001 inch. After creep testing these

distances were again measured. The effective gage length, lo, was

calculated from the relation:

Q =
d — do

= gl (7)
do lo
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where d is the distance between the scribed lines after the specimen

had undergone an engineering creep strain e, do is the initial

distance, Al is the extension of the specimen as measured by the

average increase of hole—to—hole distances, and lo is the effective

gage length. Using hole—to—hole measurements for Al rather than

LVDT readings eliminates specimen slippage in the grips from affecting

the calculated gage length.

An overall view of the constant stress vacuum creep apparatus is

shown in the photograph of Figure 7.

F. Preparation of Thin Foils for TEM

The thinning technique employed in this study was different from

those employed in the previous studies(6’7). The present study used
I

a two stage, jet polishing - electrolytic polishing procedure as

described by Dubose and Stiegler(95). This technique required a

starting disk 0.020 inch thick and 0.090 inches (2.3 mm) in diameter.

This starting disk was obtained from the gage section of the specimen

by ultrasonic milling. The creep specimen was sandwiched between a

Z inch thick glass base plate and a microscope slide cover; a

DeKhotinsky cement was used to maintain contact between the specimen

and glass. The sample disks were then ultrasonically machined from

the gage section of the specimen using a 600 grit SiC slurry on a

Bullen Ultrasonic Milling Machine. The glass sandwich minimized the

burr around the disk edge. In this manner six to seven disks could

be obtained from each creep specimen.
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To determine if the ultrasonic milling introduced dislocations

and obscured substructural details, several annealed specimens were

prepared using this technique, then thinned and observed under the

TEM. The structure revealed was of a very low disloation density

typical of annealed structure. lt is concluded that this ultrasonic

milling does not obscure substructural details by introducing

additional dislocations.

The milled disks were then ultrasonically cleaned in acetone

to remove any adhering cement and glass.

The clean disk was then "dimpled" on both sides by an

electrolytic jet polishing technique. The apparatus for jet

polishing shown on the left in Figure 8 is an all glass system using '

air pressure to force the electrolyte through the orifice. The unit

is built about an erlenmeyer flask which serves as a storage reservoir

for electrolyte. A thermometer port is built in for measuring

temperature. Air pressure at about 2 psig forces the electrolyte

up through a tube containing a platinum wire cathode and out through

an orifice approximately 0.035 inches in diameter. A micromanipulator

with a platinum tipped, clamping tweezer was used to position the disk

with respect to the jet; specimen to nozzle distances were on the order

4
of 5/16 inch. The disk is held in a beaker which is attached to the

reservoir flask by a check valve, so when the pressure is removed the

electrolyte will flow back into the reservoir.

The following solution was used as the electrolyte:
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200 ml Methanol

20 ml HZSOA
4 ml HF

The shape of the dimple bottom is controlled by the current

density. Jet polishing for approximately 75 seconds per side at

200 milliamps and l00 Volts yielded relatively large, flat bottomed

dimples, reducing the thickness of the disk center to about 0.002

inch. Polishing time was adjusted slightly according to the thick-

ness of the starting disk. Following jet polishing the disk was

rinsed thoroughly in methanol maintained at OOC.

Final polishing was performed in an electrolytic polishing cell,

shown on the right side of Figure 8. A magnetic stirrer and a dry .

ice in methanol bath maintained the electrolyte at a uniform —55O i 5OC.

A six percent solution of perchloric acid in methanol was used as the

electrolyte. The polishing apparatus had provision for back lighting

the disk and observing the disk from the front. The polishing action

was immediately stopped when the first hole was detected. Using an

applied Voltage of IO Volts gave breakthrough in three to five minutes.

After final polishing the disk was quickly transferred to a series

of three beakers of methanol maintained at
OOC

to thoroughly wash the

- sample.

With this technique, extremely small holes can be detected,

which usually are surrounded by reasonably large areas transparent to

l00 kV electrons. The specimen obtained fits into the 2.3 mm stage

holder of the Siemens Elmiskop IA microscope; only a spring retainer

is required to hold the specimen disk.
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G. Transmission Electron Microscopy

A Siemens Elmiskop IA electron microscope of an accelerating

voltage of l00 kilovolts was used to study the dislocation structure

of the titanium samples. A Swann double—axis tilting stage was used

to orient the sample for best contrast. Standard Siemens instructions

were followed for alignment and operation.

3
The general procedure was to scan the entire sample area to find

what was typical and then take micrographs of these typical areas.

Generally a selected area diffraction pattern was taken of all areas

selected for micrographs. Thin edges, damaged areas, and contaminated

areas were avoided.

Samples from nearly all creep specimens were studied. Usually
I

at least three or four disks from each sample were examined.

H. Analysis of Selected Area Diffraction Pattern

Analyzing selected area diffraction (SAD) patterns of HCP metals

is more complicated than for cubic metals. Useful formulas for

analysis of SAD were obtained for the previous study(6) from Otte and

Crocker(96), Rarey et al.(97), Hirsch et al.(98), and Partridge and

Gardner(99), and are given in the Appendix of reference (6).

‘ Using these formulas and tables of interplanar ang1es(l00),

the SAD patterns were solved. Computer generated kikuchi maps and

stereographic projections(l0l) were also found to be a very useful

tool for analysis.

Habit planes for subgrain boundaries were tentatively assigned

using trace analysis of these planes' edges facilitated by the computer
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inherent uncertainty because of the lack of precise information about

foil tilt angles and foil thicknesses.
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IV. RESULTS AND DISCUSSION

Most creep tests were continued to 10% true creep stress, which

was well into a steady state creep region, before termination. A

few tests were terminated in the transient creep area of the creep

curve to observe dislocation structures.

Two creep stresses, 7,250 psi and 10,000 psi, and five specimen

conditions were employed: (1) annealed, (2) 10% prestrain plus 100 hour

recovery at 550OC, (3) 20% prestrain plus 100 hour recovery at 66006,

(4) cross—rolled 20% plus 100 hour recovery at 550OC, and (5) 20%

prestrain, were employed. A11 but one test were performed at 500OC.

A test was performed at 527oC on annealed material to determine an ,

apparent activation energy for the acting creep mechanism.

A. General Creep Results

Table II is a summary of the creep tests performed during this

investigation. Figures 9, 10, and ll show creep curves of all conditions

tested. Where more than one test was conducted on the same condition,

a typical creep curve is shown. The creep apparatus was able to

maintain stress constant to within 1.85 percent from start to finish

of the test. For a majority of the tests conducted the stress change

was less than one percent. A compilation of the stress change during

testing is given in the Appendix.

B. Creep of Annealed Specimens

As seen in Figures 9, 10, and 11, the annealed specimens exhibit

a characteristic large initial creep strain upon loading. This was

39
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expected due to the lower yield strength of the annealed specimens

compared to the prestrained specimens. Figure l2 is a plot of the

creep strain rate versus time for the annealed specimen shown in

Figure 9. After the initial strain the annealed specimen exhibits

a short primary creep region during which the creep rate decreases

continuously to a low rate, then the creep rate remains low for a

short duration, and then gradually increases for a few hours until

reaching a steady state creep rate. All annealed specimens tested

exhibited this anomalous "creep arrest" behavior. The extent of
4

creep arrest at the higher temperature, 527OC, was less pronounced.

These results are very similar to those of Warda, Fidleris,

and Teghtsoonian(l02) on the creep of alpha—zirconium. As mentioned
I

earlier, it is expected that alpha—titanium and alpha zirconium may

exhibit similar creep behavior(l0). Warda, et al. attributed this

anomalous creep behavior to dynamic strain aging. Again, as previously

discussed, alpha—titanium does exhibit dynamic strain aging behavior

between the temperatures 300OC thus it

is possible that dynamic strain aging is responsible for this

anomalous creep behavior in alpha-titanium.

The results of Warda, et
al.(l02) on alpha zirconium show

U
anomalous creep arrest behavior in material with 45 and 65 ppm oxygen

by weight and normal creep behavior in material with 22 ppm oxygen.

Increasing the creep stress and temperature both tend to eliminate

this anomalous creep behavior.
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Warda, et
al.(lO2)

suggest that the diffusion of interstitial

solute atoms into the stress field of a moving dislocation and the

repeated motion of dislocations in an active slip system would sweep

out interstitial atoms in the vicinity of this activity. This results

in a decrease in solute drag on subsequent dislocations that pass

through this area and a corresponding increase in dislocation velocity.

This increase in velocity further decreases the probability of dis-

location—solute atom interactions and the solute atom drag vanishes.

Phenomena attributed to solute depletion have been observed in iron

containing 44 ppm nitrogen by weight(l03).

Such a mechanism could explain the anomalous behavior of the

annealed alpha—titanium specimens. After the initial strain there '

are mobile dislocations relatively free of solute atmospheres. As

they continue to move they develop saturated interstitial solute

atmospheres and are slowed, resulting in a continuously decreasing

strain rate creep transient. As these dislocations continue to drag

solutes through the lattice the creep rate remains at a relatively

low value until solute depletion occurs, at which time an increase

in dislocation velocity results in an increase in strain rate and

normal creep behavior.

4
The second, third, and fourth specimens tested showed some surface

contamination after testing. Thus the creep behavior of these specimens

may have been affected by an increase in interstitial impurity content

near the surface introduced during the test. This could account for the

variations in creep rates and times to reach a steady state shown in
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Table II for these specimens. The work of Cuff and Grant(90)
indicates

air contamination of titanium can affect creep properties; for example,

they found the creep rupture life at 538OC and 6000 psi in air was 30

hours whereas the same creep conditions in helium gave a creep rupture

life to 8.5 hours. Surface contamination was satisfactorily eliminated

after the fourth test.

Figure 13 shows the typical creep microstructure of an annealed

specimen in the anomalous creep arrest region. Dislocation segments

appear bowed out between pinned or slower moving dislocation segments.

These slower moving or pinned segments could be due to solute

atmospheres or jogs on screw dislocations, the motion of which creates

either self interstitials or vacancies. Also present in Figure 13
I

are numerous helical dislocations. The presence of helices indicates a

supersaturation or undersaturation of vacancies since the mechanism for

helix formation is the climb by vacancy absorption or vacancy emission

of a pinned segment of dislocation(l04). Figure 13 shows evidence

for both jogs and solute atmospheres as some dislocations appear pinned

at points, possibly jogs, and other dislocations appear pinned along

segments of length, possibly by solute atmospheres.

lt has been shown that the rate of dislocation multiplication

l
under dynamic strain aging can be two to three times greater than that

at room temperature<lO5). Thus it seems possible that during initial

loading of the annealed specimens rapid dislocation multiplication

created numerous jogged screw dislocations, an excess of vacancies,
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and mobile edge dislocations. An undersaturation of vacancies

due to heating is not expected for these specimens since the heating

to temperature required 70 minutes after which the system was allowed

to equilibrate for several hours prior to application of the creep

stress. In creep the mobile dislocations are soon slowed down by

solute drag, giving a short creep transient. After the interstitial

solutes have been swept away the mobile dislocations establish a

faster steady state creep rate.

In steady state the dislocations exhibited the tendency to

arrange themselves in subgrains outlined by rough networks. Figures

14 and 15 show this tendency at 10 percent true creep strain for creep

temperatures of 500OC and 52700. Subgrain walls of both linearly '

arranged tilt boundaries and hexagonal twist networks are noted.

All specimen conditions exhibited this tendency to form subgrains in

steady state creep. Diffraction analysis of these subgrains indicates

that hexagonal networks lie in the (0001) plane and the tilt boundaries

frequently lie in {11ÖO} or {1101} type planes; however, the steady

state subgrain boundaries do not show as marked a tendency to lie on

specific planes as those in the recovered structure(6’7).

An apparent activation energy for creep, AHC, can be calculated

{
from the equation:

I
AHC = (R ln él/éz)/(1/T2 — l/Tl) (6)

Comparing substructurally equivalent conditions, i.e. creep rates of

annealed material at 10 percent creep strain where subgrains are

present, from Figure 11 and Table II, the AHC for annealed alpha
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titanium in steady state creep between 500OC and 5270C was determined

to be 56 kcal/mole. Although this value is based on only two creep

tests, it is in good agreement with the value of 57.8 j_5.7 kcal/mole

determined by Doner and Conrad(36) using high temperature tensile tests

at temperatures above the dynamic strain aging range. Thus it appears

that after the anomalous creep arrest the deformation of alpha—titanium

proceeds nearly uninhibited by dynamic strain aging. Doner and

Conrad(36) conclude that this deformation occurs by a diffusion

4
controlled, dislocation climb mechanism, and suggest that the previously

reported values of alpha-titanium self diffusion of 29.3 kcal/mole(29

) and 35.9 kcal/mo1e(28) are too low. The values of 56 kcal/mole and

57.8 kcal/mole are in good agreement with the melting point correlationy

AHSD = 0.34 Tm kcal/mole(l06). For alpha-titanium 0.34 Tm gives 58.8

kcal/mole.

Doner and C0nrad(36) suggest that the high temperature

deformation of alpha titanium can be represented by Dorn's

dimensionless relation:

= A<§->“ <9>
where és is the steady state strain rate, p the shear modulus, D the

‘
diffusivity coefficient, b

the Burgers vector, G the applied stress,

k Boltzman's constant, T the absolute temperature, and A and n are

constants. Doner and Conrad plotted their data and other data avail-

able in the literature using D = 1.0 exp(—57,800/RT) and found n = 4.55

and A = 1.1 x 106. lf the data for annealed alpha titanium in steady
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state creep from the present investigation is plotted on Doner and

Conrad's plot, it is found that this data conforms well to existing

literature, i.e. it fits within the scatter band shown by Doner and

Conrad, lending support to the concept that the creep rate in the

present tests tends toward true steady state only after the initial

dynamic strain aging effects are completed. Using Doner and Conrad's

values for D and U gives a éSkT/DUb value of 7.0 x 10-7 and 6.9 x 10-7

at O/U values of 2.4 x 10-3 and 2.5 x 10-3 for steady state creep of

annealed alpha titanium at 500OC and 527OC respectively.

C. Specimens with Prior Substructure

As seen in Figures 10 and ll, the prestrained and recovered ·

specimens exhibited a more "normal" creep behavior for a pure metal.

All showed little or no initial strain followed by a short creep

transient and then a steady state creep rate.

One possible explanation of this more "normal" behavior as

compared to the annealed condition is as follows. During the recovery

treatment as the numerous dislocations rearrange into subgrain boundaries,

interstitial solutes become evenly distributed in the dislocation strain

fields of all dislocations. Thus after recovery all dislocations will

· have some solute atmosphere but none have saturated solute atmospheres.

Therefore any dislocations that break out of a subboundary during creep

are relatively mobile while any new dislocations generated will not

encounter interstitial solutes.
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As seen in Table II and Figures 9 and 10, the prestrained and

recovered samples appear to approach a slightly faster steady state

creep rate than the annealed specimens, indicating possibly some

strain aging effects remain in the annealed specimen up to ten percent

creep strain. Figures 16, 17, and 18 show the creep microstructures of

the prestrained and recovered specimens in the transient creep region.

It appears that the tilt subgrain boundaries of the recovered structure,

if aligned properly with respect to the applied stress, will release

numerous relatively mobile dislocations. This is seen clearly in

Figure 18 where three dislocation segments have been torn from a tilt

boundary leaving gaps in that boundary. Fig. 19 shows the steady state

creep microstructure of the 20 percent tensile prestrain plus recovery
I

specimen. The tendency to form subgrains is more pronounced than that

of the annealed specimens. This is most likely due to the pre—existing

subboundaries some of which if properly aligned to the applied stress

may remain during creep. As with the annealed specimens at 10 percent

creep, the subgrain hexagonal boundaries lie in the (0001) and the tilt

bgundaries in the {11i0} and the {1I01}.

In alpha titanium as seen in Figure 8, the 20 percent prestrain

plus recovery samples appear weaker in transient creep than the 10

l
percent prestrain plus recovery sample. These results are contrary

to those of Chen(3) who found that the substructure of recovered

specimens of aluminum with increasing amounts of prestrain become

stronger in primary creep as compared to annealed aluminum. Both the

annealed and recovered aluminum developed to the same strength and

substructure in steady state creep. The seemingly opposite effect
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in alpha titanium may be due to the release of a large number of

mobile dislocations during the break up of subgrain walls since it is

expected the 20 percent samples would have higher dislocation densities

in these walls and additionally each dislocation would have smaller

solute atmospheres. Subgrain wall dislocation release was not noted

in Chen's(3) work as these walls in aluminum consist of intersecting

sets of dislocations of different Burgers vectors.

There appears to be little effect due to texture since the

specimen given 20 percent tensile prestrain and then recovered

exhibits a similar creep curve to that of the 20 percent cross—rolled

and recovered specimen.

The curve to the right on Figure 9 shows the result of creep on a
2

. 20 percent tensile prestrained specimen. The only recovery treatment

experienced by this specimen was a seventy minute heat up to creep

temperatures. It is expected that solute depletion would occur rather

quickly in this specimen because of the high density of dislocations.

Thus the low creep rate here is likely the result of the slowing

down of dislocations traveling through dislocation tangles. The

persistance of these dislocation tangles may be enhanced by

dynamic strain aging. From Figure 9 and Table II, it should be

2
noted that the creep rates at l0 percent creep strain of the annealed

and the 20 percent prestrained specimens are nearly the same and the

main reason for the extended creep life of the 20 pétcént prestrained

specimen is its lack of any initial creep strain. In fact, the creep of

the 20 percent prestrained specimen never slows to the rate the

annealed specimen exhibits in the creep arrest region. Figure 20
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shows the creep structure developed after 10 percent creep. There is

a tendency for elongated subgrains to develop. This is in agreement

with the results of Ferebee(7) and Pawar(6) who found elongated cells

develop during tensile prestraining of alpha titanium.
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V. CONCLUSIONS

1. Dynamic strain aging interfers with the normal creep behavior of

0.396 atomic percent Oeq alpha titanium at 500OC and 527OC

producing an anomalous creep arrest during the initial portion

of the creep curve.

2. Alpha titanium prestrained 10 and 20 percent and given a recovery

heat treatment of 550OC for 100 hours is weaker in primary creep

at 500OC and creep stresses of 10,000 and 7,250 psi than annealed

alpha titanium. Two effects appear to contribute to this:

a. release of mobile dislocations during primary creep from

subgrain tilt boundaries of the recovered structure, and

b. stronger dynamic strain aging effects in the annealed specimensl

3. Interstitial solute depletion appears to occur during the

anomalous creep arrest region such that the creep of alpha

titanium continues after the arrest at a rate not inhibited by

strain aging. The controlling creep mechanism after the arrest

has an apparent activation energy of 56 kcal/mole, this is in

agreement with the activation energy of a diffusion controlled,

dislocation climb mechanism.

4. In steady state creep all specimen conditions developed a

dislocation subgrain structure of hexagonal twist networks and

tilt boundaries. While the hexagonal networks exhibited some

tendency to lie in the (0001) planes and the tilt boundaries in

the {1011} and {1120} type planes, the tendency to inhabit

specific planes was not as marked as it was in the recovered

structure.
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APPENDIX

TABLE I

Tabulation of Effective Gage Length and
Percent Stress Change During Test

Percent
Effective Stress

Gage Change
Specimen Length During
Number (inches) Test

167A 1.91 0.25

568A 1.94 0.08

768A 1.85 1.36

467A 1.82 0.75 ·
668A 1.96 0.40

267A 1.94 0.26

667A 1.96 0.17

368A 1.93 0.01

1068A 1.98 0.20

1067A 1.89 1.05

867A 1.88 0.43

967A 1.93 ND*

468A 1.94 ND*

666A 1.84 0.69

866A 1.79 1.85

· 466A 2.04 0.00

966A 1.82 1.28

365A 1.98 0.65

464A 1.84 1.05

*ND — not determined.
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EFFECT OF DISLOCATION SUBSTRUCTURE ON THE PRIMARY CREEP

BEHAVIOR OF ALPHA TITANIUM AT ELEVATED TEMPERATURE

by

Bruce R. Somers

(ABSTRACT)

Constant stress creep tests were performed in vacuo on alpha

titanium in various thermomechanical treatments.

At 60006 and 527OC annealed alpha titanium exhibits an anomalous

creep arrest in the initial portion of the creep curve. After this

creep arrest the creep curves swept up to a true steady state creep

rate. This anomalous behavior is attributed to dynamic strain aging.

’

The effect vanishes due to interstitial solute depletion as the

interstitials are swept from the lattice by moving dislocations.

The prestrained and recovered samples tested at 60006 did not

show a creep arrest. This is attributed to even distribution of

interstitials on the recovered dislocation substructure making dynamic

strain aging less effective. Additionally, transmission electron

microscopy indicates that the tilt boundaries of the recovery structure

can break down during the initial portion of the creep curve releasing

mobile dislocations.

In steady state all conditions tested developed a dislocation

subgrain substructure. The tendency for dislocation subboundaries to

inhabit specific planes is not as marked as it is in the recovered

structure.



II
I

I
I

The apparent activation of steady state creep in annealed alpha

titanium was determined to be 56 kcal/mole in the temperature range

50OOC—527OC; this is in agreement with the activation energy of a

diffusion controlled, dislocation climb mechanism.




