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(ABSTRACT) 

A methodology and infrastructure was established for the generation of images of em- 

bedded atom atomistic simulation data showing the deformed crystal lattice with one or 

more superimposed strain invariant fields. These methods were applied to data from simu- 

lations of B2 NiAl to study extended dislocation cores and how these cores react to nearby 

point defects and applied stress. 

Such images may be viewed as a series of images forming an animation such that a 

simulated quantity, such as applied stress, is cast into time. Three movies were made doing 

this. Invariant fields are seen to expand and/or contract before and as they slip depending 

upon their initial characteristics. 

Two different interatomic potentials were used to study the relationships between dis- 

location core structure and mobility for a variety of dislocations. Using the visualization 

techniques noted above, it was clearly seen that in some cases, the dislocation core trans- 

forms to a planar structure before the dislocation glides, whereas in some other cases the 

core retains the non-planar structure at stresses sufficient to sustain glide. 

The effects of stoichiometry deviations on the core structure and motion were also 

studied for two pure edge dislocations. A 2% deviation from stoichiometry affects the 

shapes of dislocation cores in agreement with the experimental results of high resolution 

electron microscopy. This deviation was also found to increase Peierls stress.
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Chapter 1 

INTRODUCTION 

The most prevalent means of visualization of dislocation cores employs the “differential 

displacement map”, or “arrow plot”, as introduced by Vitek [42] and used extensively in 

this work. See, for example, any of Figures 6.4-6.19. This method consists of a set of three 

separate graphs, for the most general case, corresponding to displacements along the three 

coordinate axes. Usually, fewer plots are necessary since the line of the dislocation is almost 

always set up along a coordinate axis (usually z). An arrow is drawn between each two 

neighboring atoms with a magnitude illustrating the differences in the displacement of the 

two atoms. 

Another graphical method to view dislocation core structures resulting from atomistic 

computer simulation has been developed by others [30]. This method of visualization, 

which consists of different strain invariants superimposed upon a physical representation 

of the deformed lattice, has many advantages over the differential displacement map. This 

method, called the “strain invariant method”, is used in this work to illustrate features 

of data not apparent when using the differential displacement method to view dislocation 

cores. 

Dislocation core structures have been simulated atomistically for some time [41]. It is 

the accepted view that planar core structures move at relatively low applied stresses while 

non-planar cores move at relatively higher stresses. It has also been generally believed 

that non-planar cores require a transformation to a planar structure before the onset of 

dislocation motion and the subsequent plastic deformation. Finally, it is important to 

note that the values of the Peierls stresses obtained from atomistic simulations are usually 

an overestimate of the actual stress required for dislocation motion due to the effects of



the boundary conditions used in the calculations and the uncertainties in the interatomic 

potential used. One goal of this work is to lay groundwork for an exploration of possible 

relationships between core structure and dislocation motion in intermetallic alloys. For this 

purpose, two different interatomic potentials for the Ni-Al system were used to simulate 

a variety of dislocations in the B2 NiAl phase. The sensitivity of the results of these 

simulations to the different interatomic potentials was of major interest. 

Core structures of 6=[100] dislocations in NiAl analyzed previously [28] have been found 

to be generally non-planar. A standard static simulation technique is used to compute the 

stresses necessary to initiate dislocation motion and study the possible transformations that 

a number of dislocation cores undergo under the applied stress. Particularly interesting is 

the form in which non-planar cores move under stress. Even more interesting and insightful 

is the appearance of such cores when visualized using the strain invariant method. 

The BCC-based B2 crystal structure, illustrated in Figure 1.1, exhibited by some AB- 

type compounds, is the simplest and most common ordered structure. It is also referred 

to as ordered body-centered cubic and the CsCl-structure. It has the Pearson symbol, cP2 

and a Pm3m space group [5]. Considering the Bravis lattice, which is simple cubic with two 

atoms per unit cell, the structure might be reasonably interpreted as two interpenetrating 

simple cubic lattices. It is for this reason that the term “superlattice” arises. 

The B2 phase is observed not only in alloys with similar elements such as FeCo but 

also alloys with dissimilar elements like NiAl or CsCl as mentioned above. Thus, the 

phase fields of B2 alloys exhibit many forms [24]. Actually, as a class of materials, the B2 

alloys comprise such a wide array of alloy systems that few of their differing behaviors can 

easily be categorized or understood. While diffusion behavior and constitutional defects 

are reasonably well understood, the effect of extrinsic parameters and several mechanical 

anomalies are not. Since B2 is BCC-based, it may be helpful to first further examine the 

behavior of the BCC structure.
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Figure 1.1: The B2 structure for NiAl.



Chapter 2 

DISLOCATION CORES IN THE 

BODY-CENTERED CUBIC STRUCTURE 

2.1 Mechanical Behavior of BCC Metals 

The macroscopic mechanical behavior of materials is influenced by the atomistic struc- 

ture of their dislocation cores. This is expounded by Vitek [40] for BCC metals when he 

states that the most important characteristics of plastic deformation of BCC metals are the 

rapid increase of the flow stress with decreasing temperature and the complete breakdown 

of the Schmid law of the critical resolved flow stress. He explains that, microscopically, the 

slip lines frequently do not correspond to low index crystallographic planes and, even when 

they do, the slip systems are often not those carrying the highest resolved shear stress. 

The yield strength and slip geometry of BCC metals exhibit strong dependence on the 

orientation and sense of the applied stress. 

A commonly cited example [40, 17] of this dependence is the asymmetry of slip. That 

is, the slip plane of a single crystal deformed in uniaxial compression may be different from 

the slip plane which operates in tension. The shear stress required to generate twinning on 

{112} planes is less than that required generate motion in the anti-twinning sense. Also, 

the dislocation substructure of deformed BCC metals shows long screw dislocations with a 

core dissociated into three intersecting {112} planes which suggests that screws are much 

less mobile than dislocations with an edge component and are therefore controlling the 

deformation process. This splitting is likely to be asymmetric, corresponding to the shear 

stress asymmetry mentioned above. 

There is no real preferred slip direction since BCC has no close-packed planes [40]. The
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Figure 2.1: {110} Planes for BCC. 

closest-packed planar family is {110}. The shortest translation vector in BCC is $(111). 

The slip planes are {110}, {112} and {123}, all three of which intersect on (111). Thus, 

since cross slip is easy, it is possible for screw dislocations to move in a haphazard way 

amongst the three different planar families, favored by the applied stress. The slip lines are 

observed to be wavy and ill-defined. It has been found that the apparent slip plane varies 

with composition, crystal orientation, temperature, and strain rate. 

2.2 Dissociation Models of BCC 

2.2.1 Stacking Faults 

There is no clear evidence for stacking faults and partial dislocations in BCC materials. 

Nevertheless, models for their existence have been generated analogously to those for close- 

packed metals assuming that the stacking fault energy is always very high so that the 

splitting width are very small. The planes upon which such faults rest are usually modeled 

as {112} and {110}. {112} planes are assumed because deformation is actually observed to



occur on these planes. {110} planes are assumed because these are the most densely packed 

and most prevalent for crystallographic slip. 

The stacking sequence of {112} usually has a six layer repetition ... ABCDEF... Suc- 

cessive displacements of $[{111] or —$[111] on (112) produce a monolayer twin, which has 

stacking ...ABCDCDCBA... Successive displacements in the opposite sense, — [111], pro- 

duce an “anti-twin”, that is, a higher energy ... ABCDABCEF... This would model the 

physical asymmetry example mentioned above. The twinning fault has lower energy than 

the anti-twinning fault. Note that this is not a “hard sphere” fault since the displacements 

do not involve moving a layer of atoms into the depressions between the atoms of the layer 

below. The hard sphere model assumes each atom to be a non-deformable sphere of definite 

radius. 

A generalized stacking fault on {110} planes, derived from the hard sphere model is as 

follows. The usual stacking is ...ABABAB... A displacement of ${101] on (101) results 

in ...ABCDCD... The vectors §(110) and §(110) + $(112) may also be considered fault 

vectors on {110} planes [40]. 

The observed ease of cross slip in BCC metals suggests that stacking faults, if they do 

exist, are of very high energy. They have not been observed experimentally and simulations 

suggest that such structures are not stable [17]. 

2.2.2 Planar Dissociation 

Proposed splittings include a glissile splitting of $(111) which dislocates in a single 

{112} plane according to the reaction $(111) = (111) + ${111) where a twinning fault is 

formed in between the two partials which might in turn generate twinning faults between 

the two partials. A sessile analog would be $[111] = $[{111] + $[112] on (112), but this is 

not energetically favorable. Finally, a glissile dissociation based on the hard sphere model 

is, $(111) = $(110) + 4(112) + £(110) [40].



2.2.3 Non-Planar Dissociation of the $(111) Screw Dislocation 

The (111) directions have, in BCC, a three-fold screw symmetry and three different 

{110} and three different {112} planes intersecting along it. A screw dislocation along 

(111) might then easily split along some combination of these planes. Some proposed 

models are: 

£(111) = $(111) + $(111) + $(112), 

g(111) = §(110) + §(101) + $(111), 
(111) = $(110) + $(111) + (558) 

and there are more. The acceptability of such splittings depends upon their ener- 

getic favorability, the need for twinning—anti-twinning asymmetry, and preservation or non- 

preservation of symmetries which hinges upon the applicability of elastic theory [40]. 

Simulations suggest that these screw dislocation cores which dissociate into fractional 

dislocations (fractional dislocations do not bound stable stacking faults while partial dislo- 

cations do). The slip plane is any which contains the dislocation line, (111) although the 

most compact will be the most favored. For the case of $(111), simulations suggest [17]: 

$(111) = $(110) + $(101) + $(011), 

$(111) = $(111) + (110) + $(101) + $(011) 

Note that the Burgers vector of each fractional dislocation must be contained in its 

respective plane. The core structure changes before slip occurs. The applied stress can 

cause shifts in the distribution of the core’s strain field, even causing whole limbs of the field 

to disappear. This resultant asymmetric distribution accounts for the observed asymmetry 

in shear stress. The lack of planar character means that the dislocation is harder to move 

by the Peierls-Nabarro model and so it generates a critical resolved shear stress which is 

orders of magnitude higher than would exist due to a planar dissociation. 

Non-screw dislocations do have planar cores. They are on {110} or {112} but still do 

not have stable stacking faults. Like analogous dislocations in FCC, these dislocations are 

not sensitive to non-shears, and they glide at much lower shear stresses than do screws [17].



2.2.4 Limitation of Dissociation Models 

The notion that the core of screw dislocations in BCC metals is extended onto several 

non-parallel planes is the most important step in understanding the plastic behavior of 

these materials. These splitting models have been used to generate atomistic models and 

to some extent, explain the temperature dependence of flow stress and the slip geometry 

(the properties mentioned in Section 2.1). However, additional assumptions are necessary 

to explain certain experimental slip anomalies and the influence of non-shear stress on both 

the slip geometry and yield stress. 

Also, even the very existence of the stacking faults is in doubt. They have not been 

observed and those models based on the hard sphere model are in jeopardy since the hard 

sphere model is inappropriate in the context of non-close-packed structures such as BCC 

[40].



Chapter 3 

CHARACTERISTICS OF THE B2 ALLOYS 

3.1 Point Defects 

Deviations from stoichiometric composition are accompanied by constitutional defects— 

vacancies and interstitials-in B2 alloys. Large numbers of vacancies exist, regardless of 

stoichiometric accuracy, after rapid quenching. These vacancies can lead to dislocation 

loops and/or spiral dislocations. Impurities and inclusions can affect vacancy distribution. 

And the quenched-in vacancies may produce jogs upon dislocations lines [5]. 

3.2 Elastic Properties 

B2 alloys are elastically anisotropic. The magnitude of this anisotropy, as measured 

by Zener’s parameter A = 2C44/(Ci1 — Ciz) where Cj; are the elastic stiffnesses, varies 

considerably from one alloy to another, (see Table 3.1). In the case of CoAl, the experimental 

anisotropy is negative with important implications for simulation techniques because the 

embedded atom method (See Chapter 4.2) breaks down for such cases [10]. 

The elastic constants, Young’s modulus, and the anisotropy parameter all decrease with 

increasing temperature. It is thought that variation of elastic constants with temperature 

is explained via interactions of second nearest-neighbors(5|. Data for variations in these 

parameters with deviations in stoichiometry is scarce. However, for some compounds, A 

tends to increase sharply at small deviations, then show small changes with further deviation 

thereafter [5].
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Figure 3.1: Phase Diagram for NiAl 

Table 3.1: Elastic Constants (eV/a*) used in EAM simulation of Stoichiometric B2 Alloys 
along with other physical constants. See also Table 6.2. 
  

Alloy Tm(K) Density(g/cc) a, C112 C12.—t«<“‘«C 
  
  

NiAl 1932 5.85 0.288 1.16 0.77 0.77 
FeAl 1504 5.52 0.291 1.20 0.75 0.73 
CoAl 1921 6.07 0.286 1.44 0.91 0.72 
  

3.3 Shp Systems 

Three different slip vectors, (100), (110) and (111) as shown in Figure 1.1, are observed 

in the various B2 alloys depending upon the alloy and the temperature of deformation. The 

(111) dislocations consist of two APB coupled $(111) dislocations. Some B2 alloys, AgMg, 

CuZn, FeAl and NiCr, exhibit a change from (111) slip at low temperature to (100) at high 

temperature. CuZn exhibits (110) at even higher temperatures. A mixture of (100) and 

(111) slip is observed in nickel-rich NiAl after hot extrusion at 1023K [5]. 
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Why (100) or (111) slip occurs is not clear, although several rationalizations exist. A 

nearest-neighbor model is used in one [35] to estimate a critical ordering energy below 

which (111) occurs and above which (100) manifests. The ordering energy per bond would 

be kyT./4 = 0.06eV where T;, is the ordering temperature. 

Another model [5] is derived from the hard-sphere model based on the relative sizes 

of the two constituent atoms, considering maximum out-of-plane movement for rigid body 

relative motion of two adjacent slip planes. This model groups B2 compounds into three 

classes depending upon bonding: 

1. principally ionic with some degree of covalent meaning (100) is predominant, 

2. metallic plus a strong covalent component meaning the ratio R4/Rg governs the 

behavior such that when the ratio approaches 0.732 (100) slip is favored, 

3. metallic meaning (111) is favored. 

The shortcomings of this model are the need to determine the degree of metallic versus 

covalent character and the difficulty of treating ternary compounds wherein R4/Rg is 

meaningless. So far, no model has explained the slip vector in all B2 compounds [5]. 

Of course, in alloys that exhibit (100) slip, (111) slip can be activated in single crystals 

by stressing such that (100) slip is geometrically suppressed (i.e., such that the resolved 

shear stress on (100){0k/} systems is close to zero). The commonly observed slip planes for 

(100)dislocations are {011} and {001}, however, (100) dislocations should be able to glide 

in any {Oki} plane. The (100) dislocation does dissociate into partials, and so screw dislo- 

cations can easily slip from one plane into another. Thus, slip may be non-crystallographic. 

For (111) dislocations, the observed slip planes are {011}, {112} or {123} [5]. 

Since a(111) dislocations dissociate into $(111) partials coupled by an APB, whether 

screws can cross-slip or not depends on the APB energy. For large APB energies, the 

$(111) dislocations are close together and can recombine and cross-slip easily. For low APB 

energies, the partials are so widely separated that they cross-slip independently. And at 
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intermediate APB energies which imply intermediate partial separations, the (111) dislo- 

cations will be confined to their slip planes and dislocation pile-ups will be likely. Finally, 

note that within the APB for (111) dislocations, AA and BB bonds exist [5]. It is known 

that raising the Al content of B2 alloys raises the APB energy [37], thus decreasing the 

separation distance between the components of the superlattice dislocations [5]. 

A slip transition from (111) at low temperatures to (100) at high temperatures occurs in 

polycrystalline B2 Fe-Al alloys. The transition is evident in the composition range Fe-45Al 

to Fe-50Al with the transition temperature increasing with decreasing Al content [25]. 

3.4 Extrinsic Effects 

Several extrinsic phenomena have been shown to have significant effects on both room 

temperature strength and ductility. Larger strains to fracture occur for B2 aluminides which 

are in vacuum, hydrogen or oxygen then in air. This may be due to reactions between 

atmospheric water vapor and aluminum atoms in cracks leading to crack tip embrittlement. 

Also, surface finish may affect the ductility. For example, polycrystalline NiAl may be 

embrittled by oxidation at surface cracks at the grain boundaries. Impurities can have a 

dramatic effect on ductility as well. By segregating to the grain boundaries, they can cause 

intergranular fracture since they harden the boundary by occupying interstitial positions. 

Finally, the cooling rate after annealing determines the number of vacancies retained. 

This may be used to increase both the hardness and yield strength but will reduce ductility 

and increase the incidence of intergranular fracture [5]. 

3.5 Strength of Strongly-Ordered Compounds 

A deviation from the exact stoichiometric composition can lead to large increases in 

the mechanical strength of B2 NiAl alloys [15]. The strength characteristics of strongly- 

ordered alloys (i-e., alloys which remain fully ordered up to the melting point), such as NiAl, 

CoAl, AgMg and CoTi, are similar. The variation in strength with temperature of these 
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Figure 3.2: Variation in yield strength with homologous temperature of several B2 alloys 

at or near stoichiometry. 

strongly-ordered B2 alloys is similar to the behavior of that of BCC metals [5]. 

The strength curve for almost all strongly-ordered B2 compounds has a minima which 

is near to the stoichiometric point at room temperature as shown in Figure 3.2 [5]. The 

hardness at room temperature of NiAl and CoA] exhibit minima at stoichiometry. This 

is because the defect structure of the non-stoichiometric compositions, both vacancies and 

anti-site defects, provides strength [15]. In some cases, like for AgMg, AuZn and NiAl, the 

strength curve is not symmetric on either side of stoichiometry. On the Al-rich side of NiAl, 

the increase in strength is greater, possibly because of the greater lattice distortion from the 

defect sub-structure than such distortion in Ni-rich NiAl [5]. Such structures are simulated 

in Chapter 7. 

Polycrystalline NiAl exhibits tensile ductility at elevated temperatures. No change in slip 

systems is observed, but processes such as dislocation climb provide additional deformation 

modes and thus some relief of stress concentrations at grain boundaries [5]. 
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3.6 Ductility of Alloys Exhibiting (100) Shp 

NiAl, PdIn, AuZn, and CsBr all exhibit (100) slip. This provides only three independent 

slip systems which is apparently insufficient for generalized plastic flow in a polycrystalline 

sample. Twinning would provide additional deformation modes except that B2 compounds 

cannot easily twin, since the usual twinning modes in BCC materials would result in a loss 

of order. 

Single crystals of either stoichiometric or Ni-rich NiAl are ductile under compression. 

At room temperature, non- (001) oriented crystals are more ductile than (001) oriented 

ones, since the critical resolved shear stress required to activate (100) slip is less than that 

required to activate the other slip systems. 

Polycrystalline NiAl is brittle at room temperature, at all compositions, fracturing inter- 

granularly at stoichiometry and fracturing trans-granularly at non-stoichiometry. Grain 

refinement, to generate grains below a critical grain size, has been used to improve the 

ductility of ordered B2 alloys. For grains smaller than the critical grain size, the stress 

required to nucleate cracks is less than that required to propagate them. The critical 

grain size is largest for the stoichiometric composition due to the lack of hardening from 

constitutional defects [5]. 

3.7 Alloying Additions 

Ternary additions change the mechanical properties of CuZn by altering the ease with 

which cross-slip may occur. Alloying additions such as Mn reduce the critical ordering 

temperature, T., which in turn reduces the degree of ordering, spacing out the $({111) 

superlattice partials which increases the planarity of slip. Thus, yield strength is increased 

but ductility is reduced. 

Many transition metals have been alloyed with both NiA] and FeAl. Increases in com- 

pressive creep strength occur due to the precipitation of second phases or the interaction 

of dislocations with solute atoms. Ternary additions have been made promoting (111) slip, 
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Additions of chromium, vanadium, and manganese all will change the slip vector but will 

do so without improving ductility. Additions of cobalt to Ni-rich NiAl increase ductility 

through stress-induced pseudoelasticity. Adding molybdenum might improve room temper- 

ature ductility of NiAl. Additions of Fe have been shown to somehow (how is unknown) 

improve ductility without changing the slip vector. If sufficient Fe is added to NiAl, or the 

alloy is very Ni-rich, two-phase (B2+L12) microstructures may result significantly improving 

tensile strength and fracture toughness. 

Dispersion strengthening has been used to improve ductility in NiAl and FeAl by sta- 

bilizing fine grain size, homogenizing slip and reducing local stress concentrations. The 

addition of Nb to NiAl generates a fine dispersion of NiAINb which strengthens NiAl by 

impeding dislocation motion but ends up undermining high-temperature strength [5]. 

3.8 Modification of Slip in NiAl 

NiAl, like many structural intermetallics, is of interest to research sponsors who see 

value in its low density and high-temperature strength and wish to find ways of preserving 

these characteristics while overcoming its shortcoming of low-temperature brittleness. 

NiAl and its ternary-alloyed derivatives in general have suffered from brittleness in 

polycrystal, but it has been found that the accurate stoichiometric alloy of NiAl shows 

several percent ductility. This may be because stoichiometric alloys tend to take up fewer 

interstitial impurities than do non-stoichiometric ones [7]. 

Atomistic simulations suggest that, if the (111) slip exhibited in the more ductile B2 

alloys was stabilized in NiAl, its ductility could be improved. It has been proposed that 

lowering the APB energy would accomplish this, since at lower APB energies, the disloca- 

tions split into partials which move more easily. This might bé accomplished by alloying 

with an atom which would substitute for aluminum while having a smaller radius [13]. NiAl 

may be alloyed to produce a multiphase microstructure (see Section 3.7) such as (B2+L19), 
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(B2+FCC), (B2+L1.+FCC) or (B2+L2+L12) and in so doing become ductile at room 

temperature while preserving high-temperature strength. As noted by Cahn [7], “A general 

principle is becoming accepted by intermetallic researchers: Good mechanical properties, 

including ductility, are much more likely to be achieved if a multiphase microstructure based 

on an intermetallic mate is produced.” 
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Chapter 4 

ATOMISTIC MODELS 

4.1 Method of Calculation 

Mechanical behavior of BCC metals may be modeled by computer simulation. Computer 

calculations of lattice defects are accomplished by dividing the simulated crystal into two 

regions; one region with the defect inside and another region outside which is assumed 

to be far enough from the defect so that the atomic positions within are free from the 

influence of the defect. A pair interaction between the atoms of the lattice is then assumed 

with separate potentials for pairs of atoms of each like type and each unlike type. The 

equilibrium configuration is then found by minimizing the internal energy of the defect 

region with respect to a potential function generated for a specific crystal structure (See 

Section 4.2). 

The defective region, for the case of a dislocation, has its atoms displaced by the given 

Burgers vector and fixed boundary conditions are then assumed. For the case of point 

defects, their strength has to be determined during the minimization process [40]. In some 

other schemes, the geometry is the same but some particular procedures are used to relax 

mismatch forces between the core and boundary atoms [29]. 

4.2 Interatomic Potentials for Metallic Systems 

Metallic systems are usually modeled by using pairwise potentials [39], either fitted em- 

pirically to bulk thermodynamic data or derived from pseudopotentials. Pairwise potentials 

simply describe the energy of an atom as the sum of the interaction energies of that atom 

with its neighbors. Each interaction energy’s value depends only on the distance between 
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two atoms. Unless the anisotropic elastic constants in a cubic crystal (see Section 3.2) sat- 

isfy the Cauchy relation Cyz = C44, the equilibrium central pair potential model cannot 

be expected to correctly model the system. A more sophisticated model is required which 

includes in the calculation a term that depends explicitly on the volume of the system [8]. 

The physical basis of such a term is attributable to the background electron gas in which 

the ions are embedded. The electronic density that each ion senses is dependent on the 

volume of the crystal. However, this approach is implemented by deriving (or fitting) a 

pair potential for a particular volume, so that simulations are valid only for a particular 

density of the system; deviations from this density require a different pair potential. This 

type of potential assumes that the density fluctuations in the simulation are small, and so it 

may be inappropriate for defects such as vacancy clusters, crack tips, or free surfaces, and, 

in particular, dislocations since the different atoms sense very different “volumes”. This 

presents a problem, since many important physical processes take place in these defective 

regions. 

This problem was solved by Daw and Baskes [8]. They ‘proposed writing the energy of 

the system as a pairwise potential plus a term for each atom (the “embedding energy” ) that 

is a function of the local electron density that the atom experiences due to nearby atoms. 

Simulation results using these potentials show dramatic improvement over pair potentials, 

with only about twice the computational effort. In essence, the embedding energy provides 

a local “volume” term for each atom, so that large variations in local atomic density can 

be described accurately. 

When modeling using the embedded atom method, the energy of the simulation block 

is written as 
1 2 n 

B=5 dD. orig) + > F (i) (4.1) 
t,3(t#3) : 

where 7r;; is the distance between atom i and j, ¢ is a pairwise potential, F' is the embedding 

function, and p; is the electronic density at atom i due to all its neighbors, 

n 

Bi = >_ (riz). (4.2) 
j#i 
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The pairwise potential is taken to be a Morse potential, 

o(r) = Dy {1 — exp[—am(r — Ru)]}’ - Du (4.3) 

The three parameters, Dy, Ry, and ay, define the depth, distance to the minimum, and 

a measure of the curvature near the minimum, respectively. The density function, p(r), is 

p(r) = r°[e™” + 2%"), (4.4) 

where @ is an adjustable parameter. This was chosen for describing first row transition 

metals in periodic table, but was found to work well for a number of FCC metals. It has 

been shown that the cohesive energy of most metals can be scaled to a simple universal 

function, which is known as Rose’s equation of state [9], 

Ey(a*) = —Eo(1 + a*)e~*"," (4.5) 

where a* is a reduced distance variable and Ep is the depth of the function at the minimum 

(a* = 0). F(p) is specified by requiring that the energy of the FCC crystal obey Eq. 4.5 

as the lattice constant is varied. The appropriate scaling is obtained by taking Ep as the 

equilibrium cohesive energy of the solid (E,o,), and defining a* by 

a® = (a/ao — 1)/(Econ/9 BQ), (4.6) 

where a is the lattice constant, ao is the equilibrium lattice constant, B is the bulk modulus, 

and 22 is the equilibrium atomic volume. Knowing FE .;, a9, and B, the embedding function 

is defined by requiring that the energy of the crystal match the energy expressions shown by 

Eq. 4.5 and Eq. 4.1 for all values of a*. Because a* cannot be expressed neatly as a function 

of p, the construction of F(p) must be performed numerically once ¢(r) and p(r) are known. 

The potential obtained in this manner is appropriate for a large range of densities. 

In order to use this potential in molecular dynamics and molecular statics simulations, 

all the functions and their first derivatives with respect to the nuclear coordinates, should 

be continuous. As a consequence, these functions are forced to decrease smoothly to zero at 
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a cutoff distance, Tey; , Which is used as a parameter in the fitting procedure. In this way, 

the potential should give a perfect fit to the experimental values of E.o,, a0, and B for any 

choice of the other functions. Having specified the functional forms for F(f), ¢(7), and p(r), 

the remaining five parameters, Ry,Dm,am,(,4, and Tey, are determined by considering 

that HCP and BCC crystal structures are less stable than FCC and by minimizing the 

deviation between the calculated and the experimental values of the following: the three 

cubic elastic constants, the vacancy formation energy, the bond length and the bond energy 

of the diatomic molecule. 

For an alloy system, Eq. 4.1 is replaced as 

12 n 

E= 3 >» t;,t;(Tij) + S- Fi, (pi) 
1,jtF) i(#t) 

n 

pi = >> 11, (ris) (4.7) 
j#t 

where the subscripts t; and ¢; indicate atom types. For the binary Ni-Al alloy, the functions 

PNiNiy PNiAls PAIAL PNi, FN; and Fy; are needed. All of these except @n;4 are known from 

the pure Ni and Al fits. Eq. 4.1 indicates that the energy of pure metal is invariant with 

respect to scaling of p, if F(p) is modified accordingly. However, the energy of the alloy 

system is not invariant to this scaling, so that the scaling factor, syj¢4z), can be optimized 

in the alloy fit without affecting the single component potentials. The invariance to the 

addition of a linear term to F(p) gives two more fitting parameters gyi(4y. Assuming 

a Morse potential with variable cutoff distance for @y;41(7), there are a total of seven 

parameters (Dy, Ru.Om, cut, SNi,9Ni, and gai) to be optimized in the fit to measured 

alloy properties. The particular potentials used in the simulations in this work are discussed 

further in Chapter 6.2. One of these potentials was obtained by fitting to parameters based 

on the L12 phase of Ni3Al while the other was obtained by fitting to parameters pertaining 

to the B2 phase of NiAl. 
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4.3 Simulation Technique 

The energy minimization of a system (or relaxation) of N atoms would in principle 

imply the detection of the absolute minimum, taking into account the appropriate boundary 

conditions of the function E(rj,7r2,...,7N), the energy in the 3N-dimensional coordinate 

space. This cannot actually be done for most cases, and so approximate methods are 

used. There are three means of approximation [34]: (1) those which evaluate only the 

function itself (search procedures), (2) those which also evaluate the first derivatives of the 

function (steepest descents and conjugate gradient method, for example), and (3) those 

which evaluate second derivatives as well (variable metric or modified Newton-Raphson 

methods). 

A conjugate gradient method is used for the simulations in this work. Norgett, Perrin 

and Savino’s DEVIL code [26] was the basis for the computer simulation codes used herein. 

Every atom in the three dimensional simulation block interacts with every other atom in 

the block as well as its surroundings as described in Section 4.2. 

By beginning the simulation with an adequately chosen initial configuration, an energy 

minimum is reached through an iterative process. The presence of the defect induces forces 

on the atoms which are allowed to move in order to drive the system to a new equilibrium 

configuration corresponding to a minimum in the energy of the defect lattice. In each single 

iteration step, the resultant force from its neighbors on every atom was calculated and 

each atom is displaced in the direction of that force. The energy is computed after each 

iteration. Following displacements are limited in movement to the directions perpendicular 

to the previous move. When the forces on each atom are below a small specified value or 

after a certain number of iterations, the process is considered to be complete and the system 

assumed to be in equilibrium. The number of iterations required to reach equilibrium may 

vary from several tens to several hundreds. The result is a set of data containing the initial 

position, (z, y,z), along with the relaxed position of each atom. 
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Chapter 5 

METHOD OF VISUALIZATION 

Previously [30, 47, 46], a graphical method to view dislocation core structures resulting 

from atomistic computer simulation was developed and introduced. This section will give 

the details of that method and compare its advantages with respect to other methods 

commonly used in the literature for the representation of the core structure obtained from 

atomistic computer simulation. 

5.1 Differential Displacement Maps 

Anywhere in the relevant literature, differential dislocation maps can be seen illustrating 

dislocation cores and other defects. This method consists of a set of three graphs, for the 

most general case, corresponding to displacements along the three coordinate axes. Fewer 

plots are necessary if the line of the dislocation is actually along a coordinate axis (usually z). 

An arrow is projected between each two neighboring atoms with a magnitude proportional 

to their difference in displacement. 

Although this method is quite useful in the identification of the location of a dislocation 

core, it may not accurately indicate the shape or extent of such cores. The arrows only 

really indicate high deformation levels since the areas of lowest deformation all appear 

without arrows. Another drawback of this method is that it does not identify either the 

Burgers vector of a dislocation or its possible dissociation into partials after relaxation. Also, 

each plot can only give information about displacements along one direction at a time. It is 

possible to relate much more information about a core structure using the method explained 

below which utilizes strain invariants. 
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5.2 Strain Invariant Method 

In continuum mechanics, the geometrical state of a deformed body may be characterized 

by a strain tensor [21]; particularly, for small deformation, the strain tensor is defined as 

oe 1 (Oui Ou; 

“3 = 2 Oz; Oz; 

    ) (5.1) 

where u; and u; are the components of the displacement vector field that links the deformed 

state with the reference state, and x; and z; are cartesian coordinates. 

The main output from simulation programs usually consists of the displacements from 

the perfect lattice positions for each atom in the core region. A finite difference scheme 

is applied to evaluate the derivatives of Eq. 5.1 at the atom positions given such data. A 

FORTRAN program has been written by Dr. Ron Kriz and Dr. Zhao- Yang Xie to facilitate 

this calculation for BCC- and FCC-based crystal structures. 

The strain tensor, ¢€, is calculated as a function of position and certain invariants of 

this tensor are plotted in order to visualize the changes and movements that a dislocation 

core may undergo, even under simulated stress. The invariants usually plotted are, for a 

dislocation line along z, 

Y1=2(e2,+ é.), Y2=6@,+¢, + 22, (5.2) 

where Y2 is the norm of the strain matrix and Y 1 is the square of the magnitude of the 

two-dimensional vector (€,2,€yz) and so is actually only an invariant for rotations about z. 

Since elasticity theory implies that an edge dislocation produces no displacements of type 

u, and that a screw dislocation produces no displacements of types uz or uy, Y 1 is non-zero 

only for dislocations with a screw component while Y2 is non-zero only for dislocations with 

an edge component. 

These invariants are plotted as contours superimposed upon a relevant lattice plane 

giving a visual representation of the core. Displacements may be plotted using arrows which 

appear between two atoms and whose length is proportional to the change in separation 
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between the two [30], as described for the arrow plot method above, or the atoms may be 

simply plotted in their final positions giving another interpretation of the dislocation. 

5.3 Relation of Core Shape and Lattice Crystallography 

We can represent the three dimensional crystal lattice as projected onto the plane per- 

pendicular to the dislocation line. In the case of alloys, different symbols or different colors 

can be used to represent different types of atoms and different sizes of the symbols can 

indicate the relative distances of the represented planes from the viewer. Such represen- 

tations were generated using the commercial programs AVS [4] by Advanced Visualization 

Systems, Inc. and Precision Visuals’ PV- WAVE [33] as explained below. 

5.4 Procedure Generating Strain Invariant Pict Images Beginning with 

Simulation Input Parameters 

This section outlines the methodology and infrastructure that has been established for 

the generation of images of dislocation cores showing the deformed crystal lattice as well 

as associated strain invariant fields starting with only the geometry of the dislocation to be 

generated. Figure 5.1 presents the following description in terms of applications and data 

flow. 

An existing program written to simulate various defects in crystals, as was discussed in 

Chapter 4.3, was used to generate all the simulation data presented herein. This program, 

dis, reads an input file, *.inp, for information concerning the parameters of the desired 

simulation. Those parameters being: the geometry and constituents of the crystal’s unit 

cell, the radius, thickness and orientation of the simulation block and the geometry of any 

imperfections in the block such as vacancies, interstitials and dislocations. Off stoichiometry 

and impurity effects may also be introduced and stress may be applied. 

Once given the input parameters, dis sets up an initial configuration according to elastic 

theory and then calculates the total energy of the block by summing the interatomic forces 
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between each pair of atoms as well as summing the effects due to local electronic densities. 

The positions of all the atoms are varied until an energy minimum is found, again as 

explained in Section 4.1. The program then terminates, writing information about the 

simulation, that is, its configuration and the minimization process, to the standard output. 

The program also writes a *.dat file containing each atom’s initial position in cartesian 

coordinates, along with the net displacement that it underwent in the energy minimization 

process. This file is formatted to be read by a DOS program called disloc. Disloc, which was 

custom written locally for just this purpose, uses the given data to generate a differential 

displacement map as discussed in Chapter 5.1. 

Sometimes it is more useful to display the atoms at their final positions in a differential 

dispacement map rather than at their initial positions. This may be accomplished via a 

program I wrote called dattodar which simply reads the *.dat files, adds the atoms’ initial 

positions to their displacements and rewrites, in the same format, a *.dax file which may 

also be read by disloc. In any case, differential displacement maps indicate the overall core 

structure along with the core’s location so that it is easy to see if the core has moved or not 

moved given a particular applied stress. The disloc program proves itself invaluable when 

one is trying to determine the Peierls stress of a slip system. 

A program I wrote called dattopdb will read a *.dat file and generate a file in the Protein 

Data Bank (*.pdb) format. These *.pdb files are easily imported by Cerius, a product of 

Molecular Simulations, Inc., should we want to see the simulation block in three dimensions. 

Cerius can, in a sense, generate a three dimensional differential dislocation map by drawing 

“bonds” between atoms which are sufficiently close. If the bonding criteria are carefully 

chosen, the long range distortion of the lattice is clearly indicated and an intuitive feel for 

the distortion taking place in the lattice can be gained. 

Those same *.pdb files may be read by AVS using the appropriate module to generate 

a similar image of the atoms in space. However, I have not yet determined how to show 

the kind of “bonding” that Cerius shows so easily. AVS does, however, better keep track 

of the data’s position and so when displayed in AVS’s geometry viewer it is easier to 
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perform operations on such data. Bold print in this discussion indicates AVS modules while 

emphasized print shall indicate programs and applications. 

At this point, we can have an image of the lattice displayed by AVS. We, however, wish 

to overlay the strain invariants upon the image of the lattice. A program called 3djob was 

written by Dr. Zhao-Yang Xie and Dr. Ron Kriz is able to calculate the Y1 and/or Y2 

invariants as in Section 5.2 given the data in the original *.dat files generated by dis. I 

modified the output format of 3djob to produce four separate files: *.yx (x-coordinates), 

* yy (y-coordinates), *.y1 (Y1 invariant) and/or *.y2 (Y2 invariant) and called the new 

program #djobryz. The Sdjobryz program requires as its standard input information about 

the dislocation associated with the *.dat file being read. Only one such *.add file is required 

for any number of *.dat files if the only change from one *.dat to another is the applied 

shear. 

There is a data point output from 3djobryz corresponding to each data point input. And 

the coordinates of these data points output are identical to those input. In other words, 

the data from 3djobryz is not gridded and so most graphical programs, AVS included, will 

find this data difficult to work with. 

A procedure written by Dr. Kriz for PV- WAVE was modified and used to grid the data. 

This procedure, gridy.pro, reads the data in *.yx, *.yy, *.yl, and *.y2 then passes it to 

a built-in PV-WAVE routine which generates a 200x200 data point grid, then writes the 

data in a *.grid file which is in the FORTRAN unformatted format. Actually, a Unix shell 

script, gridder, was used to call the PV-WAVE program repeatedly for all existing input 

files. At the same time, the script generates a *.grid.fid file corresponding to each *.grid file. 

Each *.grid.fid file contains format information required by AVS concerning each respective 

* grid file. These scripts and procedures are presented in Appendix C. 
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5.5 Setting up AVS 

Once the *.pdb file and the associated *.grid and *.grid.fld files are in place, a few simple 

points and clicks in AVS with the appropriate network loaded will generate images from 

the data, combine and display them, and save the data in the *.pict or any of a number of 

supported formats. Assembling and fine tuning such a network is, however, a major task. 

The following is intended to give the reader a sense of the flow of data taking place in 

the AVS networks shown in Figures 5.2 and 5.3. For actual instructions in their use, see 

Appendix D. Data is read into the networks in the following way. The pdb to geometry 

module will read a file in the *.pdb format and automatically generate an image of appro- 

priately sized and colored atoms in space. This image is in the geometry format, meaning 

it is easily passed to the geometry viewer. 

The read field module will read a *.grid.fid file. The *.grid-fid file will give specific 

information about the formatting and location of an associated *.grid file. read field will 

then read that *.grid file and pass the data to other modules as data in the field format. 

The graph viewer module easily displays field data. This module has many possible 

inputs. Data passed to the second input is, by default, displayed as a contour plot. This 

module was mainly used as a check of the data being read when only one invariant was to 

be plotted as in the network in Figure 5.2. However, its geometry output allows whatever 

is displayed in the graph viewer to be passed easily to the geometry viewer and super- 

imposed upon any images that might be there. And so, in the network shown in Figure 5.3, 

the module is set up to do just that. Note that the graph viewer can directly read field 

data files without the aid of read field. 

Other means of checking the data were also used. The field data were passed from the 

read field module to the print field and write field modules. These two modules format 

the numeric data and, respectively, display it on the screen or write a file containing the 

data on demand. These displays served as a means of checking that the information in the 

* grid.fid files was correct such that the read field module was properly interpreting the 
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* grid data. 

Finally, the field data was passed to the downsize module. This module samples from 

field data a specified fraction of points, from one of every sixteen to sixteen out of sixteen 

along each axis of the data and passes this extracted data on unchanged. This module 

is reducing the number of data points to be acted upon downstream of it, a time-saving 

feature quite useful in the earlier stages of development of the network since with this data 

downsizing one only has to wait short time to see the results of each small change made in 

the settings and configuration of the network. A degradation of the image quality occurs 

during this time, but none of these images are saved anyway. Once all fine-tuning was 

finished, the downsize module was reset to leave all of its throughput unchanged. 

As it turns out, the field data is upside-down relative to the pdb data and so the mirror 

module is used to invert the data about the x-axis. 

From this point, the data is passed to the field to mesh module. This module also 

gets data from the generate colormap module. generate colormap generates a data 

structure indicating how data should be mapped to color and is usable by most any module 

which transforms data to color. This colormap is customizable by the user and must be set 

to best display the data given the distribution of that data. Although I set this distribution 

by hand for each of the two dislocations that I ran through this network, it may be possible 

to automatically normalize such data using the color range module. color field also 

receives data from generate colormap which it uses to display a bar of color showing 

whatever mapping has been established by generate colormap. This bar of color may be 

passed to the geometry viewer along with the other geometry data. 

The field data passed to field to mesh is mapped to color as discussed above onto a 

two-dimensional surface. This surface is deformable but I did not make use of that feature. 

The colored surface is then passed as geometry data to the geometry viewer. 

The geometry viewer renders and displays geometry-type data, creating a single geom- 

etry object for each stream of data input and these objects are combined into an individual 

scene. These objects are manipulable individually or as a group. The possible manipula- 
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tions are normalization and centering as well as either relative or absolute translations and 

rotations. 

For my purposes, all data was individually both normalized and centered once in the 

geometry viewer. These operations served to align the objects. In the case of the edge 

dislocation, the collective objects were sent through a relative lateral translation (along the 

x-axis) of 1.1 so that the core structure was more easily seen. In the case of the screw 

dislocation, the mesh object underwent an absolute translation along the negative z-axis of 

1.0 so that it would not obscure a part of the lattice. 

Note that all of the aforementioned operations were done with the geometry viewer’s 

resolution set at the lowest level to save time when rendering which is important since the 

viewer re-renders the image every time there is any change made to it. Once all the objects 

were in their final configurations, the resolution was reset to its maximum value for a final 

rendering of the image. Note that it is very important that the geometry viewer be set 

such that its pixel width and height are even numbers so that images written to file which 

are based on the geometry viewer’s display have pixel dimensions which are even as well. 

Many image processing utilities cannot deal with image sizes which are not even. 

The images in the geometry viewer are sent automatically to the write pict image 

module which creates a file, *.pict.*, labeled to be used to make a movie as discussed earlier. 

Another module, write any image, is capable performing the same task more generally. 

If one was interested in having color PostScript or a GIF or any of a number of other final 

image formats, then write any image could be substituted here. Unfortunently, these 

modules write to a file every time there is any change in the display in the geometry 

viewer. So care must be exercised, otherwise an existing image will be overwritten by a 

what should be a subsequent image. 

Finally, the pair of modules read any image and display image are used outside of 

the data stream of the above network to check the contents of the *.pict.* files making sure 

that each had been correctly written. 
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5.6 Further Development of the AVS Network 

The color range module should be tried in front of the generate color map module. 

If it works as I suspect, it may save a great deal of set-up time for each new set of data. 

Also, it must be possible to adjust the color of the atoms. The Ni atoms would appear 

much more clearly if they were a color contrasting the blue of the majority of the strain 

field. If the pdb to geometry module could be made to generate the “bonds” that Cerius 

does, still another means of core representation could be explored. 

5.7 Image Format Selection 

Also, when considering which image format to use, one should consider portability, 

compression losses, storage, and ease of modification. The image color data generated 

by most any unix platform is 8-bit (265 colors). This means that compression schemes 

which are millions-of-colors oriented, such as JPEG, will do a poor job of compression in 

comparison with GIF, which was designed to compress 8-bit data. Also JPEG gives “lossy” 

compression, meaning that more data is lost each and every time an image undergoes such 

a procedure. A format such as PostScript, while ideal as a page description language, is 

not at all compressed and so, quite difficult to store and ftp. And, once an image is in 

PostScript form, it is difficult to edit. I have found the GIF format to be the most portable, 

supported by the most image viewers and most platforms. And so, for this application, 

GIF is probably the superior format unless the image is to be immediately used in some 

application requiring some special format. For instance, if an image is to be immediately 

printed, then PostScript may be the fastest. Or, if one is going to try to generate QuickTime, 

then PICT, the Macintosh native format, should be used, which is what I did for the first 

animations that I produced. 
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5.8 QuickTime MooV’s and a Multimedia Presentation 

A multimedia presentation was produced which may serve as an introduction to the 

basic concepts in dislocation simulation and analysis. 

The MacroMind Director [23] multimedia program is used as a platform for the pre- 

sentation. First, the presentation answers the question, “What is Atomistic Simulation?” 

Then the notions of tensors and strain invariants are explored in the context of dislocations. 

Finally, the actual definition of a dislocation is given with actual examples of pure edge, pure 

screw and mixed dislocations. In order to demonstrate both edge and screw dislocations, a 

QuickTime movie is presented for two pure edges in the respective J = [010], [100](001) and 

i= [011], [100](011) slip systems as well as the pure screw / = [100], [100](011) slip system 

in B2 NiAl. The movies show the B2 crystal lattice superimposed over the appropriate 

strain invariant field, either Y1 or Y2, while stress is applied linearly in time. In this way, 

the deformation and glide that the dislocation core undergoes before and as the Peierls 

stress is reached may be seen. . 

MacroMind Director easily facilitates the importation of miscellaneous images, sound 

and movies. All still images, regardless of their source: scans, screen captures, existing 

PostScript or existing jpegs, were converted to PICT images and usually processed with 

Adobe Photoshop |1] using an RGB color pallet, before being imported. Some graphic images 

were actually created using Photoshop while others were created using the Paint facilities 

built-in to Director. 

In one instance, sound was captured from an audio Compact Disk and a loop set up for 

continuous play using SoundEdit Pro [22] then saved in the simple SoundEdit format rather 

than the SoundEdit Pro format for importation. Director apparently does not support the 

newer format. 

The two QuickTime movies were generated from a sequence of approximately 100 PICT 

images each using the Convert To MooV program which is a part of the QuickTime Tools 

distribution. The Convert To MooV program expects images to be numbered from low to 
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high in a format like imagename.01, imagename.02, imagename.03,... and it prompts the 

user to click on both the first and last files to be included in the movie to be generated. 

If files are missing from the numbered sequence, then the conversion program interpolates 

frames for the final movie for each missing file. 

The movies were compressed as a color animation and the highest quality settings were 

used. A key frame was set every 20 frames and the images were flattened before saving. 

Unfortunently, the first time I did this, the PICT images were saved at 476x415 pixels 

which might appear reasonable on a 19-inch Unix workstation monitor but are too large to 

play smoothly on most Macintosh platforms and do not fit well into the interface typically 

set up within MacroMind Director. Also, initially I set the movie up to play at 60 frames 

per second which is beyond the practical limits of QuickTime. 

The QuickTime Tools facilitate reprocessing of such a movie to play with new parameters 

and at a new size. The frame rate was adjusted to 30fps and the size of both movies 

was adjusted to 557x311 pixels. Actually, 350x350 is probably a better choice of pixel 

dimensions. First, the images should be square if the data being visualized is square and 

350x350 turns out to be an optimum size for inclusion of the images as figures in published 

documents and this size is what I have been using since. Finally, many image processing 

tools require images which have an even number of pixels in each direction to work properly 

as discussed below. 

As an alternative to the above procedure, if the images have already been made into an 

MPEG movie (see below), then the Sparkle movie player on Macintosh can read an MPEG 

movie and write a QuickTime movie. In fact, I found that it was easier to generate an 

MPEG first and then use Sparkle to generate the QuickTime since the tedious transfer of 

so many PICT files to a Macintosh is avoided. See Figure 5.4 for an illustration of these 

procedures in terms of applications and data flow. 
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5.9 MPEG’s and NCSA Mosaic 

At the time of this writing, it would seem that the Internet is the perfect vehicle for dis- 

tributing exactly the kind of images and movies that I have been generating. The hypertext- 

driven Internet browser, Mosaic, serves to easily retrieve documents as well as images, 

movies and sound in various formats from a rapidly growing number of “world wide web” 

servers. Since such a server is in operation on the Virginia Tech campus, I decided to write 

a page which would compliment this thesis by making many of the images contained herein 

available to everyone. This page, with the URL 

http: //www.vt.edu:10021/vizlab/class/ternes/ternes.html 

references all of the color images in this thesis as well as the three movies. The images are 

served in GIF format, while the movies are served in MPEG format. 

The actual hypertext document was easy to make since the language that Mosaic uses, 

HTML, is very easy to learn to anyone familiar with LaTeX and I will not elaborate on 

that here. It should suffice to say that HTML allows the Mosaic user to “click” on a high- 

lighted word or phrase, called an anchor, in a hypertext document and have whatever has 

been associated with that anchor, be it an image, movie, sound or even another hypertext 

document, automatically downloaded to the user’s machine and piped into the appropriate 

application. 

I made the GIF images simply by converting from the PICT files that I had already 

generated in Section 5.4 which may be done via the command: 

picttoppm PICTfilename | ppmtogif > GIFfilename 

which assumes that the PBMplus utilities [32] are available as does the following procedure 

describing the generation of MPEGs. 

Generation of the MPEG movies was much more involved. First, as was the case with 

the QuickTime movie converter discussed above, the mpeg program requires that its input 

files be numbered sequentially from low to high. Also, the mpeg program does not read PICT 
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files but instead it reads the Abekas Y, U, and V format. So, in addition to the PBMplus 

utilities that I had already installed, I obtained a supplement routine for PBMplus called 

ppmtoyuvsplit. Once the PICT files were properly numbered, the pictstoyuvsplit script in 

Appendix E will generate the Y, U, and V. The syntax for calling the mpeg program, which 

I also installed just for this purpose, is detailed in Appendix E as well. 

Actually, I remade all the movies using this latter procedure. I was not satisfied with 

the movies I had made for the multimedia presentation because they were too large given 

the display time and many frames were redundant. Also, I had learned much more about 

AVS such that I felt I could generate better, more informative images to begin with. 

5.10 Discussion 

An advantage of the strain invariant method of visualization is the easy identification of 

core spreading corresponding to the various crystallographic planes and directions. Theo- 

retically important is that it is derived from a continuum mechanics concept meaning that 

it is more suited to bridge the gap between a discrete atomic picture and continuum models, 

which were so well developed for dislocations. It also makes possible analysis of the core 

structure using other invariants, as visualization techniques for second order tensors will 

allow. The methods also allow the visualization of the motion of dislocation under applied 

stresses in a video form, where stresses are cast into time [46] explained in Section 5.8. 

The benefits of the strain invariant method may be exemplified by comparing and con- 

trasting Figures 6.4-6.7 to Figures 6.20-6.22 and Figures 6.11-6.16 to Figures 6.26—6.30. 

The strain invariant plots show features clearly which are not even hinted at by the dif- 

ferential dislocation maps especially in the cases of off stoichiometry, where the effects of 

point defects on the strain fields are quite evident. 

The two pure edge dislocations, Figures 6.20 and 6.23 appear similar to one another 

in that they both possess limbs extended along well-defined crystallographic planes. They 

contrast, however, in regards to their Y2 strain fields. First, the field of the [100](001) 
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edge has a maximum at the center of the core of about 0.045 while the [100](011) edge has 

a higher maximum at 0.080. Second, while the [100](011) core’s field may have a higher 

maximum, it is much smaller in extent than the field of the [100](001) core. This difference 

should be considered along with the difference in Peierls stresses of the two. The [100](011) 

dislocation with its small, “dense” field exhibits a Peierls stress of 400MPa. The [100](001) 

dislocation with its extended, weak field has a Peierls stress of 2700MPa. Finally, the cores 

contrast in their behavior when under shear and in motion, as the movies illustrate. 

Watching the QuickTime or MPEG movies, we notice several things. First, the anima- 

tion of the lower energy (Ni-rich) version of the [100](001) pure edge shows a great deal of 

spreading in the strain field in the direction in which slip will occur. Note that the strain 

that has built up is periodically released as movement occurs and although the strain field 

is changing as stress is applied, the lattice itself does not appear to change unless movement 

is occurring. 

In the case of the [100](011) pure edge simulation, the core seems to slowly contract 

before it moves. The onset of movement is quite sudden and occurs at an applied shear of 

410MPa. Other than the strain field’s contraction, there is no warning that glide is about 

to occur. The lattice does not appear to change before glide occurs. As the core moves, a 

pulsing deformation in both the lattice and in the strain field may be seen. 

Notice that the two pure edge dislocations are behaving in contrary manners. The field of 

the [100](001) dislocation spreads out before and then contracts as movement occurs whereas 

the [100](011) pure edge contracts before movement occurs and spreads out afterwards. 

The [100](011) pure screw dislocation was found to have a Peierls stress of 390MPa 

(shown) or 70MPa depending upon its initial configuration as discussed below. The anima- 

tion shows the Y1 strain field undergoing a very slow contraction before sudden changes 

which occur at both 316MPa and 390MPa. In two steps, the core appears to reorient its 

longer axis along the direction of applied stress and then glide easily. Note that, except for 

the orientation, the core appears unchanged before and after this transformation. 

In fact, the two orientations of the screw are crystallographically equivalent as discussed 
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earlier (see Section 6.3). We have found that this core glides easily along its longer axis 

at 110MPa when the shear is initially applied along that axis. Even though the two core 

configurations are energetically equivalent, an energy barrier must be overcome in order to 

change between the two. This barrier accounts for the difference in Peierls stresses. 

40



Chapter 6 

COMPARING INTERATOMIC POTENTIALS 

AND THE CALCULATION OF PEIERLS 

STRESSES 

6.1 The Peierls-Nabarro Model 

We tend to expect dislocations to behave according to the Peierls-Nabarro model [16], 

which is outlined for a pure edge dislocation here. First consider two semi-infinite simple 

cubic crystals, as shown in Figure 6.1(a), with an initial disregestry, $°, in the x direction 

across the plane y = 0. This initial disregistry of the bottom half-crystal with respect to 

the top may be expressed as . 

z>0 

N
i
e
 

w
l
 

r<0 

The displacements u(r), antisymmetric about the plane y = 0, once imposed upon the two 

half-crystals, allow them to be joined to form the edge dislocation in Figure 6.1(b). The 

disregistry of the bottom half-crystal is now 

2uz(t) + 3 z>0 
br = (6.1) 

2u,(x) — 2 z<0 

with the boundary conditions u,(oo) = —u,;(—oo) = —b/4. 

Associated with the displacements are restoring forces, connected with the distorted 

bonds across the plane y = 0. As a first approximation, these restoring forces are assumed 

to lead to a local value for o,, at the plane y = 0 which is a sinusoidal function of the bond 

disregistry ¢(z) assuming that the y displacements are much smaller than those along z. 
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So, for the bottom half-crystal, the restoring stress is 

    

  

x . Atuy 
Ory(2,0) = «sin re = —Ksin - (6.2) 

where « is determined by satisfying Hooke’s law for small strain € giving 

Ory(t,0) = Qpery = Wes (6.3) 

where d is the interplanar spacing. Combining Eqs 6.2 and 6.3, 

pb . Anu, —~_ 6.4 Ozy(x,0) 7g 8 (6.4) 

which is satisfied by a continuous distribution of infinitesimal edge dislocations along z 

producing displacements uz leading to small displacements u,, as in Figure 6.2. Letting 

b'(x')dz' be the Burgers vector of the infinitesimal dislocation lying between x’ and z’+dz’. 

The corresponding displacement is given by —2(du,/dz)dz’, so that 

b= [ bi(a"\de ‘2-2 [" (S), peu! (6.5) 

which produces a shear stress at (2,0) given by 

_ © (dur/dt)rmo! , 5 Ory(2,0) = — = =H weal. (dle [OP ese! 4 (6.6) 
z—z2' 

ps oo BF ato) ig 
where the integral is defined by its principal value. At equilibrium the net stress at the 

point (z,0) must vanish; so o,, according to Eqs. 6.6 and 6.4 must be equal and opposite 

leading to 

Uz = ~ stan 3 

where ¢ = d/2(1—v) which has the expected form of Figure 6.2 and satisfies the boundary 

(6.7) 

conditions as well as indicating that u,(¢) = —b/8 = 4u,(oo). Thus the width of the 

dislocation may be defined as 2¢ = d/(1—v), which bounds the region —¢ < x < ¢, wherein 

the disregistry is greater than one-half its maximum value at x = 0. 

We now also have by substituting Eq. 6.7 into Eq. 6.6 and Eq. 6.5 

pb z 

Qn(1—v) 2? + C? 6-8) 
Oxy(z,0) = — 
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Figure 6.1: (a) Two semi-infinite simple cubic crystals, with deregistry b/2. (b) The same 

crystals displaced to form an edge dislocation. 

7 2 ¢ = Ia (6.9) 

The complete stress distribution of this Peierls dislocation is found by differentiation to 

be 

  

  

o.. = he { x _ ayy +9) \ 
YQ —v) bart (y+? [22+ (9+ 07? 

ub By + 2¢ 2x(y + ¢)? Ons 2x(1—v) {3 +(yt¢)? [x2 + +o | (6.10) 
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—pb + 
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where a similar treatment may be carried out for a pure screw dislocation. 
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Figure 6.2: The displacement function for an edge dislocation under the Peierls-Nabarro 
Model. 
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6.2 Two Interatomic Potentials 

One of the principal concerns in the atomistic simulation of dislocation cores is the 

sensitivity of the calculated structures to the details of the interatomic potential used. 

In several cases it has been found that the basic core structure obtained using different 

interatomic potentials is very similar. This is even true when results of current many body 

calculations are compared with earlier results obtained using model pair potentials. One 

example of this is the calculation of the [111] screw dislocation in pure Fe using EAM 

potentials [11] which gives essentially the same core structure calculated by Vitek [42]. 

Another example is the simulation of core structures in L12 Ni3Al [12] which agrees with 

the results of Yamaguchi [48] using model pair potentials for the L12 phase. Peierls stresses, 

however, are expected to be more sensitive to the details of the potential and for this reason 

two different EAM descriptions of the B2 NiAl system were used in this work. 

The first EAM potential is that of Voter and Chen [43] developed based on the Ll 

Ni3Al phase. Although these potentials have proven quite useful in the modeling of Ni- 

Al, interatomic potentials cannot be expected to model an intermetallic phase for which 

they are not specifically developed [10]. The potentials of Voter, do not predict the B2 

phase to actually be a stable structure at stoichiometry. The Lip phase is predicted as 

having a slightly lower energy. The predicted elastic constants are 40% higher than those 

experimentally observed. 

The second EAM description used employs a new potential based on NiAl which predicts 

the correct phase stability and elastic constants for the NiAl B2 phase [10]. The poten- 

tials developed by Voter for Al-Al and for Ni-Ni interactions are retained. Only the cross 

interactions (Ni-Al) are changed. The B2 phase was obtained as stable, with an energy 

difference of 0.03 eV, with the L1p phase. Table 6.2 shows the values predicted for the var- 

ious properties of B2 NiAl and those predicted by both potentials. Parthasarathy, Rao and 

Dimiduk have published results for dislocation core structure and mobility simulations [27] 

using a potential developed by Rao et al. [36]. These data are also included for comparison 
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Table 6.1: Parameters for B2 NiAl given by the potentials. Cohesive Energies are given in 

eV/atom, distances in 10-!nm and fault energies in mJ/m?. 
  
  

  

Property Experimental Present Work Calculated [43] Calculated [36] 

a (0.Inm) 2.88 2.88 2.87 2.88 
Econ (eV) 4.50 4.49 4.38 4.43 

€11(eV/A”) 1.24 1.16 1.74 1.18 
€12(eV/A?) 0.85 0.77 1.15 0.79 

c44(eV/A?) 0.72 0.77 1.11 0.81 
APB(110) — 286 340 425 
APB(100) — 340 410 460 

yu s{110}(110) — 1200 1160 1200 [27] 

yu s[100](110) — 970 916 900 [27] 
  

in Table 6.2. Also compared are the values that the different potentials give for yys, the 

unstable stacking fault energies (the maxima of the y surface). Note that the results for 

the various potentials differ by a maximum of 10%. 

In addition to dislocation cores, other defects simulated with the new potentials and 

those of Voter and Chen yield similar results. The energetic differences are within 7% for 

grain boundaries, free surfaces and generalized shear faults [10]. The differences for the 

simulation of point defects are reproduced in Section 7.3. 

6.2.1 Calculations using the Ni3;Al-based Potential 

Cores of [100](001) dislocations in various stoichiometries generated by Zhao-Yang Xie 

using Voter’s potential are presented here for comparison in Figures 6.4, 6.6 and 6.9. For 

this geometry, the Peierls stress was found to be 2890MPa when simulated on stoichiometry. 

6.2.2 Calculations using the new Ni-Al Potential 

Figures 6.5, 6.7 and 6.10 illustrate the results of the new potential applied to the same 

geometries simulated by Xie in Section 6.2.1. The unusual dissociation of Ni-52Al in Xie’s 

Figure 6.9 becomes even more unusual in my Figure 6.10. The Peierls stress of this geometry 

was found to be 2680MPa in fair agreement with the Niz3Al-based result mentioned above. 
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Figure 6.3: Perfect Lattice Energy as a Function of Assumed Lattice Parameter for New 

NiAl-based Potential. Minimum found at 2.876 A. 

The potential’s specified lattice parameter of 2.876 Angstroms was tested by a series of 

runs which calculated only the perfect lattice energy for a number of assumed parameters to 

be about 2.876. The results are illustrated in Figure 6.3. Note that the specified parameter 

was indeed found to result in the minimum energy. 

Many other dislocations were simulated following the examples of Xie but large discrep- 

ancies in Peierls stresses resulted. It was thought that the discrepancies might be explained 

in terms of different initial configurations. So the elastic centers on all simulations were 

moved but, except for the screws, there were no changes in the results. The screws changed 

in core appearance (see Figure 6.11), behavior (see Section 6.3) and, most importantly, 

Peierls stress (see Table 6.2). 

Finally, it was determined that both potentials were even more sensitive to block size 

than previously thought. A larger simulation block size was found which gave more agree- 

able results. Simulation block sizes were increased until the resulting Peierls stresses stopped 

changing. For all the Peierls stress data reported herein, a cylindrical array was used with 
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a 24 nm diameter for the inner block of the simulation containing the atoms that are free to 

relax in the energy minimization process. It is interesting to note that significantly smaller 

sizes were appropriate for some but not all of the dislocations simulated. 

Peierls stresses are usually expected to be very sensitive to the effects of the boundary 

conditions used in the simulations. Fixed boundary conditions were imposed rather than 

the flexible ones suggested elsewhere [29]. It appears that once larger block sizes are used, 

the use of flexible boundary conditions yields no benefits. For identical simulations, except 

for boundary conditions, the same Peierls stresses are found and the same core structure 

is observed but the simulation employing flexible boundary conditions is found to consume 

three times as much processing time as does the fixed boundary simulation. 

6.3. Core Behavior 

The pure edge dislocations with a (001) slip plane have a core extended along two per- 

pendicular planes and tend to hold their original configuration as they glide. See Figures 6.4 

and 6.5. This represents an example of a “cross” non-planar core that is best described by 

faults that are not parallel to the slip plane. These figures illustrate the results of both 

potentials applied to the same dislocation. There are two possible cores for this dislocation, 

Ni-rich and Al-rich. The differences between these two cores, although not important for 

the general description of the core structure, may be important in the study of stoichiome- 

try deviation effects as explored in Chapter 7. These figures show the Al-rich core and are 

also very similar to Fig. 6 of Parthasarathy et al. [27|. More “cross” type structures are 

observed in Figures 6.16 and 6.18 as well as in color Figures 6.20 and 6.23 amongst others. 

All the cores generated via the new NiAl potential tend to be qualitatively similar in both 

appearance and behavior to the cores generated using the Voter potential. The cores for 

the mixed dislocations mostly exhibited a structure which can be described as a multilayer 

fault. These multilayer cores maintain their basic structure as they glide. Only very slight 

transformations were observed where the cores become more extended along the direction 
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Table 6.2: Simulated Peierls Stresses for Stoichiometric B2 NiAl. 

  

  

  

  

geometry op (MPa) 

b x y Z Nig3Al-based new NiAl-based Rao[36] structure 

[100] [100] [001] [010] 2390 2680 2580 cross t 
[100] [210] [o01} [120] 320 360 multi 
[100] [110] [001] [110] 3200 850 anomalous 
[100] {120} [001] [210] 2550 5180 anomalous 
[001] [100] [010] [001] +52" >100*  >270* cross { 
[100] [100] {011} (011 450 401 320 multi 
[100] [411] [o1T} [123] 850 750 multi 
[100] [211] [011] [112] 1680 1650 1290 cross t 
[100] [171] [011] [211] 460 200 multi 
[100] {011} [011] [100] 260/47 390/70 220/- cross ¢ /planar 
  

* The dislocation for this geometry was observed to actually move on (110). 

} “cross” indicates faults not parallel to the slip plane. 
  

of slip and less extended onto planes parallel to the central one. Examples of this type of 

core are shown as differential dislocation maps in Figures 6.5, 6.13, 6.17, 6.19, as well as 

strain invariant plots in color Figures 6.20 and 6.27. 

In addition to the multilayer cores, the pure screw dislocation showed two possible 

structures, which were obtained in the simulation when different elastic centers were chosen 

at the start of the minimization process. These two configurations are actually equivalent 

under no applied load since the pure screw dislocation has no uniquely defined slip plane. 

When stress is applied, the two configurations are not equivalent and they move at different 

applied stresses. In this case a transformation of one core structure into the other was 

observed before the dislocation could move. This is shown in Figures 6.11(a) and (b) as 

well as in the movies discussed in Section 5.8. No other dislocations have been found to 

present two different structures that can be studied by different initial choices of the elastic 

center. The values of the Peierls barriers obtained in the present work for non-planar cores 

in dislocations of [100](011) agree with those obtained by Parthasarathy, et al. (Table 6.2) 

[27]. 

The cores labeled “anomolous” in table 6.2 are difficult to describe. They may be a 
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superposition of the multiplanar and cross type cores. 

It is very difficult to rank slip systems or compare with experimental CRSS stresses 

on the basis of simulated Peierls stress data. However, in Table 6.2, the calculated Peierls 

stresses for the experimentally observed [100](011) slip systems are generally lower than 

those for [100](001). 

6.4 Relationship of Core Shape and Peierls Stress 

Peierls stresses for a number of geometries using both potentials are also shown in 

Table 6.2. The Peierls barriers computed by Parthasarathy et al. are also included for 

comparison. Generally, the more planar a core initially is, the easier it moves under a stress 

applied parallel to the planes. Also, the fewer parallel planes that the core is spread over, 

the easier it is to move. The highest Peierls stresses result for cores with components lying 

on planes not parallel to the applied stress. However, these cores do not seem to transform 

before moving. . 

A simple generalization of the Peierls-Nabarro model would indicate that the more 

constricted cores would be the ones with relatively higher Peierls stresses. These simulations 

indicate that this is not necessarily the case. The largest Peierls stresses are obtained for the 

cores that consist of a mixture of faults in different crystallographic planes. The multi-layer 

cores that can be viewed as consisting of faults all parallel to the slip plane are the ones 

with relatively lower Peierls stresses. 

6.5 Conclusions 

The Peierls barriers computed using different potentials for the same dislocation usually 

vary within 20% of one another. The actual values of the Peierls stress may be sensitive 

to boundary conditions up to array block sizes of about 24nm diameter. Cross non-planar 

cores are more difficult to move than multi-layered or planar cores. Wider non-planar cores 

do not appear to be easier to move than narrower ones. Off-stoichiometric alloys present 
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wider, more irregular cores and higher Peierls stresses. Non-planar cores do not need to 

transform to a planar configuration before they can move. It is possible that the non-planar 

cores actually move by constricting to narrower cores and/or become more spread along the 

planes in which they are to slip. This possibility is supported by the animations of the 

motion of the pure edge and screw dislocations as discussed in Section 5.10. 
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Figure 6.4: 7 = [010], [100](001) pure edge dislocation in stoichiometric B2 NiAl simulated 
using Ni3Al] potential by Dr. Zhao- Yang Xie. 
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approximately 3nm square. 
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Figure 6.7: [100](001) pure edge dislocation in B2 Ni-48Al] simulated using NiAl potential. 
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Figure 6.9: [100](001) pure edge dislocation in B2 Ni-52Al simulated using Ni3Al potential. 
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Figure 6.11: [ = [100], [100](011) pure screw dislocation in B2 NiAl simulated with differing 
initial elastic centers, no stress applied. 
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Figure 6.12: { = [100], [100](011) pure screw dislocation in B2 NiAl simulated with (a) 
65MPa stress applied, and (b) 70MPa stress applied. 
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Figure 6.14: / = [110], [100](001) dislocation in B2 NiAl simulated using NiAl potential. 
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Figure 6.15: Multilayer fault generated by a 7 = [210], [100](001) dislocation in B2 NiAl 
simulated using NiAl potential. 
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Figure 6.16: / = [001], [001](010) single plane screw dislocation in B2 NiAl simulated using 

NiAl potential. 
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Figure 6.17: Multilayer fault generated by a 7 = [122], [100](011) dislocation in B2 NiAl 
simulated using NiAl potential. 
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Figure 6.18: “Cross” type fault due to a / = [111], [100](011) dislocation in B2 NiAl simu- 
lated using NiAl potential. 
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Figure 6.19: Multilayer fault generated by a 7 = [211], [100](011) dislocation in B2 NiAl 

simulated using NiAl potential. 
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Figure 6.20: [100](001) pure edge dislocation with a Ni-rich core in B2 NiAl. Ni-blue, Al- 

pink. Color represents the Y2 strain field in the lattice. This figure may be 
compared to Figure 6.5. 
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Figure 6.21: [100](001) pure edge dislocation in B2 Ni-48Al. Ni-blue, Al-pink. Color rep- 
resents the Y2 strain field in the lattice. 

69



a: * * 

aT Gane 

 
 

cg 

* r * * & ea 

* 4 3 

differs from that in Figure 6.21. Ni-blue, Al-pink. Color represents the Y2 

Figure 6.22: [100](001) pure edge dislocation in B2 Ni-48Al. The placement of antisites 

strain field in the lattice. 
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Figure 6.23: [= [011], [100](011) pure edge dislocation in B2 NiAl. Ni-blue, Al-pink. Color 

represents the Y2 strain field in the lattice. Note that only a half period of 

the lattice along z is shown. 
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Figure 6.24: [ = [011], [100](011) pure edge dislocation in B2 Ni-48Al. Ni-blue, Al-pink. 

Color represents the Y2 strain field in the lattice. Note that only a half period 
of the lattice along z is shown. 
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Figure 6.25: 7 = [011], [100](011) pure edge dislocation in B2 Ni-42Al. Ni-blue, Al-pink. 

Color represents the Y2 strain field in the lattice. Note that only a half period 

of the lattice along z is shown. 
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Figure 6.26: 7 = [100], [100](011) pure screw dislocation in B2 NiAl. Ni-blue, Al-pink. 
Color represents the Y 1 strain field in the lattice. This figure may be compared 

to Figure 6.11. 
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Figure 6.27: Multilayer mixed T = [120], [100](001) dislocation in B2 NiAl. Ni-blue, Al- 

pink. Color represents the Y1 strain field in the lattice and contours show the 
Y2 strain field. This figure may be compared to Figure 6.13. 
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Figure 6.28: Multilayer mixed I = [110], [100](001) dislocation in B2 NiAl. Ni-blue, Al- 

pink. Color represents the Y 1 strain field in the lattice and contours illustrate 
the Y2 strain field. This figure may be compared to Figure 6.14. 
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Figure 6.29: Multilayer mixed 7 = [210], [100](001) dislocation in B2 NiAl. Ni-blue, Al- 

pink. Color represents the Y 1 strain field in the lattice while contours illustrate 
the Y2 strain field. This figure may be compared to Figure 6.15. 
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Figure 6.30: T = [001], [001](010) pure screw dislocation in B2 NiAl. Ni-blue, Al-pink. 

Color represents the Y 1 strain field in the lattice. This figure may be compared 
to Figure 6.16. 
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Chapter 7 

STOICHIOMETRY EFFECTS ON CORE 

STRUCTURE AND MOBILITY 

7.1 Introduction 

Deviations from the exact stoichiometric composition can lead to large increases in the 

mechanical strength of B2 NiAl alloys. This strengthening effect is generally explained 

as being due to the substitutional antisites and structural vacancies which are increasingly 

present with such deviations. This dramatic increase in the yield strength of NiAl is expected 

to be connected to the changes that the dislocation core structures and mobilities undergo 

as a result of the interaction with the point defects that accommodate the excess element 

in the off-stoichiometric alloy [15]. 

The effects that deviations from stoichiometry may have on the core structure and 

mobilities of dislocations in Ni-48A]l were examined. These effects were explored using a 

visualization technique based on the Y2 invariant of the strain tensor developed in previous 

work [30] and outlined in Section 5.2. The interaction of individual point defects with the 

dislocation was studied by locating various point defects in particular positions in the region 

of the dislocation core. 

Earlier simulations of dislocation cores in NiAl with a line of point defects were carried 

out [13] in an effort to explain differences in the dislocation cores observed through HRTEM 

in stoichiometric and Ni-rich alloys. In that work, the core structures of (100) and (111) 

dislocations as affected by the interaction with various point defects present in the material 

were simulated. The point defects considered were Al vacancies and Ni substituted for Al 

located near the center of the core. Also considered was the effect of disorder, which occurs 
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increasingly with temperature. Disorder was represented by a pair of antisite defects (a 

sublattice exchange). Those simulations yielded excellent agreement with experiment for 

the stoichiometric alloy but failed to reproduce the experimental images obtained for the 

Ni-rich material [38]. One possible reason for this disagreement was the fact that rows of 

point defects and antisites were considered in a 2D simulation rather than locating the point 

defects in a larger simulation block with several crystal periodicities along the dislocation 

line. A second possibility is that, in the preliminary simulation, only a few possible locations 

of the point defects were considered. 

These questions are addressed in the present work where both a 2D and a 3D simulation 

technique are considered and we consider the location of both antisites and vacancies in 

the many different possible positions about the dislocation core. This work focused on 

two different pure edge 6 = [100] dislocations slipping in the respective (001) and (011) 

planes. All simulations discussed herein were carried out using the B2 NiAl Embedded 

Atom Method potentials developed by Farkas [10]. None of the experiments carried out in 

the current investigation attempted to simulate the effects of temperature. 

7.2 Simulation Technique for the Random Insertion of Point Defects 

In the case of a 2D simulation, effects may be present that are caused by the interaction of 

each individual point defect with its corresponding periodic counterpart. This points out the 

need for a 3D simulation. On the other hand, work in the interaction of vacancies [45] shows 

that the interaction energies and relaxation is usually negligible beyond third neighbors. 

For this work, both 2D and 3D blocks were initially simulated to verify these notions. The 

difference in the changes in energy due vacancies when simulated in 2D and 3D were found 

to be less than 2% in all tested cases, negligible for our purposes. In effect, a 2D simulation 

serves as well as a 3D simulation for the purposes of studying energies of interaction. All 

figures and data reported herein are generated via two-dimensional simulation employing 

periodic boundary conditions. 
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Two different means were employed to generate off-stoichiometric simulation blocks 

depending upon the situation. For the data involving energy changes due to defects at a 

singular lattice site, that site’s corresponding perfect lattice position was specified in the 

input data as being a vacancy or an antisite of the appropriate element. The same method 

was used, but several sites were specified, in attempts to find Peierls stresses in Ni-48Al when 

the stoichiometry deviation is accommodated by vacancies. When the off stoichiometry is 

generated by antisites, the random location of the extra elements are determined by a 

random number generator routine that selects the reference numbers of the atom sites 

where the point defects are to be located was used. 

7.3 Energetics of Vacancies and Antisites in NiAl 

The energetics of the point defects in this material are essential in determining the 

way in which the deviations from stoichiometry are going to be accommodated. A recent 

study [13] reported the energies of both vacancies and antisites calculated using the Ni3Al 

potentials of Voter and Chen as well as energies calculated with the potentials used in the 

present work. These data are reproduced in Table 7.1. 

The values in Table 7.1 have been calculated using the different contributions to the 

total cohesive energy attributable to each element which is essentially equivalent to using a 

calculated chemical potential for each element. This technique was used by Voter et al. [43] 

in calculating vacancy formation energies in Ni3Al and is also used by Gao, Bacon and 

Ackland in a more recent publication [14]. In the calculation of the chemical potentials, 

it is assumed that the energy contributed by a mixed pairwise bond is equally distributed 

among the two elements. As pointed out by Ackland [14], the chemical potential is uniquely 

defined in this model as long as the embedding function is uniquely defined. In this case, 

the embedding functions are uniquely defined by requiring them to fit Rose’s equation of 

state (see Eq. 4.5) [9]. The calculation of the chemical potentials outlined above affects the 

absolute values of the formation energies of the various point defects but not the obtained 
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Table 7.1: Energies of vacancies and antisites in NiAl. 

  

  

  

Defect Energy (eV) 

EAM EAM [43] 
Vacancy (Ni) 1.36 1.20 
Vacancy (Al) — 1.03 1.04 
Antisite (Ni) 1.94 1.98 
Antisite (Al) —0.89 —0.60 
Disorder 1.05 1.38 
  

interaction energies among these defects or those of the interaction of the point defects with 

the dislocation core. 

Also, the data in Table 7.1 indicate that antisites tend to be more favored in the Al 

sublattice than in the Ni sublattice. Experimental evidence [19, 44] indicates that stoi- 

chiometry deviations on the Ni-rich side tend to be accommodated by Ni antisites, whereas 

deviations on the Al-rich side tend to produce more structural vacancies. 

The energies of vacancies in NiAl were not used in the procedure for the development 

of the interatomic potentials. The values obtained are 1.03eV for the Al vacancy and 

1.20eV for the Ni vacancy. The formation energy of the Ni vacancy can be estimated 

from the experimental concentrations of Ni vacancies compiled recently by Kim [20]. If 

AHvac/kT pyle, the formation the experimental concentrations are analyzed with a simple e 

energy for the Ni vacancy results in 0.57eV. If these values are analyzed with the more 

complex theory suggested by Kim [20], the formation energy, AHyac, is 2.16eV based on 

the best fit values for the pair interaction energies. The formation energy obtained here 

from the interatomic potentials is intermediate between these two estimates. 

7.4 Dislocation Core Structure and Stoichiometry 

The effects of antisites on two pure edge dislocations were studied. The first, i= [010], 

[100](001), is shown in Figure 6.5 and again in Figure 7.3. For this particular dislocation, 

two different possible core structures were found. The two structures are very similar to each 
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other in atomic positions. The [100] Burgers vector means that there are two extra planes 

that are accommodated in the dislocation core. One of these extra planes is Al and the 

other is Ni. The relaxed core structures can be described as one plane being symmetrically 

branched into two planes of the same type and one extra plane of the opposite type being 

located in between the two branches. 

The difference between these two structures is that in the first case, the plane being 

branched is a Ni plane with an Al plane inserted between the branches. We shall refer to 

this structure as a “Ni-rich” core. Data for this structure are presented in Tables 7.4 and 

7.5 which correspond to Figure 7.3. 

The structure for the second core consists of an Al plane being branched with a Ni plane 

lying between. We shall call this an “Al-rich” core. Data for this second core, which was 

shown in Figures 6.5 and 6.20, are in Tables 7.2 and 7.3. The Ni-rich core is lower in energy 

by 0.39eV. The differences between these two cores, although not important for the general 

description of the core structure, may be important in the study of stoichiometry deviation 

effects. 

The second edge dislocation has a geometry J = [011], [100](011) direction and is shown 

in Figure 7.12. For this dislocation, only one structure, the “Ni-rich”, was found. These 

data are presented in Tables 7.6 and 7.7. Although an exhaustive search was carried out, the 

“Al-rich” structure was never seen, probably because the dislocation can easily transform 

from one structure to the other by gliding half a period along the slip plane. Also, the 

configuration with an Al plane branching is likely to have a higher energy than the one with 

a branching of a Ni plane. 

In simulations of the interaction of defects with the dislocation cores, the lower energy 

Ni-rich cores were concentrated upon where the antisite considered is Ni placed in an Al 

lattice site. In fact, given the periodic boundary conditions on the simulation block, a line 

of antisites was actually being simulated. Symmetry across the vertical axis was tested for 

in the first simulations carried out. As expected, the energy change due to a specific defect 

on one side of the dislocation was found to be identical to that corresponding to the same 
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<100> direction, Angstroms 

Figure 7.1: Energy Changes due to individual A] vacancies occuring near the i = [010], 

[100](001) core. Note symmetry on either side of dislocation. 

defect on opposite side of the extra plane of inserted atoms. Figures 7.1 and 7.2 illustrate 

this symmetry using contours for the [100](001) dislocation. 

7.5 Interaction of Antisite Defects with Dislocation Cores 

For the [100](001) pure edge dislocation, the interaction is mostly attractive in either 

the Ni-rich or the Al-rich core. The appearances of the two cores are qualitatively the same 

so only the Ni-rich core is shown although the simulation results for the Al-rich core are 

given. The range of the interactions of the antisites for the Al-rich core is —0.35 to +0.25eV, 

much lower than the interaction energies found for most of the vacancies discussed below 

but higher than the interactions of the antisites with the Ni-rich core which span —0.93 to 

+0.13eV. Of course, whether the antisite is a Ni atom or an Al atom is of consequence as 

well. The interactions of Ni antisites are much smaller in magnitude than those of Al. The 

absolute lowest magnitudes are seen when antisites of Ni are placed near the Al-rich core. 

Studying the data and remembering that (—) energies of interaction indicate attraction 
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“cont.dat” ---- 

a dislocation line along z is located at (0.8,0) 0.133 ---- 
0.08 --—~ 

0.0537 ---— 
  

0 <010>, Angstroms 

-1 

2     3 
  

  

<100> direction, Angstroms 

Figure 7.2: Energy Changes due to individual Ni antisites occuring near the = [010], 
[100](001) core. Note symmetry on either side of dislocation. 

between core and defect, it is seen that the interaction is‘highly attractive in the region 

above the slip plane and less so in the region below with the possible exception of sites near 

the label “B”. These sites may cause the dislocation to tend to climb since they are actually 

within the core. They tend to be much less attractive and sometimes repulsive. 

For the [011](011) dislocation, the same trends are seen with respect to antisites. For 

this dislocation, the energies of interaction range from —0.78 to +32eV for Al placed in a Ni 

site and from —0.26 to +0.05eV for Ni substituted into an Al site. Throughout these data, 

antisites of Ni are seen to generate smaller changes in simulation block energy than either 

antisites of Al or vacancies of either kind (see Section 7.6). This agrees with the expected 

behavior for an undersized defect. The present results for antisites seem to be consistent 

with the expected elastic interaction of the elastic fields of the antisite and the dislocation. 

All these data, along with the vacancy data, are presented in Tables 7.2 through 7.7. 

The core structures, as analyzed by the use of differential displacement maps, do not 

appear significantly affected by the antisites. However, when the Y2 strain tensor invariant 
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Table 7.2: Energy changes due to Ni vacancies and Al antisites in the Al-rich [100](001) 

pure edge dislocation core centered at the origin. Note the use of perfect lattice 
coordinates. 

  

  

vacancy /antisite AE(eV) 
label coordinates(A) Ni vac Al anti 

04 ( 4.314,-2.876, 1.438) -0.13 -—0.126 
05 (4.314, 0.000, 1.438) -0.49 —0.013 
06 ( 7.190, 2.876, 1.438) +0.05 -—0.029 

09 (1.438, 2.876, 1.438) -0.03 —0.029 
12 (—1.438, 0.000, 1.438)  -0.50 +0.147 

13 (_: 1.438, 0.000, 1.438) -0.50 —-—0.272 
16 = (—1.438,—5.752, 1.438) -0.01  -—0.270 

17 ( 7.190, 5.752, 1.438)  -0.03 +0.087 

  

  

is plotted as a function of position and then overlaid upon a plot of the displaced lattice, 

the outer regions of the strain field do show changes. Figures 7.8-7.11 show the differences 

in core structure which appear when observed using both the differential displacement 

mapping method and the strain invariant method for visualization for both antisites and 

vacancies. These differences are discussed below in Section 7.7 for the alloy with a random 

distribution of antisites. 

7.6 Interaction of Vacancies and Dislocation Cores 

7.6.1 Geometry of the Interactions 

All of the core structures studied showed a strong attraction of vacancies to the core. 

Again, as mentioned in Section 7.5, the periodic boundary conditions meant that a line of 

vacancies parallel to the core was actually being simulated. The interactions are significant 

and attractive up to —0.80eV for vacancies at Ni sites and up to —1.45eV for vacancies at Al 

sites which is much higher than any of the energy changes due to antisites. Tables 7.4 and 

7.5 present the energetics of the interaction observed in the Ni-rich cores for the [100](001) 

dislocation while Figures 7.4-7.7 show examples of some of these core structures obtained 
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Table 7.3: Energy changes due to Al vacancies and Ni antisites in the Al-rich [100](001) 
pure edge dislocation core centered at the origin. Note the use of perfect lattice 

coordinates. 

  

  

vacancy /antisite AE(eV) 

label coordinates(A) Al vac Ni anti 

01 (—2.876,—1.438, 0.00) -0.48 —0.017 
02 ( 0.000,—1.438,0.00) +0.59 +40.252 
03 ( 5.752, 1.438,0.00) —1.34 +40.226 
04 ( 5.752, 4.314,0.00) -—0.33 —-0.101 

05  ( 0.000, 1.438, 0.00) 1.38 —0.347 
06 ( 2.876, 7.190,0.00)  -—0.11 -—0.063 

  

  

containing vacancies at Al sites. 

In simulations, the vacancy was often found to jump to a site characterized by an 

attractive interaction. The observed attraction is generally higher in the region above the 

slip plane (sites labeled H, I, J) than in the region below the slip plane (sites labeled K, L, 

M). This corresponds to the expected interaction of the elastic fields. The magnitudes of 

the attractions observed in the simulations suggest that the interaction is mostly dominated 

by non-elastic effects. This very strong attraction actually seems to result from the vacancy 

being totally absorbed into the core structure. In the lowest energy vacancy-dislocation 

configurations, it is no longer possible to distinguish a vacancy as a separate entity from 

the core. Similar simulations with the higher energy Al-rich core for this same dislocation 

have yielded qualitatively similar results which are tabulated in Tables 7.2 and 7.3. 

The interaction of Al vacancies with the [100](011) dislocation is also very similar to 

that observed for the dislocation along the cube axis and is presented in Tables 7.6-7.7 

and illustrated in Figures 7.13-7.17. There are attractions of up to —1.5eV. The vacancies 

are actually absorbed by the core for some of these cases showing that these are very 

low energy configurations. As before, the figures show that even when the vacancy is not 

actually absorbed, a noticeable change still occurs in the core. 

For both of the edge dislocations studied here, the lines of vacancies are seen to be 

segregated to the core, in some cases being totally absorbed into a new core structure. The 
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Table 7.4: Energy changes due to Al vacancies and Ni antisites in the Ni-rich [100](001) 
pure edge dislocation core centered at the origin. See Figures 7.1, 7.2 and 7.3. 

Note the use of perfect lattice coordinates. 

  

  

vacancy /antisite AE(eV) 
label coordinates(A) Al vac Ni anti 

(—4.314,—2.876, 1.438) —0.41 —0.011 
( 1.438,—2.876, 1.438) -0.63 +0.125 
( 4.314, 0.000, 1.438) —0.43 —0.001 
( 7.190, 2.876,1.438) -0.36 —0.001 
( 1.438, 2.876, 1.438) -0.49  -—0.029 

(—1.438, 2.876, 1.438) -0.93  -—0.078 
(—4.314, 0.000, 1.438) -—0.75 -—0.159 

(—7.190,—5.752, 1.438) -0.36 0.015 
(—4.314,—5.752, 1.438) —0.24 -0.049 
(—1.438,—5.752, 1.438) -—0.26 —0.057 

( 7.190, 5.752, 1.438) -0.38 —0.084 

( 4.314, 5.752, 1.438) -—0.53 —0.104 
( 1.438, 5.752, 1.438) —0.44 —0.098 
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changes introduced to the core shapes are significant enough to be evident in the differential 

displacement maps of Figures 7.13-7.17 and 7.4-7.7 or even with a simple plot of the atomic 

positions. 

The vacancies were attracted to the core in most cases with the notable exception of 

those at or near the site labeled “B” in the figures. This is similar to what was observed 

for antisites. When a line of vacancies was introduced in the dislocation core at these sites, 

the interaction was found to be repulsive, possibly because, in order for these vacancies to 

move in the direction of the core, climb of the extra planes of atoms would have to occur. 

Figures 6.20, 6.21 and 6.22 show a possible core structure of the edge [100](001) dislo- 

cation in stoichiometric NiAl and Ni-48Al. In these figures, the Y2 invariant of the strain 

tensor is plotted. The core in the off-stoichiometric case loses the symmetry that is typi- 

cal of the stoichiometric alloy. The strain fields in off-stoichiometric NiAl also seem to be 

somewhat more widely spread than those in the stoichiometric alloy. The effects on elastic 

displacement field are especially evident at the low deformation levels. The center of the 
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Table 7.5: Energy changes due to Ni vacancies and Al antisites in the Ni-rich [100](001) 
pure edge dislocation core centered at the origin. 

  

  

vacancy /antisite AE(eV) 

label coordinates(A) Ni vac Al anti 

01 (—2.876,—1.438,0.000) -0.19  -—0.93 
02 ( 0.000,—1.438,0.000) +0.21 -—0.93 

03  ( 5.752, 1.438,0.000) -0.06 —0.33 
04 ( 5.752, 4.314,0.000)  -0.01  -0.05 

05 ( 0.000, 1.438,0.000) -0.80 -—0.33 
06 ( 2.876, 7.190,0.000) —0.01 +0.15 

  

  

dislocation core region is not affected by the antisites. The simulations of Figures 6.21 and 

6.22 differed only in the random seed used to determine the antisite positions. 

Figures 6.23, 6.24 and 6.25 show core structures of the [100](011) edge. Figure 6.24 is a 

simulation of Ni-48A] while Figure 6.25 is a simulation of Ni-42Al. These changes in local 

arrangement have consequences in the strain fields around the core. Again, the center of 

the dislocation core region is not seriously affected by the antisites unless those antisites 

are very close to the core. 

7.6.2 New Cores and Energetics 

Some of the data in Tables 7.2 — 7.7 would indicate that the lattice has relaxed in a way 

due to the presence of the particular vacancy which is significantly lower in energy than 

the lattice energy due to the dislocation alone. The corresponding arrow plots do indicate 

cores which are different in character than the original cores. In particular, the simulations 

labeled “03” and “05” in Table 7.3 are cores which were originally Al-rich, but the presence 

of a particularly placed line of Al vacancies has triggered a transformation to the lower 

energy Ni-rich core at a gain of an extra 0.39eV. This is in addition to the 1.03eV usually 

gained due to the presence of the vacancy. 

The cores labeled “B”, “F” and “G” in Table 7.4 are transformations of the Ni-rich 

[100](001) core to other lower energy cores due to the presence of the line of Al vacancies. 
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Table 7.6: Energy changes due to Al vacancies and Ni antisites in a [100](011) dislocation 
core centered at the origin. See Figure 7.12. Note the use of perfect lattice 

  
  

  

coordinates. 

vacancy /antisite AE(eV) 
label coordinates( A) Al vac Ni anti 

A (—4.314,—3.050, 3.050) -—1.30 —0.017 

B ( 1.438,—3.050, 3.050) -—1.18  —0.007 
C ( 4.314,-1.017, 1.017) -—0.79 —0.023 

D~ ( 7.190, 1.017,3.050) -1.24  -0.097 
EE ( 4.314, 1.017, 3.050) -1.27 -0.257 
F (1.438, 1.017,3.050) -1.28 —0.257 
G = (—1.438,-1.017, 1.017) -0.80 +0.033 
H (—7.190,—5.084, 1.017) -0.02 40.013 

I (—4.314,—5.084, 1.017) -0.03 +0.043 

J (-1.438,-5.084, 1.017) —0.02 +0.053 
K  ( 7.190, 3.050,1.017) -1.45 —0.187 
L ( 4.314, 3.050,1.017) -—1.45 -0.197 

M (1.438, 3.050, 1.017) —0.44 —0.227 
  

These new cores are very similar to each other and, of course, still dominated by Ni but 

are distinct from what we previously termed the “Ni-rich” core. The change in energy is 

not as dramatic as that mentioned above in Table 7.3 since there was no change in the 

stoichiometry of this core. 

Table 7.5 contains data for cores which are initially Ni-rich and most are undisturbed 

by the line of Ni vacancies. However, the core labeled “05” is the result of the line being 

Table 7.7: Energy changes due to Ni vacancies and Al antisites in a [100](011) dislocation 

core centered at the origin. Note the use of perfect lattice coordinates. 

  
  

vacancy /antisite AE(eV) 

label coordinates(A) Ni vac Al anti 

01 (-2.876,-1.017, 3.050) -0.85  -0.77 

02 ( 0.000,—1.017, 3.050) -—0.85 —-—0.78 

03 ( 5.752, 1.017, 1.017) -0.67 -0.01 

04 ( 5.752, 3.050,3.050) -0.05 +0.16 

05  ( 0.000, 1.017,1.017) -0.69 +0.32 
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completely absorbed by the original core which in doing has actually ended up as the higher 

energy Al rich core. 

Table 7.6 shows data for several new cores. The cores for which there was no change in 

energy due to the line of Al vacancies, “H”, “I”, and “J”, appear physically undisturbed as 

well. These vacancies were far from the core so this is not unexpected. The ones labeled 

“A” and “B”, for which the vacancies were introduced just beneath the original Ni-rich core, 

appear to have assumed a more Al-rich character because a Ni from the core has moved to 

assume the place of the missing Al. The cores completely absorbed the lines of vacancies 

placed at “C” and “G”. The cores resulting from vacancies at “D”, “E”, and “F” might be 

described as very tightly bound Ni-rich cores. The absence of an Al atom has allowed the 

Ni atoms to close in on the space vacated, leaving a space behind where the Ni atoms were 

once located. The cores resulting from “K” and “L” are even more tightly bound indicated 

by both their lower energies and by the fact that they have no vacant space. 

The trend in these data is for Ni atoms to undergo any movement neccessary to accom- 

modate vacant Al atoms while other Al atoms do not change their positions as much when 

transforming to the new core. Lines of Ni vacancies, even when introduced inside the core, 

have little effect on the core structure as viewed with an arrow plot. 

7.7 Dislocation Motion in Off-stoichiometric Alloys 

The Peierls stresses necessary to move the two different edge dislocations in the Ni-48Al 

alloy with the stoichiometry deviations accommodated by antisites was computed. In both 

cases the Peierls stresses increased. These results are shown in Table 7.8 for two different 

input seeds to the random antisite generator although similar results have been found for 

whatever seed is input. Also computed was the Peierls stress for the [001] edge using several 

Al vacancies near the core to generate a Ni-48A] stoichiometry. In these cases, the Peierls 

stresses were again usually found to increase but sometimes the results are erratic, as seen 

in Table 7.8. This occurs because vacancy effects are much more pronounced than are 
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Figure 7.3: Labels for vacancies and antisite positions in the {100](001) pure edge dislocation 
in the Ni-rich core in B2 NiAl. Circles represent Al atoms and triangles represent 
Ni atoms. This view is of a 3nm square. 
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Figure 7.4: The effect of a vacancy at site labeled “B” in Figure 7.3 on the core structure 

of the [100](001) pure edge dislocation. 
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Figure 7.5: The effect of a vacancy at site labeled “E” in Figure 7.3 on the core structure 

of the [100](001) pure edge dislocation. 
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Figure 7.6: The effect of a vacancy at site labeled “F” in Figure 7.3 on the core structure 

of the [100](001) pure edge dislocation. 
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Figure 7.7: The effect of a vacancy at site labeled “G” in Figure 7.3 on the core structure 

of the [100](001) pure edge dislocation. 
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Figure 7.8: The effect of an vacancy at site labeled “A” in Figure 7.3 on the Y2 strain fields 
(color) of the [100](001) pure edge dislocation, Ni—blue, Al—pink. 
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Figure 7.9: The effect of an antisite at site labeled “A” in Figure 7.3 on the Y2 strain fields 
(color) of the [100](001) pure edge dislocation, Ni—-blue, Al—pink. 
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Figure 7.10: The effect of a vacancy at site labeled “A” in Figure 7.3 on the core structure 

of the [100](001) pure edge dislocation. 
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Figure 7.11: The effect of an antisite at site labeled “A” in Figure 7.3 on the core structure 

of the [100](001) pure edge dislocation. 
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Figure 7.12: Labels for vacancies and antisite positions in the {100](011) pure edge disloca- 

tion in B2 NiAl. Circles represent Al atoms and triangles represent Ni atoms. 
This view is of a 3nm square. 
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of the [100](011) pure edge dislocation. 
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Figure 7.14: The effect of a vacancy at site labeled “B” in Figure 7.12 on the core structure 

of the [100](011) pure edge dislocation. 
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Figure 7.15: The effect of a vacancy at site labeled “C” in Figure 7.12 on the core structure 

of the [100](011) pure edge dislocation. 
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Figure 7.16: The effect of a vacancy at site labeled “D” in Figure 7.12 on the core structure 

of the [100](011) pure edge dislocation. 
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Figure 7.17: The effect of a vacancy at site labeled “L” in Figure 7.12 on the core structure 

of the [100](011) pure edge dislocation. 
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Table 7.8: Peierls stresses for edge dislocations in NiAl and Ni-48Al. 
  

  

  

Dislocation Ni-50Al (MPa) Ni-48Al (MPa) 
antisites seed 1/2 vacancy config 1/2/3 

[100](001) (Al core) 2680 3000/3000 3100/3100/320 
[100](001) (Ni core) 3660 4000/3900 7000/9000 
(100](017) 410 520/550 2600/330 
  

antisite effects upon core mobility indicating that specific vacancy positions may lead to 

much larger variations in mobility in such alloys than do antisites. In other words, the new 

cores resulting from the presence of these lines of vacancies, discussed in Section 7.6.2, have 

dramatically different Peierls stresses. 

7.8 Conclusions 

Studied were two different pure edge dislocations in the (100)(001) and (100)(011) slip 

systems. Each of these edge dislocations can assume two different structures. The two 

geometries are very similar in atomic positioning but differ in the chemical composition of 

the core center. For the first slip system, both possibilities could be studied and it was 

found that the structure where the core center is constituted by Ni atoms is lower in energy 

with a higher Peierls stress than the Al core. 

For the edge gliding in the (011) plane, only the structure where the core center is Ni- 

rich was found in the simulations. This is probably due to the fact that for this slip system, 

the other structure, with Alin the core center, is higher in energy as well and can transform 

easily to the Ni core structure by glide. The edge gliding in the (001) plane transforms from 

the Al centered core to a Ni centered core occur only by climb. 

Ni-48Al was generated both by random substitution by Ni atoms for Al to make antisites 

in the otherwise stoichiometric lattice structure as well as removal of Al atoms to form 

vacancies. The inner region of the cores was seen to not be affected by the antisites using 

the strain invariant visualization method. The outer region of the cores was more extended 

in a way correlated with the location of the antisites. The interaction of antisites with the 
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dislocation core is not nearly as strong and is repulsive for some positions of the antisites. 

Repulsive sites exist for both vacancies and antisites very near the core if those sites are 

such that a defect might induce climb. 

A 2% deviation from stoichiometry is seen to affect the shapes of dislocation core’s 

strain fields in that they tend to loose their preference for the well-defined crystallographic 

planes seen in the stoichiometric alloy. Stoichiometry deviations also increase the non- 

planar spreading of the elastic displacement field in agreement with experimental HRTEM 

data [38]. 

In addition, it was found that Al vacancies are significantly attracted to the dislocation 

cores and produce more significant changes in the core structure than do antisites. The 

attraction is generally higher in the region above the slip plane than in the region below the 

slip plane as defined in Figures 7.3 and 7.12. This is consistent with our understanding of 

the elastic fields. The magnitudes of the attractions (up to 0.7eV for the (001) system, up to 

1.5eV for the (011) system) would suggest that the interaction is dominated by non-elastic 

effects. In fact, the vacancies are often totally absorbed by the core or at least are not 

clearly distinguishable from the core. 

These results suggest that Al vacancies may to some degree accommodate stoichiometry 

deviations in the dislocation region. This is contrary to the case of bulk Ni-rich NiAl 

where experimental evidence [19, 44] and theoretical predictions (Table 7.1) indicate that 

stoichiometry deviations are accommodated by Ni atoms located in Al sites. This possibility 

is of relevance regarding the role of dislocation climb in the mechanical behavior of Ni-rich 

alloys. 

The present results also indicate that the interaction of vacancies and dislocation cores 

in this material is mainly non-elastic and that the dislocation may actually act as a sink 

for Al vacancies. The Ni-rich dislocation is found to be of lower energy than the Al-rich 

one. This is in agreement with the results obtained for grain boundaries [31] where Ni-rich 

boundaries were consistently found to be of lower energy than Al-rich boundaries. Antisites 

are also attracted to the dislocation core and contribute to this general trend. As mentioned 
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above, the attraction is not as strong as that observed for the vacancies. 

The Peierls stresses were found to increase significantly for Ni-48Al] simulated using 

antisites of Ni. The value of the Peierls stress seemed not particularly affected by the specific 

location of the antisites near the core. In contrast, in Ni-48Al simulated by vacancies, the 

observed Peierls stress fluctuates over an order of magnitude (see Table 7.8). That the 

Peierls stress would increase is an expected result, in agreement with the observed significant 

strengthening of the alloy as the composition deviates from perfect stoichiometry. This 

fluctuation implies that either the new cores generated by certain lines of vacancies can 

have order of magnitude effects on Peierls stress or that a two-dimensional simulation block 

may be inappropriate for the simulation of point defects in the context of finding Peierls 

stresses. 
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Chapter 8 

DISCUSSION 

The strain invariant visualization method has been utilized extensively to present the 

data generated from the simulations discussed herein to great benefit. Not only have previ- 

ously unseen core strain field structures and changes in those structures been made apparent, 

but an better intuitive feel for the notion of a strain field may be gained by viewing the pre- 

sented images, especially when the images are incorporated into a movie as was done here 

showing the changes in the fields as a progressive shear was applied to several dislocations. 

For each of the three dislocations for which a movie was made, although the strain field 

may have changed as stress was applied, the lattice itself did not appear to change unless 

movement occurred. In other respects, the three dislocations behaved very differently. The 

[100](001) pure edge exhibited a great deal of spreading in the strain field in the direction 

in which slip will occur is seen. Very little or no spreading occurs perpendicular to the slip 

direction. The strain that has built up is periodically released as movement occurs. 

In the case of the [100](011) pure edge simulation, the core seems to slowly contract 

before it moves. The onset of movement is abrupt. Other than the strain field’s contraction, 

there is no warning that slip is about to occur as the lattice does not appear to change during 

this time. As the core moves, a pulsing deformation in both the lattice and in the strain 

field may be seen. 

The [100](011) pure screw dislocation was found to have a Peierls stress depending upon 

its initial configuration as discussed below. For the configuration shown in the movie, the 

Y1 strain field undergoes a very slow contraction before sudden changes which occur at both 

316MPa and 390MPa. In two steps, the core reorients its longer axis along the direction of 

applied stress, which is a crystallographically equivalent direction to the original orientation 
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and then slip easily. Except for the orientation, the core is unchanged before and after this 

transformation. The dislocation has been found to slip most easily when the applied shear 

is initially along the core’s longer axis. 

The two pure edges seem to be behaving in contrary manners as the Peierls stress is 

reached. The invariant field of the first expands along the direction of slip before movement 

occurs and contracts afterwards while the field of the second dislocation contracts as more 

shear is applied and expands as movement occurs. But we should keep in mind that although 

these are both pure edges, their invariant fields are initially quite different. The [100](001) 

has an initial core structure best described as two planes at 90 degrees to one another, each 

at 45 degrees to the direction of slip. The other is spread out over many planes all parallel 

to the direction of slip. Meanwhile, the pure screw reorients itself and slips most easily when 

the longer axis of its strain field is parallel to the direction of applied stress. All of these 

things would tend to support the notion that cores may tend to contract perpendicularly 

to the slip plane to facilitate movement while they may also expand along the slip plane to 

facilitate movement. , 

The infrastructure and methodology for generating such images developed in the course 

of this work has been made general enough to accommodate the data of many other simula- 

tions carried out by my research group. It is even possible that someone may wish to view 

invariants other than Y1 and Y2. Were the means to extract these invariants made avail- 

able, the established AVS networks will, with little or no modification, be able to display 

them. And so, these programs and methods should be found to be valuable by researchers 

wishing to view core structures and strain fields for some time in the foreseeable future. 

Core structures were computed for a variety of dislocations in B2 NiAl in many cases 

using two different interatomic potentials for the Ni-Al system. The potential used did 

not seem to influence overall core shape although the computed Peierls stress did change. 

All the cores generated via the new NiAl potential tend to be qualitatively similar in both 

appearance and behavior to the cores generated using the Voter potential. The cores for 

the mixed dislocations mostly exhibited a structure which can be described as a multilayer 
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fault. 

The results, when analyzed in terms of the strain tensor invariants gave the detailed 

shape of the dislocation core. Particularly interesting is the form in which non-planar cores 

move under stress. These multilayer cores maintain their basic structure as they glide. Only 

very slight transformations were observed where the cores become more extended along the 

direction of slip and less extended onto planes parallel to the central one, as shown in 

Figures 6.20 and 6.27 and in the accompanying animations. 

It was expected that planar core structures would move at relatively low applied stresses 

while non-planar cores would move at relatively higher stresses because they require a 

transformation to a more planar structure before moving. This was usually found to be 

true in simulation. In some simulations, the core assumes a planar structure before the 

dislocation glides, whereas in some other cases the core retains the non-planar structure 

even at stresses sufficient to sustain glide. 

It seems to be very difficult to rank slip systems or compare with experimental CRSS 

stresses on the basis of simulated Peierls stress data. However, the calculated Peierls stresses 

for slip on (011) planes are generally lower than those on (001). The largest Peierls stresses 

are obtained for the cores that consist of a mixture of faults in different crystallographic 

planes. The multi-layer cores that can be viewed as consisting of faults all parallel to the 

slip plane are the ones with relatively lower Peierls stresses. 

In the course of these simulations, it was determined that both potentials were even 

more sensitive to block size than previously thought. Peierls stresses are usually expected 

to be very sensitive to the effects of the boundary conditions used in the simulations. The 

optimum means of simulation was found to be to use fixed boundary conditions with very 

large simulation block sizes. It is interesting to note that significantly smaller sizes were 

appropriate for some but not all of the dislocations simulated. 

Sensitivity to initial configurations was also a concern. The elastic centers on all simula- 

tions were moved but, except for the pure screws and pure edges, there were no changes in 

the results. The pure screws changed so that essentially the same dislocation could lie on a 
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different but a crystallographically equivalent plane. Regardless of their orientations before 

stress was applied, the screws were found to reorient themselves before moving without 

changing their actual structure so that the single plane that they were distributed upon 

was their actual slip plane. The lowest Peierls stress was observed in any simulation of any 

geometry was of a screw which was initially oriented along the plane of slip. 

Two different pure edge dislocations in the [100](001) and [100](011) slip systems were 

simulated. Each of these edge dislocations should be able to assume two different struc- 

tures. The two geometries are very similar in atomic positioning but differ in the chemical 

composition of the core center. For the first slip system, both possibilities were observed 

depending upon initial elastic centers and it was found that the structure where the core 

center is constituted by Ni atoms is lower in energy with a higher Peierls stress than the Al 

core. 

Only the structure where the core center is Ni-rich was found in the simulations of the 

pure edge (011) dislocation, regardless of initial elastic center because for this slip system, 

the other structure, with Al in the core center, is higher in energy and transforms easily to 

the Ni core structure by glide. In the case of the (001) slip plane, the transformation from 

the Al centered core to a Ni centered core can occur only by climb. 

The core structures, as analyzed by the use of differential displacement maps, were 

apparently not affected by the antisites. Once visualized using the strain invariant method, 

however, changes were quite evident. In Ni-rich Ni-Al generated by antisites of Ni, the 

inner region of the cores was seen to not be affected by antisite defects even using the strain 

invariant visualization method. But the outer region of the Y2 invariant field was distorted 

in places corresponding to the location of the defects as is apparent from images such as 

Figures 6.21 and 6.24. 

Deviations from stoichiometry may also tend to cause the dislocation cores to not be so 

clearly oriented along the crystallographic planes as seen in the stoichiometric alloy. Stoi- 

chiometry deviations also increase the non-planar spreading of the elastic displacement field. 

The interaction of antisites with the dislocation core is not as strong as the interactions of 
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the vacancies and is repulsive for some antisite positions while Al vacancies are significantly 

attracted to the dislocation cores and produce more significant changes in the core structure 

than do antisites. 

The attraction of vacancies to the core is generally higher in the region above the slip 

plane than in the region below the slip plane as defined in Figures 7.3 and 7.12 consistent 

with our understanding of the elastic fields. The magnitudes of the attractions would 

suggest that the interaction is dominated by non-elastic effects. These results suggest that 

Al vacancies may to some degree accommodate stoichiometry deviations in the dislocation 

region although possibly not in the bulk of the alloy. 

These results also indicate that the interaction of vacancies and dislocation cores in this 

material is mainly non-elastic and that the dislocation may actually act as a sink for Al 

vacancies. The general trend is for the Ni-rich dislocation to be of lower energy than the 

Al-rich one in agreement with the results obtained for grain boundaries [31] where Al-rich 

boundaries were found to be consistently of higher energy than Ni-rich boundaries. Antisites 

are also attracted to the dislocation core and contribute to this general trend. As mentioned 

above, the attraction is not as strong as that observed for the vacancies. 

Peierls stresses increased significantly for the off-stoichiometric alloys. In simulations 

where stoichiometry deviations are generated by by vacancies, the observed increase Peierls 

stress is much larger than in Ni-48Al simulated by antisites as shown in Table 7.8. That 

the Peierls stress increases for the off-stoichiometric alloy is an experimental result. Several 

vacancy and antisite configurations were simulated and it was found that the results for 

Peierls stresses are not strongly dependent on the actual local distribution of antisites in 

the core region. The Peierls stress results for vacancies were inconclusive. 

Figures 6.20, 6.21 and 6.22 show a possible core structure of the edge [100](001) dislo- 

cation in stoichiometric NiAl and Ni-48Al. Note the clear relationship between the extent 

of the invariant field and the crystallographic planes. In these figures the Y2 invariant of 

the strain tensor is plotted. The core in the off-stoichiometric case loses the symmetry that 

is typical of the stoichiometric alloy. The dislocations in off-stoichiometric NiAl also seem 
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to be somewhat more widely spread than those in the stoichiometric alloy. The effects on 

elastic displacement field are evident at the low deformation levels. These changes in local 

arrangement have consequences in the strain fields around the core. Again, the center of 

the core region is not seriously affected by the antisites unless those antisites are very close 

to the core. 

For the edge dislocations along studied here, vacancies were shown to be very strongly 

attracted to the core, even being totally absorbed into a new core structure. The changes 

introduced to the core shapes are significant enough to be evident in the differential dis- 

placement maps of Figures 7.13—7.17 and 7.4—7.7. In simulations, the vacancy was usually 

found to jump to a site characterized by an attractive interaction. As one might expect, 

the attraction is generally higher in the region on the side of the slip plane in which the 

extra planes of atoms was inserted. The magnitudes of these attractions suggest that the 

interaction is mostly dominated by non-elastic effects such as the vacancy being totally 

absorbed into the core structure and this is, in fact, observed in some cases. 
x 

115



REFERENCES 

[1] Adobe Systems, Inc., 1585 Charleston Road, Mountain View CA 94039-7900. Adobe 

Photoshop User Guide, 1993. 

[2] Advanced Visual Systems, Inc., 300 Fifth Avenue, Waltham MA 02154. AVS Module 

Reference, 1992. 

[3] Advanced Visual Systems, Inc., 300 Fifth Avenue, Waltham MA 02154. AVS Tutorial 

Guide, 1992. 

[4] Advanced Visual Systems, Inc., 300 Fifth Avenue, Waltham MA 02154. AVS User’s 

Guide, 1992. 

[5] I. Baker and P. R. Munroe. Properties of B2 compounds. In S. H. Whang, C. T. 

Liu, D. P. Pope, and J. O. Stiegler, editors, High Temperature Aluminides and Inter- 

metallics, page 425. TMS, Warrendale, PA 15086, 1990. 

[6] Marc Boucher. Unix man page ppmtoyuv.1 for the pbmplus10dec91 distribution. DHD 

PostImage Inc., marc@PostImage.com, 25-Mar-91. 

[7] Robert W. Cahn. Load-bearing ordered intermetallic compounds—a historical view. 

The Materials Research Society Bulletin, 16:18, May 1991. 

[8] M.S. Daw and M. I. Baskes. Embedded-atom method: Derivation and applications to 

impurities, surfaces, and other defects in metals. Physical Review B, 29:6443, 1984. 

(9] M.S. Duesbery. In F. R. N. Nabarro, editor, Dislocations in Solids, volume 8, page 67. 
North Holland, Amsterdam, 1989. 

[10] Diana Farkas, Batsirai Mutasa, Christophe Vailhé, and Kevin Ternes. Interatomic 

potentials for B2 NiAl and martensitic phases. Modeling and Simulation in Materials 

Sctence and Engineering, 1994. to be published. 

[11] Diana Farkas and P.L. Rodriguez. Embedded atom study of dislocation core structure 
in Fe. Scripta Metallurgica et Materialia, 30:921, 1994. 

[12] Diana Farkas and E.J. Savino. Computer simulation of dislocation core structure in 

Ni3Al using volume dependent potentials. Scripta Metallurgica, 22(4):557, 1988. 

[13] Diana Farkas and Zhao-Yang Xie. Possibilities of slip modification in B2 NiAl. In 

Proceedings of the Materials Research Society Symposium, volume 288, page 435, 1993. 

116



[14] F. Gao and D. J. Bacon. Point-defect and threshold displacement energies in Ni3Al. 
Philisophical Magazine, 67:275, 1992. 

[15] K. H. Hahn and K. Vedula. Room-temperature tensile ductility in polycrystalline B2 

nickel-aluminum. Scripta Metallurgica, 23:7, 1989. 

[16] J. P. Hirth and J. Lothe. Theory of Dislocations, 2nd edition. Wiley & Sons, 1982. 

(17] D. Hull and D. J. Bacon. Introduction to Dislocations. Pergamon Press, 3rd edition, 

1984. 

[18] Andy Hung. Uniz man page mpeg.1 for the MPEGv1.2 distribution. Portable Video 

Research Group at Stanford, achung@cs.stanford.edu, 14-Jun-93. 

[19] R Jayaram and M. K. Miller. An atom probe study of grain boundary and matrix 
chemistry in microalloyed NiAl. Acta Metallurgica et Materialia, 42:1561, 1994. 

(20] S. M. Kim. Vacancy properties in NiGa and NiAl. Acta Metallurgica et Materialia, 

40:2793, 1992. 

[21] L.D. Landau and E.M. Lifshitz. Theory of Elasticity. Pergamon Press, New York, 

1959. 

[22] MacroMind-Paracomp,Inc., 600 Townsend Street, San.Francisco CA 94103. SoundEdit 
Pro User Guide. 

[23] MacroMind-Paracomp,Inc., 600 Townsend Street, San Francisco CA 94103. MacroMind 

Director v3.0 Studio Manual, 2nd edition, June 1992. 

[24] T. B. Massalski, editor. Binary Alloy Phase Diagrams. ASM, 1986. 

[25] Madan G. Mendiratta, Hak-Min Kim, and Harry A. Lipsitt. Slip directions in B2 Fe-Al 

alloys. Metallurgical Transactions A, 15:395, 1984. 

[26] M. J. Norgett, R. C. Perrin, and E. J. Savino. Computer simulation of edge and screw 

dislocations in copper. Journal de Physique, F2:L73, 1972. 

[27] T. A. Parthasarathy, $. 1. Rao, and D. Dimiduk. Core structures and relative mobilities 
of dislocations in NiAl. Philisophical Magazine, A 67:643, 1993. 

[28] R. Pasianot, D. Farkas, and E.J. Savino. Dislocation core structure in intermetallic 

alloys. Journal de Physique ITI, 1:997, 1991. 

[29] Roberto Pasianot, Eduardo J. Savino, Zhao-Yang Xie, and Diana Farkas. Simple 

flexible boundary conditions for the atomistic simulation of dislocation core structure 

and motion. In Proceedings of the Materials Research Society Symposium, volume 291, 

page 85, 1993. 

117



(30] Roberto Pasianot, Zhao- Yang Xie, Diana Farkas, and Eduardo J. Savino. Representa- 
tion of atomistic dislocation core structure. Scripta Metallurgica et Materialia, 28:319, 

1993. 

[31] G. Petton and D. Farkas. Grain boundary structure simulations in B2 ordered NiAl. 

Scripta Metallurgica et Materialia, 25(4):55, 1991. 

[32] George Phillips. Uniz man page picttoppm.1 for the pbmplus10dec91 distribution, 16- 
Jan-90. 

[33] Precision Visuals, Inc., 6230 Lookout Road, Boulder CO 80301. PV- WAVE Command 

Language Reference, 1992. 

[34] W. Press, §. A. Teukolsky, W. T. Vetterling, and B. P. Flannery. Numerical Recipes 

in C. Cambridge University Press, 1992. 

[35] W. A. Rachinger and A. H. Cottrell. Acta Metallurgica, 4(109), 1956. 

(36] S. Rao, C. Woodward, and T. A. Parthasarathy. Empirical interatimic potentials for 
Llp TiAl and B2 NiAl. Material Research Society Symposia Proceedings, 213:125, 1991. 

[37] I. L. Ray, R. C. Crawford, and D. H. J. Cockayne. The weak-beam technique ap- 

plied to superlattice dislocations in an iron-aluminum alloy. Philisophical Magazine, 

21(173):1027, 1970. . 

[38] S. C. Tonn, Y. Zhang, and M. A. Crimp. Dislocation core structures in B2 NiAl alloys. 
Materials Science and Engineering A, 170, 1993. 

[39] I.M. Torrens. Interatomic Potentials. Academic Press, 1972. 

[40] V. Vitek. Theory of the core structures of dislocations in body-centered-cubic metals. 
Crystal Lattice Defects, 5:1, 1974. 

[41] V. Vitek. Interatomic forces in relation to the theory of dislocations. Philisophical 

Magazine, 58:193, 1988. 

[42] V. Vitek R.C. Perrin, and D.K. Bowen. The core structure of (111) screw dislocations 
in BCC crystals. Philosophical Magazine, 21(173):1049, 1970. 

[43] A. F. Voter and S. P. Chen. Accurate interatomic potentials for Ni, Al and NisAl. 

MRS Symposia Proceedings, 82:175, 1987. 

[44] H. Xiao and I. Baker. Long range order and defect concentrations in NiAl and CoAl. 
Acta Metallurgica et Materialia, 42:1535, 1994. 

[45] Zhao-Yang Xie and Diana Farkas. Atomistic structure and lattice effects of vacancies 

in ni-al intermetallics. Journal of Materials Research, 9, 1994. 

118



[46] Zhao- Yang Xie, Ron Kriz, and Diana Farkas. Visualization of dislocation core structure 

and motion in ordered alloys. In EPD Congress, page 679. The Minerals, Metals and 

Materials Society, 1993. 

[47] Zhao-Yang Xie, Christophe Vailhé, and Diana Farkas. Computer simulation of dislo- 
cation core structure of metastable (111) dislocations in NiAl. Materials Science and 

Engineering A, 170:59, 1993. 

[48] M. Yamaguchi, V. Paidar, D.P. Pope, and V. Vitek. Dissociation and core structure of 

(110) screw dislocations in L12 ordered alloys. Philisophical Magazine A, 45:867, 1982. 

119



Appendix A 

CONVERTING *.dat FILES TO *.pdb FILES 

The following FORTRAN code, Ni1Al2dattopdb.f, was used to quickly generate files in 

the PDB format given the output of the dislocation program dis. This version assumes that 

Ni is the element numbered “1” while Ni is the element numbered “2”. A more sophisticated 

version exists which prompts the user for an element for each number found in the *.dat 

file. 

program dat2pdb 

c This code will convert the output of the various crystal lattice 

c Simulation programs into a .PDB file for CERIUS input. 

c NOTE: this version assumes that i in the *.dat file corresponds 

Cc to Ni and that 2 corresponds to Al. 

Cc Kevin Ternes 

c oct-93 

Cc 

implicit none 

integer i,j,kK,e 

integer datline,nelement (2000) , check 

integer firsttype,lasttype 

integer serial,serial_ref ,serial_refmax 

character*2 element (0: 110) 

real*4 datax(2000) ,datay(2000) ,dataz(2000) 

real*4 dispx(2000) ,dispy(2000) ,dispz(2000) 
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c Initialize: 

element (1) *Ni’ 

element (2) > Al? 

Cc 

Cc 

c Read the data: 

serial_ref=0 

e=0 

do while (e .eq. 0) 

serial_ref=serial_refti 

read(*,11,iostat=e) 

+ datax(serial_ref) ,datay(serial_ref) ,dataz(serial_ref), 

+ dispx(serial_ref) ,dispy(serial_ref),dispz(serial_ref), 
~ 

+ nelement(serial_ref) 

datax(serial_ref) = datax(serial_ref)+dispx(serial_ref) 

datay(serial_ref) = datay(serial_ref)+dispy(serial_ref) 

dataz(serial_ref) = dataz(serial_ref)+dispz(serial_ref) 

serial_refmax=serial_ref-1 

enddo 

11 format (1x,6£12.7,3x,i4) 

12 format (1x,6f£9.5,2d9.2,14) 

c 

c Identify the elements: 

firsttype=100 

lasttype=0 

do i=1,serial_refmax 

if (melement(i) .1t. firsttype) firsttype=nelement (i) 
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if (nelement(i) .gt. lasttype) lasttype =nelement(i) 

enddo 

Cc 

c Generate the PDB file: 

serial=0 

do i=1,serial_refmax 

if (element(i) .ne. ’- ’ .and. element(i) .ne. ’ -? 

& .and. element(i) .ne. ’--’) then 

serial=serial+1 

write(*,8000) serial,element(nelement(i)), 

& datax(i), 

& datay(i), 

& dataz (i) 

endif 

enddo 

close(8) 

8000 format("ATOM ",I5,A3,16X,3F8.3) 

of 

stop ’Ni1_Al2dattopdb? 

end 

122



Appendix B 

EXTRACTING LIMITED DATA FROM A 

* DAT FILE 

The following C code, clipdat.c, was used to quickly extract a subset of data existing 

in a *.dat format file. This not only saved storage space but time as well in transfering 

data from machine to machine. The range of data to be extracted may be specified on the 

command line. It takes zero, one, two or four arguments on the command line. It functions 

as a unix filter. 

/* clipdat, a program to extract a rectangular set of points * / 

/* from a *.dat or *.dax file given the bounds of the rectangle. */ 

/* The program assumes bounds of +/-20 for both axes if no parameters */ 

/* are given. It functions as a filter reading/writing using */ 

/* stdin/stdout. */ 

/* Kevin Ternes, Summer 94 */ 

#include <stdio.h> 

#include <stdlib.h> 

void DisplayUsage(void) ; 

main(int argc, char *argv[]) 

{ 

double lo_x, hi_x,lo_y, hi_y; 

int lines_read=0, lines_written=0; 

char ch; 
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int element=0, i, csw; 

double x,y,z, dx,dy,dz; 

switch(argce-1) 

{ 

case 0: 

{ 

lo_x = lo_y = -20.0; 

hi_x = hi_y = +20.0; 

break; 

t 

case 1: 

{ 

lo_x = lo_y = -atof(argv[1]); 

hi_x = hi_y = atof(argv[1]); 

break ; 

} 

case 2: 

{ 

lo_x = -atof(argv[1]); 

hi_x = atof(argv[1]); 

lo_y = -atof(argv[2]); 

hi_y = atof(argv[2]); 

break; 

} 

case 4: 

{ 

lo_x = atof(argv[1]); 
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hi_x = atof(argv[2]); 

lo_y = atof(argv([3]); 

hi_y = atof(argv[4]); 

break; 

} 

default: 

{ 

DisplayUsage() ; 

exit(1); 

if (hi_x < lo_x || hi_y < lo_y) 

{ 

fprintf(stderr,"\nclipdat: received illegal parameters") ; 

DisplayUsage() ; 

exit(1); 

} 

fprintf(stderr, "\n clipdat: extracting data in the ranges" ); 

fprintf(stderr, "\n x:4f,%f and y:4f,%f\n", lo_x,hi_x,lo_y,hi_y ); 

while( '!feof(stdin) ) 

{ 

scanf("4lf 41f 4lf 4lf Z1lf 41f 4d", 

ax, ky, &z, &dx, &dy, &dz, kelement); 

lines_readt+t+; 

if ( x >= lo_x && x <= hi_x && y >= lo_y && y<= hi_y) 

{ 
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printf (" %412.71f %12.71f %12.71£ %11.71f %11.71f %11.71f d\n", 

x,y,z,ax,dy,dz,element) ; 

lines_writtent+; 

fprintf(stderr, "\n clipdat: Read 4d lines and wrote fd \n", 

lines_read, lines_written) ; 

exit(0); 

void DisplayUsage(void) 

{ 

fprintf(stderr, \ 

"\nclipdat: reads from standard input; \ 

writes to standard output"); 

fprintf(stderr, \ 

"\nusage: clipdat [ dim | dimlo dimhi | \ 

x_lo x_hi y_lo y_hi ]\n"); 

return ; 
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Appendix C 

GRIDDING OF INVARIANT DATA USING 

PV-WAVE 

C.1 Gridder Shell Script 

The following is a C shell script, gridder, which repeatedly calls the PV- WAVE program 

while invoking the PV-WAVE procedure gridy.pro. It might be simpler to have a self- 

contained PV-WAVE procedure integrating the functions of this script and the gridy.pro 

procedure. 

#!/bin/csh 

# 

set prefixlist = (s1b1f000 siclf000 sid1f000 s2d1f000) 

* 
+
 

*+
 

+
 

+
 

* 
©
 

*#® 
&
 

+t 
FH This script calls the PV-WAVE program once for each element in the 

prefix list above. The list above is the only thing that the user may 

need to change for this script. Each prefix is assumed to represent 

three or four files in a directory, called ../invariant, adjacent 

to the directory in which this script is run. The files $prefix.yx 

and $prefix.yy must exist. If either $prefix.yi and/or $prefix.y2 

exists, a file containing the gridded data, $prefix.grid.y1 and/or 

$prefix.grid.y2 along with $prefix.grid.yi.fld and/or 

$prefix.grid.y2.fld are generated which are ready to be read by the 

read_field module in AVS. 

-Kevin Ternes, Spring 94 
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foreach prefix ( $prefixlist ) 

echo;echo;echo $prefix 

cp 

cp 

if 

../invariant/"$prefix".yx a.dat 

../invariant/"$prefix".yy b.dat 

(-w ../invariant/"$prefix".yi ) then 

echo 

echo $prefix ?*** Y1 ##*? 

cp ../invariant/"$prefix".y1 c.dat 

wave ./gridy 

mv -f abcgrid.abc "$prefix" .grid.y1 

/bin/rm -f c.dat 

set out = "$prefix" .grid.y1.fld 

echo "# AVS field file" 

echo "#" 

echo "# this header enables subsequent data to" 

echo "# be read via the AVS read field module." 

echo "#" 

echo ndim=2 

echo dimi=200 

echo dim2=200 

echo nspace=2 

echo veclen=1 

echo data=float 

echo field=uniform 

>> 

>> 

>> 

>> 

>> 

>> 

>> 

>> 

>> 

>> 

>> 

echo variable 1 file="$prefix".grid.y1 filetype=unformatted >> 

endif 

if (-w ../invariant/"$prefix".y2 ) then 
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! gout 

$out 

$out 

$out 

$out 

$out 

$out 

$out 

$out 

Sout 

$out 

$out 

Sout



echo 

echo 

cp 

wave 

$prefix %*kk Y2 #kx? 

./invariant/"$prefix".y2 c.dat 

./gridy 

mv -f abcgrid.abc "$prefix" .grid.y2 

/bin/rm -f c.dat 

set out = "$prefix". grid.y2.fld 

echo 

echo 

echo 

echo 

echo 

echo 

echo 

echo 

echo 

echo 

echo 

echo 

echo 

endif 

/bvin/rm 

end 

"# AVS field file" 

ng 

"# this header enables subsequent data to" 

"# be read via the AVS read field module." 

uge 

ndim=2 

dim1=200 

dim2=200 

nspace=2 

veclen=1 

data=float 

field=uniform 

>> 

>> 

>> 

>> 

>? 

>> 

>> 

>> 

>> 

>> 

>> 

variable 1 file="$prefix".grid.y2 filetype=unformatted >> 

-f a.dat b.dat 
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' gout 

$out 

$out 

$out 

gout 

$out 

$out 

$out 

$out 

$out 

$out 

$out 

$out



C.2  PV-WAVE procedure gridy.pro 

The following is a PV-WAVE procedure, gridy.pro which may be called by the script 

above, or with a small modification, be called from within PV-WAVE. To call from within 

PV-WAVE, the exit on the last line should be removed. The details of the PV-WAVE 

Command Language may be found in the 7PV- WAVE Command Language Reference” [33]. 

pro gridy 

; PV-WAVE procedure to determine the number of data points within 

; the invariant data files a.dat, b.dat, c.dat and grid that data 

; Writing to a FORTRAN style unformatted file, abcgrid.abc. 

; -Kevin Ternes, Spring 94 

; Open the input files and an output file: 

openr,i,’a.dat’ 

openr,2,’b.dat’ 

openr,3,’c.dat’ 

openw,4,’abcgrid.abc’ 

; Determine the number of lines=data points in the input 

; and appropriately define the arrays: 

Command = ’nl a.dat’ 

SPAWN, Command, str_result 

npts= N_ELEMENTS(str_result) 

print, ’gridding’, npts, ’ data points...’ 

a=fltarr(npts) 

b=fltarr (npts) 

c=fltarr(npts) 
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; Read the data: 

readf,i,a 

readf ,2,b 

readf ,3,c 

; Create uniform grid from sparse data (a,b,c) 

w=intarr (200,200) 

w=grid(a,b,c,nx=200 ,ny=200 ,nghbr=10) 

; Write uniform grid to output file 

writeu,4,w 

; Create contour plot from uniform grid 

window,1,xsize=500, ysize=500 

contour ,w,nlevels=15,back=255, color=0 

close,1 

close,2 

close,3 

close,4 

, 

; Comment out the following line to prevent WAVE from 

; automatically exiting when this procedure is called. 

exit 
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Appendix D 

ACTUAL PROCEDURE FOR USE OF THE 

AVS NETWORK 

These instructions presume some familiarity with AVS such as might be obtained by 

going through the tutorials included in the AVS manuals [2, 3, 4]. 

1. Launch AVS and its Network Editor. 

. Toggle the “disable flow executive” button to disable if it is not already set so. 

. Click read network and browse to the appropriate network filename and load. 

. Enable/Disable any modules which will or will not be used if they are not by default 

in the correct mode. 

. Check to see that the geometry viewer is set to view images using the pixel di- 

mensions desired in the final image to be written to file by clicking “cameras” on 

the geometry viewer control panel and looking at the readout at the bottom of 

the panel. In particular, an even number of pixels (for example, 350x350), must be 

selected here to insure compatibility with certain other image processing programs. 

. Set the filename for the write pict image module. 

. Set the filenames for the read field and pdb to geometry modules. 

. Toggle the “disable flow executive” button to enable. 

. Once the network is finished its initial processing, access the geometry viewer and 

normalize and center each object individually by clicking on the appropriate buttons 
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10. 

11. 

12. 

13. 

14, 

15. 

16. 

17. 

and then making whatever translations are necessary to properly view the image. 

Except for pure edge dislocations, the invariant field may appear to obscure part of 

the lattice. If this is so, it may be individually translated along the negative z-axis. 

Optional for display of a second invariant: Access the “read data” control panel 

of the graph viewer, select the appropriate field file, format the data as desired 

and finally, pass that data on by clicking on the “output geometry” button which 

is grouped on the “write data” panel. Another object will appear in the geometry 

viewer and so more adjustments may have to be made there. 

Click the “horizontal” button on color field so as to trigger the passing of the the 

color bar to the geometry viewer. Click on anything in the label controls so that 

any desired labels also appear. More adjustments to the geometry viewer may have 

to be made so that the labels and other objects do not overlap. Usually, the lattice 

and the strain field will simply need to be simultaneously translated along —z because 
x 

the labels always appear in the z = 0 plane. 

First making sure that the default geometry object is “top”, increase the resolution 

on the geometry viewer to maximum. 

Wait for write pict image to finish, then change the filename for the next image. 

Note that if the name is not changed at this time, subsequent changes in the geometry 

viewer will be written to the PICT file just generated. 

Optionally, check the PICT file with read any image. 

Delete all objects in the geometry viewer. 

Change the filenames in the read field and pdb to geometry modules for the next 

image. 

Repeat this procedure beginning at step 9 for subsequent input data. 
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Certain parameters, such as the color mapping and the operations which will have to 

be performed in the geometry viewer must be customized for each individual dislocation 

geometry to be viewed and should be determined during the first time this procedure is run 

for that particular geometry. Most of these parameters, once found, may be stored with 

the network by saving it under a new file name particular to that geometry. Unfortunently, 

operations taking place in the geometry viewer, such as normalization, centering and 

object placement do not necessarily have their correct positions by default and so must be 

placed by hand for each image. Also, I looked into automating AVS such that it could 

simply be given a series of file names and would then proceed to run through a script of 

instructions operating on each file. As it turns out, the scripting language cannot control 

the geometry viewer and so this may not be feasible. 
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Appendix E 

GENERATION OF AN MPEG FROM OF A 

SERIES OF PICT FILES 

This script is based on a similar script, giftoyuv, written by Mike Butsch which performs 

essentially the same function for GIF files. 

#! /bin/csh 

# 

# This script expects to be given any number of files in the 

# PICT file format and will produce a like number of files 

# in the Abekas split Y, U, and V formats suitable for input 

# to the mpeg codex. 

# ~Kevin Ternes, Spring 94 

# 

echo 

echo "pictstoyuvsplit: Converting $#argv PICT files to file. [YUV]" 

set num = 1 

set limit = $#argv 

@ limitt++ 

while ($num != $limit) 

set file = $argv($num] 

echo "$num Converting $file ..." 

picttoppm $file | ppmtoyuvsplit $file 

@ numt+ 

end 
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echo "pictstoyuvsplit: Finished." 

Once the Abekas files are generated, the following command will then generate the 

MPEG [18]: 

mpeg [-a StartNumber] [-b EndNumber] [-h HorizontalSize] 

[-v VerticalSize] [-PF] ComponentFilePrefix [-s StreamFile] 

where 

-PF is partial frame encoding/decoding... 

is useful for files horizontalxvertical sizes not multiple of 16 

otherwise files are assumed to be multiples of 16. 

-a is the start filename index. [inclusive] Defaults to 0. 

-b is the end filename index. [inclusive] Defaults to 0. 

-s StreamFile denotes the output MPEG filename. 

Dimension parameters: 

~h gives horizontal size of active picture. . 

-v gives vertical size of active picture. 

For example, if the input files are called sla.pictseq1, sla.pictseq2,...,sla.pictseq75, then 

sla.pictseq1.Y, sla.pictseq1.U, sla.pictseq1.V, sla.pictseq2.[YUV] ,..., sla.pictseq75.[YU V] 

would be generated by the picttoyuvsplit script with the command: 

picttoyuvsplit sia.pictseq* 

and then the MPEG could be generated by: 

mpeg -a 1 -b 75 -h 350 -v 350 -PF sia.pictseq -s sla.mpg 

which assumes that the images are 350x350 pixels in size. Note that these pixel widths 

cannot be an odd number. All of the above image processing routines require an even 

number of pixels along both dimensions of the image. Although the mpeg command is 

documented [18] as is the picttoppm command (32], the ppmtoyuvsplit command is not. 

It appears to behave quite similarly to the ppmtoyuv command [6] though. 
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