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(ABSTRACT)

Conventional methods of imparting toughness to ordinarily brittle

thermosetting resins involve the incorporation of a second, discreet

phase. Traditionally, this phase has been either a functionalized

butadiene—acry1onitrile based elastomer or an unreactive thermoplastic.

This dissertation describes the preparation, characterization, and

evaluation of new functionalized polysiloxane elastomer and

thermoplastic modifiers and their morphological implications to the

toughening and physical behavior of, principally, epoxy thermosetting

systems.

Secondary amine-terminated poly(dimethyl-co-diphenyl siloxane)

oligomers were found to be comparable tougheners to acrylonitrile—

butadiene rubbers for a bisphenol-A based epoxy resin. The system that

imparted the highest toughness was comprised of statistically placed 40%

diphenyl and 60% dimethylsiloxane units with a MB of 5000 g/mole loaded

at 15% w/w. This composition resulted in a discreet second phase



consisting of l um spherical particles which were evenly dispersed

throughout the cured epoxy matrix.

Amine·terminated poly(arylene ether ketone) and poly(arlyene ether

sulfone) thermoplastics were reacted into an EPON 828/4,4'·DDS system.

However, the polyketones proved to be ineffective toughening agents due

to an incompatibility resulting in macroscopic phase separation.

In contrast, the functionalized polysulfones were shown to be

effective toughening agents, with the resultant morphology primarily a

function of percent incorporation. At *15% w/w, the polysulfone

separated as l-2um discreet particles while a 30% loading level resulted

in a bicontinuous 'honeycomb' morphology. The amine endgroups were

shown to be necessary in controlling morphology and maximizing

toughness.

The polysulfone oligomers were also incorporated into a graphite

fiber reinforced epoxy composite. Although improved mechanical

properties were achieved, the toughness values were not as high as

predicted by the neat resin evaluation. The morphology was less

definable due to the complex nature and dimensions of the carbon

fiber/matrix interactions.

Finally, melt processing experiments indicated that amine—

terminated polysulfones may act as effective processing aids for brittle

bismaleimide systems, by reacting with the BMI, possibly via a Michael

addition. This results in a chain extension and higher molecular weight

without premature gelation occurring.
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1.0 INTRODUCTION

Over the past few years, there has been a large effort to develop

resins which are suitable as both adhesives and matrix materials for

continuous fiber reinforced composites, This interest is largely due to

the increased use of these materials as replacements for traditional

aluminum and metal alloys in aerospace applications due to their high

strength to weight ratio.l

A composite material can be defined as a material resulting from

the combination of any two or more materials, one of which has superior

mechanical properties but is in a difficult to use form (e,g. fiber,

powder, etc,). The high strength component is usually the

reinforcement, while the other component serves as the matrix in which

the reinforcement is dispersed, The resultant composite is a material

whose stiffness and strength properties can be designed to be near those

of the reinforcement element, but in a form which can thus be handled

and which can easily function as a structural unit. Included in this

generalized definition are all of the reinforced materials including

particulates, fibers, flakes and sheet reinforcements.2 However, great

interest has been focused on continuous fiber reinforced composites,

where the fiber is glass, carbon (graphite), aramid or even aluminum.

The matrix materials utilized are for the most part thermosetting

polymers, the most common being epoxies, certain polyimides and

maleimides, unsaturated polyesters, phenol-formaldehyde systems, etc.

However, thermoplastic polymers such as polysulfones (PSP) or

poly(arylene ether ether ketones) (PEEK), along with ceramics, metals

and carbon, are also used as matrix materials, depending on the
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particular application. As the title indicates, this dissertation deals

principally with thermosetting materials, most particularly epoxy based

systems.

Thermosetting materials in their final network or 'cured' state are

intractable, infusible and insoluble. By their very nature, they are

three dimensional in structure. This topology can produce a number of

desirable properties such as solvent resistance, high strength and

modulus, good oxidative and thermal stability and possibly excellent

adhesive properties. Unfortunately, highly crosslinked materials are

usually characterized as very brittle, which renders them highly sus-

ceptible to both thermal and mechanical shock. Thus, much research time

and money has been spent to create systems which are much less brittle,

but yet still maintain the desirable properties of the unmodified resin.

Various methods are utilized to modify a resin in order to increase

its toughness. The most common utilizes a two—phase morphology, with

the second phase including materials such as elastomers, thermoplastics,

hard inclusions such as graphite particles, glass beads or even voids.

Perhaps the most successful systems have utilized rubber based

modifiers.3

The main focus of this dissertation was to demonstrate the utility

of amine terminated poly(siloxane) based rubbers and the effectiveness

of amine terminated poly(arylene ether sulfones) as toughening agents in

neat resin networks and to further demonstrate the use of these

materials in graphite composites. A brief investigation is also

included which indicates how these materials may be utilized as

toughening agents for other thermosetting systems such as bismaleimides.

‘
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2.0 LITERATURE AND BACKGROUND

2.1 Introduction

The focus of this dissertation is the design use and analysis of a

dispersed secondary phase to toughen an otherwise brittle thermosetting

matrix. Thus, it is logical to first discuss fracture mechanics and to

describe how it is applied to polymeric materials. This section is then

followed by the various toughening mechanisms proposed in the literature

that are believed to decrease brittle behavior in polymeric systems.

Once this has been established, the role of various modifiers will

be explored, with special emphasis on how they are thought to initiate

the various toughening mechanisms. Since the ultimate use of these

materials is as matrix resins for composites, a brief introduction into

composite materials will be given, along with the role of matrix

toughness and how it may be translated into composite toughness.

The last section reviews the thermodynamics of polymer—polymer

miscibility. An important reason for how the various polymeric

modifiers act as toughening agents is the fact that they initially start

out as soluble species in the resin, but during the cure reaction they

phase separate into discreet (at low volume fraction), dispersed

particles of controlled size. Thus, an understanding of this phase

separation phenomenon is critically important to provide a basic

understanding as to how these materials function.

2.2 Fracture Mechanics

Fracture mechanics among other things describe the conditions for
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the propagation of an existing crack. For a small crack in a large

specimen, the crack length enters explicitly into the expression for

"fracture energy", which is intended to eliminate uncertainties about

such flaws.4 The mathematical treatment is based on the material acting

in a linear, elastic manner (thus linear elastic fracture mechanics).

This infers that the material is perfectly elastic (does not yield) and

also obeys Hooke's Law. Thus, the stress is assumed to be proportional

to infinitesimal strains, resulting in a linear relationship between

load and deflection on a loaded body.5 Although this may initially

appear inapplicable to polymeric systems, the application of minor

adjustments to the theory has been performed which yields reasonable and

predictable results.

The foundations of fracture mechanics were first developed by

Griffith,6 who concluded that the strengths of crystalline or glassy

solids were much lower than theoretical values due to the presence of

small defects or flaws. His treatment was based upon the simple

principle that a crack will propagate only if the energy available is

great enough to support its continued growth; that is, the energy is

greater than that needed to create the new surfaces.7

The concept is relatively simple and can be explained by the

following derivation.5’8—1O Starting with a specimen with a crack

(Figure l) where a = crack length and b = thickness, the resulting load-

deflection curve is given (Figure 2, curve i) for an applied load, P.

If one takes the area under this curve, the stored elastic energy, U1)

will be obtained,

ul = zu (2.1)
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where A is the displacement. If the crack grows by an increment, Ga,

this will result in a change in the specimen stiffness. Also, there

will be a change in load (GP) and in deflection (GA), resulting in a new

load-displacement curve (Figure 2, curve ii). As before, the area under

the curve is the stored elastic energy and this can be expressed as:

U2 = Z(P + GP)(A + GA) (2.2)

Thus, the change in stored elastic energy is

6 = 1U U2 U1 (2.3)

The external work done in expanding this crack is shown graphically as

the shaded area in Figure 2, and its area is

W=P'6A+Z6P°6A (2.4)

Gw = (P + %]•6A (2.5)

The change in the energy can be found by

6 2 c ••U U2 ul w (2.6)

which, upon substitution, gives

G(U) = X(AGP — PGA) (2.7)

which is the wedge shaped area between curves (i) and (ii) in Figure 2.

Letting the energy release rate be defined as the energy released

per unit area of crack growth, and referring hack to Equation 2.1, gives

the following equation:

GU 1 GP GA=——-——=-·—-A——·—·· -— 2.8G
b ° Ga 2B

(
Ga P Ga

] ( )

If GC is defined as the energy necessary to grow a crack per unit area,

then fracture can occur when

G 2 —Gc (2.9)

S



FIGURE l: Loaded body containing a crack of length 'a"
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FIGURE 2: Load—de£lection curve of specimen depicted in Figure 1.
Curve (i) indicates initial load deflection, curve (ii)
indicates load-deflection of crack increased to 'a + Aa".
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Thus, initiation will occur when G = GC and will bgcgme unstable ig

(GG/Ga)<O; this leads to the fracture initiation criteria:

1 PGA AGP
Gc s

2B
(

Ga Ga
) (2°l0)

This can then be further expanded by considering the compliance of the

body, C, which is defined by

A
C = (2.11)

Therefore,

GA = PBC + CGP (2.12)

Substituting this relationship into Equation 2.10 gives the following:

G _ (Pcz) (6c) (212)
c (zb) (6a) °

Whéré Pc is the load at the onset of crack propagation. This equation

allows one to calculate values of GC €Xp€rim€¤tally•

There is a second criterion to categorize brittle fracture, which

is referred to as the stress intensity criteria. Before the mathe-

matical expressions are given, it is necessary to define a few terms.

There are two states of stress which are relevent to the fracture

of materials and these take into consideration the geometric

constraints. The first case is defined as plane stress and it is

encountered in materials which are in the form of thin sheets.8'll

Since the stresses normal to the planar surface are zero, then stresses

on planes parallel to these stresses are negligible. As a result of

this, stresses in the direction normal to the plane are almost zero

while the two remaining stressesin the plane of the body are finite.

8



The second situation involves thick specimens, where the strain in

the normal direction tends toward zero. This is referred to as plane

strain. This is encountered in constrained conditions around crack

tips.8 For situations of constant volume, Williamsll derived the

following relationship,

03 = X(0l + 02) (2.14)

In terms of the manner in which the stress is applied, there are three

methods of testing commonly referred to as Mode I, Mode II, and Mode

III.

Mode I is depicted as simple tension, Mode II is in—plane shear,

while Mode III is out-of—plane shear. These are shown schematically in

Figure 3.12 The definitions can then be used to describe the results

obtained by Griffith. He showed that the strain energy release rate,

that is, the energy released per crack area, can also be found by

integrating the product of stress and strain in each element of the

plate, from the distribution calculated by Ing1es.7'2O This yielded the

following relationship:

-6V =
ozna

——- —-— (2.15)
6a E

which is valid for the case of plane stress. However, as the plate

becomes thicker, the component of stress in the thickness direction

becomes important, thus the resulting relationship for plane strain

becomes:

-6V 02na
— ‘ —— (l—v2) (2.16)

6a E

9



FIGURE 3: Three modes of testing: Mode I - simple tension; Mode II ·
in-plane shear; Mode III — out—of-plane shear.

10



where v = Poisson's ratio, which is approximately 0.4 for glassy

7
polymers.

Keeping the above definitions in mind, the stress intensity

. . 13 . . . 14,15
criteria, as developed by Westergaard , and modified by Irwin

states that when a large plate is loaded perpendicular to the crack

7 1
plane, the stresses are given as '

6

K cos(6/2)

011 =
-—————-———- [1-[sin(6/2)][sin(38/2)1] (2.17)

¢2nr

K cos(B/2)

022 =
—-—————————— [l+[sin(6/2)][sin(38/2)1] (2.18)

/2wr

K cos(9/2)

012 = ———-———————- [sin(9/2)][cos(36/2)] (2.19)
¢2nr

613 = 023 = 0 (2.20)

. . 7
These can be seen in Figure 4.

For the case of plane strain,

2vK cos(6/2)
0
=33

¢2wr

and the case of plane stress,

033 = O (2.22)
. . . . . 17-19

where K is defined as the stress intensity factor and is related by

equation 2.23

2K = 0(na) (2.23)

when, and only when, the radius of the crack is much less than the

ll
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FIGURE 4: Orientation of stress field preceeding a crack front.
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actual crack length. This is the case for cracks which are termed

'infinitesimally sharp".

For a situation where the testing is done in an opening mode,

xl 2 xlc (2.24)

Where KIC is described as opening mode fracture toughness, or simply,

7 . . . .
fracture toughness Likewise, KIIC and KIIIC déS¢Il E téstlnq ln ln

plane shear and out of plane shear, respectively.

The subject of specimen thickness should be readdressed. As

described, if the sample is too thin, then plane stress conditions

arise; as the thickness increases, the system falls into the plane

strain regime. This is shown graphically in Figure 5, where the stress

intensity factor asymptotically approaches KIC
f¤I plane Strai¤• This

critical thickness is a factor of the specific material. The thickness

can be approximated by iterating the following equation:

KI. 2
b 2 2.5(—-——] (2.25)

¤
Y

where oy is the yield stress.8 The thickness can then be determined by

an iterative process intil constant KIC valges are obtained,

A relationship between KI and GI can be found by going back to the

equations Griffith derived for G. By substituting the expressions for K

(equation 2.23) into those for G (equations 2.15 and 2.16), the

following are obtained:

K 2
am = —&— (2.26)

E
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FIGURE 5: Stress intensity as a function of specimen thickness.
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KIC2

cm = —— (l·v2) (2.27)
E

where Equation 2.26 is for plane stress and Equation 2.27 is for plane

Sttai¤• The GIC values can be calculated from KIC and vice·versa.

There are various testing geometries utilized to obtain these

toughness properties. An extensive list of these can be found in

Reference 12, which also gives the necessary equations and restrictions.

The most common geometries utilized are shown in Figure 6.7 Each

specimen design has its own advantages and disadvantages, with the

single edge notch being the simplest.

The most critical factor in any type of fracture toughness testing

is that the crack is sharp. This can sometimes be the most difficult

aspect of the testing. In the case of the notched specimens and the

three point bend sample, the crack is usually introduced with a sharp

razor blade, which has been chilled with liquid nitrogen in insure that

the region at the crack tip is elastic in nature. The razor blade is

either slowly forced into the sample or sharply rapped, either method

introducing a desirable type crack. However, this technique sometimes

results in an uncontrolled crack which prematurely fails the specimen.

The double cantilever beam type geometries eliminate this problem

because the crack area is long enough to generate multiple fracture

values from a single specimen. However, the specimen must be carefully

prepared before testing and it requires a large amount of material.

In all cases of testing, outside variables which will vary the

results obtained must be taken into account. These include the rate of

15
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FIGURE 6: Common specimen geometries for fracture toughness testing.

A: Single edge notch (SEN); B: Double edge notch (DEN); C:
Double cantilever beam (DCB); D: Tapered DCB; E: Wedge
opening load (WOL); F: Three—point bend (BPB).
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testing, temperature, thermal history of the specimen and even the

orientation of the polymer, in the case of samples which were injection

molded.

The J—integral method is an an alternative approach to assessing

the toughness of a cracked body. This applies to materials which cannot

be regarded as linearly elastic (i.e. undergo plastic deformation) and

is found in an analogous manner to that of the strain release rate, G.

It expresses the change in potential energy when a crack is extended.l7

The derivation of this test will not be described in this dissertation,

since the materials encountered here are considered to behave in a

linear—elastic manner.

2.3 Mechanisms of Toughening

There is a great deal of controversy as to which mechanisms are

responsible for the toughening of thermosetting materials, especially

those which have achieved their toughness by the incorporation of a

second phase (e.g. rubber). However, it is widely agreed that the

toughness is due to some sort of alteration of the deformation

mechanism. These can be classified into two processes, the first is a

shear process and the second being a cavitation process. In the former,

the most common examples are diffuse shear yielding and localized shear

band formation and these are found to occur without the loss of

intermolecular cohesion, resulting in little or no density change. The

latter process includes such mechanisms as crazing, void formation and

fracture. These do result in significant losses of density due to a

17



decrease in intermolecular cohesion.7 The two most common mechanisms,

shear yielding and crazing, will be dealt with in a detailed manner.

2.3.1 Shear Yielding

Shear yielding in polymers has much in common with ductility in

metals. In polymers, the yielding may be localized into shear bands

which are regions of high shear strain, less than lum in thickness.5

It is an important phenomenon. In fact, it is the main factor

which limits the strength of a polymer if brittle fracture is

suppressed. A polymer must have a high yield stress in order to be

strong and if bulk, homogeneous yielding does occur, the polymer is

likely to be tough. It is also thought that microshear yielding plays

an important role in the initiation of cracks. Finally, even in the

most brittle polymers, it is believed that localized shear yielding

occurs in the vicinity of the crack tip.8

Shear yielding, i.e. the onset of large scale intersegmental

displacements within a non·oriented thermoplastic polymer, has a

distinct effect on the stress-strain curve. In tensile tests, a drop in

engineering stress is usually observed and the yield point defined as

the point of maximum load (Figure 7).21 It is termed an intrinsic yield

point as it is intrinsic to the material and should not be a function of

any of the geometrical features of the test.8

The yield behavior of polymers is very dependent upon the

temperature and the rate of testing. Generally, the yield stress

increases as the temperature is decreased or the strain rate, Ä,

18
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FIGURE 7: Typical stress—strain curve for a polymeric displaying
yielding behavior.
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increased. This is based upon the Eyring theory22'23 of viscosity,

which assumes an activated rate process. This model describes an energy

barrier which must be surmounted, and is, because random thermal

fluctuations ensure that the thermal or kinetic energy of an atom or

molecular segment varies in time. The model shows that this barrier can

be reduced in the forward direction when stress is applied, yet it

increases in the reverse direction. It also assures that the

macroscopic strain rate is proportional to the net jump rate. Thus,

this theory gives the following relationship between strain rate, 6, and

app1iad Strass, go in the region where yield occurs:

_ AE*-»*|¤ |
6 = AE exp[— ——————···2——) (2.28)

RT

where AE is a constant, R is the gas constant, AE* is the potential

energy barrier and v* is the activation volume. This can be rearranged

to give:8

¤y AE* R-——- = ———— + ——— ln(é/AE) (2.29)
T v*T v*

Along with the Eyring model, which is a quantitative analysis of

yielding, there are some other ideas which are based upon the molecular

structure of polymers. The first suggests that the effect of applied

stress is the reduction of the glass transition temperature (T9) until

at the yield stress the Tg is reduced to the test temperature.28'32 It

is at this point that the chains become fully mobile and yield occurs.

A second model, which also helps explain the Tg model, is that

stress increases the free volume of the sample and this free volume

permits the increased mobility of the chains.28'33-37 The main drawback

20



with this approach is that an increase in total volume does not appear

to occur, in fact it appears that there is a slight decrease. Thus, the

only way that this could be valid is if an increase in free volume does

not result in an increase in total volume.38

A last model, supported by various workers,39_42 describes yield as

a progressive breakdown in interaction points between adjacent

molecules, either geometrical entanglements or secondary valence forces

of some kind. This appears to be a likely explanation for yield, but it

is not clear to what extent this breakdown must occur before generalized

yielding takes place.38

There are two main reasons for strain localization to occur. The

first is purely geometrical and is usually observed in tensile tests.

When the stress and strain are concentrated in an area of the tensile

specimen where the cross—sectional area is less, the area is

preferentially reduced here. The true stress continues to rise while

the nominal stress (load/original area) may remain constant.

Eventually, however, molecular orientation within this region gradually

increases the resistance to further deformation and provides a mechanism

for stabilization.7

Strain softening is the second, more common, cause of inhomogeneous

deformation. It may be defined as a fall in the true stress as

deformation takes place at yield. It is seen in tests such as

compression24'25 or shear.26'27 All isotropic amorphous glassy polymers

exhibit some strain softening, although the degree varies with the

structure of the polymer.8 A high degree of strain softening in a

glassy polymer leads to the formation of shear bands, which are thin
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planar regions of high shear strain. They are initiated in regions

where there are small inhomogeneities of strain due to internal or

surface flaws, or to stress concentrations. Beyond the yield point,

these regions have a lower resistance to deformation than the

surrounding material, with the result that the strain inhomogeneity

increases, and strain softening further lowers the shearing resistance

of the material within the incipient band. The material at the tip of

the sheared zone becomes strained and softened, causing the band to

propagate along a plane of maximum resolved shear stress.7

In order for yield to occur, a yield criterion must first occur. A

yield criterion expressed in terms of stress can be represented as a

surface surrounding the origin in principal stress space. As the stress

is increased from zero (the origin), yield does not occur until the

stress has reached some point on the surface. For polymers and other

materials whose properties are time-dependent it will, in general, be

necessary to specify the loading path, although in particular cases it

may be possible to show that the exact path is unimportant. For

isotropic materials, there can be no distinction between the three

principal stress axes, and consequently the yield surface must have

three fold symmetry about the hydrostatic line, 01 = 02 = 03.28

There are various criteria which describe the stress state. The

simplest is the Tresca yield criterion. It is based on the simple

concept that yield will occur when the resolved shear stress on any

plane ir the material reaches a critical value. This can be stated by:

61 -03 = 21T (2.30)
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where vl and 03 are maximum and minimum principal stresses,

respggtively, and 1T is the critical shear stress which is a material

constant. It can be seen as a hexagonal prism in principal—stress space

. . . . . . 28
with its axis lying along the hydrostatic line.

A more complex criterion was developed by Von Mises which deals

with the discontinuities at the corner of the hexagonal Tresca yield

surface. For this case the surface can be described as:

2 2 2 2 2
' ' ' = =

2•3(01 02) + (02 03) + (03 01) 6tm 9t°ct ( l)

where im is the shear stress for flow in pure shear. Simply stated, for

linear elastic materials, yield will occur when the elastic shear strain

energy density reaches a critical va1ue.28

There are also other criteria which are modifications of the above,

along with more complex derivations. But it is unnecessary to list them

all here. Generally, each test can be shown to be valid for different

polymers and then be made to fit by varying test conditions. Tests on

29 . . 30poly(methyl methacrylate) (PMMA) and poly(vinyl chloride) (PVC) have

been shown to fit the Von Mises criterion, while polystyrene was shown

. . . . . 31to fit a modified Tresca criterion.

2.3.2 Crazing in Polymers

The alternative mechanism of deformation is craze formation, which

can be described as a localized yielding process and the first stage of

fracture. When a tensile stress is applied to a glassy polymer, small

holes form in a plane perpendicular to the stress, to produce an
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incipient crack.7 It is at this point that the similarity between

cracks and crazes ends. When these voids coalesce, these holes are

stabilized by the fact that they are linked by material called fibrils.

Because of the fact that these regions are not completely void of

material, crazes are able to bear a load.

The first distinction between cracks and crazes was made in 1949 by

Sauer et. al.43'44
when they showed that polystyrene specimens were

capable of sustaining tensile stresses of 20 MN/mz even when the

specimens appeared to contain thickness cracks. On the basis of x-ray

diffraction studies, they concluded that the 'cracks" contained oriented

polymer molecules, which were responsible for the observed strength.

The significance of this work was net generally appreciated until about

10 years later, when independent studies by Bessenov45'47 in Russia and

Spurr and Niegisch48 in the United States revealed the microstructure of

crazes. The subject was finally placed on a firm foundation by

Kambour,49_53 who characterized the structure and properties of crazes

in a classic series of papers.7

It is important to discuss the phenomenon of crazing because it is

often a precursor to brittle fracture. This can be attributed to the

fact that although considerable plastic deformation and local energy

adsorption are involved in craze initiation, growth and breakdown, this

micromechanism is often highly localized and confined to a very small

volume of the material. However, it should be recognized that if stable

crazes can be initiated in a comparatively large volume of the polymer,

i.e., multiple deformation mechanism, then such multiple crazing may
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lead to a tough, and possibly even ductile, material response.8 Thus,

the subject of crazing has been intensely researched.

In terms of brittle fracture, cracks usually grow and then

propagate through crazed material. They usually occur in amorphous,

glassy polymers such as polystyrene (PS), po1y(styrene-acrylonitrile

copolymer) (SAN), poly(methyl methacrylate) (PMMA), poly(vinyl chloride)

(PVC), polysulfone (PSU), polyphenylene oxide (PPO), and polycarbonate

(PC). But they are also found in semicrystalline ones (polyethylene

(PE), polypropylene (PP), polyethylene terephthalate (PET), and

polyoxymethylene (POM)). Crazes have also been reported to be observed

in epoxy54 and phenoxy55 resins.2l

2.3.3 Formation of Crazes

Although there has been a considerable amount of research on the

various aspects of crazing, there has been no exact agreement on the

mechanism of craze initiation.2l In single phase materials, crazes are

usually initiated at surface imperfections such as flaws, cracks or

scratches, or at internal defects such as air bubbles, dust particles or

molecular inhomogeneities. These defects provide the stress

concentrations necessary for the formation of the initial microvoids,8

and these are explained in detail.56'57

It is generally believed that the initiation of a craze depends

simultaneously upon three groups of variables characterizing

respectively: the macroscopic state of stress and strain, the nature of

defects of heterogeneity in the matrix, and the molecular behavior of

the polymer in the given thermal and chemical environment. In focusing
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on particular variables, five conceptually different approaches to

. . . . . . S8-61describe craze initiation emerge. These are based on stress bias,

critical strain,62_64 fracture mechanics,65_67 molecular orientationöa-

- 2170 and molecular mobi1ity'7l 73 respectively.

It has been proposed that craze initiation occurs in two stages.72

In the first stage, microvoids form at stress concentrations produced

when microshear bands, initiated by the shear stress and thermal

motions, are arrested at molecular level heterogeneities. Thus at an

applied load, below bulk yield, the polymer undergoes a stable thermally

activated cavitation in regions of stress concentrations and this

produces microvoids of about 10 nm in diameter. In the second stage,

visible craze nuclei form during a comparatively short time governed by

the rate of plastic expansion of the microvoids. This occurs when the

local porosity reaches a critical level, which is dependent upon the

hydrostatic tensile stress available to produce plastic void

interaction, so that plastic cavitation becomes possible by unloading

the elastically strained surroundings. This produces a craze nucleus

, 8
that reflects light.

It is also important to look at the sample structure and morphology

. 74,75to determine the cause of crazes, and the structure of the surface

is the most important, The following features of the surface enhance

. 21
the formation of crazes:

1) Defects and/or contaminations are preferentially found at the

. . . . . 76,77surface, enhancing craze initiation there.

2) Injection molded or machined samples mostly contain a surface

26



structure which differs from that of the bulk, resulting in

crazing.68'77

3) Molecular chain segments in surfaces have a higher degree of

mobility.78

4) Environmental attack begins at the surface and penetrates from

there.

Other factors such as orientation also influence the susceptibility

of a material to undergo crazing. The relationship between crazing and

molecular orientation was pointed out in a study utilizing PMMA.79 The

authors showed that drawn PMMA (i.e., oriented) exhibits a high

resistance to crazing when the stress is applied parallel to the

orientation direction and a low resistance to crazing at 90°. The

stress required for craze initiation increases linearly with the degree

of anisotropy, as measured by the birefringence of the polymer. Because

of the anisotropy of modulus, the principal axes of stress and strain do

not coincide in the general case, and the craze normals lie at an angle

to the applied stress direction.7 The authors79 also pointed out that

the shape of the crazes varied with the orientation. For the situation

where the stress as applied parallel to the orientation, large numbers

of short, thin crazes formed. On the other hand, if the stress is

applied perpendicular to the orientation, a few long crazes will

develop.

2.3.4 Solvent Crazing

A more specialized case of crazing develops when a polymer is

subjected to liquids which have solubility parameters close to the
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polymer. This phenomenon is also referred to as environmental stress

crazing. In general, the liquids are non-solvents for the polymer, and

have no significant effect upon the unstressed polymer. Also, the low

stresses that are involved would not ordinarily have any effect on the

uninfluenced polymer. As a matter of fact, the stresses due to

molecular orientation are a primary cause of solvent crazing for systems

that have not been subjected to any external stresses.?

The structure of environmental crazes differs from those formed

without any solvent, that is, in air. The most obvious and important

addition is that the environment can swell and plasticize the craze

fibrils and the layer of bulk polymer immediately adjacent to the craze

surfaces. The structure of a craze in a glassy amorphous polymer such

as styrene can depend markedly on the decrease in glass transition

temperature of the fibrils produced by this plasticization.8O An

example of this is polystyrene subjected to methanol and n-heptane.

Methanol, which is a non-solvent, lowers the Tg by only ~l0°C to a value

of ~90°C at equilibrium and the resulting craze structure looks similar

to crazes which form in air. However, n—heptane, which is more solvent-

like, lowers the glass transition temperature to “60°C. Thus, n-heptane

can be categorized as a strong plasticizer. The resulting craze has a

very low fibril volume fraction, and they are much coarser than those

found in either methanol or air.8l

To further elucidate the effect of the Tg, the same samples which

were subjected to n-heptane were tested at temperatures below room

temperature. It was found that as the growth temperature was reduced,

the size of the fibrils became finer. At a temperature approximately
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60°C below the Tg of the fibrils, the structure of the craze was similar

to those formed by methanol, which when tested at room temperature, is

also approximately 6o°c below the Tg of the fibrils.8l This indicates

that the structure of the craze is a function of the glass transition

temperature of the polymer.

2.4 Methods of Toughening Polymeric Systems

The previous sections discussed mechanisms in which a polymeric

system is toughened. However, these various mechanisms are a function

of many parameters and are therefore uncontrolled. Thus, it is the goal

of much research to deliberately force a system to undergo these

deformations in a controlled and advantageous manner. This is

accomplished by adding a second, dispersed phase, which will increase

the toughness with a minimal decrease in other desirable mechanical

properties. The most common modifiers are rubber based materials;

however, other materials such a thermoplastics, rigid fillers and even

voids are introduced to a brittle system to impart toughness. These

will be discussed individually, along with the most accepted use of

rubber based toughening agents.

The earliest recorded patent utilizing rubber as a toughening agent

was issued in 1913.84 A solution of natural rubber in styrene was

polymerized. Similarly, Ostromislemskygs utilized a comparable blend

but emphasized its improved impact resistance. In terms of the

modification of thermosets, which is the subject of this dissertation,

high impact phenolic molding compounds were produced in the l940's by
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adding acrylonitrile butadiene rubbers (NBR) to the novolac prepolymers

before gelation and molding. This toughening technique was further

extended to epoxy resins by Sultan and McGarry86 in the 1970's.

Goodrich now produces a specific additive87 (Hycar CTBN) which is a

carbonyl-terminated acrylonitrile-butadiene copolymer which is

specifically manufactured for this purpose.88

As a result of these early developments, there has been a

tremendous amount of work looking at rubber modified thermosets; the

mechanism of toughening, the type of chemistry which will make the best

toughening agents and ways of improving this method.

2.4.1 Mechanisms of Toughening

Various mechanisms have been proposed to account for the overall

toughness in an otherwise brittle matrix when a second, rubbery phase is

dispersed in it. These include crack bridging by rubber particles

intersected by the crack89 and enhanced plastic deformation of the

polymer matrix, induced by the particles.9o The former mechanism exerts

a direct influence on the stress intensity factor, K, and on the local

¢¥a¢k PY¤Pa9ati¤¤ Y@SiSta¤¢@, KIC, of the material. The latter

influences toughness by means of events occurring in a process zone9l_93

such as phase transformation, plastic hole growth, etc. These

mechanisms are usually a function of the size of the process zone.94

The earliest theory of the mechanism of toughening in rubber

modified plastics was proposed in 1956 in a study of high impact

polystyrene.95 They observed that there was an increase in volume and a
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marked increase in whiteness or opacity accompanied by the elongation of

the material. They concluded that these phenomena were associated with

the production of a multiplicity of tiny cracks. The authors suggested

that the function of the rubber particles was to bridge the cracks and

thus prevent the cracks from growing to a catastrophic size. They also

concluded that the energy absorbed in fracture was attributed to the sum

of the energy to fracture the glassy matrix and the work to break the

rubber partic1es.8

A more advanced theory, derived by Bucknall and Smith in 196596 is

termed the multiple crazing theory, and was a development of the Merz-

Claver-Baer microcrack theory. The important feature was that stress-

whitening was not attributed to cracks but to crazes. This was derived

from the work of Kambour,97 where he had shown that crazing almost

invariably preceeded fracture in glassy polymers and was the mechanism

responsible for the high fracture surface energies measured by Berry in

experiments on polystyrene and poly(methyl methacrylate).98 The

multiple crazing theory emphasizes the role of the matrix polymer in

deformation and energy absorption and as a result, resolves a number of

the difficulties inherent in the earlier microcrack theory.7

The basis for this theory is that the rubber particles both

initiate and control craze growth. When the specimen is subjected to

tensile stress, crazes are initiated at points of maximum principal

strain, which are usually found near the equators of rubber particles

and propogate outward, again following planes of maximum principal

strain. Craze growth is terminated when the stress concentration at the

tip falls below the critical level for propagation, or when a large
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rubber particle or other obstacle is encountered. The result is a large

number of small crazes, in contrast with the small number of large

crazes formed in the same polymer in the absence of rubber particles.

In fracture mechanics terms, the flaw size is reduced from several

millimeters to a few microns or less. Consequently, the material can

reach a much higher strain energy density before fracture. Dense

crazing thoughout a comparitively large volume of material accounts for

the high energy adsorption in tensile and impact tests.7

2.4.1.1 Shear Yielding

A second mechanism, which has been shown to explain the toughening

in rubber modified polymers, can be attributed to shear yielding. As

previously explained, shear yielding is a mechanism found in single

phase systems which contributes to toughening and can be enhanced by the

incorporation of a second dispersed phase. The evidence for shear

yielding was first seen by the mechanical property and optical

microscopy studies on acrylonitrile-butadiene-styrene (ABS) systems.99

In these studies the authors revealed that in uniaxial tensile tests,

necking, drawing, and orientation—hardening, indicating shear yield

deformations, occured and that the matrix had undergone localized

plastic deformation around virtually every rubber particle.8

In their study, Newman and Strellagg suggested that the principal

function of the rubber particles is to produce sufficient triaxial

tension in the matrix so as to increase the local free volue and hence

enable extensive shear yielding and drawing of the matrix to initiate.
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They recognized that spherical voids, which have a somewhat higher

stress concentration at the equator, and although the stress is only

biaxial in this region, could also initiate shear yielding of the

matrix. They postulated, however, that rubber particles could also act

as crack stoppers thereby offering an alternative explanation as to why

voids are generally much less effective than rubber particles in

toughening plastics.8

Although shear yielding undoubtedly contributes to toughening in

some rubber modified plastics, the detailed mechanism outlined above is

not supported by the evidence now available. It has been shown that

triaxial tension promotes crazing and brittle failure rather than shear

yielding, and that shear yielding takes place only well below the glass

transition temperature even in non—dilatational stress fields. Rubber

particles initiate shear deformation by producing local increases in the

octahedral shear stress, rather that by modifying the relaxation

behavior of the matrix polymer.7

On the other hand, two detailed studies have seen the mechanism of

shear yielding, but offered a slightly different explanation. In the

first study,1oO the authors employed electron microscopy, light

scattering and optical microscopy techniques to study the deformation

mechanism in rubber modified polyvinyl chloride. They concluded that

the dispersed rubber phase initiated microshear bands at an angle of 55°

to 64° to the direction of the applied stress, depending upon the

particle size of the modifier in the blends. They were unable to

explain the deviation of the shear band angle from 45°, i.e., the angle

at which the maximum shear stress operates. Cavities were also found to

33



be initiated in the rubber particles and were aligned along the shear

bands. This cavitation of the rubber particles obviously explains the

stress whitening. These findings led to the suggestion that multiple

shear yielding deformations, accompanied by the initiation of cavities,

might not be limited to toughened PVC and they verified that ABS could

show similar cavitation, without crazing being involved.?

In the second study, Donald and Kramerlol employed transmission

electron microscopy to study the deformation in thin films of two ABS

polymers possessing different particle size distributions. They found

that in the material having small rubber particles of about 0.lum in

diameter, crazing was not initiated but shear deformations, promoted by

rubber particle cavitation, were the major toughening mechanism. In the

material with large particles, about 1.5um in diameter, these larger

particles acted as more favorable sites for craze initiation.

2.4.1.2 Crazing

Bucknell and Smith,1O2 while studing high impact polystyrene (HIPS)

with optical microscopy, concluded that the function of rubber particles

is to initiate multiple craze growth in the polystyrene matrix. Later

studieslo2·1ll have examined the sections of various rubber toughened

polymers in the transmission electron microscope, utilizing the

technique of staining the unsaturation of the rubber with osmium

tetroxide, and such work has clearly confirmed that crazes frequently

initiate from the rubber particles.7
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The role of the rubber particle in terms of crazing has been

described as being involved in two separate but equally important

functions.8'l02'lO3 First, when subjected to a tensile stress, crazes

are initiated at points of maximum triaxial stress concentrations, which

are usually near the equators of the rubber particles. The crazes then

grow approximately normal to the applied stress, although deviations may

occur because of interactions between the particles' stress field.

Second, the rubber particles are craze terminators, preventing the

growth of very large crazes. Poor termination means that large crazes

are produced which could act as sites for premature crack initiation and

growth. Thus, the result is that a large number of small crazes are

generated, in contrast with the small number of large crazes formed in

the same polymers in the absence of rubber particles. The multiple

crazing that occurs thoughout a comparatively large volume of rubber

modified material explains the high energy absorption in fracture tests

and the extensive stress whitening which accompanies deformation and

failure.7

2.4.1.3 Dilatation

A third method of toughening by rubber particles involves a

debonding of the rubber from the matrix, resulting in a dilatation

effect. Initially, crack growth is generally accompanied by the

development of a whitened material over the crack surfaces.1l4 This

zone is considered to contain void space (that affects light absorption,

thus the whitening) in the form of either debonded or cavitated rubber
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precipitates. The creation of voids requires that dilatation be

occuring within this zone, resulting in a toughening process similar to

the effects of dilitation in transformation and microcrack

toughening.93'l15 Secondly, the nonlinear stress-strain curves obtained

in these materials are indicative of macroscopic plasticity.

Furthermore, observations of shear bands between rubber precipitates in

deformed material suggests that deformation occurs heterogeneously. The

shear deformation constitutes an additional source of toughness (see

previous section) which is analagous to toughening by mechanicalllö

twinning.94

The debonding or cavitation of the rubber precipitates are assumed

to be initiated by plastic flow, as the precipitates enter the crack tip

plastic zone. The net dilitation is then presumed to be plastically

dominated, similar to plastic hole growth in meta1s.9l This

dilitational toughening is associated with the plastic work expanded by

the volume expansion of the porous plastic zone. Specifically, as each

volume element approaches the crack tip, a nonlinear volumetric

expansion occurs in response to the mean stress. Furthermore, elastic

unloading of the element occurs in the wake, behind the crack tip, as

dictated by the bulk modulus of the porous material. The resultant

hysteresis in the stress-strain curve determines the change in the

energy release rate induced by the dilitation.94

' 36



2.4.1.4 Rubber Toughening in Epoxy Resins

Up to this point, all the rubber toughening discussed utilized a

thermoplastic matrix such as polystyrene. Since the emphasis of this

dissertation is toughening of thermosetting resins, specifically those

which are epoxy based, it it worthwhile to discuss the effects of rubber

modifiers on these materials.

It is now well known that epoxy resins can be toughened by an order

of magnitude or more by the use of rubber modifiers. However, the

actual mechanism of this toughening is under dispute. Much of the

. . 118-120dispute surrounds the issues of whether the rubber or the

. 120-128 .matrix absorbs most of the energy, and whether the matrix

. . . 120 123-129undergoes massive crazingl2l'l22'l27'l28 or simple voiding. '

Thus, it is seen that this phenomenon is more complex in crosslinked
_ _ _ 129

systems than in linear thermoplastics.

The existence of crazing in highly crosslinked materials such as

epoxy resins is under much debate. In rubber modified thermoplastics,

as previously described, Bucänallg proposed that massive crazing and

shear flow are the two energy absorbing mechanisms. In their analysis,

they assume that shear flow creates no volume change, whereas crazing

does. They found that in rubber modified epoxies, volume strain (which

they attributed to crazing) increased with rubber content, as did

fracture toughness, and they concluded that a combination of shear flow

and massive crazing were the toughening mechanisms. However, other

130-132 . . .workers have found that volume dilatation cannot be unambiguously

and exclusively attributed to crazing; voiding can also cause volume
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dilatation.l33 These later results indicate that other types of

evidence for massive crazing must be presented to corroborate the volume

strain data. In fact, doubts as to the existence of crazes in a tightly

crosslinked glassy polymer have been voiced by several

authorsll8’ll9'l34'l3S despite reports of their having been

observed.l28'136'l37 As far as the toughening mechanism is concerned,

the real question is not whether crazes exist in crosslinked glassy

polymers, but how much they contribute to the toughness of these

materials. Since Bucknalll27_128 did not present microscopic evidence

to demonstrate the existance of massive crazing, its being a toughening

mechanism for these epoxies is doubtful.l29

A model which attributes the toughening solely to the rubber

particles was presented by Kunzllg and Kunz—Douglass.ll9 This was based

on the idea that the elastic energy stored in a rubber particle during

stretching is dissipated irreversibly when the particles fail. This

model, when guantified, can only account for a 2 fold increase in

toughness, which was the amount found by the authors. However, other

have found a much greater degree of toughening in the same systems; this

discrepancy can be attributed to the method of curing.l30

A final mechanism found in epoxy systems relates the size of the

plastic zone directly to the toughness.l2l'l24-127 They proposed that

cavitation caused by triaxial tension ahead of the crack tip increases

the size of the plastic zone and that plastic flow of the epoxy matrix

and elongation of the particles also contribute to the toughness. This

was supported by Kinloch, et.al.1l4, through the use of SEM and TEM

micrographs. They found that cavitation and plastic shear yielding of
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the epoxy matrix are the microdeformation mechanisms occurring at the

crack tip that dissipate energy and produce a toughening effect.l29

2.4.1.5 Phase Separation of the Rubber

It has been shown that good phase separation of the rubber is the

most critical parameter affecting how well the rubber will toughen the

matrix. The toughening process depends upon dissolving the rubber

initially in the resin so that it is properly dispersed and then

precipitating it as particles during the cure reaction. The early

stages of the reaction are critical; viscosity rises rapidly, and mass

transfer is consequently retarded, especially as the system is

unstirred. Phase separation stops well before the gelation point.138

The basic problem is to ensure that the rubber and resin become

incompatible and demix during this period.l27 This can be treated

empirically by looking at the thermodynamic criteria, specifically a

negative Gibbs free energy term (—AG), the specifics of which will be

covered in a later section. The phase separation is also kinetically

controlled; if the resin cures too fast, then not enough time is allowed

for complete separation. On the other hand, if there is a gross phase

separation due to slow curing, then the optimum toughening size will be

overshot and poor mechanical properties will result. The fact that

these rubbers are chemically linked into the system (due to the amine or

carboxylic acid endgroups) also controls the degree of phase separation,

along with increasing the toughening effect due to phase coupling.139

Finally, the actual chemistry of the rubber, whether it is the common
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butadiene—acrylonitri1e based materials, polysiloxane,l4O'14l carboxyl

terminated isobuty1ene,142 or acrylate materials,l43 will have a

profound effect upon the phase separation and the resulting toughening

of the matrix.

2.4.1.6 Other Methods of Toughening

Although the use of rubber based materials is by far the most

common second phase introduced into a resin in order to induce

toughness, other materials are also utilized. The simplest case

involves the introduction of voids, resulting in a foam—like structure.

The effectiveness of voids is not great; in fact, since GIC is based

upon the formation of new surfaces, by introducing voids, the effective

area is reduced and thus the material should become more brittle, This

vas supported by the results obtained by Akhurst and Bucknal1l44 by

looking at HIPS structural foams over a range of densities.l45

Rigid particles are also utilized to toughen polymeric materials.

However, they appear to work differently in thermoplastic than in

thermosetting materials. When utilized in thermoplastics, they appear

to have the same effect as voids: they tend to lower the toughness,

This is exemplified in the work by Dißenedetto and coworkersl46’l47 in

their study of PP0 composites containing 0-25% of bonded and unbonded

glass beads. The unfilled polymer was brittle, with a smooth, glass-

like fracture surface, over the whole range of thickness from 1.5 to

5.0mm. The composites containing unbonded glass beads showed a

transition in fracture behavior with increasing thickness, from
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predominately p1ane—stress fracture to predominately plane strain

fracture; most of the specimens showed evidence of mixed—mode failure on

the fracture surface, with limited regions of plastic flow visible in

the scanning electron microscope. A plot of GIC
VS- volume fra¢tiO¤ Of

beads shows a progressive decrease, to a loading of 40% (v/v) of the

glass beads. Those beads with a coupling agent (bonded) showed a larger

decrease than those unbonded. The overall behavior of rigid particles

and the embrittling behavior can be explained by the following:

a) The crack follows a least-area path through the matrix.

b) The energy absorbed in overcoming adhesion at the glass-PPO
boundary is negligible.

c) The filler particles do not introduce additional deformation
processes-

The explanation for the increased toughness in unbonded vs. bonded

is that condition c is not fully fulfilled. There does exist evidence

of some yielding.l45

In contrast to the above work, epoxy resins are toughened by the

addition of rigid fillers. Modifiers such as glass beads,l48'l49

aluminum trihydratel50 and silicalsl have all been utilized. In all

cases, a maximum of toughness appeared at low filler concentrations,

followed by a steady decline. Although the reason for this phenomenon

is not fully understood, it is believed that the particles introduce

more toughening mechanisms, possibly crazing, which may toughen the

matrix.l45 It should be noted that the toughness of the unmodified PPO

is tougher than the epoxy by more than an order of magnitude. Thus the

toughening of the epoxy might be explained by the fact that in

unmodified material, no crazing is appatent, but the modifier is able to
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introduce some, resulting in a tougher system. PPO, on the other hand,

probably exhibits almost as much crazing as possible and the

introduction of rigid particles decreases the surface area and thus the

fracture energy to a greater degree than the slight amount of additional

crazing which is a toughening mechanism.

There also appears to be a dependency of particle adhesion in rigid

particles in thermosetting resins. In systems modified with spherical

glass particles in epoxy,l52•l55
and polyester,l56 good adhesion between

the resin and the particles the strength was relatively unchanged

compared to the neat resin. However, with no adhesion, there appeared

to be a decrease in strength with increasing modifier. It has also been

shown that the fracture strength tends to decrease with better bonded

modifiers, which is the unexpected case.l52’l53'l57'l58 There have been

a few theories to explain this phenomenon, but none have been generally

accepted.7

2.4.2 Thermoplastic Based Toughening Agents

This last method of toughening thermosetting resins appears to be

utilized more often, especially for high performance applications. The

thermoplastic materials utilized are tough, ductile high temperature

materials that are compatible with the resin utilized. The main

advantage of these materials over rubber based modifiers is that they

retain their mechanical properties and generally do not sacrifice some

of the properties of the neat resin. The best example is modulus: the

rubber based materials are liquids at room temperature and therefore
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their modulus is essentially nil. Thus, when the rubber is added to

resin, it will impart toughness, but there will be a diminish in the

overall modulus. However, when a thermoplastic material is utilized as

a toughening agent, there is very little, if any, loss in the overall

modulus. This is the ultimate goal of any toughening modification, to

increase the fracture toughness while retaining the modulus of the

system.

The objective of this technique is similar to that employed in

rubber modification. The thermoplastic modifier is mixed with the resin

to form a homogeneous solution, sometimes it may be necessary to utilize

a common solvent for the two materials (e.g. methylene chloride) to ease

mixing, then the solvent is removed leaving the thermoplastic dissolved

in the resin. The curing agent or catalyst is then added and the

material is thermally cured. It is during the cure process that it is

hoped the thermoplastic will phase separate in a controlled manner, with

particles that are uniform in size and evenly dispersed throughout the

matrix. It is these thermoplastic particles that will impart toughness

to the matrix in a manner analagous to the rubber particles in the

aforementioned section.

One early use of thermoplastic materials as toughening agents was

reported by Raghavalsg utilizing polyethersulfones (ICI Victrex 1OOP and

30OP) blended with epoxy resins (Dow DER-332 and CIBA—Geigy MY—720)

using Lindride—2 (methyl tetrahydrophthalic anhydride) as the curing

agent. In this work, fracture toughness was measured for the modified

resins, and it was found that for the DER·332, the addition of the ICI-

lOOP actually decreased the KIC value (1.71 to 1.25 psi//E), while the
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modifier MY-720 gave essentially the same for both the ICI-100P and the

ICI—300P (MY—720: 0.49; MY-720 and ICI·l00P: 0.51; MY·720 and ICI'30OP:

0.46 psi//in). Unfortunately, the amounts of modifier in relation to

the resin are not given; neither is any type of morphological data.

Raghava theorizes that the polysulfone failed to toughen the matrix

possibly due to the presence of voids. This, however, could have been

verified through the use of microscopic techniques. In a follow-up

paper,16o Raghava suggests that the lack of toughening may be attributed

to lack of adhesion between the polysulfone and the matrix.

Another study conducted by Bucknall and Partridgelöl also utilized

Victrex 100P polyethersulfone, with a trifunctional resin, CIBA-GEIGY

ERL 0510, and the tetrafunctional MY-720. These were cured with either

diaminophenylsulfone (DDS) or dicyanodiamide (DICY). This study was

much more extensive, looking at various ratios of the reactants, the

morphology, and the fracture toughness. They also found relatively no

change in the toughness of the various systems as a function of

polysulfone content. They did observe that the polysulfone behaved like

the typical rubber modifiers; particles separated from the matrix

evenly. The did not, however, offer an explanation as to why the

toughness did not increase with polysulfone incorporation.

In a later paper, Bucknall and Partridqelöz utilized the PES with

the same epoxy resins, along with one based upon diglycidal ether of

bis—phenol A (DGEBA). In this work, they looked at the solubility

parameters of each species and tried to predict the miscibility. They

found that there was little difference in the mechanical properties as a

function of the morphology that developed. They attributed this to the

44



fact that there was little adhesion between the two phases, but the

mechanical shear properties of the two species are the same, thus the

mechanical properties should be the same. They suggest that there may

be some reaction between the PES since it has terminal hydroxyl groups

which are capable of reacting with epoxide rings. However, they have no

proof of this occurance. Moreover, they seem unaware that producers

usually try to minimize the concentration of the oxidizable hydroxyl

group.

One of the first reported studies of purposely reacting in the

polysulfone was conducted at VPI & su.163 The modifier utilized was

hydroxyl terminated bis—phenol A based polysulfone (PSP) in a matrix of

EPON 828 (Shell Chemical) cured with 4,4'—diaminodiphenyl·sulfone (DDS).

The PSP was prereacted with a large excess of the epoxy resin using a

quaternary ammonium catalyst (tetramethylammonium hydroxide), after

which the catalyst was heated until decomposition occurred. The curing

agent (DDS) was then added and stirred until the system became

homogeneous. This solution was then poured into a mold and thermally

cured.

The resulting system contained particles of polysulfone evenly

dispersed throughout the matrix. Their fracture results, unlike

previ:1s cisclosures of polysulfone modifier, indicated a significant

incrc se in totghness over the unmodified resin. Por the system

containing 15% (w/w) of 8200g/mol PSP, a 100% increase (1.3 x 106

N m-3/2 vs. 0.6 x
106

N

m_3/2)

was reported. The authors noted a

ductile tearing of the particles, which may offer a possible explanation

for the increase in toughness. One observation that can be made is that

45



it appears that forcing the polysulfone to react with the resin

increases the toughness. This indicates that some of the toughness can

be attributed to the work required to overcome adhesion.

A follow-up paper, which was the basis for some of the work

described in this dissertation, was later given by these same

authors.164 In it, the polysulfone was endcapped with aromatic amine

groups instead of phenolic groups. The main advantage of the amine

groups is that they are directly reactive with the epoxy groups without

the use of the catalysts. The results were basically similar to those

for the phenolic endgroups, in terms of both morphology and mechanical

properties.

2.4.3 Epoxy Resins As Matrix Materials for Graphite Fiber Reinforced
Composites

One of the ultimate goals for toughened resins is their use as

matrix materials for graphite fiber reinforced composites. It is deemed

necessary to briefly describe the role of the matrix material in the

mechanical behavior of graphite fiber reinforced composite materials.

The composite described here consists of individual layers of continuous

carbon-graphite bonded together by an epoxy matrix resin in a form

called a laminate. The carbon fibers, which are approximately 3um in

diameter, are made from carbonized polyacrylonitrile (PAN) and exist in

bundles of 6,000 to 12,000 individual fibers which make up a tow.

Optimal strength and stiffness of the composite is obtained through

controlled orientation of the continuous fibers. 0ne means to achieve

this is by producing unidirectionally orientated layers of fibers
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preimpregnated with the matrix resin and subsequently laying these up in

the desired direction. This preimpregnated composite precursor is

called a prepreg.l69

The main role of the carbon fiber (or other materials such as

glass, borcn, etc.) is to add the high strength and stiffness to the

system, while the main function of the matrix resin is to bond the whole

system together by transferring load, along with providing resistance to

fracture and environmental attack.l7o However, it is a general

assumption that the toughness of the system is dependent upon the resin,

thus by increasing the resins toughness, it is possible to fabricate a

better composite. However, due to the complexities of the composite,

neat resin properties do not directly translate into composite

properties. This can be attributed to the complex interactions between

the fiber and the matrix, especially those at the surface of the

fiber.l65_l68 As a result of this, Walter, et.al.l69 have described a

laboratory scale prepreging system that is able to utilize small amounts

of material to develop a relationship between resin and composite

properties.

One variable which has an effect on the ultimate properties is how

the prepreg is manufactured. There are four main methods of

impregnating the resin into the fiber. These are17l l) solution dip; 2)

solution spray; 3) direct hot-melt coat; 4) film calendering. In the

first approach, the resin is dissolved in a solvent to a solids level of

40-50% and the fiber is passed through this solution. The resin uptake

is thus a function of solution concentration, speed of throughput and
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time of contact. The fiber is then heated to remove the solvent, leaving

an impregnated fiber.

The second method, solution spraying, also requires the dissolution

of the resin, but in this case it is directly metered onto the fiber,

which is then heated to remove the solvent. In both methods, this

heating may induce some chemical reaction, which tactifies the resin and

is referred to as "B-staging'.

In hot—melt coating, the lowering of the viscosity is achieved by

heating the resin. The liquid resin is usually applied to a release

paper for ease of handling and then the fiber is pressed into this film.

This method has the advantages of no solvent to remove and good control

of resin content.

The last method, film calendering, is a combination of the above

methods. The resin is cast as a film onto release paper either by a

solution or hot-melt. The film can then be stored in this form. When

the prepreg is needed, fiber is sandwiched between two layers of film

and calendered so as to force the resin into the fiber.

The method of choice is a function of the resin. Certain materials

cannot be heated without curing taking place, thus the solution method

is preferred. However, if it is at all possible, the hot—melt method is

utilized for its simplicity, speed and lowest cost.

Once the prepreg is made and the laminate is laid up into the

desired geometry, the sample must be cured. The main variables required

are heat and pressure, with the former a function of the chemistry of

the system and the latter necessary to form a well bonded specimen. Two
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of the more common methods of curing involve heated presses and

autoclaves.

In a heated press, the sample is laid between two plates, which are

temperature controlled. Using a programmable heat and pressure cycle,

the sample is cured under pressure. This is the simplest method, but it

does have drawbacks. It works best with flat specimens although male-

female molds can be utilized for more complex shapes. The pressure is

not always uniform, resulting in areas of high stress concentration.

However, the biggest drawback to this method is that air and/or solvent

can be trapped within the specimen, resulting in voids. These voids

will result in a drastic reduction in mechanical properties.

The second method, the autoclave, helps overcome some of the

difficulties encountered in the press. The autoclave, which is a high

temperature, high pressure oven, requires that the sample first be

'bagged", which involves placing the sample between various layers of

different materials, which are designed to allow volatiles to escape.

The entire system is completely sealed, except for an attached valve

which is accessed to the interior of the bag. When this is placed

inside the autoclave, the bag is then vented to the atmosphere. The

autoclave is then heated, along with being pressurized. During the cure

cycle, volatiles are able to escape, forming a relatively void free

specimen. However, this is an expensive technique, especially as the

size of the specimen increases. Yet, it is the desired method of

choice, especially for complex shapes.
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2.4.4 Property Relationships of Resins and Composites

As described above, composite materials are very complex systems,

with many different variables. The martix resins utilized are

complicated in their neat form, so correlating properties between the

two is a difficult task. The first generation of graphite epoxy

composites were developed to maximize stiffness and glass transition

temperature by utilizing a high cross-link density. However, these

systems were found to delaminate rather easily when out of plane

stresses were applied. Subsequently, attempts have been made to improve

the composite toughness by improving the toughness of the resin systems.

This has had somewhat disappointing results in that a large increase in

resin toughness has not been found to give a proportionate increase in

composite toughness. Scott and Philipsl72 found that a tenfold increase

in resin toughness increased composite toughness only by a factor of

two. Similar results on different systems were found by Bascom,

et.al.,l73 Vanderkley,l75 and Bradley and Cohen,176 all indicating that

a simple translation of properties is not a simple task.177

In their study, Jordan and Bradleyl77 looked at toughening

mechanisms ir neat resins (reduced cross-link density and rubber

particles) and how they translated to composites. They concluded that

the presence of carbon fibers hindered the mechanisms that act to

toughen the neat resin. The first explanation is that the carbon fibers

restrict the size of the deformation zone that is needed to impart

maximum toughness. In a neat specimen, the deformation zone is only

limited by the size of the material, which is usually much greater then
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this zone. In composite materials, however, the process may be much

larger than the distance between fibers,which is usually on the order of

microns. Thus, the mechanism which has the capability of imparting

toughness is not physically allowed to reach its potential.

The second reason given is that the presence of fibers allows for

heterogeneous nucleation sites for fracture. By the use of scanning

electron microscopy, the authors theorized that even if the adhesion

between the fiber and the matrix is great, microcracks still develop at

the interface and these lead to premature failure of the composite.

This was supported by Yeel78 in his study of the mechanisms in

toughening matrix materials and how they are effected by the presence of

carbon fibers. If the calculated plastic zone was greater than the

fiber spacing, there was a decrease in composite toughness. If however,

the size of this zone was smaller, the composite GIC
value actually

displayed an increase.

The conclusion to this is that the complexity of composites makes

toughness predictions extremely difficult, if not impossible at this

early stage of investigation. Since the toughening mechanisms of the

neat resin are not fully understood and agreed upon, the best that can

be expected at this stage is an educated guess at predicting whether a

particular toughening material will result in a tough composite.

Progress is being made at understanding the toughening mechanisms

in composites by utilizing a multidisciplinary approach. In order to

fully understand the complexities of these systems, fracture mechanics,

along with chemistry, surface science, adhesion, and processing science
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all provide insight into the role of the fibers on the overall toughness

of the system.

2.5 Miscibility

As discussed earlier, the most efficient tougheners are polymeric

based additives which are initially miscible, yet phase separate out

upon curing. Thus, the curing mechanism and the polymer—polymer

interaction between the modifier and the resin are both important in

determining whether a material will act as a toughening agent or phase

separate into macroscopic domains which will probably diminish the

overall mechanical properties. It is because of this fact that

acrylonitrile is copolymerized with butadiene in order to molecularly

design a rubber which is compatible with the matrix epoxy resin.

Without the acrylonitrile, butadiene would be too non-polar and hence

would be incompatible with the epoxy matrix. This section will provide

a basic understanding of the fundamental concepts of polymer-polymer

miscibility, along with two thermodynamic explanations for the existance

or lack of polymer compatibility.

2.5.1 Miscibility in Polymeric Materials

Polymeric materials do not behave like their low molecular weight

counterparts in terms of miscibility due to their size and often complex

nature. In fact, the majority of polymer mixtures are immisciblelvg and

are characterized by opacity, multiple thermal transitions and overall
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poor mechanical properties. However, the minority of mixtures which can

be classified as thermodynamically miscible display such properties as

single glass transition temperatures, clarity and a good compromise of

mechanical properties all exhibited in a single amorphous phase.l8O The

ability to predict whether two particular polymers will be miscible, or

at least to what degree they are miscible, is critical in designing a

system which will have optimum mechanical properties while utilizing

materials whose properties are less attractive but whose economics arg

good.

The degree to which a system is miscible is usually dependent upon

the final property requirements. If a material is to retain optical

clarity, the domain size must be small enough so as not to scatter

light, assuming that the refractive indices of the two materials are

different. The emphasis of this dissertation is the toughening of

thermosetting materials, and the mechanism involves a second toughening

phase. This second phase must have an optimum size and dispersion in

order to impart maximum fracture strength while retaining the desired

properties of the primary phase. This secondary phase is formed by a

controlled precipitation and is controlled by the specific chemistries

of the two materials. A brief description of the thermodynamic criteria

for phase miscibility and a discussion of two theories for predicting

miscibility will be received.

2.5.2 Thermodynamic Requirements for Miscible Systems

In order for two materials to be miscible, regardless of whether
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they are polymers and/or low molecular weight compounds, certain

thermodynamic criteria must be met. The first is that Gibbs' free

€¤€Y9Y
¤f mixi¤9«

^Gm, must be negative. That is,

AGm = Anm —— TASm < 0 (2.32)

However, this does not guarantee miscibility. In fact, there exist

systems which are unstable even with a negative free energy of

mixing.l8l Therefore, in order for a mixture to be thermodynamically

stable, a second criterion must also be met, namely

62AGm O (2.33)
2

where ¢2 is the volume fraction of component 2.

These two relationships can best be explained by examining a simple

diagram. In Figure 8, the free energy of mixing (AGm) is plotted vs.

the volume fraction of component 2 (¢2),l82 Curve A represents a system

that is completely immiscible, since Equation 2.32 is not satisfied at

any composition. Curve B, on the other hand, satifies both Equations

2.32 and 2.33 at all compositions. Thus, the latter mixture is an

example of a completely miscible system. Curve C is more complex;

although it satisfies Equation 2.32 completely, there is a region in

which Equation 2.33 is not satisfied, as dealt with in more detail

below.

A more detailed view of Curve C is given in Figure 9.183
This

curve (which is for a particular temperature, Tl) can be dividéd i¤t¤

three parts: A, B, and C. There are two other distinct points, M'.and
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M", which represent the minima in the free energy of mixing. These

define the most thermodynamically stable compositions for the mixture at

T1. Also seen are points S' and S', which are thermodynamically defined

as:

6266m{‘;;;;g] TIP = O (2.34)
and they represent inflection points where the curvature of the plot

goes from positive to negative to positive. Thus, regions A and C,

which satisfy Equations 2.32 and 2.33, represent regions which are

stable, where region B fails to satisfy Equation 2.33 and is unstable.

The two regions between M' and S' and M" and S" are defined as

metastable, and although they are thermodynamically miscible, the

material can become more stable at compositions M' and M".

Figure 9 can be used to generate other useful data. In order for

two phases to be stable, the following relationships must exist:

ul(x2') = ul(x2”) (2.35)

u2(x2') = u2(x2') (2.36)

where u is the chemical potential and is defined by

GG§“;°J TIP = u (2.37)

If a tangent is drawn between M' and M', the intercept of this line with

¢2 = O represents the chemical potential of component l at the minima

and the intercept of $2 = 1 is the chemical potential of component 2 at
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FIGURE 8: Free energy of mixing versus volume fraction.
Curve A: Total immscibility: Curve B: Total miscibility:
Curve C: Partial miscibility
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FIGURE 9: Free energy of mixing versus volume fraction for a system
exhibiting partial miscibility.
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the same p¤i¤tS• Thus, Aul and Auz can be calculated from the curve by

utilizing the fact that the intercepts represent the chemical potential

of each component in its standard state.

If 3 59:195 gf AGm V5, ¢2 CUIVGS is p].Ott€d as a function of

temperature, the result is seen in Figure 10. The solid line represents

points M' and M" and is called the binodal; the dashed line represents

the points S' and S" and is designated the spinodal. Thus this plot,

volume fraction vs. temperature, can be utilized to determine the

stability of a particular composition at any given temperature.

The regions outside the solid line are stable, and will not phase

separate. The regions between the dashed lines are unszable and will

decompose into two phases with compositions represented by the intercept

of the binodal with the temperature line. The region between the

binodal and spinodal is metastable, which means it will remain stable

unless it is subjected to slight perturbation, whereupon it will also

decompose into the points represented by the binodal.

There is also a significant point, designated as TC end defined 35

the critical temperature. Above this temperature, the system is

miscible in all proportions. This curve is designated an upper critical

solution (UCST) and defines a system which increases its miscibility.

This is usually the case for low molecular weight materials. An

analagous case, in which the curve is concave upward and the critical

point is a minimum, is called the lower critical solution curve (LCST).

This is the more common behavior of polymer mixtures, where the

T components separate as the temperature is increased. Although this

appears to be an unusual phenomenon, it can be explained by the complex
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FIGURE 10: Phase diagram (temperature vs. volume fraction) exhibiting
spinodal and binodal behavior. This is an example of an
Upper Critical Solution Temperature (UCST) curve.
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nature of polymeric materials. This type of behavior will be explained

from a thermodynamic standpoint in the following sections.

2.5.3 Flory—Huggins Lattice Theory

2.5.3.1 Entropy of Mixing

A theoretical prediction for miscibility of polymer·so1vent systems

is based on a lattice, was independently derived by Floryl84_5 and

Hugginsl86_8 and is known as the Flory—Huggins Lattice Theory. It is

used to calculate the free energy of a system by systematically filling

a two dimensional lattice. Initially, it assumes that the size of the

individual lattice sites are the same size as the solvent and a segment

fraction of the polymer. The segment does not necessarily represent an

individual "mer”, but a defined segment. It also assumes that the

system is athermal, i.e. AHm = 0,

A lattice is initially assumed to contain N sites and has the

following relationship:

N = N1 + 1-N2 (2.38)
where N1 represents the number of solvent molecules, N2 is the number of

polymer segments, and r is the degree of polymerization. The lattice is

filled by placing one polymer molecule after another onto the lattice

and the number of ways of doing this is calculated. This is illustrated

in Figure ll. After placing the first segment of the (i + 1)th

molecule, the number of ways of placing the second segment is

represented by:
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z(N — ni)/N (2.39)

where Z is the coordination number. Because of the nature of the

polymer, the third segment must be placed next to the second segment,

but the number of available sites is reduced by one, due to the

existance of the first segment. Thus, the placement of the third

segment is represented by:

(2 - 1)(u - ni)/N (2.40)
The ways of placing the (i — l)th molecule can be represented by the

followingslag

n_2 (N—ni)¤
wi+l = z(z - 1)

n_l (2.41)
N

and the total number of configurations is given by:

Q:
2.- Ü.=|

Since the entropy of a system can be calculated using the Boltzmann

relationship,

S
· k 1nQ (2.43)

where k is Boltzmanns constant. A substitution of Equation 2.42a into

Equation 2.43 and the use of Stirling's approximation gives the

following:

S . nN N2 1Ä = N ln(=)·N (ln—)+N [1nZ·(n-2)1n(z—l)+(1-n)ln n] (2.44)2 1 2k N N
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FIGURE ll: F1ory—Huggins lattice depicting the random placement of two
polymer chains•
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For a system that is pure solvent (i.e. N2 = 9), Sl =
O_

Similarly, for a pure polymer (N1 = O),

S2 = k N1 (lnz + (n-2)ln(Z—l) + (l—n) + ln(n)) (2.45)

Since

0 BASm = Sm Sl S2 (2.46)

The equation for configurational entropy is given by

A =*Sm k[N1ln(Nl/N) + N2ln(N2/N)] (2.47)

Since each species was originally assumed to occupy the same volume, the
equation is often written as

ASm = -k[Nlln ¢l + Nzln ¢2] (2.48)

because the system was assumed to be athermal,

AGm = RT[Nlln ¢l + Nzln ¢2] (2.49)

It should be noted that by examining the above equation, AGm 5 0 Si¤¤€
the ln ¢ S O. This indicates that the configurational entropy always
favors mixing.

2.5.3.2 Enthalpy of Mixing

The prediction for the enthalpy of mixing is also based on the
lattice arrangement. It starts by looking at a simple chemical
reaction.
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(1 - 1) + (2 — 2)*--+ 2(1 — 2) (2.50)

which represents a system in which a (1 - 1) species reacts with a (2 -
2) species to give two (1 - 2) species. If the interaction energy is

represented by w, then

A 2 — —w Zwlz wll wlz (2.51)

If Aw < O, then this indicates that more energy was given up in breaking

the two bonds than in forming the two new ones and the system can be

classified as exothermic, which is favorable in a thermodynamic sense.

Likewise, if Aw > 0, the system is endothermic and energy must be put

into the system for it to proceed.

Returning to the original lattice assumption, it can be shown that

there are various interactions possible. Each polymer segment can be

said t¤ be S¤!!¤¤¤dad bY Z¢2 polymer segments and Z¢l solvent segments.

Thus the energy of these interactions can be expressed as

H = Z¢2w22 + z¢lwl2 (2.52)
and the total polymer interactions is given by

- 1 _
H — {Z¢2N [(1 ¢l)w22 + ¢lwl2] (2.53)

Using the same assumptions, the total solvent interactions can be

expressed as

- 1 _H — 4Z¢lN [¢2wl2 + (1 ¢2)wl1] (2.54)

For the case of pure components, wlz = 0, so substituting Equations

(2.53) and (2.54) into relationship (2.51), the following is obtained:
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A 2 1
* *Hm 4ZN (2¢l¢2wl2 ¢l¢2wll ¢1¢2w22) (2.55)

1AHm {ZN (¢l¢2Aw) (2.56)

Expressing this on a molar basis gives the enthalpy of mixing

Agm = N¢l¢2RTX (2.57)

where X is an energy interaction parameter.

When Equation (2.57) for the enthalpy is combined with Equation

(2.48) for the entrcpy, the final result gives the Gibbs free energy of

mixing relationship:

Acm = RT [u¢l¢2x — (mn ¢l + Nln ¢2)] (2.66)

2.5.3.3 Application To Polymer-Polymer Systems

This type of derivation can also be modified to include systems

void of solvent, i.e. polymer-polymer systems. Simple substitution into

Equation (2.58) yields the following

AGm
61 + (¢2/x2)ln ¢2 +

Xl2¢l¢2] (2.59)

Where xi is the degree of polymerization of species i, and
Xlz is the

interaction energy between the two polymers.

Early attempts at predicting the miscibility of polymer blends

concentrated on the use of Hi1dbrand'sl9O solubility parameter, 6 as
. 191 .popularized by Bohn and defined by
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··iciIl£=(6 -6)%
V 1 2 l¢2 (2.60)

By inspection, the free energy, in its most optimum case, will still be

positive; therefore the most likely may of predicting a miscible system

is by minimizing solubility parameter differences. Even with this in

mind, the solubility parameter approach is a poor way of predicting

miscible systems.l92

This relationship was further modified by Guggenheiml93 and

Maron194, who utilized a different interaction parameter, g, which is

dependent upon pressure, temperature and composition. This is unlike

the X parameter originally proposed by Flory—Huggins which is a

Van Larr—type concentration-independent empirical free energy correction

term. They also utilized the variable W, which represents a segment

fraction. Thus, their final equation is given by

*52E* = (W /r )ln W + (W /r )ln W + W W (2 61)RT ll 1 22 2 912 '

Koningsveld(l4) derived an empirical relationship by the

interaction term g, which is given by

n
g = X g wk k = O, 1, 2, . . ., n (2.62)k=o k

where any coefficient g can be written as a function of temperature:

gk = gk'1 + gk'2/T + gk’3T + gk'41nT (2.63)
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Finally, a relationship between X and g can be given by the

followingzlgö

“
kX £o( + )(9k

gk_1)w (2.64)

2.5.3.4 Po1ymer—Polymer Stability

I: order for two phases to be in stable equilibrium, the chemical

potentials of each component in each phase must be equal. THus, another

way of writing Equations (2.35) and (2.36) are:197

Aulv „ Aul“
(2.65)

Av2' = Au2" (2.66)

Utilizing the relationship previously developed for AGm (Equation 2.6l)•

the chemical potential can be plotted to obtain the binodal curve.

Likewise, the spinodal curve can be obtained by using the following

relationship:l97

62AGm [6AuZ
P T = —

P T
= 0 (2.67)

2 1 16w2 L6w2

with the cri: cal point obtained by

6*Acm
= O (2.68)

GW 3 P1T
2

Up to this point, all the relationships have dealt with mixtures of

two mondisperse polymers. These can be modified to include mixtures of
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two polydisperse polymers, which can then be classified as quasi·binary.

Thus, Equation (2.61) can be rewritten asl95'l98—2oo

AG w . n w .1 2
i

+ Z
———Ll—

lnwz , + P (p, T, wz) (2.69)
RT 11-, 'Jr_ 'J

1,1 2,3

where

Y = 9(P, T, ¢2)¢l¢2 (2.70)
and

n n
= = 2.71W1 g W1,i' W2

E
W2,j ( )

2.5.3.5 Problems With The Flory—Huggins Theory

Although the Flory-Huggins theory was a good starting point for the

prediction of thermodynamic parameters for polymer-polymer miscibility,

it does have its limitations. The first problem is that it fails to

properly explain the common occurance of the lower critical solution

tem; rature, which is the norm for polymeric systems. Another major

deficiency is that it fails to look at specific interactions between the

polymers. Examples of these interactions are acid—base and hydrogen

bonding, which not only effect the enthalpy of the system, but also the

entropy.

Probably the most serious shortcoming of the theory is that it

falsely assumes that there is no volume ch„nge upon mixing. Polymers,

due to their complex conformation, occupy much more volume than the
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actual hard core volume of the chains. This excess volume, or free

volume, may change upon mixing of two systems. As usually is the case,
the total volume of mixing rarely equals the sum of the individual

volumes of the two polymers making up the system. This free volume

change can have a major effect upon interactions and change the

miscibility of two polymers.

A consequence of the free volume effect is that the accuracy of the

predictions decreases as the difference in the thermal expansion

coefficients (a) or the thermal pressure coefficients (7) increases.

This is due to the fact that positive interactions decrease as the

materials have less contact and this results in less enthalpy.

2.5.4 Flory Equation of State Theory

As a result of the serious deficiencies in the Flory-Huggins theory

in the prediction of polymer—po1ymer miscibility, Flory developed what

he termed the Equation of State theory.2Cl-2 The main thrust of this

theory is that it zocuses upon free volume effects, and how these vary

as a function of equation of state parameters such as pressure,

temperature and volume.

This theory was initially based upon the ideas of Prigogine,2O3

where the degrees of freedom for a polymer molecule are divided into

'internal' and ”externa1' degrees of contribution. Due to the covalent

chain·like nature of polymers, the degrees of freedom are less than

those of simple molecules. The external degrees are effected the most,

along with occupied volume and the coordination number.l96 Thus, FIOIY
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developed a partition function of the form

3crN —E /kTz(T,V) = zint(T) [zext(T,V)] e 0 (2.72)

The term EO, which is the lattice energy, is assumed to be inversely

proportional to the volume of the system.

Flory also assumed that the intersegmental energy can be treated as

arising from interactions between the surfaces of adjoining segments.

Utilizing these assumptions, he was able to derive the Equation of State

by differentiating the equation for the pressure of the system

kT 61nZi
p = —--— —————-

T N (2.73)
N.R. sv. ' i1 1 1

where Zi is the partition function, ri is the number of segments per

mqleculer Ni is the number of molecules and k is the Boltzman constant.

Thus the Equation of State becomes

ßiai Gil/3 1"I"‘ = *:*37;*** ' *i‘:‘;‘ (2-74*
T. v. —l T.v.1 1 1 1

where

5. = P/P? (2.75)l 1.

E. - T/T? (2.76)
1 1

G. = V./v· (2.77)1 1

Tne starred quantities are the parameters of the Equation of State.

These parameters can be obtained from measurements of the thermal
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expansion coefficient (¤) and the thermal pressure coefficient (Y);

1 Sv

°
= ‘—* *‘**

(2.78)
v GT P'Ni

6P
Y = ————

(2.79)6T V'N1

When extrapolating both of these to zero pressure, the resulting

equations are:2o4

- ¤iT ’
vi = + 1 (2.80)

3nai+3

— $11/3_l
T. (2 81)

v

—n+lP; = 7iTY (2.82)

Utilizing the above relationships, Flory was able to derive

expressions for thermodynamic parameters such as the chemical potential

of each component (Auk), the predicted spinodal Curve, the predicted

binodal curve, the critical point, and the interaction parameter,
xlz,

Utilizing these parameters, McMaster,2o4 in an extensive review of the

subject, was able to analyze the predictions and how they are effected

by polymer variables. A brief synopsis of his findings will be given

here.
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2.5.4.1 Prediction of LCST

Unlike the F1ory—Huggins theory, the Flory Equation of State theory

does give a thermodynamic basis for lower critical solution temperatures

(LCST) as commonly seen in polymeric systems. As the molecular weight

of a system increases, the combinational entropy approaches zero due to

s ( 1
the molecular weight terms seen in the denominator (see Equation 2.}8a,·L5q

Entropic Contribution). Por cases where the interaction energy is small

positive or negative (i.e.
Xlz

s 0), the reduced volumes of the two

species are unequal (vl ¢ vz) and the total volume of the system is less

than the sum of the volumes of the individual components. That is:

vl + v2 > V12 (2.83)

This being the case, the following thermodynamic statements can be

made for systems of approximately the same degree of polymerizationz

AHm < 0 (2.84)

AS < O (2.85)
m

It can be seen that f ‘orable interactions increase the enthalpy (more

exothermic) but decrease the entro·“ due to restriction of chain

movements. As a result, at low temperatures, the enthalpic

contributions are stronger than the entropic ones and the resulting free

energy is negative. Ho=¤ver, as the temperature is increased, the

entropic term becomes dominant over the temperature independent

enthalpic term and miscibility becomes unfavorable, thus LCST behavior.
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2.5.4.2 Effects of Molecular Weight

The miscibility of polymeric systems is very sensitive to

fluctuations in the molecular weight. As the molecular weight

increases, miscibility decreases, due to the decrease in the

combinational entropy and the decrease in the positive interactions

which are a function of increases in free volume. The sensitivity to

molecular weight can be seen in Figure 12. Curve #2 predicts the phase

diagram for a mixture of two polymers of 50K molecular weight. These

polymers would be totally miscible at all ratios up to a temperature of

approximately l25°C. Curve #3 describes the same polymers now with a

molecular weight of 100K. As shown, these materials are immiscible for

all practical purposes except at the extremes of the compositional

range. °

The above curves are symmetric due to the fact that the two

polymers are assumed to have the same molecular weight. If, however,

there was a difference in their average molecular weight, the curves

would skew towards the fraction containing the lower molecular weight

material, meaning that the system is more miscible if the major

component is the high molecular weight compound. This can best be

explained in terms of free volume. If there is more of the high

molecular weight material, then the overall free volume is greater.

This leaves more room for the smaller chains to 'fit in' and interact.

If, however, there is a higher proportion of low molecular weight

material, there is less room for positive interactions, thus less

solubility.

73



1 1 1 \\ I1
I

I | I
1 11 11 II I, 1 1

I
1 1I1 11 I 1Z50 1 1II II Ill

I 1
1 I

” I11 ", 1'
1‘1

'II 1 1, 1I 11 11 1
I 1 Il 1 11 11 1

I II I\ 1I III II 1 . I1!
I I I] \

\ Q I I 1 I1 I4
I

I I1
:· I

I‘ 1 0 1 '
11 1

'*° 1 II
‘ ,’ 1 II 11 I I
‘I

1 1 1 1 II 1" 1E · 1 11 1
‘ I ’

I J1 I§ *1111 ’ ‘1‘
° 11 1

= 1 Ä *11 Q 'f·
‘1 1«· {11 ’

1 1 1 1
E 50 I1 1 ! 1:

1 1 I 1II I 1
1 11 1 11

1 11 ‘$
E 1 fz1

° 1 1 I1 I1 1 1 1'. 1 I 11 1 1 1'

1 1-5Q-. 11 I10

I I ' I1 0
I _ 1O11111 I11 11 1 1 1* H

o 02 0.4 0.6 0.6 LO
°I

Re!%Diff
Q (Q·¤,)¤

Curve No. Molecular Weight (°K '* x 10*) 100/¤·,
1 M, = M,

- 60,000 0.640 10.3
2 M, = M, = 50,000 0.630 8.6
3 M, ¤ M, ¤ 100.000 0.630 8.6
4 M, = M, r l00.000 0.620 6.9
6 M, ·M,

· 100.000 ' 0.615 6.0
6 M,

-
M,

· 200.000 0.6l0 5.2
7 M, • M, • 200,000 0.% 4.3

FIGURE 12: Effects of molecular weight_änd täe thermal expansion
coefficient. al = 0.580xlO °K

74



2.5.4.3 Effects of Molecular Weight Distribution

The effect of molecular weight distribution is minimal if the

distributions of the two polymers are the same. It they are different,

the critical point will shift upward the spinodal of the component with

the broader distribution. The breadth of the distribution is defined to

be:

<MW>z
a (2.86)

<MW>n

The Z average to weight average ratio is used because it looks at the

breadth in terms of the larger molecular weight species, Therefore the

same types of arguments for the behavior due to molecular weight

distribution can be made that were made for molecular weight.

2.5.4.4 Energy Interaction Parameter, xlz

The energy interaction parameter
(xlz),

as stated earlier, is a

measure of the interactions between the chains. The more interactions,

the more exothermic and the more negative its value. As
xlz beeemes

more negative, Anm also becomes more negative and the system becomes

more miscible. This can be shown in Figure 13. This shows the effect

of varying xlz
from a necative to a positive value for two polymers of

different molecular weights (polymer 1 = SOK, polymer 2 = 4K). Curve #1

illustrates the outcome for an exothermic reaction between the two

species, resulting in a LCST of approximately l50°C. Curve #3 indicates
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a system with no interaction, and this results in a LCST of -50°C.

Finally, curve #6 indicates a system with a positive interaction and

this shows almost no miscibility. It should also be noted that all of

the curves are skewed toward polymer 2, which is the lower molecular

weight species.

As the molecular weight of the two components increases, their

sensitivity to
xlz

also increases, This is shown in Figure 14. For

this example, both species are assumed to be 1OOK molecular weight.

Curve 1 shows a system with a slight exotherm of interaction resulting

in a LCST of ~l80°C. Curve 4, with just a slight increase in the value

of xlz
to a small positive value shows a drop of l50°C. Finally, curve

6, with an even slightly more positive value predicts a region of

immiscibility.

2.5.4.5 Thermal Expansion Coefficient, ¤

Polymer—polymer miscibility appears to be most sensitive to

differences in the thermal expansion coefficient, more than any other

parameter. As the molecular weight of the two species increases, this

sensitivity also increases, This is depicted graphically in Figure 12.

Curve 2 predicts the LCST for two polymers of 50K molecular weight.

Their thermal expansion coefficient relative difference is 8.6. Curve

5, which is identical to curve 2, shows that the relative Aa must now be

6.0 for polymers of 100K molecular weight. Finally, curve 7, which

represents pol ers of 20GK molecular weight, has an even lower Aa of
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4.3, yet the LCST has dropped so°c, indicating that the thermal

expansion coefficients must be even more alike.

The thermodynamic basis for this behavior can again be attributed

to interactions. If the ¤ is the same for both polymers, then the

proximity of the chains will remain relatively constant with an increase

in temperature. If, however, there is a difference in expansion

coefficients of the two species, the free volume of the system will

increase, thus lessening the interactions and making the entropy term in

the Gibbs equation more dominant, forcing miscibility to prevail.

The thermal expansion coefficient appears to be the single most

critical parameter in predicting miscibility of polymer systems. This

can be attributed to the fact that it appears in all the derivations for

the Equation of State parameters, thus it has the most effect. The

first step, therefore, in predicting miscible polymer pairs is to look

at the difference in a. If the difference in ¤ is great, then the

chance of miscibility is small.

There are other theories which attempt to predict miscibility of

polymer systems. Some like Koningsveldzoo, along with the newer

theories of Huggins2O5—7, also utilize a lattice, and can offer a

plausible explanation for some miscibility behavior such as the effect

of chain flexibi1ity.l96 other theories, such as those developed by

Sanchez and Lacombe,208~21o are also based on equation of state

properties and explain LCST as entropically driven. The main difference

between these theories and that of Flory is the treatment of the volume

dependent aspect of the mixing entropy.2ll A comparison of these two

theories has been previously given.2l2
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2.5.5 Conclusions

The Flory-Huggins theory was a good starting point for the

prediction of polymer-polymer miscibility. Although it had serious

deficiencies (e.g., it neglected specific interactions and free volume

effects), it did predict miscibility in some systems and was the basis

for more exact theories such as the Flory Equation of State and that of

Sanchez and Lacombe. These begin where Flory and Huggins left off and

attempt to take into account their deficiencies. The latter theories

appear to be even more accurate in predicting polymer-polymer

miscibility, but even they have their shortcomings.

The main limitation with all the aforementioned theories is the

complex nature of macromolecular materials. Unlike their low molecular

weight counterparts, polymers are highly complicated materials which

actually are comprised of a distribution of various molecular weight

species. As a result, there are many variables which must be taken into

accoun e.g. chemistry, interactions, distribution, molecular weight,

conformation etc.) before the miscibility of two systems can be

precisely predicted. Improved theories and especially their

experin ;„al veri. ation remain one of the major challenges in polymer

science and engineering.
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3.0 EXPERIMENTAL PROCEDURES

3.1 Introduction

The emphasis of this dissertation is the modification of resins

with functionalized polymers in order to improve the toughness

characteristics of the unmodified resin. Since the fracture toughness

and flexural modulus testing is essentially the same regardless of the

modifier, it appears to be advantageous to explain the generalized

procedure initially, and explain any discrepencies that pertain to a

particular system under that heading. Following this will be given the

purification and synthesis of the various materials utilized. Finally,

the main research topics will be dealt with in detail.

3.2 Procedure for the Preparation of Modified Resins

The epoxy resin was carefully weighed in a flask. The flask was

placed in a silicone oil bath, heated to ~60°C, and stirred while under

vacuum by a mechanical pump. This was continued for *1 hour until all

bubbling ceased, indicating that all of the moisture and dissolved

gasses were removed. At this point, the preweighed modifier was

introduced, additional heat was added if necessary, and the modifier was

allowed to react under vacuum until a homogeneous solution was formed.

The curing agent was then added, additional heat was added if necessary,

and the solution was allowed to cool under vacuum. It was then poured

into a pre—heated RTV silicon mold (Dow Corning 3120 RTV and Dow Corning
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catalyst TRV—S), covered with a sheet of 0.01 mil Teflon, weighted down

and allowed to cure according to the desired temperature profile. Once

cured, the samples were removed from the oven and allowed to cool slowly

to room temperature.

3.3 Determination of Fracture Toughness

3.3.1 Sample Preparation

The geometry of the fracture specimen, based on ASTM E399, is

depicted in Figure 15. The sample was first cleaned of any flash with a

razor blade. The crack was then initiated in the following manner.

A notch was cut into the sample approximately in the middle with a

reciprocating saw ~O.5mm deep. To insure an infinitesimally sharp

crack, a razor blade , previously chilled by submersion in liquid

nitrogen, was placed in the cut groove and tapped to initiate a crack.

Care is taken to insure that the crack propagates evenly about halfway

through the specimen. It should be noted that a fresh razor blade edge

was used for each specimen.

3.3.2 Fracture Testing

The specimen was placed in a three point bend apparatus as depicted

in Figure 16, which was affixed to an Instron (Model 1123) machine, and

tested at a cross head speed of 0.5mm/min (0.02in. min) until failure

occured. Upon failure, the various specimen geometries were measured
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with a dial ¢alip€f• Tha KIC was then calculated by the following
equation, found in ASTM E399:

P·5
xlc = ————- [2.9(a/w>l/2 - 4.6(a/w)3/2 + 21.8(a/w)5/2 -b°W

37.6(a/w)7/2 + 38.7(a/w)9/2]
where P = Load at failure

S = Span between supports
b = Thickness
w = Width
a = Crack length

The calculated results obtained are in units of N/m3/2.

3.4 Determination of Flexural Modulus

The geometry of the flexural modulus specimen is shown in Figure

17. The excess flass was trimmed with a razor blade, insuring that the

edges were smooth.

3.4.1 Flexural Modulus Testing

The specimen was tested in three point bend tension, by the same

jig as described for fracture toughness, Figure 16, at a cross head

speed of lmm/min, until failure occured. The width and thickness were

measured with a dial caliper. The flexural modulus was then calculated
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from the Instron generated plot of load vs. cross head displacement and
the following equation.

4.o1x10l°,p_¤
E = -————-————-——-—

(3.2)f
W- T3• C

where P = Load
D = Cross head displacement
W = Width
T = Thickness
C = Chart speed

The calculated results obtained are in units of Pascals (Pa).

3.5 SEM Microphotography

The specimens were affixed to the SEM stub by a cyanoacrylate based

adhesive and silver conductive paint (SPI 5002). They were then sputter

coated with gold to give a film of 200Ä. The scanning electron

microscope was a JEOL JSM—35c.

3.6 Materials

3.6.1 EPON 828

Structure:

CH2—CH—CH2—O—
I 2-CH-CH2-0-I I I 2—CH··CH2

n
Equivaleut Weight: 186 g/eq

Supplier: Shell Corporation

Purification: Used as received
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3.6.2 4-4'—Diaminodiphe¤y1sulfone

Structure:

Molecular Weight: 248.30

Melting Point: l78°C

Supplier: Aldrich Chemical

Purification: Recrystallized in MeOH/H20

3.6.3 Bis(p—Amino cyclohexyl)Methane — PACM—20

Structure:

H

Molecular Weight: 210.37

Melting Point: 60.5·6l.9°C

Suoplierz DuPont

Purification: Vacuum distilled
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3.6.4 Octamethylcyclosiloxane — D4

Structure:

-

/\cu o o ca2. 2.\ / \//S\ /S&
cx:3 o\ /0 ca3

ÄCH3 CH3

Molecular Weight: 296.6

Supplier: Union Carbide

Purification: Vacuum distilled

3.6.5 1,3-Bis(3—Carboxypropyl)·Tetramethy1 Disiloxane—Carboxy Dimer

Structure:

0 CH3 CH3 0
n | | naoc—<cH2 3-coa

CH3 CH3

Molecular Weight: 306.5

Supplier: Petrarch Chemicals

Purification: Used as received
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3.6.6 4,4'·Dich1orodiphenylsulfone — DCDPS

Structure:

Molecular Weight: 287.18

Melting Point 148—9°C

Supplier: Aldrich

Purification: Recrystallized in toluene

3.6.7 Bisphenol A — Bis A

Structure: “*©'©*“
Molecular Weight: 228.27

Melting Point l55°C

Supp7ier: Dow Chemical

Puritication: Recrystallized in chlorobenzene

3.6.8 2,2'-{4—Aminophenyl-4—hydroxyphenyl)propane
Monoamino Bisphenol A (MBA)

Structure:

“r@*@~“2
Molecular Weight: 227.35

Melting Point 192.0 - 192.5°C

Supplier: Synthesized from Bis A and aniline hydroch1oride2l3

Purification: Recrystallized in ethanol/H20
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3.6.9 2-Aminoethylpiperizine - AEP

Structure:

H2N—CH2—CH2-14 NH
Molecular Weight: 129.21 g/mol

Boiling Point 218-222 °C

Supplier: Aldrich

Purification: Vacuum distilled

3.6.10 4,4'-Difluorodiphenylbenzophenone

Structure:

0
II

Molecular Weight: 218 g/mol

Melting Point lO5°C

Supplier: Aldrich Chemicals

Purification: Recrystallized from ethyl ether

3.6.11 1,1'-(Methylenedi-4,1-pheny1ene)bismaleimide - BMI

Structure:

0 0
II I!

E°>~©-=2©>~<°lC C
II Il
0 0

Molecular Weight: 358.36

Supplier: Aldrich Chemical

Purification: Recrystallized in methanol/chloroform
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3.6.12 Octaphenylcyclosiloxane·-D;

Structure:

¢\ /¢
ji\

¢\ /0 0\ /¢

Ä Ä¢ Q\\ I//O ¢

¢ ¢

Molecular Weight: 793.2

Melting Point 200-l°C

Supplier: General Electric

Purification: Used as received

3.6.13 N·Methyl—2-pyrrolidinone — NMP

Structure:

N

caa

Density: 1.026

Boiling Point 202°C, dec, lO0°C/24mm

Supplier: Fisher Scientific

Purification: Distilled over CaH2
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3.6.14 Acetic anhydride

Structure:

0
II

/C—Cl-X3

0\
C—CH3
II
0

Molecular Weight: 102.09

Density: 1.082

Boilinq Point l39.55°C

Supplier: Fisher Scientific

Purification: Used as received

3.6.15 Chlorobenzene

Structure:

@¤l
Density: 1.1058

Boiling Point 132°C

Supplier: Fisher Scientific

Purification: Distilled over CaH2

93



3.6.16 Tetrahydrofuran

Structure:

O

Density: 0.8892

Boiling Point 67°C

Supplier: Fisher Scientific

Purification: Used as received or distilled over CaH2

3.7 Poly(dimethyl-co-Diphenyl Siloxane) Modified Epoxy Resins

3.7.1 Synthesis of Carboxyl Terminated Poly(dimethyl siloxanes)

The polysiloxane copolymers were synthesized in bulk via an

equilibration reaction,2lS as depicted in Scheme 1. Into a round bottom

flask fitted with a condensor and argon was put 44.339 of D4 (0.149 mol)

and 25.009 of the carboxyl terminated dimer (0.0816 mol). This was

slowly heated to 58°C cn an oil bath with stirring. To this was slowly

added 7ml acid catalyst, trifluoroacetic acid (TFAA) which dissolves the

carboxyl dimer. It was allowed to react at 60°C for *28 hours. The

solution was cooled to room temperature, transferred to a separatory

funnel and diluted with methylene chloride (CH2C12)• This Was washed

with H20 until the water was neutral to pH paper. The CH2C12 was

rotovapped off, leaving a viscous liquid. This was subsequently vacuum

stripped at 150°C and 50mm Hg to remove traces of solvent and cyclics
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SCHEME l

SYNTHESIS OF AMINOALKYL TERMINATED
POLY(DIMETHYL•CO•DIPHENYL SILOXANE) STATISTICAL COPOLYMERS

ca 0 cu ca ¤| 3 II | 3 | 3 IIIi- CH2 )3*C*0"H

CH3 CH3 CH3
4

CF3SO3H

O O
II II

H——0—c—psx·—c—0—¤

0 Ö CH cu 0II I I 3 I 3 IH—0—c-(—c1~12 ) 3—(—T1—o-);(7;1—o-)T?1—(—c¤2)3—e—o—¤

Q CH3 CH3

1 H2—N*"CH2'CH2*N NH

H 0 O Iii
| II n /"\

HN/_-\*-CH *CH *N‘*C—PSX‘C'N"CH *CH "N NH\ [ 2 2 2 2 y [
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which formed during equilibration. The sample was titrated, using

alcoholic KOH, giving a value of 8279/mol (target value: 850g/mol)

3.7.2 Endcapping of Carboxyl Siloxane with 2—Aminoethy1piperizine

56g (0.0677 mole) of the carboxyl terminated PSX (3.7.1) was put

into a round bottom flask with argon and a Dean—Stark trap attached. To

this was added 192ml of AEP (1.466 mole). The flask was heated to l60°C

and allowed to react with stirring for *24 hours. The heat was removed,

the solution was transferred to a separatory funnel and diluted with

CHZCIZ and washed with H20 until it was neutral to pH paper. The
solution was then rotovapped to remove any solvents.

3.7.3 Synthesis of AEP Terminated Po1y(dimethyl-co—diphenyl siloxanes)

The AEP terminated po1y(dimethyl siloxane) was put into a round

bottom flask with a condenser and argon inlet attached. To this was

added octapheny1cyc1¤si1oxane (D4") and 6 drops of amine catalyst

(tetramethyl ammonium hydroxide siloxanolate) and the solution was

heated to *60°C for 24 hours. At this point the temperature was

increased to *l40°C to decompose the catalyst. The argon flow was

increased to assist in removing any decompostion products. After *3

hours, the flask was cooled. The polysiloxane was poured into

ieoprepehel aha the D4' unreacted precipitate was filtered off. The

solution was rotovapped, and then stripped under vacuum. The final

product was titrated with alcoholic HC1 to determine molecular weight.
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3.7.4 Modification of Epoxy Resins with Polysiloxane Copolymers

The polysiloxane was reacted with the epoxy resin and was then

cured as shown schematically in Scheme 2. The reaction is based upon

the general procedure described in Section 3.2. After degassing the

resin, the desired amount of polysiloxane was added and this was allowed

to react for *1 hour under vacuum at 60°C. The curing agent, p-

aminocyclohexyl-methane (PACM-20) was added and a homogeneous solution

was formed. This was quickly poured into the preheated RTV silicone

mold and cured at 160°C for 2.5 hours. The samples were allowed to

cool.

3.8 Diamine Terminated Po1y(ary1ene ether sulfone) Modified Epoxy
Resins

3.8.1 Synthesis of Diamine Terminated Poly(ary1ene ether sulfones)

These polysulfones were synthesized according to Scheme 3. Into a

4 neck round bottom flask fitted with an argon inlet, thermometer,

overhead stirrer and Dean-Stark trap was charged purified bis-phenol A,

DCDPS and MBA. The monomers were dissolved in n-methylpyrrolidinone and

toluene was added as an azeotroping agent, along with potassium

carbonate. The reaction was stirred at 155°C, with the evolution of

water. After the system was dehydrated, (*4 hours), the toluene was

slowly remc·ed until the temperature stabilized at l70°C. The solution

was allowed to react for *12 hours, resulting in a viscous, dark green

solution. The solution was then cooled to -80°C, the salts filtered off
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SCHEME 2

REACTION OF AMINE TERMINATED POLYSILOXANES WITH
EPON 828/PACM•2O

H O O H/"\_ I u u I
/_\

HN CH2'CH2-N*C*PSX**C*N'CH2*CH2—N NH

O CHCm I ·3 I ^2*CH—CH2 •

I

• H2*TH"CH2 nR*CH2*CH*CH2

CH3 OH

EPON RESIN 828

6o°c
VACUUM

PACM·2O
170°C

"NETWORK"
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SYNTHESIS OF AMINE TERMINi;I;;M:O;Y(ARYLENE ETHER SULPONES)

Cl©>SO2‘©·Cl HO @ @ OH
+

6-:0 © NH2

KZCO3

l

NM:=/:0:0:;:::;‘
150·170°C

OH;N © © R}¤©·g©<> © NH;
n

OR=-<>@>g©¤ @ ©



and the solution diluted to *10% w/w solids with methylene chloride.

The polymer was acidified slightly with glacial acetic acid, and

precipitated into MeOH. The polymer was dried in a vacuum oven. It was

then reprecipitated twice by first dissolving in CH2C12, filtéfinq off

salts and precipitating into Me0H. After the polymer was thoroughly

dried, the molecular weight was determined by dissolving in 2:1

chlorobenzenezglacial acetic acid and potentiometrically titrated with a

HBr/GAA solution. The polymer was also characterized using gel

permeation chromatography (GPC) to determine the molecular weight

distribution.

3.8.2 Modification of Epoxy Resins with Amine Terminated Poly(arylene
ether sulfones)

The procedure is based on the method described in Section 3.2. The

reaction is shown in Scheme 4. After the epoxy resin was degassed, the

polysulfone was added and homogenized by heating to *90°C, while the

system was kept under vacuum. In the initial attempts, when the

molecular weight and/or the amount incorporated of the polymer was high,

the system was too viscous to stir with a magnetic stirbar. As a

result, a low boiling solvent (e.g. CH2c12, Tap) was utilized tg

homogenize the EPON 828 and th: PSF. The solvent was then vacuum

stripped, leaving the PSF dissolved in the BPON. However, when an

overhead stirrer was utilized for mixing, the solvent was found to be

unnecessary, since the torque of the stirrer was great enough to agitate

the viscous system. This apparatus is depicted in Figure 18.
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SCHEME 4

REACTION OF AMINE ETHER SULPONES)
D

HZN © © ¤—Psr=—o © @ NH2

CH2—CH- vAcuuM
90°C

·'| HOUR

H N SO NH

170°Cl‘|.5HOURS
2'|O°C

l1HOUR
"NETWORK"
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FIGURE 18: Apparatus used in the modification of epoxy resins.
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Once the polymer was completely dissolved, a stoichiometric amount

of the DDS was added and the heat was increasd to l40°C, where the DDS

dissolved into the solution. The solution was then poured into the

preheated RTV mold, cured at l70°C for 2.5 hours and then postcured at

*210°C for l hour. The samples were allowed to cool to room

temperature.

3.8.2.1 Determination of Morphology as a Function of Percent
Thermoplastic Incorporation

A series of polysulfone modified epoxy resins were run to determine

the morphology, toughness, and flexural modulus as a function of percent

incorporation. The PSF utilized had a titrated molecular weight of

15.8K g/mol. The samples had loadings of 15%, 20%, 25%, 30%, and 40%,

all on a weight basis.

3.8.2.2 Effect of Morphology on Water Absorption

Epoxy resin modified with 15% and 30% w/w were made. Half of the

specimens WSIS b¤il@d in H20 for *64 hours. The weight change due to

water uptake was measured along with the effect of the water on the KIC
and flexural modulus properties.

3.8.2.3 Effect of Functionalization on Morphology and Fracture
Toughness

The study was conducted utilizing two different molecular weights
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of amine terminated PSF, 64009/mol and 20,9009/mol. For each molecular

weight, a 15% and a 3¤% w/w loading of resin was prepared. To endcap

the polysulfone, each molecular weight was prereacted with acetic

anhydride according to Scheme 5. The polysulfone was dissolved in THF

and a 20—fold excess of acetic anhydride was added. The solution was

then heated to reflux for *24 hours while stirring. The solution was

then allowed to cool, diluted with THF, and then precipitated into

CH3OH. This amide terminated polysulfone was then utilized to modify

Epox/uns.

The fracture toughness was determined for the four groups of

samples. Broken fracture toughness samples were then immersed in THF

for 48 hours to determine the amount of insoluble material. SEM

photomicrographs were then taken to determine the morphology of the

extracted samples.

3.9 Diamine Terminated Poly(arylene ether ketone) Modified Epoxy Resins

3.9.1 Synthesis of Diamine Terminated Poly(arylene ether ketones)

The polymer utilized were synthesized and supplied courtesy of Dr.

D. K. Mohanty.2l5 They were synthesized in a manner analagous to that

of amine terminated poly(arylene ether sulfones) as described in Section

3.8.1 and depicted in Scheme 3. The difference is that 4,4'-difluoro-

dibenzophenone (DFDBP) was substituted for the DCDPS. The polymer was

also characterized similarly by titration.
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3.9.2 Synthesis of Diamine Terminated Poly(ary1ene ether ketone)
Modified Epoxy Resins

The po1y(arylene ether ketones) were utilized to toughen the epoxy

system in a manner similar to that described for the polysulfones

described in Section 3.8.2 and in Scheme 4.

3.10 Diamine Terminated Poly(ary1ene ether sulfones) as Matrix
Modifiers for Carbon Fiber Composites

3.10.1 Synthesis of Diamine Terminated Poly(arylene ether sulfones)

Polymers were synthesized with molecular weights of 13,0009/mol and

21,000g/mol according to the procedure described in Section 3.8.1.

3.10.2 Synthesis of Diamine Terminated Poly(arylene ether sulfone)
Modified Epoxy Resin

The resin utilized was a proprietary formulation supplied by the

co-sponsor of this work, Dexter-Hysol. As a result, the actual chemical

structure was not divulged, but the formulation was described as a

mu1ti—functiona1 epoxy resin. The modification was prepared in the

usual manner (Section 3.8.2) except that no vacuum was utilized during

the mixing process. The curing agent utilized was 3,3'-diaminodipheny1—

sulfone. After the DDS was dissolved, the resin was cooled to 0°C until

it was ready to be used. Three different formulations were made: 15%

loading of 13,0009/mol of PSF and 15% and 30% loading of 21,000g/mol cf

PSF, along with a control with no modifier present.
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3.10.3 Prepreg Fabrication

The prepreg was make utilizing a hot helt prepregger (California

Graphite Corporation) with a width of approximately G'. The fiber

utilized was Hysol Grafil Apollo XAS graphite fiber, each tow consisting

of 12K fibers. The fiber had an average tensile strength of 650KSI

(4.48 MPa) and a modulus of 33MSI (227 GPa). The fibers received

standard oxidation surface treatments followed by the application of an

epoxy size ("A' size) which was approximately 1% by weight. The1

fabricated prepreg has an approximate areal (fiber) weight of 145g/mz

(66%) and a total weight of 2209/mz. This was determined by removing a

known area of tape, weighing it, extracting out the resin and then re-

weighing the remaining fibers.

Tape was fabricated with all three compositions of modified resin,

although the least quantity was of the 30% loading of 13K PSF. Also,

control tape was made utilizing unmodified resin.

3.10.4 Composite Sample Fabrication

Four different sample geometries were fabricated with the prepreg

tape. Table I gives the geometries, size, number of plies and the data

obtained from each specimen. A11 samples were cured in an autoclave

according to a standard 250°C curing cycle (Table II).
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TABLE I

COMPOSITE SAMPLES UTILIZED

SAMPLE # PLIES SIZE (in) GEOMETRY DATA OBTAINED

DOUBLE
_ uu m

CANTH.EVER BEAM 24 lx9 [0] G1C
COMPRESSION 8 3.5xO.5 [0] Gun
TENSH..E 16 1x9 [+45] Guh} , E11, G12
FLEXURE 16 1x5 [90] Gun, Ef
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TABLE II

STANDARD 350°P AUTOCLAVE cuaxuc cYcLE

1. Prcssurize to 0.59MPa (85psi)
2. Heat up to 120°C (248°F) at 2°C/min
3. Hold at 120°C (248°F) for 60 min
4. Hcat up to 179°C (350°F) at 2°C/min
5. Hold at 179°C (350°F) for 240 min
6. Cool down a:2°C/min
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3.10.4.1 Double Cantilever Beam

The data obtained from this specimen, double cantilever beam (DCB)

is an interlaminal fracture toughness. The sample was fabricated by

laying up twelve plies of tape in a l2'xl2' square all unidirectional,

then placing a 2* wide strip of teflon along one edge perpendicular to

the fiber direction, and finishing with 12 more plies. The purpose of

the teflon is to form an interlaminal slot where the crack can be

started.

After curing, the laminate was cut into strips in the direction of

the fibers, and the edges were polished smooth. Hexagonal shaped nuts

were adhered to the cracked end so as to form a place to attach the

instron jaws as depicted in Figure 19. One edge of the DCB sample was

painted white with *White—Out*, to increase the visibility of the growth

of the crack. The sample was then pulled in tension, noting the growth

of the crack, which exhibited 's1ip—stick* type behavior. The data was

plotted as load vs. cross-head deflection, and the GIC Was Calsülatad bY
the following equationz

AA
= ——————

3.1GIC AVB ( )

where AA = the change in the area under the load deflection curve, AL =

the change in the crack length and B = the sample width.
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3.10.4.2 Compression

These compression samples were fabricated as a laminate that was

approximately 6"x12", 8 plies thick. The laminate, once cured, was cut

and ground to specimen size. Tabs, consisting of miscellaneous pieces

of laminate, were adhered to the ends of the specimen in order to have a

region to hold, and a defined region for failure under compression, as

shown in Figure 20.

Hot/wet samples were fabricated by first boiling the specimens in

H20 for 48 hours, then tesing at 82°C (180°F).

3.10.4.3 Tensile Coupons

These samples were fabricated as a 16 ply laminate that has a

symmetric t45° orientation and was “l2"xl2". After curing, tensile

specimens were cut and ground. These specimens required no post

modifications, but did require strain gauges (Micro-measurements

Division, Measurements Group, Inc., Raleigh, NC, type CEA-06-250UW—350)

which were affixed with a cyanoacrylate based adhesive. Also, hot/wet

samples were made, utilizing the same conditions as the compression

samples. The data generated were calculated from the stress-strain

plots generated by the strain gauges in the 0° and 90° directions.

3.10.4.4 Flexural Modulus

This sample was the simplest geometry, just requiring a strip
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6"xl2”. After curing, 90° strips were cut and ground. The samples were

then tested to failure in a three-point bend apparatus.

3.10.5 Environmental Susceptibility of Modified Composites

In order to test the susceptibility of the modified composites to

various liquids, samples of fractured flexural (”l'x2.5", 2 of each)

were submerged in water, methylethyl ketone (MEK), JP4 jet fuel and

hydraulic fluid (Monsanto Skydrol SOOB). All samples were soaked for

two weeks (14 days) and were kept at a constant temperature of 70°C

(l60°F) except those in MEK, which were kept at room temperature. The

change in weight was then measured.

3.10.6 Neat Resin Evaluation

3.10.6.1 Fracture Toughness

Compact tension specimens were fabricated by curing resin in

silicon rubber molds and curing according to the same cure schedule as

was utilized for the composites (Table II). The cured specimens were

milled to exact size and then precracked by first cutting a notch with a

reciprocating saw and then initiating a crack by a clean razor blade

which had previously been chilled with dry ice. The KIC data Wéfé

calculated according to the following equation:
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P
K = —————

° f(a/w) (3 2)IC ——-
'/w°B

f(a/w) = 29.6(a/w)1/29721ss.s<a/w)3/2 + 655.7(a/w)5/2 - 10l7(a/w)7/2
+ 638.9(a/w)

where P = load, w = width, B = thickness, and a = crack length. The

energy release rate was then calculated from the following relationship:

2 _ 2(Km) (1 v )
GIC (3.3)

E

where v = Poisson's ratio and was assumed to be 0.25, E = modulus, which

was obtained from DMTA data (Section 3.10.6.2).

3.10.6.2 Thermal Properties

Samples for thermal analysis were prepared as strips l/2'xlZ'x1/16*

and cured according to the normal cure cycle. Samples were analyzed

both dry and after a 48 hour water boil with a dynamic mechanical

thermal analyzer (DMTA·Po1ymer Laboratories). The samples were run from

room temperature to ~275°C at a frequency of l Hz generating loss

modulus (E') and Tan 6 values. The dry samples were run at 4°C/min,

while the wet samples were run at l0°C/min.

3.10.6.3 Lap Shear Strength

Tensile lap shear data were generated by utilizing aluminum panels

bonded with both neat and modified resin. The surface of the aluminum
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utilized was prepared using standard degreasing and etching techniques
to remove any undesirable oxides and form the best bonds. In order to
obtain uniform thickness of the adhesive layer, glass beads (*5um) were
mixed into each resin system to be tested. The resins were spread on
one aluminum panel edge and the second panel was overlapped by O.5'.
The panels were then layed up and cured in the autoclave according the
the schedule in Table II. The cured panels were cut into l' wide strips

and tested in tension at various temperatures.

3.11 Diamine Terminated Poly(arylene ether sulfone) ModifiedBismaleimides

Amine terminated polysulfone (titrated molecular weight 13,300) was

dry mixed with BMI with a weight ratio of PSF:BMI 3:1. However, due to
the large difference in molecular weights of the two species, the molar
ratio was 1:14.5. The powder was passed through a mixing extruder

(Custom Scientific Instruments, CSI Minimax Model CS-l94P—F4—064) which
was set with a barrel temperature of ~217°C and a head temperature of

*220°C. The resulting material was transparent brown and which was full

of bubbles. It was passed through two more times to increase

homogeneity and remove the bubbles. Samples from each pass were

submitted for GPC measurements.

The sample was then put into a press and heated until it flowed

(*200°C). At this point, the pressure was increased to *4000 lbs and

the temperature was raised to 250°C and held for 30 minutes. The heat
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was then turned off and the press was allowed to slowly cool to ~88°C.
The sample was removed.

A sample, 0.1g, was put into 10ml of THF (1% w/v) and allowed to

sit to test solubi1ity•
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4.0 RESULTS AND DISCUSSION

4.1 Poly(Dimethy1·co-Diphenyl Siloxane) Modified Epoxy Resins

4.l.l Introduction

Polysiloxanes were utilized as epoxy modifiers because they were

believed to impart the toughening characteristics of other rubber based

systems such as butadiene-acrylonitrile rubbers (ATBN, CTBN), but be

superior due to their better physical properties. The first decided

advantage of polysiloxanes is their low glass transition temperature,

(Tg). For a pure dimethyl siloxane, the Tg is ~120°C and for a 50 mole

percent diphenyl system, it is *—40°C. This is compared to

acrylonitrile—butadiene systems which show a minimal Tg of -4o°c. This

difference in Tg increases the usable range of the resin without

diminishing the toughening characteristics of the rubber.

The next advantage of the polysiloxane modifiers is that they are

stable both oxidatively and thermally. The siloxane backbone is

relatively inert, in comparison to the unsaturation that exists in the

CTBN and ATBN rubbers. This probably would add to the upper use

temperature, especially if the system is exposed to high temperatures

for extended periods of time.

The final advantage of the polysiloxanes is that they have a low

surface energy. This causes the siloxane to migrate to the air/polymer

interface, and results in a siloxane coated surface. Since

polysiloxanes have a low coefficient of friction, the polymer becomes
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self·lubricating. This has been seen in studies measuring the shear

rate of siloxane modified epoxies compared to their unmodified

counterparts.

Polydimethyl siloxanes, due to their relatively low solubility

parameter (*7.5 (cal/cc)Z)2l7 are incompatible with most systems and

will phase separate. Although this is the desired goal of rubber

toughening, it is necessary to be able to control the miscibility to

develop domains of uniform size and dispersity. As a result, pure

dimethyl siloxanes prove to be ineffective tougheners, since they phase

separate on a gross, even macroscopic, scale. However, if the

polydimethyl siloxane is copolymerized with siloxanes based upon

diphenyl siloxane or trifluoropropyl siloxane,

Z cug
——%i-0- ——%i-0-

Z ca

éßäCF3

Diphenyl Siloxane Trifluorcpropyl Siloxane

then the phase separation can be controlled by increasing the solubility

parameter of the copolymer closer to that of the epoxy resin (*9.2

(cal/cc)Z.

An excellent study of the use of polysiloxane based rubbers as

toughening agents for epoxy resins was conducted at VPI&SU.l40 In this

study, various oligomers of polysiloxane copolymers of average molecular

weights ranging from 1500 g/mol to 3100 g/mol were utilized to toughen

EPON 828/PACM—20 based epoxy resins and determine the fracture
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properties. These values were compared to values obtained from ATBN and
CTBN copolymers in the same system. This was the basis for the work

conducted for this section of the dissertation. The objective was to

synthesize poly(dimethyl—co·diphenyl siloxane) copolymers of higher

molecular weights and attempt to determine a molecular weight and

copolymer composition which would result in the optimum toughening

characteristics. Also, a relationship was looked for between the

morphology of the modified system that developed to both the chemistry

and mechanical properties.

4.1.2 Synthesis of Poly(Dimethy1—co-Diphenyl Siloxane) Copolymers

The major goal was to synthesize polysiloxane oligomers of

controlled molecular weight. The equilibration reaction is rather

straightforwardzlg, especially when dealing with polysiloxane

homopolymers. The synthsis of diphenyl copolymers is more difficult due

te the fact that the D4" monomer is a solid and is only soluble in

oligomeric polysiloxanes. Thus, it was necessary to synthesize the

maximum oligomer weight of the dimethyl homopolymer first, then add the

D4' monomer, which would dissolve and then incorporate into the

equilibrating chains. *

This procedure, though appearing unorthodox, is plausible due to

the fact that this ring opening polymerization is an equilibration

process, and that the diphenyl units can be successfully incorporated

into the chain. Although no actual analysis was done, it is believed
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that the copolymer is somewhat blocky, but given enough time for

equilibration, this tendency should be diminished.

The siloxane oligomers were dissolved in isopropanol (IPA) and

filtered. This was necessary to remove any unreacted D4', Whi¢h is

insoluble in IPA. The solvent was then removed and the sample was

vacuum stripped to remove cyclics which were present. Samples were

checked utilizing HPLC techniques,219 which are able to detect the

presence of cyclics down to a range of <1%.

The end group utilized, amino—ethyl piperizine, was chosen because

it results in a secondary amine terminal group, which can be capped with

epoxy resins in a simple and straightforward manner, yielding a linear

species. Also, due to the aliphatic nature of the end groups, the

reactivity should be high towards the ring opening of the epoxide group.

4.1.3 Synthesis of Polysiloxane Modified Epoxy Resins

The epoxy resin, EPON 828, was chosen due to is chemical simplicity

and that a large data base for it has been generated throughout the

literature. The curing agent, PACM—20, was utilized because it is a

liquid at room temperature and this simplifies its mixing with the epoxy

system. However, due to its aliphatic nature, it is very reactive,

resulting in short working times, especially at elevated temperatures,

before gelation occurs. The combination of EPON 828/PACM—2O results in

a Tg of ~l50°C.

After the resin was degassed, the polysiloxane modifier was added

and magnetically stirred under vacuum. The system, regardless of the
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molecular weight or copolymer composition of the polysiloxane, never

became clear, but remained somewhat turbid and opalescent. This fact is

somewhat disturbing, since the desired situation would be for total

miscibility prior to curing, and phase separation taking place during

the cure. However, if the final result is the desired morphology, then

the mode of phase separation is inconsequential.

The system was cured at a temperature of 160°C, which is slightly

above the theoretical maximum Tg. Thus, maximum mobility is given to

the system, resulting in maximum cross—link density. The cured

specimens were opaque, with a slight yellowish-brown tint, most likely

due to the amine groups present in both the curing agent and the

siloxane end groups.

4.1.3.1 Mechanical Property Results

Two mechanical property tests were utilized: fracture toughness

and flexural modulus. The three point bend fracture toighness specimen

was chosen due to it ease of fabrication and the fact that very little

resin was needed to make a set of fracture bars. Its main drawback was

that the failure is catastrophic and only one data point is gained per

specimen, so at least 10 specimens were needed for reproducibility.

However, the deviation is generally within 10%, which is satisfactory

for this type of measurement.

The flexural modulus was utilized as somewhat of a control.

Theoretically, the more rubber that is added, the tougher the system

will become. However, there must be a point where the other mechanical
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properties of the system begin to diminish. The modulus is one such

property. The high modulus of epoxy resins is one property which makes

them suitable for composite materials. The flexural modulus is utilized

because it is very reproducible, and unlike modulus values which are

obtained from tensile specimens, is not susceptible to surface flaws

(i.e. it is not very notch sensitive). Thus, it is a more of a

macroscopic property measured over a large surface area compared to

tensile tests, which will give erroneous values if the sample is flawed.

4.1.3.1.1 Fracture Toughness

The fracture toughness results are given in Table III. As seen,

three different molecular weight ranges were tested, 2.SK, SK. and 10K,

with diphenyl contents ranging from 0% to 60%, which is a weight percent

based on the oligomeric molecular weight. Thus, for a 10K sample

described as 40% diphenyl, 40009 are due to diphenyl siloxane units and

60009 are dimethyl siloxane units. The siloxane content represents the

weight percent of polysiloxane oligomer in the overall epoxy formulation

The fracture toughness control value of EPON 828/PACM-20 was found

to be 0.77 MN/m3/2, which is what all the modified systems were compared

to. The lowest molecular weight oligomers of 2.5K were synthesized as

0%, 20% and 40% content. Unfortunately, higher incorporations of

diphenyl proved unsuccessful, due to the solubility problems of D4"

alluded to earlier. The fracture toughness values all appeared to be

approximately the same, regardless of the percent incorporation and/or

the diphenyl content. They did not appear to impart much toughening
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TABLE III

FRACTURE TOUGHNESS RESULTS Boa POLYSILOXANE M0¤1P1ED EPON 828/PACM-20

EPON 828/PACM-20 CONTROL: 0.77

Siloxane Content (w/w)
% Diphenyl

<Mn> Siloxane 5% 10% 15%

2,500 0 0.77 0.72 0.68
2,500 20 0.82 0.87 0.83
2,500 40 0.84 0.80 0.73

5.000 0 0.81 0.84 0.35
5,000 20 0.97 0.88 0.87
5,000 40 0.91 0.93 1.34
5,000 60 0.78 1.17 0.88

10,000 20 0.61 0.80 0.77
10,000 40 0.84 0.89 0.86
10,000 60 0.89 0.93 0.87

* KIC values expressed as MN/m3/2.
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characteristic to the system, which was somewhat unexpected. This can

be compared to samples modified with ATBN and CTBN, whose toughness

values are given in Table lV,14O since the molecular weights are

comparable. In this comparison, the toughening characteristic of the

polysiloxanes unfortunately are inferior. One explanation is that

although the molecular weights are similar, the chain lengths are

different, since the repeat unit of the siloxane is heavier than that of

the butadiene, especially as the diphenyl content increases.

The next set of data represents the series of polysiloxane

copolymers with a titrated molecular weight of approximately 5000g/mol.

In the series of polydimethyl siloxane homopolymers, there is little

change until 15% loading is reached, where the toughness drops

considerably. This can be attributed to the immiscibility of the pure

homopolymer. The particular oligomer that exhibited the most promising

fracture values is the 5000g/mol with 40% diphenyl content. The sample

with iss loading exhihite the best KIC value, which is apprcximacely a
75% increase over that of the control. This indicates that the right

mixture of solubility and chain length was met, resulting in maximum

toughening. Although these values appear to be out of place, they were

reproducible, indicating that this result is not an artifact.

The last group, those of 10,000g/mol, show a diminishing effect on

the toughness. It should be noted that there were no specimens made

with pure polydimethyl siloxane homopolymer, due to its total

incompatibility and gross phase separation in the system. For the most

part, however, the rest of the samples appeared to give the same results

that were given by the 2.5K modifiers which was not totally understood.
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It would have been surmised that the 1OK samples with high phenyl

siloxane content would have imparted a high toughening characteristic,

due to the predicted solubility characteristics.

It appears that except for the SK, 40% diphenyl sample, the

polysiloxane rubbers do not impart the toughness that is seen with

acrylonitrile-butadiene based rubbers. One possible explanation may be

due to the fact that the siloxanes retain their liquid character once

they phase separate, and act essentially as voids in the matrix. This

is supported by the postulates of Kunz, et.al,118-9 who attribute some

of the rubber toughening to the tearing of the rubber particles. Since

the siloxane is a liquid, it has little, if any, tear strength and acts

essentially as voids. Butadiene based rubbers, however, due to their

unsaturation, may actually crosslink through the unsaturation present in

the main chain, adding integrity to the rubber and increasing its tear

resistance. If the siloxanes do essentially act as voids, then little

toughening would be expected. The sample of 5K—40% diphenyl loaded at

15% may have enough miscibility with the epoxy so as not to completely

phase separate, but to form a type of interpenetrating network within

the particle with the resin. Thus, the particle will have some

integrity and absorb energy upon tearing.

4.1.3.1.2 Flexural Modulus

As stated earlier, the flexural modulus was measured in order to

determine how much this liquid modifier would diminish the modulus

properties of the system. The results are listed in Table V. The
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TABLE IV

FRACTURE TOUGHNESS VALUES FOR EPON 828/PACM·2O
MODIFIED WITH ATBN AND CTBN

KIC values (MN/m3/2)

Modifier Molecular Loading levels
Weight 5% 10% 15%

ATBN-10AN 2560 0.93 1.00 1.02
ATBN-18AN 1750 0.83 0.96 1.13
CTBN-10AN 2690 0.90 0.95 1.00
CTBN-18AN 3880 0.96 1.05 1.12
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TABLE V

FLEXURAL MODULUS RESULTS FOR POLYSILOXANE MODIFIED EPON 828/PACM•20

EPON 828/PACM-20 CONTROL: 2.0

Siloxane Content (w/w)
% Diphenyl

<Mn> Siloxane 5% 10% 15%

2,500 0 1.70 1.25 1.24
2,500 20 --- 1.89 1.44
2,500 40 1.80 1.74 1.68

5.000 0 1.70 1.27 1.24
5,000 20 1.65 1.45 1.37
5,000 40 1.90 1.73 1.83
5,000 60 —-— 1.82 1.45

10,000 20 1.72 1.78 1.63
10,000 40 1.97 1.87 1.50
10,000 60 1.89 1.80 1.55

* Flexural Modulus values expressed as 1x10”9 Pa.
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nomenclature is the same as described for the KIC Values. The cgntrgl

value of EPON-828/PACM-20 was determined to be 20 GPa.

The first distinct trend that can be seen is that as the

miscibility of the polysiloxane in the epoxy resin diminishes, (i.e.

decreasing diphenyl content, increasing molecular weight), the flexural

modulus values decline. This is an expected occurance, especially in

light of the hypothesis that the rubber particles act as voids. If this

is the case, then the volume of epoxy is less for a given area, and the

flexural modulus would be expected to decline.

The second correlation that can be seen is the samples with the

higher fracture toughness also have the least amount of flexural modulus

decline. The samples with the highest fracture toughness (5K·40%

diphenyl, 15% load) also showed a minimal decrease in flexural modulus,

in fact, less than any polysiloxane composition loaded at 15%. This

also supports the IPN hypothesis, since the particles of rubber are not

voids and will have non-zero modulus values.

4.1.4 Morphology

The morphology of these systems was analyzed with a scanning

electron microscope (SEM) at the actual fracture surfaces of the various

KIC samples. Thus no treatment was needed, except for a gold sputtering

to increase conductivity and decrease charging.

Figure 2l is the fracture surface of an unmodified control. It is

relatively featureless, except for the presence of various dirt

particles. This was to be expected from a glassy, brittle thermoset,
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which fractures in a planar manner. There was no cracking seen, thus no

toughening mechanism such as crazing or shear yielding was apparent,

which was to be expected.

The next scanning electron micrograph, Figure 22, shows 2K—40%

diphenyl, 15% loading. It was apparent that the polysiloxane phase

separated out in this system, leaving voids with a particle size of ~lum

in diameter, fairly evenly dispersed. However, the surface was still

rather planar, with very little cracking apparent. The cracking that

exists appears to either initiate or terminate at the particles, and

there was some cracking seen around the particles. For the most part,

this was minor, and the fracture toughness value supports this, with

relatively no change from that of the control. This can be explained by

the void theory. Even though the few cracks increase the toughness, the

voids diminish the amount of material actually present. Thus the two

factors tend to offset each other.

The next photomicrograph, Figure 23, shows the immiscibility of the

pure dimethyl siloxane for the SK, 15% loading. In this sample, large

domains were „een throughout the entire fracture surfaces, with sizes

approaching lOOum. It appeared that there exist spherical particles

inside the domains. These were believed to be remnants of the ruptured

rubber particles. Although this sample displayed a large amount of

fracture which appears to originate from much smaller particles, the

large voids must surmount this toughening effect, resulting in

diminisned overall toughness. Tnis was consistant with theoretical

predictions.
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The sample containing 5K·20% diphenyl content, 15% loading, shown
in Figure 24, displayed the same type of morphology as seen in Figure

23, but to a lesser degree. The voids were not all the same size; some

were slightly smaller. The voids also appeared to be rougher,

indicating that there was more phase mixing and some epoxy actually

existed in the voids. The region surrounding the voids had a rougher

surface texture, with small cracks that appear to initiate from the void

walls. This combination of more prominent cracking and fracture through

the actual voids explained the increased toughness over the pure

dimethyl siloxane homopolymer.

The next photomicrograph shows the first major change in

morphology. In Figure 25, SK-40% diphenyl, 10% loading, the particles

had dramatically shrunk down to a size often seen with other rubber

modifiers, 1-2um. This indicated that the presence of the diphenyl

groups increase the miscibility, resulting in a more controlled phase

separation. The cracking present definitely follows a path through the

particles, although the cracks appear to follow the circumference of the

edges.

Figure 26 displays the fracture surface of the sample which

exhibited the highest toughness, SK-40% diphenyl, 15% loading. By

examining this surface, a relatively high fracture value would be

expected. Just comparing it to the previous example, Figure 25, the

surface was much rougher, and the cracks appeared to be more three-

dimensional. The particle size was slightly bigger, but there tends to

be more particles present. The cracks do not display as much

orientation, but appear to be guided more by the presence of these
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particles. All of these factors help to justify the high fracture

toughness values obtained.

By examining the surface obtained for the SK-60% diphenyl, 15%

loading, Figure 27, one would guess that this sample exhibited a very

high fracture value. The particles were of uniform size (l-2um) evenly

dispersed, and there appeared to be a fair amount of cracking. However,

the fracture results do not support this observation. In fact, they

were just slightly greater than the control. The only explanation was

that it appears that there are only major cracks present, whereas the

40% diphenyl, 15% loading shows cracks, albeit small, from almost every

particle. However, this does not seem as though it would impart that

great a toughening effect.

The last photomicrograph in the series, Figure 28, is the sample

consisting of l0K·60% diphenyl, 10% loading, which exhibited the second

best toughness. Its surface correlates well with Figure 26, in that

microcracks eminate from the particles along with major cracks. The

particles, however, seem to be getting slightly larger, which could

indicate the discrepency in toughness.

The flexural modulus has not been discussed thus far in terms of

the morphology, but some of the trends described previously appear more

apparent. The flexural modulus appears to be a function of the particle

size; as the particles shrink, the modulus increases. This supports the

void theory, since the larger voids have a greater cross sectional area

and thus less resin is being flexed, resulting in lower values.
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4.1.5 Conclusions

The overall results obtained indicate that increasing the molecular

weight of polysiloxane based modifiers has little effect on toughening

this particular epoxy resin system. This most likely can be attributed

to the liquid character of the system. The lone exception was the

system with an average molecular weight of 5000g/mol containing 40%

diphenyl siloxane loaded at 15%. This particular system had the right

chemistry to control the particle size, along with possibly

incorporating some epoxy resin in the particles to toughen it. The

results previously reportedl40'2l8 better results, but these systems

were of lower molecular weight, thus the degree of miscibility may have

been greater, resulting in particles of less liquid character.

4.1.6 Suggested Future Studies

If, in fact, the basic problem with the polysiloxane modifiers is

their liquid—like state in the matrix, then lightly crosslinking them

may impart more toughening character to the system. This may possibly

be accomplished by incorporating pendant vinyl groups along the

backbone. Preliminary work indicated that these pendant groups can be

copolymerized with dimethyl and diphenyl units. These oligomers, when

heated above 100°C, became viscous and even rubber—like. If this type

of polysiloxane is incorporated into the epoxy resin, phase separates,

then crosslinks, the toughness should be much greater.
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TABLE VI

FRACTURE TOUGHNESS AND FLEXURAL MODULUS RESULTS FOR
A POLYSILOXANE MODIFIED EPON 828/DDS SYSTEM

Polysiloxane Fracture Flexural
Incorporati on Toughness Modul us

(weight A) (MN/m3/2) (10°9 PA)

0 0.63 2.9
10 0.92 2.0
15 1.36 2.2
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4.2 Diamine Terminated Po1y(Arylene Ether Sulfone) Modified Epoxy Resin
Systems

4.2.1 Introduction

The use of tough, ductile, engineering thermoplastics to toughen

thermosets was attempted in order to try to overcome the deficiencies of

rubber based modifiers; namely their low modulus. The ability of rubber

modifiers to toughen thermosetting resins is widely known, and their

decrease in modulus properties is an accepted occurance, although it is

generally undesirable. Our belief was that if the tough mechanical

properties of thermoplastics such as polysulfone can be introduced into

brittle matrices, there should be little, if any, decrease in modulus,

due to the relatively high modulus of the modifier.

The use of thermoplastics as toughening agents is not new; other

workers have used polyether sulfoneszzo and non·reactive polyether-

imideszzl to toughen matrix resins, with mixed results. However, these

modifiers were simple blended due to their non—reactivity with the

epoxy. Workers at VPI have taken this one step further by using

bisphenol-A based polysulfones (PSF), which are functionally terminated

with either hydroxylzzo or amine223 end groups. These materials are

able to chemically react into the system, resulting in good interfacial

adhesion, while still allowing the desirable phase separation at

reasonable modifier molecular weights.

The use of amine—terminated modifiers in desirable over their

hydroxyl counterparts in that they do not require a catalyst to react

with the epoxide groups. Thus, a one step modification is possible.
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The goal of this work was to look at different molecular weights

and amounts of incorporation and determine how these effect the

mechanical properties. Also, the relationship of morphology with

variables such as concentration, molecular weight and mechanical

properties was sought.

4.2.2 Synthesis of Diamine Terminated Po1y(Arylene Ether Sulfone)Modified Epoxy Resins

One significant advantage of using amine terminated polysulfones

for the modification of these epoxy resins was that it was determined

that they are soluble without the use of solvents. The first attempts

without solvent were unsuccessful, so a low boiling solvent was used as

a homogenizer in the initial stages. It was then removed, resulting in

a homogeneous system. It was later determined that the problem of

solubility was due to insufficient mixing. The use of a high touque

overhead stirrer enabled the polysulfone to dissolve into the epoxy

resin without the use of solvents. However, in all cases, once the

polymer was dissolved, a clear, brownish solution was obtained, which is

in contrast to the opaque solutions seen with polysiloxane modifiers.

The brown color is attributed to residue solvent trapped in the

polysulfone.

As expected, increasing the molecular weight and/or the percent

incorporation increased the viscosity of the system, making sample

preparation more difficult, but not impossible. The problems
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encountered would not be problems for a laboratory better equipped for
the processing of polymers, instead of their synthesis.

The systems were cured in two steps on order to maximize the cross-
link density. In the first stage, the material was cured at l70°C for

1.5 hours to initiate chain extension and then gelation. The

temperature was then turned up to 2l0°C. It took approximately l hour

to reach this temperature and was held there for an additional hour.

This was to ensure maximum cross-link density, since the final cure is
above the theoretical maximum Tg. The lower temperature was used to

slow the gelation process and allow phase separation to take place in a

more controlled manner.

4.2.2.1 Mechanical Property Results

A series of amine terminated poly(arylene ether sulfone) oligomers

was prepared in order to determine the effect of molecular weight and

percent incorporation on fracture toughness and flexural modulus. The

molecular weights ranged from 4100 g/mol to 36,000 g/mol with

incorporations of 15% and 30% on a weight basis. The results are listed

in Table VII.

4.2.2.1.1 Fracture Toughness

The values are compared to that of the EPON 828/DDS control, which

has a fracture toughness of 0.6 MN/m3/2. There are two trends seen in

Table VII, the effect of molecular weight and the effect of amount
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TABLE VII

FRACTURE TOUGHNESS AND FLEXURAL MODULUS RESULTS FOR
POLYSULFONE MODIFIED EPON 828/DDS SYSTEMS

Polysiloxane Fracture Flexural
Incorporation Toughness Modulus

<Mh> (weight z) (MN/m3/2) (10°9 PA)

Controll 0.6 2.9
4,100 15 0.6 1.8
5,300 15 0.8 2.4
5,300 30 1.0 2.7

7,100 15 0.8 ---
13,100 15 1.0 1.9
13,400 30 1.8 2.8

15,6002 15 0.9 2.5
15,600 30 1.8 2.6

19,500ä 15 1.0 2.619,500 30 1.7 ---
36,5002 15 1.2 3.1

(1) EPON 828/DDS system
(2) Utilized solvent in preparation

143



incorporated. Looking at the effect of molecular weight initially,

there does not appear to be a significant increase in the toughness

until a molecular weight of *13,000 g/mol is reached. This is somewhat

expected, since a molecular weight of 13,000 g/mol represents an average

chain length of *29 monomer units. Below this, the chains are not long

enough to induce entanglements to form a tough polymer. This would be

seen if a film of a polymer with this molecular weight was cast from a

solvent. The film would be extremely brittle, and most likely a film

could not even be made. However, there does not appear to be much of a

change in KIC values until a relatively high molecular weight is

reached, i.e. 36,500 g/mol. Here the toughness increases slightly more,

to a doubling of the fracture toughness over that of the control. This

is a significant achievement, since it is in the range achieved by

rubber based modifiers.

The second trend compares the effect of percent loading upon the

toughness, and the results are significant. At the 5,300 g/mol level,

these is a slight increase in toughness as the percent incorporation

goes from 15% to 30%. This rise, though not great, does represent a 67%

increase over the control. The next molecular weight range, 13,000

g/mol, shows a significant increase in toughness, representing a 3 fold

increase over that of the control. This exemplifies the argument of a

significant molecular weight needed. Once again, this weight range

showed a large increase in toughness. Above this molecular weight, at

levels of 15,600 g/mol and 19,500 g/mol, the same effect on the fracture

toughness is seen.
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This data indicates that a tough ductile engineering material can

be an effective toughening agent, and it can be processed in a

straightforward manner. However, the effect on this modifier on other

properties needs to be addressed.

4.2.2.1.2 Flexural Modulus

The flexural modulus was also measured for the systems described in

the previous section and the results are also listed in Table VII. The

modulus of the unmodified epoxy system was found to be 2.9 GPa, which is

slightly higher than the PACM-20 system. This is expected due to the

more rigid curing agent used, DDS.

The same type of trends which were seen in fracture toughness are

also seen in the flexural modulus. In terms of the flexural modulus as

a function of molecular weight, as the molecular weight increases, so

did the modulus. This can probably be explained using the same

arguments that were made for the fracture toughness trend. Once a

critical molecular weight is reached, the modulus properties of the

polysulfone start to level off. It appears that this leveling off

begins at a lower molecular weight than was seen for the KIC
measurements. This can be explained by the fact that even though a

material is b ittle, it can still have a high modulus. This is the type

of behavior that is seen in many polymeric glasses, with epoxy resins

being one obvious example.

It is worthwhile to point out two cases in particular. The first

case is the values obtained for the 13,100 g/mol sample. This appears
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to be artificially low and does not appear to fit within the trend that

has developed. The second value that should be noted is that for the

36,500 g/mol system. In this case, the flexural modulus actually

increased over that of the control. This might be a synergistic type of

phenomenon, where the two individual properties add up to a better

property overall. Unfortunately, a value of the flexural modulus for

the pure polysulfone was not determined, but it could possibly be higher

than that of the epoxy.

The second trend is the flexural modulus as a function of percent

incorporated. For these samples, the value of the flexural modulus

almost approaches that of the control for all cases. This is a very

significant development, because the systems that show the greatest

increase in toughening also show the lowest decrease in flexural

modulus.

This type of behavior was the premise upon which to use of

polysulfones were chosen as candidates for toughening of epoxy resins.

The concepts of toughness and modulus generally work against each other.

For example, a material that is considered brittle generally has a high

modulus, like plate glass. On the other hand, a very elastic material

usually has a relatively low modulus, for example, vulcanized rubber.

In this system, we were able to increase the toughness without changing

the modulus significantly. This is in contrast to rubber tougheners,

which if loaded at levels approaching 30% w/w would impart a great deal

of toughness but would also s;gnificantly decrease the overall modulus

of the system, making it unfeasible for some uses such as primary
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structure composites. This work indicates that epoxy resins modified

with polysulfones may be suitable for primary structures.

4.2.2.2 Morphological Results

As was the case for the polysiloxane modified materials, the

fraeture Surface of the
KIC

samples were analyzed for the morphology as

a function of molecular weight and percent incorporation.

The first sample depicted in this series is 15.6K polysulfone

loaded 15%, shown in Figure 30. The first striking feature is how

evenly dispersed the particles are and also their uniform size. The

particles are all 0.5-1.0 um, which is the particle size believed to

impart the best toughening characteristics. These particles appear to

be pulled out of the surface, indicating that they were ductilely torn.

This is a reasonable toughening mechanism, especially considering the

large number of particles that are dispersed throughout the fracture

surface.

The second obvious feature is that the surface exhibits much

cracking, in a "river-type" pattern. The particles appear to not only

initiate but also terminate the cracks. Thus, two distinct toughening

mechanisms appear to be working in this system, which may explain the

enhanced toughness.

The effect of increasing the molecular weight is seen in Figure 31,

which is the 19.5K polysulfone at 15% load. The same type of morphology

is seen, with the only apparent difference was that the higher molecular

weight results in more cracking of the matrix. Again, the same type of
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river pattern developed, with the particles again acting to both start

and stop the formation of cracks. As was seen in the l5.6K polysulfone,

it appears that the particles are ductilely torn out from the matrix.

The last photomicrograph in this series of 15% loaded polysulfone

is of the highest molecular weight, 36.5K (Figure 32). The fracture

surface is extremely rough for this sample, displaying a 3-dimensional

type of structure. There appears to be some sort of pattern that

follows the crack lines, which exist as very fine lines. They almost

look like shear bands. These lines, as well as the cracks themselves,

definitely follow the particles, but not in a very linear fashion as

previously seen. The cracks appear to move in all directions, which is

highly unusual.

The particles themselves appear much different than was previously

seen. In terms of volume, there just does not appear to be that many,

as compared to the 15.6K and 19.5K polysulfone. Their size is about the

same (0.5-1.0 um) so the polysulfone must be somewhere else. It does

appear that large regions of polysulfone exist, such as the lower left

hand corner and the top middle regions. These larger domains seem to be

of a highly complex fracture pattern and may actually be larger domains

of epoxy-sulfone. This type of phase separation can be attributed to

the higher molecular weight, which thermodynamically is less miscible in

the system.

The next series of SEM pictures represents those of samples

modified with a 30% loading of polysulfone. The first sample is that of

13.4K (Figure 33). The striking feature in this sample is that the
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presence of the polysulfone is not obvious. Unlike those samples with

15% loading, there are no distinct particles of polysulfone seen. The

surface is highly roughened, with a complex cracking pattern seen. It

almost appears that there exists rounded regions about 1.5-2.0 um in

diameter which the cracks seem to circumvent. However, there are no

distinct regions of polysulfone seen. The high toughness can be

explained by the tremendous amount of work done in creating the large

amount of surface area.

The morphology that developed with the 15.6K-30% loading shows a

distinct pattern developing (Figure 34). This photomicrograph shows

round shaped regions with diameters of 1-2 um, evenly packed across the

surface, surrounded by a rougher material. Again, the overall surface

is very rough, with many new surfaces created. This supports the high

fracture results obtained.

The most notably apparent morphology is seen in Figure 35, which is

the fracture surface of the 19.5K-30% loaded surface. A sharper image

of the 15.6K structure is seen, and it gives the appearance of a

honeycomb. It appears that these "hexagonal units" fractured in a three

dimensional manner, with the cracking taking place along the edges of

the units. This highly developed structure helps clarify what was seen

in the 13.4K and 15.6K samples of the same loading.

It appears that possibly a phase inversion has taken place, that

the centers of these hexagonal units are the epoxy resin and that the

polysulfone is forming at least a semi-continuous, if not continuous

phase. The existance of an interpenetrating network (IPN) is a distinct

possiblity. The molecular weight of 13.4K may not be high enough to
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phase separate and form this type of structure. As the molecular weight

is increased to 15.6K, there is more phase separation and more

entanglements in the polysulfone regions. This is maximized with a

molecular weight of 19.5K, where sharp phase boundaries are seen. It

should be kept in mind that these polysulfone chains are chemically

linked with the epoxies. This should prevent phase separation on a

gross scale, and also increase the possibility of the existance of an

interpenetrating network.

This hypothesis is in direct contrast to the results found by

Bucknell and Partridge.224 In their system, (50% DGEBA, 50% of a

triglycidyl p-aminophenyl epoxy resin, cured with 5% dicyanodiamine and

modified with ICI Victrex 100P poly(ether sulfone) which has a molecular

weight of *23,000 g/mol), a similar type of three diminsional structure

also developed. They analyzed the fracture surface with x—ray

microanalysis (EDAX) attached to a scanning electron microscope and

found the nodules to be sulfur—rich, indicating the presence of

poly(ether sulfone). The authors also claimed that these nodules were

unaffected by methylene chloride, indicating that they also contained

epoxy resin. This seems unlikely, for two reasons. First, the EDAX is

not very surface sensitive; x—rays are emitted from a tear drop shaped

region below the area measured by the electron beam spot. As a result,

the actual area analyzed is much larger than appears. If sulfur exists

anywhere in this region, it will be observed.

The second point is that since the nodules were unaffected by

methylene chloride, they had to be mostly epoxy. Since the polysulfone

was blended in with little, if any, reaction with the epoxy. If these
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nodules were mostly poly(ether sulfone), they would have either

dissolved or swelled to a great extent. The authors did not describe

the region around the nodules, but this area is similar to what has been

seen in this work. Most likely this is the polysulfone rich region.

One interesting feature that has not been mentioned thus far is

that for all polysulfone modified materials so far examined, the cured

specimen remained transparent, regardless of the molecular weight, the

amount of polysulfone incorporated or the morphology that developed.

This indicates that the refractive indices of the two species are close

enough so as to not scatter light. The two phases must also exist in

intimate contact, without the inclusion of any voids.

The fracture surface of the 'honeycomb” type structure exhibited an

interesting phenomenon. When the sample was broken, the surface became

whitened. This was at first believed to be stress whitening, a crazing

effect, but if this white region was scratched with a fingernail, it

became transparent again. Probably this 'whitening” can be attributed

to the individual cells breaking free from the surface during fracture.

Since these units are large enough to scatter light, they appear as

white particles. Once scraped off, the result is the unfractured resin,

which is transparent. This phenomenon also supports the high toughness

that is seen, since much energy in used in breaking out these particles

and creating the large amount of surface area of these units.
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4.2.2.3 Determination of Morphology as a Function of Percent
Incorporation

The morphologies that developed were drastically different for

systems modified at 15% loading compared to those loaded at 30%. The

goal of this section was to determine the transition that occurred

between these two morphologies. This was accomplished by first choosing

a molecular weight of polysulfone that would give well defined

morphologies at both extremes of loading and then incorporating the

polysulfone at a variety of loading levels, specifically: 15%, 20%,

25%, 30% and 40%. The molecular weight chosen was 15.8K. The fracture

toughness was also measured to determine its relationship with

morphology.

The first relationship studied was the effect of percent

incorporation upon fracture toughness. The results of this study are

given in Table VIII. As seen, there appeared to be a definite increase

in fracture toughness as a function of the amount of polysulfone

in<:orporated• Although the KIC value tor the 20% loading appeared to be

out of place, within experimental error, it was within the range of the

15% loading. This would indicate that the mechanism of toughening in

the 15% and 20% samples are most likely the same. However, above these

levels, there appears to be a significant increase in toughening,

indicating that a new mechanism may now be in effect.

In order to gain insight into the possible mechanisms, a series of

scanning electron mrcroscope photomicrographs was taken. The first is

of the 20% loading sample (Figure 36). The morphology that developed
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TABLE VIII _

FRACTURE TOUGHNESS OF POLYSULFONE MODIFIED EPON 828/DDS SYSTEMS
AS A FUNCTION OF PERCENT INCORPORATION

Amount of KIC
Incorporation 3/2

0% (Control) 0.80
15% 1.11
20% 1.06
25% 1.43
30% 1.56
40% 1.88
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was similar to 15% of the same molecular weight range. There existed

particles of uniform size (0.5-1.0um) evenly dispersed throughout the

matrix. There was cracking displayed, and it appeared to follow the

particles, resulting in a relatively planar surface. The similarity of

this morphology to that seen in samples loaded at 15% justifies the

similar KIC values-

The morphology of the 25% loaded sample (Figure 37) took on a very

different structure. There existed large spherical regions, which were

unstructured and were almost 10um in diameter. The region surrounding

these spheres was highly structured and very roughened. This is the

region in which the toughening is most likely taking place. It appears

to be very three dimensional. From a qualitative aspect, it could be

said that the flat, spherical regions are epoxy rich, while the rough

area is polysulfone rich. This can be justified by the fact that if the

spherical regions were in fact polysulfone, then due to its ductile

character, flat, featureless surfaces would never occur.

The next structure is that of the 30% loading (Figure 38). The

structure that is obtained is the 'honeycomb” previously described.

This in fact appeared to be similar to that of the 25% loading, only on

a smaller scale. Again, there were regions relatively featureless, this

time 1·2um in diameter and tightly packed. Again, it is believed these

hexagons are epoxy rich, while the surrounding regions are polysulfone

rich. This structure appears to be more three dimensional than the

previous 25% loading, with fewer regions that are featureless. These

two effects account for the displayed increase in toughness that is

seen.
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The final photomicrograph in this series is of the sample loaded at

40% (Figure 39). The structure that developed here is very interesting.

The morphology was very similar to that which developed at 30% loading,

except that most of the surface, with the exception of a few regions,

shows a miniaturization of the 'honeycomb' structure. The smaller

particles have diameters of <1.0 um and are densely packed. There were

a few regions that show morphology on the same size scale as seen at the

30% load level. However, approximately 90% of the surface was of the

smaller structure. This morphology was very ordered and the surface was

highly structured in a three dimensional pattern, thus supporting the

high fracture toughness values. The larger regions may be due to

polysulfone that was not completely dissolved, yielding pockets of lower

concentration, possibly in the 30% range.

The change in morphology displayed in this series indicates that a

phase inversion may have taken place. At levels up to *20%, the amount

of polysulfone present was not large enough to cause phase inversion.

However, as the amount of polysulfone present was increased, this phase

inversion was possible, and it was probably thermodynamically driven.

Yet, due to the chemical links between the polysulfone and the epoxy

matrix, this inversion was somewhat controlled.

The structure also appears to be a function of molecular weight, as

was described earlier (Section 4.2.2.2) The generation of a hexagonal

type of packing can be dramatized by the packing of marbles into an open

box, as depicted in Figure 40. Figure 40-a represents a few marbles

that are thrown into the box. They would scatter and form a random

pattern. This is analagous to the morphology seen at 15%-20% loading.
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If the box was continuously filled with marbles, the maximum packing

would be in a hexagonal configuration, as depicted in Figure 40-b.

However, polysulfone particles do not act like marbles, which are hard

spheres that do not have attractive forces between them; polysulfone

particles interact with the surrounding material.

As the amount of polysulfone is increased in the matrix, this tight

packing will start to develop, but due to a thermodynamic driving force,

these particles will begin to phase mix, as depicted in Figure 40-c.

The polysulfone is driven out of the epoxy, and will tend to mix with

itself. Thus, the particles will begin to merge together, trapping

epoxy resin inside. This explains the structure seen in the 25% loading

samples. The roughened regions represent the polysulfone that is

merging together; the smooth regions are the excluded epoxy regions.

The final stage, Figure 40-d, represents a higher level of loading,

in which the polysulfone can now become continuous, yielding the

morphology depicted in 30% loading. It must be kept in mind that since

the polysulfone is reacted in the resin, these pockets of epoxy are

still linked to each other, thus the formation of an IPN or at least two

bicontinuous phases. If the amount of polysulfone is further increased,

as is the case of 40% loading, the structure shrinks down, giving

smaller and smaller domains of epoxy resin.

Although it was not attempted, if the amount of polysulfone was

increased to about 85%, a total inversion would be predicted; that is,

particles of epoxy dispersed in a polysulfone matrix. This would

probably act as a lightly crosslinked polysulfone, which is tied at

these epoxy juncture.
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Another factor which has not been addressed is the affect of

kinetics on the structure. Although it was not studied here, the faster

the system is cured, the sooner the gel point is reached. Thus it would

be feasible the hypothesize that if the system was rapidly cured, the

morphology could be altered. This has been seen in modified samples

. . . . 225cured with microwaves, which reach full cure in a matter of minutes.

Similarly, if the system was cured very slowly, a more defined and

developed system may result, due to a more complete phase separation of

the polysulfone.

4.2.2.4 Effect of Amine Terminated Po1y(Arylene Ether Sulfone)
Incorporation on Water Absorption in Epoxy Systems

One of the major difficulties with most epoxy resin systems is

their susceptibility to moisture. When the amine group reacts with an

epoxide ring, the result is a pendant hydroxyl group, as shown below.

/O\ /H

* —* ‘"@“\
CH —CH“*”2 I

OH

which is the most probable site for water absorption. This absorbed

water has the effect of plasticizing the matrix , resulting in a

lowering of the Tg. If a system is subjected to a very humid

atmosphere, its mechanical properties will diminish. The goal of this

section was to determine the effect, if any, of water uptake on systems
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modified with polysulfone. The system used was 15.8K polysulfone, and

it was loaded at 0%, 15% and 30% w/w. The samples used were fracture

t¤¤qh¤eSS ba!S« and the KIC values of the 0% and 15% samples were

subsequently measured.

The results of this work are found in Table IX. As expected, the

control sample (no modifier) picked up a significant amount of water.

However, this had a positive effect on the fracture toughness values,

which is somewhat expected. If in fact the water is acting as a

plasticizer, the system should show an increase in toughness. Other

properties were not measured, such as lap shear strength, though they

would be expected to show a decrease with water pick—up.

The next set of data represent the samples loaded at 15% with

polysulfone. The water uptake in this case was diminished conpared with

the control, which was expected. Also, there was a slight decrease in

the fracture toughness. This could be explained by a decrease in the

adhesion between the polysulfone particles and the matrix, thereby

transferring less toughness.

The samples were submitted to DMTA analysis to determine the

effects of water on the thermal properties. The first curve, Figure 41,

represents the dry, unmodified EPON 828/DDS system. As seen, a single,

sharp tan 6 transition occurs at 209°C, and this can be attributed to

the glass transition point. The next trace, Figure 42, shows the effect

of the water boil upon the epoxy matrix. The initial effect results in

two tan 6 peaks, the lower at l55°C and the upper at 20l°C. The best

explanation is that two regions exist in the sample, an outer region and

an inner region. As the sample was scanned, the outermost regions began
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FIGURE 41: DMTA trace of control epoxy resin
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FIGURE 42: DMTA trace of control epoxy resin, subjected to water boil.
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TABLE xx
WATER UPTAKE STUDY RESULTS von 15.8K POLYSULPONE Mo¤1B1E¤ EPON 828/DDSAS A FUNCTION or BEBcEuT INCORPORATION

K Waterlg/2 Uptake
Sample (MN/m )

Control 0.80
Control - H20 1.13 3.40%
15% Load 1.09
15% Load - H20 1.00 2.85%30% Load -—-
30% Load - H20 --- 2.48%
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to dry out, resulting in the uppermost transition. The lower transition

can be correlated to the inner region, which remains wet, due to the

slow desorption of the water. In effect, two separate samples are being

tested at once, a wet specimen and a dry specimen. This brings up the

problem with testing "wet' samples with any type of temperature scanning

instrument. As the sample heats up, the water is driven off, so the

true effect of the presence of water is difficult to determine. One

method of slightly offsetting this effect is to scan at a faster heating

rate. However, if the rate is too fast, the sample temperature will

begin to lag behind the scanning temperature and the true temperature

will not be known. Figure 43 shows the sample of 15% loading which was

not subjected to water. The tan 6 curve shows a transition at 203°C,

which is etermined to be the Tg of the epoxy matrix. There appears to

be a shoulder at ~l75°C, which would indicate the phase separated

polysulfone. The modulus curve (E') appears to hold steady until it

drops off at ~180°C.

Figure 44 is that of the sample which was boiled in water. The

upper tan 6 transition has been lowered to 192°C, which is the expected

consequence of water absorption. There now appears a second small peak

at ~l50°C. This is most likely epoxy resin which has been subjected to

the lowering of the Tg by the water. It appears not to be the

polysulfone because the shoulder still exists at ~l75°C, although is is

now masked by the shifted larger tan 6 peak. The modulus curve also is

shifted lower, now the drop-off is at ~135°C. These traces illustrate

the detrimental effects to the mechanical properties of a system brought

on by the absorption of water.

169



P•!v••· L••• Mm [FON/UBS ISZ PSF l5.6K CONT

¤.s •c·u¤•v
ul

_
zu c

0 Os ° Q
:' .•

I.5
I

E · ..l *2 ¤

7.6

.•

: I Ih

LSI 1 II 1 I.

FIGURE 43: DMTA trace of 15.8K PSF, 15% loading.

170



r••y••» Lu- mm

L5-F•gE'(P
reif1, (
•I+

[5 ll!C(

n:= ..l( · Y j
·

»
7.5

E Q Z JW-1 j Y. +

{
lf ( ;:‘°E::„:::„‘ '}?2ä°.‘aä‘Z‘„.(

H#L$;;E??¥?$$?$Y?¤E==¢==E==!é§Eä§§E§ä§5äE;§ „„„„„„
Qnnurg IHC
Dntu 7/I7/II

FIGURE 44: DMTA trace of 15.8K PSF, 15% loading, subjected to water
boil.

171



The final sample, 30% load, shows an even further decrease in the

water absorption. Again, this is the ideal situation, since an almost

10% decrease in water can significantly alter the mechanical properties.

Unfortunately, the fracture toughness was not measured, so a

relationship to mechanical properties and the 'honeycomb“ morphology

with water pick—up could not be developed.

The reasoning behind the decrease in water absorption can be

related simply to the fact that by incorporating polysulfone into the

matrix, the number of available sites for water absorption (i. e.

pendant hydroxyl groups) is diminished.

This hypothesis can be proven preliminarily by looking at the

decrease in the amount of water uptake with respect to the amount of

epoxy resin that was displaced by the polysulfone. Starting with the

control picking up 3.4% water and assuming that 100% of the hydroxyl

groups are formed, if 15% of the resin is replaced with polysulfone,

then the water uptake should decrease by 15% or the uptake should be 85%

of that of the control; 2.89%. This is in excellent agreement with the

actual value obtained. If the matrix is replaced by 30% polysulfone,

then the value should be 70% of that of the control, or 2.38%. Again,

good agreement is seen. The increased uptake over the theoretical value

can be attributed to the fact that polysulfone will in itself absorb ~1%

water, but also, the morphology of the hexagons give the water a clearer

path into the inside of the sample. However, this work does indicate

that polysulfone will help to diminish the water uptake in epoxy resins.
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4.2.2.5 Effect of Functionalization on Morphology and Fracture
Toughness

4.2.2.5.1 Introduction

The objective of the work described in this section was to

determine the effect of functionalization of the polysulfone (i. e. the

reactive end groups) on the morphology and the fracture properties.

This was accomplished by synthesizing two separate batches of amine

terminated polysulfone, one of 6,400g/mol molecular weight and the other

22,000g/mol molecular weight. Half of each batch was reacted with

acetic anhydride according to Scheme 5 to form amide terminated

polysulfone. These amide bonds should render the polysulfone unreactive

towards the epoxy groups. By end capping the polysulfone, factors such

as molecular weight and molecular weight distribution are negated

between the reactive and unreactive modifiers.

The fracture toughness of the samples was measured and this was

correlated to the functionality effect. A final test was to subject the

fracture surfaces to THF, which was a solvent for the polysulfone. If

the polysulfone was truly reacted in, there should be little effect,

except possibly swelling. The material that is endcapped should extract

out, leaving voids in the regions where the polysulfone phase separated.

It would be possible, by examining the fracture surfaces with a scanning

electron microscope, to identify which phase is the polysulfone and also

determine how reactive the amine groups are towards the epoxy.
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protruding from the fracture surface can be seen. The surface also

displays a fair amount of cracking, which both originates and terminates

at the particles.

The sample subjected to the THF also had little visible solvent

effect. The SEM picture, on the other hand, Figure 48, tells a

different story. It appears that total extraction of the polysulfone

took place, leaving voids which directly correlate with all the

particles seen in the unextracted sample. Thus, two preliminary

conclusions can be made. The first is that the polysulfone indeed was

unreactive toward the epoxy and thus was extractable. The second

conclusion is that the functionalization makes the polysulfone more

miscible with the matrix, as predicted from theory. When the

polysulfone is merely blended in, a more dramatic phase separation takes

plac~.

When the polysulfone was loaded at a 30% level, the previously seen

”hexagona1' structure was not apparent (Figure 49). The surface is

fairly rough, but on a small scale (>lum). This non-descript morpholgy

can be attributed to the low molecular weight of the polysulfone, which,

as in the case of the 15% loading, prevents a large amount of phase

separation from taking place.

The extracted sample again showed little visible change, leaving

the sample transparent. The SEM picture, Figure 50, confirmed this,

indicating, little, if any, material was extracted. This confirms the

results obtained for the amine terminated polysulfones loaded at 15%:

functionalization increases miscibility and prevents phase separation on

a large scale.
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The fracture surface of the anhydride capped polysulfone loaded at

30% is drastically different, as seen in Figure 51. At this low

magnification, it appears that two phases are intertwined with each

other. The fracture surface of one appears somewhat circular in shape;

the second phase appears to be continuous around the first phase.

Looking at this surface at a higher magnfication, Figure 52, 6000X,

shows two distinct morphologies present.

The region on the right side is smooth and featureless, indicating

that it is a single phase, most probably the epoxy, due to the smooth

fracture surface. The lower left-hand corner is more complex, showing

the two-phase morphology seen in the samples loaded at the 15% level.

It appears the lum particles are evenly dispersed throughout this

region, and the surface is fairly rough.

The fracture sample subjected to the THF showed a distinct change.

It appeared that some of the material eroded in the form of a fine

powder. The solution became light—brown in color, similar to dilute

polysulfone solution. The sample itself turned white, even after the

removal of THE by vacuum drying.

The low magnification photomicrograph, Figure 53, shows clearly

that the polysulfone was removed, leaving a complex matrix surface. The

circular regions previously mentioned can now be identified as the

epoxy, with the surrounding phase being the polysulfone. This indicates

that a bi—continuous type phase structure formed, with the two phases

being intertwined.

Under a high magnification (Figure 54, 6000X), the resin regions,

as seen on the right side, show a complex morphology, with spherical
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particles and voids. This indicates that the epoxy may actually exist

as domains in the polysulfone, as a kind of phase inversion. Therefore,

the particles seen to precipitate out into the THF may be these epoxy

domains that were released by the dissolution of the polysulfone

regions. The left side of the photomicrograph shows a very smooth,

almost featureless, surface. This indicates that there is little

adhesion between the two phases, and that the phase separation is

relatively clean. This morphology explains why the sample, after THF

extraction, turned white. The voids formed are of a sufficient size to

scatter light, and, as a result, the sample becomes opaque. It can be

postulated that with enough exposure to the solvent, the entire sample

could be extracted of the polysulfone, since the polysulfone appears to

be continuous. This would result in a sponge—like structure, possibly

suitable for some sort of filtration application.

The next set of photomicrographs represent the samples modified

with both amine and amide terminated polysulfone, with a molecular

weight of 22,000g/mol. The first picture, Figure 55, shows the typical

morphology expected, i. e. particles of polysulfone evenly dispersed

throughout, with a size of Slum. The surface showed the typical

cracking through and tangent to the particles, indicating a toughening

effect.

The extracted sample, Figure 56, showed a somewhat surprising

morphology. It appears that some of the particles were actually soluble

in the THF, indicating two possible situations. The first situation

would be that the polysulfone was not completely functionalized, that

some of the material was monofunctional and some was non—functional,
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with chloride end groups the most probable case. The second explanation

is that the polysulfone did not have time to react in.

Of the two explanations, the former is more plausible. One piece

of evidence that supports this is that the titrated molecular weight was

higher than the theoretical molecular weight calculated by the

Carouthers equation and used to determine the stoichiometry of the

monomers. It is unlikely that the polysulfone did not react in, since

the same conditions used for the 6.4Kg/mol polysulfone did not show any

extraction, and its titrated molecular weight value matched the

theoretical molecular weight value.

Figure 57 shows the morphology of the amide terminated polysulfone

loaded at 15%. The morphology is similar to that seen by the amine

terminated polysulfone except that the size of the particles appears to

be larger. This is consistent with the morphology displayed by the 6.4K

polysulfone, where the unreacted material phase separates to a greater

degree. The size of the particles increases with molecular weight,

which is consistent with decreased miscibility as molecular weight

increases.

The THF extracted sample is shown in Figure 58. In this case, it

appears that the particles were completely extracted, indicating little,

if any, reaction took place. This supports the fact that the amine

terminated material was only partially functionalized, looking at the

relative number of voids that formed. The degree of matrix cracking

appears to be independent of the functionalization of the modifier. The

cracking therefore appears to only be a function of the particles,

whether they are chemically linked or just in physical contact.
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The amine terminated sample loaded at 30% is shown in Figure 59.

The morphology is similar to the 'honeycomb' structure, with individual

unit cells surrounded by a second phase. The structure, however, is not

as defined as previously seen. This may be attributed to the proposal

that the polysulfone was not totally functionalized, making the

precipitaion less controlled. The increased incorporation percentage

does in fact change the morphology, regardless of the degree of

functionalization.

The fracture surface of the sample subjected to the THF extraction

is shown in Figure 60. The structure is remarkable; a continuous series

of spheres which are melded together. This has two important

ramifications. The first is that the phase outside the hexagons is the

polysulfone. This is in direct contradiction to the results reported by

Buckna11,22O and supports the hypothesis expressed in Section 4.2.2.2.

Another important implication is that the functionalization is

responsible for the linking of the epoxy spheres, making the epoxy

continuous, along with the polysulfone being continuous. It should be

noted that the sample swelled and cracked, but did not fall apart

completely.

The sample modified with the amide terminated polysulfone showed a

somewhat different morphology, as seen in Figure 61. It appears that

round particles, with a 3-4um diameter, are dispersed throughout the

matrix, with voids also present. If the morphology is consistant with

what has been previously seen, then the spheres should be the epoxy

resin and the continuous material would then be the polysulfone.
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This identification of the two phases was supported by the results

of the extraction in THF. When the sample was put into the THF, it

immediately began to disintegrate, leaving a powdery material. This

powder was then examined using a scanning electron microscope. The

results are shown in Figure 62. As seen, individual spheres were found,

with diameters of 1-4um. These particles must be the particles seen in

the non-extracted case, with the continuous phase being the polysulfone.

This also supports the hypothesis that the melding of the particles as

seen in the amine terminated resin was due to the polysulfone bridging.

When this material begins to phase separate, there is nothing to keep it

from completely coming out, resulting in individual spheres.

4.2.2.5.3 Fracture Results

The fracture results are listed in Table X, with somewhat

unexpected results, although they can be explained by the morphological

results. The 6.4K polysulfone loaded at 15% showed a slight decrease in

toughness when the material was functionalized. This was unexpected,

but can be justified by the fact that, at this low molecular weight,

functionalization with amine groups lowers the degree of phase

separation to a point that little change is imparted to the matix. As a

result, the system is not toughened by the known methods. The capped

material, however, phase separated to a much higher degree, yielding

particles of a size which has been associated with toughening. The

degree of toughening can only be attributed to the presence of the
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TABLE x

FRACTURE TOUGHNESS RESULTS OF POLYSULFONE MODIFIED EPON 828/DDS SYSTEMS
AS A FUNCTION OF END GROUP REACTIVITY

Percent KICSample Incorporation 3/2(MN/m )

Control 0 0.6-0.8

6.4K AM 15 0.74
6.4K CAP 15 0.82

6.4K AM 30 1.04
6.4K CAP 30 1.30

22K AM 15 0.95
22K CAP 15 0.69

22K AM 30 0.78
22K CAP 30 0.37
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particle, and since the particles were not adhered to the matrix, no

ductile tearing of the particles occurred.

The 6.4K samples loaded at 30% showed an even more dramatic effect.

The amine terminated polysulfone did not show any discreet morphology,

although the surface did appear rough. The slight increase in toughness

can be attributed to this fine structure. The amide terminated system

is very rough and three dimensional. This complex structure and the

formation of the resulting surface area can then explain the significant

toughness increase. However, from the extraction study, there appears

to be little adhesion between the two phases, so there should be little

toughness due to overcoming the adhesive forces. Unlike the 15% loading

case, the polysulfone is now continuous, so for failure to occur, the

polysulfone must also fail, and the tearing of this phase could be

responsible for the increased toughness.

The 22K modified sanples exhibited much lower
XIC values than

samples previously modified with polysulfone at similar molecular

weights. The amine terminated samples loaded at a 15% level displayed a

slight increase over that of the unmodified control. This value is

higher than the lower molecular weight system, and this can be

attributed to the increase in the phase separated particle size. In

comparison, the sample with the amide capped polysulfone actually

displayed a decrease. Since the size of the particles in the amine and

the amide terminated samples are approximately the same, the difference

in the fracture toughness values can be attributed to overcoming the

work of adhesion and the resultant ductile tearing of the polysulfone

particles in the amine terminated system.
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The results for the 30% loading level were much more dramatic and

somewhat disappointing. The value obtained for the amine terminated

sample is much lower than expected (*1.7 - see Section 4.2.2.1.1). The

most logical explanation for this was borne out by the morphological

observations. The fact that a significant amount of polysulfone was

extracted indicates that it did not react in and as a result, had little

role in holding the system together. At this loading level, this fact

is very significant, since the system is phase inverted and the

polysulfone plays a dominant role in the overall strength and physical

properties of the entire system. In comparison, at the 15% loading

level, the bulk properties are attributed to the epoxy resin since the

dispersed polysulfone occupies a minimal volume.

The 30% loading sample of the amide terminated polysulfone

amplifies the above conclusions. Since there is no covalent bonding

between the polysulfone and the epoxy matrix, the fracture toughness is

a measure of the work required to separate the two phases. As is

clearly seen, this is a very small value, indicating that the role of

functionalization is critical in achieving high fracture toughness.

4.2.2.5.4 Conclusions

The results obtained give a strong indication that the

functionalization of the polysulfone plays a very important role in

achieving good mechanical properties for systems of significant

molecular weight ( >~l0,000g/mol). If the molecular weight of the

polysulfone is below this value, the functionalization actually decrease
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the fracture toughness due to increasing the miscibility of the

polysulfone and decreasing its degree of phase separation to a level

which results in particles too small (<<lum) to impart significant

toughness.

At low loading levels, where the resultant morphology exists as

particles of polysulfone dispersed throughout the epoxy matrix,

functionalization introduces a second toughening mechanism, the ductile

tearing of the polysulfone particles. Without this covalent bonding,

the polysulfone simply pulls out rather easily without absorbing much

energy.

At high loading levels, the role of functionalization is

detrimental, since the sytem results in a bicontinuous type of

morphology. If there is little adhesion between these two phases,

failure will occur at the interface, resulting in little fracture

strength. Unfortunately, in this study, the 22K polysulfone was not

completely functionalized, so the role of functionalization was not as

dramatic. However, using values that have previously been obtained, the

fracture toughness dropped from 1.7 MN/m3/2 for a reacted system to

0.4MN/m3‘2 for a blended modifier. This is an astonishing observation

which indicates that the covalent bonds between the polysulfone and the

matrix resin are the major reason behind the toughening and this effect

is a function of the morphology that develops by the phase separation

that occurs. Although this work indicates this phenomenon, a future

study repeating this work using a high molecular weight (*2OK)

polysulfone that is assured to be 100% diamine terminated will remove

any doubt about the results obtained here.
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4.2.3 Suggested Future Studies

The results obtained thus far indicate the amine terminated

poly(ary1ene ether sulfone) are effective toughening agent for the EPON

828/DDS system. However, a few areas still need to be addressed.

It appears that the toughening effect is dependent on the

morphology, which in turn is a function of both molecular weight and

percent incorporation. These two latter factors cannot be raised

infinitely, otherwise difficulties such as increased viscosity and

solvent suscepibility will arise. Therefore, an even finer tuning of

the system is needed.

Very high molecular weights (36,000 g/mol) indicated high

toughness, even at the 15% loading. These samples would probably yield

extremely high fracture toughness values at higher amounts of

incorporation, but viscosity would limit the handling and workability of

the material. This might be overcome by blending higher molecular

weight polysulfone with material of modest molecular weight (15,000 to

20,000 g/mol) at different ratios and rates of incorporation. This

bimodal distribution may act to toughen the matrix using more than one

mechanism, yet the bimodality will decrease the overall viscosity.

The way the polysulfone phase separates needs to be addressed

further. Variations in the mixing procedure and the curing cycle may be

able to change the phase separation phenomena, resulting in more

controlled morphologies. One possible method of analyzing the cure and

subsequent phase separation may be by using a hot stage optical
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microscope. The phase separation may possibly be visible, if not,

staining the polysulfone may make it visible. Then, by placing some

modified resin between two microscope slides and monitoring the cure may

give insight into the phase separation phenomena.

A final set of experiments that may provide useful would be to

determine the feasibility of polysulfone modifiers in other matrix

resins. A good starting point would be to use MY—721 (Ciba-Geigy) which

is a tetrafunctional epoxy resin. This resin has the advantage of a

higher crosslink density and a higher Tg. The same series of

experiments could be attempted to determine the morphology and fracture

toughness.
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4.3 Diamine Terminated Po1y(Ar1ene Ether Ketone) Modified Epoxy Resins

4.3.1 Introduction

As previously discussed, Section 4.2, amine terminated poly(ary1ene

ether sulfones) have been shown to be effective thermoplastic modifiers

for epoxy resins. In this section, an attempt was made to determine if

another tough, amorphous thermoplastic, po1y(ary1ene ether ketone) (PER)

would also function as a toughener for epoxy resins. The idea is that

the glass transition temperature of the PER is lower than the PSP (l50°C

vs 190°C) and thus may be slightly tougher at room temperature. Samples

were synthes.zed in a manner similar to the PSP oligomers, and the

fracture toughness, flexural modulus and morphology were examined. Only

one loading leael, 15% was studied.

4.3.2 Synthesis of Diamine Terminated Poly(Ary1ene Ether Ketone)
Modified Epoxy Resins

The epoxy resins were modified with PEK in a manner similar to the

PSP materials. However, a problem developed with these materials. Por

PER systems above approximately 18,000 g/mol, complete dissolution

proved difficult, and the resin gelled during the initial stages. Even

the use of solvents proved unsuccessful, for once the solvent was

removed, the system began to gel. Thus, systems of higher molecular

weights were not attempted.

197



4.3.2.1 Mechanical Results

A series of PEK modified EPON 828/DDS was made. Flexural modulus

and fracture toughness were then determined. These results are

tabulated in Table XI. Only a 15% loading level was utilized.

4.3.2.1.1 Fracture Toughness

The fracture toughness values, compared to the standard control

value of 0.6 showed an increase as a function of molecular

weight, with a maximum value of 2.0 MN/M3/2 for the 17.8K PEK. This at

first glance is a tremendous increase in toughness, even better than

samples modified with PSF a loading levels of 30%. However, as noted in

Table XI, the two higher molecular weight materials (15.4K and 17.8K)

exhibited gross phase separation. Unlike the transparent samples seen

with the lower molecular weight PEK and all of the PSF materials, these

samples exhibited large domains (on the order of millimeters) that were

opaque. As a result of this, the high toughness values may be

misleading, since the crack front may have actually passed through a

large domain of tough PEK. This was supported by large deviations in

the fracture results between the samples ( >10%).

4.3.2.1.2 Flexural Modulus

Surprisingly, there was very little deviation in the flexural

modulus as a function of molecular weight. This too may be attributed
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TABLE XI

FRACTURE TOUGHNESS AND PLEXURAL MODULUS RESULTS OF POLY(ETHER KETONE)
MODIFIED EPON 828/DDS SYSTEMS

PEK Fracture Flexural
Incorporation Toughness Modulus

<wh> (weight ii) (MN/m3/2) (10°9 PA)

Controll 0.6 2.9

6,980 15 0.8 2.6

12,700 15 1.2 2.6

15,4002’3 15 1.2 2.8

17,8002’3 15 2.0 2.8

(1) EPON 828/DDS
(2) Utilized solvent in preparation
(3) MaCI"OphäS€ sepxrated
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to the gross phase separation that took place. Although the flexural

modulus of the neat PEK was not measured, it is relatively high. Thus

when large pockets formed, there either was little at the region that

the flex was encountered, giving a modulus value of almost pure epoxy,

or the region was almost pure PEK, also giving a false value.

4.3.2.2 Morphology

SEM pictures were used to determine what type, if any,

microstructure developed, ané -f it was at all similar to that which was

seen in the PSF modified materials. Figure 63 is a photomicrograph of

the 6.9K PEK modified resin. The same type of morphology that was seen

for the PSP materials at this loading level was seen: particles of

uniform size evenly dispersed throughout the matrix. The first

difference is that the particles appear to be slightly larger,

approximately 1.5-2.0 um. This indicated that the PEK is slightly less

soluble in the matrix.

The second noticible difference in the particles is that they do

not appear to be as ductilely drawn as the PSF samples were. This could

be attributed to the relatively low molecular weight of the modifier.

At this molecular weight, one would not expect many chain entanglements,

and the PEK should be rather brittle.

There does appear to be some cracking of the matrix, which could

account for the modest increase in fracture toughness. It would be

realistic to surmise that this is the only toughening mechanism

200



exhibited, that the ductile tearing of the particles is most likely

inconsequential.

The second photomicrograph is the 12.7K PEK (Figure 64). Note the

low magnification, indicating that the particles are grossly phase

separated. However, the surface has much detail, with a large amount of

cracking around the particles. The particles themselves appear to have

a structure similar to the "honeycomb" pattern developed in the 30%

loading of the PSF materials. This could be explained by the fact that

these domains must contain some epoxy resin, since the PEK is

functionalized and reacted into the system.

There also appears to be small particles (*1 um) dispersed

throughout the matrix, which are probably responsible for the extensive

cracking seen. This type of gross phase separation would be

dramatically more apparent in the higher molecular weight samples.

The cause for this phase separation can be attributed to a larger

difference in the solubility parameter of the PER compared to that of

the epoxy. Thus, the separation is uncontrolled and phase separation

appears much sooner than in the PSF, possibly during the very initial

stages of chain extension of the epoxy resin.

An added factor of these materials is that the carbonyl group along

the backbone is susceptible to attack by amine groups, to form imines.

This fact has been exploited to self crosslink these functionalized

poly(arylene ether ketones) into self cross—1inking resins.l4 Although

the PER is reacted at relatively low temperatures (90°C), the system is

kept under vacuum to remove moisture, etc. Since water is a byproduct

of the imine reaction, pulling a vacuum forces the reaction to proceed
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at lower temperatures. Since the material showed the greatest amount of

gelation once the curing agent was added, it is hypothesized that at the

temperatures needed to dissolve the DDS (l40°C), the DDS effectively

reacted and cured the PEK preferentially over the reaction with the

epoxide rings, which essentially does not start until *l60°C. Thus, the

PEK is crosslinking, becoming less soluble, and subsequently phase

separating much sooner that the rest of the matrix.

4.3.3 Suggested Future Studies

The use of poly(arylene ether ketones) appears to be unfeasible due

to the insolubility in the resin, which is attributed to side reactions

on the carbonyl group. Thus, this material cannot be successfully

utilized as a toughening agent in its present form.

One method that was attemped was first prereacting the carbonyl

groups in the monomeric stage,2l5 then proceeding with the

polymerization (Scheme 6). The goals of this were two fold. First, the

carbonyl groups were protected, and thus could not be susceptible to

side reactions. Second, the introduction of the pendant phenyl ring

should have increased the solubility parameter of the system.

The reaction was run in the normal manner with l2.8K poly(ary1ene

ether imine) (PAI) loaded at 1E% w/w. The PAI dissolved into the epoxy

resin, forming a dark, (attributed to residual solvent from the PAI

synthesis), but transparent solution. The temperature was increased and

the DDS was added. Within minutes, the solution gelled. This could

possibly be explained by the fact that the imine group acted as a
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catalyst for either homopolymerization of the epoxy, or further reaction

with the DDS. In either case, the material was discarded.

Thus, it appears that PEK based materials are unsuitable for use as

toughening agents. Thus, further work in this area appears to be

fruizless. However, the use of these materials as self-crosslinking

agents snows promise at matrix resins in their own right.226

Ä
4.4 Diamine Terminated Poly(Arylene Ether Sulfone) Modified Epoxy

Matrices For Graphite Fiber Composites

4.4.1 Introduction

As has previously been described, the use of amine terminated

polysulfones have proven to be effective toughener for epoxy matrices.

However, one of the major uses of epoxy materials is as matrix resins

for composites, and the behavior of neat resins cannot always be

translated into the same properties in composite matrices. Thus, the

most effective, although not cost efficient, method of testing toughener

is to actually fabricate composite materials and subject them to a

rigorous testing regime.

A joint project was set up between the Polymer Synthesis group of

the Chemistry Department and Dexter—Hysol Corporation (Pittsburg,

California), in which VPI supplied the amine terminated polysulfone,

Hysol in turn supplied the resin (of their own chosen formulation),

graphite fibers and experties. Since the main bulk of the work was

conducted over a two—week time span, and the material was limited, only
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the tests which Hysol believed would give the most pertinant data, with

the least amount of material would be made.

Initially, testing was done on the neat resin, in order to gain

baseline values. Then prepreg was fabricated, various composite

geometries were laid up and tested. The data was compiled, along with

morphological results, and an preliminary evaluation was made.

4.4.2 Synthesis of Diamine Terminated Polysulfone Modified Epoxy Resin

The modification of the resin was done in a manner similar to the

initial neat resin testing. However, a few modifications were made.

The main difference was that the resin utilized was a mixture of various

epoxies of different chemical nature. This system was chosen by Hysol

because it is a basic system utilized in some of their own toughened

formulations. The PSF was added to the resin, and heated until it

dissolved. The curing agent was then added, and it was subsequently

dissolved. The system was not kept under vacuum, since the samples were

to be ultimately cured in an autoclave, which can effectively remove

moisture, gas, etc. A small sample of each resin formulation was set

aside for neat resin evaluation, the remainder was utilized for

composite materials.

4.4.2.1 Neat Resin Evaluation

A series of tests were devised to evaluate the resin in terms of

their fracture toughness, thermal, adhesive and morphological
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properties. A factor that has yet to be determined is the effect the

amine terminated PSF would have on a system not solely based upon a

DGEBA type resin. All of the testing was conducted using the Hysol

facilities, except for the morphology, with the exception of the SEM

work, which was conducted at Virginia Polytechnic Institute.

4.4.2.1.1 Fracture Toughness

The fracture toughness was evaluated utilizing a compact tension

specimen. The results are found in Table XII. The results were only

available for the system utilizing the 2lK PSF; there was not enough

material available for the evaluation of the l3K PSP. The KIC data $h¤W

the normal trends seen with these levels of loading. The control for

this system is approximately the same as for the EPON 828 system. The

value for 15% loading appears to be also about the same for this loading

level. The 30% level, however, does not appear to give the same degree

of toughening. This may possibly be attributed to the actual chemistry

of the system.

The second set of data presented here is the fracture energy,
GIc_

This was detefmined from fho KIC
data utilizing the modulus obtained

from the DMTA data. Again, the trend appears to be reasonable, and the

fracture energy was qualitatively evaluated as a tough system.

4.4.2.1.2 Thermal Properties

The thermal properties were evaluated using a dynamic mechanical
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TABLE XII

NEAT RESIN MECHAICAL PROPERTIES OF POLYSULFONE MODIFIED
MATRIX RESINS

KIC GIC
SAMPLE MN/m3/2 (psi! in) J/m2(lbhr1)

CONTROL 0.58 (496) 103 (0.59)
15%-21K 1.06 (961) 318 (1.82)
30%-21K 1.32 (1202) 513 (2.93)
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thermal analyser (DMTA-Polymer Laboratories). The samples utilized were

rectangular (”O.5' x l.5" x .l25') and the temperature was scanned from

room temperature through to ~275°C. A table listing the major tan 6

peaks is given (Table XIII); again only specimens modified with 2lK were

utilized. Measurements were made on both dry specimens and specimens

subjected to a 48 hour water boil.

The control sample exhibited one major transition at l94°C. This

corresponds with the Tg of the epoxy matrix. The sample loaded with 15%

polysulfone also exhibited one transition, this being at l93°C. The

fact that it was lowered by one degree indicates that there was very

little, if any, phase mixing taking place between the epoxy matrix and

the PSP. Since the Tg of this PSP is lower (~l80°C), if the two were

highly phase mixed, a larger decrease in upper transition would be

expected to be lowered. The fact that a separate transition for the PSP

was not seen is very surprising. This can be explained either of two

ways. The first explanation is that the transition could possibly be

masked by the larger transition due to the matrix. The second reason is

that the 15% loading was insufficient to allow its own transition to be

exhibited.

The DMTA trace for the 30% loading is given in Figure 65. Two

transitions are clearly seen, the lower one (l80°C) being attributed to

the PSP, the upper (l9l°C) one for the matrix resin. The upper

transition shows a more pronounced lowering compared to the control,

indicating that more phase mixing took place. A modifier loaded at 30%

should show a separate transition, if the difference in the glass

transitions of these two materials is great enough.
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TABLE XIII

TAN 6 TRANSITIONS (1 Hz) FOR DRY AND WET POLYSULFONE MODIPIED
MATRIX RESINS

SAMPLE TRANSITIONS (°C)

CONTROL 194
15% - 21K 193
30% - 21K 180 191
CONTROL/WET 142 182
15%-21K/WET 142 179
30% -21K/WET 148 173 175*

*APPEARS AS SHOULDER ON 173° PEAK
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4.4.2.1.5 Tensile Lap Shear Results

The testing of the modified resins for lap shear strength was a

tangent to the original work. We were interested in the effect the PSF

would have on the adhesive properties of the resin. The test was

conducted with aluminum lap shear strips (l' wide with Z' overlap) with

the 15% to 30% loadings of the 2lK PSF. The testing was conducted over

a range of temperatures to determine it effect.

A plot of shear stress (PSI) versus temperature (°F) is given in

Figure 69 with the dotted line representing the control. The shear

stress is linear up to *250°, where the stress rises to *3700 PSI at

*325°F. The stress then falls to a low at the maximum measured

temperature.

The 15%-2lK resin is represented by the solid line. Although it

starts at the same point as the control, it is significantly higher at

250°F, at a value of *3200 PSI. Tt appears to maximize at *310°F with a

value of 4400 PSI and then decreases with a dropoff that coincides with

the control curve.

The 30%-2lK resin shows the most significant increase, with a room

temperature value of *3000 PSI and a maximum strength of *4500 PSI (at

*275°F) but drops off abruptly, in fact faster than the control or 15%

loading. The behavior of all three systems can be attributed to the

toughness related to the morphology of the systems.

The control is rather brittle, so it would be expected to have the

lowest shear stress value. The linearity up to *250° can be attributed

to the fact that this is a highly crosslinked system tested below its
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glass transition temperature. Temperature should have very little

effect. However, above 250°P the temperature is approaching the Tg,

thus the material will yield more and not fracture as brittlely. The

peak value is approximately at the Tg, where the material will ductilely

deform the most. Above the Tg, the material begins to flow slightly and

the adhesive properties drop off rapidly.

The behavior of the 15% loaded sample is very similar to the

control, except that for the most part, it is slightly stronger. This

can be attributed to the morphology and the toughening mechanism that

results. As seen previously (Section 4.4.2.1.4), the morphology of the

15% loaded samples is particles of PSP dispersed throughout the epoxy

matrix. A proposed toughening mechanism was the ductile tearing of the

PSP particles. As the temperature is raised, the PSF becomes more

ductile, thus it is a more effective toughening agent. However, near

the Tg of the PSF, this ductility drops way off, and the behavior of the

sample is basically that of the matrix itself. As a result, the

behavior of the 15% loaded sample above the Tg of the PSP acts as if the

PSP was not there.

The 30% loading sample exhibits an increased toughness up to the

Tg. This too can be attributed to the morphology. Since a phase

inversion has taken place, the PSP is now continuous, and it must

ductilely tear in order for the sample to fail. Thus, the tearing of

the PSP is the dominant response in the system, and since the PSP is the

tougher of the two species, the results give a high shear stress.

However, for the same argument, the 30% loaded sample falls off the most

rapidly a little sooner than the epoxy dominated samples. This is due
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to the fact that above its Tg the PSF has little integrity compared to

the highly crosslinked matrix. Therefore, the overall strength of the

system diminishes as the strength of the PSF diminishes.

4.4.2.2 Prepreg Fabrication

As explained previously, the modified resins, once dry, were

synthesized and chilled at ~O°C until they were ready to be used. The

objective was to make as much prepreg tape with the least amount of

waste. Thus, instead of using the prepregger in its full capability of

12' wide tape, 6" wide tape was run, minimizing start up waste. Each

batch of resin was used in turn, with slightly different processing

conditions depending upon the viscosity of each system.

The sample that proved the most difficult to handle was the

control. Since it was unmodified, it had no viscosity enhancers and was

very fluid. This made fabricating the tape difficult since there was

nothing to bind the fibers together. As a result, there were occasional

regions where the fibers separated, leaving voids.

The resins modified with PSF, however, were easier to fabricate,

with the easiest system being the one having the most modification (30%·

21K). The control resin was spread at room temperature; the subsequent

modified systems required an increase in temperature to spread the resin

over the release paper. These materials became rather tacky, holding

the fibers together, resulting in few voids and little waste. After

each roll was made, it was kept at O°C until it was ready to be

utilized.
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4.4.2.3 Specimen Fabrication, Testing, and Results

The same correlation between system viscosity and prepreg

fabrication could also be made with composite lay up. The control

sample, due to its reduced viscosity and the fact that the carbon fibers

were barely held together, made the layup of the test specimens

extremely difficult, expecially with those requiring a more complex

orientation geometry. In fact, dry ice was utilized to chill the

various plies to facilitate handling and allow a controlled orientation

of the individual plies. The samples modified with the PSF were much

easier to handle. They all were tacky enough to hold together, yet not

so tacky that they could not be taken apart if a misalignment was made.

The most modified system, the 30%-2lK, was the least tacky, and although

it was the easiest to handle, sometimes needed the application of a warm

iron to increase the tackiness and to keep the lamina aligned.

Once each panel was laid up for the various specimen geomeries,

they were bagged and prepared for curing in the autoclave. After

curing, the cooled panels were removed, the individual samples were cut

with a diamond cutoff wheel and the edges were finely ground to insure

that no edge inhomogeneities existed.

4.4.2.3.1 Double Cantilever Beam

This was the most complex sample, yet it yielded the most pertinent

jnfggmatign, GIC values. The samples were pulled apart in the Instron,

with the growth of the crack noted. The results are found in Table XV.
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TABLE xv

GIC vAL¤Es oBTA1NE¤ FROM ¤ouBLE CANTILEVER BEAM STUDY

GIC
SAMPLE J/mz (lbßn)

iö§"iiÖYé$"
30% - 13K 236 (1.35)
15% - 21K 198 (1.13)
30% · 21K 257 (1.47)
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As can be seen, samples modified with the 30% loading showed the

greatest increase in toughness over the 15% sample, with the higher

molecular weight PSF showing the greatest increase. This was to be

predicted from the neat resin results. However, the magnitude of the

increase is not in order with what was predicted by the compact tension

specimens. This can be explained by the fact that the presence of

carbon fibers changes the way the system behaves. This specific

interaction between the fiber and the matrix may change the toughness of

the overall system.

The presence of carbon fibers also introduces more constraint on

the sample, since the area that the crack transverses is highly

restricted due to the fibers. Thus the work area of the crack is

reduced, and this may prohibit various toughening mechanisms from acting

to their fullest potential. Another possible reason for the reduction

in the toughness may be related to the morphology of the system. This

will be discussed later.

The results obtained for the l5%·2lK modified system showed a

slight decrease in the toughness values, but within experimental error,

they are essentially the same as the control. This is surprising, since

the neat resin showed a modest increase in the toughness. This may

again be due to the carbon fibers, which inhibit the crack bridging

between the rubber particles. Also, the presence of the fibers may

interfere with the phase separation of the PSF into discrete particles.

Thus, the other proposed toughening mechanism, ductile tearing of the

PSF cannot occur. As a result, increases in the toughness may not be

expected.
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4.4.2.3.2 90° Flexural Modulus Results

The results obtained here appeared to be the most promising (Table

XVI). Two different sets of data were obtained from these samples:

ultin te stress, which is the stress at break and the initial modulus of

the stress—strain curve. Since the orientation of the fibers with

respect to the sample is 90°, those fibers are in reality not flexed and

this is a pure matrix property.

All of the modified samples showed an increase, although modest,

over that of the control. This is an important aspect in terms of

toughening. The use of a toughening agent actually made the system

stronger, which is a decided advantage. Surprisingly, the system

modified with a 30% loading of the 13K PSF showed an increase over its

2lK counterpart. One possible explanation is that since these materials

are added by weight, the same mass of 13K has more chains than the 2lK,

and if the strength is attributed to the actual amount of material

reacted with the PSF, then the 13K would be stronger.

The modulus values also show an increase over that of the control.

In this case, the 15%-21K showed the greatest positive deviation. This

is hard to justify, except that it may be related to the morphological

differences that may arise due to differences in percent incorporation.

The conclusion is that, unlike rubber based modifiers which tend to

decrease the overall modulus of a system by their presence, PSP

materials actually show an increase. This is definately a bonus, since

the objective of a toughener is to increase the fracture toughness while

minimizing the decrease in modulus.
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TABLE XVI

RESULTS OBTAINED FROM 90° FLEXURAL MODULUS STUDY

Gun MODULUS
SAMPLE Mw/m2 (km MN/mz (msi)

EÖNTROL 121 (17.5) 8960 (1.30)
30%- 13K 138 (20.1) 9370 (1.36)
15%-21K 124 (18.0) 9780 (1.42)
30%-21K 128 (18.6) 9510 (1.38)
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4.4.2.3.3 t45° Tensile Specimen Results

These specimens generated the most usable data, which is found in

Table XVII. Due to the orientation of the fibers in a reciprocating

+45, ·45° orientation, there are no fibers that run in the direction of

the test specimen. This is designed so that when the specimen is pulled

in tension, only the matrix properties are measured and the effects of

the fibers are minimized. Samples were run both dry and hot/wet,

meaning they were subjected to a water boil and then tested at an

elevated temperature (82°C, l80°F). Only the system modified with 2lK

polysulfone was tested due to a lack of material.

The first set of data obtained were the ultimate stress values. As

the name implies, the sample was stressed until failure occurred and the

maximum stress was recorded. The results for the dry sample were mixed.

The sample at the 15% loading level actually showed a slight decrease.

It is, however, within experimental error of the value obtained for the

control sample.

The value for the 30% sample showed an increase which is real,

indicating, as was the case for the 90° flexural modulus, the

incorporation of polysulfone at this level has a positive effect on the

ultimate property. A possible explanation for this is that the ductile

polysulfone buffers the load between the fibers and the less ductile

matrix. As the specimen is stressed, failure is confined to either the

matrix or the individual fibers and is not allowed to transverse

catastrophically across the entire specimen. This is due to the
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TABLE XVII

RESULTS OBTAINED FROM t45° TENSILE SPECIMEN STUDY

cult E11 G12
SAMPLE MN/mz (ksi) GN/m2 (msi) GN/m2 (msi)

CONTROL 223 (32.3) .762 ---··· ·····— -·—-- ·-·---
15% — 2lK 220 (32.0) .766 18.2 (2.64) 5.15 (0.75)
30% - 21K 267 (38.8) .762 15.5 (2.25) 4.41 (0.64)
CONTROL/WET* 200 (29.0) .783 14.9 (2.17) 4.27 (0.62)
15% — 21K/WET* 208 (30.2) .764 18.4 (2.67) 4.42 (0.64)
30% - 21K/WET* 213 (30.9) .746 12.9 (1.87) 3.69 (0.54)

*MEASURED AT 82°C (180°F)
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to prove, except by analyzing the fractured fiber surface for an

overabundance ( >30%) of polysulfone content.

The second explanation is that there is physically not enough room

for this structured morphology to occur. As seen in the neat resin

samples, (Section 4.4.2.1.4), the size of the individual hexagonal units

is 3-4um in diameter and the separation of the fibers is on the order of

1-2um. Therefore, there physically is not enough room for this

morphology to develop. This was supported by finding a region of the

same sample which was resin rich (Figure 72). As can be seen, a

variation on the 'honeycomb" morphology has developed, indicating that

if the resin is given enough room, the hexagons will form.

This also provides insight into the lower than expected toughness

of the 30% loaded samples. It is beleived that the highly structured

three—dimensional morphology is what imparts the toughness to these

samples. For the case of the composites, this morphology did not

develop, thus the lower toughness. It is my belief that if this

morphology could be forced to develop in the composite, higher
GIC

values could be obtained.

4.4.2.5 Environmental Effects of Laminates

The fluids chosen (water, methyl ethyl ketone, JP4-jet fuel, and

hydraulic fluid) are the types of fluids to which an aircraft is

subjected to and wnich cause the most concern with regard to failure.

The samples used were the fractured flexural modulus specimens. They
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were subjected to these various fluids over a 2 week period. The weight

changes are given in Table XVIII.

The water uptake results indicated, as expected, that the presence

of the polysulfone caused a decreas in the amount of water absorbed over

that of the unmodified sample. Surprisingly, the samples loaded at 30%

absorbed more water than the 15% loaded sample. This supports the fact

that these samples developed a different morphology from that of the

neat resin, since in the neat resin samples, the 30% loading showed the

least amount of water uptake.

The samples subjected to the JP·4 jet fuel all showed a decrease in

weight, indicating that some part of the material was being extracted.

Because the decrease in weight increases with increasing polysulfone

content, it indicates that some of the polysulfcne, albeit a small

amount, was not reacted in. It may actually be that some polysulfone

was in the form of cyclics (side products of the condensation reaction)

or uncapped polysulfone. However, the weight decrease is very small,

and may actually be inconsequential.

The result for the hydraulic fluid and the methyl ethyl ketone

(used as a paint stripper) are hard to explain, since no definite trend

is seen. In fact, the effects of these two fluids are totally opposite.

Still, as in the case of the JP-4 jet fuel, the weight changes are very

small, and for brief periods of exposure, the effect will probably be

minimal.
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TABLE XIX

HEIGHT CH¤NGE OF POLYSULFONE MODIFIED LAMINATES
DUE TJ EXPOSURE TO VARIOUS ENVIRONMENTS

Hydraulic
Sample H20 JP4 Fluid MEK

Control 0.94 -0.03 0.10 -0.01
13K-30% 0.64 -0.10 -0.09 0.02
21K·15% 0.60 -0.06 0.02 -0.02
21K-30% 0.65 -0.09 0.02 -0.04
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4.4.3 Conclusions and Suggested Future Studies

The preliminary qualification tests on the amine terminated

polysulfone modified composite samples indicate that the polysulfone is

an effective modifier, without a decrease in overall properties.

However, the polysulfone was not as effective a toughener, especially

compared to the indications given by the neat resin studies. One

possible, but unlikely, explanation was that the purity of the

polysulfone was not as high as was thought and some of the material was

unfunctionalized. As discussed previously, other workers have shown

that unfunctionalized polysulfone is not a very effective toughening

agent and this was supported by the results reported in Section 4.2.2.5.

However, if this was the case, the neat resin evaluation results should

not have been as encouraging.

A second explanation was briefly touched on in Section 4.4.2.4, in

that the tough morphology was not apparent. In fact, the exact location

of the polysulfone is not known. If the polysulfone could somehow be

forced to form the ”honeycomb' structure in a size scale small enough to

exist between the carbon fibers, then increased toughness of the

composite might be achieved. One possible method of achieving this was

disclosed in the polysulfone/EPON 828/DDS systems (Section 4.4.2.3).

When the resin was loaded at a weight fraction of 40%, the 'honeycomb'

morphology still developed, but on a much smaller scale, one which

would, in fact, fit between the fibers of a composite. If this was

possible, excluding any fiber interactions which would alter the phase

238



separated structure of the polysulfone, a much tougher composite would

be predicted.

Another method which also may impart toughness to the system would

be to use higher molecular weight functionalized oligomers. The 36,000

g/mol polysulfone showed an increased toughness and a roughened fracture

surface at loadings of only 15%. Therefore, the higher weight material

may toughen the system at weight fractions less than 30%

In conclusion, tne use of amine terminated polysulfones appears to

have a distinct advantage over their rubber counterparts. They appear

to facilitate processing and do not decrease the strength and modulus

properties of the system. They also have a positive effect on the

adhesive properties, which is a definite advantage. There is a great

deal cf work needed to fine tune the system, but as these preliminary

studies indicate, polysulfone has a future in composite materials as not

only matrix material, but also as a modifier in thermosetting systems.
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4.5 Diamine Terminated Poly(Arylene Ether Sulfone) Modified
Bismaleimide Resins

4.5.1 Introduction

The objective of this work was to determine if the easily processed

polysulfone could somehow be combined with a high performance, yet

difficult to process, thermosetting resin, bismaleimide (BMI). Due to

the amine functionality of the polysulfone, it has been shown that it

will undergo a Michael addition with the unsaturation found in the

bismaleimide structure, essentially resulting in a chain extension-type

of reaction.2l3 If the molar ratio of bismaleimide to polysulfone is

much greater than one, which is easy to accomplish with the high

molecular weight polysulfone, then the bismaleimide will endcap the

polysulfone, with a large molar quantity left over. This material will

then be able to undergo crosslinking via a free radical process which

can be thermally initiated. Since the weight fraction of the

polysulfone is high, essentially a polysulfone modified bismaleimide

will result. The hope is that the polysulfone will toughen the system

as is the case for epoxy based systems.

4.5.2 Reaction of Amine Terminated Poly(Arylene Ether Sulfone) with
Bismaleimide in the Melt

The mixing extruder used, CSI·MiniMax (Custom Scientific

Instruments, Whippany, NJ) has two distinct advantages. The first is

that very little material is necessary to process, in fact as little as
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10g can be fed in for an output of 7g; the remainder of the material is

trapped within the mixing chamber. Thus, small scale reactions can be

run, with positive results. The second advantage is that there is no

screw involved in the system to pump out the material. It is, in fact,

extruded out by the action of centrifugal forces. (For a description of

this mechanism, the article by Maxwell227 will be helpful.) This is

good for systems which may prematurely crosslink, since the actual drive

shaft is smooth and very little binding will take place.

This lack of a screw or other type of mechanical drive is a

hindrance for materials which display a high melt viscosity. Since the

actual shear forces used in pumping the material are not very great, it

would be hard to extrude these polymers. In addition, the high shearing

present generates heat, which also could be a problem. The heat control

is rather poor, due to the fact that the instrument has heaters, but no

cooling mechanism to keep the temperature from running away. Thus,

careful monitoring of the temperature is necessary to prevent premature

crosslinking of the system.

The polysulfone and the bismaleimide were dry mixed and passed

through the extruder at a temperature slightly above the Tg of the

polysulfone (”l95°C). The first pass resulted in a somewhat transparent

rod, which was highly infused with bubbles. These bubbles were the

result of water or solvent from the synthesis step which was trapped in

the polymer and was released once the polymer went above its Tg and

flowed.

The polysulfone/bismaleimide mixture was passed through the

extruder two more times, with the final result being a transparent,
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brown, bubble—free rod. Samples of the polysulfone and the

bismaleimide/polysulfone materials were submitted for GPC analysis and

the remainder of the material was subjected to a thermal cure.

4.5.3 Analytical Results

Gel permeation chromatography (GPC) was used to determine if any

reaction had taken place in the melt between the amine endgroups and the

maleimide moieties. The fact that the extrudate was soluble in THF

indicated that gellation had not occurred.

A comparison of the GPC results of the unextruded polysulfone and

the bismaleimide/polysulfone extrudate is shown in Figure 73. A slight

shift of the bismaleimide modified material a towards higher molecular

weight was seen. The shift was small, which is to be expected, since

the hope is that only the Michael addition and little condensation of

capped chains took place.

Samples of the polysulfone were also submitted for DSC anaylsis,

looking specifically for Tg data. The first DSC trace shown (Figure 74)

is of tne pclysulfone itself, with the glass transition temperature seen

at l73°C. The next trace (Figure 75) represents the

polysulfone/bismaleimide after a single pass through the extruder. Two

occurances can be seen. The first is that the Tg has dropped off to

~l46°C. This decrease can be attributed to the bismaleimide, which is

acting as a plasticizer for the polysulfone, lowering its glass

transition temperature.
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FIGURE 73: Comparison of GPC tracas of unraactad PSF and PSF that was
malt raactad with BMI.
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FIGURE 75: First DSC trace of 13.3K PSF reacted with BMI, after a
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The second occurance is the exotherm which begins at ~l90°C and

continues up to 34o°c, with a minimum at 290°c. The can be attributed

to the crosslinking reaction, which should be fairly exothermic.

This same sample was rerun, to determine if the reaction was over,

and the results are seen in Figure 76. It appears that very little, if

any exotherm exists, indicating that the reaction is almost complete.

The Tg appears at l89°C, which is *l5° higher than the polysulfone

itself.

The last two figures, 77 and 78, are of the

polysulfone/bismaleimide extrudate which was cured at 250°C for 1.25

hours. Figure 77 shows the first run through the DSC. The Tg appears

at 182°C, which is lower than the Tg obtained by the sample which was

cured in the DSC. Figure 78, which represents the second DSC trace of

the same sample, shows an increase of the Tg to l89°C, which is the same

temperature as seen before. This indicates that 1.25 hrs at 250°C was

insufficient to fully cure the system. Either a longer period of time

or a higher temperature is needed.

In both of the last two curves, a small peak is seen at ~l20°C as

an endotherm. The origin of this peak is unknown; it might be just an

artifact of the particular sample.
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4.5.4 Conclusions and Suggested Future Studies

Although the actual amount of work done in this section was small,

the implications are great. The results indicate that the polysulfone

is an effective processing aid for the bismaleimide, and since it is

amine terminated, will react into the system, thus making it less

susceptible to solvents which would otherwise attack a blended system.

There is a great deal of work which can be done to improve this

system resulting in a much higher Tg, yet retain the processibility.

Using different molecular weights (preferably higher) at different

polysulfone/bismaleimide ratios, the mechanical and thermal properties

can be maximized without a loss in processibility.

A current project which ever simplifies rather is the synthesis of

maleimide terminated thermoplastics such as polysulfone or PEK. This

method removes the step in which the Michael reaction takes place, since

the oligomers are already capped with maleimide groups. The preliminary

work using these materials also indicates great promise, since these

polymers exhibit extraordinary toughness characteristics. Their

processibility has yet to be determined.
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5.0 CONCLUSIONS

Amine terminated poly(dimethyl—co—dipheny1 siloxane) copolymers

have been shown to be effective toughening agents for epoxy systems.

The incorporation of diphenyl siloxane groups was shown to be necessary

in order to increase the solubility of the polysiloxane in the epoxy

resin. This resulted in the development of a controlled morphology,

which maximized the toughness of the system.

Amine terminated poly(arylene ether sulfones) were also shown to be

effective toughening agents for epoxy systems, with the benefit of

minimal decrease in modulus. The toughening effect was found to be a

function of molecular weight and percent of incorporation. Systems

modified with low percentages of polysulfone (10-20% w/w) yielded a two

phase morphology with particles of polysulfone evenly dispersed

throughout the epoxy matrix. At higher levels of incorporation (30%

w/w), it appeared that a phase inversion took place, with the

polysulfone forming a continuous phase in a type of interpenetrating

network. This morphology yielded the greatest toughening effect,

especially at higher molecular weights.

The polysulfone was also utilized to modify a resin which was used

as a matrix material for a graphite fiber composite. It was shown that

the toughening effect seen in neat resins cannot be directly translated

into composite properties, although a positive effect was seen. The

diminished toughening effect was attributed to the fact that the tough

morphologies which developed in the neat resin were not seen in the

composite matrix. Another explanation attributed the results to the
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complex interactions which develop between the fibers and matrix resin.

A system analagous to the polysulfone, poly(arylene ether ketone),

was also used as a toughening agent for an epoxy resin system. This

functionalized polymer was found to be a less effective toughening

agent. This was attributed to the increased immiscibility of the PEK in

the epoxy, resulting in uncontrolled phase separation.

Finally, amine terminated polysulfone was shown to be reactive with

bismaleimides in the melt via a Michael-type addition reaction. This

allow an easier method of processing the high temperature bismaleimide

resin and possibly will impart the toughness characteristics of the

polysulfone.
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