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Brandt Kennedy Carter 

(ABSTRACT) 

A small scale, highly accurate elongational viscometer 

was developed explicitly for the rheological investigation of 

well characterized polyethylene samples. Elongational stress 

growth measurements as well as dynamic shear experiments 

demonstrated that the rheological response of molten 

polyethylene was sensitive to both molecular weight 

distribution and shear modification. The effects of 

molecular weight distribution and shear modification were 

rationalized from a molecular point of view. A model is 

proposed which is based on the concept of a molecular network 

and incorporates polymer chain entanglement disruption and 

regeneration. 

Direct observations of polymeric semicrystalline 

morphologies in a copolyester by scanning electron microscopy 

were made possible by the development of a novel chemical 

etch. Spherulitic textures were consistent with classic 

spherulite growth mechanisms and structure theories. 

Uniaxial deformation of a single spherulite was successfully 



studied in a model system consisting of isolated spherulites 

embedded in an amorphous polymer matrix. By isolating the 

spherulite, the mechanical influence of surrounding and often 

impinging spherulites found in most semicrystalline polymers 

on the mechanical response of an individual spherulite was 

avoided. The mechanical response of the amorphous matrix was 

characterized and found to correlate with the effectiveness 

of a cold draw neck in elongating an embedded spherulite. 

The observed mechanism and morphology of isolated spherulite 

deformation were rationalized within the context of existing 

theories of spherulite-to-microfibrillar transitions . 

Optically active poly(L-lactic acid) and racemic 

poly(lactic acid) were synthesized in a ring opening 

polymerization scheme with stannous octoate as a catalyst and 

lactic acid as a molecular weight controlling initiator. 

Binary polymer blends composed of these isomeric polymer 

pairs were found to be miscible at 40,000 molecular weight 

and immiscible at 120,000 molecular weight. Strain hardening 

and the level of strain induced crystallization which 

occurred in the biaxial deformation of poly(lactic acid) 

blend films were found to be contingent on the concentration 

of optically active poly(L-lactic acid). Temperature, 

molecular weight, and biaxial strain rate were also found to 

have an influence on strain hardening and strain induced 

crystallization of these thermodynamically ideal polymer 

blends. 
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1.0 THE DEVELOPMENT OF AN ELONGATIONAL RHEOMETER: 

A STUDY OF THE INFLUENCES OF SHEAR MODIFICATION AND MOLECULAR 

WEIGHT DISTRIBUTIONS ON THE RHEOLOGY OF LINEAR POLYETHYLENES 

1 . 1.0 INTRODUCTION 

Current reviews (1,2) are testimony to the increasing 

attention rheologists have recently given to the measurement 

and characterization of elongational flows. In spite of some 

considerable progress in instrument design, as well as data 

interpretation, the general features of constant strain rate 

or constant tensile stress melt phase rheology are notably 

inconsistent. When considering the steady state elongational 

viscosity of linear polyethylene as a function of either 

applied strain rate or tensile stress, some authors measure a 

decreasing functionality (2-4). In contradiction, other 

researchers have reported both an increase 

strain rate or applied tensile stress 

elongational viscosity function running 

in viscosity with 

as well as an 

through a maximum 

(4,5) . These inconsistencies are thought to stem from two 

sources 

supposed 

of experimental 

that the shape 

difficulties. Foremost, it 

of the viscosity function 

1 

is 

in 
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elongation should be strongly dependent on the molecular 

structure of the polymer sample. Molecular data, in 

particular molecular weight distributions, are grossly absent 

from most elongational data reported to date. In addition, 

little attention has been paid to the effects on the now well 

documented effects of shear modification on polyethylenes 

(6). Secondly, the elongational viscosities in the various 

experiments sighted have been determined at different states 

of deformation. Often, steady states are not reached in 

extensional experiments before the sample fails. Thus, the 

maximum value of viscosity reported for steady state behavior 

is much too low compared to the anticipated value. 

An experimental elongational rheometer was developed by 

this author that features small sample requirements and the 

capacity to measure tensile stress at constant elongational 

developed in order to provide 

for the study of polymer samples 

rates . The instrument was 

experimental capabilities 

with well characterized molecular weights and molecular 

weight distributions. Rheological experimental programs 

which involve such well characterized samples are often very 

sample intensive . Thus, the necessity for small sample 

requirements in such programs becomes paramount. As will be 

discussed in detail in the experimental section, the 

currently available commercial rheometers which advocate low 

sample volume testing are hindered by an instrumental design 

which does not allow for the development of large sample 



elongational strains. 

built for this study 

strains are limited 

this device available, 

In 

also 

only 

it 
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fact, the instrument designed and 

has the advantage that sample 

by the sample performance. With 

seemed appropriate to begin to 

characterize the influence of the stated molecular properties 

on the elongational flows of linear polyethylenes. 



1.1 . 1 ELONGATIONAL FLOW: ITS SIGNIFICANCE IN RHEOLOGY 

Over the past decade there has been a growing interest 

in the rheological behavior of polymers, both in the melt and 

solution, to extensional flow. The object of much of this 

work has been to measure extensional viscosity at a constant 

strain rate or at constant true stress (7-16). Most of this 

classic work has been pioneered by Munstedt and Meissner and 

has dealt with low density polyethylene, a material with a 

low flow activation energy which could be stretched to Henky 

strains of up to 7 (i.e . absolute stretch ratios of up to 

1097). The reason for this growing interest is twofold: 

1) Many industrial polymer processing operations employ 

elongational flows before solidification of the melt. These 

include, among many others, melt spinning, sheet film 

extrusion, injection molding, die entry flow, and film 

blowing. 

2) The rheological behavior of polymer melts very much 

depends on the deformation mode and has classically shown 

shear thinning in shear flows and strain hardening in some 

reported elongational flows. This is an obvious challenge to 

rheologists to fully understand this complicated material 

behavior . 

It has been well established through continuum mechanics 

that the starting point for the general solution of fluid 

dynamics problems for polymer solutions and polymer melts are 

4 



the equations of change 

of continuity, motion, 

polymer processing unit 

5 

(17). In particular, the equations 

and energy completely define any 

operation, although their exact 

solution for today's complex systems is beyond consideration 

without some simplifying assumptions. However, improving 

numerical techniques and computer analysis are eliminating 

more and more of the simplifying assumptions necessary to 

quantify a solution. In order to adequately implement these 

equations of change, a relationship between fluid stress 

components and velocity gradients is of fundamental 

importance. The simplest known relationship, Newton's law of 

viscosity, is known to be completely inadequate for 

describing the mechanical response of almost all polymeric 

fluids. The equation relating the stress tensor to various 

kinematic tensors in the most general sense is called a 

constitutive equation and its definition is the very heart of 

the science of rheology. 

There are three primary sources that rheologists have 

classically taken in order to determine the constitutive 

relationship: 

1) Rheological measurements: Typically, stress tensor 

components are measured in simple, carefully controlled flows 

in which only one or two components of the stress tensor are 

measured . Most studies have involved investigations of the 

stress response to shearing flows, and the methods of 

investigations have become well established (17-20). The 
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evaluation of shear stress and normal stress components which 

arise in such flows have been reported by numerous 

investigators. Two comprehensive works which present 

extensive data show the consistency of results from various 

instruments and contain the evaluation of all three 

independent stress functions (21,22). The details of the 

emergence of elongational flow measurement and a review of 

experimental techniques in elongational flow measurement are 

discussed in a later section. It suffices to say here that 

development of a second · class of rheological measurement is 

particularly relevant and notable because any proposed 

constitutive equation that adequately predicts shear data 

must also predict elongational behavior if generality of the 

constitutive equation is to be accepted . Still, the number 

of simple flows for which the data can be satisfactorily 

interpreted is rather small. This is not to belittle this 

kind of experimental data which is extremely important in an 

overall program for understanding rheological behavior and 

interpreting continuum and molecular theories. 

2) Continuum Mechanics : Without great detail, it is 

important to recognize that continuum mechanics has provided 

an indispensable formalism that enables rheologists to draw 

some conclusions about the form of the stress tensor . It has 

also been an enormous help in systematizing the knowledge of 

rheology in that its formalism has also led to some general 

results for certain classes of flows such as shear flows, 
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shear free flows (i.e. elongation), substantially stagnant 

motions and others. It has also introduced the concept of 

objectivity which has led to corotational and codeformational 

constitutive models. Continuum mechanics also suggests 

certain rules that have to be obeyed by empirical 

constitutive equations. The one thing that continuum 

mechanics can not do for a rheologist is provide the explicit 

functional forms that constitutive equations should take for 

various kinds of fluids. Nor can the discipline relate the 

general expressions to molecular structure characteristics 

such as molecular weight, polymer chain flexibility, or 

entanglement density (23). 

3) Molecular Theory: The concept of variable internal 

structure has been used extensively to describe the 

rheological properties of liquids. In polymeric liquids the 

internal structure can be associated with the configuration 

of chains and chain elements. The material response is 

assumed to depend on this structure, which, in turn, is 

expected to change with the flow parameters. Non-linear 

behavior is obtained in this manner. 

There have been two broad classes of applications of the 

concept of internal structure to polymer melts and 

concentrated solutions. Until the emergence of the Doi and 

Edwards (24) series of articles at the end of the last 

decade, the only theories for concentrated solutions and 

polymer melts were the Gaussian network models which had been 



inspired by the 

elasticity (25). 

these fluids act 

8 

successful network theories of rubber 

The existence of transient entanglements in 

as physical crosslinks (analogous to 

permanent chemical crosslinks which exist in true networks) 

and are generally believed to be a major cause of observed 

non-linear behavior. The structural state, entanglement 

density, of the polymeric system thus depends on the nature 

and level of fluid deformation. The principal merit of the 

network theories is their simplicity and ease of application. 

Major criticisms point to the fact that the network theories 

are not sufficiently fundamental to provide the molecular 

weight dependence of predicted rheological properties (26). 

In contrast, the reptation theories of Doi and Edwards 

are much more complex than the network theories. The idea 

that entangled chains rearrange their conformations by 

reptation was introduced years ago by de Gennes (27) and 

adopted by Doi and Edwards (24) to describe large scale 

motions of long linear random coil chains in an environment 

densely filled with strands of other chains. The contour of 

each chain is embedded in a lattice of partial strands of 

other molecules, characterized by a mesh size or average 

lattice spacing which depends only on polymer concentration. 

The enclosing lattice retards restrained motions traverse to 

the chain contour but leaves motions along the chain contour 

unaffected. Each chain is thus confined in a tube whose 

centerline traces the current chain conformation. The 
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diameter of the tube, governed by the mesh size or lattice 

dimensions and polymer chain diameter, is a measure of the 

mean span of small, non-cooperative traverse excursions. The 

centerline is also dependent on lattice dimensions in that it 

is characterized by a random walk type of sequence steps 

whose step length is the lattice dimension parameter of the 

model. This defines the end to end distance of the tube and 

chain coincidently (24). In fact, Doi and Edwards take the 

step length of the primitive path and tube diameter to be 

equal and this parameter is the quantity which characterizes 

the topology of the system. 

The direct correlation between the relaxation of stress 

following a step strain and conformational rearrangement was 

first recognized by Doi and Edwards. Deformation of the bulk 

fluid carries the local primitive paths of the molecules into 

new conformations. This change in the distribution of 

conformations stores free energy in the system. Some of this 

energy decays away rapidly as the chains equilibrate inside 

their tubes, but the remainder, associated with chain 

orientations imposed by the distorted tube conformations, 

produces a restoring stress in the bulk sample which decays 

much more slowly. Thus, it is the conformation of both tubes 

and the chains within the tubes that is the topological / 

structural counterpart to changing entanglement densities in 

the network theories. Although reptation theories are more 

complex than network theories, they do make quantitative 
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predictions about the influence of molecular weight and 

molecular architecture on rheological properties. 

As discussed above, both the network and reptation 

theories have been set up by using rather simple physical 

arguments . The extension of these fundamentals into 

mathematical practice for the purpose of deriving the 

constitutive equation generally consists of two parts (23). 

First, the development of an expression for the stress tensor 

which is derived from a statistical average with respect to a 

conformational distribution function. All the Gaussian 

network theories begin with 

sum, over all distributions, 

between network junctions. 

expressions for the stress as a 

of tensions in polymer strands 

In contrast, reptation models 

follow closely the dilute solution theories, reviewed by 

Williams (28) in that the focus is on the motions of a single 

molecule . Both hydrodynamic and Brownian motion 

contributions to stress are summed to form the overall stress 

tensor for reptation models by integrating the appropriate 

functions over all molecular segment conformational 

distributions . Secondly, a differential equation is set up 

which, on solution, gives the necessary conformational 

distribution function for the flow field under consideration . 

Gaussian network theories account for the change of network 

chain orientations by fluid motion, the rate of network 

formation, and the rate of network destruction in generating 

the distribution functions. Reptation models again consider 
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the influence of Brownian motion and hydrodynamic forces on 

the chain segment orientation distribution function. In 

either case, the conformational distribution functions once 

obtained are introduced into the stress expressions for the 

final form of the constitutive equation. The dependence of 

stress on deformation field is explicit in the dependence of 

the conformational distribution function on the velocity 

gradients. 

One of the most referenced constitutive results of the 

Gaussian network theories is the rubberlike-liquid equation 

obtained by Lodge (29). One of its major shortcomings is its 

inability to predict one of the most common rheological 

phenomena of polymer melts, that of shear thinning. There 

have been many attempts 

such as to empirically 

creation and 

to modify Lodge's original equation 

make different choices for the 

loss 

alterations in the 

rates 

theory 

of 

to 

entanglements or to make 

obtain altogether different 

constitutive relationships (30-32). One of the most widely 

accepted versions was published by Wagner (33-35). Phan-

Thien and Tanner (36) have developed a very appealing network 

theory constitutive relationship by incorporating the idea of 

nonaff ine deformation of the network and by introducing 

assumptions regarding the dependence of entanglement creation 

and loss rates on the average extension of network strands. 

The success of this equation has led to its widespread 

acceptance (37). These constitutive relationships have been 
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proven to be sufficiently simple so that numerical fluid 

dynamicists can use them for computing flow patterns. Their 

success in accurately representing experimental data 

outweighs the lack of available interpretation for the 

entanglement creation and loss rates. The recent success of 

network theory in predicting transient elongational viscosity 

at constant extension rates is well documented in the 

literature (38-41). 

The earlier constitutive equations developed by Doi and 

Edwards (24) have recently been superceded by the very 

popular Curtiss-Bird reptation theory for melts (42). The 

similarity between this latest molecular theory constitutive 

equation to the popular BKZ equations is well noted (42). 

Data comparisons have been given independently for shear-free 

flows and for rectilinear shear flows using different model 

parameters (44,45). The extent of the utility of this type 

of model has been somewhat limited owing principally to its 

complexity of application. Utility of the phase-space 

formation of Curtiss-Bird necessitates a molecular model to 

describe macromolecular conformations. 

rotational energies and inter-chain 

specified, an "exact solution" would be 

Ideally, 

dynamics 

possible. 

if bond 

could be 

Although 

state of the art physical chemistry may allow such a 

calculation, what has been done by Curtiss and Bird is to 

assume the macromolecules behave as freely jointed bead-rod 

chains (Kramer's "pearl necklace model") (44) . The reptation 



concept, as 

adopted to 

postulated 

account for 
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by Doi 

the 

macromolecule by its neighbors. 

and Edwards (24), is also 

constraints imposed on a 

The cursory discussion above does not do justice to the 

progress that has been made in recent years in the 

development of constitutive equations stemming from both 

Gaussian network developments and reptation molecular 

theories. These concepts are proving to be very helpful to 

fluid dynamicists who need to solve and interpret the 

fascinating polymer flow problems where deviations from 

Newtonian flow behavior are quite striking. For example, in 

this study, attention will be focused on simple elongational 

flow. As has been demonstrated, elongational experiments, 

unlike those conducted in shear, do not always exhibit steady 

state behavior (7-16). Even when the elongational strain 

rate is constant, the system will not often attain a unique, 

time independent value of elongational viscosity. Instead, 

there may be unbounded stress growth. 

Most of these new constitutive equations contain 

parameters that can be determined from rheological 

experiments. This means that following rheology from bench 

experiments (rheological experiments) through the definition 

of the parameters in constitutive equations and the 

subsequent use of these 

solution of well defined 

constitutive equations in the 

flow problems necessary for the 

description of polymer processing unit operations is on the 
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threshold of becoming a reality. One very crucial step in 

this process, as alluded to previously, is the determination 

of the generality of constitutive equations. Currently, one 

method of determining generality is to compare the model 

predictions to experimental results in shear-free flows based 

on best fit parameters generated from experimental results in 

shear flows. This analysis has been shown to be quite 

important for several reasons. 

elongational flow is more 

It cannot be 

naturally 

overstated that 

related to the 

fundamental behavior of fluids in processing steps. Because 

of the difficulty of conducting large strain elongational 

flow experiments under reproductive conditions, only a few of 

these experiments are advanced enough to allow evaluation of 

the results by rheological models. Thus, the bench scale 

me~surement of rheological properties still finds emphasis on 

shear flows (46). In addition, it has been suggested that 

gross differences in elongation are apparent in resins that 

appear quite similar in shear behavior (47). This often 

leads to a superficial judgment that there is often little if 

any correspondence between shear flows and elongational 

flows. Despite this misconception, considerable success has 

been achieved and reported in predicting elongational 

response based on single-integral models fit to either shear 

response data and/or linear viscoelastic data (48,49). 

The transient viscoelastic response of polymers not only 

depends on a multitude of molecular characteristics, but also 
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on the 

study 

entire processing history. The ensuing rheological 

will focus on the interaction between these three 

topics . Because of the previously described importance of 

elongational rheology to both the development of constitutive 

equations from kinetic theories and to .the characterization 

of polymer processing unit operations, elongational 

measurements will be the primary rheological measurement 

employed. Thus, the first step in this study was the 

development 

viscosities 

of 

at 

an instrument for 

constant strain 

measuring 

rates . The 

elongational 

number of 

experiments necessary to quantify the effect of all known 

molecular parameters on elongational flow behavior would be 

overwhelming. Hence , a limited program has been devised in 

order to bring out some of the more practical effects of 

molecular weight distribution on the elongational properties 

of a broad molecular weight distribution commercial grade 

high density polyethylene melt. In addition, processing 

history effects have been characterized by comparing the 

rheology of the as received pelletized polyethylene to the 

same material whose processing history has been erased by 

solution treatment . The experimental details are deferred to 

a later discussion. 

In order to aid in the interpretation of the 

experimental results, three additional topics will be 

reviewed. Some details of transient network concepts will be 

outlined with emphasis on molecular interpretation. 
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Predicting rheological properties from molecular weight 

distributions will be reviewed, ultimately showing how the 

development of kinetic theories has led to a blending law 

that can predict non-linear viscoelastic properties. 

discussed to Thirdly, shear modification of polymers 

highlight the effect of processing history 

properties. 

is 

on rheological 



1.1.2 TRANSIENT NETWORK MODELS FOR THE VISCOELASTIC 

PROPERTIES OF ENTANGLED POLYMERS 

The kinetic network approach to rheologically 

characterizing polymeric melts and concentrated solutions 

probably has its fundamental roots in the early bead-and-

spring theory of viscoelasticity expounded by Rouse (50), 

Bueche (51), and Zimm (52). These have been eminently 

successful in elucidating molecular dynamics for isolated 

polymer chains without entanglements. For bulk polymers 

whose molecular weights exceed their critical entanglement 

molecular weights, the RBZ theory has been modified to 

account for enhanced friction coefficients (53) as well as 

specific elastic interactions of entangled chains (54). 

As distinct from reptation type molecular models, the 

kinetic approach is quite tractable by virtue of the fact 

that the developers have adopted a philosophy of using 

continuum equations as the basis for the model principally 

aimed at imparting coordinate objectivity (55). Molecular 

concepts are described in a novel mathematical description of 

network dynamics allowing all model parameters to have a one 

to one correspondence to molecular and processing conditions. 

The strength and simplicity of these models are 

encouraging. A brief review of the physical picture afforded 

by the models and its roots in Gaussian network formalism 

will be outlined with a view toward the molecular 

17 
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interpretation of original data presented later in this work. 

Some mathematical specifics will be discussed, however, the 

lack of comprehensive data in this study precludes any model 

fitting. Thus, extensive mathematical detail will be 

avoided, since it will not be subsequently used. 

The viscoelastic behavior of entangled polymers is 

modeled by a three-dimensional transient network where the 

entangled points are considered to act as temporary cross 

links. The formation and disengagement of the entanglements 

are envisioned to ·be in a dynamic equilibrium (56). This 

concept is subtly different from the entanglement density 

concept reviewed by Lodge (57) and probably first described 

by Graessley (54). In these earlier models, this structural 

state was considered as a volume specific quantity where as 

Liu et al. (56) considered entanglements in the context of 

single molecule dynamics. The transient nature of non-linear 

rheological properties is attributed to the change in 

entanglement density with processing conditions and flow 

history. 

In a quiescent state, the entanglement density will tend 

toward a static equilibrium condition in which a maximum 

value is obtained. This maximum value is compatible with 

molecular architecture and prevailing ambient conditions 

(i.e. temperature and concentration). Liu et al. (56) state 

that Brownian diffusion is the driving force causing the 

chains to recover toward maximum entanglement. If the fluid 



19 

is disturbed from the quiescent state by imposed flow field, 

the topology is disturbed from current equilibrium 

conditions. 

disengage. 

The previously existing loops and entanglements 

Two opposing mechanisms are assumed to be 

operative, driving the system 

the one hand, the imposed flow 

toward a new equilibrium. On 

field will have particular 

efficiency in destroying entanglements. A repairing of 

entanglements is also operative since Brownian motion is 

still assumed to participate in chain dynamics. Assuming an 

imposed steady state rate of deformation, the approach to 

equilibrium is assumed to be monotonic by Soong et al. (58). 

In contrast, the work of Acierno et al. (59,60) predicts an 

undershoot in the level of their structural parameter prior 

to the approach toward equilibrium. 

The concept of a structural dependence of non-Newtonian 

fluid mechanics has precipitated the rubberlike liquid model 

(57) and a series of modified network theories (61). These 

have been classified as strain rate 

functions (62), strain dependent memory 

dependent memory 

functions (63) and 

stress dependent memory functions (64). These, of course, 

have had varying degrees of success in fitting experimental 

data. To some extent, increased model complexity leads to 

increased "fitting parameters" and, thus, to better data 

representation. Additional criticism stems from the fact 

that none of the memory function models include a time 

dependent structural parameter, i.e., a function of only 
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stress, strain, or strain rate. Acierno et al. (60) and 

Soong et al. (58) both advocate time dependence of the 

structural parameters, however, the Acierno model suffers 

from the fact that a complete linear viscoelastic relaxation 

time spectrum is required to compute the non-linear flow 

response. This limits the convenient adaptation of Acierno's 

model to practical engineering calculations involving 

complicated flow programs. Thus, Liu et al. (56) have 

developed a constitutive model that has optimized the 

conundrum of choosing between constitutive theories that 

either advocate the extremes molecular significance and 

intractable mathematics, or theories which advocate 

simplicity without molecular interpretation. For this 

reason, and with Soong's recent success in predicting the 

molecular weight dependence of non-linear transient 

rheological properties (65), some additional attributes of 

their model will be singled out for additional discussion. 

When a step change in flow field is applied to a polymer 

melt or concentrated solution, the system responds to 

perturbation by deforming its entanglement network. The 

resulting measured stress is thought to consist of two parts 

each dependent on time, t, and 

deformation tensor, ~ 
~ 

the applied rate of 

( 1.1) 
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The division of the stress into an entanglement network 

component, Ten-\: , and a -
,,.-....; 

segmental motion, J:~· clearly is a 

throwback from the RBZ spring and bead models. The stress 

originating from segmental friction is considered to be 

purely viscous in nature. 

The deforming entanglement network is thought to respond 

viscoelastically. Liu et al. (56) choose a codeformational 

empirical differential model of the form: 

( 1. 2) 

where fl is the Oldroyd contravariant derivative, ~t• and 

~eo-\: , are model parameters which are assumed to be a 

function of the current state of the structure expressed in 

the structural state parameter, '? . Clearly, any objective 

constitutive relationship could have been chosen instead of 

the White-Metzner (Eq. 1 . 2). It is assumed this one was 

chosen for the sake of simplicity . 

The structural state parameter is actually expressed as 

the difference between the rate of creation of entanglements, . nc:., and rate of loss of entanglements, \'\l· whose specif ic 

functionality depends on the chosen flow field . 

( 1. 3) 

Simultaneous solutions of Eqs . 1.1, 1 . 2, and 1 . 3 yield 
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the time dependent stress for any applied flow field. The 

model also provides the structural history implicitly (56), a 

point distinguishable from other contemporary models (33-41). 

All solutions that the author considers seem to predict that 

since the entanglement network is initially slack prior to 

deformation, it is not capable of supporting stress 

instantaneously. It takes a finite time for it to deform to 

tautness and thus become stress supporting. Initially, the 

load is supported by the segmental frictional resistance 

until entanglement stress builds from zero in a rather short 

time. Eventually, the structure P experiences flow induced 

modification and, in deformation, the stress-supporting 

ability of the network declines. The structural state of the 
~ 

fluid eventually comes to steady state allowing both Lent , 
~ ........ 

and ~~to become time independent. 

In the broad class of polymers defined by a mixture of 

linear chain species of finite molecular weight distribution 

there are principally two parameters which will affect the 

structural state of the fluid prior to rheological testing. 

The impact of molecular weight distribution on polymer 

rheology is often studied in terms of blending laws for 

predicting rheological behavior of a sample based upon the 

behavior of its monodisperse constituents. As will be shown 

in the next section, the most successful of these blending 

laws is, in fact, based upon a transient network model. 

Secondly, entanglement densities can be altered for time 
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scales which are long compared to experimental rheological 

techniques by a phenomenon known as shear modification. By 

reason of the impact of the structural state of the polymer 

fluid upon rheological response, the molecular weight 

distribution and shear modification will be discussed in the 

next two sections. 



1.1.3 PREDICTING POLYMER RHEOLOGY FROM MOLECULAR WEIGHT 

DISTRIBUTIONS 

Many early researchers have addressed the ideal of 

making rheological property predictions for bulk polymers 

from information about their molecular weight distributions 

in general (66-76). 

Friedman and Porter (74) review some of the earliest 

work at attempting to predict only the zero shear rate 

viscosity from molecular weight in the form of some straight 

forward mixing rules. Beginning from the well known 

expression for relating Newtonian melt viscosity,"l , to 

molecular weight via the expression: 

( 1. 4) 

where °'-is approximately 3. 5, K is a constant and Mis the 

molecular weight, they showed that a large number of mixing 

rules could be generalized for the case of a binary blend in 

the form of: 

( 1. 5) 

Note, t')_\, is the binary blend viscosity, and A,, and A 'J.. are 

weighting factors that are a function of blend composition 

24 
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and molecular weight, as well as the chosen molecular weight 

average used to characterize the blend component 

distributions. rt_, and Y{'l.. are the blend component 

viscosities. Different mixing rules use different A, and 

A'l. functions and either e..:: \ or e-: ~a. where o... is taken as 

above in Eq. 1.4. It may serve to note, in passing, that the 

dependence of zero-shear viscosity on molecular weight shown 

in Eq . 1.4 has been predicted by Doi (77). 

As researchers started to look at a broader range of 

viscoelastic properties, blending laws were developed to 

predict relaxation spectra so that all linear properties 

could be calculated from the phenomenological relations of 

viscoelasticity (78). The blending laws represent the 

relaxation spectrum of the blend, Hb(AJ , as a weighted sum 

of the relaxation spectrum of the individual components, each 

shifted in time by an amount characteristic of the 

interactions between the molecular species. Ninomiya (66,67) 

originally suggested the simple blending law given by: 

( 1. 6) 

where V;.. is the volume fraction of the it h component and 

~~l'r~~) is the relaxation spectrum of that component shifted 

"""-'[ in time by a factor Masada (69) suggested that, in 

high molecular weight blends, entanglement couplings between 

the different molecular weight species give rise to a set of 
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relaxation mechanisms with time constants between the shifted 

relaxation times of individual components. Bogue (70) 

formalized this proposal by suggesting a quadratic blending 

lai-t: t~~ :orm~~ H11 (1h,u)+ 'lw,w~ ~I~ cr:;A,,_ )-r 
LV ~ \-\ ~ f). ( C' I A 21-) 

( 1. 7) 

where WA. and H~ l L'/ A>~) are the weight 

relaxation spectrum of the pure components and 

a cross relaxation spectrum. Graessley (54), along the same 

lines, proposed a theory to explain the effects of molecular 

weight distribution in high molecular weight systems. This 

approach to binary blends of components A and B considers the 

existence of four types of entanglements each having 

different relaxation times. A molecule of type A entangling 

with another type A molecule leads to one relaxation time. 

Similar interactions between two type B molecules leads to a 

second relaxation time. Finally, two cross relaxation terms 

represent the relaxation process of molecule A interacting 

with B to be distinct and different from those of B 

interacting with A. This analysis results in a quadratic 

blending law. A general binary blending law encompassing all 

of the above can be written as: 

( 1. 8) 
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For the simple blending law V,_;;-V;. ~~where ~;.+ =1 for 

and is zero otherwise and VA is the effective 

weighting factor directly analogous to the one originally 

proposed by Ninomiya (66). 

given by \J~:. W~W-t 
The quadratic blending law is 

This, of course, foreshadows some of the more modern 

theories of the Gaussian network and reptation variety 

described in the previous section. One of the most 

successful early explanations for the shear dependence of the 

viscosity in polymer melts was in fact set forth by Graessley 

(68) in which the decrease in viscosity with shear rate is 

ascribed to a decrease in the entanglement density as a 

function of shear rate. Graessley assumes a relationship 

between the time necessary for molecular rearrangement and 

the time available for molecules to move relative to one 

another in the flow field. 

As some of these early theories for predicting the 

molecular weight dependency of polymer rheology began to try 

and predict non-linear as well as complex dynamic melt 

responses, such as the stress overshoot phenomenon in which 

stress growth is measured at constant shear rate start-up, 

their success began to dwindle. One of the more valiant 

attempts was fostered by Bersted (75,76). The model assumes 

that the relaxation spectrum is progressively truncated with 

an increase in shear rate under steady flow conditions. The 

maximum allowed relaxation time is assumed to be only a 
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function of shear rate. The truncation of the relaxation 

spectrum, for a given molecular weight species at any given 

shear rate, results in the relaxation spectrum being 

essentia1ly equivalent to that of a low molecular weight 

homolog, Mc, at zero shear without spectrum truncation. 

Recall that the primary effect of molecular weight on the 

relaxation spectrum is to extend the terminal relaxation 

portion of the spectrum. The model is called a partition 

model since all molecular species are categorized around the 

critical Mc. In addition, the relaxation times associated 

with a given molecular species was independent of the 

communal properties in the polydisperse sample . 

Based upon the assumed partitioning of relaxation times, 

Bersted proposed that zero-shear (linear viscoelastic) 

relations could be used in non-linear deformation conditions. 

To describe the shear dependence, for example, the general 

viscoelastic model for zero shear could be rewritten as; 
~ 

( 1. 9) 

0 

...........,L,. where .... is the maximum allowable relaxation time . The 
-.J 

implied shear rate dependence comes from the dependence of l~ 

on ~. Without detailing the fairly lengthy derivation of 

Bersted, the strength of the model stems from the ability to 

predict the full viscosity-shear rate, including power law 

region, directly from the experimentally determined molecular 
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weight distribution. The weakness of the model was seen to 

be its inability to adequately predict other non-linear 

behavior such as stress overshoot. 

Because the transient viscoelastic response of 

polydisperse polymers is such a complex function of molecular 

parameters, it is no wonder that the highly empirical 

blending laws just described have proven to be inadequate. 

Most of the laws implied that the contribution of each 

molecular species to the overall properties was a simple 

additive response based on the properties of the individual 

component molecular weights. Some exceptions exist in the 

cross relaxation terms which are imposed by some researchers 

(70,71). The addition of more and more such terms to these 

relaxation spectrum expansions would eventually cause 

excellent correlation between prediction and blend response, 

however, the formalism and molecular interpretation for 

adding more terms is non-existent. Even then, the prediction 

of non-linear response is still precluded by the formalism 

imposed by the theory of linear viscoelasticity. Some 

authors have to extend the formalism of linear 

viscoelasticity to predict non-linear behavior, see Eq. 1.9. 

As discussed above, Bersted (75,76) attempted this by 

assuming that the linear viscoelastic functions (truncated 

relaxation spectrum) are valid 

the truncated relaxation spectrum 

component are individually taken 

in the non-linear regime if 

of each molecular weight 

into account. Aside from 
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the questionable theoretical basis for this model, the 

results of extending this law to predict non-linear behavior 

beyond the shear thinning phenomenon were unacceptable (79). 

Ideally, a true molecular model such as the Curtiss-Bird 

model could theoretically be adapted to describe accurately 

the complicated dynamics of microscopic blending and 

interaction of polymer species in a flow field. This state 

of the art analysis, however, would entail elaborate and 

intractable mathematics. 

Recently,- a very good model for predicting non-linear 

behavior in entangled polymer blends has been developed 

(80,81). The models are based on a kinetic network model 

previously developed by the same authors (56). The success 

of this theory in predicting both the linear viscoelastic 

response (zero-shear viscosity) and the non-linear response 

(shear thinning, stress overshoot, and elongational stress 

growth) of binary blends of widely different molecular weight 

fractions, based on only the rheological response of the 

constituent species, is as yet unparalleled in the 

literature. A discussion of the kinetic network theory is 

presented in the previous section. It suffices to say here 

that all model parameters are defined by fitting the kinetic 

network equations to the rheological response of both 

molecular weight constituents in a binary blend. Mixing 

rules are developed based on Eq. 1.5, however, severe 

modifications are made in order to describe the behavior of 
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systems where intercomponent interactions prevail. In 

particular, entanglement networks consisting of two high 

molecular weight components, or a one component network 

diluted by a second non-polymeric component are considered. 

In a blend of two component molecular weights, it is assumed 

that the mobility of an intercomponent entanglement is to be 

dictated by the lower molecular weight chain. A deformation 

of the short chain is assumed to take place in the mixture at 

the same rate as in the pure state. Hence, the 

characteristic relaxation time of the long chain in the blend 

state is reduced from that of its pure state, whereas the 

relaxation of the short chain remains unaffected. In 

addition, it is assumed that all molecular weights are above 

the critical entanglement density so that end effects can be 

neglected allowing for the assumption that local entanglement 

density is independent of molecular weight. The form of the 

final mixing rule is unique and is reproduced here for the 

special case of predicting zero shear viscosity in a binary 

blend: 

( 1. 10) 

where w, and w'l. are the weight fractions for the high and low 

molecular weight components, and m is derived from the zero-

shear viscosity dependence on the relaxation time of a 

network as yt""""' )..YY\ and is shown to be close to 0. 85 ( 56). 
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Once the model was proven for the case of the binary 

blend, predictions in polydisperse systems were the next 

logical step (81). A molecular weight distribution was 

discretized into a monodisperse spectrum for which the 

kinetic network theory was reproduced for each molecular 

weight in the spectrum. The individual models were combined 

with the multicomponent analog of the binary mixing role in 

Eq. 1.10. Comparisons of monodisperse predictions with 

predictions for polydisperse polymers having the same 

molecular weight (weight average) show that transient 

behavior such as stress growth in elongation is particularly 

sensitive to the details of the molecular weight 

distribution. In fact, these authors were one of the first 

to postulate that the entanglement structure is destroyed 

more effectively in elongational flow than in shear flow 

(81). The sensitivity of elongational viscosity to molecular 

entanglement structures is evident from published 

investigations of the influence of small amounts of high 

molecular weight component on the elongational behavior of 

polystyrenes (82-85) and polypropylenes (85). The connection 

between molecular weight distribution, entanglement density, 

and stress growth in elongational flow is a focus of this 

study. 



1.1.4 SHEAR MODIFICATION OF POLYMERS 

The deliberate shearing and/or mechanical working of 

polymer melts to reduce melt viscosity without significant 

change in molecular weight has been labeled shear refining, 

shear modification, or melt homogenization (86,87). In 

addition, measurements of melt elasticity in terms of die 

swell, die entrance pressure loss, normal stress, recovery 

from elongation, time dependent recoverable shear stress, and 

flow effects such as melt fracture have all been correlated 

to shear modification (88-95). It has been established in 

previous sections that entanglement structures (i.e., 

temporary crosslinks) are eliminated in polymer melts by the 

application of flow fields. Elastic melt response, in 

addition to other non-linear viscoelastic behavior of polymer 

melts, are closely associated with the entanglement density 

or structural state of the polymer melt. Ostensibly, then it 

is the destruction of entanglements by shear refining that 

leads to the reduced melt elasticity cited above . 

There are several other manifestations of changes in 

entanglement density that result from shear refining that are 

relevant in their impact on polymer processing. The effect 

of mechanical work often reduces film haze in blown films of 

low density polyethylene (96) as well as increases both 

nucleation density and crystallization rates in similar low 

density polyethylenes (97). These phenomenon are shown to 

33 
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improve processability of low density polyethylene in film 

blowing operations as well as to improve other final blown 

film properties such as mechanical toughness (98). Linear 

polyethylenes, which can be expected to have a more extended 

entanglement network at high molecular weights, exhibit a 

pronounced time and shear history dependence of melt density 

(99). The combined effects of mechanical working on die 

swell and melt density have been related to melt fracture 

(99). Melt elasticity has been related in general to 

extrusion defects (100) so that shear refining has been 

beneficial in its effects on the rates at which polymers can 

be formed into acceptable extrudates. 

It has been shown that many of the elastic properties of 

polymer melts that can be destroyed by shear refining can be 

recovered to their original levels on quiescent exposure to 

melt temperatures for extended periods of time (101-103). 

This reversibility clearly reinforces the accepted theory 

that the changes produced by shear refining are physical and 

that degradation or other chemical changes of the 

macromolecules are not significant factors. Along the same 

lines, Rakudai (104) shows that precipitation of a previously 

shear refined polymer from concentrated solution can also 

lead to the recovery of entanglements. Interestingly, 

earlier experiments in solution treatment of polyethylenes 

showed the opposite effect in that network structures were 

destroyed by dissolving the materials at elevated 
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temperatures into dilute concentrations 

precipitating with a nonsolvent (105). 

and subsequently 

Apparently, the 

used by the two differences in solution concentration 

researchers resulted in two different effects on final 

entanglement densities of the polymers isolated from the 

solutions. The effect can be explained in terms of the 

critical concentration required to produce molecular overlap 

is well known that molecular and penetration. 

entanglements begin 

at concentrations 

It 

to occur only after the onset of overlap 

exceeding the critical value. This 

critical concentration is dependent upon molecular chain 

conformations which are, in turn, influenced by polymer chain 

molecular weight, solution temperature, and choice of 

solvent. Thus, at dilute solution concentrations (below the 

critical concentration), little or no entanglements are 

considered to be present since the average separation of 

chains in solution is a good deal greater than the radius of 

gyration of the macromolecules. If this dilute solution were 

precipitated and the melt rheology were investigated, it may 

be expected that a finite amount of time would be required 

for the melt to become reentangled to levels commensurate 

with the equilibrium melt phase concentration . Conversely, 

precipitating a concentrated polymer solution would lead to a 

melt with a preestablished entanglement concentration 

indicative of solution concentrations exceeding the critical 

value. In this way, the polymer concentration in solution 
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processing has been demonstrated to influence rheological 

behavior (104,105). 

In spite of the general agreement about the influences 

of shear refining on entanglements and associated elastic 

fluid characteristics, there is still some dispute as to 

whether the phenomenon is exclusive to branched polymers 

only. Many researchers have cited the work of Prichard and 

Wissbum (106) as evidence for the exclusion of linear 

polymers from the effects of shear refining. In the work by 

Prichard and Wissbum (106), shear history effects were seen 

in long chain branched polyacetals but not in their linear 

analogs. Comparisons were made with polymer samples which 

had the same inherent viscosities but with different 

architecture. As discussed by Rudin and Schreiber (107), it 

seems likely that the linear polymers, at equivalent inherent 

viscosity, would necessarily have a lower molecular weight 

than their branched counterparts. Thus, the branched species 

would inherently have higher initial entanglement densities 

and, thus, be more likely to show the effects of the shear 

history. Implicitly, linear polyacetals of higher molecular 

weight would be more likely to be entangled and, thus, show 

the shear effects. 

Since the early 

systems have been shown 

shear induced decrease 

include reports on 

work with polyacetals, many linear 

to exhibit effects consistent with 

in entanglement density. These 

linear polyethylene (93,108), 
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polyisobutylene (109), and polypropylene (110). Thus, it 

appears that shear refinability is a general phenomenon in 

polymer melts which has significant entanglement densities 

either enhanced through branching and/or by increased 

molecular weight. An additional requirement may be 

stipulated to include entanglement recovery times which are 

long at normal processing temperatures. 

It is particularly interesting to note that elongational 

viscosity measurements have been determined to be very 

sensitive to variations in shear refining (6). In addition, 

elongational flow itself has been determined to be more 

effective than shear refining in causing the reduced 

elasticity of a low density polyethylene (6). Thus, 

entanglement density is again found to be the common 

denominator in correlating elongational rheology with 

molecular effects as influenced, in this instance, by the 

phenomenon of shear refining. 



1.2.0 EXPERIMENTAL 

Historically, the first rheological characterization of 

melts in elongational flows was caried out by Trouton in 

1906. The responses of pitch, tar-pitch blends, and 

shoemaker's wax were used to show that the elongational 

viscosity was equal to three times the shear viscosity (111). 

It was not until 1938 that experimental studies on polymer 

melts were demonstrated by Jenckel and Veberreiter (112). In 

this work, tensile creep flow of polystyrenes was shown to 

depend on molecular weight and temperature. Atactic 

polystyrenes were the focus of researchers through the 1960's 

primarily because, just above the glass transition and up to 

160 C, polystyrene behaves more like a rubber than a molten 

thermoplastic. This facilitates the use of a standard 

"Instron type" tensile tester to impart elongation to 

polystyrenes (113,114). 

The problem of supporting other polymer melts for the 

purposes of tensile elongation led pioneers in the field to 

evaluate the elongational flow properties of polymers in the 

non-homogenous deformations associated with the melt spinning 

of fibers (115-120). Justifiably, this approach fell under 

strong criticism because the elongation rate varies 

significantly with position along the spin line (121,122). 

Thus, the impetus in the last decade has been the development 

of new types of apparatus designed especially for the 

38 
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elongational testing of polymer melts. 

Comprehensive review papers summarize adequately these 

development steps (123-126). Thus, it is not the intent here 

to give an exhaustive historical review of apparatus 

development, but selected contributions to the area will be 

discussed as they influence design considerations in the 

development of the instrument by this author. 



1.2.1 APPARATUS: THE DEVELOPMENT OF AN ELONGATIONAL 

RHEOMETER 

Generally, experimental devices for elongational flow 

measurement can be divided into two groups. High viscosity 

methods are typically employed to measure the viscosity of 

unoriented, preformed rods of polymer melts. Low viscosity 

devices are specific to fluids that exhibit zero-shear rate 

viscosities less than 104 Pa· sec and, thus, are not amenable 

to the dimensional melt stability necessary for high 

viscosity methods. This discussion will consider only high 

viscosity devices since it was anticipated, from existing 

literature, that processing grade polyethylenes, of interest 

to this author, would clearly be best suited to the high 

viscosity devices. 

In addition, the discussion will be limited to 

extensional flows which are homogeneous in simple extension. 

are becoming of This discounts biaxial 

increasing importance 

extensions 

(127,128). 

which 

Both nonhomogeneous 

uniaxial extensions specific to melt spinning experiments 

(129) and non-steady "Instron type" experiments are also not 

considered in light of the criticism mentioned previously. 

Three different classes of instruments have been built. 

Chronologically, these were developed as moveable clamp 

devices, single rotating clamp devices, and finally, dual 

rotating clamp devices. Figure 1.1, shows schematically the 

40 
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a I MOVEABLE CLAMP 

bl SINGLE ROTARY CLAMP 

.. 

c) DUAL ROTARY CLAMP 

.. 

Figure 1.1. Schematic of contemporary elongational flow 
experiments. 
a) Moveable clamp devices 
b) Single rotary clamp devices 
c) Dual rotary clamp devices 
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configuration of these three types of instruments. Moveable 

clamp devices were a natural extension of "Instron type" 

experiments and their development to either constant stress 

of constant strain rate devices begins the discussion. 

Thus, the first experimental obstacle which researchers 

attempted to overcome was the support of the polymer melt 

prior to deformation during temperature equilibration. The 

necessary support was also required during tensile extension 

to aid in uniform deformation. This was first accomplished 

in the early 1960's by Karam and Bellinger (114) who 

submerged the sample in a low viscosity liquid with high 

temperature stability (silicone oil). The density of the oil 

was chosen in such a fashion that the weight of the sample 

was nearly exactly compensated by the buoyancy of the 

displaced fluid. It was apparent that if the anticipated 

density of the fluid and test melt, at the temperature of 

interest, were not closely matched, the sample would deform 

prior to the application of the intended deformation. This 

would then lead to an nonhomogeneous experimental deformation 

program. Despite these problems, Karam and Bellinger 

performed constant force creep deformation and demonstrated 

that a large portion of the total creep strain was 

recoverable (114). 

Vinogrodov et al. (130) were the first workers to 

propose a solution to buoyancy problems encountered when the 

sample and silicone oil density were mismatched. Instead of 
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submerging the sample, the sample was turned horizontally for 

measurement and intentionally floated on the surf ace of a 

thermostatically controlled, isothermal, silicone oil bath. 

In this way, a broader range of polymer samples and 

temperatures could be accommodated assuming only that the oil 

density exceeded sample melt density at experimental 

conditions. 

As attempted comparisons of experimental elongation 

results to rheological predictions through constitutive 

relationships became important, so also did the application 

of constant stress (as opposed to constant force) creep 

experiments. For this purpose, Cogswell (131) and Muenstedt 

(132) used a cam with a variable radius in order to decrease 

the load applied to the sample during creep. An 

exponentially decreasing lever arm compensated for the sample 

cross-sectional area decreasing exponentially with increasing 

strain. 

The natural complement to a constant stress creep 

experiment is a constant strain rate experiment. Vinogradov 

et al. (133) and Agrawal et al. (134) were the first to 

implement a constant Hencky strain rate experiment through a 

drive motor with an appropriate programming device. From the 

well documented kinematics of flow (17), it has been 

established that, in order to accommodate a constant Hencky 

strain rate, the separation of sample ends must be 

accomplished by an exponentially increasing crosshead 
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velocity. The improvement and further development of this 

type of apparatus as performed by Munstedt (135) and by 

Rheometrics, Inc. now allows for small samples to be extended 

at constant strain rate to a total Hencky strain of 

approximately 3 to 4 depending on initial sample size. A 

Hencky strain of 4 corresponds to an extension ratio of 

approximately 55. Thus, the real limit to deformation becomes 

an instrument size limitation since the overall instrument 

length to be isothermally controlled is equal to at least the 

product of initial sample length and extension ratio. 

Although the instrument developed by Rheometrics, Inc. is 

commercially available and uses acceptability small sample 

volumes, the potential limitation in Hencky strain prohibits 

its use in high elongation materials. 

As reported by Laun and Munstedt (136), on close 

inspection of extended samples, it can be seen that the 

typical cross-section of an extended sample, although very 

uniform in the central part of the sample, increases and 

approaches original sample dimensions when approaching the 

sample holders at the ends. Calculating the sample cross-

sectional area as a function of clamp separation (assuming 

constant volume deformation) may, in fact, lead to errors in 

calculated stress and extensional viscosity. A cutting 

device allows the sample to be separated into small equal 

length pieces at the end of deformation (before failure). 

From the weights of the pieces, the homogeneity of the 
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deformation can be quantified, as well as the shrinkage to 

calculate recoverable strain. Typically, the cross-sectional 

area representative of the deformation occurring in the bulk 

of the sample is less than otherwise calculated from clamp 

separation. Due to the influence of the necking, the real 

stresses generated in the central part of the sample are 

theoretically higher than the nominal measured stress. (136). 

Thus, there are two major limitations to moveable clamp 

devices. First, a limit to the ultimate deformation to which 

a sample can be deformed is imposed by instrument 

limitations. Secondly, sample deformation nonhomogeneity may 

introduce some error (as yet undetermined) into viscosity 

measurements. 

Single rotating clamp devices 

the development of the instrument by 

saw their inception with 

Ide and White (137). 

The instrument consisted of a constant temperature oil bath 

in which the sample is horizontally floated. The sample is 

stretched between a load cell and a rotating roll attached to 

a motor with a speed controller. As distinct from the 

general schematic given in Fig. 1.1, in which the sample is 

nipped between two rollers, the Ide and White device actually 

wraps the sample around the roller as a take-up device. The 

constant strain rate is accommodated by a constant roller 

speed. Since the gauge length of the sample between roller 

and load cell is unchanged, the complication of an 

exponential speed program is alleviated. The details of the 
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kinematics is given by Laun Munstedt (138) in his development 

of a single rotating clamp device which is more precisely 

represented by the schematic in Fig. 1.1. Clearly, the 

Munstedt design is inherently better than that of Ide and 

White since, in the latter instrument, sample accumulation on 

the roller would tend to increase the roller radius and, thus 

also, increase the strain rate at the constant roller speed 

program. 

Clearly, the possibility of non-uniform sample 

deformation in the single rotating clamp devices is minimized 

since in these devices the sample is clamped at only one end. 

In addition, ultimate sample Hencky strain is limited only to 

sample performance in these devices. The sample can be 

stretched until the sample dissipates completely between load 

cell and clamp. However, sample requirements are a bit more 

demanding since typical initial sample lengths for single 

rotary clamp devices previously developed are approximately 

200 mm as compared to 20 mm for the moveable clamp devices. 

The problem with end effects and sample deformation 

nonhomogeneity are completely alleviated with the development 

of the dual rotating clamp design by Meissner (139). In 

order to measure the tensile force, one pair of rotating 

clamps and driving motor are mounted on a leaf spring and in 

conjunction with a linear voltage differential transformer 

(LVDT) generate a voltage proportional to force. Similar to 

the single rotary clamp design, constant strain rate 
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experiments are performed by operating both rotary clamps at 

constant rotational speeds. Stress and viscosity are 

calculated from the resulting force-time trace assuming the 

incompressibility of the material in elongational flow . This 

instrument i s also outfitted with a cutting device to check 

both the uniformity of deformation and to measure the 

recoverable component of deformation. 

feedback control system allows 

Finally, a servo motor 

different deformation 

histories or stress histories to be imposed on the sample 

(139) . 

In reviewing the previous designs and performances with 

view to developing an inhouse instrument, it was clear that 

the design of Meissner's 

technologically the best in 

However, in view of the 

dual rotary clamp device was 

terms of overall performance. 

desire of this author to try and 

minimize sample requirements and make the instrument as small 

as possible, it was proposed to adopt the single rotary clamp 

design as described by Laun and Munstedt (138) . This allowed 

for the isolation of the rotary clamp from the force 

measuring device . Note, in Meissner's device that there is a 

relatively high moment of inertia associated with suspending 

the rotary clamp device from the leaf spring. In addition, 

the required stiffness of the supporting leaf spring would 

inherently detract from sensitivity . Thus, the proposed 

design would, in principle, allow for faster force 

measurement response and improved sensitivity (138) . 
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Figure 1.2 shows an overall picture of the device as 

built. Machining and assembly of the components was done 

through Wendell Brown in the Chemical Engineering Dept. 

Machine Shop. The sample (SA) mounted in the instrument is 

at room temperature to enhance resolution . The melt would be 

transparent at operating temperature. The instrument 

accommodates samples with a gauge length of 150 mm. As 

distinct from Munstedt's apparatus, the leaf spring (LS) and 

LVDT (LV) are mounted outside the silicone oil bath (OB) in 

order to avoid recalibration at different operating 

temperatures. The rotating clamp (RC) is set horizontally 

with the bottom roll completely submerged and the top roll 

just touching the oil surface under operating conditions. 

Approximately 95% of the outside of the copper tank is 

covered with surface heaters to allow for uniform heating. 

Insulation (IN) prevents direct observation of the heaters. 

Additional insulation is provided by a glass lid that 

completely covers the oil bath and is put in place after the 

sample is 

(TS) are 

positioned (not 

connected to 

shown). 

two 

Two temperature sensors 

independent temperature 

controllers. Thus, the temperature control is divided to 

adjust the heaters in the front and back of the copper tank 

separately. This allows for temperature control to within 

+0.2 C variation within the tank. Maximum temperature 

recommended for the design is 180 C. 

A close-up of the leaf spring (LS) and LVDT (LV) device 



Figure 1.2. Single rotary 
overall view. 
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clamp elongational rheometer, 

LV - Linear variable 
OB - Oil bath 

differential transformer 
SA - Sample 

RC - Rotary clamp 
LS - Leaf spring 

TS - Temperature sensor 
IN - Insulation 
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is shown in Fig. 1.3. Note, the leaf spring is on loan" 

from Rheometrics, Inc. and is a standard type used to measure 

force in the Rheometric Elongational Rheometer (RER) . The 

whole force measuring apparatus is modular and may be removed 

to facilitate calibration with hanging weights as shown in 

Fig. 1.4. An LVDT amplifier provides the transducer with a 

suitable drive and signal output amplification to give a de 

voltage proportional to the displacement of the transducer 

cure. This amplifier was developed at Virginia Tech by Riley 

Chan and a schematic of the amplifier circuit is presented in 

the appendix to this chapter. It suffices to say that 

voltage was determined to be linear with applied load for the 

full travel afforded by the leaf spring . Two calibration 

curves corresponding to two different leaf springs are shown 

in Figs. 1 . 5 and 1 . 6 to cover the full range of forces 

measured during experimentation. 

A close-up of the rotary clamp assembly is given in Fig. 

1.7. A variable speed motor (MO) with control unit were 

purchased from Electro Craft Corp. Two gear reducers (GR) 

with ratios of 12.5/1 and 100/1 are used to allow for a range 

of elongational rates spanning from 0.002 to 5 . 5 reciprocal 

seconds. Note the effective elongational rate may be 

calculated from the following simple formula: 

E. = (1.11) 
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Figure 1.3. Leaf Spring and LVDT assembly . 
LS - Leaf spring 
LV - Linear variable differential transformer 
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Figure 1.4. Leaf spring and LVDT assembly in calibration 
configuration. 



en 
E 
Cl .. en 

II\ .. .c en ·-G) 

~ 
c 
0 ·-.. ! .a ·--Cl 

CJ 

20 

15 

10 

5 
4 
3 
2 
1 

53 

0.1 0.2 

Sensitivity 45.5 grams 
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Figure 1.5. Calibration results for light duty leaf spring. 
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Figure 1.6 . Calibration results for heavy duty leaf spring. 
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Figure 1.7. Rotary clamp assembly. 
MO - Variable speed motor 
GR Gear reducer 
RT Top roller 
RB Bottom roller 
SP Spring 

BL - Bearing blocks 
BC - Bellows coupling 
TS - Thumb screw 
BB - Ball bushings 



56 
. 

Thus, the elongational rate, E. , is a function of the gear 

ratio, r; the rotational speed of the motor in revolutions 

per second, n; the roll diameter (40mm), d; and the gauge 

length of the sample, lo, which is typically 150 mm. Note, 

that the top roller (RT) is stationary in bearing blocks (BL) 

and driven by the motor shaft through a bellows coupling 

(BC). The bottom roll is an idle roll (RB) and is allowed to 

float on a spring (SP) so that the nip pressure on the sample 

between the rollers may be fine adjusted by thumb screws 

(TS). For more pronounced changes in nip pressure, the 

springs (SP) of various gauges may be exchanged. Movement of 

the bottom roller is facilitated by the three ball bushings 

(BB). Both rolls are knurled to a depth of about 0.005 

inches to improve friction between rollers and the melts. 



1. 2 . 2 MATERIALS 

A conventional low density polyethylene produced by 

Northern Petrochemicals was chosen from the materials on hand 

as best suited to evaluate the performance of the instrument. 

Low density polyethylenes are known to "behave" well in 

elongation (1-10). 

Two linear high density polyethylenes were obtained from 

Phillips Petroleum. A commercial grade material, which had a 

relatively broad molecular weight distribution and a moderate 

molecular weight, will be referred to as MMWPE. A second, 

specially synthesized grade, with a relatively narrow 

molecular weight distribution and overall higher molecular 

weight will be referred to as HMWPE. 

The filaments for elongational flow measurements were 

prepared by careful compression molding of plaques from which 

10 mm wide strips were cut. Depending on the availability of 

material, the pressed plaques were either 3 mm thick or 6 mm 

thick. All materials were pressed at 200 C with slow 

application of pressure over approximately 5 minutes followed 

by a 5 minute annealing at 200 C and quenching to room 

temperature. The procedure was implemented in order to try 

to minimize any orientation effects that might have resulted 

in the elongational sample shrinking and/or deforming on 

remelting in the silicone oil bath of the rheometer. Both 

the low density polyethylene and the broad molecular weight 

57 
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linear high density polyethylene were pressed from the "as 

received" pelletized materials. 

In addition, the broad molecular weight high density 

polyethylene was solution treated by dissolving in 

trimethylbenzene (TMB) at a concentration of 30g/liter at 140 

C. Butylated hydroxy-toluene (BHT) was used as an 

antioxidant at a concentration of 1 gm. BHT per liter TMB. A 

homogeneous solution was obtained after 4 hours, at which 

time the polyethylene was recovered by precipitating in 

agitated cold methanol at a ratio of 8 liters of methanol per 

liter trimethylbenzene solution. The resulting fluff was 

washed with additional methanol and dried under vacuum at 80 

C for 24 hours. Prior to drying, the fluff was wet with an 

acetone/BHT solution to attain a target final bulk BHT 

concentration of 0.1% as it was applied to the surface of the 

fluff. The fluff was quick pressed at 150 C to densify the 

fluff. The resulting matted material was pressed into a 

plaque and cut into strips as outlined above . 

A fourth and final sample was prepared as a blend of 90% 

by weight broad molecular weight linear polyethylene and 10% 

by weight narrow molecular weight distribution sample . The 

components were mixed in a TMB solution at 140 C with BHT 

antioxidant. Solution, recovery, and processing of the blend 

into elongational filaments were identical to the procedure 

given above. 

Molecular weight characterization of the three linear 
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polyethylene samples was provided through the courtesy of 

Phillips Petroleum. 



1.2.3 ELONGATIONAL VISCOSITY MEASUREMENT 

The strips cut from the plaque material were hand 

trimmed to minimize cross-sectional area variations along the 

length of the sample. Typical variations were less than 2% 

as measured at 15 cm intervals along the length of the 

sample. Once trimmed, both ends of the sample were roughened 

with sand paper and etched with chromosulfuric acid (140). 

One end of the sample was glued to the sample holder (SH) in 

Fig. 1.8. The other end was glued to a length of Kevlar 

fiber material which aided in positioning the sample in the 

hot oil bath. The sample was bench marked at 1 cm intervals 

along the length of the sample in order to aid in visual 

observation of the melt elongation. 

Once placed in the oil bath and the sample holder (SH) 

attached to the leaf spring (LS) as shown in Figs. 1.2 and 

1.8, the sample was allowed to equilibrate for 4 to 6 minutes 

prior to initiation of the experiment. Constant elongation 

deformation was initiated by allowing the nip rollers to 

close on the sample and switching on the motor controller to 

a preset rate. The resulting force was recorded on a digital 

chart recorder (Bascom-Turner, Inc.) until filament failure. 

Density-temperature corrections to the cross-sectional area 

of the sample were made based on published values (141). 

Based on previous work (138), the drag on the sample due to 

surface tension and oil viscosity was neglected. 
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Figure 1.8. Sample holder mounted on leaf spring. 
SH - Sample holder 
LS - Leaf spring 
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Force time curves were converted to elongation viscosity 

via the well known relationship 

(1.12) 

where the elongational viscosity, 1.~ is shown to be a 

function of the measured tensile force, F, the applied 

constant elongation rate,€_, and the cross-sectional area, A. 

The functionality of the area is given by the incompressible 

fluid kinematics as 

(1.13) 

where Ao is the measured cross-sectional area at room 

temperature, and ~ is density-temperature correction. 

The only methodology developed to check the assumption 

of homogeneous deformation was visual observation of the 

sample bench marks. Typically, if a neck developed, the 

shape of the F vs time curve was significantly different from 

an acceptable run. 



1.2.4 SHEAR RHEOLOGY 

Steady state shear and shear stress growth experiments 

on the low density polyethylene were done on a Rheometrics 

Mechanical Spectrometer (RMS) using a 50 mm diameter cone and 

plate with a cone angle of 0.1 radians. 

A dynamic shear 

polyethylenes samples 

characterization of 

studied in elongational 

the linear 

flow was 

performed on an RMS through the courtesy of Phillips 

Petroleum Company. A 

with 25.4 mm diameter 

parallel plate geometry was employed 

plates and a gap of 2.0-2.5 mm. The 

data was collected within the linear viscoelastic region at a 

strain of 10% at 160 C. The total time for sample preheat 

and measurement in a typical frequency sweep was kept below 

15 minutes in order to avoid long time thermal effects. 
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1.3.0 RESULTS AND DISCUSSION 

In light of the fact that a major thrust in this work 

has been the development of a single rotary clamp type of 

elongational rheometer, verification of the instrument 

performance was deemed necessary. 

the effects of molecular weight 

Thus, before discussion of 

distribution and shear 

refining on a high density polyethylene, it will be shown 

that the current design described in the previous section is 

capable of reproducible and reliable results. 

64 



1 . 3 . 1 REPRODUCIBILITY 

Operational performance was first evaluated, somewhat 

unsuccessfully, by looking at the reproducibility of the 

stress growth of the ·Northern Petrochemical low density 

polyethylene at 150 C and 0.1 sec-1 elongational rate. 

Generally, widely different results were obtained at what 

appeared to be identical experimental conditions. It was 

later discovered that the variation of the force applied to 

the sample between the rolls in the rotary clamps was 

responsible for the irreproducibility. Figure 1.9 shows the 

results of the classic stress growth at constant strain rate 

plotted as elongational viscosity with increasing time. Nip 

pressure was varied by refitting the instrument with springs 

of various gauges, see (SP) in Fig. 1.7. At the highest nip 

pressure (stiffest spring), the short time response shows the 

lowest calculated viscosity. At long times, the high nip 

pressure run shows both the highest viscosity and the highest 

ultimate strain. Conversely, the lowest nip pressure shows 

the highest viscosity at short times and the lowest ultimate 

viscosity and strain. At intermediate 

response initially traces the low nip 

crosses over to the high nip pressure 

seconds. 

nip pressures, the 

pressure results and 

results at about 8 

In order to determine which of these responses, if any, 

were correct, a comparison with shear data was made using 
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Trouton's relation (1,2). It has generally been observed 

that at intermediate and high rates of elongation, the short 

time response will coincide with the shear stress growth 

multiplied by three (3) if the shear rates are in and around 

the linear viscoelastic or shear rate regime (3,4). Results 

of just such an experiment have also been plotted in Fig. 

1.9. Clearly, the Trouton relationship corresponds to the 

data at lower nip pressures . 

The effects of nip pressure on the elongational 

viscosity are rationalized in the following manner . If the 

nip pressure is high enough to deform the sample by 

squeezing, the overall effect would be to impart a converging 

flow type of deformation very similar to a calendaring 

operation. This would tend to deform the sample in the 

elongation direction. It is assumed that the sample will 

leave the rollers at a linear velocity defined by the 

tangential velocity of the roller (i.e . , no sample/roller 

slippage). Thus, the linear velocity imparted to the sample 

just before entering the rollers will be equal to the 

tangential velocity of the rollers less the elongational 

component imparted to the sample by the converging flow. 

Since the elongational stress and/or the elongational 

velocity are calculated assuming that the strain rate is 

precisely the roller tangential velocity divided by the gauge 

length of the sample, erroneous results are incurred if the 

sample is nipped too strongly. 



68 

Specifically, if realized strain rate is less than the 

supposed strain rate, then the measured force would be less 

than otherwise anticipated leading to the negative deviations 

from "true values" described above . In addition, the high 

nip pressure results eventually cross over the low nip 

pressure results at around 40 seconds due to the dominance of 

the exponential time term in calculating the viscosity, see 

Eqs. 1.12 and 1.13 in the experimental section 1.2.3. 

Artificially long deformation times are realized due to the 

lower than anticipated strain in the sample. The exponential 

functionality will then yield higher stresses and viscosities 

giving rise to the positive deviation from "true values." 

For intermediate nip pressures, the deviation from 

correct values at 8 seconds is thought to occur because of 

reduced sample dimensions. It is assumed that the level of 

squeezing deformation imparted to the sample between the 

rollers is a function of the applied compressive stress. 

Then, at a constant applied spring force, a decreasing sample 

dimension, due to elongational strain, would lead to an 

increase in applied compressive stress. The compressive 

stress may exceed a minimum necessary for an appreciable 

calendaring effect and thus lead to the mechanism described 

above. 

Operation of the instrument has been refined to look for 

a spring constant that allows for adequate nipping pressure 

to guarantee a clean deformation program without sample/roll 
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slippage. However, it has been found that if the spring 

constant is too high, then a calendaring effect will lead to 

inaccuracies. To date, operation has been possible by 

judicious choice of springs that changes with operating 

conditions and nature of the sample. These circumstances 

could, in principle, be improved if an independent measure of 

strain rate and sample deformation could be devised. This 

would allow for the calculation of stress and elongation 

without the assumption that roller speed was exactly 

proport~onal to strain rate. However, it should be 

emphasized that consistent reproducible results are currently 

attainable if close scrutiny to spring selection is 

maintained. 



1 . 3.2 END EFFECTS 

Close inspection of Fig. 1.9 indicates that the Trouton 

ratio plot shows a slightly higher value of viscosity than 

the elongational data at around 2.5 seconds . This was 

thought to occur because the shear rate of 0.01 sec-1 was 

still slightly beyond the linear viscoelastic region at 150 C 

for the low density polyethylene used. Note, that stress 

overshoot was typically observed in shear stress growth 

experiments in the non-linear regime (142). Since 

instrumental limitations precluded a reduction of the shear 

rate, experimental conditions were shifted to 180 C. Figure 

1.10 shows a steady state of shear viscosity and primary 

normal stress difference as a function of shear rate for the 

low density polyethylene. Clearly, the shear at 0.01 sec-1 

at 180 C is now well within the linear viscoelastic range. 

Figure 1.11 shows the results of both an elongational and 

shear stress growth experiments on the low density material 

at 180 C. Appropriate spring selection has optimized the nip 

pressure for the experimental conditions in Fig. 1.11 . 

Correspondence between the Trouton's ratio calculation and 

the elongational viscosity is now considerably closer. It is 

interesting to note that the elongational and shear results 

cooperatively are sensitive enough to show the effect of 

stress overshoot on the Trouton's rule calculation at 150 C. 

In addition, Fig. 1.11 shows the results of the 0 . 1 
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sec-1 elongation experiment performed on the Rheometrics 

Elongational Viscometer whose operation is based on the 

moveable clamp design of Munstedt previously discussed. 

Clearly, once the viscosity curves deviate from the Trouton 

Rule regime, there is 

results of the moveable 

a significant discrepancy between the 

clamp design and the single rotary 

Possibly, the most obvious design difference clamp design. 

between the two instruments is the aspect ratio of the sample 

expressed as the ratio of length to diameter. Since the 

samples that were stretched on the single rotary clamp 

equipment did not have a circular cross-section, their 

diameter is considered to be the diameter of a circle with 

equivalent cross-sectional area. Standard sample dimensions 

discussed in the experimental section generally led to an 

aspect ratio of approximately 18 for the rotary clamp design 

while standard sample preparation for the Rheometrics device 

leads to aspect ratios on the order of 4. 

A cursory investigation was undertaken to determine the 

effects of aspect ratio on the performance of the rotary 

clamp device. This was done by running two additional 

samples on the single rotary clamp 

the length of a sample clamp, 

rheometer. By extending 

the gauge length of the 

Thus, for a slightly larger 

approximately 1.1 cm by 0.6 

rheometer was decreased to 6 cm. 

than standard cross-section of 

cm, the aspect ratio of the first sample was dropped to 

approximately 6.5. In addition, the aspect ratio was 
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increased to approximately 38 by decreasing the cross-

section of a second sample to 0.4 cm by 0.3 cm. Note that 15 

cm is the largest gauge length afforded by the dimensions of 

the isothermal tank. Results of the three aspect ratios 38, 

18, and 6.5 are all but coincidental on the response curve in 

Fig. 1.11. Clearly, the differences can not be attributed to 

differences in L/D, especially since 6.5 approaches the 

standard aspect ratio of 4 used in the Rheometrics device . 

This conclusion is in contradiction with previous works 

describing the effects of aspect ratio on elongational 

viscosity measurements in a moveable clamp device (124,140). 

An attempt was made to explain the discrepancy between 

the two instruments based on observations during the 

elongation of the low density polyethylenes. At high levels 

of deformation, in and around the inflection marked in Fig. 

1.11, the mechanism of deformation switched from the standard 

uniform reduction in cross-section to an elongation at what 

appeared to be constant or nearly constant cross-section. 

Figure 1.12 shows a schematic of the sample end at the point 

of attachment to the clamp. At high bulk sample 

deformations, a finite volume of low deformation sample 

remains attached to the clamp. It is postulated that strain 

hardening in the bulk sample progresses to the point where 

the applied stress tends to draw material from the reservoir 

at the clamp instead causing further deformation in the 

balance of the gauge length. This mechanism would depend 
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TO LEAF SPRING ASSEMBLY 

TO ROTARY CLAMPS 

Figure 1.12. Schematic of sample at point of attachment to 
sample holder assembly. 
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only on the presence of at least one restrained end and thus 

be independent of the aspect ratio of the original sample. 

This phenomenon may actually be occurring to various degrees 

throughout the strain hardening portion of the deformation, 

but become severe enough at the indicated inflection point to 

be visually observable as well as show an inflection in the 

viscosity curve. If, in fact, this is the case, then it 

stands to reason that at the onset of strain hardening, the 

effect may be twice as pronounced if there are two clamping 

points instead of one as in the moveable cross-head design. 

Note that the deviations of the Rheometrics Elongational 

Rheometer results are in the same sense as the inflection 

occurring at higher strains 

If the above hypothesis is 

in the rotary clamp experiment. 

correct, then one conclusive 

experiment may be to compare results to a dual clamp design 

elongation wherein there are no permanently fixed sample 

ends. Deviations 

functionality of the 

from the 

cross-sectional 

anticipated 

area may 

exponential 

also be an 

indication of the extent of this proposed mechanism. 

With careful attention to the tuning of the nip pressure 

to ensure adequate sample control without inducing the 

calendaring effect previously described, accurate and 

reproducible elongational viscosities may be anticipated from 

the rheometer as designed. The end effects associated with 

the fixed sample restraint at the leaf spring, if at all 

significant, are expected to be minimal. Thus, a reliable 
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instrument is available for evaluating the elongational 

rheology of limited sample materials at large Hencky strains. 



1.3.3 

ENTANGLED 

TRANSIENT ELONGATIONAL 

POLYETHYLENE MELTS: 

RHEOLOGY OF 

SOME EFFECTS 

WEIGHT DISTRIBUTION AND SHEAR MODIFICATION 

POLYDISPERSE 

OF MOLECULAR 

Three linear polyethylene samples of different internal 

structure or entanglement density were studied rheologically . 

Table 1.1 summarizes the nature of these samples and the 

pertinent molecular weight characterization. The as received 

material, MMWPE-1, was shear modified by virtue of the 

pelletizing procedure employed in fabrication. After 

solution treatment of MMWPE-1 (detailed in section 1.2.3) the 

molecular weight distribution remains essentially unaffected, 

see sample MMWPE-2. However, it was anticipated from 

previously discussed literature results (104,105) that the 

entanglement density of MMWPE-2 would be changed from that of 

the untreated sample, MMWPE-1. Note that the 3% wt./vol. 

concentration levels used in the solution treatment procedure 

was considered to be above the critical entanglement 

concentration for the molecular weights specific to these 

samples. The third sample, 90% MMWPE/10% HMWPE, was a blend 

of MMWPE and HMWPE at the indicated weight percentages. 

Since this sample was blended in solution at 3% wt./vol. and 

recovered via precipitation with the same procedure used to 

solution treat MMWPE-2, its rheological response may be 

compared to that of MMWPE-2 in order to glean the effects of 

enhancing the high molecular weight tail upon elongation. 
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Table 1.1 

Molecular Weight Characteristics of Linear Polyethylene 

Sample Designation and Description 

MMWPE-1 MMWPE-2 90% MMWPE/10% HMWPE 
Molecular Weight Avg. conmercial grade PE solution recovered blend of -.J 

from GPC as received MMWPE-1 MMWPE and HMl~PE 
co 

(shear modified) 

Mn 19,300 17,500 20,400 

Mw 126,000 124,000 154,000 

Mz 820,000 787,000 960,000 

Mw 6.5 7. l 7.5 
Mn 



The full molecular weight 

1.13 for all three samples. 

are all but coincidental 
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distributions are plotted in Fig. 

The samples MMWPE-1 and MMWPE-2 

while the blended sample shows 

significant contributions in the high molecular weight tail 

region. 

Elongational measurements on these three samples were 

performed at 160 C, and at three elongation rates, 1.0 sec-1, 

0.1 sec-1, and 0.01 sec-1. Figures 1.14, 1.15 and 1.16 show 

the results of the elongational testing. A two step growth 

in the elongational viscosity is seen at all rates of 

deformation for all three samples. The first stage of 

viscosity growth is associated with the linear response of 

the material wherein the curve traces the anticipated 

Trouton's rule curve. At Hencky strains approaching 0.5, all 

transient viscosity curves enter a strain hardening regime in 

which the viscosity tends to grow at significantly higher 

rates. Note that the slope of the viscosity time curve on 

the log-log plot changes fairly drastically as the response 

enters the strain hardening regime. The viscosities 

apparently do not reach a steady state value in any of the 

three materials studied. For all elongation rates, viscosity 

reaches a maximum at strains of between 3 and 4 before 

decreasing just prior to sample failure. At sample failure, 

visual observation suggests a necking phenomenon. As can be 

seen at various selected elongation rates in Figs. 1.14-1.16, 

the curves reproduce very well suggesting that the failure 
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mode is not a random event caused by a local nonhomogeneity 

in the sample cross-section but that the failure mode is 

representative of inherent material response. 

The experimental transient viscosity profile for the 

linear polyethylenes in this study are very similar to those 

reported by Ide and White (2), as well as Chen et al. (143). 

Similar necking behavior was also observed by Ide and White 

(2) and Chen et. al. (143) in high density polyethylene as 

distinct from the more classic stable behavior reported for 

low density polyethylene (6-15) and polystyrene (2,83,113). 

In contrast, Macosko and Lorntsen (5) report data for linear 

polyethylene which more closely resembles the unbounded 

viscosity growth characteristic of Meissner 's low density 

experiments and the data reported on some polystyrenes. The 

reason for these differences in the response of linear 

polyethylene melt to elongational deformation is not 

currently understood, but it has been suggested that 

differences in molecular weight and molecular weight 

distributions 

polyethylenes 

behavior (2). 

among commercial grade high density 

may result in the variation of elongational 

The general attributes of the elongational response of 

MMWPE-1 are very similar to those of MMWPE-2 (solution 

treated MMWPE-1), see Figs. 1.14 and 1.15. Some notable 

differences in elongation behavior between MMWPE-1 and MMWPE-

2 must be attributed to the entanglement density differences 
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associated with the solution treatment, since the molecular 

weight distributions in the two samples are identical. First 

the slope of the viscosity with time on the log-log plot in 

the linear Trouton rule regime (short time response) is 

steeper in MMWPE-2 and, in general, all viscosities in this 

regime are also higher in MMWPE-2. In addition, although the 

onset of the strain hardening regime remains at approximately 

the same level of Hencky strain (0.5) in the two samples, the 

slope of the viscosity in the strain hardening regime is 

slightly less in MMWPE-2. Finally, the maximum in the 

viscosity growth curves is generally higher in the solution 

treated sample, although there is a slight reversal of trend 

at the lowest strain rates (0.01 sec-1 ). Overall, the 

solution treated sample has higher elongational viscosities 

across the full time spectrum, while the shear modified 

sample shows a more distinct transition between the short 

time linear viscosity response and the long time strain 

hardening regime. 

Previous investigations into the influence of shear 

modification of low density polyethylenes upon elongational 

rheology indicated a decrease in steady state viscosity with 

increasing mechanical deformation (6). If the maxima in the 

elongational viscosities of Figs. 1.14 and 1.15 can be 

correlated with steady state behavior of low density 

polyethylenes in the previous work, then the work reported 

here is evidence for analogous shear modification behavior in 
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linear species. Note the generally lower maxima in 

curves before solution treatment. In elongational viscosity 

contrast, Munstedt (6) was unable to detect shear 

high density polyethylene or linear modification of 

polystyrene via elongational rheology . Apparently the 

elongational measurements reported in this study suggest that 

the newly developed experimental rheometer is a very 

sensitive tool for investigating the shear modification 

behavior in linear polyethylenes. 

The results of shear modification reported in this work 

may be best rationalized in the context of entanglement 

density and melt structure. Any proposed molecular model can 

be only rather speculative. However, this type of structural 

model is supported by the transient network model theory and 

should serve to unify the reported results. Typically, shear 

modification reduces the nature and concentration of 

molecular entanglements. In addition, the transient 

elongational viscosity response will be interpreted in terms 

of short range and long range entanglement structure. The 

short range entanglement network structure will dominate the 

elongational response at short times and low strains. As 

strains are increased beyond the Trouton's rule regime, the 

short range network is disentangled and the long range 

network will begin to bear the stress and, as such, determine 

the long time and high strain elongational response. It is 

proposed that the mechanical deformation associated with the 



88 

pelletizing operation was predominantly a shearing operation 

which tended to disentangle short range network junctions. 

Longer range 

weight species 

preferentially 

network junctions between higher molecular 

in the molecular weight distribution were 

undisturbed. Thus, the short time and low 

strain deformation in the elongational rheometer was more 

severely affected as compared to the high strain deformation 

behavior . A significant number of entanglements expected to 

be operative at short times and low levels of deformation 

were missing, thus, resulting in a lower resistance to flow 

and lower elongational viscosities. At higher elongational 

strains, any remaining short range entanglements have been 

destroyed. At this point the melt stress is supported across 

long range entanglements in a network of high molecular 

weight species. The longer range entanglement density, 

although somewhat diminished, had sustained considerably less 

damage from the shear modification and thus resisted the 

elongation at long times and higher strains to an extent much 

more comparable to material which might not have undergone 

shear modification. This is the proposed reasoning for the 

sharper transition from the linear low deformation behavior 

to the strain hardening behavior at higher deformations in 

the shear modified material, MMWPE-1 . 

Concentration of the polyethylene in the TMB in solution 

treatment may well influence the nature of the reentanglement 

phenomenon in these polydisperse polyethylenes. Critical 
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for molecular overlap 

The critical value 

is molecular 

shifts to 

weight 

higher 

concentrations for lower molecular weights. Thus, the nature 

of the reentanglement phenomenon in the higher mobility 

circumstances afforded by the solution environment may be 

expected to be concentration and molecular weight dependent. 

It is assumed that molecular overlap is a necessary condition 

for entanglement. The 3% concentrations employed in this 

work may have prevented the reestablishment of short range 

entanglement structures. Thus, increasing the concentration 

in the solution treatment procedure may cause further 

preferential increase in the viscosity of the short time low 

deformation regime and further reduce the severity of the 

strain hardening effects. In other words, it is proposed 

that the strain hardening observed in Figs. 1.14 and 1.15 may 

well be due to the relative differences in response of short 

range and long range entanglements to the applied 

elongational flow. In addition, the ~ise in elongational 

viscosity with time may be expected to be more monotonic in 

nature as a more continuous population of entanglements 

exists between the short range regime and long range regime. 

At this juncture it is instructive to note the nature of 

some of the documented molecular weight effects on 

elongational viscosity alluded to previously (2,6,140,144). 

In general, it has been demonstrated in various systems that 

increasing the high molecular weight tail of the molecular 
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distribution enhances the strain hardening effect in the 

transient elongational viscosity curve. For example, 

Munstedt (6) has shown in polystyrenes that the viscosity 

increase from the linear curve is caused by high molecular 

weight components, especially by those which appear as a 

separate peak in the molecular weight distribution. In other 

words, the more closely the distribution appears to be 

bimodal, the more accentuate the strain hardening effect will 

appear. Narrow molecular weights lead to a smooth and slow 

growth of the transient viscosity which never deviates from 

Trouton's rule. Broader molecular weight distributions still 

with high molecular weight components led to a response 

without strain hardening, however, in this case, the slope of 

the Trouton regime is significantly steeper. Along the same 

lines, Minoshima et al . (85) has studied the influence of 

molecular weight 

characteristics 

distribution 

of various 

upon elongational 

polypropylenes . 

flow 

Those 

polypropylenes with molecular weight distributions which 

contained higher molecular weight components, by virtue of 

increased breadth of distribution, demonstrated enhanced 

strain hardening characteristics . From the last two 

references sighted, it appears that separating the effects of 

high molecular weight content from the influences of 

molecular weight 

strain hardening 

difficult. This 

distribution upon the intensity of the 

phenomenon in elongational flow may be 

difficulty is well demonstrated in the 
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results presented by Koyama and Ishizuka (145) in which a 

series of linear polyethylenes representing a broad range of 

molecular weight distributions with comparable number average 

molecular weights was studied in elongational flow. 

Surprisingly, those samples with the narrowest distributions 

and, therefore, with the smaller high molecular weight tails, 

demonstrated the highest strain hardening characteristics. 

By blending a small amount of higher molecular weight 

species with the moderate molecular weight species, the 

influence of long range entanglements on the elongational 

rheology of linear polyethylene was investigated. This 

methodology was adopted in order to minimize the influences 

of molecular weight distribution changes on rheology. Any 

shift in rheological behavior could be then preferentially 

attributable to the enhanced high molecular weight tail. 

Note from Table 1.1 that the polydispersity increases from 

7.1 to 7.5 on blending, while Mz increases from 7.86 x 105 to 

9.60 x 105, see samples MMWPE-2 and 90%MMWPE/10%HMWPE. 

Figure 1.16 depicts the results of the elongational flow 

experiments on the third sample in Table 1.1. Both the short 

time low deformation regime and the long time strain 

hardening regime show similar behavior to that of Fig. 1.15, 

but with systematic shifts in magnitude. The linear regime 

of Fig. 1.16, where Trouton's rule is operative, shows 

viscosities which are 40-50% higher in the blend material as 

compared to viscosities in the same regime in the unblended 
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material in Fig. 1.15. The increase in strain hardening 

after blending the high molecular weight constituent, as 

quantified by comparing maximum elongational viscosities at 

1.0 sec-1, was 170%. The shift in strain hardening behavior 

and ultimate elongational viscosity was more severe at higher 

rates possibly due to the fact that the higher molecular 

weight species had a shorter time frame in which to 

disentangle at 1.0 sec-1 as compared to 0.01 sec-1. Clearly, 

as the high molecular weight tail is increased, there is a 

substantially more dramatic influence upon the strain 

hardening behavior as compared to the linear response at 

lower strains for all strain rate considered in this study. 

Clearly, the elongational response of linear 

polyethylene melts with enhanced high molecular weight tails 

can also be rationalized in terms of short range and long 

range entanglement structures. It is reasonable to consider 

that the highest molecular weight species will contribute to 

the long range entanglement structure and enhance the strain 

hardening behavior of the two stage stress growth. In order 

to give a more complete picture of molecular weight effects, 

three types of entanglements can be considered. 

Entanglements between two short chain species and between 

long and short chain species are two types which will 

contribute to the short time and low strain 

classified as short range entanglement 

response and are 

structures. The 

mobility of inter-component entanglements in these two cases 
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is assumed to be dictated to a large extent by the short 

chain. Thus, the characteristic relaxation of the long chain 

entangled with a short chain is substantially reduced to a 

time scale commensurate with the linear elongational response 

in the Trouton's rule regime. However, the short chain to 

long chain entanglement will still have a slightly longer 

relaxation time than short chain to short chain 

entanglements. Thus, one effect of the addition of high 

molecular weight species is to marginally increase Trouton 

viscosities. The third type of entanglement between two long 

chain species contributes to the nonlinear response in the 

strain hardening regime and is classified as a long range 

entanglement structure. The addition of a high molecular 

weight tail has an inordinately large effect upon the 

nonlinear response as compared to the effect upon the Trouton 

viscosity due to the significantly increased tenacity of 

entanglements between two high molecular weight species. 

Sensitivity of shearing flows to the entanglement 

density changes described above was judged through dynamic 

measurement performed in the linear viscoelastic region. 

This dynamic data is presented for MMWPE-1, MMWPE-2, and 90% 

MMWPE/10% HMWPE in Figs. 1.17, 1.18, and 1.19 respectively. 

In each figure, the steady state dynamic shear response of 

storage modulus, loss modulus, and dynamic viscosity are 

plotted as a function of frequency. Overall, the dynamic 

viscoelastic data decreases with shear modification and 
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increases with addition of high molecular weight component. 

A detailed comparison of Figs. 1.17 and 1.18 indicates 

that the increases in dynamic viscosity associated with the 

solution recovery of entanglements after shear modification 

is largest at low frequencies. At higher frequencies, the 

viscoelastic response of MMWPE-1 and MMWPE-2 are almost 

coincidental. This can be rationalized in the following way. 

Recall that the transient network models, reviewed in the 

introduction (section 1.1.2), described the steady state 

response of a fluid in terms of the current structural state 

or entanglement density. The structural state is determined 

by a dynamic equilibrium between the rate of formation and 

the rate of destruction of entanglements. While the rate of 

entanglement formation is deformation independent and is 

primarily due to Brownian motion, the imposed flow field has 

a particular efficiency in destroying entanglements. 

Increased rates of disentanglement are fostered by high 

deformation rates (56-60). Thus, at the lowest rates or 

frequencies, the rate of entanglement destruction is 

relatively low so that the structural state (entanglement 

density) at dynamic equilibrium is closest to the undeformed 

state. At higher rates or frequencies a great number of 

entanglements have been destroyed in the newly established 

equilibrium. Note, that as entanglements are destroyed at 

higher frequencies, the dynamic viscosity of the melt is 

decreased in the classic shear thinning phenomenon. As such, 
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the dynamic 

displaced 

structure at higher frequencies is substantially 

from the undeformed state and the rheological 

response has become most dependent upon segmental motions of 

disentangled molecules. The larger difference between the 

dynamic viscoelastic response in Figs. 1.17 an 1.18 at low 

frequencies is indicative of the differences in entanglement 

structure before dynamic shear. As frequency is increased, 

the two viscoelastic responses converge due to the dominant 

influence of the high frequency deformation on entanglement 

structure. In effect, the highest frequency dynamic shear 

strain has induced a reduction of entanglement density under 

dynamic equilibrium conditions which exceeds the effects of 

the pelletizing operation. Hence, at frequencies approaching 

103 sec-1 both MMWPE-1 and MMWPE-2 have similar entanglement 

density structures and correspondingly similar rheological 

response. Note, that if the dynamic testing had not been 

done on an increasing frequency program, the distinction in 

rheological response at the lowest frequencies may not have 

been as pronounced. 

A comparison of the dynamic moduli in Figs. 1.17 and 

1.18 reinforces the conclusions gleaned from the dynamic 

viscosity discussion. 

which can be associated 

In particular, the storage modulus, 

with the elastic response of the 

melt, seems to overtake the loss modulus at lower frequencies 

for the solution treated material. The increased elasticity 

of MMWPE-2 as compared to the shear modified material, MMWPE-
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1, is additional testimony to the higher entanglement density 

stipulated to be characteristic of the solution treated 

material. It is well documented that molecular entanglements 

in polymeric systems contribute to the elasticity of polymer 

rheology (25,26,29,56,60). 

The effect of enhancing the high molecular weight tail 

upon the response of linear polyethylene in dynamic shear is 

documented in comparing Figs. 1.18 and 1.19. Note again that 

the effects of shear modification have been dialed out by 

solution treating both samples, MMWPE-2 and 90% MMWPE/10% 

HMWPE. Since all molecular weight species in either sample 

are large enough to discount end effects, the local 

entanglement density is considered to be independent of the 

molecular weight. Thus, both samples will have the same 

number of entanglements per unit volume. 

that the number of inter-chain 

macromolecule remains the same since it 

This is not to say 

entanglements per 

might be that this 

may well be expected to increase with increased molecular 

weight. Despite the anticipated similarity in the number of 

entanglements per unit volume, the viscoelastic response in 

Figs. 1.18 and 1.19 shows some significant differences. 

Again, the major differences in rheological response occur at 

low dynamic frequencies and tend to converge at higher 

frequencies. The 90% MMWPE/10% HMWPE sample shows the higher 

dynamic viscosity. The blend sample also demonstrates higher 

melt elasticity as indicated by the lower frequency at which 

• 
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the storage modulus exceeds the loss modulus. 

several authors (54,57,60,68,69,70,76,80,81) 

As reviewed by 

and described 

above, the mobility of 

polymer molecules with 

weights is dominated by 

entanglements that exists between 

significantly different molecular 

the shorter chain. Thus, the long 

chain experiences a much smaller dynamic resistance to 

deformation or stress relaxation when it is entangled with a 

short chain than in the pure state were it is entangled with 

chains of comparable molecular weight. As a result, the 

higher dynamic viscosities and melt elasticities in the blend 

sample are not attributed to higher entanglement densities 

but rather to an increased number of higher efficiency 

entanglements. As the concentration of high molecular weight 

species is increased, the likelihood of an entanglement 

between two high molecular weight chains is, in turn, 

increased as the square of the weight fraction of the long 

chain species (54,58,65,69,70). These higher tenacity 

entanglements contribute to the higher viscoelastic 

properties of the blended melt. Although the viscosities of 

MMWPE-2 and 90% MMWPE/10% HMWPE tend to converge as 

frequencies are increased, the level of coincidence as 

frequencies approach 103 sec-1 is not as close as in the 

comparison of 

destruction of 

Figs. 1.17 

these 

and 1.18. This suggests that the 

higher tenacity entanglements at 

elevated dynamic frequencies is somewhat diminished. 

Elongational data in Figs. 1.14, 1.15, and 1.16 have 
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been discussed in terms of transient fluid response to flow 

onset at constant applied 

shear flow rheology has been 

state response. For the 

strain rate. In contrast, the 

presented in terms of steady 

sake of contrast, Figure 1.20 

presents the plot of the ultimate elongational viscosity as a 

function of elongation rate from Figs. 1.14, 1.15, and 1.16. 

It is strongly suspected that these ultimate elongational 

viscosities do not represent the steady state condition. 

Although the elongational data show a maximum in viscosity, 

no definitive steady state can be discerned, see Figs. 1.13, 

1.14, and 1.15. In addition, several of the more recent 

kinetic theories for polymer melts (41,81) predict a steady 

state in elongational flow after a maximum in the stress 

growth response much like those experienced in shear flow 

(142). This may well explain the necking behavior and 

failure just as the elongational viscosity function turns 

down after the maximum. Without any strain hardening 

characteristic to elongation, any small reduction in sample 

cross-section would become unstable and lead to a neck and 

subsequent failure. Unless perfect sample geometry could be 

guaranteed throughout the elongation experiment, a strain 

softening after the stress maximum will necessarily lead to 

sample failure prior to the realization of steady state 

conditions in current elongational rheometers. 

As elongation rates are increased, it may be expected 

that steady state viscosities would be a function of the 
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dynamic equilibrium between entanglement creation rates and 

destruction rates as per the discussion of the shear data. 

At higher elongation rates, the equilibrium entanglement 

density should diminish, especially since elongation has been 

shown to be more effective than shear in the disruption of 

the melt structure (6). As higher elongation rates are 

reached, 

dominated 

the 

by 

increasingly 

steady 

the 

smaller 

state fluid viscosity 

segmental friction 

contributions from 

should become 

response with 

the elastic 

entanglement structure. Thus, elongational viscosities for 

each of the three materials studied should converge for the 

highest elongation rates. Figure 1.20 indicates that the 

elongational viscosities tend to diverge as rates are 

increased again suggesting the ultimate viscosities plotted 

do not correspond to steady state conditions. In fact, there 

is some theoretical evidence to suggest that the viscosities 

in Fig. 1.20 are a maximum in a stress overshoot situation 

similar to those measured in shear stress growth experiments 

at nonlinear strain rates (146). 

All the rheological data were reduced by selecting two 

the elongational shear parameters for comparison with 

viscosity data. Dumoulin et al. (147), using the Zeichner 

and Patel (148) approach, discovered that in the study of 

molecular weight mixtures of polyethylenes the parameter most 

sensitive to molecular weight was the crossover point of the 

storage and loss moduli. The crossover modulus is listed in 
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Table 1.2 along with the dynamic shear viscosity at a 

frequency of 0 . 03 sec-1 for each of the three samples. In 

addition, the maximum elongational viscosity at an elongation 

rate of 1.0 sec-1 is listed for comparison. Of the three 

parameters selected to characterize the rheological data, the 

one parameter which appears most sensitive to shear 

modification is the crossover modulus. Contrary to previous 

results (147), the crossover modulus was very insensitive to 

the subtle change in the high molecular weight tail region of 

the distribution. However, the high strain elongational 

viscosity was the strongest indicator of these subtle 

changes. These observations are consistent with the previous 

discussion. The low frequency linear viscoelastic dynamic 

shear measurement would be expected to be most sensitive to 

the short range entanglement disruption. Conversely, the 

large nonlinear deformation in elongational flow might best 

reflect the long range entanglement associated with the 

highest molecular weight species in the distribution. 

This is especially true since the maximum in the transient 

elongational viscosity response may correspond to the stress 

overshoot phenomenon documented in shear stress growth (142). 

Shear stress overshoot has been shown to be an excellent 

measure of long range melt structure (146). 

To summarize, the effects of shear modification of 

linear polyethylenes and the addition of high molecular 

weight species to a broad distribution commercial linear 



Table 1.2 

Summary of Rheological Data from Linear Polyethylenes 

Rheological Property 

Pynamic Viscosity at 
0.03 sec-1 

Crossover Modulus 

Maximum Elongational Viscosity 
at 1.0 sec-1 

MMWPE-1 

3.97 x 105 Poise 

5 dynes 4.45 x 10 ~· 

4. l x 105 Pa-sec 

Sample Designation 

MMWPE-2 

8.49 x 105 Poise 

5 dynes l .87 x 10 Cfn2-
6.4 x 105 Pa-sec 

90% MMWPE/10% HMWPE 
..... 
0 
01 

13.7 x 105 Poise 

l. 69 x 105 dy~es 
cm 

18.2 x 105 Pa-sec 
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polyethylene upon elongational and shear flows was described 

in terms of transient structural states in the melt . The 

entanglement structure was discussed in terms of short range 

and long range entanglement networks . Shear modification was 

speculated to decrease entanglement densities especially in 

the short range regime. Solution treatment was effective in 

recovering some of the short range entanglement structures. 

Addition of a high molecular weight species to a broad 

distribution polyethylene 

entanglement density but 

could not change the overall 

was thought to favor the 

redistribution of entanglements from short range structures 

toward higher populations of long range structures. These 

melt structure effects were shown to influence various 

aspects of shear and elongation rheology. Dynamic shear 

measurements were especially sensitive to short range 

structure, while elongational viscosity was most sensitive to 

long range structure. 



1.4.0 CONCLUSIONS 

1.4 . 1 A SMALL SCALE, HIGHLY ACCURATE ELONGATIONAL VISCOMETER 

HAS BEEN DEVELOPED BASED ON THE SINGLE ROTARY CLAMP DESIGN 

ORIGINALLY DESCRIBED BY LAUN AND MUNSTEDT. 

A review of designs and performances of elongational 

rheometers described in the literature indicated that a 

single rotary clamp 

development of an small 

type device was best suited for the 

scale instrument . Based on this 

design, an elongational instrument was assembled which allows 

for testing samples as small as 0.5 grams at constant Hencky 

strain rates. In contrast to commercial instruments 

currently available, this design allows for Hencky strains 

exceeding 3 with the final sample strain only limited by the 

performance of the test material. Strain rates between 0.002 

and 5.5 sec-1 inclusive are obtainable. The isolation of the 

force measuring device from the rotary clamp allows for 

sensitive and accurate tensile force measurement down to 

2xl0-4 Newtons. Sample temperature can be controlled to 

within -0.2 Cup to 180 C. 
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1.4.2 THE REPRODUCIBILTY AND ACCURACY OF THE ELONGATIONAL 

RHEOMETER WAS EVALUATED AND FOUND TO BE SUPERIOR . 

Reproducibility and accuracy of the single rotary clamp 

elongational viscometer were determined through the testing 

of a conventional low density polyethylene. Reproducibility 

of measurement was ensured by adequate control of rotary 

clamp nip pressure . At excessive nip pressures the squeezing 

deformation of the sample in the rotary clamps caused the 

sample to elongate at rates less than calculated based on 

clamp rotation speed. Because clamp rotational speed is used 

to calculate sample viscosity, this caused an error in 

measurement. A clamping force could always be found such 

that the squeezing deformation of the sample was prevented 

but still allowing for a clean deformation program without 

sample/roll slippage. The accuracy of measurement was judged 

to be superior as evaluated through application of Trouton's 

rule in comparison to shear stress growth measurements. On 

comparing the performance of the single rotary clamp 

instrument to the state of the art commercial instrument 

(Rheometrics Elongational Rheometer), minor discrepancies 

were found in the nonlinear strain hardening regime seen at 

high strains . The end effects postulated to cause the 

discrepancy would suggest that the single rotary clamp design 

yields the more reliable results. 
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1.4.3 SHEAR MODIFICATION WAS DEMONSTRATED TO AFFECT THE 

RHEOLOGICAL RESPONSE OF A LINEAR POLYETHYLENE IN BOTH SHEAR 

AND ELONGATION. 

The effects of shear modification of the commercial 

grade linear polyethylene was seen to reduce both the 

elongational viscosity and the linear viscoelastic response 

in dynamic shear at 160 C. The effects of shear modification 

were discussed in terms of the reduction of entanglement 

density of the polymer molecules. In particular, the 

entanglement structure 

range and long range 

could be divided up between short 

network structures . The shear 

modification was speculated to preferentially affect the 

short range entanglement structure. Entanglement densities 

of the linear polyethylene could be partially recovered by 

precipitation of the material from a 3% trimethyl benzene 

solution as measured by the concomitant increases in 

elongational and dynamic shear viscosities . The crossover 

modulus from dynamic shear measurements was the most 

sensitive rheological parameter found to entanglement 

density. Although shear modification has been previously 

shown to effect the elongational properties of low density 

polyethylene (see review in section 1 . 1.4), the work reported 

here documents the first evidence of elongational flow 

sensitivity to shear modification in linear polymers. 
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1. 4.4 TRANSIENT ELONGATIONAL 

ELONGATIONAL RATES IS MORE SENSITIVE 

VISCOSITY AT CONSTANT 

TO THE PRESENCE OF A 

HIGH MOLECULAR WEIGHT TAIL IN A MOLECULAR WEIGHT DISTRIBUTION 

THAN A DYNAMIC SHEAR MEASUREMENT. 

The ultimate viscosity from a stress growth experiment 

in elongation at constant strain rate was more sensitive to 

the presence of a high molecular weight tail in a linear 

polyethylene than the linear viscoelastic parameters taken 

from a dynamic shear experiment. In particular, the two 

stage growth of elongational viscosity involving strain 

hardening behavior was thought to be correlated with the 

presence of two levels of network junctions. Short range 

network junctions which dominated short time and low 

deformation response dictate behavior in the linear range 

where Trouton ' s rule is valid. Long range network junction 

dominates the long time and high strain deformation response 

in the strain hardening regime where viscosity deviates from 

Trouton's rule . It was supposed that the long range network 

junctions connected high molecular weight species. In 

partial proof, the addition of a high molecular weight 

component to a broad distribution polyethylene was found to 

preferentially influence the strain hardening regime of the 

transient elongational viscosity profile. Elongation flow 

measurements were demonstrated to be more sensitive to the 

high molecular weight tail than either the crossover modulus 
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or viscosity from dynamic shear experiments. 



1.5.0 RECOMMENDATIONS FOR FUTURE WORK 

1.5.1 IT IS PROPOSED TO EXTEND THE STUDY OF SHEAR 

MODIFICATION OF LINEAR POLYETHYLENES IN ORDER TO INVESTIGATE 

THE INFLUENCE OF THE SEVERITY AND NATURE OF THE MECHANICAL 

TREATMENT ON ENTANGLEMENT DENSITY AS REVEALED BY RHEOLOGICAL 

BEHAVIOR. 

Since both dynamic shear and elongational viscosity were 

proven sensitive to the level and nature of entanglement 

density as affected by shear modification, it is recommended 

that a more detailed study be undertaken. In particular, it 

is proposed that the mechanical treatment of the linear 

polyethylenes be varied in terms of several variables 

envisioned to be pertinent to the disentanglement phenomenon. 

For example, the extent of shear modification should be 

imposed under known conditions of shear rate, temperature of 

shear, and time of shearing. More recent studies (6) 

indicate that elongational flow is a more effective 

mechanical treatment than shearing flow in disentangling low 

density polyethylenes . Thus, it is further recommended that 

elongational flows be similarly studied in its effects on the 

subsequent rheological response of linear polyethylenes. It 

was suggested earlier that the mechanical treatment during 

the pelletizing affected the short range entanglement 

structure of linear polyethylenes more than the long range 
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entanglement structure. It 

the extent or nature of the 

113 

might be interesting to see if 

mechanical treatment (shear vs. 

elongation) affects this observation as determined by strain 

hardening in elongational flows. 



1.5.2 SUBSEQUENT TO THE RECOMMENDED MECHANICAL TREATMENTS OF 

LINEAR POLYETHYLENES, IT IS PROPOSED THAT A STUDY BE 

UNDERTAKEN TO DETERMINE THE EFFECTS OF POLYMER CONCENTRATION 

IN SOLUTION UPON THE ENTANGLEMENT RECOVERY. 

As discussed in the text, it is well understood that the 

extent of molecular overlap and , therefore, molecular 

entanglement in solution is strongly dependent upon polymer 

concentration. Thus, it may be expected that the level of 

entanglement recovery during solution treatment would be a 

strong function of polymer concentration. It is recommended 

to study the influence of polymer concentration upon the 

solution treatment of shear modified linear polyethylenes 

with a special view towards correlating the elongational 

strain hardening response with the melt structure model 

proposed involving short range and long range entanglement 

networks . It may be reasonable to expect that the relative 

contributions to short range and long range entanglement 

densities could be varied by proper solution treatment and 

this may well reflect in the strain hardening characteristics 

in elongational flow. Minimum molecular overlap may be 

obtained by quickly precipitating the polyethylenes from very 

low concentration solutions. At the other extreme, high 

molecular overlap 

polyethylenes from 

solvent slowly at 

may be obtained by solution casting 

concentrated solutions and removing 

elevated temperatures (above the 
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crystallization melting point). This latter technique could 

be considered to yield the highest obtainable entanglement 

density in the polyethylenes. These solution cast samples 

would serve as a baseline example for comparison with other 

solution treated samples and shear modified samples. 



1.5.3 FURTHER STUDIES INTO THE EFFECTS OF MOLECULAR WEIGHT 

DISTRIBUTION UPON THE ELONGATIONAL FLOW OF LINEAR 

POLYETHYLENES ARE SUGGESTED IN ORDER PURSUE THE CORRELATION 

BETWEEN LONG RANGE ENTANGLEMENT NETWORKS AND STRAIN HARDENING 

STRESS GROWTH. 

The molecular model proposed in order to explain the two 

stage stress growth in elongation of the linear polyethylenes 

tested entails a melt structure with short range and long 

range molecular entanglement networks . The presence of a 

high molecular weight tail in the molecular weight 

distribution was shown to enhance the strain hardening 

response in the nonlinear region of the transient 

elongational viscosity. It was suggested that this effect 

was due to the intensification of the long range entanglement 

network by the higher concentration of high molecular weight 

species. Yet, previously reported results (83,145) indicate 

that if this high molecular weight component is not discreet 

from the bulk molecular weight distribution, as in a tail or 

secondary peak, the elongational stress growth does not show 

the two stage stress characteristic . It is, therefore, 

suggested that a series of polyethylenes samples be blended 

in such a fashion that these effects can be quantified. 

Samples which range in the extremes of molecular weight 

distribution from strongly bimodal to typically broad without 

high molecular weight tails might be studied. A correlation 
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between the strain hardening behavior and the nature of the 

molecular weight distribution is sought. As was suggested in 

the text, the two stage stress growth in elongation may 

degenerate into a monotonically increasing viscosity as the 

population of entanglements intermediate between short and 

long range types increases . 



1.5.4 SEVERAL IMPROVEMENTS TO THE ELONGATIONAL RHEOMETER 

SHOULD SERVE TO ENHANCE ITS PERFORMANCE IN THE MEASUREMENT OF 

CONSTANT STRAIN RATE ELONGATIONAL FLOW AS WELL AS EXTEND THE 

UTILITY TO INCLUDE THE MEASUREMENT OF CONSTANT STRESS 

RHEOLOGY. 

The one outstanding improvement that would be useful for 

the utility of the instrument in future work would be an 

independent measure of strain and strain rate. This may be 

implemented through the 

encoder on the driven 

installation of 

roll assembly. 

a rotary optical 

The 

correlate the strain measured at the rotary clamp 

ability to 

with local 

sample deformation is also advised to ensure uniform sample 

elongation. · This may be done best by installing a video 

camera to record the deformation of the sample for the full 

duration of the experiment. 

to the undeformed sample 

By scaling the play back image 

image, the homogeneity of the 

deformation may be quantified. Future modifications are also 

envisioned for the measurement of melt creep flow in 

elongation. By devising a feed back loop to control roller 

speed, a constant stress elongation experiment may be run. 

The control loop would measure force from the load cell and 

strain from the proposed optical encoder to calculate the 

instantaneous stress from which the roller speed would be 

trimmed to maintain the set point stress . Note, it has been 

recently shown for low strain rates that steady state 
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viscosity can be reached at much lower strains in a creep 

experiment than in a constant strain rate experiments. 



1.6.0 APPENDIX: DESCRIPTION OF LVDT AMPLIFIER CIRCUIT 

As pointed out in the main text of this chapter, Riley 

Chan in the Electronics Shop of the Chemical Engineering 
-

Dept. at Virginia Tech designed and built an amplifier 

circuit for the LVDT of the elongational rheometer. The 

circuit provides a direct voltage directly proportional to 

the sensed displacement of the LVDT core . This direct 

voltage is, in turn, proportional to the force exerted on the 

sample during an elongational flow experiment by virtue of 

the connection of the LVDT core to the leaf spring assembly 

which was described in the text. 

A block diagram of the circuit is provided in Fig. 1.21. 

The circuit is based on a Signetics NE5520 signal 

conditioning integrated circuit specifically designed for use 

with LVDTs. This chip includes a sine wave oscillator with 

programmable frequency to drive the primary coil of the LVDT . 

A synchronous demodulator is also provided in the chip to 

convert the LVDT output amplitude and phase from the 

secondary coils to position information. 

The demodulated output signal from NE5520 is further 

amplified by the operational amplifier IC-B to give a signal 

which can be shifted by a ten-turn potentiometer. In effect, 

this provides a 5 DC volt output over the rated transducer 

displacement (0.25 mm . ). The ten-turn potentiometer provides 

the capability of zeroing the output signal at LVDT 

120 



121 

positionings away from the mechanical null point . 

The low impedence of the LVDT employed in this 

instrument required the 

between NE5520 and the 

less signal 

transformer. 

loss than 

use of a power buffer amplifier 

LVDT primary coils. This provides 

a simple step-down matching 

Both mechanical null point and displacement direction of 

the LVDT core are displayed by three LEDs. A series of very 

high gain saturable amplifiers, abbreviated in the block 

diagram by IC-C, condition the output of NE5520 to provide 

the directional and null information. One of two red LEDs 

are lighted when the LVDT core is displaced from the 

mechanical null with the directionality indicated by the 

selective illumination of one of the two red LEDs. Only the 

green LED is lighted at mechanical null. 



NE5520 

IC-A 
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directional 
red led 

IC-C 

~null I green led 

OUTPUT 
5Vmax 

ELECTRICAL ZERO TRIM 

--------TO LEAF SPRING 
.__ ____ __..:,..,...,""'---~"""--~ ASSEMBLY 

LVDT 

Figure 1.21. Block diagram of linear variable differential 
transformer (LVDT) amplifier circuit. 
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2.0 SPHERULITIC STRUCTURES AND SPHERULITE DEFORMATION 

MECHANISMS AS REVEALED BY SCANNING ELECTRON MICROSCOPY 

2.1.0 INTRODUCTION 

The spherulite-to-microfibrillar transformation is the 

typical morphological texture change brought about in semi-

crystalline polymers by drawing. The understanding of the 

associated morphological and molecular effects during the 

plastic deformation is a necessary prerequisite for 

understanding the mechanical and other physical properties of 

drawn semi-crystalline polymers. Based to a large extent on 

the uniaxial deformation of polyethylene, several specific 

mechanisms have been proposed (1 - 8). While the exact 

mechanism(s) are as yet unknown, much information does exist 

regarding this morphological transformation. In addition, it 

has been well documented that the mechanisms of deformation 

are highly influenced by the fine structure of the undeformed 

spherulitic morphology (8). Thus, a unique investigation of 

spherulitic structure and ensuing spherulitic deformation was 

undertaken. A copolyester, based on glycolic and lactic 

acid, as supplied by Ethicon Incorporated, was used to 
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This material was viewed 

investigations. 

material combined 

allowed for the· 

The slow 

with a 

generation 

large spherulites embedded 
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spherulitic textures for study. 

as a model system for the 

crystallization habits of the 

low primary nucleation density 

of thin films with relatively 

in a matrix of surrounding 

unconverted melt. As will be demonstrated, the resulting two 

dimensional spherulites crystallized from an isothermal 

supercooled melt greatly facilitate the morphological 

investigations of the undeformed spherulitic structures, as 

well as their transformation to a microf ibrillar texture upon 

uniaxial deformation . Quenching these films from isothermal 

crystallization 

crystallization 

vitrified the 

temperatures 

well before 

surrounding 

to room temperature terminated 

spherulite impingement and 

material into a glassy state at 

room temperature . Typical of many amorphous polymers below 

the glass transition, the resulting films, which were largely 

uncrystallized, showed classic cold-drawing characteristics 

with yield behavior and neck formation. In this way, the 

influence of mechanical necking behavior on isolated large 

spherulites could be studied, imitating closely some of the 

aspects of polyethylene deformation characteristics (in 

particular, plastic instability) which are known to lead to 

the spherulite- to-microfibrillar transformation . It has been 

pointed out previously that because of mutual contacts 

between adjacent spherulites in typical semicrystalline 
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polymers, such as polyethylene, that the deformation behavior 

of an individual spherulite may be affected by its mechanical 

interactions with neighboring spherulites (9). In point of 

fact, this study does away with interspherulitic interaction 

since spherulites are typically separated from one another by 

distances of approximately ten spherulite diameters. The 

system is considered to be particularly well suited for 

morphological investigations due to the development of a very 

effective chemical etching technique for the enhancement of 

crystalline textures as revealed in scanning electron 

microscopy techniques. 

copolyester of choice offered 

the direct observations of 

uniaxial deformation. 

Thus, for many reasons, the 

some unique opportunities for 

spherulitic textures and their 

A review of some of the salient features of spherulitic 

structure, uniaxial deformation mechanisms of spherulites, 

and chemical etching techniques for the elucidation of 

crystalline morphologies will pref ace the discussion of the 

aforementioned study. The established fundamentals of 

spherulitic textures and their growth mechanisms will provide 

a basis for the interpretation of the scanning electron 

micrographs of the undeformed semicrystalline texture 

(spherulites) in the copolyester of study. In fact, it will 

be shown that the revealed structures are consistent with the 

general aspects of spherulite morphology and growth 

mechanisms as reviewed. In effect, this correlation confirms 
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that the particular chemical etch developed to facilitate the 

scanning electron microscopy study is a reliable technique 

for the enhancement of crystalline textures in this 

semicrystalline copolyester. The clear characterization of 

the undeformed spherulitic structures establishes a predicate 

upon which the deformation structures can be interpreted. 

The study culminates in the extension of the etch technique 

for the enhancement of textures in uniaxially deformed 

spherulites. Several models of the spherulite-to-

microf ibrillar morphological transformation are discussed 

with a view toward the interpretation of the scanning 

electron micrographs of cold drawn isolated spherulites. The 

principles behind the development of the etch technique, 

which was intrinsic to the success of this study, are 

discussed in a cursory review of schemes previously developed 

for the investigation of crystalline morphologies using 

electron microscopy techniques. 



2.1.1 MORPHOLOGY OF MELT CRYSTALLIZED POLYMERS 

Prior to deformation, typical melt crystallized polymers 

are a composite of chain folded lamella crystallites and 

interstitial amorphous material . These lamella are very thin 

in the chain direction, on the order of a few hundred 

angstroms (10). As a consequence, an individual molecule, 

which is very much longer than the thickness of a lamella, is 

known to fold back through the thin dimension of the 

crystallite a great many times leaving chain folds as well as 

free chain ends on both lateral surfaces of the lamella (10). 

In addition, short segments of the polymer molecule may 

connect two adjacent lamella crystals by virtue of the fact 

that a molecule may chain fold in more than one lamella. On 

a slightly larger scale, the semicrystalline superstructure 

often takes on a local spherical symmetry to form a 

morphological entity called a spherulite. Polymers 

crystallized from the melt most commonly form spherulites. 

Exceptions to this pref erred morphology are well documented 

to occur for extremes of low molecular weight and high 

supercooling leading to superstructures most commonly known 

as hedrites or axialites (10). Thus, the morphology of melt 

crystallized polymers is predominantly concerned with the 

determination of the fine structure of spherulites and the 

mechanism of their growth. 

The spherulite symmetry is produced by bundles of 
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lamellae radiating out from the center of the spherulite in 

all directions. Through dendritic-like, noncrystallographic 

branching, these lamellar bundles (more commonly known as 

spherulitic fibrils) are uniformly space filling throughout 

the radiating aggregate . In fact, spherulitic structure is 

reminiscent of its growth mechanism as crystallization is 

known to proceed from a supercooled melt (11). This mode of 

crystallization is thought to be specific to impure melts of 

high viscosity (11). These observations form the basis of 

the theory of spherulitic crystallization as first put forth 

by Keith and Padden (12,13) and outlined in section 1.1.2. 

As a precursor to the discussion of this growth mechanism, 

some general observations of spherulitic fine structure are 

summarized below. 



2.1.1.1 BASIC MORPHOLOGICAL CHARACTERISTICS OF SPHERULITES 

Extensive reviews (10,14-17) are available which 

describe, in detail, the experimental observations of 

spherulitic structures in polymeric systems. The cursory 

discussion in this section is aimed at familiarizing the 

reader with the basic fundamentals of spherulitic texture 

that have been gleaned from the investigative techniques of 

optical microscopy, microbeam X-ray diffraction studies, 

electron microscopy, small angle X-ray scattering and most 

recently, small angle neutron scattering. The majority of 

this work has dealt with constructing a morphological model 

that is consistent with both the occurrence of the radiating 

fibrillar habit of spherulites and the chain folded nature of 

polymer lamellar crystals which are now known to be the 

fundamental building blocks of most crystalline polymers. 

Polarized light optical microscopy was the dominant 

method for characterizing crystalline polymer morphology 

until the 1950s (18). Most observations reported were made 

on spherulites grown in thin films (either solution cast or 

melt recrystallized) facilitating the observations in this 

transmitted light technique. It was tacitly assumed that the 

two dimensional spherulites had the same structure 

characteristics as would be expected from the observation of 

thin cross sections of three dimensional spherulites 

intrinsic to bulk crystallized polymers. With the advent of 
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the electron microscope, this was later shown to be an 

accurate assumption (19) . A great deal has been learned 

about the grosser features of spherulitic structure from 

optical microscopy, and when coupled with the finer textures 

revealed by electron microscopy, a unified picture of how 

lamellae participate in the fibrillar nature of spherulites 

has been presented (10,14,15,41) . The primary emphasis in 

the early optical microscopy was placed on defining the size, 

fibrillar texture, birefringence, and optical character of 

spherulites (10,17). 

It is generally known that the size of the spherulite 

grown from the melt is dependent on the crystallization 

temperature (degree of supercooling). Generally, the higher 

the supercooling the greater the number of spherulites 

nucleated per unit volume and, thus, the smaller the ultimate 

diameter at spherulite impingement. Although under 

appropriate circumstances, spherulites as large as several 

millimeters in diameter have been grown, they are usually on 

the order of 50 microns or less in diameter. 

Under special circumstances, the observation of the 

fibrous texture in polymeric spherulites via optical 

microscopy has been documented (20,21). At sufficiently 

small supercoolings and/or in the presence of a 

noncrystallizable component, the fibrous arms are often 

coarse and well separated. In other instances, including the 

majority of polymer spherulites, one finds more commonly that 
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the fibers are very fine and so densely packed that the 

presence of uncrystallized melt between them cannot be 

detected via optical microscopy. As early as 1959, Keith and 

Padden (20) inferred from indirect evidence that even these 

fine textured spherulites also consist initially of discrete 

fibrous crystals immersed in uncrystallized melt. This view 

was later substantiated by light scattering studies (22) and 

bulk crystallization kinetics (23). 

generality, Keith and Padden (11) 

formed, all polymeric spherulites 

Thus, with some 

suggest that, as first 

consist of radiating 

fibrils separated to a greater or lesser extent from one 

another by uncrystallized melt. 

The optical character of the spherulites is often 

determined in a birefringence measurement (24). The 

difference between the index of refraction in the radial 

direction and the average refractive index normal to the 

spherulite radius can, under favorable circumstances, lead to 

the determination of the average orientation of the polymer 

chain within the spherulite. For optically uniaxial polymers 

with the principal polarizability along the chain axis, a 

negatively birefringent spherulite is typical and indicative 

of a tangential molecular orientation. Thus, the radius of a 

spherulite is almost without exception perpendicular to the 

average orientation of the chain axis (10). For example, in 

the classic work by Bunn and Alcock (25), polyethylene 

spherulites were determined to be negatively birefringent. 
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It was not until the discovery of chain folding and 

lamellar textures that the tangential molecular orientation 

could be reconciled with the radial fibrillar texture in the 

spherulite (10). Electron microscopy indicated that these 

radial fibrillar structures in polymeric spherulites are, in 

fact, comprised of chain folded lamellae and/or stacks of 

long lamellae. The fold direction in these lamellae, as 

investigated principally in polyethylene with electron 

diffraction techniques in conjunction with electron 

microscopy, was determined to be normal to the principal axis 

of the fibrils. This morphological model suggests the 

tangential orientation of the macromolecules in the 

spherulite (26). The radial entities that Keith and Padden 

originally called fibrils are, in fact, lamellar aggregates. 

The radiating f ibrillar texture will occasionally be referred 

to as lamellar bundles. The use of this synonym should serve 

to obviate any confusion with the term microfibrils used in 

the context of the deformation studies in forthcoming 

discussions. 

Another important feature of polarized optical 

microscopy is the characterization of spherulitic extinction 

patterns. When spherulitic films of optically anisotropic 

polymers are placed between crossed polarizers of an optical 

microscope, certain characteristic features are observed. 

Historically, these extinction patterns have had an important 

bearing on the determination of the structures of spherulites 
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(27-30). The most common extinction pattern is often called a 

maltese cross pattern. A significant attribute of this 

pattern is that as the spherulitic film specimen is rotated 

on the optical axis of the scope, the pattern remains fixed 

in orientation. This was the first confirmation of the 

spherical symmetry of the molecular structure of spherulites 

(27). In some cases, polymeric spherulites exhibit 

extinction patterns which are more complex than those 

associated with the maltese cross pattern. Keller (29) and 

Point (30) were the first to suggest that these complex 

extinction patterns were caused by a periodic variation of 

the constituent birefringent structural units along the 

spherulite radius. Several authors (31-33) subsequently 

demonstrated, by a one to one comparison of electron 

micrographs with the optical micrographs of similar 

spherulites, that the optical axis of the crystal rotates 

about the radius in progressing from the center of the 

spherulite radially outward, giving rise to the complex 

extinction patterns. Specifically, the larnellar bundles 

twist along their axis as they grow radially, often in phase 

with their neighboring lamellar bundles. The cooperative 

twisting of lamella bundles has been extensively studied, 

however, its origin remains as one of the unsolved problems 

of polymer morphology. Various mechanisms have been proposed 

to explain this twist but it is fair to say that none of them 

can account convincingly for the experimental findings 
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(32,33). 

Many researchers have used the microbeam X-ray technique 

in the study of spherulitic structure (26,34-36). Typically, 

a very fine and well collimated beam is used to illuminate a 

small, carefully selected portion along a spherulite radius. 

As with optical techniques, a thin diametral section of a 

spherulite is the sample of choice. Molecular orientation of 

the crystalline phase with respect to the spherulite radius 

is then characterized from the resulting diffraction pattern. 

The crystalline unit cell orientation is such that the 

molecular chains in the lamellae folds are usually normal to 

the radial direction. Some exceptions are known to exist; 

notably, some polypropylene spherulites show the chain axis 

to make an angle of 60 degrees to the radial direction. More 

generally, it is found that a particular crystallographic 

direction is uniquely parallel to the radius. The classic 

example is again polyethylene in which the b crystallographic 

axis is parallel to the spherulite radius (26). Thus, the X-

ray microbeam analysis confirms the common but not absolute 

tangential chain axis orientation also observed in optical 

microscopy. 

In addition to direct observation of lamellar structure 

by electron microscopy 

scattering techniques have 

lamellar structure in melt 

techniques, small angle X-ray 

offered strong evidence for 

crystallized polymer spherulites 

(14,37-40). The Bragg "d spacing" typically acquired from 
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this measurement is not a direct measure of lamella 

thickness, however, the "d spacing" has been shown to change 

in parallel to crystallization temperature (37). As the 

crystallization supercooling is decreased, the lamellar 

thickness determined from small angle X-ray scattering has 

increased in direct analogy to solution single crystal 

behavior (14). Experimentally determined "d-spacing" also 

confirms lamella thickness on the order of several hundred 

angstroms which is usually considerably thinner than the 

length of their constituent molecules. As discussed earlier, 

this is consistent with the incidence of chain folding (40). 

The precise molecular arrangement in semicrystalline 

polymers is currently under study principally through the use 

of small angle neutron scattering (9,10). It is generally 

accepted that the molecular conformation, typically expressed 

in terms of the radius of gyration, is very close to those of 

the molecules in the melt state. This has been rationalized 

in terms of the accepted crystalline morphology of regular 

folds in lamella by a model which advocates a molecule 

participating in 

lamella crystals. 

two or three adjacent folds in two or more 

Chain folds as well as free chain ends and 

tie molecules are noncrystallographic and, thus, constitute 

two restrained amorphous surface layers on each lamella. 

These surf ace layers are responsible for a large fraction of 

the density reduction of the bulk polymer solid below that of 

the ideal crystal. 
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In summary, a number of techniques for the investigation 

of spherulite morphology have been reviewed. Although no 

attempt was made for an exhaustive critique, the following 

description of the typical polymeric melt crystallized 

spherulite is consistent with the reviewed results and 

current technology. Each spherulite is made up of thin 

lamellar crystallites which are relatively long and narrow. 

These lathlike lamellae are organized into long thin fibrils 

or lamellar bundles which radiate from the center of a 

spherulite in a dendritic-like, noncrystallographic branching 

scheme. The long axis of the fibril is roughly parallel to 

the radial direction. This dictates that the fold surfaces of 

the lamella are parallel to the spherulite radius and the 

overall orientation of the molecular chains is perpendicular 

to the spherulite radius. 

oscillating of lamellae 

Cooperative periodic twisting or 

about the radial axis has been 

observed in many spherulitic samples, however, this is the 

exception rather than the rule. The spherical symmetry of 

the spherulite, as well as the space filling characteristics 

of the lamellar bundles, require that all lamellae cannot be 

in exact crystallographic registry. Note that one 

crystallographic axis is typically oriented preferentially 

along the radius. Interstitial to the lamellae as well as to 

the lamellar bundles is an amorphous phase that requires that 

the spherulite is semicrystalline in nature. 



2.1.1.2 MECHANISM OF SPHERULITE GROWTH 

In 1961, at the Meeting of the American Physical 

Society, Keith and Padden presented a paper entitled "A 

Phenomenological Theory of Spherulite Crystallization" (11). 

The theory of spherulite evolution, as presented, has stood 

the test of time in that the mechanisms described some twenty 

five years ago still accounts satisfactorily for the main 

features of spherulitic morphology in both polymeric and 

nonpolymeric systems (12,13). Most recently, the theory has 

come into some contention regarding the requirement of 

impurities for the occurrence of spherulite crystallization. 

In addition, the theory does not specifically take into 

account that feature of polymer spherulites which is 

specifically polymeric, namely, the existence of a lamellar 

habit. However, despite these shortcomings the theory stands 

as the most self-consistent mechanism of spherulite formation 

available . In this light, a brief review of spherulite 

formation, as promoted by Keith and Padden (11-13), will be 

briefly discussed. 

With a comprehensive review of the formation of 

spherulitic textures in minerals, organic compounds, 

inorganic salts, and high polymers Keith and Padden arrive at 

the conclusion that two observations form the common 

denominator to the pattern of development of spherulitic 

textures. First, conditions must be such as to favor the 
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formation of crystals with a fibrous habit. Secondly, the 

fibers so formed must be capable of noncrystallographic small 

angle branching. When both these conditions are met, 

geometrical considerations alone ensure the growth of 

polycrystalline aggregates with more or less spherical 

symmetry. 

The occurrence of these two phenomena in polymeric 

materials is attributed to two inherent characteristics of 

supercooled polymer melts. Both high melt viscosities and 

relatively impure melts are stipulated to be necessary for 

the formation of the fibrous crystal habit. In high 

polymers, operative impurities are considered to be molecules 

of low molecular weight, a tactic stereochemical 

contamination, or branched macromolecules. Low molecular 

weight species may be rejected from participating in 

crystallization by fractionation. Structural incompatibility 

would prevent a tactic and branched components from 

participating in the crystallization process. 

In spherulitic crystallization, the rejection of these 

impurities at the growth front is postulated to form an 

impurity rich layer of thickness,~, at the interface between 

the growing spherulite and the as yet uncrystallized melt. A 

modest increase in impurity content (a few percent) reduces 

the growth rate appreciably at any given crystallization 

temperature equivalent to a reduction in supercooling of at 

least several degrees Centigrade (11). Thus, the development 
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of a steady-state impurity thickness, ~ leads to a local 

constitutional undercooling at the spherulite growth front. 

Keith and Padden go on to examine the stability of the 

spherical interface with respect to small fluctuations in 

profile . Under these conditions a perturbation in the growth 

front will be stable and self propagating because the 

resulting protuberance (incipient fibril) will reach beyond 

the layer thickness, & into impurity free melt and 

experience an associated increase in growth rate. 

A fibrous habit is considered to be maintained by 

redistribution of rejected impurities at the growth front via 

diffusion mechanisms. A steady state condition is set up 

whereby the tips of the growing stable fibrils abstract 

relatively pure material from the melt and at the same time 

reject accumulating impurities to regions between fibrils 

through a mechanism of short range diffusion. This, in turn, 

causes the retardation of fibril lateral growth. Thus, the 

influx of impurities at increasing spherulite diameter is 

accommodated by a redistribution of the impurity to 

interfibrillar regions. This leads to a time invariant outer 

layer thickness of & . The relative rates of diffusion and 

growth rate thus determines the thickness of this outer layer 

as well as the width of the fibrils. Keith and Padden 

suggest that ~ is related to the ratio of the diffusion 

coefficient ,D, and growth rate, G, as ~=D/G. 

It is well known that the growth rates of spherulites at 
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constant supercoolings is determined by nucleation phenomena 

and not by diffusion mechanisms as indicated by the linear 

dependence of spherulite radius on time under isothermal 

conditions (41). If, in fact, the crystallization was 

diffusion limited, then the radius of the spherulite would 

increase with the square root of crystallization time. Keith 

and Padden comment that the nature of ~ is such that the 

proposed mechanism does not have a controlling influence on 

crystallization rates but that the influence on morphology is 

still withstanding. It may be argued that under the 

previously described steady state mechanism, the continuous 

increasing accumulation of impurities at the surf ace of the 

spherulite is obviated by the deposit of impurities between 

fibrils. If this mechanism holds and the thickness, b ' 
reaches a steady state value early in the growth of the 

spherulite, then a linear growth rate would be expected. In 

other words, in order to see the spherulite radius increase 

with the square root of time (instead of linearly with time), 

the thickness of impurities at the surface of the spherulite 

must increase with time. The significant point is that 

because the growth rates are large relative to diffusional 

mobility, segregating impurities diffuse along the interface 

over small distances only. There is no concentration 

gradient further from the surface of the spherulite than the 

characteristic distance, 6 In fact, the low diffusion 

rates force the deposition of impurities to interfibrillar 
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regions which, in turn, causes the increase in f ibrillar 

surf ace area that would otherwise be energetically 

unfavorable. 

The ratio of D/G is predicted to be quite small. The 

large viscosities and correspondingly low values of D in 

spherulite-forming polymeric melts bring values of & below 

10-3 cm. as an upper limit, and generally into the micron and 

submicron range. Keith and Padden confirm that the fibrils 

found in spherulites have dimensions which do indeed fall in 

this range. In addition, variations in the coarseness of 

texture which were brought about by either changes in 

composition of the melt (increased impurity levels) or by 

changes in the temperature of crystallization correlate 

extremely well with the corresponding changes in & (12,13). 

It has already been stated that the impurity layer 

causes constitutional undercooling at the spherulitic growth 

front. The acute thinness of this layer in polymeric systems 

dictates that the gradient of undercooling in the impurity 

rich layer is accordingly quite steep. This, in fact, 

renders the surf ace of growing polymeric spherulites 

extremely unstable compared to other spherulitic forming 

materials. Thus, even very small projections reach out into 

regions of greater supercooling and develop into stable 

fibrils. The growth front of an advancing spherulite then 

can be considered as a series of fibrils or lamellar bundles 

each with a width commensurate with the critical ratiob=D/G. 
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The material excluded from crystallization is deposited 

between these fibrils. As previously stated, this material 

either will not crystallize or can crystallize at rates 

substantially slower than the rates experienced at the fibril 

growth tip. This slower crystallization of interstitial 

material is viewed, in this theory, as the primary source of 

secondary crystallization. It should be noted that secondary 

crystallization, in a broader sense, may also entail a 

perfection of existing crystallites. 

Keith and Padden extend the theory to describe the 

phenomenon of noncrystallographic branching. The small angle 

branchings are considered to originate from surf ace nuclei 

misaligned with respect to the spherulite radius. The 

disorder inherent to most crystal phases is postulated to 

give rise to surface singularities which are necessarily just 

slightly out of crystallographic registry. These 

singularities will continue to grow only if their size is 

commensurate with the prevailing value of b Moreover, 

since the probability of obtaining a stable singularity 

increases as 6 decreases, the incidence of small angle 

branching is considered to increase with decreasing values of 

~ · Thus, as a radiating pattern is established, fibrils 

tend to diverge from one another . At first consideration, 

this would lead to a coarser structure (wide separations 

between fibrils). This is, in fact, not the case as the 

dimension of the fibrils is limited by and additional 
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crystallographic branching leads to additional volume filling 

fibrils. Keith and Padden speculate that in many cases there 

are probably more potential branching possibilities than can 

possibly come to fruition. Only those incipient branches 

which find room among its neighbors are allowed to persist. 

Thus, it is the mechanism of small angle branching that leads 

to the volume filling nature of the lamellar bundles in 

polymeric spherulites. 

In summary, the theory proposed by Keith and Padden to 

explain the occurrence of spherulites in melt crystallized 

polymers hinges on the presence of some type of melt impurity 

with inherently low diffusional characteristics. The 

development of a very thin impurity rich layer at the 

interface between the spherulite and the uncrystallized melt 

leads to a severe gradient of constitutional undercooling at 

the surface. This destabilizes the crystallization at the 

spherulite surface and fosters the development of fibril 

growth, segregation of impurities to interfibrillar regions, 

and the mechanism of low angle branching of spherulitic 

fibrils. The size of the fibrils and the frequency of the 

branching depend on a single parameter, ~ , defined as the 

ratio of impurity diffusion to spherulitic growth rate. 

Keith and Padden (12,13), in a thorough and extensive set of 

experimental conditions, have investigated the effects of 

changing the value of ~ upon the fine texture in melt 

crystallized spherulites . As is decreased through 
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appropriate experimental conditions, Keith and Padden have 

shown that the texture of the spherulite becomes finer . In 

other words, the spherulites were composed of narrower and 

more densely packed fibrils. Conversely, as the experimental 

conditions were changed to affect the other extreme in ~ the 

spherulites were shown to become coarser so that the 

spherulite was composed of broader, more loosely packed 

fibrils. This set of experiments stands as a classic 

demonstration of the validity of the mechanism of spherulite 

growth as proposed by Keith and Padden (11-13) . 



2.1.1.3 INTERCRYSTALLINE LINKS 

At this point, it should be clear that the morphology 

that results from the crystallization of polymer melts under 

ordinary circumstances is spherulitic in nature. Further, 

the spherulites are made up of chain folded lamellar single 

crystals organized into long thin bundles or fibrils which 

radiate outward from the spherulite center. Low angle 

branching of this f ibrillar habit is considered to lead to 

the volume filling characteristics of these fibrils. The 

material interstitial to these fibrils is primarily made up 

c1f amorphous or low crystallini ty impurities. 

Interpretation of the mechanical properties of 

spherulitic materials indicates that this model may be a 

~;light oversimplification ( 42, 43). Spheruli tic materials are 

often mechanically tough and can exhibit a great deal of 

plastic deformation when subjected to tensile stress. A 

spherulite which consists of lamellae or lamellar bundles 

connected only at their points of origin (sites of low angle 

branching) is necessarily inconsistent with this model. The 

ductile properties of melt crystallized high polymers and the 

morphological details of their plastic flow discussed in the 

j:ollowing sections cannot be explained solely in terms of Van 

der Waals forces, either between the lamellae or between the 

lamellar bundles and the intervening amorphous layer . In 

fact, molecular links between lamellae were assumed to be 
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the mechanical 

early as 1959 

response 

( 42). 

of melt 

Being 

microscopic in dimension and buried inaccessibly within the 

bulk polymer, these links have been difficult to confirm 

experimentally. The interpretation of recent small angle 

neutron scattering results is consistent with the presence of 

tie molecules (44,45). Most recently, the experimental 

techniques associated with small angle neutron scattering 

have been refined to measure the number of tie molecules per 

lamellar crystal independent of the current dispute 

surrounding adjacent reentry (46). 

However, even prior to this relatively sophisticated 

technique, more direct evidence for intercrystalline links or 

tie molecules was obtained by electron microscopy (47-52). 

Generally, the more direct microscopy evidence for the 

existence of tie molecules has come from two principal 

techniques. The first involves the addition of low molecular 

weight diluents to the crystallizing medium. The diluent is 

typically either washed or etched out afterward to reveal 

intercrystalline links as seen in their as formed condition 

directly under the electron microscope (47-49). Secondly, 

studies have been made of samples that have been deformed in 

order to open up the intercrystalline regions (50-52). 

Surf ace replication is used to examine the structures from 

this second class of experiments since the deformed samples 

were not amenable to direct electron microscopy 
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investigation. In spherulitic samples, 

links were observed between lamellae 

intercrystalline 

within the same 

spherulite as well as between adjacent lamellae in separate 

but impinging spherulites. From the references sighted in 

this brief review of intercrystalline links, it can be seen 

that Keith and Padden have also had a decisive hand in 

extending the morphological model of spherulites to account 

for their mechanical ductility. 



1.2 SPHERULITE-TO-MICROFIBRILLAR TRANSFORMATION 

The uniaxial deformation of spherulitic polyethylene has 

been extensively studied with 

morphological and structural 

particular emphasis on the 

changes that occur at larger 

draw ratios (1-8). As a consequence of the preference of 

previous authors for investigating spherulite deformations in 

polyethylene, the models developed for the spherulite-to-

microfibrillar transformation will be discussed with 

reference to polyethylene morphology. It is strongly belived 

that most of these spherulitic deformation mechanisms apply 

to other spherulitic polymers. 

Transformation from folded chain lamella to microfibrils 

has two consequences which are clearly shown macroscopically. 

First, elongation of the bulk semicrystalline materials is 

seen to be accompanied by the deformation of the constituent 

spherulites. The relationship between changes in external 

dimensions and those of the internal structure depend on 

experimental conditions. Observed macroscopic elongations 

can be associated with a variety of structural effects 

depending on specimen types and deformation modes. These can 

be divided into two catagories, uniform and nonuniform 

deformation. In the first case, all regions of a given 

spherulite extend simultaneously, the extension in different 

parts being in approximately constant proportion. In fact, 

the term uniform deformation is a misnomer since electron 

156 



microscopy of 

indicate the 

157 

these types of spherulitic deformations 

existence of many microcrazes uniformly 

distributed throughout the spherulitic texture (8). Since 

these microcrazes are very much smaller than the macroscopic 

neck, the illusion of uniform deformation is evident. In the 

second case, the spherulites, 

between them, yield in one 

elongation draws out fully 

or even sometimes the region 

part 

with 

only, which on further 

the rest of the original 

microstructure 

propagated, in 

growing at the 

remaining 

this second 

expense of 

unaltered. Deformation is 

case, by the elongated regions 

the undeformed regions. Many 

experimental observations are, in fact, intermediate between 

the two extreme cases with thin spherulitic films used in 

microscopy investigations tending toward nonuniform 

deformations and larger bulk deformations, with the 

occurrence of a macroscopic necking, tending toward affine 

deformation of spherulites. Possible distinction can be made 

in the comparison of the size of the yield neck with the size 

of the microstructure. Under the proper conditions of 

temperature and strain rates, polyethylenes of appropriate 

molecular weight can show draw ratios on the order of 10 or 

higher either locally as in nonuniform deformation or 

macroscopically as in the case of uniform deformation. The 

second macroscopic observation is that the resulting deformed 

material is fibrous in nature with high strength 

characteristics in the draw direction and weak in the 
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direction lateral to the draw axis with a propensity for 

splitting or fibrillation. 

The plastic deformation of ductile crystalline polymers 

during uniaxial drawing at a constant cross head speed occurs 

in three sequential stages. These stages of morphological 

transition have been extensively studied by direct electron 

microscopy of single crystals (53,54), thin spherulitic films 

(55,56) and bulk spherulitic samples (57-59). Together with 

data from mechanical (60-62), wide angle X-ray (63), small 

angle X-ray (64-67) and infra-red experiments (68), a 

detailed molecular model for cold-drawing crystalline 

polymers has been formulated based principally on studies in 

polyethylene (8). 

Stage (1): Pre-yield Plastic Deformation of the Lamellar 

Structure In Spherulites 

At the onset of uniaxial deformation, the continuous 

plastic deformation of the spherulitic structure up to the 

maximum stress at the yield point and prior to the formation 

of a neck in the bulk sample has been studied by many 

researchers (55,69-71). The mechanism involves shear, slip 

and rotation of stacked lamellae, phase transformation and 

twinning, and chain tilt and slip within individual lamella. 

In effect, the material is softened and prepared for stage 2 

of the morphological transition which converts the spherulite 

to into microfibrils. Note that during this first stage of 
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the deformation, the integrity of the spherulite as well as 

the constituent lamellar bundles and individual lamellae are 

maintained. 

Stage (2): The Spherulite-to-Microfibrillar Transformation in 

the Cold-Drawing Neck 

Microcracks or crazes are formed throughout the 

spherulitic texture which on a very local basis transforms 

lamellae into microfibrils. The micronecking occurs 

primarily in the macroscopic 

direction of draw through 

neck which propagates in the 

the strained bulk sample and 

transforms the original spherulitic texture into a fibrous 

material of high mechanical strength. Most of the 

spherulite-to-microfibrillar transformation which occurs on 

uniaxial deformation of semicrystalline polymers takes place 

in the necking zone where the sample exhibits a dilatant flow 

from the original cross section to a significantly smaller 

area. 

After being transformed into the fibrillar material, the 

lamella are reduced to about 100 A on a side and are 

organized into stacks along the draw axis to form 

microfibrils . These crystal blocks are stacked with their 

fold surf aces together so that nearly all chains and the C 

axis of the crystalline unit cell are oriented in the draw 

direction . The blocks are again held together along the 

microf ibril by tie molecules probably more numerous relative 
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to folded chains than are the tie molecules connecting 

lamella in the original spherulite (66,72). Such 

microf ibrils measuring a few thousand angstroms in width 

include the interlamellar ties of the original spherulitic 

structure as interf ibrillar tie molecules connecting adjacent 

microfibrils. The fold period of lamellae in microfibrils 

does not correspond to the fold period of the spherulitic 

lamellae, but rather, is determined solely by the temperature 

of the draw and tends to increase with increased draw 

temperature (73). 

Other structural aspects of the rnicrof ibrils are also 

determined by the temperature of the draw as elucidated by 

shrinkage effects (74). As an example, heating polyethylene 

previously drawn from a spherulitic morphology below 80 C 

results in shrinkage along the draw axis. This may indicate 

that some of the amorphous material is locked in place with 

an entropically unfavorable end to end distance. Material 

drawn at temperatures greater than 80 C leads to 

significantly reduced shrinkage suggesting that crystalline 

bridges instead of taut tie molecules connect adjacent folded 

chain lamellae along the draw axis. 

The concentration of microf ibrils in localized regions 

of draw called microcrazes also provides the conditions for a 

nearly adiabatic heating of the generated fibril (75). The 

mechanical energy of drawing is transformed into a localized 

heat generation. The resulting local temperature rise 
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imparts enough mobility to the chains in the crystal blocks 

that during subsequent cooling to drawing temperature, the 

long period becomes adjusted to this temperature. The more 

or less random distribution of destruction zones in the neck 

makes the transformation from 

microfibrillar structure appear, on 

be a gradual process in spite 

spherulitic texture to 

a macroscopic scale, to 

of the discontinuous 

transformation in the micronecks. In addition, the 

macroscopically observed adiabatic 

associated with the cold drawing 

heating in the neck, 

of plastically deformed 

semicrystalline materials, is the result of the necessarily 

higher temperature rise at the microneck (75). The locally 

generated heat is conducted away from the immediate 

deformation zone. This leads to an overall smaller 

temperature rise of the bulk sample because the thermal 

energy from the microneck is discounted over a larger thermal 

mass. 

Stage (3): The Homogeneous Deformation of the Microfibrillar 

Structure in the Post-neck Strain Hardening Regime 

The plastic deformation of the newly formed fiber 

structure typically proceeds without neck formation in the 

bulk sample through the longitudinal sliding of the 

microfibrils past one another. The deformation of this post 

neck structure has been also studied by Peterlin (76) and the 

mechanisms of deformation are thought to be dominated by tie 
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molecules between individual microfibrils (77). 

The remainder of this section is concerned with stage 2 

of the deformation process . In spite of the general 

classification outlined above, all three stages can be 

intermixed within the deformation neck to some extent. In the 

typical plastic deformation, the necking process results in 

material in which the transformation into fiber structure is 

incomplete. Some of the remains of the original spherulitic 

structure are still present in the necked material. These 

are destroyed in the subsequent stage 3 drawing which 

completes the transformation to microf ibrillar texture and 

then deforms the microfibrils. Experimentally, the study of 

stage 2 in which the spherulitic-to-microfibrillar structure 

is assumed to dominate is achieved through the study of the 

necking phenomenon. 

Much attention has 

microf ibrillar formation 

workers. In ultra-thin 

been given to two models of 

as fostered by Peterlin and co-

spherulitic films and single 

crystals, the lamellae are mechanically broken into smaller 

mosaic blocks that are, in turn, oriented into stacks along 

tie molecules (73,78,79) . Typical of bulk samples which 

favor the adiabatic heating of the material, the crystalline 

morphology is mechanically deformed, melted under the 

influence of local strain energy, and reformed on subsequent 

recrystallization (66,80,81) . 

In ultra-thin films, which are the samples of choice for 
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direct morphological observation via transmission electron 

microscopy, the localized deformation occurs as micronecks 

both within the spherulites and at the spherulite boundaries. 

On the molecular level, the micro-drawing appears to be 

initiated by intercrystalline links (82). At small draw 

ratios characteristic of pre-neck formation, twinning and 

crystalline unit cell transformation are observed (83). With 

increased strain, chain tilting and slip parallel to the 

chain axis induce the molecules in the crystalline lamellae 

to align themselves in the draw direction . This process 

brings the lamellar into a stage where further deformation 

small folded mosaic blocks which breaks them gradually into 

are incorporated into the microfibrils. The region of 

transformation from lamellar structure to microf ibrillar 

structure occurs at a sharp interface located between the 

fibrous texture and the undeformed matrix in regions of 

micronecks. Under favorable conditions, the micronecks 

propagate through stacks of parallel lamella and the bridging 

microf ibrils formed in zones of micronecks have been observed 

via electron microscopy (84-86). These microcracks or crazes 

bridged by a great many microf ibrils have been termed 

microcrazes and are concentrated at the microscopic neck. 

The growth of these crazes occurs by extension of the 

microf ibrils through the continuous necking process at the 

outer boundaries of the craze which, in turn, transforms more 

and more of the original lamellar material into bundles of 
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microfibrils. The progression of the transformation has also 

been followed by small and wide angle X-ray scattering (67) 

and by infrared dichroism (87). 

The deformation mechanism of spherulitic structure in 

bulk specimens in comparison to thin film specimens is 

dominated by the anisotropy of the mechanical properties of 

stacks of parallel lamella. Plastic deformation is very much 

dependent on the orientation of the lamellar bundles with 

respect to the applied stress. The situation becomes 

particularly complex when considering large polyethylene 

spherulites which are known to contain twisted lamellar 

ribbons radiating out from the center of the spherulite (88). 

However, this discussion will be limited to polyethylene 

spherulites crystallized under conditions which do not foster 

banded spherulites. In fact, this simple case is more 

typical of general spherulitic structure. For example, the 

deformation of polypropylene (89), polyamide (90), and 

polybutene (91-93) spherulites with unhanded spherulitic 

textures also showed a dependence of deformation on local 

lamellar organization. In general, the lamella bundles in 

spherulites vary in orientation with respect to the applied 

stress axis from a parallel alignment in what is typically 

termed the polar regions to a perpendicular alignment in the 

equatorial regions. The disposition of fibrils with respect 

to an applied tensile force is shown in Fig. 2 . 1. As shown 

in this figure, the crystalline and amorphous layers can be 
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LAMELLAR CRYSTALS 
AND INTERSTITIAL 
AMORPHOUS LAYERS 
IN PARALLEL CONFIGURATION 

Figure 2.1 Schematic of spherulitic structure with fibrillar 
habit . Enlargements show detail of lamellar arrangement 
with respect to applied uniaxial stress. 
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considered, to a first approximation, as acting in a parallel 

mechanical configuration in the poles and a series 

configuration in the equatorial regions. In the former case, 

any applied load is initially transmitted by the crystal core 

of the lamellar bundles with very little load carried by the 

interstitial amorphous material. In the series model, 

operative at the equator of the spherulite, the mechanical 

response to elongation is dominated by the pref erred 

deformation of the weaker interstitial amorphous layers. The 

single steps of spherulitic deformation have been studied by 

many techniques such as optical birefringence (94), visible 

light scattering (95), and wide angle and small angle X-ray 

scattering (96-99). These observations of what is generally 

considered to be a nonaff ine deformation mechanism for 

strains beyond the elastic limit are incorporated in 

Peterlin's model in the following fashion (78). 

Phase transformation from orthorhombic to monoclinic 

lattice and/or twinning in the reversible elastic deformation 

of polyethylene can only account for elongations of a few 

percent (100,101). Larger deformations are. produced by chain 

tilt which proceeds 

lamella crystal and 

by a chain slipping mechanism in the 

can explain local large plastic 

deformations on the order of 100 percent or greater at or 

above ambient temperatures (7). This is most easily 

accomplished for those radiating lamella at 45 degrees to the 

draw axis since the deformation in this region has been shown 
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to be dominated by a shear strain (9). Chain tilting results 

in the alignment of lamellar chains (C axis of the 

crystallographic unit cell) with the applied draw axis. In 

the equatorial regions of the spherulite, the lamellae tend 

to separate physically as a 

deformation of the interstitial 

consequence of the pref erred 

amorphous layers. In this 

way, these equatorial lamellae are progressively rotated 

closer to the 45 degree position where shear stresses again 

cause chain tilt. Lamellae in the polar regions whose fold 

containing surf aces are perpendicular to the draw axis are in 

the least favorable condition for both chain slip and tilt 

and for rotation to the preferred 45 degree position. These 

lamellae have been shown to be the least likely to deform in 

polyethylene and are transformed into the drawn 

microf ibrillar morphology 

high deformation of the 

(55). 

at a localized neck only after the 

equatorial and 45 degree regions 

Crystal defects may make slip easier and may also lead 

to local failure of the lattice at which point tie molecules 

are formed as a crack propagates through the lattice and 

short chain segments bridge the gap (101-103). In this way, 

mosaic blocks of folded chains are pulled out of the tilted 

lamellae and incorporated into the growing microf ibril as 

deformation continues. The deformation is considered to be 

akin to that in a kink band (7) and mechanistically close to 

the fracture of single crystals deposited on a deformable 
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membrane where the crack is bridged by many microf ibrils 

pulled out of a single crystal (14). Van der Waal's forces 

between the molecules are considered strong enough to give 

close packing of the blocks along the fibril as well as 
-

crystallographic fit between blocks perpendicular to the 

fibrils. In this way, the spherulite, as it passes through 

the macroscopically observed mechanical neck, is transformed 

to the fibrillar texture. 

It is postulated that chain slip and tilt also occur in 

the polar regions (76). Due to the anticipated compressive 

stress perpendicular to the draw axis in the polar region of 

the spherulite, the lamellae in this region see a lateral 

compaction which puts the amorphous phase in compression (9) . 

The fixation of the amorphous chain ends in the crystal 

lattice, i . e. folds, free ends and tie molecules, limits the 

lateral expansion of the amorphous layer resulting in a 

potential change in its specific volume, densification. This 

effect has been shown not to occur and the unresolved stress 

may be accommodated by chain tilting in the lamellae which 

allows for the lateral expansion of the amorphous phase under 

the constraints of the restricted chain ends (66). In 

addition, the nonuniform distribution of tie molecules 

between lamellae may result in localized shear and 

subsequently chain slip and tilt . In added proof, this 

mechanism has been utilized to explain the observed behavior 

of polyamide and polypropylene spherulites in cold draw where 
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elongation and thinning of spherulite lamellar bundles in the 

polar regions led to an overall uniform deformation of the 

spherulites (89,90). 

The extrapolation of the mechanism of fibrillation from 

single crystal deformation studies to the behavior of 

spherulites in a neck often fails to be consistent with the 

measured change in lamella thickness on deformation of 

spherulites (73,78). Although fibers drawn out of single 

crystals showed stacked lamella whose fold period length was 

identical to that of the original single crystal, the lamella 

thickness observed in the drawing of bulk crystalline samples 

is a unique increasing function of draw temperature. It was 

suggested, therefore, that the local strain energy due to 

chain tilt and slip must be sufficient for melting and 

recrystallization to form lamella whose surf ace free energy 

and, therefore, size was in accord with the applied draw 

temperature (75). 

In an attempt to more adequately account for the change 

in lamella thickness during spherulitic deformation, Juska 

and Harrison (6,104) have proposed that the local strain 

energies are sufficient to melt the material at the draw 

temperature prior to the actual extension. This allows for 

large and sudden expansion followed by recrystallization at 

the draw temperature. Dependence of the fold period on draw 

temperature may support the idea that the crystallinity was 

formed at the draw temperature. The model as proposed does 
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not preclude Peterlin's idea of the breaking off of mosaic 

blocks during deformation. It incorporates the idea by 

postulating that the smaller mosaic blocks would necessarily 

have smaller lateral dimensions so that the additional 

surf ace free energy increase predicted by the Hoffman-Weeks 

equation (41) would make the stress activated transition (Tm) 

easier to accomplish. 

Other aspects of the Juska-Harrison model are consistent 

with observations in drawn polyethylene systems . The high 

modulus of the drawn material is due to the extended chain 

crystallite nuclei 

crystallization of 

resulting 

the melted 

from the 

material. 

strain induced 

And the model, 

therefore, accounts for the observed morphology since there 

are strong similarities between microstructures in strain 

induced crystallization and drawn materials (66,105). Large 

draw ratios are anticipated from a melt since the applied 

tensile stress would find little resistance to deformation. 

Unification of the shrinkage mechanisms in drawn, strain 

induced, and shish kebab structures is rationalized through a 

Hoffman-Weeks analysis. All 

to increasing temperatures by 

three structures would respond 

melting of the extended chain 

nuclei followed by the contraction of the resulting taut 

amorphous chains to a more favorable conformation. The low 

temperature shrinkage of the cold drawn polyethylenes is 

predicted. Since the low temperature crystallizations would 

foster small diameter extended chain nuclei, the Hoffman-
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Weeks equation shows that these nuclei may melt at 

temperatures considerably lower than the materials drawn at 

higher temperatures where the core nucleus diameter may be 

expected to be larger. 
-Conversion of an undrawn matrix to a f ibrillar structure 

is also known to occur in polymeric glasses through the 

formation of discrete deformation zones (micronecks), known 

as crazes (106). Their formation in both glassy and 

semicrystalline polymers is postulated to have a common cause 

and is generalized by Juska and Harrison (104). Only a small 

fraction of the material, defined by the geometry of the 

deformation zone is undergoing deformation at any one instant 

during specimen elongation. Thus, the local strain rate at 

the boundary between deformed and undeformed material is 

necessarily very large with an associated large local input 

of strain energy. The local strain energy during deformation 

may accomplish a stress activated transition, either a Tm or 

a Tg. Extension of the resulting melt is rapid and severe 

under the applied load. Subsequent to extension, the 

materials which normally exist in a glassy state will 

revitrify and molecules which were originally crystalline 

will recrystallize. 

Among the many investigative techniques of spherulite 

deformation in polyethylenes, the electron microscopy 

observations have been the most instructive in elucidating 

the deformation mechanisms. In the next section a brief 
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introduction to the experimental 

microscopy in the investigation 

morphologies is discussed. 

techniques of electron 

of polymer crystalline 



2.1.3 INVESTIGATIONS OF POLYMER CRYSTALLINE MORPHOLOGIES VIA 

ELECTRON MICROSCOPY TECHNIQUES 

With the advent of electron microscopy, advances in 

microscopic analysis of crystalline polymers began in the 

1950s. The discovery of single crystal lamellae, which are 

the fundamental building blocks of spherulites, was made 

using transmission electron microscopy and marked the 

beginning of this new era (107,108). Following transmission 

electron microscopy, scanning electron microscopy also found 

popularity with investigators. Although the larger diameter 

beams used in scanning electron microscopy reduces the 

resolution below that obtainable with transmission electron 

microscopy techniques, scanning 

the advantages of increased depth 

electron microscopy offers 

of field, larger sample 

sizes, and minimum sample preparation techniques . 

Typical of transmission electron microscopy studies, the 

techniques normally used for discerning crystalline texture, 

involve either replication of surface structures (109,110), 

or preparation of thin films of two dimensional spherulites 

(111,112). Because the surface morphologies in these 

replicas and very thin films may generally be different from 

that of the bulk state, some caution must be taken in 

extrapolating these findings to comments on the solid 

deformed morphologies . Researchers have used ion-milling 

techniques (113), solvent extraction (114), nitric acid 
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etching (115), as well as acid aided brittle fracture (109) 

and microtoming (116) for revealing the bulk structure. 

However, the possibility for inducing artifacts with any of 

these techniques is always a real danger, especially due to 

the inherent plastic deformations on fracture and 

microtoming, and/or the necessity for removing large amounts 

of material with solvent/etch techniques. Direct observation 

of lamellar and/or microf ibrillar structure is at best 

difficult, especially when nonolefinic systems are under 

study due to the damaging effects of high energy electron 

beams. This is particularly acute in situations where high 

magnifications are required in organic specimens with 

inherently low contrast structure. 

Although transmission electron microscopy is used almost 

exclusively with surface replicating techniques to 

investigate solvent etched bulk crystallized polymers, 

scanning electron microscopy competes strongly with 

transmission electron microscopy as the pref erred technique 

for investigating chemically etched polymers. Generally, no 

information is lost in using the lower resolution technique 

since most of the very fine structure is lost in employing 

the often more severe chemical etching techniques. An 

excellent review of etching procedures that have been 

employed by a number of researchers to both improve 

morphological contrast on surf aces of crystalline polymers 

and to remove crystalline entities altogether is given by 
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both Wunderlich (10) and Hobbs (117). Only a cursory review 

of the procedures for chemically etching (as opposed to 

solvent etching) bulk crystallized polymers will be given 

here in order to demonstrate the principle of crystalline 

fine texture enhancement. 

Chemical etching techniques were first developed for the 

analysis of cellulose (118). After hydrolysis of the 

cellulose in water or ethanol at 80~100 C, residual sample 

molecular weight was found to decrease to an asymptotic 

minimum after 15 min. to several hours of treatment. A good 

correlation existed between the residual molecular weight and 

the crystallographic c axis dimension as determined by X-ray 

analysis of the bulk sample prior to chemical degradation. 

Polyarnines and polyesters have also been chemically 

etched via hydrolysis chemistry. Battista (119) etched melt 

crystallized nylon 6 and nylon 66 in aqueous solutions of 

hydrochloric acid. From the determination of the molecular 

weight of the microcrystalline residue, Battista et al. 

concluded that the etch was only severe enough to cut tie 

molecules and separate lamella without significantly 

affecting lamella chain folds. Koenig and Agboatwalla (120) 

carried out a hydrolysis etch on nylon 66 in aqueous sodium 

hydroxide solutions at 98 C. Based on post etch infrared 

studies, the authors concluded that all chain folds were 

removed. Miyagi and Wunderlich (121) used water vapor at 180 

C to hydrolyze polyethylene terephthalate and also correlated 
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fold length with microcrystalline residue molecular weight. 

Although the above chemical etching studies were analyzed via 

size exclusion chromatography, small angle X-ray scattering, 

and infrared techniques, the above etchant/polymer systems do 

hold potential for microscopic analysis of semi-crystalline 

polymer morphology. 

Adams (122) did combined weight loss measurements and 

size exclusion chromatography analysis with scanning electron 

microscopy observations to study the aminolysis etching of 

polyethylene terephthalate samples with various elongations 

and thermal histories. Ultimate fold periods were determined 

from size exclusion chromatography analysis. Scanning 

electron micrographs showed a systematic change in 

morphological texture in the etched samples as a result of 

both stretching and thermal treatment. Of particular 

interest is the author's observation that 35 percent of an 

amine residue structure forms when amorphous PET is exposed 

to the etchant . Thus, all the results are influenced by 

etchant induced crystallinity, a possible pitfall in almost 

all chemical etching procedures designed to enhance 

crystalline morphological texture. Wilkes et al. (123) also 

degraded various oriented and unoriented polyethylene 

terephthalate films and fibers using low molecular weight 

liquid amines and studied similar morphological structures 

principally with scanning electron microscopy. 

By far and away, the largest body of work dealing with 
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chemical etching enhancement of semicrystalline morphology 

has been in the use of mineral acids on polyolefins. Some of 

these results are summarized here . Oxidation was first 

recognized to be morphology dependent by Palmer (124). 

Keller and Sawada (125), as well as Palmer and Cobbold (126), 

used transmission electron microscopy to examine lamellar 

fragments generated from the vigorous attack of fuming nitric 

acid on melt crystallized polyethylene . Hay and Keller (115) 

used nitric acid to enhance the lamellar morphology in draw 

polyethylene fibers. After exposing the fibers to the acid, 

they were fractured along the fiber axis. Surface replicas 

of the fracture surf ace were examined via transmission 

electron microscopy. Hock (127) performed an exhaustive 

study on the effect of temperature and concentration on the 

nitric acid etching of melt crystallized polyethylene over a 

24 hour exposure. Weight loss, molecular weight, 

crystallinity determined by x-ray analysis, density, and heat 

of fusion were monitored . These indicate that the initial 

chain cleavage that takes place in the disordered regions of 

the sample occurs relatively quickly at low temperatures. 

Higher temperatures and/or extended exposure is required for 

further reduction in chain length. Indications are that 

constant crystalline 

maintained after the 

material. Armond and 

properties 

initial 

Atkinson 

(content 

removal of 

and size) are 

the disordered 

(128) report polypropylene 

shows prohibitive levels of stress cracking when etched with 
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several chemical etching 

coarse f ibrillar structure 
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et al. (129,130) 

techniques for 

in polypropylene 

have developed 

highlighting the 

spherulites as 

well as the transcrystalline growths as observed in scanning 

electron microscopy. Their most selective etchant system 

involves exposing polypropylene samples to a 6 molar CrOa 

solution for 5 days at 75 C. 

While the various chemical reagents utilized in the 

above studies are somewhat different depending on the nature 

of the polymer, the overall objective is to chemically attack 

the amorphous or less ordered phases more rapidly than the 

crystalline phase. The reaction rate difference will 

preferentially remove the noncrystalline content and leave 

the initial crystalline structure intact for further 

microscopic investigation. 

that the present study 

undertaken. 

It is with this same goal in mind 

of spherulite morphology was 

In the following study, the experimental difficulties 

associated with the introduction of artifacts with chemical 

etching were side-stepped to some degree. A scanning 

electron microscopy study of both the as crystallized and 

deformed spherulitic textures in the copolyester of glycolic 

and lactic acid is described. Since the copolyester was 

originally developed for its susceptibility to hydrolytic 

attack, the development of a chemical etching technique for 

the preferential removal of the amorphous phase was pursued. 



179 

The selective hydrolytic degradation of the amorphous phase 

promoted a contrast between the crystalline and amorphous 

phases necessary 

observations. 

for the scanning electron microscopy 

It will be demonstrated that the developed 

considerable advantages in promoting the technique has 

morphological textures in two dimensional spherulites. 

Observation of lamellar and/or microf ibrillar structure in 

the direct copolyester sample (i . e. without replication) is 

clearly still not possible since even at moderate 

magnifications (5000x) the electron beam energy of the 

scanning electron microscopy (lOKV) was enough to cause 

severe sample degradation. However, as will be demonstrated, 

the observation of individual lamellar bundles is quite 

realizable and the observed destruction of these bundles in 

the transformation to micro-f ibrillar texture on deformation 

is quite dramatic. By virtue of the 

large spherulites (200-250 microns in 

fact that relatively 

diameter) could be 

grown, they are observed to be two dimensional even in 

relatively thick films (100-125 microns). In this way, the 

bulk characteristics of the sample are maintained. In 

addition, the necessity for long term severe etching 

conditions typical for structural definition in systems with 

smaller three dimensional spherulites is avoided and the risk 

of artifact in etching is minimized. 



2.2.0 EXPERIMENTAL 

2.2.1 MATERIALS 

The copolyester of glycolic and lactic acids was 

supplied through the courtesy of Ethicon, Inc. The monomer 

ratio was approximately 10% lactide and 90% glycolide. The 

material as received was in pellet form. This particular 

polymer and some of its general characteristics have been 

discussed by Kronenthal et al. (131). Typically, it is 

utilized as a semicrystalline material that possesses a 

melting point of about 200 C and a glass transition of about 

43 C. As stated earlier, the general characteristics of this 

polymer, as it is used here, are that it is a slow 

crystallizing macromolecule which can easily be quenched into 

the glassy state by rapid cooling from the melt. 
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2.2.2 FILM PREPARATION 

A small laboratory extruder (Maxwell Melt Elastic 

Extruder) was used to homogenize the as received polymer. 

Prior to extrusion, the material was stored in a vacuum 

desiccator over phosphorous pentoxide to ensure a minimum of 

moisture absorbtion. The extrudate at 220 C was directly 

applied to aluminum foil sheets between which the copolyester 

was immediately compression molded into films at 265 C. It 

was found that melt compression temperatures below 265 C led 

to higher primary nucleation levels and, hence, shorter 

interspherulitic separations. The films were then 

transferred to an oven at 160 

had 

C and 

reached 

allowed to crystallize. 

the desired level as After crystallization 

dictated by the target spherulite size of 250 microns, the 

film was quenched in ice water. This procedure generated 

isolated spherulites in a glassy amorphous matrix with a 

surprisingly monodisperse distribution of spherulite 

diameters. Film thicknesses were set at 5 mils (125 microns) 

with the use of brass shim stock material as a spacer between 

the foil sheets. The ice water quench did not promote 

hydrolysis of the films since the material was still between 

aluminum foil sheets at the time. Following the quench, the 

foil assembly was thoroughly dried and the films were 

stripped from the foil. Alternatively, totally amorphous 

film could be generated by side-stepping the isothermal 
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crystallization and quenching directly from the press at 265 

C into ice water . 

While the above procedure served well for the 

preparation of films of low spherulitic conversion for 

uniaxial deformation, other morphologies were developed using 

a slight variation on theme for the purposes of a more 

general investigation of undeformed spherulitic morphologies. 

Subsequent to extrusion and pressing, the films were 

crystallized from the melt in a 

oil bath at various levels of 

temperature controlled hot 

supercooling. Isothermal 

crystallization temperatures were varied from 120 C to 190 C. 

Crystallization times were extended to investigate impinging 

spherulites as well as the typical isolated spherulites 

obtained at shorter crystallization times. 



2.2.3 UNIAXIAL DEFORMATION FOLLOWING PHYSICAL AGING 

Uni axial deformation of isolated spherulites in 

predominately amorphous films was carried out at ambient 

temperatures on a model 1122 Instron instrument . Crosshead 

speeds employed ranged from 2 mm/min. to 500 mm/min . , 

inclusive. On the 10 mm gauge length, die cut samples, this 

corresponded to initial strain rates of 3 . 33xl0-3 and 

8.33x10-1 sec-1 respectively. Stress strain response was 

recorded up to the onset of strain hardening. Comparable 

experiments were also performed on the samples prepared to be 

totally amorphous with the exception that the deformation was 

carried out through the strain hardening regime until 

failure. 

Various mechanical responses could be affected by 

controlling the degree of sub Tg annealing in the amorphous 

material. This was accomplished by a careful annealing 

procedure. Individual samples were enveloped in foil and 

flash heated to 65 C by placing the sample-foil sandwich 

between preheated aluminum blocks for 5 seconds. The samples 

were then immediately quenched in 23 C water and held at 23 C 

for the prescribed times of 50, 1000, and 10,000 seconds. 

Again, hydrolysis was avoided by ensuring that the aluminum 

foil envelopes were water tight . It may be also noted that 

the exposure to temperatures in excess of the glass 

transition were so short for this slow crystallizing material 
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that no appreciable increase in crystallinity was realized as 

determined via wide angle X-ray . The samples were then 

mounted in the pneumatic clamps and uniaxially deformed. 

Bench marking the samples was avoided as this often promoted 

premature sample failure . 



2.2.4 ETCHING TECHNIQUE 

The selective degradation of the amorphous phase was 

accomplished by a refined hydrolysis technique as follows: 

stretched samples were restrained from shrinking on exposure 

to the etchants by mounting the samples on glass slides with 

a silicone rubber compound (Dow Corning General Purpose 

Sealant). The samples were completely embedded with only the 

intended surface area for etching exposed . After the 

compound was cured at ambient conditions for 24 hours, a 

given sample was presoaked in dimethylsulfoxide (DMSO) at 

room temperature for one to two minutes. This served to 

swell the amorphous material in the semicrystalline film and 

make it more susceptible to the subsequent basic etch 

solution . Upon removal from the DMSO, the sample was 

immediately immersed in a standard solution composed of 50% 

by volume DMSO and 50% by volume aqueous potassium hydroxide 

solution at 0.02 N. The etching solution was maintained on a 

slow cooling temperature program from 80 C to room 

temperature over a time period that was varied between 5 to 8 

minutes depending on the desired severity of the etch. Other 

degrees of etching severity were affected by additional 

variations in recipe. Of primary utility in the etching of 

undeformed spherulites was a solution in which the aqueous 

sodium hydroxide component was replaced by a saturated sodium 

carbonate aqueous solution. This later recipe often gave a 
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more severe etch which tended to highlight the coarser 

details of the spherulite structures . Also, some interesting 

fine details of spherulitic structure were effectively 

revealed using the standard solution described above at lower 

temperatures for significantly longer periods of time. 

Typically, exposure at room temperature for times between 3 

to 10 days was sufficient for this fine texture technique. 

No one specific recipe can be quoted here since it was found 

that variations in procedure were often necessary as the 

nature of the morphology often varied from sample to sample. 

Following etching, the samples were washed in distilled water 

at room temperature for 5 minutes and dried under vacuum at 

room temperature for at least 24 hours. 



2.2.5 SAMPLE ANALYSIS 

The following techniques 

the samples resulting from 

chemical etching. 

were employed to investigate 

uniaxial stretching and/or 

2.2.5.1 SCANNING ELECTRON MICROSCOPY 

Following drying and metallization by sputter coating, 

the morphological texture of the etched materials was 

observed with an ISI Super IIIA scanning electron microscope 

at an accelerating voltage of 10 KV. Magnifications in 

excess of 5000 were avoided as the electron beam energy 

density at higher levels of magnification was often intense 

enough to cause severe degradation of the copolyester during 

observation and/or photographing. Degradation was minimized 

by reducing beam spot 

obtain the level of 

size to levels just high enough to 

contrast required for quality 

micrographs. Considerable 

micrographs which represent 

effort has been made to select 

the norm of the spectrum of 

structures available on any given sample. 

2.2.5.2 WIDE ANGLE X-RAY SCATTERING 

room 

Wide angle X-ray diffraction 

temperature using a Philips 
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patterns were obtained at 

diffractometer with Ni 
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filtered CuK radiation at 40 KV and 20 MA. An evacuated 

Warhus camera with a pinhole collimator 

the photographic negative. The final 

0.38 mm. With sample to film distances 

times were on the order of 60 hours. 

was used to expose 

pinhole diameter was 

of 109 mm exposure 

2.2.5.3 DIFFERENTIAL SCANNING CALORIMETRY 

Thermograms were obtained on a Perkin-Elmer DSC-4 

instrument at a scan rate of lOC/min. with sample weights of 

approximately 5 milligrams. Baseline corrections were done 

digitally using a standard software package supplied by 

Perkin-Elmer. 

2.2.5.4 DYNAMIC MECHANICAL SPECTRA 

Dynamic mechanical spectra were obtained as a function 

of temperature on a .Rheovibron model DVIIB at 110 Hz. The 

totally spherulitic films used to develop the spectra were 

generated in the same procedure described above except the 

crystallization times were extended to allow for a volume 

filling spherulitic morphology. The temperature scan began 

at room temperature (25 C) and terminated just short of the 

melting point at 200 C. Scan rate was maintained between 1 

and 2 C/min. 



2.3.0 RESULTS AND DISCUSSION 

The overall thrust of this study was the development and 

implementation of a microscopy technique for the direct 

observation of both the spherulitic textures in the quiescent 

state, as well as crystalline texture resulting from the 

uniaxial deformation of these isolated spherulites. These 

topics will be discussed in the following two sections . An 

attempt will be made at correlating the fundamentals of 

spherulitic morphology discussed in the introduction with the 

structures highlighted by the various chemical etching 

techniques. The observations of crystalline textures 

generated from a novel spherulite deformation experiment will 

be discussed in the context of the current theories regarding 

the spherulite-to-microfibrillar transition primarily 

developed by Peterlin (1-3,8,72-80) and recently modified by 

Juska and Harrison (6). 
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2.3.1 SPHERULITIC STRUCTURES IN ISOTHERMAL CRYSTALLIZATION 

For illustrating the utility of the chemical etching 

reagents developed through this study, Fig. 2.2 is shown for 

later purposes of contrast. It is a scanning electron 

micrograph of a typical film surface containing isolated 

spherulites that are embedded within an amorphous matrix as 

developed through the isothermal crystallization procedure. 

As can be observed, a disc-like spherulite resides within the 

surrounding amorphous material. Without any chemical 

treatment there is no discernable superstructure within a 

spherulite. 

the only 

Even under increased magnification of Fig. 2.2, 

texture that is noticeable is that left by the 

impression of the foil surface in the molded film. 

Figures 2.3 A and B present two additional scanning 

electron micrographs which show the same spherulite embedded 

in an amorphous matrix which has been given a chemical 

etching with the sodium carbonate solution described in the 

experimental section. This coarse etching technique reveals 

the discrete radial texture of the spherulite although not at 

the lamella level. Since the film thickness (125 

micrometers) is less than the overall observed spherulite 

diameter (250 micrometers), the spherulites appear more as 

disk-like and can be considered to be two dimensional 

spherulites. The fibrillar texture (lamellar bundles) can be 

seen to radiate from the center of the spherulite. The low 
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Figure 2.2. Typical film 
dimensional spherulite 
the melt at 160 C. 
chemical etch. 
magnification 3000x. 
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surf ace containing isolated two 
crystallized isothermally from 
Film surface examined without 

Magnification lOOOx, insert 
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A 

B 

Figure 2.3. Spherulite crystallized isothermally at 
after severe chemical etch treatment. Split images 
highlight fibrillar texture. 
A) Center of spherulite with fibrils normal to film 
surface. Magnification 300x, insert magnification 
3000x. 
B) Outer 
surface. 
3000x. 

radial extremity with fibrils parallel to film 
Magnification 300x, insert magnification 
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angle noncrystallographic branching, as originally described 

by Keith and Padden (11-13), is also clearly demonstrated. 

In this particular case, the spherulite is nucleated somewhat 

below the surf ace of the film and has undergone classical 

spherulitic growth. At the spherulite center, fibrillar 

growth has been terminated at the film surface with most 

fibrils almost orthogonal to the film surface, see Fig. 2.3A. 

Continued growth at increasing spherulite diameter became 

essentially two dimensional in the plane of the film. Note 

that Fig. 2.3B displays the fibril textures to become more 

parallel 

expected. 

to the 

It is 

film surf ace at longer radii as would be 

also clear from these same two monographs 

that the crystallization has led to a very uniform spherulite 

boundary between the edge of this superstructure and 

initially amorphous matrix. It should be pointed out here 

that the initially amorphous matrix now has a honeycomb-like 

structure which most probably results from the initial 

solvent induced crystallization caused by the etching liquids 

and the subsequent etching of this specific area of the 

material. 

In contrast, Fig. 2.4 shows a spherulite isothermally 

crystallized at 160 C which has undergone the room 

temperature etching procedure. Clearly, the severity of the 

etch is greatly reduced with this fine etching technique and 

consequently, the level of structure discernible is of a more 

detailed nature. It is tempting to speculate that individual 
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Figure 2.4. Spherulite crystallized isothermally at 160 C 
after refined etch procedure. Split image highlights 
the fibrillar texture at spherulite radial extremity. 
Magnification lOOOx, insert magnification 3000x. 
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lamella can be discerned. At this level of magnification 

(3000x), a lateral lamella width of 500 angstroms would 

appear as a dimension approaching two tenths of a millimeter. 

This is certainly commensurate with the size of the structure 

revealed. The grouping of these individual lamellae into 

bundles approximately the size of those in Fig. 2.3 is also 

suggested in the structure although the definition of each 

fibril is not as pronounced. Note also in Fig. 2.4, as well 

as in Fig. 2.3, that the surrounding amorphous matrix is 

etched away to the point that the surface of the spherulites 

is significantly higher than the surf ace of the surrounding 

matrix demonstrating the discriminating nature of the various 

hydrolytic etchants employed. 

Figure 2.5 presents a series of micrographs taken from 

spherulitic films which were cold fractured under liquid 

nitrogen prior to etching. The spherulites were 

intentionally grown to be slightly smaller than the norm for 

this study, ie. spherulite diameters were typically smaller 

than the film thickness in the series shown in Fig. 2.5. As 

shown in micrographs A and B in Fig. 2.5, the internal 

structure of the spherulite is identical to the film surface 

structure as revealed by the chemical etchant used to enhance 

the fibrillar texture. Some variations in texture is 

discernable, however, these variations are attributed to the 

nature of the fracture surface. This comparison is 

particularly valid if the fracture surf ace passes through the 
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A B 

c D 

Figure 2.5. Spherulite crystallized isothermally at 160 C 
after cold fracture under liquid nitrogen and chemical 
etch. 

A) Spherulite fibrillar texture at film surface. 
B) Spherulite fibrillar texture at spherulite outer 
radial extremities on fracture surface. 

C) Spherulite fibrillar texture at spherulite center on 
fracture surface. 

D) Spherulite fibrillar texture on fracture surface with 
fracture plane displaced from spherulite center. 
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spherulite center as shown in micrographs A, B, and C of Fig. 

2.5. Micrograph Fig. 2.5D shows a spherulite in which the 

fracture plane is significantly displaced from the spherulite 

center. The texture on this fracture surface is very much 

closer to the texture on the outer surf aces of this same 

spherulite and also similar to that shown at the center of 

the spherulite in Fig. 2.3A. In these cases the fibrillar 

texture is orthogonal to the surface of inspection. For the 

majority of micrographs in this study two dimensional 

spherulites favor the fibrillar structure to be parallel to 

film surf aces and structures akin to those in micrographs A, 

B, and C of Fig. 2.5 are typical. 

Crystallization temperature has been shown to influence 

the fibrillar texture in spherulites (13). Figures 2.6-2.8, 

together with Figs. 2.3 and 2.4, document this effect in this 

copolyester system. Each pair of micrographs in Figs. 2.6-

2. 8 is representative of spherulitic films crystallized 

isothermally from the melt and subsequently etched with two 

different recipes. The first micrograph of each pair depicts 

the coarser structures associated with the stronger saturated 

sodium carbonate etch, while the second shows the finer 

structures attributed to the more subtle room temperature 

chemical etch. Thus, Figs. 2.3-2.8 represent crystallization 

temperatures which range from 190 C to 120 C, all of which 

are within the nucleation controlled region of the growth 

rate-temperature spectrum for this system. 
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A 

B 

Figure 2.6. Spherulite crystallized isothermally at 190 C. 
A) Severe chemical etch treatment. Split image 
highlights fibrillar texture. Magnification 500x, 
insert magnification 1500x. 

B) Refined etch treatment. Magnification lOOOx . 
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Figure 2.7. Spherulite crystallized isothermally at 180 C. 
A) Severe chemical etch treatment. Split image 
highlights fibrillar texture. Magnification 500x, 
insert magnification 1500x. 

B) Refined etch treatment. Split 
fibrillar texture. Magnification 
magnification 3000x. 

image highlights 
lOOOx, insert 
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A 

B 

Figure 2.8. Spherulite crystallized isothermally at 120 C. 
A) Severe chemical etch treatment. Split image 
highlights fibrillar texture. Magnification 500x, 
insert magnification 1500x. 

B) Refined etch treatment. Magnification lOOOx . 
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Ref erring to the previous discussions of the theory of 

spherulite growth as developed by Keith and Padden, the 

observed coarsening of the spherulitic radial fibrillar 

structure with increasing crystallization temperature can be 

rationalized with the aid of the parameter (13). Recall that 

6 is just the ratio of the impurity component diffusion to 

the spherulitic growth rate. Diffusion coefficients are 

known to increase with increasing temperatures. Conversely, 

spherulitic growth rates are known to decrease with 

increasing temperature in the nucleation controlled regime. 

Thus, the value of c:S is expected to increase dramatically as 

the isothermal crystallization temperature is raised. As 

previously discussed 6 is associated with both the lateral 

dimensions of the fibrils as well as with the frequency of 

low-angle noncrystallographic branching of the fibrils. As 

Keith and Padden (12) have so thoroughly documented, larger 

values of lead to spherulitic textures with broader fibrils 

that branch less frequently. This is precisely the trend 

observed in scanning electron micrographs in this study with 

the breadth of the fibrils at a crystallization temperature 

of 190 C approaching 5 microns. Clearly, the definition of 

individual fibrils is more distinct when the more severe etch 

is employed. 

Evoking the spherulitic growth theory as developed by 

Keith and Padden suggests that an impurity of low diffusional 

characteristics exists in the crystallizing system. In fact, 
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Keith and Padden have suggested that this impurity may be 

(among other possibilities) low molecular weight chains which 

may be rejected from participating in the f ibrillar 

crystallization by fractionation. A possibly more compelling 

argument for an impurity in this copolyester system is based 

on some recent evidence suggesting that the copolymerization 

in this system leads to a blocky structure due to adverse 

reactivity ratios in the ring opening polymerization of 

glycolide and lactide monomers mixtures (132). Chain 

sequences dominated by high lactic acid content would 

certainly be an effective impurity assuming that sequences of 

this low percentage constituent would not participate in the 

crystallization of the primary poly(glycolic acid) crystal 

lattice. Without further investigation the exact nature of 

the impurity for 

However, the 

this crystallizing 

appearance of well 

system 

defined 

is unresolved. 

interf ibrillar 

regions which are more susceptible to the chemical etching, 

at least for the more severe etching recipe, is strongly 

suggestive of a lower crystallinity component. 

The optical micrograph of Fig. 2.9 shows an especially 

large spherulite crystallized at 160 C. The crossed 

polarizer micrograph shows both the classic maltese cross 

pattern as well as a fibrillar-like texture that this author 

believes is the same structure seen in Figure 2.3. Thus, the 

f ibrillar texture seen in the scanning electron micrographs 

is not an artifact of the etching procedure. In addition, on 
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Figure 2.9. Optical micrograph with crossed polars of a 
spherulite crystallized isothermally at 160 C and raised 
to 170 C. Magnification lOOx. 
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heating the same spherulitic film on the optical stage, an 

enhancement of the f ibrillar texture is observed just above 

the isothermal crystallization temperature and well below the 

melting of the spherulite (approximately 200 C). Although 

this optical texture change was easily discernable, it was 

difficult to reproduce the effect photographically and the 

micrograph in Fig. 2.9 is the micrograph of the spherulite 

(crystallization temperature 160 C) taken at 170 C. The 

improved contrast between the fibril and the interf ibrillar 

material suggested that the interf ibrillar material was 

melting at a low temperature. This postulate initiated the 

following differential scanning calorimetry study. 

A thin film of the copolyester was isothermally 

crystallized from the melt at 140 C until full spherulite 

impingement was attained and then the film was quenched to 0 

C. The DSC scan of the fully spherulitic material showed two 

melting points . A minor melting point just above 140 C and a 
' major melting peak approaching 200 C. This scan is depicted 

as curve A in Fig . 2.10. It was discovered that on heating 

the 140 C crystallized spherulitic film to 150 C and rapidly 

quenching prior to the DSC scan, the secondary low melting 

peak could be removed. Further, the secondary peak could be 

regenerated at temperatures just above 150 C by annealing at 

150 C for 25 minutes. The effects of these two additional 

thermal treatments are also shown in Fig. 2 . 10 as curves B 

and C, respectively. The rate of growth of the secondary 
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Figure 2.10. DSC thermograms of totally spherulitic film (normalized). 
Trqce A: Totally spherulitic film crystallized isothermally at 140 C. 
Trace B: Totally spherulitic film crystallized isothermally at 140 C, 
heated to 150 C, and quenched immediately . 
Trace C: Totally spherulitic film crystallized isothermally at 140 C, 
heated to 150 C for 25 minutes, and quenched. 
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peak at 150 C is plotted in Fig. 2.11. The ratio of the heat 

of fusion of the low temperature peak to the melting enthalpy 

of the high temperature peak is plotted as a function of 

annealing time at 150 C. In fact, the secondary peak can be 

regenerated at 140 C as well by annealing at this temperature 

after a quick excursion to 150 C. The DSC scan from such a 

film superimposes on the original curve A in Fig. 2.10. The 

reversibility of the effect is consistent with a lower 

melting component which exists as interfibrillar material. 

The lower melting temperature could be explained by smaller 

crystallite sizes possibly caused by higher comonomer content 

and/or lower molecular weight. If the volume fraction of 

this postulated interf ibrillar material can be estimated from 

the ratio of enthalpies shown in Figure 2.11, then an 

approximately 5% volume fraction seems reasonable for the 

fibrillar structure shown in Fig. 2.12 for a spherulite 

crystallized at 140 C. 

Figure 2.13 shows the effect of spherulitic 

crystallization temperature on the size of the low 

temperature melting peak. Consistent with the increasingly 

open fibrillar structure associated with higher temperature 

crystallizations, the larger volume fraction of 

interf ibrillar material is reflected in the larger enthalpies 

of melting. Keith and Padden (11) suggest that an impurity 

is rejected from participating in the fibrillar crystal habit 

and is forced to reside between fibrils in the spherulite. 
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spherulitic film crystallized isothermally at 140 C and 
heated to 150 C. 
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Figure 2.12. Spherulite crystallized isothermally at 140 C. 
Split image highlights fibrillar texture. Magnification 
500x, insert magnification 1500x. 
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Figure 2.13. Effect of crystallization temperature on size of 
low temperature melting peak on DSC thermogram. 
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At higher crystallization temperatures, the lamellae 

thickness distribution is well documented to favor larger 

sizes (10,4). Thus, the sequence length required for 

crystallization (stem length) is necessarily longer at higher 

crystallization temperatures. This would suggest that, if 

the impurity were associated with polymer chain sequence 

lengths which included enough lactic acid content to preclude 

participation in the crystalline lattice of a lamella, then 

higher temperatures would exclude an increasing fraction of 

chains with just a few copolymer repeat units. These chains 

may well crystallize after rejection to interf ibrillar 

regions but to a lower level of crystallinity due to the 

restriction of smaller lamellae thicknesses. This would then 

account for the increased susceptibility of this 

interfibrillar material to the chemical etching. 

The effects of the low melting component can also be 

seen mechanically. Dynamic storage modulus and dynamic loss 

modulus are plotted as a function of temperature in Fig. 2.14 

for a spherulitic film crystallized at 140 C. Of particular 

interest is the decrease in the slope of the dynamic storage 

modulus at 142 C indicating a softening of the material. 

This is consistent with the melting of the interfibrillar 

material. The effect is not as dramatic as the DSC 

endotherms principally due to the time scale of the 

experiment. At the slower heating rates associated with the 

dynamic mechanical measurement (1-2 C/min.), continuous 
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Figure 2.14. Dynamic mechanical spectrum of totally 
spherulitic film crystallized isothermally at 140 C. 
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melting and recrystallizing of the interfibrillar material 

may be expected. In fact, the low temperature shoulders seen 

in the major melting peaks of Fig. 2.13 are thought to be due 

to the melting of the interfibrillar material crystallized 

during the course of heating after the initial low 

temperature melting. 

Figure 2.15 depicts the 

initially crystallized at 160 C. 

fine texture of a spherulite 

Prior to quenching the film 

in ice water, the film was heated to 170 C for 5 seconds in 

an auxiliary oil bath. The slight variation in thermal 

treatment was designed to melt the interfibrillar material 

prior to quench. In order to minimize the amount of 

crystallinity induced in the chemical etching treatment, the 

room temperature procedure was employed to enhance the 

crystal fine texture. The comparison between Fig. 2.15 and 

Fig. 2.4 indicates that a very much coarser texture can be 

obtained with the quick melting of the low temperature 

component. Clearly, quenching the film after melting the 

interf ibrillar material increases the effectiveness of the 

etchant for removing this interstitial material. This may 

certainly be considered to add to the evidence suggesting 

that a significant fraction of the copolyester is excluded 

from crystallizing in the primary fibrillar habit during 

spherulite formation . 

In order to try and confirm that the material between 

the fibrils is at least in part due to the copolymer 
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A 

B 

Figure 2.15. Spherulite crystallized isothermally at 160 C, 
quick heated to 170 C, and quenched. Refined etch 
treatment. 

A) Close to spherulite center. Magnification 3000x . 

B) Spherulite outer radius. Magnification 3000x. 
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character, a small amount of poly(glycolic acid) was 

crystallized at 180 C and subjected to the sodium 

carbonate/high temperature etching technique. Figure 2.16 

depicts the fibrillar texture in the homopolymer spherulite. 

The f ibrillar texture developed at this crystallization 

temperature is certainly of a much finer nature than that of 

the copolyester for most all crystallization temperatures 

considered. A direct one to one comparison between the 

homopolymer and copolymer morphology at equivalent 

crystallization temperatures is not rigorous due to the 

differences in supercooling attributed to the anticipated 

higher melting of the homopolymer. Generally, at equivalent 

crystallization temperatures and molecular weights, the 

homopolymer would have a higher crystallization rate and, 

thus, a smaller value of ~ and correspondingly finer 

fibrillar texture. The rigorous comparison should be made at 

equivalent supercoolings. Although observed melting points 

have been reported for glycolide homopolymers and 

glycolide/lactide copolymers (132), equilibrium melting 

temperatures are not known and a critical comparison at 

equivalent supercoolings cannot be made. An accurate 

comparison is also hampered by the lack of molecular weight 

characterization for the two species. However, the severe 

differences in f ibrillar texture observed would seem to be 

greater than could be attributed to supercooling effects. 

For example, the texture generated in the homopolymer at 
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Figure 2.16. Homopolymer spherulite (100% poly(glycolic acid) 
crystallized isothermally at 180 C after severe etch 
treatment. Magnification 5000x. 
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180 C is certainly much finer than that of the copolymer 

crystallized at 160 C under similar etch conditions, see Fig. 

2.3. Note that since the observed melting temperature 

differences between the two is considerably less than twenty 

degrees (132), the differences in texture may well be due to 

the presence of non-crystallizable lactide sequences. 

Referring again to the spherulite depicted in Figs. 

2.3A, 2.3B, 2.5C, 2.8A, and 2.12, an interesting texture is 

often seen at the spherulite/amorphous matrix interface if 

stronger etching recipes are employed. Specifically, a ring 

of material of significantly different texture is often seen 

surrounding the spherulites. It is tempting to consider this 

the impurity rich interfacial thickness predicted by Keith 

and Padden. From the micron marker in Fig. 2.3, the 

thickness of the layer may be considered to be on the order 

of 20 microns. This is certainly at the upper end of the 

spectrum that Keith and Padden (12) have estimated to be 

reasonable values for their parameter ~ In addition, the 

size of this outer ring is certainly not the same order of 

magnitude as the size of the fibril width as suggested by the 

same authors. In an attempt to ascertain whether the 

material surrounding isolated spherulites was associated with 

an impurity concentration, the following study of 

interspherulitic boundaries was undertaken. It was 

considered that if the spherulites were allowed to grow to 

impingement prior to etching, then the relatively thick 
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boundary layer would necessarily accumulate at spherulite 

boundaries and prevent interspherulite continuity. 

In Fig. 2 . 17, the very well defined interface between 

two impinging spherulites is depicted at the fibrillar level, 

especially as given within the higher magnified region. It 

is clear from these micrographs that there appears to be good 

interfacing of the crystalline fibrils of one spherulite with 

those of neighboring spherulites. Very little indication is 

given for an accumulation layer of impurity trapped between 

spherulites. Note that in these same micrographs the ring of 

questionable structure surrounds the spherulites only on the 

interface between f ibrillar and amorphous matrix. 

In fact, no strong comments can be made based solely on 

these micrographs as regards to the connectivity of lamellae 

between spherulites, however, the micrographs do suggest that 

there is a general connectivity of the fibrils. In 

particular, the reader notes that upon etching, the 

interf ibrillar material is chemically removed and the 

remaining troughs or voids often extend from between two 

radial fibrils of one spherulite to between two fibrils of a 

neighboring spherulite . This is particularly obvious when 

the fibrils of the two spherulites are lying within the same 

plane and opposing each other. Even in the case where these 

fibrils are adjoining another spherulite in a more orthogonal 

approach (see Fig. 2.18), there still appears to be 

considerable continuity across the interspherulitic 
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A 

B 

Figure 2.17. impinging spherulites isothermally 
crystallized at 120 after severe etch treatment. 
A) Low magnification resolution with ring of unknown 
material at the spherulite/amorphous interface. 
Magnification 300x. 
B) High magnification resolution of 
spherulite/spherulite interface highlighting fibrillar 
level continuity. Magnification 500x, insert 
magnification 1500x. 
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Figure 2.18. Impinging spherulites crystallized isothermally 
at 140 C after severe etch treatment. 
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boundaries, possibly suggesting that good connectivity of the 

fibrils between spherulites can also occur even when they 

approach each other in a nonaligned manner. It might be 

mentioned that such good connectiveness does not occur at 

interspherulitic boundaries of all spherulitic materials. 

Specifically, there have been studies which indicate that 

when the spherulitic crystallization develops from a system 

containing 

considerable 

impurities such 

low molecular 

as a tactic species, 

weight fractions, 

or 

this 

noncrystallizable material will often be concentrated at the 

interspherulitic boundaries and may lead to poorer fibrillar 

interaction across the boundaries (13). However, for the 

copolyester system discussed here, there appears to be 

considerable interfacing of the crystalline fibrils from one 

spherulite to another at the boundary regions. This effect 

seems independent of the angles at which the fibrils may 

approach each other. The micrographs in Fig. 2.19 show an 

area of multi-spherulitic impingement. All three levels of 

magnification give a clear indication of good 

interspherulitic interfacing through the radial fibrils . It 

is particularly interesting to note that at the very vertex 

of where several of these spherulite boundaries come 

together, a "void" is distinctly noted of a size that is 

large relative to that of the interfibrillar regions where a 

material of lesser crystallinity had resided. It is 

suspected that this void region comes as a result of not only 
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Figure 2.19. Area of multispherulite impingement after severe 
etch treatment. Isothermal crystallization temperature 
160 c. 
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a low crystallinity fraction that had resided at this point, 

but also, likely from the fact that there may have been 

actually a partial void area in this regions due to the 

densification that occurred during the initial 

crystallization. Such void formation has been noted by 

others in crystallization studies of polypropylene (133). 

Similar multi-spherulitic impingement boundaries are shown in 

Fig. 2.20. In this case, however, the modified low 

temperature etching technique was used to highlight the 

crystalline textures in contrast to the results of the 

coarser sodium carbonate etching just described. It is quite 

clear that as one observes these specific micrographs, there 

is little doubt about the overall crystalline fibril 

interaction. Thus, the nature of the boundary region 

observed in some of the 

matrix 

previous 

interface 

micrographs at 

is probably 

the 

not spherulite/amorphous 

associated with the an 

addition, the thickness 

accumulation of impurity. In 

of Keith and Padden's postulated 

impurity layer, if, in fact, it exists, must be closer to the 

dimensions of 

interspherulitic 

discussed above. 

a fibril 

connectivity 

in order to allow for the 

shown in the micrographs 

Figure 2.21 shows several micrographs wherein the 

spherulitic growth has been terminated by quenching just at 

the onset of spherulite impingement. By increasing the 

temperature of the sodium carbonate etching solution to 100 
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A 

B 

Figure 2.20. Impingement boundaries between spherulites 
isothermally crystallized at 180 C after refined etch. 
A) Point of impingement between three spherulites. 
Insert magnification highlights aligned f ibrillar 
impingement. Magnification 500x, insert magnification 
1500x. 
B) Impingement boundary between two spherulites with 
fibrils in an orthogonal approach. Magnification 3000x. 
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Figure 2.21. Spherulites at incipient impingement after a 
very severe etch. Isothermal crystallization at 140 C. 
A) Detail highlights "reach across" phenomenon. 
Magnification 500x, insert magnification 1500x. 
B) Detail highlights lack of resolution available at 
enhanced etch severity. Magnification 500x, insert 
magnification 1500x. 



225 

C, a very severe etch was affected so that all the amorphous 

material surrounding spherulites was totally removed leaving 

clusters of impinging spherulites. As seen in Fig . 2.21, 

just at incipient impingement, fibrils tend to reach across 

the gap between spherulites as if the rate of crystallization 

in these local region was accelerated. Unfortunately, the 

level of detail in these micrographs is somewhat washed out 

due to the diminished selectivity at these relatively severe 

etching conditions. This lack of detail not withstanding, 

the observation of extended fibrils between spherulites is 

considered sound and an attempt at rationalizing the 

phenomenon is based upon theories similar to those used by 

previous authors to explain the nature of interlamellar links 

(47-49). 

Keith, Padden, and 

intercrystalline links in 

Vadimsky (49) 

polyethylene 

suggest that 

are themselves 

crystalline in nature and that the C crystallographic axis of 

these crystalline links are parallel to the long axis of the 

link. As crystallization proceeds in two adjacent lamellae 

by the usual chain folding mechanisms, some individual 

molecules which are known to chain fold in both the adjacent 

lamellae are drawn taut between the two lamellae. These taut 

molecules are then considered to act as chain extended 

substrate for further chain extended crystallization. Since 

chain folded structures are not observed in these 

intercrystalline links, and under normal quiescent 
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crystallization conditions extended chain crystallites are 

considered to be energetically unfavorable, Keith, Padden, 

and Vadimsky (49) were forced to postulate the following 

theory. They supposed that the crystallization processes in 

the vicinity of a taut tie molecule were occurring in a flow 

field that was sustained by the narrow channel surrounding 

the link. This flow orients the molecules and, thus, favors 

the growth of chain extended molecules. 

Extension of some of these principles to the region 

between spherulites is considered to explain the extended 

fibrils that exist between spherulites at the onset of 

impingement. It is postulated that as the gap between growing 

spherulites is closed the melt between the spherulites may 

flow. The origin 

depletion mechanism 

of this flow may simply originate from a 

associated with the densification on 

crystallization. As two spherulites begin to compete for the 

same element of fluid, the material between spherulites may 

be elongated to a certain extent. This elongation would 

necessarily orient the melt and increase the local level of 

supercooling. Increased supercooling would lead to increased 

crystallization rates in the nucleation controlled regime . 

Thus, fibrils tend to grow faster in the region of 

impingement and the observed gap bridging by fibrils in the 

vicinity of impingement is accelerated. The observation of 

this "reach across" phenomenon would also suggest that the 

structure which is observed at the spherulite/amorphous 
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matrix interface is not an impurity layer. 

Prior to the discussion of the uniaxial deformation of 

will serve to summarize that the 

(hydrolysis) employed on this 

isolated spherulites, it 

methods of chemical etching 

copolyester to enhance crystalline textures are, in fact, 

very effective in the elucidation of spherulitic morphologies 

as investigated by scanning electron microscopy. The 

principal spherulitic texture accessible by this technique is 

the fibril or lamellar bundle. The texture revealed by 

chemically etching the film suf aces of two dimensional 

spherulites is seen to be representative of bulk structures. 

The nature of this fibril has been shown to change with 

crystallization temperature, and play an important role in 

the development of interspherulitic connectivity. It is 

believed that the ability to distinguish individual fibrils 

within the spherulites is in part due to the copolymer nature 

of this polyester. As suggested in the theory of spherulitic 

crystallization as proposed by Keith and Padden, the 

exclusion of impurities to interfibrillar regions tends to 

separate the fibrils. Chain sequences dominated by high 

lactic acid content would certainly be an effective impurity 

assuming that sequences of this low percentage constituent 

would not participate in the crystallization of the primary 

poly(glycolic acid) crystal lattice. The ability to 

distinguish these fibrils is also augmented by the 

development of the hydrolytic etch for the removal of the 
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lower crystallinity material excluded to interfibrillar 

regions. Thus, the basis for the characterization of 

spherulitic textures with this novel technique has proven 

valuable in the study of undeformed spherulites and holds 

some promise for the investigation of deformed spherulitic 

morphologies to follow. 



2.3.2 SPHERULITE DEFORMATION IN UNIAXIAL COLD DRAWING 

In classic cold drawing experiments, a material of 

constant cross-sectional area is elongated at constant 

crosshead speed until sample failure. The nominal 

(engineering) stress-strain curve exhibits first a linear 

Hookian region which terminates in a yield point 

characterized by a yield stress and a yield strain. 

Concurrently, at some point of sample nonuniformity, a flat 

constriction appears which can develop into two necks which 

propagate through 

transforming the 

stronger material. 

nominal drawing 

the sample in opposite directions 

original sample into an oriented and often 

During the propagation of the neck, the 

stress remains constant or 

increases slightly as the necks 

very nearly 

traverse the total gauge 

length of the sample and approach the sample restraining 

clamps. The ratio of the 

completion of neck propagation 

length of the sample after 

to the original gauge length 

is the natural draw ratio. Occasionally, as in the system 

described here, one neck will preferentially propagate until 

the natural draw ratio between the point of neck nucleation 

and restraining clamp is attained. At this point the second 

neck propagation is reinitiated at the original point of 

nucleation with a concomitant stress rise and completes the 

constant stress elongation by converting the balance of the 

gauge length to the natural draw ratio. In either case, the 

229 



230 

continued application of tensile strain to the necked sample 

results in an increasing tensile stress which reflects the 

higher strength imparted by the previous necking orientation. 

The sample will finally fail at a stress and strain which 

characterize the ultimate properties of the material. As 

described in the introduction, the primary concern in this 

work is with the interaction of a cold drawing neck with 

isolated spherulites in an amorphous matrix. The neck has 

been shown to be the macroscopically observable mechanism 

associated with the spherulite-to-microfibrillar 

transformation (8). 

Of paramount importance is the nature and formation of a 

neck in cold drawing phenomena. In semicrystalline polymer 

materials above the glass transition, such as polyethylene, 

in which this behavior has been studied extensively, the 

rationalization of neck formation is considered to hinge 

around the nucleation and growth of crazes (2,6,7). As 

discussed in the introduction , these crazes have been 

observed with various electron microscopy techniques and are 

considered crucial in the transformation of spherulitic 

materials to a microfibrillar structure. Craze formation is 

also a deformation mechanism common in glassy amorphous 

polymers. In fact, crazes in both glassy and semicrystalline 

polymers appear essentially identical (134,135). Nucleation 

of crazes occurs at the yield point and begins propagating 

with increased strain. A neck forms when craze growth 



231 

continues locally until much of a given cross-section is 

participating in a craze 

noted that shear bands 

phenomenon (134). It should be 

are a second type of post yield 

deformation mechanism and often compete with crazes in 

causing post yield strain (natural draw ratio). As compared 

to shear band mechanisms, substantially larger length 

increases and energy absorption result from craze formation 

in polymeric materials (134-136) . 

For amorphous polymers below the glass transition 

temperature, it would naively appear that molecular mobility 

is not sufficient to allow for the formation and propagation 

of a neck and/or crazes in which relatively large levels of 

deformation are experienced. However, many amorphous 

polymers do, in fact, exhibit this ductility at temperatures 

below the glass transition indicating that long range 

molecular motions are taking place. Two successful 

approaches have been taken to explain this cold flow: (1) 

the energy barriers to segmental molecular motion are biased 

under the influence of an applied stress so that the stress 

is assumed to transform the glass into a liquid-like state 

(137,138), and (2) the dilational component of the applied 

stress increases the free volume and, hence, the segmental 

mobility to the point where the molecular chains respond in a 

way characteristic of a polymer liquid (139-141). It is the 

latter set of theories, 

behavior of polymer 

which stem from the non-equilibrium 

glasses, that have found the highest 
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level of acceptance (142) . In fact, microcrazes and shear 

banding have been readily observed in the cold drawing of 

glassy polymers in direct analogy to those observed in 

semicrystalline systems suggesting that the mechanisms of 

cold drawing in these two classes of material are similar 

(135). 

In the drawing process, one of the most important 

parameters is temperature. Since the deformational work in 

the very localized neck is nearly completely transformed to 

heat, the temperature of the sample increases in the neck 

(143). This is true for both the drawing of crystalline 

polymers (66) as well as for amorphous (glassy) materials 

(6). Consequently, the drawing often occurs at a higher 

temperature than the environment. The extreme case occurs 

when no heat is transferred to the surrounding environment 

and the drawing is considered to occur adiabatically. This 

type of heating becomes immeasurably small at small strain 

rates because the heat generated at a low rate can be 

dissipated relatively quickly to the surrounding environment. 

Conversely, at high strain rates, the effect has been shown 

to raise the temperature of material by as much as 40 C 

(144) . Although localized heati ng was one of the first 

explanations for the cold drawing phenomenon (143), localized 

heating is not a necessary prerequisite for the observed 

strain softening at yield 

fact, the formation of a 

and the formation of a neck. In 

neck has been sustained under 



233 

conditions which minimize if not obviates local heating 

(145). 

The classic cold drawing has been exhibited by the 

amorphous copolyester utilized in this study. Figure 2.22 

shows a stress-strain curve generated in a typical uniaxial 

deformation experiment as described in the experimental 

section. The critical parameters for the study undertaken 

here are the yield stress, drawing stress, and the natural 

draw ratio. The yield stress is calculated from the measured 

force at position A in Fig. 2.22 divided by the original 

cross sectional area. The drawing stress is calculated as 

the steady neck propagation force divided by the original 

cross sectional area (see marker B in Fig. 2.22). Finally, 

the natural draw ratio is defined as the deformed sample 

length at point C divided by the original gauge length. 

Note, the intermediate stress increase required to reinitiate 

the neck since single neck propagation was typical for this 

material. All mechanical properties reported in this 

discussion were determined from totally amorphous samples 

uniaxially deformed at room temperature and at constant 

crosshead speed. 

It can be anticipated from the discussion of the 

mechanisms of neck formation and enhanced molecular mobility 

in amorphous polymers that the non-equilibrium behavior of 

this amorphous material might play a crucial role in 

determining the mechanical response. It has been well 
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documented that 

properties 

Thus, the 

as 

physical aging 

Young's modulus 

has affected such mechanical 

and yield strength (146). 

non-equilibrium state of this amorphous system has 

been carefully controlled. Samples prepared for mechanical 

testing were briefly held at temperatures above the glass 

transition (43 C) and quenched to room temperature prior to 

uniaxial deformation. Variations in mechanical properties 

could be induced by varying the amount of time spent at room 

temperature prior to stretch . The proximity of the glass 

transition temperature to room temperature has a dramatic 

effect on the rate of volume recovery for this system. 

Higher molecular level mobility at temperatures close to the 

glass transition would be comparatively large, thus, 

accelerating the volume recovery process (146). A series of 

DSC scans of the glass transition as a function of annealing 

time at 25 C after a similar quench from above the glass 

transition is plotted in Fig. 2.23. The increase in the area 

of the endothermic peak at the transition document the 

enthalpy recovery which is seen to increase after relatively 

short annealing times. Compare, for example, the time scale 

of enthalpy recovery for atactic styrene at similar thermal 

histories (147). Thus, 

response are expected on 

copolyester of study. 

As mentioned in the 

parallel changes in mechanical 

a similar short time scale for the 

introduction, the primary goal of 

the work discussed in this section was to simulate the 
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Figure 2.23. DSC thermograms of the glass transition of the 
amorphous copolyester as a function of sub-Tg annealing. 
Curve A: 10 seconds at 25 C. 
Curve B: 100 seconds at 25 C. 
Curve C: 500 seconds at 25 C . 
Curve D: 1000 seconds at 25 C. 
Curve E: 5000 seconds at 25 C. 
Curve F: 10,000 seconds at 25 C. 
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deformation in a controlled mechanical spherulitic 

environment. This was experimentally accomplished by cold 

drawing predominantly amorphous material into which several 

isolated two dimensional spherulites were embedded by 

appropriate thermal treatment (see experimental section). 

Based on the discussion above, it is felt that the cold 

drawing response of the amorphous matrix surrounding the 

isolated spherulite can be very similar to the cold drawing 

response of semicrystalline materials such as polyethylene. 

It is under these unique conditions that the spherulite-to-

microfibrillar morphology change was investigated for 

isolated spherulites. In order to look only at the 

influences of the neck on the deformation of spherulites, the 

films was terminated at elongation of spherulite containing 

point C in Fig. 2.22. The added 

change the mechanical response 

benefit of being able to 

of the matrix with sub Tg 

annealing added another dimension to the study. As indicated 

in the experimental section, all the spherulites in the 

deformation study were crystallized at 160 C. A series of 

spherulite containing films were deformed after an annealing 

period of 50 seconds at 25 C. Various levels of spherulite 

deformation could be obtained depending on the elongation 

rate imparted to the sample. The influence of elongation 

rate on spherulite morphologies will be documented in a 

series of micrographs depicting spherulites drawn in samples 

elongated at 50%/min., 500%/min., 1000%/min., and 2000%/min. 
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Figure 2.24 depicts a spherulite after necking at the 

lowest elongation rate. Unless otherwise indicated, all the 

micrographs of this study will always be presented in such a 

fashion that the neck has passed through the field of view 

from bottom to top. In this particular case very little 

spherulite deformation was imparted by the cold drawing neck. 

The polar regions show some fracture perpendicular to the 

action of stress. It is these quadrants where in the 

lamellar bundles or fibrils would be expected to bear the 

load in a fashion that would tend to elongate the fibrils. 

Note that the polar region in which the fracture occurs is 

delimited by two imaginary diameters which cross in the 

center of the spherulite and include an acute angle of 

approximately 60 degrees whose bisector runs directly north 

and south through the spherulite center. The equatorial 

quadrants show that the lamellar bundles have remained 

undisturbed. The micrographs in Fig. 2.25 show various 

enlargements of the polar and equatorial quadrants of the 

spherulite in Fig. 2.24. Of special interest is Fig. 2.25C 

in which it appears that during the fracture of the fibrillar 

structure a very thin sheet is delaminated from the fracture 

fragment suggesting that something close to a single lamellar 

layer has been separated from the fibrillar structure. 

A spherulite, which was embedded in a tensile sample 

elongated at 500%/min., is shown in Fig. 2.26. The load 

bearing fibrils in the polar regions show appreciable 



Figure 2.24. Isolated spherulite after cold draw neck. 
Elongation rate 50%/min. Sub Tg annealing 50 seconds at 
25 c. 
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A 

B 

c 

Figure 2.25. High magnification resolution of polar and 
equatorial regions of spherulite in Fig. 2 . 23. 
A) Upper polar region. 
B) Equatorial region. 
C) Lower polar region. 
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Figure 2.26. Isolated spherulite after cold draw neck. 
Elongation rate 500%/min. Sub Tg annealing 50 seconds 
at 25 C. Magnification 500x . 
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fracture with cracks perpendicular to the draw direction. 

There is a sharp delineation between load bearing fibrils and 

the bulk of the spherulite structure which is shown in Fig. 

2.27A. In addition, there appears to be a part of the 

spherulite in the lower pole region which has undergone 

plastic deformation. The structure is significantly 

different in this region which warrants a change in the 

chemical etch recipe if the detail of the structure is to be 

revealed . Figure 2 . 27B highlights the lack of structure 

definition. The structure associated with this type of 

plastic deformation will be discussed in 

micrographs of spherulite deformed at higher 

subsequent 

elongation 

rates. Figure 2.27C shows 

original spherulite fibrillar 

a sharp boundary between the 

texture and the plastically 

deformed region. A slight spherulite elongation can be noted 

which results from both the extensive brittle fracture of the 

polar regions and the onset of plastic deformation of the 

lower polar region. Due to this elongation, the fibrils in 

the equatorial region have begun to show signs of splaying, 

see Fig. 2.27D. 

In more conventional semicrystalline systems where 

spherulites are volume filling in nature, it is often the 

equatorial regions that are shown to deform before the polar 

regions deform (22,55) . In the spherulite of Fig. 2 . 26 and 

subsequent spherulites which are shown to elongate even more 

dramatically, the splaying of the equatorial fibrils is 
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Figure 2.27. High magnification resolution of polar and equatorial regions of 
spherulite in Fig. 2.26. 
A) Lower polar region. 
C) Lower polar region. 

B) Extreme lower polar region. 
D) Equatorial region. 

I:\:) 
~ w 



244 

contingent upon the elongation of the load bearing fibrils of 

the polar regions . Thus, the strength of a spherulite in 

elongation is seen to depend in a large part upon the 

integrity of fibrils from polar region to polar region. This 

observation appears to be withstanding despite the fact that 

near the spherulite center the population of fibrils which 

are favorably oriented to bear the applied tensile load is 

significantly diminished. This morphological detail may 

explain the rupture of spherulites at their centers in other 

studies of spherulitic deformation (148). 

Figure 2.28 depicts a spherulite which was elongated in 

a sample that underwent drawing at an initial strain rate of 

1000%/min. Clearly, a significant deformation has been 

sustained by this spherulite, although the deformation is 

unsymmetrical. The neck propagated through the sample 

upwards from the bottom of the field of view and first 

reached the spherulite at its lower extremities. Hence, the 

neck deformed the lower polar region first . As suggested 

from the flow pattern in the surrounding material, the 

deformation stresses at the instant the neck was 

approximately half way through the spherulite were enough to 

preferentially deform the material above the spherulite. The 

yielding of the matrix above the spherulite allowed the neck 

to pull the upper portion of the spherulite undeformed from 

the restraining matrix. A similar spherulite is shown in Fig. 

2.29 which tends to highlight the partial deformation 
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Figure 2.28. Isolated spherulite after cold draw neck. 
Elongation rate 1000%/min. Sub Tg annealing 50 seconds 
at 25 C. 



Figure 2.29. Isolated spherulite after cold draw neck, side view with specimen 
stage tilt (300). Elongation rate 1000%/min. Sub Tg annealing 50 seconds 
at 25 C. 
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mechanism described above. In this second micrograph, the 

specimen stage was tilted so as to empasize the variations in 

thickness within the deformed spherulite. The neck in this 

micrograph progressed from left to right. Clearly, those 

portions of the spherulite which have been deformed show a 

thickness reduction commensurate with the surrounding 

amorphous material. The regions of the spherulite which 

remain undeformed are much thicker than the surrounding 

matrix reflecting the severe difference in local levels of 

deformation. In addition, it can be concluded from the 

thickness profile of the spherulite in Fig. 2.29 that the 

region of the cold draw neck is smaller than the spherulite 

diameter. 

Figure 2.30 is a schematic of the deformed spherulite in 

Fig. 2.28 which is used to map the location of the areas 

singled out for a more detailed structure investigation. 

Figures 2.31, 2.32, and 2.33 detail the structure as 

referenced in Fig. 2.30. Higher magnifications of the 

undeformed regions of the spherulite are shown in Fig. 2.31. 

The structure is fairly typical of the structure seen in 

section 2.3.1 and, thus, is consistent with the large scale 

observation that this region of the spherulite did not 

sustain any appreciable deformation. Figure 2.32 reveals the 

structure in and around the equatorial regions of the 

spherulite. The part the deformation in this region is 

characterized by the splaying of the f ibrillar texture. As 
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-r--+--- FIG. 33A ---

--r-:f----- FIG. 33C ---

Figure 2.30. Schematic of deformed spherulite in Fig. 2.28 
detailing areas of high magnification in Figs. 2.31, 
2.32, and 2.33. 



249 

A 

B 

Figure 2.31. High magnification detail of deformed spherulite 
in Fig. 2.28, see Fig. 2.30 for location within 
spherulite. 

A) Magnification 3000x. 
B) Magnification 3000x. 
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A 

B 

Figure 2.32. High magnification detail of deformed spherulite 
in Fig. 2.28, see Fig. 2.30 for location within 
spherulite. 

A) Magnification 3000x. B) Magnification 3000x. 
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A 

B 

c 

Figure 2.33. High magnification detail of deformed spherulite 
in Fig. 2.28, see Fig. 2.30 for location within 
spherulite. 
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described in the introduction, the material in this region of 

a spherulite tends to respond to the applied uniaxial stress 

field based on a series mechanical model. The amorphous 

material between lamellae or lower crystallinity material 

between fibrils tends to deform in lieu of the stronger 

relatively well perfected crystal structure of lamellae and 

lamellar bundles. Note in Fig. 2.32B that as one progresses 

away from the equatorial region toward the lower polar 

region, the splaying behavior takes on a shear component. 

Figure 2.33 shows the structure of the fibrillar texture as 

the progression toward the lower pole is continued. Clearly, 

as the deformation of the lamellar bundles takes on a more 

direct elongational component (ie. the applied stress is 

coincident with the long axis of the fibrils), their 

conversion to a microf ibrillar texture becomes increasingly 

evident. This is very indicative of Peterlin's model (1-

3,8,72-80). On close inspection, the microfibril texture 

resembles stacks of block-like entities. This texture can be 

rationalized in terms of a popular model for spherulite-to-

microfibrillar transformation which advocates the conversion 

of the original lamellae into a 

structure known as microfibrils. 

are on the order of 100 A to 300 A 

row nucleated type of 

Recall that microf ibrils 

in width as revealed by 

electron microscopy work on the formation of microf ibrils in 

thin spherulitic layers of polyethylene where the pulling out 

of microf ibrils at crystal cracks can be directly observed 
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(53,54). In this case, the microfibrils consist of folded 

chain blocks broken off the lamellae primarily by a chain 

slip mechanism within individual lamella. Chains which 

bridge the gap between lamella fragments are unfolded during 

the deformation process and connect, in the axial direction, 

the mosaic blocks in the microf ibril and act as tie molecules 

within the microfibril. In bulk crystallized samples (ie. 

not thin films), these mosaic blocks of individual 

microfibrils often melt, recrystallize, and coalesce 

laterally into a new lamella arrangement in an alternating 

crystalline/non-crystalline layer structure due to the 

influence of local strain energy (54). Although the 

resolution of individual microfibrils is not anticipated at 

the level of magnification available in this study of 

isolated spherulites, the lateral coalescence of the mosaic 

blocks of the microfibrils is clearly seen in Figs. 2.33B and 

2.33C. Although these spherulites are two dimensional in 

nature, they are in films thick enough to simulate bulk 

crystalline behavior. Note that the periodic texture along 

the orientation direction induced by the chemical etch may be 

due to the increased susceptibility of the tie molecules to 

chemical degradation. Within the micrograph of Fig. 2.33B in 

particular, the individuality of the spherulitic lamellar 

bundle (fibril) precursors is somewhat maintained possibly 

through the preferential coalescence of the mosaic blocks 

between only those microf ibrils that are formed by the 
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same lamellar bundle. 

shows the spherulite 

amorphous sample elongated at 2000%/min. 

elongation rate, the deformation appears to 

more symmetric. An edge-on perspective 

deformed in an 

At this highest 

be quite a bit 

view of a similar 

spherulite in Fig. 2.35 confirms that both polar regions 

undergo a more balanced degree of deformation when compared 

to the spherulite elongated at 1000%/min. 

Figure 2.36 details the structure of the spherulite 

depicted in Fig. 2.34. Figure 2.36A is a higher resolution 

micrograph of the structure of the spherulite in Fig. 2.34 at 

the upper polar region. The texture in this micrograph would 

suggest that the deformation of the original spherulitic 

f ibrillar structure in this region was similar to the 

deformation mechanism of the polar regions in the spherulite 

of Fig. 2.24. Specifically, it appears that the spherulite 

has fractured generating fracture surf aces that are 

perpendicular to the direction of draw. It is interesting to 

note that the structure on the ridges between the fractures 

is nearly identical to that expected in an undeformed 

spherulite. In this particular micrograph, this undeformed 

f ibrillar structure appears slightly washed out due to the 

fact that the etching conditions in this case were tailored 

to be of a more severe nature necessary in order to highlight 

more important structural details in the lower polar regions 

where a more plastic deformation occurs. Figure 2.36B shows 
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Figure 2.34. Isolated spherulite after cold draw neck. 
Elongation rate 2000%/min. Sub Tg annealing 50 seconds 
at 25 C. 



Figure 2.35. Isolated spherulite after cold draw neck, side view with specimen 
stage tilt (300). Elongation rate 2000%/min. Sub Tg annealing 50 seconds 
at 25 C. 

(\) 
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Figure 2.36. High magnification 
equatorial regions of deformed 
A) Upper polar region. 
B) Equatorial region. 
C) Lower polar region. 

resolution of polar and 
spherulite in Fig. 2.34. 
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the equatorial region of the spherulite of Fig. 2 . 34 . The 

typical splaying of the fibrils is suggested but the 

individual fibrils are not all · intact since the etch was 

quite a bit less discriminating in its hydrolysis of the 

semicrystalline material . The most interesting structure can 

be seen in the lower polar regions in which the neck first 

encountered the spherulite, see Fig . 2 . 36C. In this region a 

fully developed microfibrillar texture is observed . It is 

very similar to the layered structure described in the lower 

polar regions of the spherulite deformed in the elongation 

scheme at 1000%/min. with the exception that all remnants of 

the original lamellar bundle structure have been expunged. 

Although the streaking texture parallel to the stretch 

direction is suggestive of the microf ibrillar orientation, 

individual microfibrils can not be resolved. However, the 

clear layer structure along the fiber direction was 

effectively enhanced by the more severe etching conditions 

imposed by raising the etch temperature to approximately 100 

C. Recall that this structure is surprisingly similar to 

surf ace replicas of drawn bulk polyethylene samples which 

show this same stacked lamellar structure perpendicular to 

the uniaxial draw axis (81). This structure was subsequently 

shown to be the result of lateral coalescence of the crystal 

blocks of the microfibrils which occurs in bulk sample 

deformation (58,59). 

At this point it may serve to present a pictorial model, 
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proposed by Peterlin (80), for the deformation of lamellar 

structure into microfibrillar structure . Figure 2.37 shows 

the tilting and slipping of 

microcraze formation and chain 

regions wherein the lamellae are 

lamellae which leads to 

unfolding . In the polar 

known to have their fold 

surface parallel to the direction of draw, the chain tilting 

and slip is initiated by a relative motion between adjoining 

lamellae. This relative motion is thought to pull taut the 

interlamellar tie molecules that bridge the interstitial 

amorphous layers. The irregular distribution of the taut tie 

molecules tends to shear the larnellae leading to tilt and 

slip at the onset of a microcraze. This assumes a relatively 

pliable (shearable) interstitial amorphous layer. The 

microcraze then grows by the pulling out of mosaic blocks 

(fragments) of the lamellae and unfolding of microfibrillar 

tie molecules as the microf ibrillar phase grows at the 

expense of the larnellar structure. The cooperative 

organization of adjacent microf ibrils to allow the mosaic 

blocks to coalesce into a new lamellar arrangement or layered 

structure perpendicular to the draw direction is also shown. 

This model seems to account for the main feature of the 

morphology change in the lower polar regions of the deformed 

spherulites discussed above. This feature being the 

development of a fine layered structure perpendicular to the 

draw axis at the expense of the original larnellar bundle or 

fibrils seen in the undeformed spherulites. The explanation 
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---: 

Figure 2.37. Model depicting transformation of lamellar 
texture into microf ibrillar morphology in polar region 
of spherulite. 
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of why this texture change is favored by higher deformation 

rates was sought through a detailed study of the mechanical 

response of the amorphous matrix surrounding the spherulite. 

As discussed previously, the three principal parameters 

used to characterize the mechanical response of the amorphous 

matrix are yield strength, drawing stress, and natural draw 

ratio. These parameters have been plotted in Fig. 2.38 as a 

function of the initial strain rate imposed on the sample 

during uniaxial elongation for samples annealed at 25 C for 

50 seconds. The yield strength is seen to increase 

monotonically with the logarithm of the elongation rate. 

Similarly, the drawing stress begins as a monotonically 

increasing function of the logarithm of elongation rate. 

However, at rates approaching 500%/min., there appears to be 

a step decrease in the draw stress. At rates approaching 

2000%/min., the draw stress functionality seems to re-

establish a slightly positive slope. This suggested that 

there was a change in mechanism between the necking behavior 

above and below 500%/min. that was coincident with the onset 

of the spherulite plastic deformation described above. It 

was suspected that at elevated elongation rates the local 

deformation rate was high enough to foster an adiabatic 

heating of the material in the region of the neck. As will 

be emphasized shortly, the concurrent increase in the natural 

draw ratio at 500%/min. offers additional evidence for 

localized heating. These observations are also consistent 
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with the transition from a shear band mechanism of neck 

formation at low elongation rates to a craze propagation at 

higher elongation rates. Since a crazing mechanism is 

associated with the spherulite-to-microfibrillar transition 

in semicrystalline materials, it stands to reason that their 

speculated occurrence at rates above 500%/min. in this 

predominantly amorphous system would encourage similar 

deformation of the isolated spherulites embedded therein. 

In order to test the hypothesis for localized conversion 

of mechanical work into heat, a series of wide angle X-ray 

experiments were performed on materials drawn to point C in 

Fig. 2.22 (ie. the draw was terminated before post neck 

strain hardening). Figure 2.39 reports the diffraction 

patterns generated for the incident beam normal to the f ilrn 

surf ace of the tensile specimen and the draw direction 

vertical. For samples drawn at rates below the critical rate 

of 500%/min., the diffraction patterns clearly indicate a 

moderately oriented amorphous material. As the elongation 

rate is increased, the diffraction patterns show increasing 

evidence for crystallinity. The level of orientation in the 

crystallinity suggests the following mechanism . The local 

strain energy at the deformation zone boundaries (neck) is 

sufficient to raise the temperature into a regime where 

crystallization can occur (above Tg). Once above Tg, the 

tensile stress finds little resistance to deformation (lower 

draw stress) and a large draw ratio results (higher values of 
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Figure 2.39. Wide angle X-ray diffraction patterns of 
amorphous copolyester drawn to natural draw ratio from 
material with sub Tg annealing of 50 seconds at 25 C. 
Initial strain rates: 
A) 50%/min. B) 500%/min. C) 1000%/min. D) 5000%/min . 
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natural draw ratio). Concurrently, strain induced 

crystallization behind the propagating neck tends to localize 

the draw through a strain hardening mechanism and further 

concentrates the generation of heat. The important point, 

however, is that the temperature the material sees at the 

neck is above the glass transition temperature . 

Thus, at the lowest strain rates employed, the neck does 

not support enough localized heating to induce the large 

scale deformation of the embedded spherulites. The 

temperature rise at the 

500%/min. is postulated 

neck at strain rates exceeding 

to facilitate the spherulitic 

deformation by softening the predominately amorphous material 

between lamellae. This then allows the relative motion of 

two adjacent lamella under the elongational load supplied by 

the same neck. In so doing, the tie molecules can be drawn 

taut allowing the shear/slip mechanism described above to be 

operative and the microcrazes formed under tensile stress 

will necessarily grow with yielding of the lamellar 

structure. Without the temperature rise the material between 

lamellae behaves as a glass and the incipient microcrazes 

will degenerate to brittle cracking. If this rationale can 

be discussed a bit further, it is postulated that there is 

enough difference between the mechanical response of the 

included spherulite and the surrounding matrix . that the 

localized heating may well be dissipated as the neck 

propagates through the spherulite. Thus, in the lower half 
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sees the propagating neck first, 

initially to allow for stable craze 

growth and the plastic deformation of lamellae. As the neck 

and/or the localized heating associated with the neck is 

dissipated part way through the spherulite, the spherulite 

can resist plastic deformation in one of two mechanisms. 

First, if the yield strength of the material above the 

spherulite is low enough, the spherulite will be pulled out 

of the matrix and will remain undeformed, see Figs. 2.28 and 

2.29. Alternately, if the matrix material has an increased 

yield strength, as indicated at higher strain rates in Fig. 

2.38, the upper pole of the spherulite will deform by a 

cracking mechanism resulting in the texture of Fig. 2.34. 

The apparent requirement for sudden and substantial 

elongation at the neck before the spherulite-to-

microfibrillar transformation is realized may also be 

evidence for the local melting of the lamellar structure 

under the influence of the applied strain energy in the 

propagating craze. This mechanism is more difficult to 

rationalize for the copolyester system employed in this study 

as compared to the rationalization given by Peterlin et al. 

(65,66,73) and Juska and Harrison (6,104) for the deformation 

of polyethylene. Recall, Peterlin's model advocates the 

breaking off of the mosaic blocks (fragments of lamellae) 

which are then drawn from the lamellae and incorporated into 

the microfibrils. In this model, the heat of deformation is 
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assumed to be sufficient for the melting of the mosaic blocks 

which then recrystallize to a long period dictated by the 

local draw temperature. Juska and Harrison (6) advocate the 

randomization of the lamellae structure before extension by a 

stress activated melting followed by sudden extension of the 

melt. This results in a strain induced crystallization and a 

proposed shish kebab type of morphology. The higher melting 

points and lower draw temperatures specific to this study (as 

compared to the previous discussions of the drawing of 

polyethylene at elevated temperatures (6,65)) seem to make 

the rationalization of crystal melting at the cold draw neck 

difficult. A larger contribution from the proposed stress 

activated melting point mechanism (6) and/or temperature 

increases higher than previously measured for cold drawn 

necks (143,144) must be operative if melting of the 

copolyester is to occur in and around the ambient draw 

temperatures with the mechanisms proposed above. Data 

presented by Peterlin (81) would tend to indicate that there 

is a lamellar thickness 

a 

change on drawing bulk crystallized 

very thin film samples) which would 

mechanism 

samples (as opposed to 

tend to suggest 

morphology change. Note that 

for 

the 

substantial crystal 

simple unfolding of 

necessarily lead to lamellae into mosaic blocks would 

lamellar thicknesses in the microf ibrils which are identical 

to those of the parent lamellae (58,59). Juska and Harrison 

(6) advocate a compromise that may serve to accommodate the 



268 

severe change in structure observed in this copolyester 

system. Compare the structure of Figs. 2.33 and 2.36C with 

the undeformed spherulitic textures discussed in section 

2.3.1. If the mosaic blocks, once broken off the parent 

lamellae as per Peterlin's premise, have small enough lateral 

dimensions, the concomitant increased surface energy would 

severely depress the melting point, hence, making the stress 

activated transition (Tm) easier to accomplish. Once melted, 

the subsequent high strain would induce a row nucleated 

crystalline morphology with a chain fold period commensurate 

with the local temperature. In this way, both the severe 

change in morphology induced by the cold draw neck in this 

study and the change in lamellar thickness anticipated from 

previous works (65,73,81) might be rationalized. 

In order to investigate the influence of the matrix 

mechanical properties on the deformation behavior of the 

spherulites, the amorphous material surrounding the 

spherulites was physically aged at room temperature for 1000 

seconds prior to uniaxial elongation. The mechanical 

response has shifted as documented in Fig. 2.40. Although 

the general trends in the data are the same as those of Fig. 

2.38, significant differences can be noted. First, the yield 

stress behavior remains linear with the logarithm of strain 

rate, but the stress values are larger than those with less 

volume relaxation as would be anticipated (146). The draw 

stress values at low strain rates are slightly higher than 
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those of the 50 sec. material but tend to converge on values 

identical to those of the 50 sec material as strain rates are 

increased through the transition region . Thus, the local 

heating in the neck at higher strain rates tends to obviate 

any physical aging effects since the local temperatures begin 

to exceed the glass transition. Note that the transition 

region, indicative of strain energy heating in the neck, 

occurs at approximately the same strain rates. Natural draw 

ratio behavior is only marginally lower at the lowest rates 

and also converges on the 50 sec aging behavior in and above 

the transition region. 

natural draw ratio for 

At the highest strain rates, the 

1000 sec physical aging is slightly 

higher than those at 50 secs. 

Figures 2.41, 2.42, and 2.43 are low magnification 

micrographs of spherulites deformed at 100%/min . , 500%/min . , 

and 2000%/min. in a matrix physically aged at 1000 sec . at 25 

C. Detailed micrographs of these spherulites at higher 

magnifications are essentially similar to those previously 

discussed. Without reproducing redundant detail, it serves 

to note that the spherulite deformation behavior as a 

function of elongation rate remains unchanged with some minor 

exceptions. First, the spherulite deformed at 500%/min. 

shows significantly more brittle cracking behavior at the 

poles than its counterpart at 50 sec aging shown in Fig. 

2 . 26. This can be explained by the slightly higher 

deformation of the spherulite even though the interlamellar 
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Figure 2.41. Isolated spherulite after cold draw neck. 
Elongation rate 100%/min. Sub Tg annealing 1000 seconds 
at 25 C. 
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Figure 2.42. Isolated spherulite after cold draw neck . 
Elongation rate 500%/min. Sub Tg annealing 1000 seconds 
at 25 C. 



Figure 2.43. 
2000%/min. 

Isolated spherulite after cold draw 
Sub Tg annealing 1000 seconds at 25 C. 

neck. Elongation rate 
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material was never softened. Since strain energy heating 

does not become significant until higher rates are 

encountered, the only mechanism available for deformation is 

the degeneration of incipient microcrazes to brittle cracks. 

The higher yield stresses of the matrix may serve to more 

closely match mechanical properties between spherulite and 

matrix and foster the enhanced cracking. The spherulite 

deformed at 2000%/min. in Fig. 2.43 shows an almost symmetric 

deformation mimicking the behavior of Fig. 2.32. The etch 

recipe was not as successful on highlighting the structure in 

this spherulite as compared to the spherulite in Fig. 2.32 so 

that any conclusions about the fine texture of the deformed 

spherulite will not be attempted with one exception. On 

comparing the spherulite in Fig. 2.43 with its counterpart in 

Fig. 2.32, it is noticed that the cracking behavior at the 

upper pole is not seen in the spherulite deformed at 1000 

sec. physical aging. It is assumed that the slightly higher 

natural draw ratio recorded for the material physically aged 

at 1000 sec and drawn at the highest strain rates may 

indicate slightly enhanced adiabatic heating in the cold 

drawing neck. This may serve to explain the enhanced 

spherulite drawability especially evident in the upper polar 

regions. 

Stress-strain experiments were attempted on materials 

aged for 10,000 seconds at 25 C. However, as shown in Fig. 

2.44, only a partial spectrum of mechanical response could be 
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obtained . 

all samples 

Above the strain rate of approximately 500%/min., 

tended to fail by brittle rupture before a neck 

could be established in 

rates below 500%/min. 

the samples. Spherulites 

remained undeformed in 

drawn at 

the matrix 

exhibiting very similar behavior to those of Figs . 2.24 and 

2.41 . It is speculated that as the transition rate is 

approached in samples which have seen extended periods of 

volume relaxation, the rate of applied stress is too fast to 

allow deformation . The dilatational component of the stress 

would normally cause an increase in free volume at the point 

of craze formation to the extent that an enhanced molecular 

mobility would lead to the high natural draw ratios measured 

in Figs. 2.38 and 2 . 40. However, at the extreme low levels 

of free volume at these long aging times, the recovery of 

free volume is not fast enough to prevent the incipient 

crazes from degenerating to cracks. Thus, at higher free 

volume recovery brittle failure is precipitated. The 

sustained ductility at rates lower than 500%/min. may be 

attributed to the working supposition that below this 

transition rate (500%/min.) the necking mechanism is of a 

shear banding nature. The local stress concentrations at a 

shear band are not as severe as those associated with a craze 

and, thus, the shear band neck is stable although still not 

capable of deforming an included spherulite. 

In summary, the changes in semicrystalline morphological 

texture brought about in the deformation of isolated 
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spherulites embedded in an amorphous matrix by the cold 

drawing of the matrix can be well correlated to the classic 

spherulite-to-microfibrillar transformation documented in the 

literature. These textures were successfully revealed 

through the use of a chemical etch technique for observation 

via scanning electron microscopy. 

The mechanical response of the amorphous matrix was 

shown to affect the degree of spherulitic deformation . Cold 

drawing necks which were generated above a threshold 

elongation rate resulted in a substantial conversion of 

strain energy into heat and high natural draw ratios. Below 

the threshold rate, it is speculated that a shear band 

mechanism of cold drawing is operative. Above the threshold 

elongation rate, the local heating and high natural draw 

ratios suggest a crazing mechanism. This threshold 

elongation rate correlated with 

deformation which suggested that 

plastic spherulitic deformation in 

the onset of spherulitic 

crazing was the mode of 

this model system . This 

corresponded with the fact that crazing is the documented 

mechanism of spherulite deformation in bulk crystallized 

materials (1). 

The higher degrees of strain energy associated with the 

necking behavior at higher elongation rates were speculated 

to play a pivotal role in rationalizing the spherulite 

deformation mechanism. The increase in temperature above the 

glass transition at the neck allowed for the softening of the 
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interlamellar amorphous material within the spherulite. 

Relative movement between adjacent lamellae activated tie 

molecules into initiating lamellar shear and slip. Following 

the model put forth by Peterlin and coworkers (1,2,78), the 

lamellar shear and slip results in the break up of the 

lamellae into mosaic blocks. Juska and Harrison (6) 

postulate that the stress concentration at the neck causes a 

stress activated melting of the lamellar fragments. The 

resulting melt phase is then extended by the neck to high 

elongations. Strain induced crystallization of the melt 

affected by the draw results in a row nucleated structure 

with folded chain lamellae arranged in parallel stacks with 

their plane surfaces perpendicular to the draw axis. 

Although the typical magnifications accessible in this 

microscopy study did not allow for lamellar level resolution, 

the periodicity of structure was in· agreement with the model, 

see Figs. 2.33 and 2.36C. 

Physical aging of the amorphous matrix had only second 

order effects on the spherulite deformation processes. Since 

the transition strain rate did not shift with decreases in 

free volume, the onset of spherulitic deformation remained 

unchanged. The general increase in yield strength with aging 

did accentuate the spherulite deformations slightly, however, 

spherulite yielding remained most sensitive to the 

characteristics of the cold draw neck propagation. At high 

levels of volume relaxation, the crazing phenomenon at high 
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rates degenerated into a brittle failure mode preventing the 

cold draw at rates which would be expected to deform the 

included spherulites. 



2.4.0 CONCLUSIONS 

2.4.1 THE CHEMICAL ETCH DEVELOPED FOR ELUCIDATING THE 

CRYSTALLINE MORPHOLOGY IN A COPOLYESTER BASED ON GLYCOLIC AND 

LACTIC ACID PROVIDED SOME CLEAR ADVANTAGES IN THE SCANNING 

ELECTRON MICROSCOPY INVESTIGATION OF SPHERULITIC TEXTURES. 

The chemical etch developed was based on methodologies 

used in previous attempts at enhancing crystalline textures 

for electron microscopy study, see review in section 2.1.3. 

Generally, the overall objective was to chemically attack the 

amorphous or less ordered phases more rapidly than the 

crystalline phase. The residual highly crystalline structure 

yielded a surf ace texture readily characterized by scanning 

electron microscopy. In this study, the dimethyl sulfoxide 

component of the chemical etch recipe was intended to first 

penetrate the less ordered regions of the spherulitic 

texture. The water/base constituent, which was miscible with 

the dimethyl sulfoxide, is thought to follow the solvent 

penetration with a hydrolytic attack of the swollen polyester 

material . Due to the inherent resistance of well defined 

lamellar material to solvent swelling and therefor subsequent 

hydrolytic attack, the surface texture induced with the etch 

recipe quoted in the experimental section is considered to be 

representative of the crystalline texture of the spherulitic 
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copolyester. In fact, the structures induced on the film 

surface of the two dimensional spherulites isothermally 

crystallized in this study were shown to be identical to bulk 

spherulitic textures revealed by the etch of cold fracture 

surfaces . By tailoring the severity of the etch through 

appropriate recipe changes (temperature and base type), both 

a coarse and refined texture could be induced into the 

spherulites. Each of these two levels of structure were 

shown to be interrelated . As demonstrated throughout the 

study, both undeformed spherulites and uniaxially drawn 

spherulites showed textures easily rationalized with existing 

theories of spherulitic growth and spherulitic deformation. 



2.4.2 THE COARSE SPHERULITIC TEXTURES INDUCED THROUGH THE 

SEVERE ETCH CONDITIONS WERE INDICATIVE OF THE CLASSIC 

FIBRILLAR TEXTURES DISCUSSED IN THE THEORIES OF SPHERULITIC 

GROWTH DESCRIBED BY KEITH AND PADDEN (11-13). 

The coarse etch recipe revealed a f ibrillar texture in 

isothermally crystallized copolyester spherulites which was 

found to correspond to the fibrous crystalline habit in 

spherulitic materials studied by Keith and Padden (11). As 

reviewed in the introduction (section 2.1.1.2), the theory of 

spherulite crystallization as discussed by Keith and Padden 

(11-13) is contingent on the existence of an impurity rich 

layer at the interface between the growing spherulite and the 

supercooled melt. This impurity layer leads to a 

constitutional undercooling at the spherulitic growth front . 

The resulting destabilization of the crystallization at the 

spherulite surface fosters the development of fibril growth, 

segregation of the impurities to interfibrillar regions, and 

a mechanism of low angle branching of the fibrils. All three 

of these morphological attributes were demonstrated in the 

spherulites crystallized from the copolyester in this study. 

The size of the fibrils and the frequency of the branching 

depends on a single parameter, ~ The increase in the 

lateral size of the spherulitic fibrils and decrease in the 

f ibrillar branching frequency at progressively lower 

supercoolings, documented in the micrographs in section 
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2 . 3 . 1, were consistent with the dependence of on 

crystallization temperature as ~ is known to depend on 

spherulitic growth rates and impurity diffusion 

characteristics. The nature of the spherulitic fibril was 

shown to play an important role in the development of 

interspherulitic connectivity in this copolyester. The 

continuity of the fibrillar structure across spherulitic 

boundaries is suggestive of the segregation of impurities to 

the interfibrillar regions without significant accumulation 

of impurity material at spherulitic boundaries. Differential 

calorimetry, dynamic mechanical data, and optical microscopy 

tend to support the idea that the interfibrillar material is, 

to a significant extent, made up of a low melting and less 

order crystalline material. In addition, previously 

published comonomer reactivity ratios (132) may suggest that 

this interfibrillar material is high in comonomer content. 

As a result, the interfibrillar material is more susceptible 

to the chemical etch which is consistent with the observed 

effectiveness of the etch in revealing the distinct 

spherulitic fibrils in this copolymer system. Fibrillar 

texture revealed in the corresponding homopolymer (100% 

poly(glycolic acid)) spherulites at similar supercoolings was 

quite a bit finer in nature, again, supporting the idea that 

the impurity material in the copolyester was high in 

copolymer content. The fact that fibrillar texture was still 

resolved in homopolymeric material suggests that other types 
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of impurities such as low molecular weight fractions also 

contribute to interfibrillar material. The copolymer of 

choice has proven to be an attractive system for the study of 

spherulitic textures due to the facile methods developed to 

uncover the inherent fibrillar texture. The established 

fundamentals of spherulitic growth as issued by Keith and 

Padden provide a basis for the interpretation of the 

micrographs developed in this work and confirm the absence of 

artifact that often plagues morphological investigations of 

this type. 



2. 4 . 3 THE FINE SPHERULITIC TEXTURES INDUCED THROUGH THE 

REFINED ETCH CONDITIONS WERE SUGGESTIVE OF A LAMELLAR BUNDLE 

MORPHOLOGY FOR INDIVIDUAL FIBRILS . 

The severity of the chemical etch could be reduced to 

the point of obtaining a very fine texture to the spherulites 

which was thought to approach the lamellar level . It 

appeared as though these lamellae were stacked into bundles 

whose dimensions were commensurate with the lateral size of 

the fibrils revealed with the coarse etch technique. The 

discrimination between crystalline textures and amorphous 

material was still maintained as evidenced by the pref erred 

etch of the amorphous 

This fine texture 

material surrounding 

was also seen to 

the spherulites . 

be sensitive to 

crystallization temperature with larger structures favored at 

lower supercoolings. This is in agreement with the fact that 

larger lamellae are, in fact, favored at higher 

crystallization temperatures . Continuity of this fine 

structure was also seen at interspherulitic boundaries . The 

hierarchy of structure available with slight modification to 

the etch recipe is testimony to the effectiveness of the 

technique for direct observation of crystalline morphology 

and detailing of spherulitic structures . 
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2.4.4 UNIAXIAL DEFORMATION OF A SINGLE SPHERULITE WAS 

SUCCESSFULLY STUDIED IN A MODEL SYSTEM CONSISTING OF ISOLATED 

SPHERULITES EMBEDDED AN AMORPHOUS MATRIX. 

Both microcrazes and shear banding have beeri readily 

observed in the cold drawing of both glassy polymers as well 

as semicrystalline systems suggesting that the mechanisms of 

cold drawing in both these two classes of polymeric material 

are similar (135). It is based on these observations that 

the study of isolated spherulites in an amorphous matrix was 

undertaken. By isolating the spherulite, it was hoped that 

the mechanical influence of surrounding, and often impinging 

spherulites in semicrystalline polymers, on the mechanical 

response of an individual spherulite could be avoided. This 

was, in fact, accomplished by characterizing the influence of 

a cold draw neck, propagating in a predominantly amorphous 

matrix, upon an included spherulite separated from 

neighboring spherulites by approximately 10 spherulitic 

diameters . 
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2.4.5 ISOLATED SPHERULITE 

DEPENDENT ON THE MECHANICAL 

AMORPHOUS MATRIX. 

The mechanical response 

DEFORMATION WAS FOUND TO BE 

RESPONSE OF THE SURROUNDING 

of the amorphous matrix 

surrounding the isolated spherulites was characterized in 

terms of yield stress, drawing stress, and natural draw ratio 

as a function of applied strain rate. A correlation was 

observed between the mechanical characterization and the 

effectiveness of the cold draw neck in elongating the 

embedded spherulites. Cold draw necks which were generated 

above a threshold elongation rate resulted in both a 

substantial conversion of the applied strain energy into heat 

and a high natural draw ratio. Below the threshold rate, 

determined to be around 500%/min., a shear band mechanism of 

cold drawing is speculated to be operative. Above 500%/min., 

the local heating at the neck and high natural draw ratios 

suggest a crazing mechanism. This threshold elongation rate 

correlated exactly with the onset of spherulite deformation 

which, in turn, suggested that crazing was the preferred mode 

of plastic deformation of spherulites. This can be 

collaborated by the fact that crazing is the established 

mechanism of spherulite deformation in bulk crystallized 

materials. 

Physical aging of the amorphous matrix had substantial 

influence on the yield stress of the matrix, but little 
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influence on the threshold strain rate . Physical aging had 

only a second order influence on spherulite deformation. At 

rates below 500%/min., no spherulite deformation was observed 

regardless of the state of volume recovery . The influence of 

physical aging at intermediate rates and higher rates was to 

reinforce the matrix and , thus, reduce the asymmetry in 

spherulitic deformation as seen in Fig. 2.28 . Thus, the 

general increase in yield strength with physical aging did 

accentuate the spherulitic deformations slightly, however, 

spherulitic yielding remained most sensitive to the 

characteristics of the cold draw neck propagation. These 

conclusions have to be moderated somewhat since for the 

highest levels of volume relaxation studied, the crazing 

phenomenon at rates exceeding the threshold value of 

500%/min . degenerated into a brittle failure mode preventing 

the cold draw at rates which would be expected to deform the 

included spherulites. 



2.4.6 THE MECHANISM AND MORPHOLOGY OF ISOLATED SPHERULITE 

DEFORMATION CAN BE RATIONALIZED IN THE CONTEXT OF EXISTING 

THEORIES OF SPHERULITE-TO-MICROFIBRILLAR TRANSITION . 

In the spherulites deformed in this study, the splaying 

of the equatorial fibrils is contingent upon the elongation 

of the load bearing fibrils of the polar regions. This 

indicates that the strength of an isolated spherulite in 

elongation is seen to depend in a large part upon the 

integrity of the fibrils that run from pole to pole. This 

observation appears to be withstanding despite the fact that 

near the spherulite center the population of fibrils which 

are favorably oriented to bear the applied tensile load are 

significantly diminished. 

Thus, the overall spherulite deformation depends on the 

efficiency of the neck in plastically deforming the lamellae 

in the fibrils of the polar regions. The higher degrees of 

strain energy associated with the necking behavior at the 

elongation rates above the threshold value of 500%/min. 

played a pivotal role in rationalizing the spherulitic 

deformation mechanism. The increase in temperature above the 

glass transition at the neck allowed for the softening of the 

interlamellar amorphous material within the polar regions of 

the spherulite. Relative movement between adjacent lamellae 

activated tie molecules into initiating lamellar shear and 

slip. In other words, as the tie molecules are drawn taut 
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due to the relative motion between adjacent lamellae, the 

randomly distributed points of stress concentration tend to 

initiate lamellar tilt. Following the model put forth by 

Peterlin and coworkers (1,2,78), the lamellar tilt and slip 

break the lamellae up into mosaic blocks. Juska and Harrison 

(6) postulate that the stress concentration at the neck 

causes a stress activated melting of these lamellar 

fragments. The resulting melt phase is then extended in the 

region of a craze to high elongations. Strain induced 

crystallization of this melt in the neck draw results in a 

row nucleated structure with folded chain lamellae arranged 

in parallel stacks with their plane surfaces perpendicular to 

the draw axis. The observed periodicity of the structure in 

the polar regions of the spherulites deformed in this study 

is in agreement with this morphological model, see Fig. 

2 . 36 c. 



2.5.0 RECOMMENDATIONS FOR FUTURE WORK 

2.5.1 DETERMINE THE 

MORPHOLOGY UPON THE 

SPHERULITES. 

EFFECTS OF CHANGING INITIAL SPHERULITE 

DEFORMATION BEHAVIOR OF ISOLATED 

It was demonstrated that crystallizing spherulites at 

different temperatures had a marked influence upon the 

crystalline textures as revealed by the scanning electron 

microscopy study. In addition, the technique developed for 

investigating this crystalline texture was shown to be 

effective in characterizing the structure of uniaxially 

deformed spherulites. A natural extension of this work would 

be to investigate the influence of changing initial 

spherulitic morphology upon the crystalline morphology in 

deformed spherulites. Certainly, changing fibrillar 

coarseness and lamella size may have an effect on deformation 

characteristics and the influence may shed some light on the 

mechanism of spherulite-to-microfibrillar transition. 
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2 . 5.2 INVESTIGATE THE INFLUENCE OF INTERFIBRILLAR MATERIAL 

ON THE MECHANICAL RESPONSE OF A SPHERULITE TO UNIAXIAL 

DEFORMATION. 

Although not conclusively proven, it was strongly 

suggested that there exists a low crystallinity component of 

substantially different morphology between the fibrils of the 

spherulites in the copolyester studied . In fact, through 

appropriate thermal treatment, it was shown that the 

interf ibrillar material could be made more susceptible to the 

chemical etch, see Fig. 2.15. The quick heating to 

temperatures nominally above the isothermal crystallization 

temperature was thought to melt this material as evidenced by 

the DSC, dynamic mechanical, and optical microscopy data . A 

subsequent and immediate quench of the spherulitic sample was 

shown by DSC to prevent the recrystallization of this 

interfibrillar material . It is anticipated that the overall 

crystallization rates of the copolyester are slow enough such 

that an isolated spherulite could be similarly quick heated 

and quenched without inducing crystallinity in the 

surrounding amorphous matrix. Upon stretching the isolated 

spherulite system so treated, it might be expected that the 

spherulite would be more ductile since a larger fraction of 

this spherulite is amorphous in nature . The increased 

fraction of amorphous material may have a particularly marked 

effect since the cold draw necking behavior found most 
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effective in deforming spherulites is associated with an 

adiabatic conversion of mechanical energy into heat that 

raises the local temperatures above the glass transition. 

This experiment may yield some more information on the role 

of spherulitic fibrils in the deformation mechanisms of 

crystalline polymers. 



2.5.3 DETERMINE WHETHER THE DEFORMED SPHERULITES ARE 

SUSCEPTIBLE TO SHRINKAGE UPON HEATING. 

Based on the work of Peterlin and coworkers (1), as well 

as Juska and Harrison (6), a mechanism of crystal melting in 

the region of a cold draw neck has been discussed in the 

context of the morphological aspects of spherulite 

deformation. In particular, a stress activated mechanism of 

lamella melting and recrystallization has been used to 

explain the drastic texture changes seen on spherulitic 

deformation, see Figs. 2.33 and 2.36. A shrinkage experiment 

is recommended in order to determine if there is significant 

melt recrystallization occurring during spherulite 

deformation. Heating the deformed spherulites above the 

glass transition temperature would necessarily induce 

spherulite shrinkage if the mechanism of deformation entailed 

only the rearrangement of fragmented lamellae to form the 

micro fibrils. The taut molecules (extended amorphous 

chains) connecting the mosaic blocks are in an entropically 

unfavorable state and are thus prone to large shrinkage 

effects on heating. On the other hand, it may be anticipated 

that the structure of the deformed spherulite may be more 

resistant to shrinkage if there had been a melt 

recrystallization . In other words, the stress activated 

melting of fragmented lamellae and the subsequent strain 

induced crystallization of the deforming melt would lead to 
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structures less susceptible to shrinkage since the chain 

extended structures in this case would be crystalline . Some 

care must be taken in implementing this reasoning since it is 

well documented that shish kebab structures have been shown 

to shrink to a small fraction of their original drawn length 

on heating (6) . 

the shrinkage 

spherulites. 

In any event, it may serve to investigate 

characteristics of deformed isolated 

Some discrimination among potential 

morphologies may be gleaned by noting the temperature at 

which shrinkage occurs . Special care might be needed in 

order to determine the spherulite shrinkage attributed to the 

crystal structure and not to the shrinkage resulting from the 

potentially overwhelming effect of the surrounding matrix 

which would be expected to show large shrinkage on heating. 



2.5 . 4 FURTHER INVESTIGATION INTO THE FINE STRUCTURE OF THE 

DEFORMED ISOLATED SPHERULITES IS SUGGESTED IN ORDER TO 

FURTHER DETAIL THE MECHANISMS OF SPHERULITE-TO-MICROFIBRILLAR 

TRANSFORMATION. 

The isolated spherulite morphology utilized in this 

study offers a unique methodology for investigating 

spherulitic deformation behavior. Electron microscopy 

characterization of the transformation to a microf ibrillar 

texture is considered a solid contribution, however, several 

additional techniques are suggested in order to fully exploit 

this novel approach. Micro-X-ray investigations both in wide 

angle and small angle may detail the crystalline structure on 

a local level within the deformed spherulite. Note that the 

spherulites described in the main body of the text are on the 

order of 250 microns in diameter. This may be just large 

enough to selectively register scattering from polar and 

equatorial regions only. Additional, direct observation of 

crystalline structure may be realized at higher levels of 

resolution with transmission electron microscopy due to the 

shorter wavelengths associated with this technique as 

compared to scanning electron microscopy . However, 

replicating techniques will be necessary since even the lower 

energy beams of the scanning microscopy were enough to 

degrade this copolyester sample on the specimen stage at high 

beam fluxes (high magnifications). Such approaches may go a 
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long way in confirming (or refuting) the mechanisms of 

spherulite-to-microfibrillar transformation discussed 

previously . 



2.5.5 THE DETERMINATION OF THE NATURE OF THE BOUNDARY 

BETWEEN THE SPHERULITE AND THE UNCRYSTALLIZED SUPERCOOLED 

MELT IS RECOMMENDED. 

Based upon both the significance of int~rf ace between 

the crystallizing spherulite and the supercooled melt in the 

theory of spherulitic growth, and the anomalous structure 

observed at this interface in the copolyester of this study, 

further morphological investigations are warranted. Keith 

and Padden describe the salient aspects of spherulite texture 

in terms of the parameter ~ which is considered to 

characterize the dimension of a fine layer of impurity at the 

surface of the spherulite/melt interface. Although the 

f ibrillar texture whose dimensions are also postulated to be 

commensurate with ~ are well documented in micrographs, the 

interface layer of this dimension was never seen. However, a 

layer at the spherulite/melt interface was often seen which 

was at least an order of magnitude larger than anticipated 

values of b The reconciling of this observation with the 

growth mechanism of spherulites remains outstanding . 

298 



REFERENCES 

1) A. Peterlin, J. Mater. Sci., 6, 490 (1971). 

2) A. Peterlin, Colloid PolYm. Sci., 253, 809 (1975). 

3 ) A. Peter 1 in, in .-U-=l ..... t .... r'""'a._-"""'H=i .... g ..... h...._ ...... M .... o __ d=u~l=u~s~P~o~l_Y~m~e~r~s , 
edited by A. Ciferri and I.M . Ward, Applied Science 
Publishers, London, Chapter 10, (1979) . 

4) J. Petermann, W.K . Luge and Leiter, J . Polym. 
Sci., Polym. Phys. Ed., 17, 1043 (1979). 

5) P.M . Tarin and E.L. Thomas, Poly . Eng . Sci., 19, 
1017 (1979). 

6) T. Juska and I.R. Harrison, PolY . Eng. Sci., 22, 
766 (1982). 

7) R.E. Robertson, J. Polyrn. Sci. A-2, 10, 2437 
(1972). 

8) A. Peterlin, J . Polyrn. Sci. C, 15, 427 (1966). 

9) T . T. Wang, J. Poly. Sci . , Poly. Phys. Ed., 12, 145 
(1979). 

10) B. Wunderlich, Macromolecular Physics, Vol. 1. 
Crystal Structure. Morphology, Defects, Academic Press, New 
York, 1973. 

11) H.D . Keith and F.J. Padden, Jr., "A 
Phenomenological Theory of Spherulite Crystallization" in 
Bell Telephone System Technical Publications Monograph 4620 
(1962). 

12) H. D. Keith and F.J. Padden, Jr., J . Appl. PhYs., 
35, 1270 (1964). 

13) H.D. Keith and F . J. Padden, Jr., J. Appl . Phys . , 
35, 1286 (1964). 

14) P . H. Geil, Polymer Single Crystals, Interscience 
Publishers, New York, 1963 . 

15) A. Keller, "Morphology of Crystalline Polymers," 
in Growth and Perfection of Crystals, R . H. Doremus, B. W. 
Roberts and D. Turnbull, Eds., pp. 499-532, Wiley, New York, 
1958. 

299 



300 

16) A. Keller, J. Polym. Sci., 39, 151 (1959). 

17) F. 
State Chemistry, 
Phenum, 1976. 

Khoury and E. Passaglia, Treatise on Solid 
W.B. Hannay, Ed., Vol. III, Chapter 6, 

18) C.W. Bunn and T.C. Alcock, Trans. Faraday Soc., 
41, 317 (1945). 

19) E.W. Fischer, Z. Naturfarsch, 12a, 753 (1957). 

20) H.D. Keith and F.J. Padden, Jr., J. Polym. Sci., 
39, 101 (1959). 

21) H.D. Keith, J. Polym. Sci., A-2, 4339 (1964). 

22) R.S. Stein and M.B. Rhodes, J . Appl. Phvs . , 31, 
1873 ( 1960). 

23) S. Matsuoka, J. Polym. Sci., 57, 509 (1962). 

24) C.W. Bunn and F.V . Garner, Proc. Roy. Soc., A189, 
39 (1947). 

25) C.W. Bunn and T.C. Alcock, Trans. Faraday Soc., 
41, 317 (1945) . 

26) A. Keller, J. PolYm. Sci., 17, · 351 (1955). 

27) H.D. Keith and F.J. Padden, Jr., J. Polym. Sci ., 
39, 101 (1959). 

28) H.D. Keith and F.J. Padden, Jr., J. Polym. Sci., 
39, 123 (1959). 

29) A. Keller, Nature, 169, 913 (1952). 

30) J.J. Point, Bull. Acad. Roy. Belge., 39, 435 
(1953). 

31) H.D. Keith and F . J . Padden, Jr., J. Polym. Sci . , 
51, 54 (1971). 

32) J.D. Hoffman and J. I. Lauritzen, J. Res. Nat. Bur. 
Std., 65A, 297 (1961). 

33) J.R . Burns, J. Polym. Sci., A-2, 7, 593 (1969). 

34) F.J. Balta-Calleja, I.L. Hay, and A. Keller, 
Kolloid Z.Z. Polymere, 209, 128 (1966). 



301 

35) J. Mann and L . Roland-Gonzalez, J. Polym. Sci . , 
60, 1 (1962). 

36) Y. Fujiwara, J. Appl. Polym. Sci., 4, 10 (1960) . 

37) P.H. Geil, J. Polym. Sci., C13, 149 (1960). 

38) B. Crist and N. Morosoff, J. Polym. Sci., Poly. 
Phys. Ed., 11, 1023 (1973) . 

39) C.G. Vonk and G. Kortleve, Kolloid Z.Z. Polymere, 
220, 19 (1967). 

40) G. Kortleve and C.G. Vonk, Kolloid Z.Z. PolYmere, 
225, 124 (1968). 

41) J . D. Hoffman, T. Davi s, and J.I . Lauritzen, 
Treatise on Solid State Chemistry, W.B. Hannay, Ed., Plenum, 
Vol. III, Chapter 7, 1976 . 

42) H.D. Keith and F.J. Padden, Jr., J . Polym Sci., 
41, 525 (1959). 

43) J.D . Hoffman, SPE Trans., 4, 315 (1964). 

44) J. Schelten, G.D. Wignall, D.G. Ballard and G.W. 
Longman, Polymer , 18, 1111 (1977). 

45) M. Stamm, E.W. Fischer and M. Dettenmuier, Farad. 
Disc., 68, 263 (1979). 

46) E.W. Fischer, K. Hahn, J. Kugler, U. Struth , and 
R. Born, J. Polym. Sci., Poly . Phys. Ed., 22, 1491 (1984). 

47) H.D. Keith, F.J. Padden, Jr . , and R.G. Vadimsky, 
Science, 150, 1026 (1965) . 

48) H. D. Keith, F.J. Padden, Jr., and R. G. Vadimsky, 
J. Polym. Sci., Part A-2, 4, 267 (1966). 

49) H.D. Keith, F.J. Padden, Fr., and R.G. Vadimsky, 
J. Appl. Phys., 37, 4027 (1966) . 

50) 
(1966). 

H.A. Davis, J. Polym. Sci., Part A-2, 4, 1009 

51) E.J. Clark, SPE J., 23, 46 (1967). 

52) Y. Hase and P.H. Geil, Polymer J. (Japan), 2, 560 
(1971). 

53) P.H. Geil, J. Polym. Sci., A-2, 3813 (1964). 



302 

54) H. Kiho, A. Peterlin, and P.H. Geil, J. A1212l . 
PhYs., 35, 1599 ( 1964) . 

55) l.L. Hay and A. Keller, Kolloid z.z. Pol2:mere, 
204, 43 (1965). 

56) P.M. Tarin and E.L. Thomas, Pol2:. Eng. Sci., 18, 
472 (1978). 

57) I. L. Hay and A. Keller, J.. Mat. Sci,, 2, 538 
(1967). 

58) A. Peterlin and K. Sakaoku, J. A1212l. Ph~s., 38, 
4152 (1967). 

59) K. Sakaoka and A. Peterlin, Kolloid Z.Z. Polymere, 
212, 51 (1966). 

60) J.M. Andrews and I.M. Ward, J. Mater. Sci . , 5, 411 
(1970). 

61) G.R. Williamson, B. Wright, and R.N . Howard, ~ 
A12pl. Chem . , 14, 131 (1964). 

62) G. Meinel and A. Peterlin, J. Polymer Sci., A-2, 
9, 67 (1971). 

63) K. Fujita, S. Saehiro, S. Nomura, and H. Kawai, 
Polymer Journal, 14, 545 (1982). 

64) R . T . Samuels, J. PolYJD . Sci . , A-2, 6, 1101 (1968). 

65) F.J. Balta-Calleja and A. Peterlin, J. Mater . 
Sci., 4, 722 (1969). 

66) A. Peterlin and F.J. Balta-Calleja, J. Appl . 
PhYs., 40, 4238 (1969). 

67) F.J. Balta-Calleja and A. Peterlin, J. Macromol. 
Sci., B4, 519 (1970). 

68) W. Glenz and A. Peterlin, J. Macromol. Sci., B4, 
473 (1970) . 

69) R. Bonart, Kolloid Z.Z. PolYmere, 211, 14 (1966). 

70) R.S . Stein, Proc. R.A. Welch Foundation Conf. 
Chem. Res., 10: Polymers, 207 (1967). 

71) R.S. Stein, Poly. Eng. Sci., 9, 320 (1969). 

72) A. Peterlin, PolY. Eng . Sci., 9, 172 (1969). 



303 

73) R. Corneliussen and A. Peterlin, Die Makromol. 
Chem., 105, 193 (1967). 

74) A. Peterlin, Poly. Eng. Sci., 18, 488 (1978) . 

75) 
(1967). 

A. Peterlin, J. Polyrn. Sci., Part C, 18, 123 

76) A. Peterlin, Poly. Eng. Sci., 17, 183 (1977). 

77) 
(1975). 

78) 
(1960). 

A. Peterlin, Kolloid z.z. Polyrnere, 253, 53 

A. Peterlin, J. Polym. Sci., Part C, 15, 427 

79) K. Ishikawa, K. Migasaka and M. Maeda, J. Polym. 
Sci., A-2, 7, 2029 (1969). 

80) 
(1969). 

A. Peterlin, Kolloid z.z. Polyrnere, 233, 857 

81) G. Meinel, N. Morosoff and A. Peterlin, J. Polym. 
Sci., A-2, 8, 1723 (1970). 

82) R.G. Vadimsky, H.D. Keith, and F.J. Padden, Jr., 
J. Polym. Sci., A-2, 7, 1367 (1969). 

83) P. Allen and M. Bevis, Phil. Mag., 35, 405 (1977). 

84) A. Siegmann and P.H. Geil, J. Macromol. Sci., B-4, 
557 (1970). 

85) K. Sakaoku and A. Peterlin, J. Polym. Sci., A-2, 
9, 895 (1971). 

86) A. Peterlin, Adv. Polymer Sci. & Eng., K.D. Pae, 
D.R. Morrow, and Yu Chen, Eds., Plenum Publ. Co., New York, 
1972. 

87) F.J. Balta-Calleja, A. Peterlin and B. Crist, J....... 

Polyrn Sci., A-2, 10, 1749 (1972). 

88) K. Shimamura, S. Murakami, and K. Katajama, 
Makromol. Chem., Rapid Commun., 3, 199 (1982). 

89) R.G . Crystal and D. Hansen, J. PolYm. Sci., A-2, 
6, 981 (1968). 

90) R.G. Crystal and D. Hansen, J. Appl. Phys., 38, 
3103 (1967). 



304 

91) R. Yang and R.S. Stein, J. Polym. Sci., A-2, 5, 
939 (1967). 

92) R.Y. Yee and R.S. Stein, J. Polym. Sci., A-2, 8, 
1661 (1970). 

93) E. Wegnant, J.M. Haudin, and C. G'Sell, J. Mater. 
Sci., 15, 2677 (1980). 

94) R.S. Stein, SPE Trans., 4, 175 (1964). 

95) R.S. Stein and T. Hotta, J. Appl. Phys., 35, 2237 
( 1964). 

96) S.L. Aggarwal, G.P. Tilley and O.J. Sweeting, ~ 
Polym. Sci., 51, 551 (1961). 

97) R. Bonart and R. Hosemann, Kolloid Z.Z. Polyrnere, 
194, 97 (1964). 

98) R. Hendus, Kolloid Z.Z. Polymere, 165, 32 (1959). 

99) N. Kasai and M. Kakudo, J. Polym. Sci., A, 2, 1955 
( 1964). 

100) H. Kiho, A. Peterlin and P.H. Geil, J. Appl. 
Phys., 35, 1599 (1964). 

101) H. Kiho, A. Peterlin and P.H. Geil, J. Polym. 
Sci., Part B, 3, 263 (1965). 

102) J. Harrison and J.A. Rusnock, J. Appl. Phys., 36, 
332 (1965). 

103) D.H. Renecker, J. PolYm. Sci., A, 3, 1069 (1965). 

104) T. Juska and I.R. Harrison, Polym. Eng. Rev., 2, 
13 ( 1982). 

105) A. Peterlin, Poly. Eng. Sci., 16, 126 (1976). 

106) B.D. Lauterwasser and E.J. Kramer, Phil. Mag., 39, 
469 (1979). 

107) W. Schlesinger and H.M. Leeper, J. PolYm. Sci., 
11, 203 (1953). 

108) A. Keller, Phil. Mag., 2, 1171 (1957). 

109) T. Davidson and B. Wunderlich, J. PolYm. Sci., A-
2, 7, 2051 (1969). 



305 

110) F.P. Reding and E.R. Walter, J. Polym. Sci., 38, 
141 (1959). 

111) 
(1961). 

S. Mitsuhashi and A. Keller, Polymer, 2, 109 

112) F.J. Padden, Jr. and H.D. Keith, J. Appl. Phys., 
30, 1477 (1959). 

113) M. Kojima and H. Satake, J. Polym. Sci., Poly. 
Phys. Ed., 20, 2153 (1982). 

114) J.S. Mackie and A. Rudin, J. Polym. Sci., 49, 407 
(1961). 

115) I.L Hay and A. Keller, Nature, 204, 862 (1964). 

116) A.M. Hodge and D.C. Bassett, J. Mater. Sci., 12, 
2065 ( 1977). 

117) S.Y. Hobbs, J. Macromol. Sci. Rev. Macromol. 
Chem., 019, 221 (1980). 

118) O.A. Battista, Am. Sci., 53, 151 (1965). 

119) O.A. Battista, M.M. Cruz and C.F. Ferraro, in 
Surface and Colloid Science, Vol. 3, E. Matijeric, Ed., 
Wiley, New York, 1971. 

120) J.L. Koenig and M.C. Agboatwalla, J. Macromol. 
Sci., B2, 391 (1968). 

121) A. Miyagi and B. Wunderlich, J. Polym. Sci . . Polym. 
Phys. Ed., 10, 2073 (1972). 

122) G. C. Adams, Polym. Eng. Sci., 16(3), 222 (1976). 

123) C. M. Chu and G. L. Wilkes, J. Macromol. Sci. 
Phys., B10(4), 551 (1974). 

124) R. P. Palmer, Chem. and Ind., 1455 (1962). 

125) A. Keller and S. Sawada, Macromol. Chem., 74, 190 
(1964). 

126) R.P. Palmer and A.J. Cobbold, Macromol. Chem., 74, 
174 (1964). 

127) C.W. Hock, J. Polym. Sci., A-2, 4, 227 (1966). 



306 

128) U.J. Armond and J.R. Atkinson, J. Mater. Sci., 4, 
509 (1969). 

129) D.R. Fitchman and S. Newman, J. Polym. Sci., A-2, 
8, 1545 (1970). 

130) D.R. Fitchman and Z. Mencik, J. Polym. Sci., Poly. 
Phys. Ed., 11, 951 (1973). 

131) R. L. Kronenthal in Polymers in Medicine and 
Surgery, R. L. Kronenthal, Z. Oser, and E. Martin editors, 
Polymer Sci. and Tech., Vol. 8, Plenum Press, New York, 1974. 

132) 
(1979). 

D.K. Gilding and A.M. Reed, Polymer, 20, 1459 

133) S.W. Rowe and R. Tobazearn, J. Mater. Sci., 16, 
2608 (1981). 

134) C.B. Bucknall, Polymer Blends, Ch. 14, Academic 
Press, Inc., 1978. 

135) T. Juska and I.R. Harrison, Polym. Eng. Sci., 22, 
766 (1982). 

136) 
(1980). 

K. Friedrich, J . Mater. Sci., Letters, 15, 258 

137) M. Goldstein, J. Polym. Sci., B4, 87 (1966). 

138) R.E. Robertson, J. Chem. Phys., 44, 3950 (1966). 

139) J.D. Ferry and R.A. Stratton, Kolloid Z.Z., 171, 
107 (1960). 

140) M.H. Litt and A.V. Tobolsky, J. Macromol. Sci., 
Bl, 433 (1967). 

141) M.H. Litt, P.J. Koch and A.V. Tobolsky, ~ 
Macromol. Sci., Bl, 587 (1967). 

142) K. C. Rusch and R.H. Beck, Jr., J. Macromol. Sci., 
B3, 365 (1969). 

143) P.I. Vincent, Polymer, 1, 7 (1960). 

144) H. Springer, W. Schenk and G. Hinrichseu, Coll. 
PolY. Sci., 261, 9 (1983). 

145) A. S. Kechek'yan, G. P. Andrianova, and V. A. 
Karagin, Vysokomol. soyed., A-12, 2424 (1970). 



307 

146) M.R . Tant and G.L. Wilkes, Polvm. Eng. Sci . , 21, 
874 (1981). 

147) 
(1972). 

S.E.B. Petrie, J. PolYm. Sci., A-2, 10, 1255 

148) T.W. Haas and P . H. MacRae, PolYm. Eng. Sci . , 9, 
423 ( 1969). 


	0001
	0002
	0003
	0004
	0005
	0006
	0007
	0008
	0009
	0010
	0011
	0012
	0013
	0014
	0015
	0016
	0017
	0018
	0019
	0020
	0021
	0022
	0023
	0024
	0025
	0026
	0027
	0028
	0029
	0030
	0031
	0032
	0033
	0034
	0035
	0036
	0037
	0038
	0039
	0040
	0041
	0042
	0043
	0044
	0045
	0046
	0047
	0048
	0049
	0050
	0051
	0052
	0053
	0054
	0055
	0056
	0057
	0058
	0059
	0060
	0061
	0062
	0063
	0064
	0065
	0066
	0067
	0068
	0069
	0070
	0071
	0072
	0073
	0074
	0075
	0076
	0077
	0078
	0079
	0080
	0081
	0082
	0083
	0084
	0085
	0086
	0087
	0088
	0089
	0090
	0091
	0092
	0093
	0094
	0095
	0096
	0097
	0098
	0099
	0100
	0101
	0102
	0103
	0104
	0105
	0106
	0107
	0108
	0109
	0110
	0111
	0112
	0113
	0114
	0115
	0116
	0117
	0118
	0119
	0120
	0121
	0122
	0123
	0124
	0125
	0126
	0127
	0128
	0129
	0130
	0131
	0132
	0133
	0134
	0135
	0136
	0137
	0138
	0139
	0140
	0141
	0142
	0143
	0144
	0145
	0146
	0147
	0148
	0149
	0150
	0151
	0152
	0153
	0154
	0155
	0156
	0157
	0158
	0159
	0160
	0161
	0162
	0163
	0164
	0165
	0166
	0167
	0168
	0169
	0170
	0171
	0172
	0173
	0174
	0175
	0176
	0177
	0178
	0179
	0180
	0181
	0182
	0183
	0184
	0185
	0186
	0187
	0188
	0189
	0190
	0191
	0192
	0193
	0194
	0195
	0196
	0197
	0198
	0199
	0200
	0201
	0202
	0203
	0204
	0205
	0206
	0207
	0208
	0209
	0210
	0211
	0212
	0213
	0214
	0215
	0216
	0217
	0218
	0219
	0220
	0221
	0222
	0223
	0224
	0225
	0226
	0227
	0228
	0229
	0230
	0231
	0232
	0233
	0234
	0235
	0236
	0237
	0238
	0239
	0240
	0241
	0242
	0243
	0244
	0245
	0246
	0247
	0248
	0249
	0250
	0251
	0252
	0253
	0254
	0255
	0256
	0257
	0258
	0259
	0260
	0261
	0262
	0263
	0264
	0265
	0266
	0267
	0268
	0269
	0270
	0271
	0272
	0273
	0274
	0275
	0276
	0277
	0278
	0279
	0280
	0281
	0282
	0283
	0284
	0285
	0286
	0287
	0288
	0289
	0290
	0291
	0292
	0293
	0294
	0295
	0296
	0297
	0298
	0299
	0300
	0301
	0302
	0303
	0304
	0305
	0306
	0307
	0308
	0309
	0310
	0311
	0312
	0313
	0314
	0315
	0316
	0317
	0318
	0319
	0320
	0321
	0322
	0323
	0324
	0325
	0326
	0327
	0328
	0329
	0330
	0331
	0332
	Binder2.pdf
	0234_c379




