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ABSTRACT 

 

In this dissertation, simulation techniques are used to understand the role of surfaces and grain 

boundaries in the deformation response of metallic materials.  This research utilizes atomistic scale 

modeling to study nanoscale deformation phenomena with time and spatial resolution not available in 

experimental testing.  Molecular dynamics techniques are used to understand plastic deformation of 

grain boundaries and surfaces in metals under different configurations and loading procedures. 

Stress and strain localization phenomena are investigated at plastically deformed boundaries in axially 

strain thin film samples. Joint experimental and modelling work showed increased stress states at the 

intersections of slip planes and grain boundaries. This effect, as well as several other differences related 

to stress and strain localization are thoroughly examined in digital samples with two different grain 

boundary relaxation states. It is found that localized stress and strain is exacerbated by initial boundary 

disorder.  

Dislocation content in the randomly generated boundaries of these samples was quantified via the 

dislocation extraction algorithm. Significant numbers of lattice dislocations were present in both 

deformed and undeformed samples. Trends in dislocation content during straining were identified for 

individual samples and boundaries but were not consistent across all examples. The various 

contributions to dislocation content and the implications on material behavior are discussed.  



 

 
 

The effects of grain boundary hydrogen on the deformation response of a digital Ni polycrystalline thin 

film sample is reported. H content is found to change the structure of the boundaries and effect 

dislocation emission. The presence of dispersed hydrogen caused a slight increase in yield strength, 

followed by an increase in grain boundary dislocation emission and an increase in grain boundary crack 

formation and growth.  

An atomistic nano indenter is employed to study the nanoscale contact behavior of the indenter-surface 

interface during nano-indentation. Several indentation simulations are executed with different 

interatomic potentials and different indenter orientations. A surface structure is identified that forms 

consistently regardless of these variables. This structure is found to affect several atomic layers of the 

sample. The implications of this effect on the onset of plasticity are discussed.  

Finally, the implementation of an elastic/plastic continuum contact solution for use in mesoscale 

molecular dynamics simulations of solid spheres is discussed. The contact model improves on previous 

models for the forces response of colliding spheres by accounting for a plastic regime after the point of 

yield. The specifics of the model and its implementation are given in detail.  

Overall, the dissertation presents insights into basic plastic deformation phenomena using a 

combination of experiment and theory.  Despite the limitations of atomistic techniques, current 

computational power allows meaningful comparison with experiments. 

  



 

 
 

Modeling the Role of Surfaces and Grain Boundaries in Plastic 

Deformation 

 

Bryan Kuhr 

 

GENERAL AUDIENCE ABSTRACT 

 

Certain engineering metals have a remarkable bend-then-break quality.  This allows a metal component 

to withstand damage without totally failing.  The process of permanent distortion is called plastic 

deformation.  Metals, in nearly all practical forms, contain defects.  During plastic deformation, defects 

are generated, moved, changed and annihilated.  The rates of these actions govern the mechanical 

behavior of metals.  There are several types of defects and several ways in which they can interact, 

forming a complex interplay during plastic deformation.  The focus of this dissertation is on plastic 

deformation associated with two particular defect types: surfaces and grain boundaries.  Because these 

defects occur on a very small length scale, the details of their behavior can best be observed via 

simulation.  For this reason, Molecular Dynamics was employed as the primary research tool, and other 

methods were used for validation.  This allows fully 3D rendering of our simulated samples with atom-

scale resolution, and complete stress/energy information.  In each of the 6 manuscripts presented in this 

dissertation, new insights into the plastic deformation around surfaces or grain boundaries is presented. 
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INTRODUCTION 

Atomistic simulation has a vital role to play in understanding plasticity.  The calculations are simple 

enough that a simulation can include millions of atoms over millions of time steps, yet accurate enough 

to realistically represent crystal defects.  Atomic scale resolution of simulated systems is available to the 

researcher, allowing time and length scale resolution not available in experiment.  For instance, a 3D 

characterization of a dislocation or the pinpointing of a dislocation source is easily achieved in 

simulation, but extremely difficult in experiment.  The growing availability of super computing power 

allow a variety of length scales to be achieved.   

This dissertation is compiled in manuscript format in accordance with the Virginia Tech Graduate School 

guidelines.  It includes 6 manuscripts that have been prepared by the author during his doctoral 

candidacy.  These manuscripts make up chapters 2-6.  The first chapter contains explanations of 

simulation tools and scientific concepts that were excluded from the manuscripts for brevity.  The order 

in which the manuscripts are presented is intended to follow the logical connections of their content.  

Chapters 2-5 focus on grain boundary deformation mechanisms, with somewhat different approaches.  

Chapter 2 (published in Scripta Materialia [1]) and chapter 3 (in preparation for submission to the 

International Journal of Plasticity), examine the stress and strain states of boundaries undergoing 

deformation.  Chapter 4 (also in preparation for submission to IJP) and chapter 5 (published in 

Computational Materials Science [2]) compare dislocation content in samples with defect-dense 

boundary regions.  Chapter 6 (published in the Journal of Physical Chemistry C [3]) and chapter 7 (a 

government report prepared for Sandia National Laboratories [4]) consider near-surface deformation of 

plastically deforming metals under contact pressure.  The dissertation also includes all the front matter 

recommended by the Graduate School and a summary of the conclusions in this work following the 

chapters. 
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CHAPTER 1: BACKGROUND 

The principle simulation tool in this dissertation is molecular dynamics (MD) using the embedded atom 

method (EAM) in the LAMMPS implementation.  The following is a brief description of this method, 

including its scientific basis and use in current research. 

1.1 Molecular Dynamics Overview 

MD modeling is a simulation method for estimating the behavior of a many-body system confined to a 

parallelepiped-shaped simulation box over a finite period of time.  These bodies, usually intended to 

describe atoms or molecules, are modelled as point masses. Each body can exert a force on and affect 

the potential energy of surrounding bodies.  Conversely, each atom has a net force and potential energy 

resulting from its position relative to surrounding bodies.  The specifics of the energetics are defined by 

a series of equations and empirical values collectively known as an interatomic potential.  This will be 

discussed in a later section. 

In addition to position, force and potential energy, MD also considers each atom’s mass and velocity.  

The least computationally expensive MD ensemble is called the microcanonical or NVE (fixed Number of 

atoms, Volume and total Energy) ensemble.  In this scenario, the motion of an atom is described by 

Newton’s equations of motion.  

 
𝑑𝐫𝑖

𝑑𝑡
= 𝐯𝒊;          

𝑑𝐯𝒊

𝑑𝑡
= 𝐚𝒊 =

𝐟𝒊

𝑚𝑖
 (1) 

where ri, vi, ai and mi are the position, velocity and acceleration vectors and mass of atom i; fi is the net 

force vector acting on atom i; and t represents time.  Each atom’s acceleration vector is calculated from 

its mass and the net force acting on it.  Its change in velocity is then calculated by integrating this 

acceleration over the simulation timestep.  Likewise, its position change is calculated by integrating the 

velocity.  New forces and potential energies are calculated from the new positions at this new time step.  
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This process repeats until some predetermined number of timesteps are executed.  The system 

temperature is calculated using a derivation of the ideal gas law of the form: 

 𝑇 =
2𝐸𝑘

3𝑁𝑘𝐵
=

2

3𝑁𝑘𝐵
∑

1

2
𝑚𝑖|𝐯𝑖|

2𝑁
𝑖=𝑜  (2) 

where T and Ek, are the temperature and total kinetic energy of the system, N is the total number of 

atoms and kB is the Boltzmann constant.  The system pressure [1] is calculated during the simulation by 

the virial stress.  This can be expressed as 

   𝑃 =
𝑁𝑘𝐵𝑇

𝑉
+ 

1

3𝑉
 ∑ ∑ (𝐫𝑖 − 𝐫𝑗) ∙ 𝐟𝑖𝑗

𝑖−1
𝑗=𝑜

𝑁
𝑖=𝑜   (3) 

where P is the calculated pressure of the system and V volume of the simulation box.  The second term 

can be expressed as the summed dot products of each atom pair’s relative position vector and 

interaction force.  Often, MD simulations include a cutoff radius, such that atoms that are far apart do 

not interact.  Thus, in large simulations, most fij is equal to zero. 

1.2 Thermostatting in MD 

In many cases, it is more representative to fix the temperature of a system and allow the total energy to 

fluctuate.  This requires a periodic adjustment of the atomic velocities to conserve the temperature of 

the system.  The specific numerical approach to this adjustment is known as the thermostat.  Several 

thermostats are available in MD, which differ in their assumptions about how temperature is regulated.  

One of the simplest thermostats is the Gaussian isokinetic thermostat (also known as a velocity rescaling 

thermostat) [2], which simply applies an adjustment to the velocity of every atom in the system 

according to  

 𝐯𝒊 → √
𝑇0

𝑇
𝐯𝒊  (4) 

where T is the instantaneous temperature, T0 is the desired temperature. This method successfully 

maintains the temperature of the system.   
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It has been argued, however, that rather than maintaining a constant temperature, it is more physically 

realistic that a collection of atoms in a simulation maintain thermal equilibrium with an external mass 

that is maintained at a constant temperature, called a heat bath.  This is referred to as a canonical, or 

NVT (fixed Number of atoms, Volume and Temperature) ensemble.  Such a method was developed by 

Nose, and later reinterpreted by Hoover and is commonly referred to as a Noose-Hoover thermostat [3].  

Use of a Noose-Hoover thermostat alters the equations of motion to the form 

 
𝑑𝐫𝑖

𝑑𝑡
= 𝐯𝒊;          

𝑑𝐯𝒊

𝑑𝑡
=

𝐟𝒊

𝑚𝑖
− 𝜁𝐯𝒊   (5) 

where thermostat friction coefficient, ζ, is a system-wide, time-dependent variable controlled by the 

differential equation 

 
𝑑𝜁

𝑑𝑡
=

1

𝑡𝑇
2 (

𝑇

𝑇0
− 1)  (6) 

where tT is the thermal relaxation time, which must be specified by the user.  Rather than insuring a 

constant temperature of T0, the Noose-Hoover thermostat insures a time-averaged temperature of T0.  

This may seem like a trivial distinction, but the former adds further discontinuity to an already 

discretized simulation method.  Some other thermostats that have been developed to satisfy the NVT 

ensemble are the Anderson [4], Berendsen [5] and Langevin [6] thermostats. 

1.3 Barostatting in MD 

If a fixed system pressure is desired in addition to fixed temperature, an isobaric-isothermal or NPT 

(fixed Number of atoms, Pressure and Temperature) ensemble may be employed.  The numerical 

approach to adjusting this pressure is called a barostat.  This is accomplished by adjusting the size of the 

simulation box and, optionally the positions of atoms.  This is a more complicated adjustment than 

those made by thermostats, as pressure is dependent on the interatomic potential and temperature is 

not. Thus, very small adjustments in atomic position can produce large changes in the forces acting on 

the atoms, and thus the pressure of the system. 
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One of the most commonly used barostats, and the one used in this dissertation is the Nose-Hover 

Barostat [7].  A NPT ensemble with a Nose-Hoover barostat uses the altered equations of motion 

 
𝑑𝐫𝑖

𝑑𝑡
= 𝐯𝒊 + 𝜂(𝐫𝑖 − 𝐫𝒄𝒎);          

𝑑𝐯𝒊

𝑑𝑡
=

𝐟𝒊

𝑚𝑖
− (𝜁 + 𝜂)𝐯𝒊  (7) 

where rcm is the center of mass of the system and η is the barostat friction coefficient. η and ζ, like the 

Nose-Hoover thermostat, are system-wide, time-dependent variables controlled by the differential 

equations 

 
𝑑𝜁

𝑑𝑡
=

1

𝑡𝑇
2 (

𝑇

𝑇0
− 1) ;   

𝑑𝜂

𝑑𝑡
=

1

𝑁𝑘𝐵𝑇0𝑡𝑃
2𝑉(𝑃 − 𝑃0)    (8) 

where tP is the barostat relaxation time, P0 is the target pressure.  For the case of imposed isotropic 

pressure, η, P and Po may be considered scalars. The simulation box geometry is, in the isotropic case, 

controlled by the differential equation 

 
𝑑𝐑

𝑑𝑡
= η𝐑 (9) 

where R is a 3x3 matrix containing the cell edge vectors.  For anisotropic pressure conditions P and Po 

may be treated as 3x3 symmetric stress symmetric tensors, necessarily making η a 3x3 symmetric 

tensor. The components of P0 may be set independently, coupled with one another or excluded from 

barostating. Also used in MD are the Berendsen [5] and Perinello-Rahmen [8] barostats. 

1.4 Boundary Conditions 

Spatial boundary conditions describe how atoms near the simulation box edges are treated.  The effects 

of the very short length scales inherent to atomistic modelling can be partially eased by selecting 

periodic boundary conditions.  When periodic boundary conditions are employed, atoms can influence 

each other across opposite boundaries.  If an atom is forced out of the top simulation box, it is placed in 

the bottom of the simulation box such that the summed distance between the original and final 

positions and the points at which it crossed the top and bottom boundaries conforms to the solution for 

the equation of motion for that particle at that timestep.  The use of non-periodic boundaries is used to 
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model surfaces in MD simulations of solids.  Periodic boundary surfaces must be parallel and shaped 

exactly alike.  This is achievable in any parallelepiped-shaped simulation box.  Typically, barostating can 

only be applied to spatial components that have periodic boundaries.  One drawback to using periodic 

boundary conditions is that longer ranging effects, like strain fields, caused by nano-scale phenomena, 

such as dislocations, can extend across the boundaries.  If the simulation box is short enough in a 

periodic direction this can cause an artificial change in the magnitude of theses effects. 

1.5 Interatomic Potentials 

Central to the accuracy of a MD simulation is the interatomic potential which describes the physics of 

the interaction between atoms during a simulation.  An interatomic potential is a set of equations and 

tables of data that describe the potential energy of an atom as a function of its surrounding atoms.  The 

net force on an atom is calculated, within an MD simulation, as the spatial derivative of the potential 

energy.  [Maybe discuss some conditions that must be met with potentials]. Potentials can be generated 

to replicate several material properties including [give examples and site. Particularly Zimmerman]. 

These potentials can be separated into two practical groups, pair-wise and many-body potentials.  The 

difference between the two is subtle, but important.  Many-body potentials have an added energetic 

dependence on the arrangement of nearest neighbors.  This added dependence allows modelling of 

complex crystal structures.  Simulations using many-body potentials are typically more computationally 

expensive than pair-wise potentials.  Many such interatomic potentials have been developed.  In certain 

circumstances multiple potentials can be used in the same simulation. 

1.5.1 Pairwise Potentials 

Pair-wise potentials calculate an atom’s potential energy as the sum of the interaction energies between 

every atom in the system with which that atom interacts.  These pair interaction energies are 

independent of one another.  Perhaps the most common pair-wise potential style is known as the 
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Lennard-Jones (LJ) method[9]. Using LJ, the potential energy of an atom i interacting with n atoms is 

calculated by  

 2𝐸𝑝,𝑖 = ∑ 𝐸𝑝,𝑖𝑗
𝑛
𝑗=1 = ∑ 𝜖 [(

𝑟𝑚

𝑟𝑖𝑗
)
12

− (
𝑟𝑚

𝑟𝑖𝑗
)
6

]𝑛
𝑗=1  (10) 

Here rij is the interatomic distance.  The minimum pair energy will be -ϵ when rij=rm.  Thus, rm is the 

equilibrium separation distance between two atoms in a vacuum.  This method is computationally 

inexpensive and effective for modelling liquids and gases [10].  When modelling solids, however, LJ 

potentials always favor closer packing, which physical solids do not.  HCP is slightly energetically 

favorable in LJ over FCC due to its lesser third nearest neighbor distance (if the third nearest neighbor 

distance is within the simulation cutoff distance) [11]. 

Other pairwise potential styles include Reactive Empirical Bond Order (REBO) [12], Beck [13], Born [14], 

Buckingham [15], Coulombic interaction and Morse [16] potentials. 

1.5.2 Many-Body potentials 

Many-body potentials include a secondary dependence on the arrangement of atoms, such that an 

atoms energy cannot be calculated as a sum of pair interaction energies.  One many-body potential style 

is known as the embedded atom method (EAM) [17].  Using EAM, the potential energy of an atom i 

interacting with n atoms is calculated by 

 𝐸𝑝,𝑖 = 𝐹(∑ 𝜌(𝑟𝑖𝑗)
𝑛
𝑗=1 ) +

1

2
∑ 𝜙(𝑟𝑖𝑗)
𝑛
𝑗=1   (11) 

Here, the second term is the pair function, which can have the same form as any of the pair-wise 

potentials described above.  The first term is the embedding function, intended to represent the energy 

of an atom in the delocalized electron “cloud” due to its proximity to n surrounding atoms.  These 

functions can take different forms depending on the model.  Voter described the electron density at a 

distance r from an atom as  
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 𝜌(𝑟) = 𝑟6(𝑒−𝛽𝑟 + 29𝑒−2𝛽𝑟)   (12) 

where β is an adjustable parameter.  This was intended to describe a hydrogenic 4s orbital for modelling 

first row transitions metals.  It was found to work well as a description for many FCC metals [18].  The 

embedding function F is typically a set of piecewise functions, such as a spline, based on a series of 

energy calculations from density functional theory (DFT) modelling or fit to optimized certain material 

properties [17]. Other many-body potential styles include Tersoff [19], angular dependent (ADP) [20], 

Charge-Optimized Many-Body (COMB) [21] and Vashinita [22] potentials. 

1.6 Modelling Deformation in MD 

During the simulation, a myriad of outside manipulations can be applied, in order to replicate various 

environments.  These include strain deformation in any tensile or shear component.  These adjustments 

can be made after every timestep or at some other interval. Any component which is subject to 

straining, is typically excluded from barostating. Due to the time restraints discussed [above/below], 

deformation rates are often much higher than those applied in experiment.  The lowest strain rate used 

in this dissertation (in MD simulation) was 3x107/s.  By contrast, an experimental tensile test reported in 

this dissertation used a strain rate of3x10-7/s [23].  Lower strain rates can be used at the expense of 

computation time.  

1.7 Time/Length restraints of MD 

Currently, supercomputers have the capacity to run simulations with millions of atoms for millions of 

timesteps, allowing simulations of systems with nanometer length scales for nanosecond time scales.  

These are appropriate scales for processes such as dislocation motion, grain boundary motion, the 

formation of displacement cascades, shock loading and deformation response in nanograin materials 

and thin films.  Time dependent processes such as diffusion, creep and cyclic loading are not easily 

simulated using MD. 
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1.8 MD for modelling Particle Dynamics 

Molecular dynamics simulation can be extended from point particles to finite sized particles by including 

the angular form of Newton’s laws of motion in addition to the translational form.  This demands that 

addition particle properties, including angular displacement (θ), angular velocity (ω) and moment of 

inertia (I) be defined.  In these simulations, particles can exert on one another both a translational force 

(f1) and a rotational moment (M). The equations of motion in this case become: 

 
𝑑𝐫𝑖

𝑑𝑡
= 𝐯𝒊 ;  

𝑑𝐯𝒊

𝑑𝑡
= 𝐚𝒊 =

𝐟𝟏,𝒊

𝑚𝑖
 ;  

𝑑𝛉𝑖

𝑑𝑡
= 𝛚𝒊 ;  

𝑑𝛚𝒊

𝑑𝑡
= 𝛂𝒊 =

𝐌𝒊

𝐼𝑖
  (13) 

Commonly, the bodies are treated as colliding objects with pair forces acting on the point of contact.  

This pair force will have a component (f1,ij) acting in the direction of the body’s center of mass and a 

component (f2,ij) acting normal to that direction, which contributes to the moment (Mij) via: 

 𝐌𝒊𝒋 = 𝐫𝒎,𝒊𝒋 × 𝐟𝟐,𝒊𝒋  (14) 

where rm,ij is the spatial vector connecting the center of mass of particle i and the point of contact 

between particles i and j.   

In the simplest three-dimensional case, these bodies would be modeled as spheres of uniform density.  

In this case, rm is always perpendicular to the surface normal.  Thus, f1 is the surface normal force 

component at the point of contact and f2 is the surface tangential force.  This allows f1 to be directly 

computed by contact force models such as that by Hertz for fully elastic spheres, and f2 to be calculated 

by coulombic friction. 
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Abstract 

Quantitative measurements of stress near dislocation channel–grain boundary (DC-GB) interaction sites 

were made using High Resolution Electron Backscatter Diffraction (HREBSD) and have been compared 

with molecular dynamic (MD) simulations. The stress normal to the grain boundary was significantly 

elevated at discontinuous DC-GB intersections with peak magnitudes roughly an order of magnitude 

greater than at sites where slip transfer occurred. These results constitute the first measurement of 

stress amplification at DC-GB intersections and provide support to the theory that high normal stress at 

the grain boundary may be a key driver for the initiation of irradiation assisted stress corrosion cracks. 

Comments 

This work was published in the journal Scripta Materialia [1]. It has been lightly edited for formatting. 
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Austenitic stainless steel is a primary structural material and a candidate for generation IV reactors [1]. 

Understanding degradation and failure mechanisms in this alloy becomes increasingly important as the 

nuclear industry pushes the lifetime of current reactors and plans for the construction of new plants. A 

degradation mode of stainless steels that has been a growing problem for several decades is irradiation 

assisted stress corrosion cracking (IASCC). Due to the complex nature of dynamic processes during 

irradiation [2-4], isolating the fundamental mechanisms responsible for component failure by IASCC has 

been exceedingly difficult. However, in recent years localized deformation has emerged as a potential 

factor in the IASCC process [5]. The introduction of hard barriers such as dislocation loops, precipitates, 

and stacking fault tetrahedra (SFTs) under irradiation causes a change in deformation mode from 

homogeneous slip to localized heterogeneous deformation [6,7]. The first mobile dislocations partially 

annihilate these barriers [8], leaving a relatively soft region of material compared to the hard matrix. 

Subsequent dislocations move preferentially in these soft regions, confining a majority of the material 

deformation within narrow channels. 

Jiao et al. [9] showed a strong correlation between the average weighted channel height and IASCC 

susceptibility. McMurtrey et al. [10] identified two different families of dislocation channel – grain 

boundary (DC-GB) interaction types: discontinuous channels where the dislocation channel arrested at 

the grain boundary, and continuous channels where the dislocation channels were transmitted across 

the grain boundary into the adjacent grain. Cracking propensities for discontinuous DC-GB interaction 

sites exhibited a greater cracking fraction by a factor of six. The cause of this behavior is believed to be a 

high local tensile stress due to dislocation pile-up at the head of discontinuous channels. West et al. [11] 

showed that the inclination angle of cracked boundaries with respect to the loading axis for similar 

alloys to this study was heavily weighted towards 90 degrees, indicating grain boundary normal stress is 

an important factor for the crack initiation mechanism. Supporting evidence for this crack initiation 
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mechanism was provided by Fukuya et al. [12] after investigating 316 stainless steel irradiated to 73 dpa 

in a fast reactor. 

One explanation for the difference in cracking behavior is a difference in the grain boundary normal 

stress between continuous and discontinuous channels. To date, no quantitative measurements of the 

stress state near the channel – grain boundary interaction site have been made. Quantitative 

measurements of residual elastic stress can be made with high spatial resolution using a cross 

correlation technique developed by Wilkinson, Meaden, and Dingley called High Resolution Electron 

Backscatter Diffraction (HREBSD) [13]. Kikuchi patterns generated during traditional EBSD analysis will 

distort when the material is strained. By measuring changes in the Kikuchi pattern, the magnitude of the 

residual elastic strain can be determined, which can be used to calculate elastic stress. (For a detailed 

explanation of the technique see [14, 15].) With HREBSD, quantitative stress measurements near 

discontinuous and continuous channels have been made. The resulting data has been compared and 

analyzed using molecular dynamic (MD) simulations. 

Material used for the study was lab purity stainless steel produced by General Electric Global Research 

with a nominal composition of 70.36 wt% Fe, 13.41 wt% Cr, 15.04 wt% Ni, 0.016 wt% C, 1.03 wt% Mn, 

and 0.10 wt% Si that had undergone cold rolling and heat treatment (1200 °C: 2 hr) resulting in a final 

average grain size of 25 microns. Tensile bars were electrical discharge machine (EDM) cut with a 2mm x 

2mm cross section and a 21mm gauge length. Samples were mechanically polished in stages from 320 to 

1200 grit SiC paper. Each sample was electropolished for 60-90 seconds using a solution of 10% 

perchloric acid and 90% methanol at 30 V and -40° C.  

Samples were irradiated using 3.2 MeV protons at 360° C to a total dose of 5 dpa with a dose rate of 

1.006x10-5 𝑑𝑝𝑎 𝑠⁄  at the University of Michigan Ion Beam Laboratory (MIBL). Dose was calculated at a 

depth of 20μm using the quick Kinchin-Pease formulation using the SRIM simulation program [16] and a 
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displacement energy of 40 eV. Ion irradiated samples were subjected to constant extension rate tensile 

(CERT) tests at a strain rate of 3x10-7 s-1 to a total plastic strain of 3% in a high purity argon environment 

at 288 °C.  

A LEXT confocal laser microscope and an SEM were used to determine the location and type of formed 

dislocation channels (discontinuous or continuous). 20 nm colloidal silica was used to remove 

approximately 200 nm of material from the sample surface, which is the average height of the 

dislocation channels. EBSD scans using a Phillips XL30 FEG and TSL OIM 5 software were performed near 

DC-GB intersections over a 400 μm2 area with a 100 nm step size. Kikuchi patterns collected during scans 

were analyzed offline with the CrossCourt3 software package developed by BLG Vantage. The cross 

correlation software was run using 50 ROI’s distributed uniformly across the reference pattern and 

single crystal elasticity coefficients for stainless steel [17]. All points with a calculated mean angular 

error by the CC3 program above 10-3 radians were removed from this analysis due to the large 

calculation errors for these points. 

Stress fields, made by resolving the principle components of the stress tensor onto the grain boundary 

plane, for both discontinuous and continuous channel – grain boundary interactions are presented in Fig 

1. Confocal microscopy shows dark contrast at the location of dislocation channels (Fig 1a). The location 

of this same region within the SEM is confirmed by overlaying a traditional EBSD orientation map on top 

of the SEM image, Fig 1b. Surface steps have been removed entirely near DC-GB sites, allowing for high 

quality EBSD patterns to be collected near the location of dislocation channels. The removal of these 

surface steps is critical to EBSD pattern generation since their height (up to 600 nm) causes shadowing 

of the detector, preventing the acquisition of critical information. The green cross in Fig 1b denotes the 

location where the EBSD pattern (Fig 1c) was collected. Fig 1d shows the stress in the direction normal 

to the grain boundary as calculated by the CC3 cross correlation software package.  The phenomenon of 

high tensile stress near an intersection site is visible for the three discontinuous channels in Fig 1d 
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(indicated with red arrows). Elevated stress values are localized to the point of DC-GB interaction and 

then dissipate rapidly over the first few microns into the adjacent grain. Shear stresses were also 

observable, but at values only ~30% of the tensile stress.  Figures 2-1e – 2-1h show the same 

information for two continuous dislocation channels intersecting a grain boundary. Such a high stress is 

not observed at the continuous DC-GB intersection. 

 

Figure 2-1:  Process for generating stress distributions using CC3 for a discontinuous 
DC-GB intersection. Confocal height profile (a), SEM with EBSD overlay (b), captured 

EBSD pattern near a channel with green cross showing pattern location (c), and the CC3 
calculated GB normal stress distribution for a discontinuous DC-GB intersection (d). 
Figures e-h show the same progression for a continuous DC-GB intersection. Black 

dashed lines denote dislocation channel location, blue arrows show dislocation channels 
which are continuous at the grain boundary, and red arrows show dislocation channels 
which are discontinuous at the grain boundary intersection site. Red boxes show areas 

which are expanded for visualization in figure 2-3. 
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Digital samples were created to match the ones investigated experimentally. The deformation response 

was modeled using molecular dynamics (MD) and an Embedded Atom Method interatomic potential 

[10]. Five grains surrounding a specific DC-GB intersection with an average size of 120 nm and the same 

orientations as in the experimental sample were generated using the Voronoi construction method [18] 

to form nano-structured thin films with a thickness of 9 nm. Relaxation, deformation, and quenching 

were simulated using MD with the LAMMPS [19] implementation and the embedded atom method 

potential for Ni developed by Voter et al [20]. All samples were relaxed for 150 ps to obtain equilibrium 

grain structure, then strained in tension with a strain rate of 3 x 108 s-1 and a temperature of 300K using 

a Nosè Hoover Barostat [21]. All MD was run with periodicity in the x and y directions with free surfaces 

perpendicular to the z direction. Following increments of 0.5% strain, samples were quenched from 

300K to 1K in 50 ps to eliminate remnants of thermal stress. All stress measurements of digital samples 

reflect post-quench values. The 6-component stress tensor was estimated in LAMMPS as a sum of 

pairwise forces on each atom and the average volume occupied by a Ni atom in a FCC lattice. Dislocation 

slip lines were visualized by mapping the volumetric strain of each atom relative to the original, 

undeformed configuration. This value increases as neighboring atoms move away from one another due 

to slip, but are unaffected by uniform atomic displacement. Digital samples were visualized in the 

software package OVITO [22]. 

Figure 2-2a shows the grain cluster shape and orientation as measured by EBSD and Fig 2b shows the 

simulated grain cluster. After virtual straining to 5%, Fig 2c shows a GB stress map in the simulated 

sample with areas of high volumetric strain (>5%) in black. Strain is localized to several bands. Slip band 

angles with respect to the tensile axis in grains 1 and 2 are the same as shown in Fig 1a. Where the 

dislocations interact with a grain boundary elevated levels of stress are observed (example highlighted 

with red arrow in Fig 2c), similar to the experimental measurements. Note that the stresses presented 

here are translated so they are normal to the 2-3 boundary. These similarities occur despite the fact that 



Chapter 2: Quantitative Analysis of Localized Stresses in Irradiated Stainless Steels Using High 
Resolution Electron Backscatter Diffraction and Molecular Dynamics Modeling 

17 

    

the MD technique is limited to much smaller grain sizes and much faster strain rates than the 

experimental ones, and no account is taken for the irradiated microstructure or exact composition of 

the sample. 

 

Figure 2-2: Results of 120 nm simulated grains strained virtually to 5% strain. (a) The 
experimental grain structure, (b) the digital sample, and (c) a resulting GB normal stress 

map after 5% deformation with dislocation paths overlaid. Black lines denote areas of 
high volumetric strain. Red arrow highlights region of elevated stress near discontinuous 
DC-GB interaction. Red boxes show areas which are expanded for visualization in figure 

2-3. 

Figure 2-3a shows a larger image of the central discontinuous DC-GB intersection in Fig. 1d. Location of 

the dislocation channel is marked with a black dashed line. The angle of the grain boundary plane to the 

surface is not known, so it was assumed that the grain boundary plane was perpendicular to the sample 

surface, making the calculated stress value an upper bound. The peak grain boundary normal stress is 

2.78 GPa. This peak value is much larger than the shear stresses observed by Guo et al. [23] at slip band 
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– grain boundary interaction points in titanium, which ranged from 0.15 to 0.60 GPa. This difference is 

likely due to irradiation produced obstacles which prevent dislocation transmission, and allow for larger 

dislocation pile-ups. Brief investigation of non-irradiated stainless steel showed heightened stress at 

discontinuous slip bands, having stress magnitudes much closer to the titanium case with peak values 

ranging from 0.60 to 0.90 GPa. The rotation field, calculated by CC3, ahead of the pile-up is on the order 

of 1% which could lead to slightly elevated stress value calculations. The stress field for a simulated 

discontinuous channel is presented in Fig 3b. Peak normal stress is 4.75 GPa, and is located at the point 

of DC-GB intersection. Elastic constants for the simulated Ni potential are ~20% larger than those of 

stainless steel [24], which could contribute to the larger observed stresses in the simulated grains. The 

small size of the simulated grains affects the pile-up length and could be influenced by the close 

proximity of other grain boundaries. 
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Figure 2-3: Direct comparison of GB normal stress profile near discontinuous DC-GB 
intersections; a) experiment (taken from figure 2-1d), b) model (taken from figure 2-2c), 
and near continuous DC-GB intersections; c) experiment (taken from figure 2-1h), d) 
model (taken from figure 2-2c). 

 

Experimental and simulated continuous DC-GB interaction sites are shown in Fig 2-3c and 2-3d 

respectively. The normal stress measured experimentally at the continuous DC-GB interaction point was 

0.34 GPa, which is nearly an order of magnitude lower than what is observed in the discontinuous 

channel case, and doesn’t vary greatly into the adjacent grain. A similar behavior is observed in the MD 

simulations. These findings are consistent with a grain boundary normal stress-driven crack initiation 

mechanism where the high stress field near discontinuous channels promotes grain boundary cracking.  
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Theoretical work by Eshelby et al. [25] produced an analytical solution to the pile-up of dislocations at 

an immovable barrier, similar to the case here in which dislocations within a channel are blocked by a 

grain boundary. In the Eshelby model, the number of dislocations, n, are constrained to lie in the same 

slip plane under the combined action of their mutual repulsion and the force of an applied stress. The 

resulting stress field present on the other side of the stationary barrier was found to be closely 

approximated by r-1/2 dependence, where r is the distance from the dislocation pile-up. The data was fit 

with a least squares algorithm to a function of the form: 

 

𝜎𝑁 = 𝐴 +
𝐾

√𝑟 + 𝐵
 [𝐺𝑃𝑎]                                             (1) 

 

where 𝜎𝑁 denotes the grain boundary normal stress and K is the stress intensity factor that describes 

resistance to slip transfer of this grain boundary.  The factor A is introduced to allow for uncertainty in 

the stress state of the selected reference pattern and B allows for uncertainty of the exact location of 

grain boundary beneath the resolving limit of your EBSD step size. This analysis is similar to that 

performed by Britton et al. [26] on the stress distributions near blocked slip bands at grain boundaries in 

commercial purity titanium. 

A line scan is taken along the y’ direction labeled in Figs 3a and 3c. Raw stress data taken along the line 

scan and curve fittings for both types of DC-GB interactions are plotted in Fig 4a. Initial results show 

excellent agreement with Eq. (1) for the discontinuous case. The fitting parameters A, B, and K are -

0.848 GPa, 0.035 μm, and 1.1995 MPa√𝑚 respectively. The flat profile near the continuous DC-GB case 

could not be fit using Eq. (1). This behavior has also been observed by Guo et al. who saw no elevated 

stress values near slip transmission sites [23]. Six additional scans have been made near discontinuous 
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DC-GB interaction sites, and all have exhibited the behavior observed in Fig 3a. Upper and lower bounds 

have been added to Fig 4a to show the range of these stress profiles. K values of scans range from 0.84 

to 1.32 MPa√𝑚. 

 

Figure 2-4 Raw data from discontinuous channel stress distribution a) with both Eshelby 
model curve fit and dashed lines denoting upper and lower bounds for experimentally 
observed stress values, and raw data from continuous channel stress distribution. b) MD 
data is compared directly to experimental stress profile data by normalization of the 
distance from the grain boundary to the grain size. 

 

Simulated stress profiles were similar in shape to experimental profiles on a much smaller length scale.  

For quantitative comparison, the stress profile along y’ in Fig 3b is plotted in Fig 4b as a function of 

distance from the grain boundary normalized by grain size. 30 atom moving averages were taken as a 

measurement of the local stress. These average points were then subjected to the same fitting 

algorithm presented earlier. The simulated data can be fit well using Eq. (1). The curve fit shown in Fig 4 

for the experimental data is reproduced here for comparison. Simulation data agrees in both magnitude 

and shape with the experimental data. 
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In summary, quantitative stress values have been determined from measurements of the local strains 

using CC3 near both continuous and discontinuous dislocation channel – grain boundary interaction 

sites in an irradiated stainless steel. Near the head of a discontinuous channel, a large tensile stress 

normal to the grain boundary is observed.  Similar values have been found through molecular dynamics 

simulations. The profile of the induced stress plume is consistent with the Eshelby model, and other 

experimental results published on non-irradiated materials. MD simulation of the same grain cluster 

analyzed with CC3 also revealed similar high stress normal to the grain boundary that decayed in a 

manner similar to that from measurement. Stress at continuous DC-GB interaction sites were noticeably 

lower due to relief of stress by dislocation transmission. All results presented throughout are consistent 

with a mechanism in which the high GB normal stress drives the initiation of IASCC cracks in the grain 

boundary. 
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Abstract 

 

Large-scale molecular dynamics simulations are used to study strain and stress localization in atomistic 

polycrystalline FCC digital samples in a thin film configuration, deformed in tension.  Special focus is placed 

on the effects of dislocation-grain boundary intersections.  The development of the localized stress and 

strain regions is studied as dislocations are emitted from and arrive at grain boundaries, it depends on the 

details of the grain boundary structure and relaxation state.  The results are compared with the 

predictions by continuum theories.  Furthermore, the results are compared with experimental 

measurements of localized stress performed in austenitic stainless steel.  Digital samples with two 

different relaxation states of the grain boundaries but otherwise identical microstructures are compared.  

The samples with more disordered, less relaxed grain boundaries are found to be more prone to strain 

and stress localization, with a higher fraction of atoms experiencing extreme deformation.  

Comments 

This manuscript is in preparation for submission to the International Journal of Plasticity.  It is currently 

being reviewed by its coauthors. 
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3.1 Introduction 

The interaction of dislocations with grain boundaries (GBs) and interfaces impacts deformation 

mechanisms in metals that can contribute to strengthening [1], crack nucleation [2], and irradiation 

embrittlement [3].  Yield strength in metals, for instance, is dependent on the local stress intensity that 

causes slip transfer from one grain to another across a GB [4].  The criteria for slip transfer across an 

interface is complex, as discussed for example by Kacher et al [5].  The processes that govern slip transfer 

are affected by the details of the crystallography and relaxation state of in individual grain boundary [6-

8].  

Some recent studies have included simulations of multiple GB configurations in otherwise identical 

polycrystals.  This technique is instructive both on the effects of additional disorder and as a check on the 

limitations of the near-perfectly planar boundaries that are typical in atomistic digital samples used in 

simulation work.  Pan and Rupert, used this technique to show how amorphous GB regions can mitigate 

damage by acting as dislocation sinks [9].  Recent work by Burbery et al. showed that multiple metastable 

grain boundary structures can be present at otherwise identical GBs and established a correlation 

between critical resolved shear stress and GB energy and free volume [10, 11].  Tucker and McDowell 

linked increased GB free volume to lower yield stress due to increased dislocation emission and GB sliding 

[12]. Foley and Tucker found that equilibrium GB energy is the best predictor for a GB’s damage tolerance, 

as quantified by the ranges of free volume and energy that a boundary can withstand during deformation 

before failure [13].  

A pile up of dislocations against that GB results in strain and stress localization in the pile-up region. For 

example, stress localization caused by dislocation channeling has been identified as a contributing 

mechanism to irradiation assisted stress corrosion cracking (IASCC) in polycrystalline FCC metals [14-17].  

When dislocation slip is not transferred to the adjacent grain, dislocations pile up in a region of highly 

localized stress and strain at the intersection [18-24].  As a result of this stress localization, failure tends 
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to occur via intergranular cracking, leading to the hypothesis that cracks tend to nucleate at the pile up 

sites.  Stroh estimated that cracking would occur at a pileup of about 1000 dislocations [25].  This is difficult 

to confirm experimentally but crack nucleation has been identified at dislocation-GB intersections in MD 

simulations [9, 26]. 

Understanding the evolution of the local stress fields as dislocations arrive and pile up at a grain boundary 

is therefore critical. Continuum solutions by Stroh [25] and Eshelby [27] assume that n dislocations are 

piled up in a channel behind a single locked dislocation and that n is a large number.  These dislocations 

are found to be in force equilibrium when their positions along the channel correspond to the zeroes of 

an nth order Laguerre polynomial.  The further a point in the slip plane is from the pinned point, the 

greater the spacing between dislocations.  The dislocation concentration in a crystal can be calculated 

given the curvature of lattice distortions using the relations established by Nye [28].  Such distortions can 

be estimated experimentally using EBSD [29, 30].   

The solutions by Stroh and Eshelby [25, 27] present a solution for the stress along a half line originating at 

the GB and continuing into the opposite grain. This stress decays from its maximum amplitude at that 

pinned location with the inverse root of the distance from the origin.  The inverse root dependence of 

these solutions has been verified experimentally in high purity titanium by Britton and co-workers [31-33] 

and in irradiated austenitic stainless steel by Johnson et al including validation with molecular dynamics 

(MD) simulations [34].  The reduced empirical form of this solution is as follows:  

 𝜎 = 𝐴 +
𝐾

√𝑟−𝐵
 (15) 

 

where σ is a stress component of interest, and K is a parameter with units of stress intensity that is related 

to the number and nature of the dislocations in the pile-up.  A is an additional parameter allowing for 

stresses not caused by the pile-up.  If there is uncertainty in the exact location of the GB, an additional 
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parameter B may be used as a correction factor.  This form is attractive as a fitting equation for 

experimental stress data because it only has 2 or 3 fitting parameters.   

The inverse root dependence described above is not expected to hold when n is small.  In fact, the Eshelby 

solution is based on a widely observed and frequently published Elastic Filed Theory (EFT) solution for a 

single dislocation (n=1) wherein the stress has an inverse dependence on the distance from the dislocation 

core [35, 36].  It is somewhat unclear, then, what dependence the stress will have when the number of 

dislocations in the pileup (n) is greater than one, but not great enough to mimic the distributions in the 

Eshelby solution.  

Stresses, as calculated via the continuum methods, are not expected to hold in the region near the 

dislocation core.  Webb et al. found that the stresses from atomistic and continuum methods diverge 

within a 1.5-2nm radius of the core for simulations of an edge dislocation in Al.  On the tensile side of a 

dislocation, the atomistic model predicted a stress peak 0.3-1nm from the dislocation core of roughly 

5GPa, which decreases to zero at the core [37].  Elastic Field Theory calculations predict a stress singularity 

at the core, with the magnitude of at least one stress component approaching infinity as distance from 

the dislocation core decreases.  Webb et al. further concluded that this discrepancy can be accounted for 

in continuum modeling by the use of the non-local elasticity calculations presented by Erigen [38], with 

an internal characteristic length of around 0.7nm, corresponding to the distance over which atomic strain 

in one part of a material can directly-contribute to stress in another.   

Dislocation pile-ups against a grain boundary also result in measurable steps where that grain boundary 

reaches the surface of the sample. The height of these steps is related to the number of dislocations in 

the pile-up.  Surface steps heights as high as 500nm have been observed experimentally by Sharp in 

irradiated Cu [39] and in irradiated Steel by Jiao and Was [18, 20].  This is in good agreement with 

continuum crystal plasticity estimations by Patra and McDowell [40].  The height of a surface step is 
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roughly equal to the surface normal component of summed Burgers vector of the dislocations that have 

passed through the dislocation channel, which increases as the overall deformation proceeds.  The 

dislocation step height has been linked to crack susceptibility in irradiated steels [20, 41]. 

The purpose of the present work is to study the evolution of localized stresses due to dislocation grain 

boundary (GB) intersections in polycrystalline samples.  The technique used is atomistic molecular 

dynamics (MD) using massively parallel resources to understand and follow the detailed evolution of the 

stress localization process in a representative number of grain boundaries. We report the results from MD 

simulations with GBs in two different disorder states, and compare the observed stress fields to the 

predictions from continuum elastic field theory calculations.  We also compare the results with 

experimental studies performed in irradiated austenitic stainless steel.  

3.2 Methods: 

3.2.1 Digital smaple generation and virtual tensile testing  

The procedure described below involves simulated processing of virtual atomistic samples. The Molecular 

Dynamics computational testing was performed using the LAMMPS implementation [42] with a time step 

of 1fs and a Noose-Hoover barostat and thermostat [43].  The EAM method [44] was used  to describe 

atomic interactions with the Ni interatomic potential by Voter et al. [45] In all cases, periodic boundary 

conditions were used in the x- and y- directions and free surfaces were used in z.  It is an intrinsic limitation 

of MD simulation that timescales are shorter than they would be in experiment. 

This study was conducted using a 6-grain thin-film polycrystal, with grain boundaries in two different 

states of disorder.  The sample has a grain size of approximately 160nm, a thickness of 10nm and contains 

about 100 million atoms.  The relatively large grain size avoids specific nano-crystalline effects, such as 

boundary sliding during tensile testing.  It also provides and large enough boundary area for analysis.  The 

samples were generated using a Voronoi construction technique [46].  In order to compare the planar 
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boundaries often used in MD studies of polycrystalline metals to a boundary with a higher degree of 

disorder, the boundary regions were subject to a local melt and quench procedure.  

The first sample, referred to as the room temperature relaxed (RTR) grain boundary sample, was relaxed 

at 300K for 50ps to allow the boundaries to form relaxed structures.  The second sample, referred to as 

the rapidly solidified (RS) boundary sample, was subject to a local melt around the grain boundaries.  To 

identify grain boundary regions, atoms with a centrosymmetry parameter [47] above 5 and a z-position 

less than 1nm were chosen to represent a planar section of the boundary.  Atoms within a 2.5nm radius 

in the x-y plane, including those above or below the planar section, were included in the melt region.  

Atoms in the melt region were allowed to relax for 50ps at 300K.  The melt region was then heated to 

2000K over 200ps.  The region melted at approximately 1700K, as identified by the time vs. energy 

inflection point.  The melt region was then quenched to 300K over 50ps.  The entire sample was then 

allowed to further equilibrate at 300K for 50ps. 

After the above described relaxation procedures, both samples underwent virtual strain-controlled tensile 

deformation at 300K and a strain rate of 3x107/s.  At strain intervals of 0.2%, snapshots of the strained 

samples were quenched from 300K to 1K in 50ps.  This procedure removes the effects from thermal 

fluctuations allowing atomic resolution stresses. 

3.2.2 Local Stress Measurement via the Eshelby Solution 

The GB normal stress σx’ was determined for each atom in the vicinity of dislocation-GB intersections using 

the transformation in equation 2 below. 

 𝜎𝑥′ =
𝜎𝑥+𝜎𝑦

2
+

𝜎𝑥−𝜎𝑦

2
cos2θ + 𝜏𝑥𝑦sin2θ (16) 

 

where θ is the angle between the x-direction in the simulation and the GB normal (x’). The stress 

components in the right side of equation 2 were obtained from snapshots of the quenched samples.  



 Chapter 3: Stress Localization Resulting from Grain Boundary Dislocation Interactions. 

30 

    

Estimating per-atom stress in standard units (GPa) required an estimate of atomic volume.  For simplicity, 

this value was assumed to be a constant 10.9Å3 across all atoms in both samples. This is equivalent to the 

average volume of an atom in a perfect FCC lattice with a=3.52Å. 

For a dislocation-GB intersection to be included in this analysis, it must: 1) occur in both samples, 2) be 

discontinuous, 3) include multiple dislocations and 4) occur far enough from a triple junction to avoid 

unrelated stress fields.  For each intersection analyzed, a 25x2x2nm section of the highest tensile stress 

region on the opposite side of the GB from the dislocation with the length aligned perpendicular to the 

GB was isolated for stress analysis.  The perpendicular distance from the GB along this length is referred 

to as x’ with x’=0 at the center of the boundary region.  This center is identified by a maximum in the 

potential energy of atoms in the region and a corresponding increase in the variability of stresses.  The 

atoms in this section with 2 < x’ < 24nm are considered when fitting the data to the Eshelby stress profile 

solution.  The lower limit was selected to exclude highly variant stresses in the boundary, and the upper 

limit was selected to exclude effects from stress fields at other boundaries. The Eshelby solution (Eq. 1) is 

fit to this data via a least square fitting method.  This process is repeated for each intersection at axial 

strain intervals of 0.2% while the intersection remains discontinuous, with no dislocation transmission 

into the adjacent grain.  

3.2.3 Local Stress Estimation via EFT   

The stress fields associated with individual dislocations in isotropic materials can be calculated from elastic 

field theory (EFT).  These solutions are widely reported [36].  In this study, they are used to provide 

estimates of the expected stress due to the dislocations that have arrived at the boundary.  This procedure 

was applied to every intersection, GB type, strain level combination that was reported in the MD results. 
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For this estimate, the stress field of a single linear dislocation is calculated with a Burgers vector equal to 

the sum of the Burgers vectors of all the individual dislocations that have arrived at the boundary (�̅�), and 

a sense vector (s) that lies along the intersection of the slip plane and the grain boundary plane. 

 �̅� = ∑ 𝑏𝑖
𝑛
𝑖=1   (17) 

where n is the number of absorbed dislocations in the intersection.  The Burgers vectors of the individual 

dislocations were identified before they reached the boundary by the crystal analysis tool, also known as 

the dislocation extraction algorithm (DXA) [48] in the OVITO visualization package [48].  Since edge and 

screw dislocations have different contributions to the stress field, the burgers vector must be separated 

into edge and screw components.  The screw component is equal to the projection of the Burgers vector 

onto the sense vector, and the edge component is the difference between the total burgers vector and 

the screw component.   

 �̅�𝑠 =
�̅�∙𝑠

|𝑠|2
𝑠  , �̅� = �̅�𝑠 + �̅�𝑒 (18) 

In a Cartesian coordinate system with x’’ as the direction of the edge component of the burgers vector 

and the z’’ axis along the sense vector, the stresses due to this dislocation, from elastic field theory are 

 𝜎𝑥′′ = −
𝐺�̅�𝑒

2𝜋(1−𝜈)
 
𝑦′′(3𝑥′′

2
+𝑦′′

2
)

(𝑥′′
2
+𝑦′′

2
)

, 𝜎𝑦′′ =
𝐺�̅�𝑒

2𝜋(1−𝜈)
 
𝑦′′(𝑥′′

2
−𝑦′′

2
)

(𝑥′′
2
+𝑦′′

2
)
, 𝜏𝑥′′𝑦′′ =

𝐺�̅�𝑒

2𝜋(1−𝜈)
 
𝑥′′(𝑥′′

2
−𝑦′′

2
)

(𝑥′′
2
+𝑦′′

2
)

 (19) 

where G is the shear modulus of the surrounding material and ν is the Poisson’s ratio (79GPa and 0.31 in 

this case, respectively).  For simplicity, anisotropic properties were not considered in EFT calculations.  

Other non-zero stress components exist in this tensor but they were not considered because the line along 

which the stress profile was constructed lies in the x’’-y’’ plane.  EFT predicts no stress contribution to σx’’, 

σy’’ or τx’’y’’ from the screw component.  The GB normal stress was then calculated by the stress 

transformation  

 𝜎𝑥′ =
𝜎𝑥′′+𝜎𝑦′′

2
+

𝜎𝑥′′−𝜎𝑦′′

2
cos−2θ′ + 𝜏𝑥𝑦 sin−2θ′ (20) 

where θ’ is the angle between x’ and x’’.  The x’’ and y’’ coordinates of this stress profile line are found by  
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 𝑥′′ − 𝑥0
′′ = 𝑥′ cos𝜃′ , 𝑦′′ − 𝑦0

′′ = 𝑥′ sin𝜃′ (21) 

where x0’’ and y0’’ are the points of maximum tensile stress along the GB observed in the MD results.  

Plotting σx’ as calculated via this continuum method against x’ gives a continuum estimation of the stress 

profiles measured via MD in this study. 

3.2.4 Step Height 

Step heights were estimated by the magnitude of the surface normal component of �̅�.  This was verified 

by direct measurements in visualization software. Because grain rotation was minimal during 

deformation, it was assumed that the surface normal was unchanged.  This step height was correlated 

with the Eshelby fitting parameter K, as an indicator of stress localization. 

3.2.5 Visualization 

To visualize these samples, a rainbow spectrum color scheme was chosen to represent tensile stress 

ranging from -5GPa (blue) to +5GPa (red).  In maps where a single GB is of interest the stress in the 

direction perpendicular to the boundary is mapped.  In maps where several grains are shown, stress in 

the direction of axial straining in the sample is mapped. To clearly see both the dislocation channels as 

well as the resulting stress fields, all stress maps include a translucent overlay of atoms with high shear 

strain slightly darker.  This color scheme allows the visualization of both stress and strain localization.  The 

OVITO visualization software [49] is used for all atomic level visualization. 

Atomic shear strain in this work was quantified via the Von Mises shear invariant as introduced by 

Simizu et al [50].  This value is a positive unitless scalar calculated from the relative motion of the atoms 

nearest neighbors during straining.  This type of analysis can be employed in continuum simulations as 

well as atomistic simulations and is a very convenient way to identify and visualize slip channels and 

areas of highly localized deformation.  Atomistic shear strain is calculated in the OVITO visualization 

suite [49].  This visualization allowed us to follow the stress localization process in individual boundaries.  
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As an additional measure of strain localization, the fraction of atoms with extreme levels of shear strain 

was also tracked as the deformation proceeds. 

3.3 Results and Discussion 

3.3.1 Overall plasticity  

The more disordered RS grain boundary sample was slightly softer in tension than the RTR sample as can 

be seen in the stress strain curves presented in Figure 3-1.  The stress response of the RS sample was 

lower in both the elastic and plastic regimes.  This is likely due, at early strain levels, to an increase in 

strain accommodation at the GB due to the higher defect density in the GB region.  This can be identified 

in the atomistic shear strain maps in Figure 3-1 by the slightly darker grain boundaries in the RS sample.  

Intragranular dislocations in the RTR samples are almost all emitted from a triple junction, resulting in 

relatively few, very distinct slip planes.  In the RS sample a majority of the dislocations were also emitted 

from TJs, but an increase in emission from the boundaries was observed.  This difference in the number 

of dislocation sources could also contribute to the yield strength difference.  
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Figure 3-1: Stress-strain curves of samples with RTR and RS relaxation treatments with 
volumetric strain maps at 1% strain intervals. Maps indicate that most of the bulk crystal 

plasticity come from dislocations originating at TJs and terminating at GBs.  The RS 
grain boundaries have a slightly increased propensity for dislocation emission and GB 

accommodation. 

 

3.3.2 Stress Localization in Dislocation-GB Intersections 

Three intersections were identified for analysis. One in each of the boundaries between grains 1 and 3, 1 

and 5, and 2 and 4.  In most cases the Eshelby solution fit was in good agreement with stress profile 

observed in MD.  An example of the individual atom data, a 60 atom rolling average and the Eshelby 

solution fit are shown in Figure 3-2A.  This example corresponds to the intersection at the 1-3 grain 

boundary in its relaxed state.  Other intersections and strain levels had similar levels of scatter.  The 

Eshelby Fit curves obtained for several axial strain levels are shown in Figure 3-2B.  This shows how 

drastically stress is localized at the dislocation-GB intersection.  The details of these intersections are 

discussed in the following three subsections.  
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Figure 3-2: Demonstration of localized stress evolution and Eshelby solution fitting 
procedure for discontinuous DC-GB intersection in boundary RTR1-3. (A) GB normal 
stress along x’ showing individual atom data, 60 atom moving average and Eshelby 

solution fit to eq. 1 at 3.2% applied axial strain. (B) Eshelby solution fit curves (red line in 
(A)) at this intersection at several strain levels.  

It was observed in the RTR boundaries, that the Eshelby fit parameters K and A were very small to begin 

with and scaled roughly linearly with the number of dislocations absorbed in the boundary.  This trend 

was less consistent in the more disordered RS boundaries.  This is likely due to stress fields caused by near-

boundary dislocations introduced during the rapid solidification process.  These fields tended to move 

during straining.  The K parameter, being a measure of stress localization, should rise as more dislocations 

are absorbed.  The A parameter, if taken as an indicator of stress far from the intersection, should not 

necessarily always decrease with each absorbed dislocation, as it does in these results.  For this reason, 

the A parameter, as reported here, should be regarded as an empirical parameter, which allows for 

uncertainty of the stress state caused by factors other than the intersection and not a measure of stress 

far from the intersection. 

3.3.2.1 The intersection at GB 1-3 
Between axial strains of 2.0 and 3.2% a total of 12 dislocations were emitted from the 3-4-5TJ into grain 

3 and stopped at the 1-3 boundary of the RTR sample (Figure 3-3A).  Higher strain levels were not 

considered as slip had transferred to grain 1.  A thirteenth dislocation was emitted back into grain 3 from 

the intersection and arrived in the 3-4-5TJ region.  This was included in the analysis, because the 
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dislocation character was such that the accumulated stress at the boundary was increased by its emission.  

With each absorbed dislocation, the Eshelby solution parameter K rose by an average of 25.2KPa√m and 

A fell by 132MPa. The evolution of K and A can be seen in Figure 3-3B. 

 

 

Figure 3-3: Evolution of stress localization due to a discontinuous DC-GB intersection in 
boundary 1-3. (A) RTR case, GB normal stress map at intersection at 2.6% axial strain 

with x’ axis overlay indicating GB normal direction. (B) Eshelby fit parameters vs 
absorbed dislocations at DC-GB intersection in A. (C) RS case, GB normal stress map at 

intersection at 3.6% axial strain. (D) Eshelby fit parameters vs. number of absorbed 
dislocations in DC-GB intersection in C. Full stress development can be seen in Videos 

3-1 (RTR) and 3-2 (RS). 
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The same slip channel was observed in the more disordered RS sample but only 3 dislocations were 

absorbed in the boundary by the end of the run.  These dislocations occurred between 3.4-3.6% axial 

strain (Figure 4C).  With each absorbed dislocation, the Eshelby solution parameter K rose by an average 

of 29.1KPa√m and A fell by 164MPa. The evolution of K and A can be seen in Figure 3-3D.  The evolution 

of the Eshelby fit parameters was unique in this case.  Where other K values ranged from -10 - 40KPa√m 

before any dislocations had encountered the boundary, this one began at 150KPa√m.  Conversely, other 

A values began between -0.3 and -0.8GPa, this A value began at -1.5GPa.  

The stress maps in Figure 3-3 A and C were taken at axial strain levels where 3 dislocations had 

encountered the boundary.  This provides the most direct comparison between the two levels of boundary 

disorder for the same boundary crystallography. The more defective RS boundary shows more stress 

localization after the arrival of the same number of dislocations.  

3.3.2.2 The intersection at GB1-5 
Between axial strains of 2.0 and 3.0% a total of 5 dislocations were emitted from the 1-2-3TJ into grain 1 

and stopped at the 2-4 boundary of the RTR sample (Figure 3-4A).  At higher strain levels, additional 

dislocations arrived at the boundary, but dislocations were emitted from the intersection into grain 5.  

With each absorbed dislocation, the Eshelby solution parameter K rose by an average of 51KPa√m and A 

fell by 257MPa. The evolution of K and A can be seen in Figure 3-4B. 
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Figure 3-4:  Evolution of stress localization due to a discontinuous DC-GB intersection in 
boundary 1-5. (A) RTR case, GB normal stress map at intersection with x’ axis overlay at 
3.0% axial strain. (B) Eshelby solution fit parameters for GB normal stress along x' as a 
function of the number or absorbed dislocations. (C) R case, GB normal stress map at 
intersection with x’ axis overlay at 2.6% axial strain. (D) Eshelby solution fit parameters 
for GB normal stress along x' vs the number or dislocations absorbed in the boundary. 

Full stress development can be seen in Videos 3-3 (RTR) and 3-4 (RS). 

 

In the more disordered RS sample, 8 dislocations were absorbed in the boundary between 2.0 and 3.0% 

axial strain (Figure 5C). With each absorbed dislocation, the Eshelby solution parameter K rose by an 

average of 21.9KPa√m and A fell by 93.1MPa. The evolution of K and A can be seen in Figure 3-4D. 



 Chapter 3: Stress Localization Resulting from Grain Boundary Dislocation Interactions. 

39 

    

As in Figure 3-3, Figure 3-4A and C each show a boundary type with the same number of absorbed 

dislocations.  In this case 5, dislocation had encountered the boundary.  These are the same snapshot as 

shown in Figures 2 B and C, but viewed from a different orientation. This boundary was unique in that the 

increase in K with each successive dislocation was, on average, somewhat lower in the more disordered 

RS sample than the more relaxed RTR sample.  

3.3.2.3 The intersection at GB2-4 
Between axial strains of 1.0 and 2.8% a total of 14 dislocations were emitted from the 1-2-5TJ into grain 

2 and stopped at the 2-4 boundary of the RTR sample (Figure 3-5A).  At higher strain levels, no additional 

dislocations arrived at the boundary.  At no point did a dislocation emit from the intersection into grain 4.  

The stress map at 4.0% axial strain is in Figure 3-5A.  With each absorbed dislocation, the Eshelby solution 

parameter K rose by an average of 10.6KPa√m and A fell by 91.4MPa. The evolution of K and A can be 

seen in Figure 3-5B. 
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Figure 3-5:  Evolution of stress localization due to discontinuous DC-GB intersection in 
boundary 2-4. (A) RTR case, GB normal stress map at intersection with x’ axis overlay at 
2.2% axial strain. (B) Eshelby solution fit parameters for GB normal stress along x' as a 
function of the number or absorbed dislocations. (C)  RS case, GB normal stress map at 

intersection with x’ axis overlay at 4.2% axial strain. Note the increased volume of the 
effected GB region. (D) Eshelby solution fit parameters for GB normal stress along x' as a 
function of the number or absorbed dislocations. Full stress development can be seen in 

Videos 3-5 (RTR) and 3-6 (RS). 

 

The same slip channel was observed in the more disordered RS sample (Figure 3-5C). 16 dislocations were 

absorbed in the boundary between 2.6 and 5.0% axial strain.  The stress map at 4.4% is in Figure 3-5C.  

With each absorbed dislocation, the Eshelby solution parameter K rose by an average of 15.1KPa√m and 

A fell by 121MPa. The evolution of K and A can be seen in Figure 3-5D. 
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As in Figure 3-3 and 5, Figure 3-5 A and C each show a boundary type with the same number of absorbed 

dislocations.  In this case 10 dislocations had encountered the boundary.   

Figure 3-6 shows the comparison of the Eshelby fit curves for the two different relaxation states of this 

boundary, after the arrival of 5 and 10 dislocations.  Higher maximum stresses in the region of the 

intersection are observed for the more disordered RS boundary than for the relaxed RTR boundary state.  

 

Figure 3-6: Eshelby Solution fit curves for localized stress of a DC-GB intersection at 
boundary 2-4 for RTR (solid lines) and RS (dashed lines) boundaries after 5 (grey lines) 

and 10 (black lines) dislocations have encountered the boundary. 

 

3.3.3 Deviation of Stress Localization Behavior from EFT Calculations 

Figure 3-7A is an example of GB normal stress (σx’) around the dislocation intersection at GB 1-5 from the 

EFT calculation in equation 2.  In this case, a direct comparison to MD results can be done for both the 

RTR and RS samples because, in both cases, 5 dislocations had entered the boundary, and in both cases 

the summed Burgers vector of these dislocations was roughly the same. The total edge component (�̅�𝑒 

from equations 4 and 5) was 0.65nm in the RTR case and 0.63nm in the RS case.  
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Figure 3-7:  GB normal stress maps after 5 Shockley partial dislocations arrive at GB 1-5 
as approximated by (A) continuum calculations, (B) MD with RTR boundaries and (C) MD 
with RS boundaries and RS approximation with indicators of the area sampled in plots of 

GB normal stress against the GB normal distance from (D) the RTR GB MD simulation 
with the continuum approximation and (E) RS GB MD simulation.  This demonstrates the 
influence of boundary disorder in the stress state of the boundary.  The dislocations that 

arrived at the boundary are the dominant source of stress in B but not C.   

This map is in good qualitative agreement with the stress map of the equivalent stress component from 

the MD results of the RTR boundary sample pictured in Figure 3-7B, except around the dislocation core 

and GB region.  The agreement is not as good in the more disordered RS case, pictured in Figure 3-7C. The 

stress data in the highlighted regions of Figure 3-7 A-C is plotted against x’ in Figure 3-7 D and E.   

Both the maximum stress found in the Eshelby solution fit of the MD stress data (occurring at x’=2nm 

from the boundary) and that from the EFT profile scaled roughly linearly with the number of absorbed 

dislocations.  This is shown in Figure 3-8.  On average, each dislocation caused an increase of 0.736, 1.30 

and 0.580GPa for the intersections in boundaries 1-3, 1-5 and 2-4 in the EFT calculations; and 0.593, 1.16 
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and 0.242GPa in the MD simulations.  The EFT predicted higher maximum stresses than the MD results 

fitted to the Eshelby solution. The difference was found to be more significant as the inclination angle 

between the slip plane and the GB decreases.  The intersection in GB 2-4 had the lowest angle (26.5°), 

followed by 1-3 (57.9°), then 1-5 (70.6°).  Two possible explanations for this correlation are: 1) 

Intersections with lower inclination angles cause dislocations from closely-spaced slip planes to be 

deposited farther apart on the boundary, thus delocalizing the stress, and 2) slip can more easily be 

transferred from the slip plane to the boundary plane if the inclination angle is low.  Slip transfer from the 

slip plane to the boundary has been observed in experiment and MD simulations [22, 51]. 

 

 

Figure 3-8:  Observed maximum stress from Eshelby fit to MD stress data vs. the 
predicted maximum stress from EFT calculations.  This demonstrates how the decreased 

inclination angle between the slip plane and the grain boundary in the intersection 
correlate to over prediction of the maximum grain boundary stress.  These angles were 

57.9°, 70.6° and 26.5° for GBs 1-3, 1-5 and 2-4, respectively. 

 

In either case, a correction for DC-GB inclination angle could improve models for predicting yield stress 

and crack nucleation, but the general agreement observed here with the MD results is quite good, 

particularly if the grain boundary and the slip plane are close to perpendicular.   
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3.3.4 Other boundary regions and stress localization 

To better understand the differences in the stress states of the relaxed RTR and more disordered RS 

boundaries, it is instructive to view regions other than discontinuous DC-GB intersections.  Figure 3-9 

maps the tensile stress in the direction of axial straining both RTR and RS GB samples.  It is apparent that 

longer range stress fields exist around the RS boundaries than the RTR boundaries.  This is illustrated in 

more detail in Figure 3-10.  Figure 3-10A and B shows 2 boundaries in the RTR sample.  The boundary 

region is narrow and the stress fields are short.  By comparison, Figure 3-10 C and D show the same 

boundaries in their more defective RS state.  Here, the boundary region is slightly wider and the stress 

fields are longer ranging. Typically, when boundary dislocations are isolated or loosely spaced, they 

generated longer ranging stress fields.  This has been shown for both extrinsic [52, 53] and intrinsic [54] 

dislocations. A similar effect may be at play here due to the additional disorder in the RS boundaries.  
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Figure 3-9:  Strain and stress localization in the entirety of both samples.  This 
demonstrates stress accumulation at sites of dislocation emission and absorption and 

TJs where GB sliding has caused an accumulation of strain. 
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Figure 3-10:  Stress map of GBs 1-2 and 3-4 in both GB states at 1.6% strain.  This 
demonstrates the much longer-range stresses present in the RS boundaries. 

 

Figure 3-11 shows stress and strain accumulation in TJ 2-3-4 for both GB relaxation states.  There are a 

few key differences in these two states.  In the more disordered RS state, more slip channels have been 

activated and GB migration has occurred.  To better quantify this effect, Figure 3-12 shows the percent of 

sample atoms with extreme stain levels in both samples as sample straining proceeds. A higher percentage 
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of atoms in the RS sample have extreme values of inelastic shear strain.  These results indicate more stress 

localization in the case of the RS grain boundaries that present additional disorder.   

  

 

Figure 3-11:  Stress and strain localization in triple junction 2-3-4 at 5% axial strain. This 
demonstrates the increased fraction of high stress and strain atoms in the RS sample. 

Full stress development can be seen in Videos 3-7 (RTR) and 3-8 (RS). 
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Figure 3-12: Strain Localization quantified by percent of atoms with extreme levels of 
shear strain.  Solid lines indicate percentages in the RTR sample, dotted line indicate the 

RS sample.  This measurement only considers an 8nm slice through the center of the 
sample, to exclude sample surface atoms.  This demonstrates how localized shear 

straining is intensified in the RS boundaries. 

 

3.3.5 Surface steps caused by the dislocation pile-ups and comparison to experiments 

In experimental studies, it is difficult to directly measure the number of dislocations that arrive at a specific 

boundary.  However, an indirect measurement can be obtained from the height of the step produced at 

the intersection of the boundary and the sample surface.  This measurement gives the surface normal 

component of the total slip in the system.  Stresses can also be measured experimentally [34].  We have 

measured the step heights in our simulations in order to compare more directly with experiments 

performed in irradiated stainless steel.  Surface step heights up to 0.94nm were observed in the digital 

samples.  The largest step was observed in the intersection at RTR 1-3.  In all cases, Shockley partial 

dislocations with multiple Burgers vectors were observed in each slip channel.  This is consistent with 

experimental findings that slip channels contain multiple slip systems.  In some cases, a leading Shockley 

partial dislocation would pass followed by a trailing Shockley partial dislocation in the same plane.  In 

others, the leading Shockley partial dislocation would be followed by one or more of the same Burgers 

vector in adjacent planes, forming a narrow twin.  The evolution of the step height depends upon the 
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surface normal component of these vectors. In general, the step heights correlated with increased stress 

concentration and larger values of the K parameter in the Eshelby fit.  The observed heights are plotted 

against the corresponding K value from the Eshelby fit of the stress profile ahead of the slip channel in 

Figure 3-13.  In the intersection at GB 2-4, for instance, the Burgers vectors of the leading and trailing 

Shockley partial dislocations had opposite surface normal components leading to very small step heights, 

including a low step height outlier of 8x10-9nm (which was omitted from the figure), and a high degree of 

scatter in Figure 3-13.  A power law fit to this data suggests that K scales roughly with the 0.38 power of 

surface step height.  Extrapolating this relationship only slightly over-predicts the K values obtained from 

EBSD [34], despite substantial differences in method, grain size, local deformation level, and the size of 

the sampled area for curve fitting.  

 

Figure 3-13: Eshelby solution fitting parameter K vs. step height for all discontinuous 
DC-GB intersections described above with power law fitting equation plus data points 

from experimental measurements.  

3.5 Conclusions 

This Molecular Dynamics study revealed the details of local stress states due to the interaction of 

dislocations with grain boundaries digital atomistic polycrystals with two different states of boundary 

relaxation/disorder.   
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The local stresses in the discontinuous DC-GB intersections were analyzed by fitting and comparison with 

continuum solutions. The stress concentration was measured by fitting the MD data to the empirical 

factor K in the Eshelby solution (eq. 1).  It was found that the stress concentration increases roughly 

linearly with the number of dislocations that arrive at the intersection.   

A positive correlation was established between the stress concentration that develops as dislocations 

arrive at the boundary and the height of the surface step produced by the slip channel.  This allows for a 

comparison with experimental results, despite the differences in grain size and time scales.  

The MD results were also compared with the predictions of elastic field theory calculation. The elastic 

theory predictions agree with simulation results for high-inclination angles between the grain boundary 

and the slip plane, but somewhat over-predict the stress for lower inclination angles between the slip 

plane and the GB plane.  This is likely due in part to slip transfer from the slip plane to the boundary plane, 

and in part to delocalization of the stress caused by greater separation between dislocations arriving from 

adjacent slip planes.  

The degrees of stress concentration were also found to depend on the relaxation state of the grain 

boundary. For most boundaries, the stress concentration was found to be greater when additional grain 

boundary disorder is present prior to straining.  This is relevant to the behavior of irradiated samples, 

where additional disorder in the boundaries can result from the irradiation.  Our results showed that the 

percentage of atoms that accumulate extreme values of local shear strain, as quantified by the Von Mises 

shear strain invariant, increases with additional GB disorder. 

The relaxation state of the boundary also seemed to have an influence on the possibility of slip 

transmission across the boundaries. The present work focused on the stress concentration at 

discontinuous intersections, but we did note that there were a few boundaries (most prominently GB 1-2 
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but also 2-4 and 1-3 to a lesser extent) that allowed transmission of slip in their relaxed RTR state and not 

in the more disordered RS state. 
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Abstract 

Dislocation content in several random grain boundaries in an FCC polycrystal were determined through 

Molecular Dynamics (MD) modeling and the Dislocation Extraction Algorithm (DXA) for detecting lattice 

dislocations.  This method provides a new means of studying random grain boundaries.  Results are 

presented for two different grain boundary relaxation states. The first resulting from a conventional 

room temperature relaxation procedure and another containing additional disorder resulting from local 

melting and rapid solidification in the GB region.   It was found that a large fraction of the boundaries 

studied contained significant densities of lattice dislocations as part of their structure, mostly Shockley 

partial dislocations and perfect lattice dislocations.  The observed dislocation content varied widely 

depending on the boundary’s specific geometrical parameters and relaxation state and in response to 

applied strain.  The less relaxed boundaries are thicker, have higher energy and contain more 

dislocations than the more relaxed boundaries.  The dislocation content changed significantly during 

virtual tensile straining of these samples.  These results are discussed in the context of the role of the 

multiplicity of possible grain boundary structures on the deformation response of polycrystalline 

materials.  

Comments 

This manuscript is in preparation for submission to the International Journal of Plasticity.  It is currently 

being reviewed by its coauthors.
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4.1 Introduction 

Grain boundaries (GBs) in metals are highly structurally complex, with contributions from grain 

orientations, tilt planes, disconnections, and non-equilibrium defect structures.  GBs are known to play a 

critical role in the overall mechanical deformation of a polycrystal.  There exists a complex interplay 

between GB defect structures and mechanical deformation, which has been the subject of much 

investigation.  Detailed simulation studies of grain boundary response to deformation have been 

performed mostly for “special” boundaries such as low-angle, symmetrical tilt, twist, coincident site 

lattice (CSL), etc.  Such studies are useful in understanding many boundary properties including 

energetics and some aspects of mechanical response [1].   However,  many GBs found in real 

polycrystals do not fit in these “special” categories and are labeled “random”, “general” or “high-angle” 

boundaries.  Special GBs appear sporadically throughout general rotations, limiting the direct predictive 

capability of many geometric descriptions.   

In addition, for each specific GB misorientation and GB plane, there is a multiplicity of possible 

structures.  This multiplicity of structures needs to be taken into account in order to understand grain 

boundary structure and mechanical response [2].  Transformations may occur among these possible 

structures akin to phase transformations in the bulk [3].  These have also been referred to as grain 

boundary complexions in recent literature [4, 5].  In a recent editorial review, Harmer and Rohrer 

describe grain boundary complexion as the “equilibrium structure and chemistry of a grain boundary in 

the same way that a ‘phase’ is an equilibrium state of the bulk” [6].  Defect content, including 

dislocation content, is an element of grain boundary complexion.   

It has been suggested that amorphous regions exist within or adjacent to randomly oriented grain 

boundaries.  Tucker et al showed how additional disorder in a GB region, quantified by the additional 

free volume associated with the boundary, makes the GB more susceptible to GB sliding and migration 

as well as glide dislocation nucleation [7].  Beamish et al showed that disordered solute distributions led 
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to lower stress thresholds for grain boundary sliding in Fe-Ni bicrystals [8]. In a recent MD study, Pan 

and Rupert showed the effects of amorphous boundaries by melting then re-solidifying regions around 

grain boundaries [9].   

GB models which use defect content as a descriptor include the Structural Unit model [10] and the 

Read-Shockley model [11].  Defect structures in low angle boundaries can be described in detail by the 

Read-Shockley model.  As the misorientation angle of adjacent grains increases, the dislocation spacing 

in the GBs decreases, often causing them to combine or making them indistinguishable.  This presents a 

challenge when attempting to describe a random GBs defect structure.   In some cases, dislocation 

densities can be experimentally determined using TEM [12], and compared directly to numerical 

solutions like the Frank-Bilby equation (FBE) [13, 14] . Such solutions for GB dislocation content have 

proven useful in finite-element crystal plasticity modeling of deformation in polycrystalline metals such 

as the model developed by Rezvanian et al [15].  In a simple form, FBE can be used to calculate the 

summed Burgers vectors of dislocations crossed by any vector in an interface plane given the 

orientations of both grain’s lattices.  FBE does not give an indication of the Burgers vector of the 

individual dislocations.  These limitations are discussed further by Sutton and Baluffi [16]. Trying to 

overcome some of these limitations Wang et al utilized what they call an “atomistically-informed” FBE 

approach [17, 18].   

Grain boundaries have been recognized for years to contain both intrinsic and extrinsic boundary 

dislocations.   Intrinsic boundary dislocations are the geometrically necessary dislocations that appear in 

a regular pattern on a planar boundary to accommodate the misorientation of two adjacent crystals.  In 

addition, grain boundaries can contain extrinsic GB dislocations which interrupt the regular pattern of 

intrinsic dislocations and the planar geometry of the boundary, resulting in grain boundary ledges. 
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The detailed local structure of GBs has been shown to effect several deformation processes including GB 

strain accommodation.  Recent studies have linked the dislocation content within a boundary to GB 

migration [19, 20], GB sliding [21, 22] [23], GB rotation[24], dislocation emission [25, 26]. Intrinsic GB 

dislocations in austenite act as preferential sites for martensite nucleation [27].  Some have linked these 

effects to the presence of GB ledges, created by excessive extrinsic dislocations [28, 29].   A review by 

Bieler et al showed the link between GB character and crack nucleation in metals [30].   GB strain 

accommodation can also be influenced by solute segregation [31]. A GBs propensity to emit dislocations 

during plastic deformation is critical in the process of plastic deformation [32].   

Dislocations encountering a GB can have direct and indirect effects on the GB structure and the 

surrounding microstructure.  Hirth et al. described the direct effects in a recent publication [33].  

Indirect effects include changes to grain boundary character twin nucleation [34] and the formation of 

stress fields which shield further dislocation absorption [35].  The defect structure of a boundary has 

also been shown to affect the ability of slip to transmit slip across grains.   Bieler et al reviewed these 

effects in Ta and Ti as characterized by SEM and crystal plasticity modeling [36].   

Detailed understanding of dislocation content in general grain boundaries is therefore important for 

understanding mechanical response. The purpose of the present paper is twofold:  1. to look at grain 

boundary structure in a novel way that focuses on the dislocation content of random general boundaries 

and 2. to study the specific grain boundary state of disordered grain boundaries.  We utilize the 

formalism of the Dislocation Extraction Algorithm (DXA) [37]. Dislocation content was characterized 

qualitatively and quantitatively before and during virtual tensile straining.  This method gives an 

estimate of GB dislocation content in random boundaries with no assumptions from continuum 

calculations.  The goal is to provide a statistical quantification of the dislocations contained in general 

random grain boundary structures.  15 randomly oriented boundaries in a digital atomistic sample are 

studied.  In order to address the role of the multiplicity of possible structures we consider two different 
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relaxation states for each grain boundary, one significantly more disordered and less relaxed than the 

other. The following sections detail the procedure used in this study, show the effects of relaxation state 

on GB energy, thickness and dislocation content and finally discuss the effects of applied strain. 

4.2 Simulation Procedure 

4.2.1 Sample Generation and Relaxation  

This study was conducted using a 6-grain thin-film polycrystal, with grain boundaries in two different 

states of disorder.  The sample has a grain diameter of roughly 160nm and a thickness of 10nm and 

contains about 100 million atoms.  This grain size is relatively large for atomistic simulation and has a 

number of advantages for the current work, including minimization of nano-size effects, such as 

boundary sliding during tensile testing, and larger boundary area for statistical analysis of defect 

concentration.  The samples were generated using a standard Voronoi construction technique [32].   The 

sample was then subject to relaxation at room temperature for 50 ps, using the LAMMPS MD 

implementation [38] with a timestep of 1fs and a Noose-Hoover barostat and thermostat [39].   An EAM 

(Embedded Atom Method) [40] interatomic potential  was used for all MD simulations , namely the Ni 

potential by Voter et al. [41].  In all cases, periodic boundary conditions were used in the x- and y- 

directions (horizontal and vertical to the page in figure 4-1) and free surfaces were used in z (out of the 

page in figure 4-1).  It is an intrinsic limitation of MD simulation that timescales are much shorter than 

those used experimentally. This sample is termed the RTR sample, for its room temperature relaxation 

treatment.  
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Figure 4-1: Microstructure of sample under investigation with grain orientation indicators 

 

Table 4-1: Orientation of the FCC <100> directions of the 6 grains of the investigated 
sample in lattice units 

Grain [100] [010] [001] 

1 (0.87, 0.05, -0.49) (-0.24, 0.91, -0.33) (0.43, 0.40, 0.81) 

2 (0.68, -0.13, -0.72) (-0.25, 0.88, -0.40) (0.68, 0.45, 0.57) 

3 (0.71, -0.47, 0.51) (0.69, 0.60, -0.41) (-0.11, 0.64, 0.76) 

4 (0.80, -0.17,- 0.58) (0.44, 0.82, 0.37) (0.41, -0.55, 0.73) 

5 (0.98, -0.20, 0.03) (0.20, 0.92, -0.34) (0.03, 0.34, 0.94) 

6 (0.97, 0.23, 0.00) (-0.22, 0.96, -0.15) (-0.03, 0.15, 0.99) 

 

In order to compare these relaxed boundaries with boundaries containing a higher degree of disorder, a 

second sample was created with exactly the same geometry and grain misorientations but with the 

boundary regions subject to a local melt and quench procedure that introduced a larger degree of 

disorder to the boundary structure.  This second sample is referred to as the RS sample, for its rapid 

solidification treatment of the region around the grain boundaries.   

Figure 2 shows the procedure used for the creation of the RS digital sample.  Grain boundary regions 

were identified by atoms with a centro-symmetry parameter [42] above 5 and a z-position less than 1nm 
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were chosen to locate the position of the boundary.  All atoms within a 2.5nm radius in the x-y plane 

were included in the melt region.  Atoms in the melt region were allowed to relax for 50ps at 300K and 

then heated to 2000K over 200ps.  The region melted at approximately 1700K, as identified by the 

inflection point in the time vs. energy curve in figure 4-2A.  The melt region was then quenched to 300K 

over 50ps.  The entire sample was then allowed to equilibrate at 300K for 50ps. At the conclusion of the 

melting and quenching sequence, it was found that 1036850 (1.17%) atoms in an 8nm slice through 

center of the RS boundary sample had a centro-symmetry parameter above 3 as opposed to 482073 

(0.54%) in the RTR boundary sample.  This verifies that additional disorder was introduced into the RS 

sample.  A histogram of the centro-symmetry parameter of atoms contained in both samples is shown in 

figure 4-3.  The 8nm slice was taken to exclude near-surface atoms, which have a wide range of 

centrosymmetry parameters. 
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Figure 4-2: Illustration of RS boundary formation procedure including (A) the temperature 
and per atom energy as a function of time and centrosymmetry maps of a GB dense 

region of the sample with (B) RTR boundaries, (C) the GBs during their melted state and 
(D) RS boundaries.  The point in the procedure when maps in (B), (C) and (D) were 

generated is indicated in (A). 
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Figure 4-3: Histogram of centrosymmetry parameter in sample with RTR and RS 
boundaries with a bin size of 0.05. An x-axis range of 3-10 highlights the lesser of two 
modes in the distribution. The greater mode is at 0 and encompasses the bulk atoms, 

while the lesser encompasses more atoms in higher degrees of disorder. 

 

4.2.2 Determination of the Grain Boundary Energy and Thickness 

To determine the grain boundary energy, a rectangular prism section of each grain boundary was 

examined.  The sections were 8nm in the z-direction, 10nm in the direction perpendicular to the 

boundary plane and 20nm in third orthogonal direction (parallel to both the grain boundary plane and 

the free surface.  The grain boundary energy was then determined as follows: 

𝛾 =
1

𝐴𝐺𝐵
∑ 𝐸𝑖 − �̅�𝑁
𝑖=0  (1) 

In equation 1, �̅� is the average energy of a bulk crystal atom (found to be -4.409eV in this case), N is the 

number of sampled atoms, and A is the sample GB area.  

Since a grain boundary is a region of high excess energy in a material, the point at which the potential 

energy of atoms begins to significantly deviate from that of the bulk was considered the transition from 

the bulk crystal region to the boundary region.  In order to determine the approximate position of these 

transition planes and subsequently the grain boundary thickness, a Gaussian-like distribution was fit to a 

distribution of potential energy (E) vs. perpendicular distance from GB plane (x’) via a least-squares 
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fitting method.  The fitting equation (2) has 4 fitting parameters: base per-atom energy (E0), energy peak 

height (Emax), x’ offset (x’0), and boundary width (w). 

 𝐸𝑓𝑖𝑡 = 𝐸0 + 𝐸𝑚𝑎𝑥𝑒
−2.3025(

𝑥′−𝑥′0
𝑤/2

)
2

 (2) 

The boundary width is accepted to be the horizontal distance between the two points along the fitting 

curve with a potential energy of the base per-atom energy plus 10% of the max peak height.  Eq. 2 is 

displayed with the coefficient -2.3025 in order allow the direct determination of w since 𝑒−2.3025 ≈ 0.1.  

This procedure is illustrated in Figure 4-4. 

 

Figure 4-4: Demonstration of GB thickness determination.  The Gaussian distribution 
curve in eq. 2 is fit to the scatterplot of Potential Energy vs. distance from the GB plane.  

The GB width is taken as the distance between the points on either side of the 
distribution where the fitted energy deviates from the bulk potential by 10% of the fitted 

curve height. 

 

4.2.3 Grain Boundary Structure and Dislocation Content 

To detect and quantify dislocations in the digital samples, we utilized the Dislocation Extraction 

Algorithm (DXA) [37] in the OVITO software package [43].  DXA detects dislocations by identifying 

perfect lattice atoms by the CNA method [44], constructing an “interface mesh” around regions full of 
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continuous perfect lattice atoms, and iteratively constructing Burgers circuits through the interface 

mesh to identify dislocation cores.  Adjacent cores are connected and considered dislocations.  A full 

description of this method can be found in a 2010 publication by Stukovski and Albe [37].  In doing so, 

DXA detects the length, Burgers vector and screw/edge character of the dislocations and the orientation 

of the surrounding lattice.  DXA also identifies the special dislocations in FCC crystals: Shockley ⅙<112>, 

Perfect ½<110>, Stair-Rod ⅙<110>, Hirth ⅓<100> and Frank ⅓<111>.  Dislocations that are not of one of 

these types are labeled “other”.  This analysis was run on all sample atoms within approximately 5nm of 

the boundary excluding triple junctions.  

The planar dislocation density of each boundary was studied individually.   Since a dislocation’s type 

have implications on mechanical behavior, the density of each special dislocation type and that of 

“other” dislocations are reported separately.  To determine the planar dislocation content of the grain 

boundary, the total summed dislocation length, obtained from DXA is divided by the grain boundary 

area, as follows: 

𝜌𝑑 =
1

𝐴𝐺𝐵
∑ 𝑙𝑖
𝑛
𝑖=1  (3) 

In the above equation 𝜌𝑑 is the planar dislocation density, 𝑙𝑖 is the length of dislocation i, n is the 

number of dislocations in the sampled area, 𝐴𝐺𝐵.  This equation will give the dislocation density as total 

length of dislocations contained in the boundary per unit area of the grain boundary.  This is different 

from the standard dislocation density in the bulk, which is total dislocation length per unit volume of 

material.  

In order to understand the effects of applied strain, both samples underwent virtual strain-controlled 

tensile deformation, at 300K in the horizontal direction of figure 1.  The strain rate used was 107/s. This 

high strain rate is due to the limitations of the available computing power, and is relatively slow for MD 

simulations.  As the samples were strained, the dislocation content of each boundary was followed in 
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intervals of 0.05% strain.  Dislocations were emitted from triple junctions and grain boundaries and 

were seen to arrive at grain boundaries at opposite sides of a given grain.  This procedure allowed us to 

follow the evolution of the grain boundary dislocation content as the emission/absorption process takes 

place.  Special attention was given to the role of the different relaxation states in this evolution.  

4.3 Results 

4.3.1 Average Grain Boundary Thickness and Energy for Different Relaxation 
Treatments  

For the RTR relaxed sample the average grain boundary energy was 8.55eV/nm2 (1.37J/m2).    This 

average value can be compared with that obtained in studies of a number of individual grain boundaries 

Ni in several FCC materials. These ranged for 1 to 1.4 J/m2 for the boundaries considered of general 

character in Ni [45].  The boundaries with the RS treatment, containing additional disorder had a higher 

average energy of 12.12 eV/nm2 (1.94 J/m2).  The difference is surprisingly significant, amounting to 

about 40% of the relaxed grain boundary energy value.  This large effect has to be connected to the 

differences in the grain boundary structure and defect content.   

The grain boundary thickness results are shown in Figure 3 and clearly indicate that the boundaries 

subject to the RS treatment are significantly thicker than the relaxed ones.  The RTR lower energy 

boundaries have an average thickness of 1.05 nm.  This value is consistent with standard rule of thumb 

estimates of grain boundary thickness of about 1 nm.  We note that this result is based on the 

assumptions used to estimate the width based on the Gaussian-like fit to the individual atom energy 

distribution.  The critical result is that using the same assumptions, the RS boundary showed a 

significantly greater average thickness of 1.64nm.  This is 60% greater than the corresponding thickness 

of the relaxed boundaries.  We also note that these values are several standard deviations apart when 

the Gaussian fit is considered.   
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4.3.2   Dislocation Contents of Various Boundaries 

These results are shown in Table 4-2 for the sample with the RTR boundaries and in Table 4-3 for the 

sample with the RS boundaries.  The first important feature of these results is that for both samples, the 

dislocation densities in the individual boundaries varied greatly with an overall average of 5.35x108/m 

and a standard deviation of 6.27x108/m for the relaxed RTR boundaries.  The variation in dislocation 

densities for various Burgers vector families also varied greatly.  Average Shockley ⅙<112> and Perfect 

½<110> dislocation densities were 2.56 x108/m and 2.07x108/m, respectively with standard deviations 

of 3.27 x108/m and 2.4 x108/m.  No significant density of Stair-Rod ⅙<110>, Hirth ⅓<100> or Frank 

⅓<111> dislocations were observed in these boundaries.  These quantitative differences in density 

between boundaries are illustrated by renderings of the DXA output in Figure 4-5.  In these figures, 

dislocations appear as colored lines, areas of crystal matching appear transparent and defect meshes, 

outer limits of lattices where no dislocations could be resolved, appear grey.  One can see that boundary 

1-2, a boundary with high density of Shockley and perfect dislocations and a low density of other 

dislocations, has a near-complete network of dislocations with very little defect mesh.  Boundaries 2-4 

and 4-6 have portions where no dislocation could be detected and no dislocations were detected in 

boundary 3-4. This sampling of boundaries indicates the degree of variety in the types and densities of 

dislocations detected in the boundaries. 
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 Table 4-2: Calculated GB energy, thickness, average dislocation segment length and 
planar dislocation density for the 15 RTR GBs present in the investigated sample.  GBs 

are identified by their neighboring grains, shown in figure 4-1. 

Neighboring 
Grains 

Boundary 
Energy 

(eV/nm2) 

Boundary 
Thickness 

(nm) 

Average 
Dislocatio
n Length 

(nm) 

Planar Dislocation Density by Burger’s 
Vector (108/m) 

1

3
〈111〉 

1

6
〈112〉 

1

2
〈110〉 Other Total 

1-2 8.00 1.09 1.07 0.06 9.47 7.93 2.43 19.89 

1-3 8.52 0.95 0.85 0.00 4.06 1.25 1.00 6.31 

1-4 8.51 0.96 0.71 0.00 0.02 0.61 1.89 2.52 

1-5 8.35 0.92 0.68 0.00 0.10 0.02 0.29 0.40 

1-6 8.87 1.17 n/a 0.00 0.00 0.00 0.00 0.00 

2-3 8.76 1.04 0.81 0.00 0.96 1.18 0.57 2.71 

2-4 8.93 1.01 1.33 0.00 0.93 5.76 6.78 13.48 

2-5 7.89 1.02 n/a 0.00 0.00 0.00 0.00 0.00 

2-6 8.98 0.95 n/a 0.00 0.00 0.00 0.00 0.00 

3-4 8.10 1.02 0.65 0.00 0.00 0.00 0.00 0.00 

3-5 8.55 0.98 0.83 0.00 0.07 0.00 0.00 0.07 

3-6 9.04 1.34 0.85 0.00 1.96 0.90 1.53 4.38 

4-5 8.66 1.12 1.16 0.00 4.94 3.88 2.21 11.03 

4-6 7.93 1.19 1.20 0.04 8.93 2.22 1.43 12.63 

5-6 9.13 0.95 0.88 0.03 0.89 1.32 2.70 4.94 

Average 8.55 1.05 0.92 0.01 2.56 2.07 1.36 5.35 

Standard  
Deviation 

0.42 0.12 0.22 0.02 3.27 2.4 1.8 6.27 
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 Table 4-3: Calculated GB energy, thickness, average dislocation segment length and 
planar dislocation density for the 15 RS GBs present in the investigated sample.  GBs are 

identified by their neighboring grains, identified in figure 4-1. 

Adjacent 
Grains 

Boundary 
Energy 

(eV/nm2) 

Boundary 
Thickness 

(nm) 

Average 
Dislocation 

Length 
(nm) 

Dislocation Density by Burger’s Vector 
(108/m) 

1

3
〈111〉 

1

6
〈112〉 

1

2
〈110〉 Other Total 

1-2 12.25 1.66 1.16 1.66 15.87 5.60 3.43 26.55 

1-3 11.43 1.53 1.11 1.38 4.29 0.87 0.78 7.32 

1-4 12.13 1.83 1.23 1.18 2.79 0.48 1.55 6.00 

1-5 14.82 1.68 1.56 2.56 6.97 0.40 1.10 11.03 

1-6 12.12 1.88 1.72 1.90 1.71 0.00 0.23 3.84 

2-3 11.50 1.58 1.13 1.18 2.31 0.66 0.76 4.90 

2-4 11.84 1.61 1.23 1.51 3.10 3.53 5.19 13.33 

2-5 11.22 1.55 1.26 0.54 2.70 0.75 1.93 5.92 

2-6 12.22 1.48 1.78 1.31 0.95 0.00 0.03 2.30 

3-4 12.14 1.51 1.14 2.80 6.94 1.00 2.11 12.84 

3-5 13.07 1.37 1.61 2.18 4.41 0.01 0.21 6.82 

3-6 12.08 1.83 1.16 1.63 2.79 1.50 1.22 7.14 

4-5 11.97 1.84 1.00 0.92 7.11 1.44 1.52 10.99 

4-6 11.12 2.04 1.16 1.70 9.89 1.44 1.70 14.73 

5-6 11.98 1.19 1.16 1.30 2.44 2.09 3.36 9.19 

Average 12.12 1.64 1.29 1.58 4.95 1.32 1.67 9.53 

Standard  
Deviation 

0.89 0.22 
0.25 0.60 3.92 1.50 1.41 5.95 
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 (a) (b) 

             

             
 (c) (d) 

 

Figure 4-5:  Renderings of DXA output of RTR boundaries (top to bottom) (a) 1-2, (b) 2-4, 
(c) 3-4 and (d) 4-6 (top) view perpendicular to grain boundary plane and (bottom) view 

perpendicular to sample surface. 

 

An enlarged view of a small portion of boundary 1-3 is shown in Figure 4-6 with Burgers vectors overlaid. 

From the figure, one can see that regions where dislocations are detected contain a number of 

dislocations of various Burgers vectors, with lengths on the order of 1nm.  All dislocations segments 

begin and end at intersections with 2 or more other segments or a surface mesh.  In boundaries 1-4, 2-4, 

3-4 and 3-5 all dislocations were found to belong to just one of the adjacent grains.  In boundaries 1-3, 

1-5, 2-3, 3-6, 4-5 and 4-6 dislocations were detected that belong to both adjacent grains.  In boundaries 

1-2 and 5-6, dislocations were detected on a third lattice orientation, which was between the 
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grain 3 
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orientations of the two adjacent grains.  This behavior can be attributed to the fact that these two 

particular boundaries were the ones with the smallest misorientation angles in the sample.  

      

Figure 4-6: Detailed rendering of a small section of RTR GB 1-3.  Markers indicated the 
Burger’s vector of each dislocation with the subscript identifying the grain to which the 

dislocation belongs. 

 

There was a similar degree of variation in dislocation densities in the RS boundaries.  The full 

quantitative data for this sample is in table 4-3.  The RS boundaries consist of a network of short 

dislocations and defect mesh within a mostly planar section plus sets of longer dislocations, extending 

significantly more out of the grain boundary plane.  Many of these out-of-plane defects lie outside of the 

calculated thicknesses of these boundaries (1-2nm).  RS boundaries 1-2, 2-4 and 4-6 have in-plane 

dislocation networks visually similar to their RTR counter parts, with the addition of several longer out-

of-plane dislocations.  In boundary RS 3-4, in-plane dislocations can be seen whereas in RTR 3-4, there 

were none.  This change was common in boundaries that had very low dislocation densities in their RTR 

state.  As mentioned above, in the RTR GBs, dislocations detected in RS 1-2 and 5-6 belonged to a lattice 

orientation between that of the adjacent grains.  In all other GBs, dislocations were detected on both 
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lattice orientations.  In contrast to the RTR sample, a small number of dislocations were detected in the 

RS GBs that belonged to the lattice of neither grain but an fcc lattice with a third orientation.  This is 

likely due to highly localized lattice straining, and is another indicator of disorder in the RS sample. 

      
 (a) (b) 

       
 (c) (d) 

 

Figure 4-7: Renderings of DXA output of RS boundaries (a) 1-2, (b) 2-4, (c) 3-4, and (d) 4-6 
from (top) view perpendicular to grain boundary plane and (bottom) view perpendicular 

to sample surface. 

The average length of dislocations in the RS boundary (1.29nm) was greater on average than that of the 

RTR boundary (0.92nm). These were roughly one standard deviation apart.  Full quantitative results are 

reported in tables 4-2 and 4-3.  A distribution of the thicknesses is shown in Figure 4-8. 
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Figure 4-8: Histograms of (A) RTR and (B) RS GB thicknesses 

 

The calculated planar dislocation density was significantly higher in the RS boundaries than the RTR 

boundaries.  When corrected for the calculated thickness, however, the volumetric dislocation content 

was roughly the same.  The density of Shockley and Stair-Rod dislocations was significantly higher in the 

RS boundaries, while the density of Perfect and other dislocations was roughly the same in both types.   

No significant density of Hirth ⅓<100> or Frank ⅓<111> dislocations were observed.  This is illustrated in 

Figure 4-9.  This indicates higher densities of dislocations when boundaries are more disordered, as 

formed by quenching as opposed to the relaxed boundaries. No correlation was observed between GB 

dislocation content and GB energy.  
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Figure 4-9: Histogram of dislocation density by type in both samples. 

4.3.3 Response to Applied Strain 

Figure 4-10 shows the stress-strain behavior for both samples studied. The sample with the more 

disordered RS boundaries was slightly softer than the sample with relaxed RTR boundaries.  The impact 

of the more defective boundary structure is to make plastic deformation easier.  Grain boundary 

accommodation of strain can occur to a higher degree in the RS sample than in the RTR boundaries.  The 

RS boundaries contain more long Shockley partial dislocations, which are highly mobile in FCC materials 

[46].  An increase in their activity could also contribute to the increase in boundary strain 

accommodation and a general softening.   
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Figure 4-10: Stress response of investigated sample with RTR and RS GBs during strain 
controlled virtual tensile tests up to 5% 

Strain in the system caused the boundary dislocation densities to evolve non-uniformly.  Figure 4-11 

shows some examples of this evolution.  The density of Shockley partial dislocations showed the 

greatest variability with strain.  The planar density of Shockley partial dislocations in many boundaries 

such as the GB between grains 1 and 3 in the RTR sample (given the shorthand RTR 1-3) as shown in 

Figure 4-11a gradually increases with strain.  In other boundaries such as RS 1-5 shown in Figure 4-11b, 

the density of Shockley partial dislocations gradually decreases.  The density of Perfect and other 

dislocations remained mostly constant with straining.  Stair-rod density consistently decreased in with 

straining in the RS boundaries and increased in the RTR boundaries.  The average dislocation density 

evolution of all boundaries during straining is shown in Figure 4-12.  Note that the values at 0 strain do 

not match those of the averages in tables 2 and 3 because the values in Figure 4-12 are an overall 

density and those in the tables are averages of individual GB dislocation densities.  In the RTR sample, 

boundary Shockley density increases fairly steadily.  Small trends may exist in the density of “other” 

dislocations but they do not appear significant with the amount of noise in the data.  In the RS sample, 

the densities of Shockley and Stair-rod dislocations decrease steadily during the first 3% of axial 

straining, at which point Shockley dislocation density begins to increase and stair rod density becomes 
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fairly consistent.  As in the RTR boundary, no significant change was observed in the “Perfect” or 

“Other” planar dislocation densities.  Both stayed at roughly 2x108/m throughout. 

 

Figure 4-11: Evolution of planar Shockley partial (green), Stair-rod partial (purple), 
Perfect (blue) and Other (red) dislocation density for (A) RTR 1-3 and (B) RS 1-5 

GBs during straining. 

 

Figure 4-12: Evolution of overall planar Shockley partial (green), Stair-rod partial (purple), 
Perfect (blue) and Other (red) dislocation density for (A) RTR and (B) RS GBs during 

straining. 

The divergence in the trend of GB dislocation density with applied strain between the RTR and RS 

boundaries indicates that a GB’s response to strain depends strongly on its initial relaxation state.  These 
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trends were not found to correlate to dislocation emission from or absorption in the boundaries.  In 

most observable cases, intergranular dislocations encountering the boundary during straining were 

undetectable after being absorbed and did not contribute to the boundary dislocation region.  Examples 

of this behavior can be view in Video 4-1 and 4-2 in the supplemental material.  Likewise, the few 

dislocations that were emmited from the RTR boundaries were not observed to be part of the original 

boundary dislocation structure.  An example can be seen in Video 4-3. Video 4-4 shows a dislocation 

encountering the grain boundary and interacting with boundary dislocations.  This behavior was only 

seen in boundary RTR 1-2 where the misorientation angle was low.  Intergranular slip was observed to 

occur easily in this boundary. 

4.4 Discussion 

These results indicate that random grain boundaries contain dislocations that can, in digital samples, be 

resolved and quantified without assumptions from continuum solutions.  As expected, we found a high 

density of dislocations in the boundaries that within our random set represent the lowest misorientation 

angle.  

We searched for correlations of the dislocation content with grain boundary energy and no clear 

connection was found, except that in all cases both dislocation content and grain boundary energy 

values were significantly higher in the more disordered RS boundaries than in the relaxed RTR 

boundaries.  In addition, it is worth noting that the grain boundary thickness and the average dislocation 

length were higher in the more disordered boundaries.    

The relaxation state of the boundaries affected their plastic response in significant ways. This is 

consistent with previous work by Tucker et al. that studied deformation response as a function of non-

equilibrium state of the boundary during both tensile and shear simulations [7].   Hasnaoui et al. also 

reported a reduction in plastic strain when grain boundaries and triple junction regions approach more 
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equilibrium conditions [47].  More recently, Han et al. investigated the nature of GB metastability and its 

impact on material properties, demonstrating  that the multiplicity of metastable GB states is, in 

general, very large [2].  Our results indicate that the effects of this large multiplicity of structures can be 

significant in the plastic response and the dislocation content of the boundaries. 

In the present work, we searched for correlations among the dislocation content of the boundaries and 

the ease of dislocation emission from the boundaries.  It may seem reasonable to expect that the 

dislocations that are already part of the grain boundary structure may be the first ones to be emitted 

from the boundary as a response to stress.   We could not demonstrate such correlation in a statistically 

significant way, possibly due to the fact that the triple junctions constituted such a common site of 

emission in our simulations, limiting our statistics of emission events from the grain boundary away 

from triple junctions.  We did observe easier dislocation emission from the more disordered RS 

boundaries.  Tucker et al. analyzed the role of interface structure, stress state and initial free volume on 

dislocation nucleation and found that particular free volume distributions show a greater propensity for 

collective atomic migration during inelastic deformation [48].  Burberry et al demonstrated a  

statistically valid relationship linking GB energy and free volume with the critical resolved shear stress 

for dislocation nucleation under compressive loading [7, 49].  

We found that the grain boundary structure and the corresponding dislocation content evolves as a 

result of deformation in complex ways given by the emission and absorption of dislocations by the grain 

boundaries.  Yu et al. reported that deformation can drive GBs to higher energy states with highly 

disordered structures [50].  Conversely, Rupert and co-workers showed that when GB processes 

dominate deformation, boundary energy can trend downward during deformation [51].  In our results 

the applied strain had opposite effects on the dislocation densities of various grain boundaries, 

indicating that the effect depended on the individual grain boundary structure and relaxation state.  In 



 Chapter 4: Dislocation Content in Random Grain Boundaries 

79 

    

general, the dislocation content of the more relaxed RTR boundaries increased with applied strain, 

whereas that of the more disordered RS GBs decreased.    

Dislocation networks within GBs are difficult to study experimentally.  However, some recent 

experimental work using transmission electron microscopy (TEM) has been reported [52-55].  Hong et al 

observed networks of “Perfect” dislocations (Burger’s vector <110>/2) in boundaries with small 

inclination to {111} planes in rolled Al [12].  The propensity for perfect dislocations, as opposed to the 

higher densities of Shockley partials observed in the present study, is likely due to the higher stacking 

fault energy of Al (~140mJ/m2)[46] as compared to Ni (~62mJ/m2 in this potential)[56].  Perfect 

dislocations in in high stacking fault materials are less likely to dissociate into partial dislocations.  In a 

subsequent study by Winther et al, FBE with dislocation types from TEM observations was employed to 

predict the density of these dislocation boundaries [57].  Qualitative and quantitative comparison led to 

the conclusion that in certain circumstances, dislocation networks observed via TEM matched these 

predictions.  The reported total planar dislocation densities in the range of 1.9 to 6.6 107/m are lower 

than those found in this work, with averages of 5.35 x108/m and 9.53x108/m in our two GB types.  This 

difference could be due to several factors including the material considered, the type of boundary and 

the method of analysis. 

4.5 Conclusions 

The dislocation content within the structure of random grain boundaries in an FCC polycrystal was 

investigated through Molecular Dynamics modeling and the Dislocation Extraction Algorithm (DXA) for 

detecting lattice dislocations.  Using this technique, dislocations have been detected in a large fraction 

of randomly oriented boundaries without assumptions from continuum calculations. 

DXA analysis of our samples shows the presence of Shockley partial dislocations in most boundaries, 

despite their random nature.  As expected, higher densities of these partial dislocations appeared for 
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the boundaries with relatively low misorientation angles.   The observed dislocation content varied 

widely depending on specific boundary geometrical parameters and relaxation state, with more 

dislocations appearing in less relaxed boundaries. 

A comparison of the results for two different grain boundary relaxation states yielded important 

qualitative information.  The first relaxation state, a conventional room temperature relaxation 

procedure yielded lower grain boundary energies and lower grain boundary widths.  Boundaries 

containing additional disorder resulting from local melting and rapid solidification (RS) had increased 

energies, increased width and higher dislocation content as part of their structure.  Though additional 

disorder caused an increase in both GB energy and dislocation content, the two properties were not 

found to correlate to one another across all boundaries. 

Virtual tensile straining of these samples revealed how the dislocation content changed as a function of 

the strain applied to the sample. Under room temperature axial loading, GB dislocation content 

decreased in the sample with more disordered boundaries and higher dislocation content, and increased 

in the sample with more relaxed boundaries.  These trends were not found to be caused by the 

absorbtion and emission of dislocations in the boundaries during straining. 
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Abstract 

The effect of hydrogen in the grain boundary on the mechanical response of random microstructures 

was studied by using atomistic simulation techniques and model interatomic potentials.  The model 

interatomic potentials mimic properties of interstitial H in fcc materials within the limitations of 

empirical force laws.  We report fully three-dimensional atomistic molecular dynamics studies of the 

mechanical response of identical samples with and without H in the grain boundaries.  H content 

changes the structure of the grain boundaries and plays a critical role in the emission of dislocations 

from the grain boundaries under an applied stress.  For lower deformation levels, the presence of H 

increased the yield strength of the samples, whereas for higher deformation levels, increased 

dislocation emission from grain boundary sources resulted in an increase in the number of dislocations 

in the pile-up at the grain boundaries.  Increasing the H content resulted in increasingly larger cracks 

being formed on the grain boundaries, consistent with decreased grain boundary cohesion.  Our results 

support a picture of hydrogen embrittlement resulting from the combined effects of hydrogen on 

plasticity as well as grain boundary decohesion. 

Comments 

This manuscript was published in Computational Materials Science [1]. It has been lightly edited for 

formatting 

1. Kuhr, B., D. Farkas, and I.M. Robertson, Atomistic studies of hydrogen effects on grain boundary 
structure and deformation response in FCC Ni. Computational Materials Science, 2016. 122: p. 
92-101. 
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5.1 Introduction 

Hydrogen embrittlement, the sudden and catastrophic failure of a metal at low applied load in the 

presence of hydrogen, is well documented and several mechanisms have been proposed to account for 

it [1, 2].  One manifestation of hydrogen-induced failure is that in some systems it can result in a 

transition in the failure mode from ductile transgranular to intergranular.  Until recently this transition 

was interpreted as being driven by hydrogen segregated to the grain boundary reducing the cohesive 

strength of the grain boundary such that it became the weakest link in the system [3-5].  Here it was 

noted that there was evidence for plasticity but the role, if any, of it in the hydrogen-induced 

intergranular failure was not ascertained.  However, recent experimental observations of the 

microstructure associated with hydrogen-induced intergranular failure in Ni [6] and Fe [7] have 

suggested that although the hydrogen-induced reduction in the cohesive strength is ultimately the 

cause of the failure, the conditions for establishing this failure mode are driven by hydrogen-enhanced 

plasticity processes.  These include the ensuing changes in the grain boundary structure and in hydrogen 

content associated with slip transfer across it as well as the increase in the local stress state around the 

grain boundary due to the hydrogen-accelerated plasticity that occurs prior to the initiation of an 

intergranular crack [8].  

However, full understanding of the hydrogen-induced failure mechanisms requires studies at the 

atomistic scale that are very difficult experimentally.  Computer simulation techniques have been used 

for several decades now to investigate the mechanical response of nano-crystalline materials [9-13].  In 

these materials, grain boundaries contribute to the deformation process through the emission and/or 

absorption of Shockley partial dislocations.  Additional mechanisms of accommodation of the stress at 

the grain boundaries have been uncovered, such as grain boundary sliding and strain-driven grain 

boundary migration.  
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For example, Sansoz and Molinari performed a series of quasi-continuum simulations at 0 K of a grain 

boundary, GB, in nano-sized Cu and Al bicrystals deformed under shear [14]. They emphasized that 

despite the importance of the GB structure for intergranular and intragranular deformation in 

nanocrystalline metals, the relation between the GB structure and their mechanical response is not well 

understood [15].  An important role of atomistic simulations is to inform the development of large-scale 

models of the behaviour of the interface between crystals [16].   Cao and Wei [17] performed large scale 

MD simulations of pure nanocrystalline, nc, Ni, subjected to uniaxial tensile loading and  observed that 

the strain is mainly localized at GBs, with GB plasticity being a major contribution to the overall plastic 

deformation.   Vo et al. [18] performed MD simulations of tension tests at different strain rates for 

polycrystalline Cu with grain sizes in the range of 5-20 nm. The contributions to plastic deformation due 

to dislocation activity and GB sliding were quantified. They found that dislocation activity increased with 

grain size but decreased with increasing strain rates. These examples are part of a large body of 

literature that has studied the connections between grain boundaries and microstructure and 

mechanical behaviour in pure fcc materials with general grain boundaries [19].   

In parallel efforts, simulations have been utilized to understand the influence of H on the mechanical 

response of materials [20-27].  These studies have addressed H interstitials in bulk fcc materials [28, 29] 

and bicrystals [30].  The embrittling and strengthening effects of hydrogen, boron, and phosphorus on a 

Σ=5 (210) [100] nickel grain boundary were investigated by means of the full-potential linearized 

augmented plane-wave method [31].  Hickel et al. aimed at understanding segregation and diffusion 

mechanisms of H in steels using ab initio methods and discussed the advantages and shortcomings of 

the technique [32].  Furthermore, there have been significant efforts to model hydrogen embrittlement 

using continuum approaches and multi-scale methods [33-38] .     

The current state of knowledge postulates that in the case of hydrogen-induced intergranular failure, 

hydrogen located at the grain boundary lowers the grain boundary cohesive energy but there is also 
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strong experimental evidence that H significantly affects the plastic response of the material [8].  

Through in-situ straining experiments in a controlled environment transmission electron microscope it 

has been shown that H increases the dislocation mobility, the dislocation generation rate and decreases 

the separation distance between dislocations in a pile-up against an obstacle such as a grain boundary; 

this work is summarized and reviewed by Robertson et al [39]. Interestingly, the effect on the behavior 

of dislocations was ubiquitous, occurring in pure fcc, bcc and hcp metals as well as alloys based on them. 

Hydrogen-enhanced plasticity has been used to explain the response of mechanical property tests 

designed to assess the activation energy and volume of dislocation slip [40, 41]. The effect on the 

dislocation mobility was explained by hydrogen attached to a dislocation modifying the stress field of 

the dislocation such that in some directions the stress field was decreased and in others it was increased 

– this hydrogen shielding effect is the basis for the hydrogen-enhanced localized plasticity mechanism 

[33]. Song and Curtin [23, 24, 42] performed atomistic simulations of the effects of H on edge dislocation 

mobility and pile-ups in order to investigate possible nanoscale mechanisms for hydrogen-enhanced 

localized plasticity.  In contrast to the experimental findings they found that the Cottrell-like hydrogen 

atmospheres following the moving dislocations, leads to a resistance to dislocation motion that is 

consistent with solute drag theory.  They also found that these atmospheres do not affect the 

equilibrium spacing of dislocations in a pile-up, which contradicts experimental observations [39]. 

Finally, Song and Curtin  pointed out that a mechanistic understanding of H-enhanced localized plasticity 

requires the evaluation of more complex H-dislocation interactions [23].  Li and co-workers utilized 

multi-scale simulations to study the role of H-vacancy complexes [43]. They performed large-scale 

molecular dynamics simulations to show that H-vacancy complexes are quite stable and tend to grow in 

size.  Chandler and co-workers [27] performed molecular dynamics (MD) simulations to study hydrogen 

effects on nano-void nucleation in a nickel low-angle and high-angle symmetrical [001] tilt grain 

boundaries. The results showed that hydrogen atoms were trapped at the grain boundaries and 
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enhanced nano-void nucleation.  These simulations could explain the nano-voids experimentally 

observed in the H induced failure of Fe and steels [44, 45]. Here it is important to note that as the nano-

void features were confined to the fracture surface and not observed sub-surface, an alternate 

explanation for the formation of these surface features has been put forth [46]. 

The present work constitutes a study of fully 3D samples containing randomly generated grain 

boundaries, created with and without various levels of intergranular H impurities. As the timescale of 

the simulations cannot account for lattice diffusion of hydrogen or hydrogen transport by the mobile 

dislocations, this study considered only the effect of hydrogen on the grain boundary structure and the 

emission of dislocations from it.  The grain boundaries in the digital samples are random boundaries and 

the study focuses on the response of the polycrystal to an applied tensile deformation in a strain-

controlled virtual tensile test. The results presented in this paper are organized as follows: First, we 

analyze the effects of H content on the structure of these random grain boundaries. The effect of 

hydrogen removal from the grain boundary by the emitted dislocations is not considered, the hydrogen 

concentration on the grain boundary is kept constant. Next, we discuss the effect of the intergranular H 

on the emission of dislocations from grain boundaries and the resulting dislocation pile ups at the 

boundaries. Finally, we present our results on the effect of the H in the grain boundary on the 

nucleation and propagation of intergranular cracks in these polycrystalline microstructures.   

5.2 Simulation Procedure 

5.2.1 Interatomic potentials 

The deformation behavior under tension was modeled using molecular dynamics and embedded atom 

(EAM) interatomic potentials [47] developed for dilute interstitial H impurities [29].  These potentials are 

used as model potentials and are subject to the limitations of empirical potentials and, in particular, the 

central nature of the Embedded Atom Method [48]. The particular potentials used here were developed 

based on the heat and volume of solution of H in Ni (0.18 eV and 0.0023 nm3) [29]. The migration energy 
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of H in the Ni lattice given by the potential is 0.35eV.  These values are very similar to those given by the 

potential of Baskes and co-authors [48].  In the potentials used here, Ni is represented by the potential 

of Voter and Chen [49].  The potentials selected reproduce in a simple way the length and strength of 

the H-Ni bond. They therefore crudely capture the basic size effects of the interaction of H with the fcc 

host material as well as the magnitude of the chemical interaction.  We note that the potentials are 

appropriate for low H concentrations only [50]. As mentioned above, our results are subject to the 

general limitations intrinsic to empirical potentials, and are indicative of trends only.   

5.2.2 Sample generation and relaxation 

The digital samples studied here have a polycrystalline thin-film configuration with randomly oriented 

grain boundaries. All samples were created using a Voronoi tessellation method [19]. The samples 

contain 6 grains (see Figure 5-1) with an average size of 40 nm [51]. For reference purposes the grains 

are identified numerically in each of the figures. This grain size, chosen to avoid nano-size effects, is still 

too small to support Frank-Read dislocation sources and dislocation multiplication. Therefore, the 

dislocations observed are generated from grain boundary dislocation sources. Each sample contained 

roughly 10 million atoms and had a thickness of about 8nm.  The samples are periodic in the x- and y-

directions with free surfaces in the z-direction.   
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Figure 5-1: Microstructure the sample colored by centro-symmetry parameter.    

The grain centers and orientations were chosen at random and the resulting grain boundaries are all 

high-angle random boundaries, except for the boundary between grains 4 and 6, which was close to a Σ 

= 3 misorientation. Grain boundary relaxation was achieved using molecular dynamics [52] in the 

LAMMPS implementation [53] by increasing the temperature to 700K for 50ps and then returning to 

300K for 50ps. An atom was determined to be a boundary atom if its centro-symmetry parameter was 

above 3 and it was 1 nm away from the sample surface [54].  In order to determine the dependence of 

intergranular failure on the hydrogen coverage on grain boundaries, the hydrogen coverage, expressed 

as H atoms per nm2 (H/nm2) of grain boundary, was varied up to 8H/nm2.  Our maximum hydrogen 

coverage level corresponds to approximately half of a monolayer.  All grain boundaries in the system 

had roughly the same level of hydrogen coverage.  The hydrogen atoms were positioned adjacent to 

grain boundary atoms, and the system allowed to relax for 34.5ps at 300K.  
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5.2.3 Virtual tensile testing 

After relaxation, all samples underwent virtual strain-controlled tensile deformation at 300K and a strain 

rate of 3x108/s. The LAMMPS code [53] was used for this part of the work, with a Nose-Hoover barostat 

and thermostat. Periodicity in the direction of the tensile axis was used to control the deformation level 

while pressure was maintained at zero in the direction perpendicular to it. The tensile axis was chosen 

to be in the horizontal direction in Figure 5-1.  It is appreciated that the strain rate used in the 

simulations is several orders of magnitude higher than those used in experiments.  This is an intrinsic 

limitation of the technique.  However, it will be shown that for the same simulation parameters, the 

presence of hydrogen on the grain boundaries influences the response of the system and the differences 

have parallels to experimental observations of the hydrogen-induced transition from transgranular to 

intergranular failure.  Specifically, this effort addresses the impact of hydrogen on the basic processes of 

dislocation emission from grain boundaries as well as crack nucleation and propagation along grain 

boundaries. 

5.2.4 Analysis and Visualization 

Visualization of the results was achieved by tracking the centro-symmetry [54] parameter of each atom 

as deformation proceeded. Detailed visualization of results is achieved by color coding according to this 

parameter at each stage of deformation and utilizing Ovito [55]. The dislocation extraction algorithm 

(DXA) written by Alexander Stukovski [56] was used to detect and characterize dislocations in our 

samples.  This algorithm was run at 0.5% strain increments.  Representations of these dislocations in the 

sample were generated by color coding the observed dislocations by Burgers vector against the back 

surface of the sample using the Paraview visualization suite [57].  These dislocations were sorted by 

Burgers vector and line length, and counted to calculate dislocation density evolution during straining. 
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5.3 Results 

5.3.1 Structure of grain boundaries with segregated hydrogen 

During the relaxation of the randomly distributed hydrogen atoms in the grain boundary, the hydrogen 

atoms diffused along the grain boundary to occupy low energy sites.    The presence of H in the grain 

boundaries resulted in significant changes in the atomic structure of the grain boundary.  The 

differences are shown in Figure 5-2 for the grain boundary between grains 1 and 5.  The atoms are 

colored according to their centro-symmetry parameter, except for the H atoms which are colored black.  

With increasing hydrogen coverage more grain boundary atoms have higher centro-symmetry 

parameters (>10) (colored red) as well as larger distorted environments.   This result suggests that the 

impact of hydrogen on the grain boundary cohesive strength has contributions from both compositional 

as well as structural changes.  The compositional effect is well documented and would manifest itself as 

a reduction of the cohesive strength because of H-bonding effects with Ni.  However, it is only recently 

that the structural component has been recognized as being a contributor [8].  

 
(a) (b)  

Figure 5-2:  Detail of the grain boundary between grains 1 and 5.  (a) without and (b) with 
H impurities showing significant changes in the grain boundary structure and H 

clustering.  
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Our results showed that within the times accessible to molecular dynamics the H that was initially 

located at the grain boundaries did not diffuse to the bulk, as expected from estimates of the H 

diffusivity in bulk Ni.  However, our simulation times are indeed enough for H transport to occur within 

the grain boundary.  This is in agreement with experimental and simulation work showing that grain 

boundary diffusion of H in nickel grain boundaries is significantly accelerated from the bulk values [58-

63].  Therefore, our structures can represent an equilibrium distribution of H within the grain boundary 

but equilibrium with H in the bulk is not attained.   

Some of the H atoms formed clusters of a few atoms and in association with regions of high free volume 

within the grain boundary.   An example of such a cluster within the grain boundary can be seen in 

Figure 5-2. Figure 5-3 shows the distribution of hydrogen in the grain boundary between grains 3 and 4, 

viewed along the grain boundary plane. After a relaxation time of 35 ps, the cluster distribution 

remained constant with an average cluster size between 1.2 and 2.2 atoms.  The average cluster size 

increased with H coverage, as shown in Figure 5-4.  The cluster distribution remained stable for 

relaxation times up to 0.6ns at room temperature, confirming that the system has arrived at an 

equilibrium distribution of H in random boundaries.  Therefore, the relaxation times possible in the 

molecular dynamics technique allow for sufficient mobility of the H atoms in the grain boundary to 

reach this equilibrium at room temperature.  The particular location of the H atoms and clusters 

depends on the structure of the individual grain boundary at a local level, with disordered large free 

volume regions preferred for H occupation. 
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Figure 5-3: Clustering of H in selected boundary of 6.4H/nm2 sample with Ni atoms 
deleted. The Ni atoms are deleted for clarity and the clusters are highlighted by circles of 

varying colors according to the number of H atoms in the cluster. 

 

 

Figure 5-4:  Average cluster size in the relaxed grain boundaries as a function of H 
coverage.  

The frequency distribution of cluster sizes is shown in Figure 5-5 for the relaxed sample containing 8.0H 

atoms /nm2 in the grain boundaries.  We note that even if most of the H in the grain boundary remains 

as single atoms or two atom clusters there are a few clusters with up to 6 or 7 H atoms.  The fraction of 

such clusters is quite small but they can have an important impact if they constitute preferred sites for 

dislocation emission and crack nucleation.  The separation distance between H atoms within the clusters 

was on average 0.2 nm. This is much larger than the distance between H atoms in the H2 molecule 

(0.074 nm) indicating that the formation of the clusters is driven by the H-Ni interaction and not the 
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interaction between H atoms to form the H2 molecule.  The tendency to form clusters of several H 

atoms has been discussed for the case of vacancies in Fe [43, 64] and Ni [27].    

 

Figure 5-5: Frequency of grain boundary H clusters in the sample with grain boundary 
coverage of 8.0 H atoms/nm2   

Overall, the results of the simulations suggest that increased H concentrations in the grain boundary 

produces a more disordered grain boundary structure, with H atoms clustering in regions of high free 

volume.  This is in agreement with simulations by Yu and co-authors [21] who performed a radial 

distribution function analysis and reported that a high local grain boundary concentration of H at 900 K 

can lead to a  more disordered grain boundary.  
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strength increases with hydrogen coverage on the grain boundaries. This increase in yield strength is 

quantified in Figure 5-7, which shows the observed values of the yield strength as a function of H 

coverage in the grain boundaries.  In order to understand this effect of hydrogen on the grain boundary, 

the changes in the grain boundary structure, dislocation emission and crack nucleation and propagation 

occurring during the loading were studied.  We found that as the emission of dislocations from the grain 

boundary proceeds, the tendency for clustering of the H atoms increases.  The change in the average 

cluster size as a function of strain level is compared with that achieved during the simulation time in the 

system with a grain boundary coverage of 4.8 H/nm2. Only in the presence of strain (see figure 5-8) does 

the average number of hydrogen atoms in a cluster increase, there is no change with simulation time.  

This comparison indicates that the cluster sizes was not determined by kinetics and that our relaxation 

times are adequate.   The dependence of the increase in the average cluster size during loading as a 

function of grain boundary hydrogen coverage is shown in Figure 5-9.  The higher the coverage the 

greater the increase in the average cluster size.  This effect is attributed to dislocation emission from the 

grain boundary creating additional free volume, which permits larger clusters of hydrogen to form.   
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Figure 5-6:  Stress-strain behavior of samples with different H coverage levels in the 
grain boundaries. 
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Figure 5-7:  Yield stress observed as a function of H coverage in the grain boundary.  
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Figure 5-8:  Average cluster size in the s ample with 4.8H/nm2 grain boundary coverage 
as a function of simulation time with and without applied strain 
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Figure 5-9: Change in average grain boundary hydrogen cluster size as a function of H 
coverage and applied strain. 
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   (a) (b) 

Figure 5-10: (a) A dislocation emitted from H clusters in a grain boundary for 8H/nm2 
grain boundary coverage and 3% strain (a) Emission into grain 3 from the grain boundary 
between grains 2 and 3.  The arrow indicates the direction of motion. (b) The same area 

for the sample without H. 

 

In order to study the qualitative effects of grain boundary hydrogen, the dislocation density was 

determined as the deformation proceeds for different H coverage of the grain boundaries.  The results 

are shown in Figure 5-11. Significant plasticity was observed in all samples.  The pure Ni sample seems to 

have a higher dislocation density at very low strain levels, particularly at 1.5%, when only the pure Ni 

sample has a non-zero mobile dislocation density.  This cannot be stated conclusively due to limited 

resolution, but it is consistent with the finding of an increasing yield stress as the H content of the grain 

boundary is increased.  At strain levels of 2% and above, this is no longer the case and the trend is for 

the dislocation content to increase with higher H content on the grain boundary.  These results support 

the idea of hydrogen-enhanced generation of dislocations from grain boundary sources, which is 

consistent with the hydrogen-enhanced plasticity model [8].  As the deformation proceeds, the total 

dislocation density increased slightly with increased hydrogen coverage. 

(b) 0 H/nm2 (a) 8.0 H/nm2 
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Figure 5-11: Evolution of the dislocation density as a function of strain for samples 
without H and two different levels of H grain boundary coverage.  
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hydrogen coverages of 3.2 H/nm2 and 4.8 H/nm2 in Figure 5-12.  The dislocations are identified using the 

DXA algorithm [56] and colored according to the magnitude of their Burgers vector; Shockley partial 
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is seen that the slip system activation sites in the grain boundary are not necessarily the same and those 
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The near ∑ = 3 grain boundary (between grains 4 and 6) shows little activity irrespective of the presence 

of hydrogen although it is noted that the plane normal of this grain boundary is perpendicular to the 

loading direction.  Assessing the influence on the deformation processes of increasing the hydrogen 

coverage to 4.8 H/nm2 is complicated as at 10% strain a crack nucleates on the junction between grains 

1, 2, 4 and 5.  Nevertheless the majority of dislocation activity still occurs in grains 1, 3 and 4.  However, 

this comparison indicates that the grain boundary cracking occurs at lower strains with increasing 

coverage of hydrogen. 
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Figure 5-12: Dislocation structures observed for samples without grain boundary H (left) 
and 3.2 H/nm2 (right).  Dislocations with burgers vector ⅙<112> are yellow, ½<110> are 

green, and ⅙<110> are red.  Darker gray shaded areas are stacking faults.  Deformation 

levels are 5% 10% and 15% from top.  
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5.3.4 Crack Initiation and propagation 

In assessing the influence of hydrogen on intergranular fracture it is necessary to separate the effects on 

crack nucleation and crack propagation. As demonstrated in Figure 5-13, crack initiation on the grain 

boundary was relatively insensitive to hydrogen coverage, with embryonic cracks or excess free volume 

of length 1 to 2 nm starting to appear at a strain level of about 5% irrespective of hydrogen content.  It 

should be noted that all observed cracks were surface cracks that nucleated at triple junctions.  As 

demonstrated in Figure 5-13, crack initiation on the grain boundary was relatively insensitive to 

hydrogen coverage, with embryonic cracks or excess free volume of length 1 to 2 nm starting to appear 

at a strain level of about 5% irrespective of hydrogen content.  This stands in contrast to the results of 

Chandler and coworkers, who found that the presence of H reduced the strain at which interior void 

nucleation occurred from around 0.25 to as little as 0.15 [27].   In the current work, the crack 

propagation rate was influenced by the hydrogen coverage on the grain boundary, increasing with 

increasing hydrogen coverage.  These effects are captured in Figure 5-13, which shows the length of the 

largest crack observed as a function of hydrogen coverage and strain level.  Furthermore, at a hydrogen 

coverage of 8 H/nm2 a crack propagated through the sample thickness after 7% strain as opposed to 

20% strain in the H-free case.  The cracks develop in a “quasi-brittle” manner, growing intergranularly 

but with significant plasticity associated with crack advance; this result is consistent with findings both 

experimental [66] and simulated [26, 67].   The snapshots presented in Figure 5-14 show crack 

nucleation and growth in the sample with hydrogen coverage of 4.8 H/nm2.  The first crack (Fig. 5-14a) 

develops at 10% deformation at the junction between grains 1, 2, 4, and 5. A larger crack is shown in 

Figure 5-14b, which nucleated between grains 2, 3 and 6 and propagated along the grain boundary 

between grains 3 and 4, and for a short distance along the boundary between grains 4 and 2.   Both 

cracks nucleate in a region of high dislocation activity and close to the location at which a dislocation 



Chapter 5: Atomistic Studies of Hydrogen Effects on Grain Boundary Structure and Deformation 
Response in FCC Ni 

106 

    

pile-up forms against the boundary between grains 2 and 3.   We have observed a limited number of 

cracks, but these examples point out to the fact that they tend to develop in regions where there are 

dislocation pile-ups against the H containing boundary or triple junction.  

 

Figure 5-13: Crack initiation and growth as a function of applied strain for various levels 
of H coverage of the grain boundary.  
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Figure 5-14: Dislocation pile ups and crack initiation observed  (a) 4.8 H/nm2 deformed 
10% a crack starts to nucleate near the triple junction of grains 1, 2 and 4  (b) 4.8 H/nm2 
deformed 15% . A crack nucleates and grows near the triple junction of grains 2,3 and 4.   
Dislocations with Burgers vector ⅙<112> are yellow, ½<110> are green, and ⅙<110> are red.  

Darker gray shaded areas are stacking faults.  Both cracks appear at sites where 
dislocations pile up against a boundary.  

 

5.4 Discussion 

The results presented in this work represent the first study of the dependence of grain boundary 

hydrogen coverage on the deformation and failure response on a Ni polycrystalline sample. Although 
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subject to the intrinsic limitations of empirical interatomic potentials and the molecular dynamics 

simulation technique, the simulations indicate that the presence of hydrogen on the grain boundaries 

has the following consequences:  

1. The introduction of hydrogen on a grain boundary results in changes to the grain boundary 

structure. 

2. Hydrogen clusters form in regions of high free volume in the grain boundary.   

3. The yield strength increases with increasing hydrogen coverage on the grain boundary.  All 

samples irrespective of the hydrogen content on the grain boundary show the presence of an 

upper and lower yield point. 

4. After yielding, the emission of dislocations from some grain boundaries is enhanced by the 

presence of hydrogen. 

5. The free volume available in the grain boundary can change with dislocation emission, which in 

turn influences the clustering of hydrogen in the grain boundary and the emission of 

dislocations.    

6. Crack propagation along the grain boundary but not crack initiation is enhanced by the presence 

of hydrogen.  

7. The strain to failure, or for an intergranular crack to extend through the simulation sample, 

decreased in the presence of hydrogen and was dependent on the hydrogen coverage in the 

grain boundary.   

Before considering these findings it is instructive to compare them with experimental observations of 

hydrogen effects on the deformation and failure of Ni.  Experimentally it is found that the presence of 

hydrogen in Ni can cause the transition in failure mode from transgranular to intergranular and that the 
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percentage of intergranular fracture is dependent on the hydrogen concentration on the grain 

boundaries [68, 69], although the specific hydrogen concentration needed on each grain boundary to 

cause intergranular failure remains unknown.  The results of these simulations show the same trend.  

The presence of hydrogen has been shown to cause a loss of ductility, an increase in flow stress and in 

increase in the work hardening rate of polycrystalline Ni. [70].  These effects were not apparent in the 

simulation results, likely due to the highly localized nature of atomistic simulation in contrast to the 

average of many local effects seen in experiment. In-situ straining of Ni in a controlled environment 

transmission electron microscope shows an increase in the generation of dislocations and an increase in 

the dislocation mobility [71].  A transition in the failure mode occurred in these in-situ experiments 

when S was present in the grain boundaries [72].  These effects of hydrogen are combined to explain the 

observation that the evolved dislocation structure beneath hydrogen-induced intergranular facets in Ni 

are more refined and the dislocation density higher than expected for the observed strain to failure [6].  

This study proposed that the structure and hydrogen content of the grain boundary were altered by the 

interactions of hydrogen-bearing dislocations with the grain boundary during the process of slip 

transfer.  The hydrogen-enhanced dislocation generation and mobility was responsible for accelerating 

the evolution of the microstructure observed beneath the striations and thereby altering the local stress 

state on the grain boundary. 

The differences in the stress-strain behavior between these simulations and the experimental results 

can be attributed to the differences in the methodology, the form of the samples, locating the hydrogen 

only on the grain boundaries, retaining the hydrogen coverage in the grain boundary constant, and the 

test conditions. The initial increase in the stress required to emit a dislocation from a grain boundary can 

be attributed to hydrogen occupying sites of free volume, which have been shown to be the sites for 

dislocation emission in the absence of hydrogen [65]. However, once activated these sites emit more 

dislocations when hydrogen is present although this is not due to a decrease in the stress to activate the 
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grain boundary dislocation source as the lower yield point does not change significantly with hydrogen 

coverage.  This finding is consistent with experimental findings of hydrogen-enhanced dislocation 

generation [39, 73] as well as slip transfer across grain boundaries [6, 7, 74].  However, both the 

simulations and experiments find that the strain to failure is reduced in the presence of hydrogen on the 

grain boundaries and decreases with increasing hydrogen concentration. For example, Ni-201 containing 

2000 ppm of internal hydrogen, exhibited a strain to failure of just 13% [70]. 

The change in the structure of the grain boundary simply due to the introduction of hydrogen and its 

further modification through the emission of dislocations provides new insight as to how hydrogen and 

the plasticity could combine to cause the cohesive strength of a specific grain boundary to become the 

weak link in the system and therefore the preferred site for crack nucleation. Experimentally the 

increase in disorder or free volume in the grain boundary is inferred from observed structural changes in 

the grain boundary following dislocation interactions with it. However, the connection of dislocation 

emission to regions of high free volume has not been achieved experimentally. Once nucleated a crack 

propagates along the weakest grain boundary provided it experienced an appropriate level of stress.  

This observation raises the interesting question about the level of coverage of hydrogen that is needed 

on the grain boundary for the presence of hydrogen alone to reduce the cohesive strength sufficiently to 

make it the weakest link in the system.  It also suggests that the reduction in the cohesive strength 

necessary to make a grain boundary the weakest link is, for the same hydrogen coverage, dependent on 

the grain boundary type.  Unfortunately, studies to assess the magnitude of the grain boundary cohesive 

energy as a function of hydrogen content and grain boundary type are not common.  Most studies have 

shown that the ideal work of separation decreases almost linearly with increasing hydrogen coverage, 

dropping by ∼45% at one-half monolayer of hydrogen coverage [75, 76]. However, these studies neglect 

plasticity effects prior to crack initiation and have not been conducted as a function of grain boundary 

type.  Shuai et al. have reported that the magnitude of the reduction of the cohesive energy of grain 
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boundaries as a function of hydrogen coverage in Fe is sensitive to the grain boundary type [77].  They 

have questioned if the levels attainable under experimental hydrogen charging conditions will yield the 

coverages necessary to reduce the cohesive strength sufficiently.  Our results show that significant 

effects on dislocation emission are already observed for a coverage of 3.2 H/nm2   corresponding to 

approximately 15% of a monolayer.     

Our results indicate that beyond the compositional effect of hydrogen on the grain boundary cohesion, 

structural effects on the grain boundary due to hydrogen and the deformation process can play a critical 

role.   Martin et al. [6] and Wang et al. [7] introduced the concept of a increased structural disorder due 

to hydrogen-enhanced slip transfer across grain boundaries as contributing to the reduction of the 

cohesive strength of the grain boundary.   Similarly, in the case of liquid metal embrittlement it has been 

suggested that structural as well as compositional changes to the grain boundary are responsible for the 

failure path being along grain boundaries [78, 79]. 

Our results also suggest preferential crack growth at sites at which a dislocation pile-up impinges on the 

grain boundary and the dislocations are not accommodated in the grain boundary.  For random 

boundaries, these pile-ups contain increased number of dislocations for increased hydrogen coverage.  

As the magnitude of the stress ahead of a dislocation pile-up is related to the number of dislocations in 

it, this result implies an increase in the local stress state at the grain boundary.  As the simulations only 

allow for faster dislocation emission from grain boundary sources, the actual effect is expected to be 

greater and to develop more rapidly when the effect of hydrogen on the dislocation mobility is included.  

This increase in the local stress at the grain boundary supports the interpretation of experimental 

findings summarized recently by Robertson [8].  
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5.5 Conclusions 

Based on these simulations the following conclusions can be drawn:  H impurities that segregate to the 

grain boundaries change the grain boundary structure, creating regions of high free volume at the sites 

of H clusters.  H in the grain boundaries, especially at regions of high free volume, constitute favored 

sites for dislocation nucleation.  A positive trend in yield strength was observed, wherein more H caused 

initial yield to occur at higher stress levels. This effect can be caused by H occupying the free volume in 

the boundaries.  This trend seems to be reversed for higher deformation levels with dislocation density 

values enhanced by the addition of hydrogen in the sample grain boundaries.  This occurs for stresses 

when the H filled sites are activated for dislocation emission.  Once cracks are nucleated in the grain 

boundaries, their growth is greatly enhanced by the presence of intergranular hydrogen.  The presence 

of dislocation pile-ups in random grain boundaries is enhanced by hydrogen.  Significant plasticity due to 

enhanced emission of dislocations from grain boundary sources is observed in the presence of 

hydrogen, even as cracks nucleate and grow.  Crack growth seems to be enhanced in locations where 

the dislocations pile up against the boundaries.   
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Abstract 

As mechanical testing proceeds towards ever-decreasing length scales, the ultimate limit is the atomic 

scale.  Here, we investigate the atomic-scale interactions that occur at the diamond-nickel interface 

during the earliest stages of a Ni nanoindentation measurement.  Using molecular dynamics with a 

custom-designed empirical potential, we found that, irrespectively of the Ni orientation, the same Ni-C 

interfacial structure always formed between the substrate and the diamond indenter. As the indenter 

digs deeper into the specimen, the location of the Ni-C interface changes, but its structure never does. 

In addition, the local formation of this structure produces longer-range disorder that may affect the local 

stresses and activation barriers to dislocation nucleation.  As this process requires relatively large atomic 

displacements of the Ni atoms for some Ni orientations, we used density functional theory calculations 

to validate and understand the process. 

Comments 

This manuscript was published in the Journal of Physical Chemistry C [1]. It has been lightly edited for 

formatting. 
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6.1 Introduction 

Nanoindentation is the most commonly-used technique for probing the mechanical response of 

samples at the nanometer length scale.  When a sharp indenter tip is used, plastic deformation 

can occur at nanometer-scale indentation depths.  For example, Ma et al. showed that a diamond 

Berkovitch indenter tip with a radius of 121 nm ± 11 nm can produce sudden strain bursts (pop-

ins) at an average indentation depth of just 11 nm[1]. Experiments with even sharper tips, such 

as AFM cantilevers[2-7], can probe mechanical behavior at even smaller length scales.  The 

ultimate limit, of course, is the atomic scale and this paper focuses on the detailed atomistic 

behavior at the diamond-nickel interface during indentation (including tip retraction) of Ni to 

depths up to about 1.1 nm.  For such small indentations, all of the atoms involved may be 

considered surface or near-surface atoms and the details of the atomic interactions between the 

metal surface and carbon atoms in the indenter become important.  In particular, the detailed 

response of the Ni atoms near the indenter could affect the dislocation nucleation process 

through changes in the local stresses and the activation barriers to dislocation nucleation.  Here, 

we investigate the first aspect of this problem for Ni indentation: the Ni-C interaction and its 

effect on the Ni atomic structure of the interface.  

Stress development during indentation and other types of contact have been the subject of vast 

amounts of experimental and modelling research.  The predominant approach to quantifying and 

mapping stress states during contact has been through continuum methods such as Finite 

Element Modeling (FEM)[8-11] and analytical variants of the Hertzian contact solutions[12].  

While this approach is attractive due to its high flexibility and computational inexpensiveness, it 

can ignore phenomena that result from the highly discretized nature of the atomic scale.  
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Molecular dynamics is frequently used in modeling nanoindentation [13-16], and many of these 

studies employ a continuum model for their indenter, describing it as a force field that is 

spherically symmetrical about the indenter center[17-23].  Other studies have implemented 

atomistic indenters[24-27].  One such study[28], showed that use of an atomistic indenter has an 

effect on dislocation nucleation.  By investigating, in depth, the spatial rearrangement of atoms 

due to chemical effects at the sample indenter interface, it may be possible to identify chemical 

processes not available through continuum methods that contribute to nanoscale deformation. 

To model the deformation as realistically as possible, we used a custom-designed hybrid Ni-C 

empirical potential, where the Ni-Ni and C-C interactions were described by well tested potentials 

present in the literature, while the mixed interactions were fitted to density functional theory 

(DFT) nanoindentation data[29, 30].  In addition, since the detailed chemical interaction between 

the carbon and nickel atoms is expected to play a role, DFT simulations were used to both validate 

and interpret the molecular dynamics (MD) results. Multi-scale approaches have been 

implemented in several other studies of indentation[9, 31-34] 

In this paper, after describing the simulation methodology for both methodologies, we discuss 

the MD findings for the atomic rearrangement that occurs when the C atoms of the indenter 

come into contact with the Ni surface (Ni-C interface). This is done for various orientations of the 

Ni specimen ((111), (110) and (100)), various rotations of the indenter tip with respect to the Ni 

surface, and two temperatures (T = 1 K and T = 300 K). Results obtained using a different atomistic 

potential (Ruda2002) are discussed as well. The DFT validation comprises the last part of the 

paper. In this section, we examine the energetics of the observed hexagonal-to-square 

transformation of the Ni surface atoms as a function of the distance from the indenter tip. Results 



Chapter 6: Ni Nanoindentation at the Nanoscale: Atomic Arrangements at the Ni-C Interface 

120 

    

from much more computationally intensive semistatic DFT simulations of nanoindentation are 

discussed as well, and further support our MD findings.    

6.2 Methodology 

Our investigation of the Ni/C interface was conducted using both MD and DFT simulations. MD 

allowed us to see the formation of the Ni/C interface and how its structure depends on the Ni 

surface orientation, while DFT allowed us to validate the MD findings as well as to understand 

the energetic reasons behind the atomic arrangement(s) that MD had suggested.    

All of the MD simulations presented in this paper were run using the LAMMPS code[35]. They 

were conducted in the NVT ensemble and a Nose-Hoover thermostat was employed[36]. We 

studied two temperatures (T = 1 K and T = 300 K), and three substrate orientations ((111), (110) 

and (100)) for the Ni sample. We used a time step of 1 fs and, in all cases except when studying 

indenter retraction, an indenter speed of 0.1 Å/ps (10 m/s), which is among the slowest speeds 

commonly used in MD nanoindentation simulations[23, 27]. The indenter retraction 

investigation was run using a slower indenter speed (0.01 Å/ps) to make sure the atoms had 

plenty of time to completely react to the changes in their environment. The size of the Ni 

specimen was the same for all orientations (500 Å x 500 Å x 300 Å), which corresponds to 

6820800, 6848640 and 6855760 atoms for the (111), (110) and (100) oriented samples, 

respectively. In all cases, we used periodic boundary conditions along x and y, and a fixed bottom 

layer of 10 Å along z. The MD simulation cell is shown in Figure 6-1 a), and, as only Ni atoms with 

centrosymmetry parameter larger than 3 are shown (in blue), only the top and bottom surfaces 

of the Ni specimen are visible. All the C atoms are displayed (red), so the whole atomistic indenter 

is depicted in the figure.  
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Figure 6-1:  a) Simulation cell for all the MD calculations, shown here for a Ni (111) 
sample. The carbon atoms are red, while the Ni atoms are blue. Only Ni atoms with 
centrosymmetry > 3 are displayed. The atomistically rough, spherical indenter is 

displayed in greater detail in b), where the actual indenter is shown with respect to the 
whole sphere of radius R=29.8 nm, and in c), where the atomic planes the indenter is 

made of are clearly visible. In d) we show examples of how the indenter tip may change 
by simply slightly changing the position of the center of the carving sphere with respect 
to the position of the atomic planes in the diamond lattice when carving the indenter. In 

d) all atoms are C and different colors only indicate a different atomic plane along z. 

 

The MD indenter was atomically rough and spherical, with a radius of 29.8 nm (Figure 6-1).  It 

was made of individual C atoms and it was carved out of a (100)-diamond lattice. We were only 

interested in indenting to the point of initiating dislocation nucleation, and preliminary 

simulations showed that to happen for indentations of less than 2 nm. Therefore, to limit the 

number of atoms in the system, instead of keeping the whole semi-sphere as an indenter, we 

kept only its bottom part: a slice that went from the tip to about 55 Å above the tip itself. This 

indenter contained about 464000 atoms (Figure 6-1 b)). Among the simulations there were small 

changes in the size of the indenter because we wanted to make sure that our results did not 

depend on the specific indenter realization. Because of the discrete nature of the lattice, the 

“atomic” indenter is actually composed of a series of successive plateaus (Figure 6-1 c)) and, 
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therefore, it is possible to obtain very similar realizations (Figure 6-1 d)) by simply slightly 

changing, for instance, the position of the center of the carving sphere with respect to the 

position of the atomic planes in the diamond lattice. To preserve bulk information, the atoms in 

the top 10 Å of our indenter were kept fixed during the simulations at T = 300 K. In most 

simulation the atomic rows in the indenter plateaus were oriented parallel to the atomic rows in 

the specimen surface. However, as discussed in more detail in section 3, we later removed this 

restriction and run several simulations with the atomic rows in the indenter plateaus forming 

various angles in the xy plane with the Ni rows, up to 22° (Figure 6-2). This was done to guarantee 

that our findings are not dependent on a specific choice of the simulation cell, and, more 

specifically, on an initial atomic alignment between indenter and specimen.  

 

Figure 6-2: Example of initial positions with a slight rotation between the atomic rows 
formed by Ni surface atoms (Ni (111)) and those in the indenter tip. Only the lowest plane 

in the indenter is shown in a), while in b) the second lowest plane is shown as well. 

To model the mixed Ni-C interactions as accurately as possible, a complete atomistic potential 

for the Ni-C system was used, including Ni-Ni, C-C, and Ni-C interactions, with both attractive and 

repulsive interactions.  This interatomic potential is a hybrid EAM[37]-Tersoff[38] Ni-C 

interatomic potential with a DFT-based Lennard-Jones[39] term that includes an attractive 
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interaction. The Ni-Ni interactions were given by the EAM[37] potential developed by Mishin in 

2004[40] and the C-C ones by the Tersoff potential[38]. The fitting procedure and final 

parameters for the Lennard-Jones mixed term are described in a recent publication[30]. This 

hybrid potential gave us a Ni lattice constant of 3.5201 Å at T = 1 K and of 3.5282 Å at T = 300 K. 

The C lattice constant was 3.5659 Å at T = 1 K and 3.5720 at T= 300 K. 

For comparison, and to explore if the found interfacial structure is potential-dependent, we 

carried out additional MD indentation simulations using the same simulation cell, indenter and 

indentation speed, but a different atomistic potential. Specifically, we used the EAM potential 

developed by Ruda et al.[41] to describe both the Ni-Ni and the Ni-C interactions. In these 

simulations, the indenter was relaxed using the Tersoff potential[38] before initiating the actual 

nanoindentation, then frozen, so that no match between the Ni-C and the C-C bond strength in 

the atomistic potential was needed (as no C-C interactions are computed during the actual 

indentation). The two potentials we used are fairly different, as the Ruda potential[41] is a 

standard EAM potential while the potential from the present work[30] is a hybrid potential where 

the metal is described by an EAM form, the indenter is described by a functional form (Tersoff) 

designed to represent covalent bonding and the mixed term is given by a Lennard-Jones 

interaction. The Ruda potential was fitted on ab initio calculated NiC in the NaCl structure 

cohesive energy and mechanical properties, while the Ni-C interactions in the potential 

developed in the present work were not fitted to any NiC-in-the-NaCl-structure data. We fitted 

the present potential to DFT calculated Ni-C attraction between a single Ni atom on the (111) Ni 

surface and an atomically sharp tip of a diamond indenter about 3 Å above the specimen surface. 

No other fitting parameters were needed for the present potential, as the Ni-Ni and C-C were 
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already provided in the literature30. As a result of the differences between the two potentials, 

physical quantities are predicted to have different values. With respect to NiC in the NaCl 

structure, the Ruda potential predicts a lattice parameter for NiC of 0.3978 nm, a bulk modulus 

of 284 GPa, and an enthalpy of formation of 0.14 eV/ atom, while the potential developed in the 

present work predicts a lattice parameter of 0.347 nm, a bulk modulus of 301 GPa and an 

enthalpy of formation of 2.10 eV/atom. Ab initio results for NiC in the NaCl structure [42] report 

values of 0.401 nm for the lattice parameter, 304 GPa for the bulk modulus and 0.93 eV/atom 

for the enthalpy of formation (Table 1).     

Table 6-1: NaCl-NiC data for our potential, the Ruda one and ab-initio results taken from 
H. Amara et al., Phys Rev B 79, 014109 (2009) 

NiC in NaCl 

structure 

Lattice constant 

(Å) 

Bulk Modulus 

(GPa) 

Enthalpy of 

formation (eV/atom) 

“our” potential 3.47 301 0.14 

Ruta potential 3.978 284 2.10 

DFT results 4.01 304 0.93 

 

All of the DFT calculations described in this work were carried out using the DMol3 code[43-45]. 

This code employs localized basis sets, and we used a real-space cutoff of 4 Å and a double-zeta-

polarized, atom-centered basis set (dnp). The exchange-correlation potential was treated within 

the Perdew-Burke-Ernzerhof (PBE) generalized gradient approximation (GGA) approach[46].  The 

ion core electrons of the Ni were described by a hardness conserving semi local pseudopotential 

(dspp)[47]. The geometry optimization was performed using a conjugate gradient approach 

based on a delocalized internal coordinate scheme[48, 49].   
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 The simulation cell we used during the DFT investigation (Figure 6-3) contained 6 Ni (111) layers 

and 1 C (100) layer. Each layer contained 4 atoms. Ni slabs with up to 10 layers for the (111) 

orientation were used in independent, previous DFT simulations to determine the relaxed nickel 

interplanar distances, and here we built our initial Ni configuration by taking the top 6 layers out 

of those relaxed configurations. To preserve bulk information, the bottom two layers were kept 

completely fixed. We also kept fixed the z coordinate of all the C atoms, and of the Ni atoms on 

the Ni surface. This was done to keep a fixed distance between the C layer simulating the indenter 

tip and the Ni surface. Periodic boundary conditions were applied in the x and y directions. For 

both Ni and C we used 3.547 Å as lattice constant, which is the DMol3 lattice constant for Ni using 

PBE. Using the same lattice constant for both allowed to apply periodic boundary conditions to 

the simulated system.  The DMol3 relaxed lattice constant for C using PBE is 3.572 Å, so we are 

only compressing it by 0.7% to make it fit the Ni periodicity. 

 

Figure 6-3 : DFT simulation cell: Side view (a) and top view (b). Carbon atoms are grey, Ni 
atoms red in a), green in b) 
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6.3 Atomic rearrangement at the interface: Ni-C monolayer structure 

All the simulations we ran gave the exact same qualitative result: while no structural modification 

at the atomic level was seen in the indenter as a result of the nanoindentation process, a Ni-C 

interfacial structure always developed in the specimen. A structurally unchanged indenter agrees 

with previous MD findings30, where more bond-breaking capable potentials such as ReaxFF were 

used, but are in disagreement with DFT results29, suggesting that a correct treatment of the C-C 

interactions under strong compressive stress is, possibly, beyond MD capabilities with currently 

available potentials. 

The use of an atomistic indenter allows the investigation of the Ni-C interface that forms as soon 

as the indenter comes into physical contact with the specimen. To determine the atomic 

structure of the Ni-C interface, we ran several sets of MD simulations, where we changed details 

such as the carving of the indenter tip, the orientation of the Ni sample, and the rotation of the 

indenter tip with respect to the atomic rows on the specimen. Several studies have shown that 

the relative orientation between the substrate and indenter can effect deformation during the 

indentation [10, 50-54].  In addition, we investigated the interface formation at two 

temperatures (T = 1 K and T = 300 K) and used other interatomic potentials[41].  In all cases, the 

same interfacial structure developed: a 1-layer thick co-penetration of Ni and C atoms in a square 

lattice (Figure 6-4). So rearranged, the average Ni-Ni distance is 2.60 ± 0.078 Å, C-C is 2.531 ± 

0.008 Å, and Ni-C is 1.81 ± 0.011 at T=300K.  The interfacial structure is remarkably similar to the 

{100} plane of a B1 crystal structure (NaCl prototype).   
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Figure 6-4:  Contact between indenter and specimen leads to the formation of a square 
interfacial structure. Early contact in a) and b), contact when the indenter is several 

Angstrom into the specimen in c), d) and e). Both Ni and C atoms are shown in a), while 
only the Ni atoms are depicted in b), to better display the structural rearrangement (from 
hexagonal to square) that Ni atoms in Ni (111) surface have to undergo to form such an 
interfacial structure. In c) side views of the contact area between specimen and indenter 

are shown: monolayer where the intermixing occurs and, below it, a slice through the 
center of the indenter showing that the intermixing only occurs on a single layer. In d) 

another top view of the sample shows that the same structure is formed as the indenter 
is lowered further into the specimen. Finally, e) is taken at the same indentation depth as 
d), but only atoms in the atomic plane containing the very tip of the indenter are shown. 

Some Ni atoms directly below the indenter (inside the black circle and ellipse, for 
instance) have already changed their structural arrangement from hexagonal to squared, 

even if no C atom is intermixed with them yet.  

 

Experimentally, NaCl-structure carbides of the 5d transition metals have been reported[55]. 

Moreover, while the phase diagram for the Ni-C system[42] shows a tendency of phase 

separation, i.e. a positive enthalpy of formation, the fact that the ordered phase Ni3C can be 

produced by mechanical alloying [56, 57] indicates that the enthalpy of formation cannot be 

strongly positive. In a recent study [42], an enthalpy of formation of 0.93 eV/atom was calculated 
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for such a system using DFT calculations.  This agrees well with values obtained from 

extrapolation of thermodynamic data [58-60]. This is an enthalpy of formation low enough that 

is reasonable to expect the formation this carbide under stressed conditions, as it is the case 

during nanoindentation. This also means that, as the enthalpies of formations of the two 

potentials we used are comparable to the ab-initio one, the intermixing that we are seeing can 

easily be interpreted in the light of carbide formation. 

Forming such a structure at the interface during indentation of a Ni (100) surface requires very 

little atomic displacement, as a Ni (100) atomic plane is already arranged in a square lattice. 

However, the formation of this structure is quite remarkable for the case of Ni (111), as its 

creation requires transformation from a hexagonal arrangement to a square one (Figure 6-4 b)) 

on the Ni plane. In Figure 6-4 c side views of the contact area between specimen and indenter 

are shown to prove that the mixed interfacial structure is only 1 layer thick. The interfacial 

structure described above is formed in every simulation as soon as the C atoms come into direct 

contact with the Ni atoms, and, as the indenter digs deeper into the specimen, its location and 

size changes, but its structure never does (Figure 6-4 d). Finally, Figure 6-4 e) only shows atoms 

in the atomic plane containing the very tip of the indenter (thickness z=1.8 Å). This 

demonstrates how some Ni atoms directly below the indenter (inside the black circle and ellipse, 

for instance) have already changed their structural arrangement from hexagonal to square. It 

also shows how the maximum atomic disorder occurs at the boundary between the area already 

directly under the indenter tip and the rest of the atomic plane. Such a boundary region is marked 

by dashed black lines in the figure, just to guide the eyes. 
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Up to here we have discussed simulation results obtained in cases where the atomic rows in the 

indenter plateaus were parallel to the atomic rows in the specimen surface. In real indentation 

experiments, however, there is no control on the orientation of the atomic rows in either the 

specimen surface or the indenter tip. It is important, therefore, to simulate this more “random” 

case, and verify that the above identified interfacial structure is formed irrespectively of the 

misorientation between specimen and indenter. To this purpose we ran several simulations, at 

both temperatures, for misorientation angles up to 22°. We found that the intermixed, 1-layer 

thick, square structure always formed, irrespective of the misorientation between the atomic 

rows on the Ni surface and the indenter plateau. As an example, Figure 6-5 shows such a structure 

formed for a 22° misorientation at T = 1 K. The interfacial structure obtained when no 

misorientation is present is shown as well, as a comparison. Black lines are drawn to guide the 

eye through the atomic rows. While the formed interfacial structure is the same in both cases, 

its orientation changes, always following the orientation of the indenting diamond lattice. This 

means that forming such a structure is even more surprising for Ni (111) misoriented with respect 

to the indenter, as even larger displacements for the Ni atoms are necessary in such a case.  
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Figure 6-5: Structure formed at the Ni-C interface when the atomic rows on the Ni (111) surface 

form an angle θ =22° and θ=0°(a) and b), respectively) with the atomic rows in the indenter tip. The 

simulation temperature was T = 1 K in both cases. Black lines and squares are drawn to guide the eye.  The 
Ni-C interfacial structure is the same in both cases, but its orientation changes, always following 

the orientation of the indenting diamond lattice. 

 

Lastly, the same interfacial structure is also found when Ni adheres to the indenter as the 

indenter is slowly retracted from the specimen, as shown in Error! Reference source not found.. 

Here, a “slow” indenter (speed = 0.01 Å/ps) has been lifted from a Ni (111) specimen after an 

11.5 Å deep indentation at T = 1 K. A group of Ni atoms has adhered to the indenter during the 

process, forming a pyramidal “island”, and has been completely removed from the Ni (111) 

specimen. Clearly, the same interface structure discussed above was formed during the 

indentation, and has been retained while the indenter was retracted. Details on this set of 

simulations, as well as a discussion of both the indenter and the specimen behavior during 

retraction are given in a previous publication[30].   
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Figure 6-6:  Blue atoms are C, red ones Ni. The Indenter has been retracted from the 
specimen, and, as a consequence of such a retraction, a small pyramidal clump of Ni has 
adhered to the indenter (a). The interfacial layer between the indenter surface and the Ni 
island shows the same, square interfacial structure as formed during the indentation (b) 

 

To conclude the investigation of the Ni-C interface, results from orientations other than (111) 

should be discussed too.  Figure 6-7 shows the interfacial structure formed at two indentation 

depths ((a) 0.92nm and (b) 1.52nm) when indenting Ni (100), and at indentation depths (c) 0 nm 

and (d) 0.7 nm when indenting Ni (110).  All results were obtained at T=1 K, but (a) and (b) were 

simulated using the EAM potential developed by Ruda et al.[41] instead of the hybrid potential 

used in all the other results discussed in the paper to this point[30]. The first observation coming 

from  Figure 6-7 is that the square interfacial structure is formed no matter the Ni orientation 

and the interatomic potential. The second, even more surprising point, is that the formation of 

the square, intermixed structure may cause significant structural disorder even for Ni surfaces 

with an atomic arrangement already similar to the final one. This can occur if the initial 

misalignment between the indenter atomic rows and the Ni ones is large enough, as shown in 

Figure 6-7 c) and d). Here we compare the atomic arrangement before the indentation starts 
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(Figure 6-7 c) and 0.7 nm into it (Figure 6-7 d). In d) the only atoms displayed are those in a plane 

of thickness z=1.4 Å that contains the C atoms in the very tip of the indenter. Red lines are 

drawn in the figure to guide the eye to the original atomic row direction in the Ni planes. A θ=10° 

misorientation is present between those lines and the ones formed by the C atoms. Figure 6-7 d) 

shows that the intermixed structure has formed following the atomic rows in the indenter, and 

that such an in-plane rotation of the Ni atom atomic rows has generated quite a structural 

disorder in the Ni plane. As extended atomic defects are a significant source of stress, 

understanding the details of the atomic reorganization that occurs during nanoindentation sheds 

light on the origin of stress points, and therefore on the subsequent dislocation nucleation.  A 

large body of work on dislocation nucleation under the indenter shows that is can be effected by 

a variety of factors[22, 54, 61-76].  

 

Figure 6-7:   Snapshots of T=1K indentation simulations of Ni (100) at indentation depths 
0.92nm (a) and 1.52nm (b), and of Ni (110) before indentation (c) and at indentation depth 
0.7 nm (d). The Ruda atomistic potential was used in obtaining a) and b), while the hybrid 

one was used in the Ni (110) simulations. 
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6.4 DFT validation of structural rearrangement 

In Section 3 we showed that the formation of a Ni-C interface may significantly modify the atomic 

arrangement on and near the Ni surface. Because lattice bonds are broken and reformed during 

such a process, we felt that the MD results should be validated by more accurate DFT calculations. 

In the following, we’ll give a quick description of the DFT methodology we used, then discuss how 

the DFT findings compare to the classically-obtained Ni-C interfacial structure.  

The first step in determining the reliability of our MD findings for the Ni-C interfacial structure is 

to address the lack of dimerization in the MD indenter tip. This is quite a large approximation, as 

it is well known that (100) C reconstructs into a (2x1) surface, with an unbuckled dimer 

geometry[77-79]. Such an approximation may very well affect the reconstruction at the interface, 

as the initial atomic positions are significantly different in the two cases (Figure 6-8). We 

addressed this issue in detail in a recent publication[29], where we simulated nanoindentation 

using a DFT semistatic approach. In that work, we lowered a (100) diamond tip into a Ni (111) or 

a Ni (100) specimen using a succession of 0.15 Å displacement steps.  Our finding was that, in all 

cases, even in the presence of oxygen impurities on the Ni surface, the dimers opened up as the 

indenter approached the Ni. The specifics of the Ni surface only affected the distance at which 

the dimer opening occurred. We found that, in most cases, the opening happened before the 

two materials come in direct contact, and that it always happened at larger tip-Ni distances for 

Ni (100) surfaces than for Ni (111) ones. 
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Figure 6-8:  Difference in the initial structures, between having and not having dimer 
rows in the indenter tip. Top view of the indenter tip approaching the Ni (111) surface, as 

the tip is or is not in its (2x1) reconstruction (a) and b), respectively). 

 

To investigate how the atomic arrangement on the Ni surface depends on the distance from the 

approaching indenter, we ran 6 simulations, each one for a different, fixed, distance between the 

C layer and the Ni surface. The largest investigated distance was 1.2 Å and the smallest was 0.2 

Å. At each distance, we investigated the energetics of the transformation from an initial 

hexagonal Ni arrangement to an approximately square configuration. Having established that an 

initial configuration as in Figure 6-8 a) is a correct starting point for our investigation of the atomic 

arrangement at the Ni-C interface, we simulated the transformation from an hexagonal 2D lattice 

to a square one by rigidly displacing some Ni atoms on the Ni surface as shown in Figure 6-9. 

More specifically, every other row of Ni atoms on the (111) surface is moved along the –x 

direction until the hexagonal configuration is transformed to a rectangular one. Ideally, we 

should obtain a square configuration, but the limitations of the DFT cell forced us to investigate 

a case similar, but not identical, to the ideal one, as in the DFT simulations the Ni-Ni distance 

along y in the final configuration is compressed by a factor of 1.155 with respect to the Ni-Ni 

distance along x (Figure 6-9). Lastly, as the Ni-Ni nn distance in the fcc lattice and the average Ni-

Ni distance in the Ni-C rearranged configuration are very similar (2.56 ± 0.052 Å and 2.60 ± 0.078 
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Å, respectively, at T=300K – data from our MD simulations), it is a good approximation to keep 

the cell size fixed during the transformation between the hexagonal Ni arrangement and the 

rectangular one. 

 

Figure 6-9:  Top view of the (111) Ni surface. a) Initial positions and deformation 

direction, b) Final positions (schematic).The deformation angle =60°+θ is shown in a), 
where θ ranges from 0° (hexagonal structure) to 30°(square structure). 

 

Our results are shown in Figure 6-10, where the energy cost of the Ni surface deformation is 

plotted versus the deformation angle for 6 fixed distances between the indenter tip and the Ni 

surface. The atomic initial positions in the x, y plane are the same in all cases, and are shown in 

Figure 6-10 (b). Before starting the deformation, all initial configurations are relaxed within the 

constraints described in Section 5.1 (Figure 6-10 c). Intermediate structures are displayed in 

Figure 6-10 (d) and (e), for the case where the tip is closest (distance tip-Ni surface=0.02 nm) or 

furthest (distance tip-Ni surface=0.12 nm) from the Ni surface, respectively.  
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Figure 6-10: Energetics (a) and atomic positions (b-e) during the Ni surface deformation, 
as a function of the deformation angle. 

 

As depicted in Figure 6-10 (a), DFT finds the “squared” Ni structure energetically advantageous 

with respect to the initial hexagonal one as long as the tip-Ni distance is shorter than 0.8 Å.  

Moreover, no energy barrier is found for such a surface deformation at such short distances. This 

means that the structural rearrangement for this 2D system will always occur as the tip 

approaches the specimen. For a real specimen, of course, the interaction with the underlying Ni 

layers must be considered. In addition, Figure 6-10 shows that the C atoms prefer the dimerized 

configuration if the Ni specimen is sufficiently far away, and provides us with a way to estimate 

what “far” is. Observing the formation of dimers validates our modeling strategy, as a dimerized 

configuration is the ground state structure for isolated C (100) surfaces. The dimers have re-

formed in Figure 6-10 (e) between θ=18° and θ=30°, and Figure 6-10 (a) displays an abrupt 

decrease in configurational energy in the same θ interval. A similar, but slightly smaller energy 
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jump is present in the case of tip-Ni distance equal to 1 Å as well, indicating a similar behavior. 

However, for a tip-Ni distance of 0.8 Å the deformation is characterized only by the presence of 

a very small energy barrier, therefore demarking the distances for which the Ni surface is 

structurally affected by the presence of the indenter from those for which the Ni specimen is not. 

Lastly, to further validate the finding of the Ni-C intermixed squared structure, we performed 

several semistatic nanoindentations using DFT, utilizing a Ni (111) specimen and an atomically 

flat indenter, with two dimers (4 atoms) in the tip. This approach eliminates the need to constrain 

the DFT cell as was necessary when investigating the deformation directly, however, as only 4 C 

atoms are present, only “precursors” of the rearrangement could be expected. The simulation 

methodology and detailed discussion of these simulation results is given in a previous 

publication[29]. Here we only want to focus on findings related to the Ni-C rearrangement at the 

surface, i.e. the opening of the C dimers and the deviation from the hexagonal structure in the 

case of the Ni surface. We found that the opening of the dimers occurred in all examined cases, 

including those where the Ni surface was contaminated by oxygen atoms. We also observed the 

early stages of transformation from hexagonal to squared structure, as much as it is reasonable 

to expect having an extremely limited simulation box and only 2 dimers acting on the Ni surface. 

Figure 6-11 shows a typical example of our findings. Panel a) shows the simulation cell when the 

indenter tip is still about 2 Å away from the specimen, while b) displays the configuration 

obtained when the tip of the indenter is about 0.6 Å above the Ni surface. For clarity, only the C 

atoms in the indenter tip and the Ni atoms on the surface are shown in the top views. Ellipses 

guide the eye to the dimers (before and after they open up), while a dashed square points out 

the region where the early stages of the squared, intermingled structure can be observed.   
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Figure 6-11: Semistatic DFT simulation of early stages of nanoindentation. Atomic snap-
shots as the indenter tip is 2 Å (a), and 0.6 Å (b) above the Ni (111) surface. In (b) both 
dimers have opened up (red ellipses guide the eye to the C atoms forming the dimers, 

before and after the opening). A blue arrow points to the C atom that in a) is in-between 
the two dimers, in b) is almost at the center of the square that is formed by the C atoms 
that used to be dimerized. A dashed blue square points out such an area. C atoms are 

gray, Ni atoms are green. 

 

In conclusion, all of the DFT findings agree with the MD results for the atomic structure of the Ni-

C contact layer. This demonstrates that the structural transformation to a square Ni lattice is the 

lowest energy way to arrange the Ni-C interface under compressive stress and that such an 

atomic rearrangement can probably be obtained using any classical force field that would 

properly model both attractive and repulsive Ni-C, C-C and Ni-Ni interactions. 

6.5 Conclusions  

Using MD with a custom-designed Ni-C potential and validating DFT simulations, we explored the 

atomic interactions between a (100)-oriented diamond nanoindenter and a single crystal Ni 

specimen during the early contact phase.  As the indenter tip approaches to within approximately 

0.8 Å of the Ni surface, the carbon dimers open up, even in the presence of oxygen on the sample 

surface.  The specific distance depends upon the orientation of the Ni surface.  Next, the 
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interaction between the impinging carbon atoms and top Ni layer causes the positions of the Ni 

atoms to shift into a square lattice commensurate with the C atom positions, producing a one-

atom-thick square lattice array of C and Ni atoms.  Remarkably, this same Ni-C configuration 

develops for all of the orientations of the Ni sample that were explored, including (111), (100), 

(110), and numerous rotations where the planes of nickel atoms are rotated with respect those 

in the diamond lattice.  In retraction simulations, Ni atoms remaining on the indenter tip retain 

the square Ni-C structure after removal from the Ni specimen.  Also, indentation simulations 

were conducted at two temperatures, 1 K and 300 K, and the same Ni-C structure formed in all 

cases.  Finally, the same structure was also found using different interatomic potentials to 

describe Ni-Ni and Ni-C interactions. The interfacial structure is similar to the {100} plane of a B1 

crystal structure (NaCl prototype).  The stability of this interfacial structure was confirmed by DFT 

studies that found the formation of this interface structures energetically favorable.   

In addition to developing a unique, persistent and highly ordered atomic configuration directly 

under the indenter tip, the Ni-C interaction was observed to produce extended disorder of the 

Ni surface atoms away from the direct-contact region.  This irregular surface structure is 

indicative of highly localized strain, and therefore highly localized local stresses, that can affect 

the dislocation nucleation process and contribute to the enhanced dislocation nucleation that 

has been reported from atomic ledges[28].  In other words, the present results indicate a strong 

preference for a structured interface, and therefore suggests that the onset of plasticity could 

occur at the interface instead of beneath it, as predicted by continuum models and MD 

simulations without atomistic indenters. 
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CHAPTER 7: AN ELASTIC PLASTIC CONTACT MODEL WITH STRAIN 
HARDENING FOR THE LAMMPS GRANULAR PACKAGE 

Bryan R Kuhr, Mathew R Brake, Jeremy B Lechman  

Sandia National Laboratories, P.O. Box 5800, Albuquerque, New Mexico   

Abstract 

The following details the implementation of an analytical elastic plastic contact model with strain 

hardening for normal impacts conceived by Mathew Brake into the LAMMPS granular package.  The 

model assumes that, upon impact, the collision has a period of elastic loading followed by a period of 

mixed elastic plastic loading, with contributions to each mechanism estimated by a hyperbolic secant 

weight function.  This function was successfully implemented in the LAMMPS source code as the pair 

style gran/ep/history.  Preliminary tests, simulating the pouring of pure nickel spheres, showed the 

elastic/plastic model took 1.66x as long as similar runs using gran/hertz/history. 

Comments 

This manuscript is a peer review openly accessible government report prepared for Sandia National 

Laboratories [1].  It has been lightly edited for formatting. 
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7.1 Introduction 

This report describes the implementation of a new elastic-plastic contact model for spheres that can 

exhibit strain-hardening into the LAMMPS (Large-scale Atomistic/Molecular Massively Parallel 

Simulator) granular package. What follows is a brief description of the relevant portions of the LAMMPS 

granular package and the elastic-plastic contact model. For more detailed information, see the LAMMPS 

documentation and reference [1]. 

7.1.1 LAMMPS Granular Package 

LAMMPS includes a “granular” package for the simulation of macro-scale spherical particles. This 

package accounts for the diameter and mass of each particle in addition to their angular and linear 

velocities when solving Newton’s equations of motion in a given simulation domain.  Accordingly, the 

particle-particle interactions can be based oncontinuum models for contact mechanics and frictional 

effects. The current LAMMPS distribution includes three granular pair styles: gran/hooke, 

gran/hooke/history and gran/hertz history. These pair styles model the normal elastic contact force 

between two particles as either linearly proportional to the overlap distance (the Hookean model) or via 

a nonlinear spring (the Hertz contact model). The tangential force is calculated via a columbic friction 

model with the option of tangential elastic contact. Each pair style allows for velocity damping, wherein 

a viscoelastic damping constant is specified for normal and tangential contact. The overall force acting 

on the point of contact between two particles is thus 

 𝐹 = 𝐹𝑛(𝑒𝑙𝑎𝑠) + 𝐹𝑛(𝑑𝑎𝑚𝑝) + 𝐹𝑡(𝑓𝑟𝑖𝑐) + 𝐹𝑡(𝑑𝑎𝑚𝑝) (1)  

This force calculation will be detailed for the gran/hertz/history pair style as that is the basis for the 

current work. 

1.1.1 Hertzian Contact 
The gran/hertz/history pair style models the normal contact force of any two particles via 
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 𝐹𝑛(𝑒𝑙𝑎𝑠) = √𝛿√
𝑅𝑖𝑅𝑗

𝑅𝑖+𝑅𝑗
(𝑘𝑛𝛿𝐧𝑖𝑗) =  

4

3
𝐸√𝑟𝑒𝑓𝑓𝛿

3/2𝐧𝑖𝑗 (2) 

Where δ is the overlap distance between two particles, Ri and Rj are the non-deformed radii of the 

particles, kn is the elastic constant specified by the user and nij is the unit vector between the particle 

centers.  Some may be more familiar with the expression on the right side of the equation where E is the 

elastic modulus, and reff is the effective radius of the particle pair, 

 𝑟𝑒𝑓𝑓 =
𝑅𝑖𝑅𝑗

𝑅𝑖+𝑅𝑗
 (3) 

1.1.2 Frictional Forces. 
Friction is calculated in gran/hertz/history using a piecewise definition: 

 𝐹𝑡(𝑓𝑟𝑖𝑐) = {
  −√𝛿𝑟𝑒𝑓𝑓𝑘𝑡∆𝑠𝑡             √𝛿𝑟𝑒𝑓𝑓|𝑘𝑡∆𝑠𝑡| < 𝜇‖𝐹𝑛‖

 −𝜇‖𝐹𝑛‖𝑣�̂�                       √𝛿𝑟𝑒𝑓𝑓|𝑘𝑡∆𝑠𝑡| ≥ 𝜇‖𝐹𝑛‖
 (4) 

with elastic constant kt, tangential displacement vector between particles Δst, friction coefficient 𝜇, and 

tangential component of the particles’ relative velocity vt. Of these properties, kt and 𝜇 are specified by 

the user. This is one of two ways that energy is dissipated in these simulations. 

1.1.3 Velocity Damping 
A second method that can dissipate energy in the system is via the inclusion of viscoelastic damping. 

This is handled in LAMMPS by additional terms in the calculation of normal and tangential velocity with 

normal damping coefficient γn and tangential damping coefficient γt  

 𝐹𝑛(𝑑𝑎𝑚𝑝) = −√𝛿𝑟𝑒𝑓𝑓𝑚𝑒𝑓𝑓𝛾𝑛𝐯𝑛 (5) 

 𝐹𝑡(𝑑𝑎𝑚𝑝) = −√𝛿𝑟𝑒𝑓𝑓𝑚𝑒𝑓𝑓𝛾𝑡𝐯𝑡 (6) 

The effective mass of the two particles is based on the mass of each of the particles (mi and mj): 

 𝑚 =
𝑚𝑖𝑚𝑗

𝑚𝑖+𝑚𝑗
 (7) 

Figure 7-1 shows the effects of various damping parameters on the normal contact force of two particles 

colliding “head-on”. 
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Figure 7-1:  Effects of various damping coefficients (m-1s-1) on a simulated Ni-WC 
collision (Courtesy Sandia National Laboratories) 

 

Table 7-1:  gran/hertz/history inputs 

Input: kn kt 𝛾n 𝛾t 𝜇 Dampflag 

Description: Normal 

elastic 

constant 

Tangential 

elastic 

constant 

Normal 

damping 

parameter 

Tangential 

damping 

parameter 

Coulombic 

friction 

coefficient 

Include or  

exclude 

𝐹𝑡(𝑑𝑎𝑚𝑝) 

SI Units: Pa Pa 1/m/s 1/m/s None None 

Relevant 

Equation: 

(2) (4) (5) (6) (4) (1) 

This can be a useful representation of soft, viscous materials, but is phenomenologically incorrect for 

harder materials, such as metals, that deform plastically upon such impacts.  

1.1.4 Input Sytax 
LAMPPS requires the inputs detailed in table 6-1 to use gran/hertz/history.  The following command 

calls the pair style gran/hertz/history 

pair_style gran/hertz/history Kn Kt gamma_n gamma_t xmu dampflag  
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7.1.2 Elastic-Plastic Contact Model 

A new model for contact force between spherical particles that accounts for plastic deformation and 

strain hardening is developed in [1]. This model poses that, like tensile behavior, as contact between 

two particles is initiated it enters a period of recoverable elastic deformation, followed by a period of 

mixed elastic/plastic deformation. The following is a brief summary of the relationships derived in that 

model  

1.2.1 The elastic regime 
It is accepted that the load reaction follows the Hertzian relationship described in eq. 2 from the 

initiation of contact until the onset of yield (0 < δ ≤ δy).  defined  

 𝛿𝑦 =
𝑟𝑒𝑓𝑓

𝐴(𝜈)
(
𝜋𝜎𝑦

2𝐸
)
2
 (8) 

from [2] where A(ν) is the maximum amplitude of the stress field in the more compliant material during 

contact as function of its Poisson ratio (ν), defined by: 

 𝐴(𝜈) =  max
𝑧/𝑎 ≥ 0

(−(1 + 𝜈) (1 −
𝑧

𝑎
tan−1 (

𝑎

𝑧
)) +

3

2

1

1+(𝑧/𝑎)2
 )
2

 (9) 

where z/a is the ratio of the depth below the contact point to the radius of the contact area. 

1.2.2 The Mixed Elastic-Plastic Regime 
After the onset of yield, the model hypothesizes that deformation has both elastic and plastic 

contributions, with the elastic contribution decaying as the plastic contribution increases.  The normal 

force on the point of contact then becomes: 

 𝐹𝑛 = 𝜙1(𝛿)𝐹𝑛(𝑒𝑙𝑎𝑠) + 𝜙2(𝛿)𝐹𝑛(𝑝𝑙𝑎𝑠) (10) 

with transitionary functions 𝜙1 and 𝜙2 that determine that determine the contribution of each 

deformation mechanism. If a uniform pressure distribution during plastic flow is assumed, the contact 

force is: 

 𝐹𝑛(𝑝𝑙𝑎𝑠) = 𝑝0𝜋
𝑎𝑛

𝑎𝑝
𝑛−2 𝐧𝑖𝑗  (11) 
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where the exponent n is the Meyer Hardness, a is the instantaneous contact area radius, p0 and ap are 

the contact pressure and contact area radius at which fully developed plastic flow occurs. Given the 

relationship 

 𝑎2 = (1 + 𝜙2(𝛿))𝑟𝑒𝑓𝑓𝛿 (12) 

then 

 𝑎𝑝
2 = 2𝑟𝑒𝑓𝑓𝛿𝑝 (13) 

Without strain hardening, p0 can be calculated given the Brinnel Hardness (H) via: 

 𝑝𝑜 = 𝐻𝑔106 (14) 

Here, The acceleration due to gravity g is needed for unit conversion from the units of Brinell Hardness 

(kgf/mm2) to Pa. In [1], 𝜙1 and 𝜙2 are derived to be 

 𝜙1(𝛿) = {
sech((1 + 𝜉)

𝛿−𝛿𝑦

𝛿𝑝−𝛿𝑦
)               𝛿 > 𝛿𝑦

1                                                     𝛿 ≤ 𝛿𝑦

    (15) 

 𝜙2(𝛿) = {
1 − sech((1 − 𝜉)

𝛿−𝛿𝑦

𝛿𝑝−𝛿𝑦
)       𝛿 > 𝛿𝑦

0                                                    𝛿 ≤ 𝛿𝑦

    (16) 

These functions are scaled by ξ, an empirical constant that is shown to agree well with the data given ξ = 

n – 2.  And are dependent on δp which is derived along with 𝜙1 and 𝜙2 

 𝛿𝑝 = (
3𝜋𝑝0

2𝐸
)
2
𝑟𝑒𝑓𝑓 (17) 

1.2.3 The Restitution Phase 
This model accepts the well-established rule that unloading is an elastic process, with no reverse 

yielding. The normal force during restitution follows  

 𝐹𝑛(𝑟𝑒𝑠𝑡) = {
4

3
𝐸√�̅�𝑒𝑓𝑓(𝛿 − 𝛿̅)

3/2
      𝜕 > �̅�

0                                         𝜕 ≤ �̅�
  (18) 

where �̅�𝑒𝑓𝑓 and 𝛿̅ are the deformed radius of curvature and residual deformation, respectively, that 

result from contact.  These values can be obtained by continuity and are given as 
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 𝛿̅ = 𝛿𝑚 (1 −
𝐹𝑚

4/3𝐸√𝑟𝑒𝑓𝑓𝛿𝑚
3/2)  (19) 

�̅�𝑒𝑓𝑓 =
𝐹𝑚
2

(4/3𝐸)2(𝛿𝑚−�̅�)
3  (20) 

where 𝛿𝑚 and 𝐹𝑚 are the maximum displacement and normal force, respectively, achieved during 

contact prior to restitution.  Equation 19 is a proposed relationship that specifies 𝛿̅ is proportional to 

𝐹𝑚/𝐹𝑛(𝑒𝑙𝑎𝑠)(𝜕𝑚), and equation 20 is derivable from continuity.  This model results in a loading curve 

such as shown in Figure 7-2.  

 

Figure 7-2:  Normal force reaction for Hertzian, Brake Elastic/Plastic Model for a 4.5m/s 
collision between 3.18mm spheres of Ni and WC (Courtesy Sandia National Laboratories) 

 

7.2  New LAMMPS Model 

To incorporate the elastic-plastic contact model into LAMMPS, a new pair style is used. To allow high 

levels of user control, only necessary features of the contact model are implemented into the pair style 
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while the remaining features are included in an initialization script, which allows users to estimate 

inputs from experimental data. These programs are described in what follows. 

7.2.1 Pair Style gran/ep/history  

The new pair style is called gran/ep/history, “ep” being an abbreviation for “elastic-plastic” and history 

denoting the capability to use shear history to calculate frictional effects. The handing of friction is the 

same in gran/ep/history as it is in gran/hertz/history, although the observed magnitude of the frictional 

force will be different due to the new calculation of the normal force. The damping forces are also 

calculated the same way, but are implemented slightly differently as noted in Eqs. 5 and 6. The new pair 

style accepts all the inputs that gran/hertz/history accepts and five additional terms to define the plastic 

behavior. 

In order to implement the elastic-plastic contact model, the overall force on a spherical particle 

(equation 1 for gran/hertz/history) becomes: 

 𝐹 = {
𝜙1(𝛿)(𝐹𝑛(𝑒𝑙𝑎𝑠) + 𝐹𝑛(𝑑𝑎𝑚𝑝)) + 𝜙2(𝛿)𝐹𝑛(𝑝𝑙𝑎𝑠) + 𝐹𝑡(𝑓𝑟𝑖𝑐) + 𝐹𝑡(𝑑𝑎𝑚𝑝):  𝛿 > 𝛿𝑚
𝐹𝑛(𝑟𝑒𝑠𝑡) + 𝐹𝑛(𝑑𝑎𝑚𝑝) + 𝐹𝑡(𝑓𝑟𝑖𝑐) + 𝐹𝑡(𝑑𝑎𝑚𝑝):                                                 𝛿 ≤ 𝛿𝑚

 (21) 

The inputs described in table 7-1 are used to calculate 𝐹𝑛(𝑒𝑙𝑎𝑠), 𝐹𝑛(𝑑𝑎𝑚𝑝), 𝐹𝑡(𝑓𝑟𝑖𝑐) and 𝐹𝑡(𝑑𝑎𝑚𝑝) in exatly 

the same way as gran/hertz/history.  Additional inputs, detailed in table 7-2 are necessary to calculate 

𝜙1(𝛿), 𝜙2(𝛿) and 𝐹𝑛(𝑝𝑙𝑎𝑠). 

To model a single material using gran/ep/history, insert the following lines into the input script: 

pair_style gran/ep/history & 

Kn Kt gamma_n gamma_t xmu dampflag weight cy cp p0 n 

pair_coeff * * 
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Table 7-2:  Additional inputs for gran/ep/history 

Input: ξ cy Cp p0 n 

Description: Weight 

constant 

Proportionality 

constant such that 

𝛿𝑦 = 𝑐𝑦𝑟𝑒𝑓𝑓 

Proportionality 

constant such that 

𝛿𝑝 = 𝑐𝑝𝑟𝑒𝑓𝑓 

Plastic 

flow 

pressure 

Meyer’s 

hardness 

exponent 

SI Units: None None None Pa None 

Relevant 

Equation: 

(15), (16) (15), (16) (15), (16) (11) (11) 

 

To model two different materials, the following syntax can be used: 

pair_style hybrid & 

gran/ep11/history Kn Kt gamma_n gamma_t xmu dampflag weight cy cp p0 n & 

gran/ep12/history Kn Kt gamma_n gamma_t xmu dampflag weight cy cp p0 n & 

gran/ep22/history Kn Kt gamma_n gamma_t xmu dampflag weight cy cp p0 n  

pair_coeff 1 1 gran/ep11/history 

pair_coeff 1 2 gran/ep12/history 

pair_coeff 2 2 gran/ep22/history 

The arguments following “gran/ep11/history” are those governing a collision between two particles of 

material type “1”, and those following “gran/ep12/history” govern a collision between a particle of type 

“1” and a particle of type “2”, etc. This method can currently be used for up to four material types. It is 

important that every material interaction possible in a simulation is defined. 

During a simulation, a pair of spheres may collide multiple times. Several different loading curves can 

result, depending on the relative positions of the spheres. Consider the following scenarios for a pair of 

strain-hardenable spheres. Case I, They undergo a collision, restitution, then a second collision at the 

same point of impact. Case II, They undergo a collision, restitution, then a second collision at a new 
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point not affected by the first. Case III, They undergo a collision, restitution, then a second collision in a 

region of the sphere that has been deformed by the first. 

 

 (a) (b) 

Figure 7-3:  Second Collision load curves when (a) δ reaches a negative value and (b) δ 
remains positive (Courtesy Sandia National Laboratories) 

 

Table 7-3:  Pair Style Time Comparison 

Pair Style Average Total Simulation Time 

(min) 

Average Pair Calculation Time 

(min) 

gran/hertz/history 67.52 10.01 

gran/ep/history 111.83 28.86 

For simplicity, the model is implemented under the assumption that each subsequent impact between 

two spheres that have already come in contact is one of the first two cases (Case I or Case II) and not 

among the numerous potential configurations that arise when considering Case III. An example of Case I 

and Case II collisions are illustrated in Fig. 3. If the distance between sphere centers is smaller than it 

would be undeformed, the first scenario (Case I) is assumed.  The loading curve of the second collision 

then follows the restitution curve of the first collision until the maximum force of that collision is 

reached, and then continues on the loading curve of the first collision (see Fig. 3a). If at any point the 
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distance between sphere centers is larger than it would be undeformed, the second scenario (Case II) is 

assumed and loading begins as it did in the first collision (see Fig. 3b). 

For algorithmic timing comparisons, small benchmark simulations are used that model 2000 pure nickel 

particles of 5mm diameter poured into a cylindrical drum of 10cm diameter from a height of 10 cm over 

0.5 sec using both gran/hertz/history and gran/ep/history. Table 7-3 documents the computational 

times for 500 simulations run on four processors for both impact models. The use of gran/ep history 

contributed to a 1.66x increase in computation time, largely due to a 2.88x increase in computation time 

spent on pair calculations. 

7.2.2 Initialization script 

An initialization script was created to generate appropriate LAMMPS commands as described in 2.1.2 

using the material properties and relationships described in 1.2.  For efficiency, eq 9. was replaced by 

the quadratic fit in equation 22.   

 𝐴(𝜈)  =  0.381981𝜈2  −  0.804221𝜈 +  0.591121 (22) 

 

Table 7-4:  Properties required for use of gran_ep_initialize.py 

Property: E ν σ n H 

Description: Young’s 

Moduls 

Poisson’s Ratio Yield Stress Meyer’s 

Hardness  

Brinell 

Hardness 

Units: Pa None Pa None kgf/mm2 

Relevant 

Eauation: 

8, 18, 19, 20 9, 22 8 11, 23 14 

This equation has a correlation of 𝑅2  =  0.999987.  The initialization script requires the properties 

detailed in table 7-4.  To use this code, enter the relevant properties into the section labeled “## List of 

material properties” then run the code.  The output will contain the commands that must be copied and 

pasted into your LAMMPS input script.  Substituting the string ‘unknown’ for yield stress and Meyer’s 

hardness has two effects:  1) The code assumes other materials yield first and 2) The code generates an 
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elastic-only command for interactions between two spheres of that type.  This is appropriate in the case 

of one ceramic interacting with metals.  For instance, if one were to run gran_ep_initialize.py with  

# Properties for material 1 

name =  'Pure Nickel' 

Emod =  159e9  # Pa  % Young's modulus 

nu =  0.3  # Poisson's ratio 

SY =  159e6  # Pa % Yield strength 

Meyer = 2.21  # Meyer's Hardness  

rho =  8880  # density, kg/m^3  

HB =  90  # Brinell Hardness, kgf/mm^2  

# Properties for material 2 

name =  'WC-10Co' 

Emod =  475e9  

nu =  0.22 

SY =  'unknown'  

Meyer =  'unknown' 

rho =  14500 

HB =  1167 

 

the output would look like: 

units si 

pair_stlye hybrid &  

gran/ep11/history 1.165e+11 0 0 0 0 0 2.100e-01 3.140e-06 1.418e-04 2.207e+08 2.210e+00   & 

gran/ep12/history 1.726e+11 0 0 0 0 0 2.100e-01 1.431e-06 2.227e-04 4.098e+08 2.210e+00   & 

gran/ep22/history 3.328e+11 0 0 0 0 0 0 1 1 0 2 # elastic interaction only  

pair_coeff 1 1 gran/ep11/history  #Pure Nickel/Pure Nickel interaction: 

pair_coeff 1 2 gran/ep12/history  #Pure Nickel/WC-10Co interaction: 

pair_coeff 2 2 gran/ep22/history  #WC-10Co/WC-10Co interaction: 

set type 1 density 8880 

set type 2 density 14500 

 

The “elastic interaction only” command is functionally equivalent to  

gran/hertz/history 3.328e+11 0 0 0 0 0 0 

The weight constant ξ is calculated by the empirical relationship: 

 ξ = {
𝑛 − 2       𝑛 > 2
𝛿𝑦/𝛿𝑝       𝑛 ≤ 2 (23) 

and is subject to the constraints 0.01 < ξ < 0.5 and 𝐹𝑛(𝐵𝑟𝑎𝑘𝑒)(𝛿𝑦) < 𝐹𝑛(𝑒𝑙𝑎𝑠)(𝛿𝑝).  If these are not met, 

ξ is assumed to be 0.1 and iteratively increased by 1% until they are. 
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Note that these commands are for frictionless collisions with no viscoelastic damping.  They would have 

to be edited to include these effects.  Up to four materials can be modeled this way in LAMMPS, but an 

unlimited number of input lines can be generated in a single run. 

7.3  Discussion 

7.3.1  Limitations  

The new pair style gran/ep/history accounts for normal plastic deformation via a model that assumes 

collision on a single point of contact. It does not account for changes to the normal force reaction due to 

small amounts of tangential sliding around deformed areas. It also does not account for plastic 

deformation that has occurred due to frictional forces. This model does not include temperature 

calculation, and therefore cannot adjust parameters due to temperature changes that would result from 

high energy impacts. However, this new model does include strain hardening, plasticity, and other 

effects as documented in [1]. For low to moderate energy impacts of metallic volumes, this is an 

appropriate model to use. 

7.3.2 Future Work 

This project could continue in a number of ways. First, the model should be validated with comparison 

to experimental systems, such as the drop experiments in [3]. Should the current model prove 

insufficient, it may be useful for the next generation of these codes to address the issues described in 

3.1. This would give insight into the predictive usefulness of these factors on real systems. One physical 

phenomenonthat could be implemented in the short term is the elastic-plastic microslip friction model 

in [1]. Finally, it would be useful to compare the current model to atomistic simulations to see how each 

model predicts parameters such as δy and to compare the compliance curves. 
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CONCLUSIONS 

The content above describes several efforts using molecular dynamics simulation techniques to better 

understand plastic deformation of metals at surfaces and grain boundaries.  This research highlights the 

role that atomistic modelling plays in understanding plasticity at the nanoscale.  Atomic level resolution 

of the stress and strain state allows the comparison of MD simulations to experimental findings, 

continuum modelling and first principles modelling.  Significant efforts were made in these manuscripts 

to present validation of the MD results by these other techniques.  The main findings of these studies 

are, in brief: 

 Stress states in plastically deformed boundaries in simulated thin film samples were thoroughly 

characterized. 

 It was determined that large grain boundary normal stresses exist at the intersections of slip 

planes and grain boundaries, a finding consistent with the causal relationship proposed between 

dislocation channeling and embrittlement. 

 Procedures were developed to directly compare stress states at these intersections in both 

experimental and simulated deformed samples, by their stress states and their surface step 

heights. 

 Local stress and strain during deformation is exacerbated by additional boundary disorder, as 

introduced by a local melting and quenching sequence. 

 Lattice dislocations were detected in random grain boundaries. 

 The boundary dislocation content before and during deformation was found to be extremely 

dependent on the initial boundary relaxation state. 

 Hydrogen was shown to cluster in grain boundaries, crating regions of high free volume where 

dislocation can nucleate. 
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 Increasing hydrogen content, at low levels, corresponded to increasing yield strength of 

polycrystalline materials, and an increase in crack propensity at higher strain levels. 

 Near surface reordering of Ni Substrate atoms was identified in nanoindentation of Ni by a 

diamond indenter.  This structure formed very consistently across several simulation variables 

including interatomic potentials and crystallographic orientation.  This reordered was validated 

by Density functional Theory simulations. 

 A new pair potential style was developed for particle dynamics modelling of strain hardenable 

metal spheres which includes accurate force-displacement behavior during elastic and plastic 

deformation. 

 


