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I. BACKGROUND 

A. Introduction and Overall Objectives 

In response to rising technological demands, a host of new ceramic 

materials have been developed for many applications (such as cutting 

tools or turbine blades), where previously the use of brittle materials 

was not even contemplated. Many of these new materials are actually 

composite structures in that they consist of dispersed crystalline 

particles bonded together by either a glassy or fine-grained crystal-

line matrix. 

Composites often will exhibit thermal, mechanical, and electrical 

properties quite different from, and frequently superior to, the single 

phase materials from which they were fabricated. Because of the micro-

structural complexity of many composites, model structures have fre-

quently been selected as suitable materials to investigate the effect 

of microstructure and other composite variables on properties relevant 

to the new applications. One type of model ceramic composite includes 

glass-crystal composites which may be made either by the vacuum hot-

pressing of glass and crystalline powders, or by the glass-ceramic 

process in which a glass is made to undergo controlled crystallization 

by careful time-temperature heat-treatment. 

It is perhaps with the study of mechanical properties that the 

use of these various types of glass-crystal composites as model 

structures has received the most emphasis. A considerable amount of 

data (which will be discussed in the succeeding Sections) indicate~ 

in general, that the mechanical performance of glass-crystal composites 

1 
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is vastly superior to that of the base glass which serves as the matrix. 

Two examples, among many, will serve to illustrate this contention: 

(i) The bending strengths of silicate glasses following a 

standard surf ace treatment is not especially composition-sensitive and 
-2 is given by McMillan (1) as 55-70 MNm ; following controlled crystal-

lization, strength values in excess of 100 MNm-2 (and in several in-

-2 stances greater than 250 MNm ) may be typically realized for a large 

group of glass-ceramic systems (1). 

(ii) Strength loss following surf ace damage is a characteristic 

feature of ceramic materials, however, strength decreases following 

abrasion were found to be nearly three times as great on a relative 

basis for a glass than for its glass-ceramic counterpart (2). 

These examples strongly suggest that the addition of dispersed 

particles to a previously homogeneous brittle material interferes with, 

and strongly impedes, the flaw introduction and propagation processes 

typical of all brittle materials. It will be the general intent of 

this Dissertation to investigate the nature of the flaw-dispersed 

phase interaction in a model brittle matrix-particulate composite, 

specifically a glass-ceramic. 

B. Mechanical Behavior of Brittle Materials 

Before any consideration may be given of the role played by the 

dispersed phase in influencing the mechanical properties of glass-

ceramics and other brittle composites, a general treatment of the 

mechanical behavior of brittle materials is appropriate. Glass-ceram-
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ics, as well as glasses and conventional polycrystalline ceramic mate-

rials, behave in a brittle fashion at room temperature because complete-

ly linear and essentially recoverable stress-strain behavior to frac-

ture is manifested in macroscopic loading situations. This behavior 

is in marked contrast to that of most metal systems where slip-related, 

ductile processes constitute a major, large scale energy-absorbing 

mechanism that serves to initiate non-recoverable, permanent deforma-

tion during load application. 

Closely associated with this concept of brittleness is the 

extreme flaw sensitivity of ceramic materials, that is, their vulner-

ability to sudden failure arising from stress concentrations occurring 

at defect sites introduced in the material by, among other ways, seem-

ingly insignificant surface contact. It is this extreme flaw sensiti-

vity that is responsible for the poor resistance to impact and sudden 

temperature changes exhibited by ceramic materials. Additionally, 

the presence of these flaws and their subsequent evolution into well-

def ined, propagating cracks upon imposition of a tensile stress is 

widely believed to account for observed strengths of brittle materials 

that are 3 to 4 full orders of magnitude lower than values calculated 

from bond strength-based theoretical considerations. 

Inglis (3) was the first to demonstrate that stress concentra-

tions associated with crack tip geometry may result in local levels 

of stress which can be substantially higher than the global value of 

stress applied to the material. For an elliptical, two dimensional 

crack oriented with its major axis normal to the direction of applied 
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tensile stress, Inglis obtained the following expression for the 

stress, a , developed at the crack tip: max 

a = a 1 [1 + 2(c/pt)~] max app (I-1) 

where a is the applied stress, c is the half-length of the crack's appl 

major axis, and pt is the radius of curvature at the crack tip. Since 

c > Pt for an elliptical configuration, the multiplier or stress con-

centration effect from the bracketed term will cause the theoretical 

fracture stress to be reached locally at the crack tip, well before 

cr 1 reaches this value. app 
Drawing on Inglis' crack tip model, Griffith (4) speculated that 

a brittle material contains an inherent population of fine cracks. 

Using an energy balance approach to analyze fracture processes, 

Griffith expressed the total potential energy of a system under stress 

and containing cracks as the sum of two opposing effects: elastic 

strain energy, which provides the driving force for crack propagation, 

and the thermodynamic surface energy, which is the work required to 

create a new unit of crack surface area. 

Using this energy approach, Griffith postulated that cracks will 

start to propagate when an incremental increase in crack length lowers 

the potential energy of the system. For a two-dimensional, semi-

elliptical edge crack, located in a thick plate of infinite extent, 

and oriented with its long dimension normal to the direction of a 

uniformly-applied tensile stress, Griffith showed that crack propaga-

tion will commence when the applied tensile stress is equal to crf' 



5 

the critical tensile stress required for failure: 

[ 
2Ey J 1/2 

crf "" (l-v2~'!1'c 

where E is Young's modulus, y is the surface free energy, v is s 

(I-2) 

Poisson's ratio, and c is the crack size. Equation I-2, known as the 

Griffith criterion for fracture, can be made applicable to other flaw 

configurations by inclusion of a suitable geometric factor. 

In his analysis, Griffith assumed that the creation of new surface 

was the only energy-dissipating process occurring during fracture. 

However, calculation of surface energy from Eq. I-2, using strength 

values obtained on various brittle materials with flaws of known size, 

indicates that \ considerably underestimates the value of fracture 

stress needed to satisfy the Griffith expression (5). Orowan (S) sug-

gested that energy-dissipation processes other than surf ace formation 

can be operative during fracture, and, in the case of ductile metals, 

proposed the addition of a plastic flow term to the surf ace free 

energy to account for the additional strain energy absorption. The 

modified fracture energy term arrived at by Orowan has been termed 

the effective fracture energy, yeff, and is generally used in place 

of y in the Griffith expression. Other contributions to fracture s 

energy have also been recognized. Hasselman et al. (6) have summariz-

ed these various mechanisms as follows: 

(I-3) 
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where K is the surf ace roughness coefficient (which equals unity for 

totally-planar crack propagation), y and y are the energies expended, p n 
respectively, by plastic and viscous flow, and yel represents non-

recoverable elastic strain energy, such as evolved in acoustic emis-

sion. 

Further insight into crack tip-related behavior was provided 

by Irwin (7) who, for a crack geometry and configuration similar to 

that employed by Inglis, defined a stress intensity factor, ~ (the 

subscript indicates the crack opening or tensile mode of propagation), 

such that 

~ 
1{_ = a ('ITC) -l: app (I-4) 

Irwin used this parameter to designate the local stress level, 

ar, at a distance r directly ahead of the crack tip: 

(I-5) 

When the applied stress value has attained the level of the 

fracture stress, af' at the onset of spontaneous or catastropic crack 

growth., the stress intensity factor also reaches a critical or upper 

value, ~c' which is called the critical stress intensity factor or 

the fracture toughness. This term, believed to be a material pro-

perty, is extremely important from a fracture standpoint since, from 

Eq. I-5, it defines the level of applied stress needed to initiate 

spontaneous fracture or critical crack propagation. At applied stress 

levels below the fracture stress such that Kr < ~c' only stable crack 
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propagation occurs since the elastic strain energy supplied to the 

crack tip is insufficient to overcome the energy barrier to catastroph-

ic failure. Fracture toughness thus serves as an indicator of a 

material's resistance to unstable crack extension. At the onset of 

critical crack propagation where ~ = ~c and crappl = crf, comparison 

of Equations I-2 and I-4 yields: 

1 
K.._c ~ (2 y E/l-v2 )~ -!:. eff (I-6) 

(I-7) 

where Y is a geometric constant for a given crack configuration and 

orientation (8). Equation I-7 is referred to as the Griffith-Irwin 

expression. 

With this brief theoretical introduction on the fracture mechanics 

of brittle materials, it is possible to outline in a general manner 

how the strength of brittle composites may be affected by the dis-

persed phase. Equations I-6 and I-7 indicate that the fracture 

strength of a brittle material is determined both by the material's 

resistance to critical crack propagation as represented in the 

Yeff (or ~c) term, and the flaw size, c. Both of these factors 

may be altered by interaction of the crack with the dispersed phase. 

One general way in which the dispersed phase can increase 

strength in a brittle composite is, as seen in Eq. I-3, for inclusions 

to increase the amount of strain energy needed to create a new unit 

of crack surface. In ceramics at room temperature, the major strain 

energy sink is the combined surface roughness/surface energy effect, 
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Ky • Surf ace roughness is manifested by non-planar or mixed-mode s 

crack propagation, a phenomenon quite likely to be missing in glasses 

or fine-grained, single phase polycrystalline structures. However, 

with the introduction of a dispersed phase to these materials, a 

variety of different surface roughness effects become possible such 

as bowing, branching and deflection of cracks about the second phase 

inclusions. The resulting increase in fracture surface energy can, 

quite likely, result in strength increases. 

The dispersed phase can also work towards limiting the size of 

flaws present in the composite. Flaws may be grouped into two general 

categories: extrinsic (introduced from surface damage caused by 

handling, machining, particle impact, or other forms of surface con-

tact), and intrinsic (due to weak grain boundaries, cleavage cracks, 

or microcracking from local stress concentrations). Of these two 

types, extrinsic flaws will generally be the most severe. The pre-

sence of a dispersed phase with an intrinsically greater fracture 

toughness than that of the matrix (as is typical of most glass-

crystal composites), could conceivably act to limit the size of any 

flaws introduced during surface damage by acting as an impenetrable 

barrier to flaws. 

The introduction of a dispersed phase to a previously-uniform 

brittle material typically results in a strength increase, implying 

that the second phase particles must, in some manner, interfere with 

the two crack-related parameters in the Griffith-Irwin expression, 

namely resistance to crack extension and size of flaws. Extensive 

documentation exists (as will be discussed in the next several 
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Sections) to demonstrate that these changes in crack introduction and 

propagation behavior are a direct result of crack-crystallite inter-

action. These various types of interactions may be grouped into three 

general categories: 

(i) effects which influence the stress concentration at 

the crack tip. 

(ii} effects which govern the nature of crack propagation. 

(iii} effects which control the sizes of the initial flaws. 

C. Crack-Crystallite Interactions: Influence of Stress 

Concentration 

Included in this category are effects such as internal or residual 

stress and micromechanical stress concentration, which arise respec-

tively, from mismatch in thermal expansion coefficient or elastic 

modulus between matrix and inclusion. By influencing the level of 

localized stress in the crack tip region, these mismatch effects con-

trol the conditions for catastrophic failure. 

Internal or residual stresses are present to some extent in all 

111ultiphase materials and originate from differences in thermal ex-

pansion coefficient occurring between the various phases as the com-

posite is cooled from its fabrication or use temperature. The stress 

state after cooling was first described by Weyl (9) and later modified 

by Selsing (10). For a spherical inclusion of radius R, the following 

expressions are obtained for the hydrostatic stress, a, existing 

in the particle and the radial, crrr' and tangential, aee' stress 
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components developed in the matrix at a distance r from the center of 

the particle: 

Particle (I-8) 
(J = p 

Matrix (I-9) 

with 
(aP~}aT 

p = ~~~~~~- (I-10) 
l+v 1-2" m p zr:- + 2E m p 

where a is the thermal expansion coefficient, aT is the temperature 

range during cooling over which stress relaxation cannot occur, " 

is Poisson's ratio, and E is Young's modulus. The subscripts p and 

m refer, respectively, to the second phase inclusion and the matrix. 

The term (ap - am) will be ref erred to in subsequent discussion as 

the expansion mismatch. It can be seen from Eq. I-9 that the residual 

stress components of the matrix are highly-localized and have a 

maximum value at the particle-matrix interface that then decays quite 

rapidly with distance outward from the particle surface. 

The various stress conditions in the matrix and the inclusion 

are listed in Table I for both high expansion and low expansion 

dispersed phases. Note that regardless of whether the included 

particle has a thermal expansion coefficient higher or lower than 

that of the matrix, some component of matrix stress will always be 

tensile. 
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TABLE I. INTERNAL STRESSES PRESENT IN A TWO-PHASE 

COMPOSITE AFTER COOLING 

Stress State 

Matrix 
Condition Particle er cree rr 

a > a Tension Tension Compression p m 

a < a Compression Compression Tension p m 
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The presence of a tensile internal stress state for the matrix 

regardless of sign of the mismatch suggests that the presence of 

residual stresses would be expected to have a detrimental effect on 

strength. Khaund et al. (11) have shown that localized stress con-

centrations such as from expansion mismatch will increase the crack 

tip stress intensity factor and so result in a lowering of the applied 

stress level needed to initiate catastrophic failure. 

This presumed detrimental role for residual stresses is, however, 

not totally supported by literature data on brittle composites, In 

a classic study of the effect of thermal expansion mismatch, Binns (12) 

measured the tensile strength of a series of hot-pressed glass-parti-

culate composites consisting of three different particle size frac-

tions of either alumina or zircon as the dispersed phase. By choosing 

a particular glass as tne matrix phase, a specific value of thermal 

expansion mismatch between matrix and inclusion could be engineered 

in the composite. Binnst data for alumina as the dispersed phase are 

the more extensive of the two composite series. Exam:lnation of this 

work shows that at constant volume fraction of dispersed phase, com-

posites made from either the fine or the intermediate alumina frac-

tions (10 µm and 45 µm, respectively) all had strength values above 

that of the base glass, regardless of the sign or magnitude of the 

expansion mismatch. Only with the largest particle size for the 

alumina (180 µm), where microcrack.ing about inclusions was observed, 

were strength values obtained which were lower than that for the 

matrix glass without inclusions. For this latter series, strength 



was a maximum (but still below that of the base glass) when no mis-

match occurred, and then decreased with increasing degree of mismatch 

regardless of sign of mismatch. Results similar to Binns' were re-

ported by Frey and Mackenzie (~3) for a nearly identical series of 

glass-alumina composites. For a single dispersed particle size of 

120-150 µm, strength values-above that of the base glass were obtain-

ed regardless of sign or magnitude of expansion mismatch. Only for 

the single composite where microcracking was observed did strength 

values fall below that of the base slass. The role of microcracking 

will be considered in more detail later in this Section. 

Substantial strength increases as a result of thermal expansion 

mismatch associated with the crystallization of a high-expansion phase 

from a Li20-Si02 glass have been reported by Borom et al. (14). For 

this particular system with mismatch ap > am, residual stresses might 

well be expected to have a beneficial effect on strength despite the 

tensile character of the radial component of internal stress around the 

inclusions. Erdogan (15) has shown that the influence exerted on crack 

behavior by any localized stress field around inclusions is determined 

by the flaw size-to-particle size ratio. In the fine~grained glass-

ceramic samples of Borom et al., the ratio would be expected to be 

quite large. As a consequence, only a relatively small segment of 

crack front would be subjected to internal stress effects, so any 

strength-degrading role for expansion mismatch stress would be 

negligible .. Given, then, the principle of mechanical equilibrium 
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(which states that in the absence of an external stress, the volume 

integral of all stresses in a body must be zero), the hydrostatic 

stress state in the crystallites created by the expansion mismatch 

would required that the average stress for the matrix be compressive. 

This result, which forms the basis of the "pre-stress" model of com-

posite strengthening, could well account for the observed strength 

increase in the glass-ceramic samples, since any applied stress must 

overcome the compressive residual stress before fracture can commence. 

Additional support for the pre-stress theory was provided by 

Tummala and Friedberg (16), who obtained strength increases for hot-

pressed glass-stabilized zirconia composites only when a > a . For p m 

composites with ap < am (so that the average matrix stress state 

would be tensile), only strength values below that of the base glass 

were obtained. It should be noted that neither Erdogan's analysis on 

the importance of flaw size-to-particle size ratio nor the pre-stress 

theory are applicable to the strengthening observed in the relatively 

coarse composites investigated by both Binns, and Frey and Mackenzie, 

especially in instances where the inclusion was of lower therraal ex-

pansion coefficient than the matrix. For these materials, strengthen-

ing must occur by some other mechanisms such as non-planar crack pro-

pagation (observed by Swearengen et al. (17) for similar composites) 

or, as Borom (18) has proposed, a mechanical reinforcement process 

associated with the higher elastic modulus of the dispersions. Both 

of these effects will be discussed shortly. 
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Although many of the investigations cited in this Section have 

been contradictory with respect to the effect that thermal expansion 

mismatch will have on strength, there is complete agreement, however, 

that strength decreases will occur once microcracking is initiated by 

mismatch stresses. Binns (12), Frey and Mackenzie (13), and Davidge 

and Green (19) all observed strength losses in glass-crystal composites 

only when microcracking was present~ 

Microcracking around inclusions in a brittle composite is in-

fluenced by two properties of the dispersed phase: thermal expansion 

coefficient relative to that of the matrix, and particle size. Binns 

(12) was the first to observe that the sign of the thermal expansion 

mismatch between matrix and inclusions determined the nature of any 

resulting microcracking. In composites with a > a , the tensile P m 
nature of the radial internal stress component (see Table I) in the 

near-matrix region around the particles causes circumferential crack-

ing to occur around each inclusion. For a < a , radial cracks, p m 

driven by the tensile character of the tangential component of re-

sidual stress, form at the particle-matrix interface and extend out-

ward into the matrix. 

Binns also noted a particle size dependency for microcracking in 

that, at a given value of thermal expansion mismatch, microcracks 

would be more likely to form around coarse, rather than fine, particles. 

In the case of circumferential microcracking (~p >am)' Davidge and 

Green (19) employed a Griffith-type energy balance approach to show 

that a critical size of inclusion radius existed below which no 
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microcracking will occur at a given value of thermal expansion mis-

match. This critical radius, R , is given by: c 

-1 
Rc > 8y ff[(a -a )6T]2{(l+v )/2E +(l-2v )/2E } e pm mm pp (I-11) 

where yeff is the fracture energy of the matrix, with the other terms 

defined in the same manner as was done for Eq. I-10. 

Davidge and Green concluded that in brittle composites with 

a > a , the presence of particles larger than the critical size will p m 

result in the initiation of circumferential cracks about the inclu-

sions with a flaw size equal to that of the particle diameter. Re-

placing the flaw size, c, in the Griffith formula (Eq. I-2) with the 

particle diameter, d, and replacing y5 by yeff' gives the following 

expression for fracture strength: 

~Ey I~ 
eff j 

crf = (l-v2)ird 
(I-12) 

All of Davidge and Green's samples for which microcracking was 

predicted by Eq. I-12 had strength values below that of the base 

glass. For these composites, a plot of crf as a function of d-~ 

showed excellent agreement between oli>served ·strength 'Values and the 

theoretical curve constructed from Eq. I-12. Composites for which 

no microcracking was predicted all had strength values above the 

theoretical curve. A strength dependency on d-~ predicted by Eq. I-12 

has also been reported for several glass-ceramic systems (20-22). 

Stress concentrations around an included particle in a composite 

may also arise during mechanical loading as a result of differences 



17 

in elastic modulus between the dispersion and the surrounding matrix. 

Goodier (23) has shown that the magnitude of these local stresses is 

proportional to the difference in shear modulus between the matrix 

and inclusion. These so-called micromechanical stress concentrations 

are extremely limited in range and achieve a maximum value at the 

particle-matrix interface. Regardless of the sign of the elastic 

modulus mismatch between matrix and inclusion, some component of 

matrix stress at the interface will always exceed the applied stress 

level. Hasselman and Fulrath (24) found ratios of local stress-to-

applied stress of approximately 1.4 around alumina particles contained 

within a glass matrix, with the result that composite strength values 

were appreciably lower than that obtained on the matrix glass by it-

self. As noted in the discussion on internal stresses arising from 

thermal expansion mismatch, Khaund et al. (11) have shown that the 

presence of stress concentrations act to lower the effective fracture 

toughness of a material. As a result, the level of applied stress 

needed to cause catastrophic failure may be reduced. 

Despite the higher stresses present at the particle-matrix inter-

face from elastic mismatch, strength increases have been observed for 

brittle composites where differences occurred in elastic modulus be-

tween the various phases. This may reflect, as noted by Swearengen 

and Eagan (25) in the case of several zinc silicate glass-ceramics, 

an increased fracture toughness (as seen in Eq. I-6) for materials 

where the elastic modulus is raised by the addition of the dispersed 

phase. Borom (18) has used the term "mechanical reinforcement" to 

explain the strength increases reported by Binns (12) and Frey and 
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Mackenzie (13) for various glass-crystal composites in which elastic 

moduli mismatch occurred. In this model, strengthening occurs through 

a load-sharing process in which the external load is apportioned be-

tween the matrix and the dispersed phase on the basis of the individual 

elastic modulus. For the case of an inclusion with a higher elastic 

modulus than the matrix, the stress acting on the matrix is decreased, 

and the strength of the composite is increased, both in proportion to 

the composite modulus. 

D. Crack-Crystallite Interactions; Effects Which Interfere 

With Crack Propagation 

In brittle materials, the major strain energy-absorbing process, 

as seen from Eq. I-3, is the generation of surface energy through the 

formation of fracture surface. Increases in total fracture surface 

would be expected to result in higher values of both fracture energy 

and fracture toughness. In completely uniform materials such as 

homogeneous glasses, no microstructural features are present to 

increase relative toughness either by impeding crack propagation or 

by increasing the relative amount of fracture surface formed during 

such propagation. In glass-ceramics and other composites, the pre-

sence of a dispersed phase may act as a toughening mechanism, both 

by serving as an obstacle to crack propagation, as in crack bowing, 

or by increasing relative fracture surface area through mixed-mode 

propagation such as crack deflection around inclusions. 
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Bowing of cracks between second phase particles in a brittle 

composite has been proposed as a toughening mechanism by both Lange 

(26) and Evans (27). In this model, the dispersions are presumed 

to act as impenetrable barriers to any approaching crack front. As 

a result, a crack front encountering these obstacles becomes tem-

porarily pinned until the stress acting to drive the crack front 

reaches a value sufficiently high to finally cause break-away of the 

crack front. During pinning, the crack front, assumed initially to 

be linear, bows out between adjacent particles in a manner analogous 

to dislocations pinned by precipitate particles in a dispersion-

strengthened metal. Lange (26) attributed any rise in toughness to 

the higher levels of fracture energy, y, needed for continued crack 

propagation as a result of the increased length of crack front: 

y = y + T/A. 
0 

(I-13) 

where y0 is the fracture energy of the matrix, T is the line tension 

of the crack front, and A. is the interparticle separation distance 

(or mean free path) of the dispersions. Lange (28) subsequently 

modified his original model to reflect the greater pinning capacity 

of larger particles by including a particle size dependence for T. 

Green et al.(29) have extended this model to account for crack bowing 

observed with weaker, less impenetrable inclusions. 

The crack bowing models proposed by Lange and Evans do not con-

sider the influence of a dispersed particle's stress field on an 

approaching crack front. Khaund et al. (11) have shown that localized 
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stress non-homogeneities in a brittle composite caused by thermal or 

elastic mismatch will force a crack front to undergo a directional 

change as it approaches a second phase inclusion. Because of the 

distribution of tensile stress from the local stress fields present 

in mismatch situations, cracks will tend to propagate towards inclu-

sions having a lower value of either thermal expansion coefficient (17) 

or elastic modulus (30) than the surrounding matrix, and to deviate 

away from particles where the nature of this mismatch is reversed. 

The crack propagation path will also be affected by differences in 

fracture energy between matrix and inclusion (31). The out..-of-plane 

crack propagation resulting from these interactions is capable of 

producing appreciable increases in fracture toughness (32). 

The manner in which the crack front is deflected by the in~ 

clusions (i.e., towards or away from the particles) will play a large 

role in determining the extent of the toughness increase produced by 

the change in crack propagation path. Nadeau and co-workers (33,34) 

were able to obtain significant toughening in a model glass-glass 

composite only when the expans.i.on mismatch was such (a. < a. ) that P m 

crack deflection occurred towards the dispersed phase. No signifi-

cant toughening was observed in mismatch situations where the crack 

propagation path deviated away from the particles. This conclusion 

is consistent with an observation by Green ?nd Nicholson (35), that, 

in addition to the toughening increase from the surface roughness 

effect possible with crack deflection towards inclusions, additional 
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toughening interactions are likely such as crack bowing or direct 

intersection with the particle (which would utilize any intrinsically 

greater fracture toughness possessed by the inclusions relative to 

the matrix). Changes in crack path away from the particle offer only 

the possibility of toughening from increased surface roughness, an 

effect which is not likely to be substantial given the low fracture 

energies of typical matrix phases in brittle composites. Implicit 

in this discussion of crack propagation interactions is the assumption 

of a well-bonded interface, since as shown by Stett and Fulrath (36), 

weak bonding between matrix and inclusions will affect any potential 

toughening interactions. 

Most of the studies cited in this Section have involved hot-

pressed glass-crystal composites; however~ crack deflection behavior 

has also been observed in several glass-ceramic materials where the 

scale of microstructure was considerably finer than the relatively-

coarse textures of the hot-pressed composites. Deviation of cracks 

around crystallites as small as one micron were noted in an electron 

microscope study of fracture surfaces in several glass-ceramic mate-

rials (20,37). Faber and Evans (38) correlated a nearly-three fold 

increase in fracture energy for a lithium alumina-silicate glass after 

crystallization with crack deflection effects. 

The discussion in this Section of crack-particle interactions 

occurring during crack propagation is pertinent not only for catastro-

phic failure conditions (K1=K1c)' but also has relevance to instances 

of slow crack growth ~vhere propagation occurs at stress levels below 
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those associated with failure. Slow crack growth in brittle mate-

rials may occur through a moisture-dependent, stress-enhanced 

corrosion process (39) that can be detrimental from a mechanical 

standpoint in that several-fold increases in crack length are possible. 

Palmer et al. (40) have reported that crystallization of a Li20-Si02 

glass to form a glass-ceramic results in a decidedly-lowered suscepti-

bility to slow crack growth effects. It appears reasouable~ then, 

to speculate that the presence of a dispersed phase can restrict slow 

crack growth, both by the mechanisms discussed in this Section, as 

well as by a flaw limitation model which will be considered in the 

following Section. 

E. Crack-Crystallite Interactions: The Flaw Introduction 

Process 

As discussed previously, the strength of brittle materials is 

controlled to a large extent by flaws introduced from surface con-

tact. Surface damage in brittle materials may be initiated during 

contact loading events associated, for example, with particle impact, 

shaping processes involving material removal, or accidental contact 

with other hard materials. The system of flaws introduced during 

surface contact plays a fundamental role in a host of mechanically-

related phenomena such as strength degradation (41,42), erosion and 

wear of surfaces (43,44), and a variety of ceramic finishing opera-

tions (45,46) including cutting, grinding, and polishing. 

The manner in which the dispersed phase will affect the size of 

failure-initiating flaws in brittle matrix composites is probably the 
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least understood topic associated with the mechanical behavior of 

these materials. Accordingly, this subject has received special 

emphasis in the research program carried out for this Dissertation. 

The principal model for the role of the dispersed phase in a 

brittle composite undergoing surface damage is the flaw-limitation 

theory proposed by Hasselman and Fulrath (47). This hypothesis, which 

asserts that inclusions will act to limit the maximum size of ex-

trinsic flaws, was proposed to explain the superior strength pro-

perties of hot-pressed glass-alumina composites compared to values 

obtained on the matrix glass alone (47). In this model, the fracture 

toughness of the dispersions is presumed to be sufficiently high so 

that the particles constitute impenetrable barriers to flaws. As a 

result, any flaws introduced in the composite will be limited by the 

included particles- to the matr:i.X pnase on geometric grounds alone. 

* Denoting A as the mean free path between particles, and c 
0 

as the 

flaw size which would be present in the matrix in the absence of 

dispersions, two specific regimes of strength behavior may be dis-

tinguished; 

Region I (c0 < A) 

* The mean free path, A, has been shown by Fullman (48) to be given by: 

(I-14) 

where L and Vf are, respectively, the average linear intercept length 
and the volume fracture of the dispersed phase. 
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In this regime, the particles are sufficiently far apart so that 

flaw size will not be restricted by the inclusions, and as a conse-

quence, strength will be independent of mean free path. Since the 

flaw size for the composite will equal c , measured composite strength 
0 

values will not be different from that of the pure matrix itself. 

Region II (c > A) 
0 

In this regime, the flaw size in the composite will be limited 

by the impenetrability of the inclusions from exceeding the mean 

free path distance. Since the composite's flaw size will be reduced 

below c 0 by the mean free path restriction, strength will increase as 

A becomes progressively smaller. Because flaw size equals mean free 

path in this regime, Eq. I-2 becomes: 

(I-15) 

where, since the flaws are assumed to propagate entirely within the 

matrix, E and yeff are, respectively, the Young's modulus and fracture 

energy of the matrix. Because strength values above that of the base 

matrix can be realized from the flaw-limitation role of the inclusions, 

the Hasselman-Fulrath hypothesis is frequently ref erred to as a "dis-

persion-strengthening" model. 

The validity of the Hasselman-Fulrath approach rests in large part 

on the authorst assumption that it is the matrix phase alone, rather 

than the composite, which determines the basic aspects of the flaw 

introduction process. Justification for this view is provided by 

studies aimed at simulating extrinsic flaw introduction in homogeneous 
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materials. Analysis of solid particle impact events by Evans (43) 

and of quasi-static surface contact by Lawn and Marshall (49) indi-

cate that both the size of flaws introduced as well as the level of 

surface contact needed to initiate flaws are inversely dependent 

on fracture toughness. Extending these findings to materials such 

as glass-crystal composites, the low fracture toughness of the glass 

matrix phase relative to any inclusions would appear to insure that 

the basic assumptions of the dispersion-strengthening model would be 

upheld. A qualifying statement should be made, however, that th.e flaw 

size-limiting role of inclusions in Region II would not be expected 

in situations where the flaw size-to-particle size ratio is large 

enough that the composite acts as a continuum for crack propagation. 

Instances such as this would occur when the level of surface contact 

is so severe that the stress intensity factor exceeds the fracture 

toughness of the inclusions or when the dispersions are extremely 

small (<< 1 µm) compared to the typical flaw sizes of 10-50 µm com-

monly found in glasses and other low toughness materials. 

Despite the almost intuitively reasonable nature of the model, 

the Hasselman-Fulrath hypothesis has not been universally received 

or widely corroborated. Both Lange (28) and Borom (181 have inter-

preted Hasselman and Fulrath's data on the basis of other models 

(crack bowing and mechanical reinforcement, respectively), although 

it is difficult to s.ee how these alternative approaches predict the 

mean free path-independent strength behavior of Region I. Wahi and 

Ilschner (50) reported a flaw size that decreased with decreasing 

TiC mean free path in Al203-TiC composites, although the calculated 
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flaw sizes were some 20-30 times the measured mean free path values. 

Strength values inversely related to the square root of mean free 

path were obtained on a Li20-Si02 glass-ceramic by both Freiman and 
1, 

Hench (51) and Atkinson and McMillan (52). However , the cr a:;x. - 2 re-f 

lationship predicted for Region II of Hasselman and Fulrath's model 

may also be derived from the crack bowing hypothesis by substituting 

Lange's expression for fracture energy (Eq. I-13) into the Griffith 

equation (Eq. I-2). A more extensive examination by Hing and 

McMillan (53) of essentially the same glass~ceramic composition in-

vestigated by Freiman and Hench, and Atkinson and McMillan, provided 

the most unambiguous confirmation to date of the Hasselman-Fulrath 

model. Both Region I and Region II behavior were demonstrated. Fur-

thermore, excellent agreement was obtained between the calculated 

flaw size and the measured mean free path distance in the composite. 

Miyata and Jinno (54) have extended the Hasselman-Fulrath. model to 

systems where substantial microcracking takes place. With increasing 

volume fraction of dispersion, strength decreases may well occur for 

microcracked composites at low volume fractions of dispersed phase 

until the mean free path distance becomes sufficiently small to limit 

both intrinsic and extrinsic flaws. 

F. Indentation Fracture in Brittle Materials 

Recently, indentation techniques employing standard microhardness 

equipment have been developed into a powerful tool to simulate and 

characterize surface damage. The initial work in this area goes back 
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to Hertz (55) and his analysis of spherical ("blunt") indenters in 

contact with planar surfaces. Much of today's effort utilizes so-called 

sharp indenters (such as cones and pyramids), since their constant 

contact angle with the indented surf ace produces an indent shape that 

is not dependent on penetration depth. This assures that an invariant 

contact pressure is maintained throughout the entire indentation se-

quence (56). Additionally, sharp indenters cause cracks to be initiat-

ed at much lower loads than blunt indenters and are thus more suitable 

from a conservative design standpoint. Much of the discussion that 

follows will involve the Vicker's indenter, a four-sided regular 

diamond pyramid that gives an impression having a square cross-section 

when viewed in projection from above. 

The indentation stress field associated with sharp indenters is 

extremely complex (57,58), and is dominanted by components of shear 

and hydrostatic compression which permit irreversible deformation modes 

such as plastic flow and densif ication to be realized in brittle mate-

rials. It is this irreversible deformation which results in the 

permanent impression left in the indented material once the indenter 

is removed. The ability of a material to resist this permanent deforma-

tion during indentation is termed the hardness and is defined as the 

ratio of load on the indenter to true surface area of the 

resulting impression. For a Vicker's indentation, the hardness, H, 

is given by: 

H = (P/2a2)sin 6/2 (I-16) 
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where P is the load on the indenter, a is the half-diagonal of the 

projected square impression, and 9 is the interior angle of the in-

denter (136°). 

Indentation fracture mechanics have generally been analyzed using 

an elastic-plastic model (57,59) to define the spatial extent of the 

tensile stresses developed during indentation. The tensile stresses, 

although small in comparison to the shear and hydrostatic compression 

components, are present nevertheless at a level generally sufficient 

to cause crack systems to develop around the indent. The typical 

physical model, shown in Figure 1, assumes a spherical symmetry to 

the deformation field. Surrounding the point of contact is a plastic 

region where flow has occurred once some characteristic yield stress 

has been attained. Material outside the plastic zone has not been 

stressed to the yield value and represents a region of elastic de-

formation. During indentation, tensile stresses, as seen from Figure 

2, are most intense in a near-surface region and also directly below 

the indenter at the elastic-plastic interface. 

The volume of material displaced by the indenter is accommodated 

during indentation by strains in the elastic region. Since a per-

manent impression remains after removal of the indenter, these strains 

are present both during and following unloading where they define a 

residual stress field. This residual stress field serves to initiate 

a series of cracks to form during the unloading cycle which are called 

lateral cracks (see Figure 3). These saucer-shaped cracks form at the 

elastic-plastic interface, propagate initially on planes roughly 
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Fig. 1. Schematic illustration of deformation fields during 
indenter contact in elastic-plastic indentation model 
(adapted from ref. 57). 
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PLASTIC ZONE 

Fig, 2. Location of tensile fields (darkened regions) during 
indentation loading cycle (adapted from ref. 49). 
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Fig. 3. Top and cross-sectiqnal views around Vicker's indent assum-
ing: a, median cracks; and b, Palmqvist cracks. The 
plastic zone appears as the stippled region. 



32 

parallel to the surface, and then curve upwards towards the surface. 

These cracks play a major role in wear processes such as abrasion and 

erosion where linkup of adjacent lateral cracks constitutesaprimary 

mechanism of material removal. 

The crack system which is of major interest from a flaw introduc-

tion standpoint is, in the case of a Vicker's indent, a series of 

individual cracks which appear to emmanate from each indent corner as 

seen in Figure 3. These cracks, which are far less blunt and have 

the potential for extending much deeper into the material than lateral 

cracks, play a major role in the strength behavior of brittle materials 

following surface contact. Lawn and co-workers (60,61) have proposed 

that these cracks, which are termed median cracks, form initially as 

full-penny or circular cracks at the sub-surface tensile zone on 

othogonal planes that are normal to the surf ace and contain the inden-

ter axis and one of the indent diagonals. As the load on the indenter 

is increased, the median cracks grow in size until they intersect the 

surface, at which point they assume a half-penny geometry, (as shown 

in Figure 3a) with characteristic surface traces called radial cracks. 

Because of the semi-circular configuration, the depth, c, of these 

half-penny cracks may be determined by measuring the length of the 

associated radial crack along the surface from the center of the in-

dent to the crack tip. For well-developed median cracks (i.e., c >>a), 

Lawn and Swain (60) have shown that the following relationship exists 

between crack length and indenter load: 

(I-17) 
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where Xr is a dimensionless constant related to the residual stress 

field about the indentation. Solving for crack length and substitut-

ing in the general form of the Griffith-Irwin expression (Eq. I-7) 

gives the following relationship for strength loss accompanying 

quasi-static indenter contact: 

cr = f (I-18) 

where Y is a crack-geometry constant. -1/3 The crf«P relationship 

predicted by this expression only applies when the contact-induced 

flaws are dominant (i.e., strength-controlling). For instances where 

the pre-existing flaws are large enough to control strength behavior, 

fracture strength will be independent of contact load until a level 

of indenter load is reached at which the indentation flaws are large 

enough to control strength. 

Although the median crack model is widely-accepted as accurately 

describing fracture behavior in the high load or far-field indentation 

regime (c >>a), disagreement exists as to its applicability at lower 

indenter loads and smaller c/a ratios. Perrott (57) has maintained 

that at low loads, it is the near-surface, rather than the sub-sur-

face, tensile region which dominates fracture behavior. Palmqvist (62) 

observed a radial crack system (Fig. 3b) which does not represent 

traces of half-penny cracks, but rather is associated with shallow, 

semi-elliptical cracks which originate at each indent corner. The 

characteristic surface dimension of these Palmqvist cracks is i, the 

distance along the surface from the corner of the indent to the crack 

tip. Comparison of Figs. 3a and 3b indicate that: 
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(I-19) 

In contrast to the crack size-load relationship of c~P213 pre-

dieted for median cracks from Eq. 1~17, Palmqvist,and Dawihl and 

Altmeyer (63} observed a linear load dependence for Palmqvist crack 

size, i~P. The presence of Palmqvist, rather than median, cracks at 

low loads has been confirmed by Lankford and Davidson (64) for a 

variety of brittle materials such as silicon carbide and aluminum 

oxide. Sectioning work by Hagan and co-workers (65-67) in a variety 

of silicate glasses indicate that radial cracks will form at low loads 

in the absence of any observed median cracking. Direct optical exam-

ination by Evans and Wilshaw (68) in silicon nitride and other brittle 

materials again confirms that only Palmqvist cracks are present at 

low c/a ratios. In this Dissertation, where the indentation technique 

will be used to introduce flaws on the order of the mean free path 

dimension in a glass-ceramic, the fine texture of this material will 

require that indentations be made at low loads (c/a < 2.0). Thus, 

Palmqvist cracks will be the likely source of any observed radial 

cracking. 

Indentation studies of the fracture behavior of brittle materials 

indicate the existence of a "universal" curve relating hardness, 

fracture toughness, and the measured indentation parameters of crack 

size and indent size. Evans and Charles (69) concluded, using a 

dimensional and fracture mechanics analysis of indentation data from 

a variety of brittle materials, that a plot of CK.rc~Ha~)(l!/E~) 215 as 
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a function of c/a ratio defined a curve which described the fracture 

and deformation behavior of these materials. 

In this relation, $ is a constraint factor equal to approximately 

3. Blendell (7a) has used curve-fitting procedures to obtain the 

following expression for the Evans-Charles curve: 

(~c$/Ha112)(H/E$) 2/S =a.ass log 8.4 (a/c) (I-2a) 

Niihara et al.(71,72) found, however, that indentation fracture 

data obtained at low c/a ratios for soda-lime-silica glass and silicon 

nitride, as well as reported low load data (63) on WC-Cg alloys, 

deviated from the universal curve of Evans and Charles and according-

ly were not satisfactorily described by Eq. I-2a. Niihara et al. 

attributed these deviations from the Evans-Charles model to the 

occurrence of Palmqvist, rather than median, cracks at low loads, 

and proposed the following modification to the basic Evans-Charles 

relation: 

for c/a ~ 2.S (Jnedian crack regime) 
CTS:c$/Ha112)(H/E~) 2 /S = a.129 (c/a)-3/ 2 

for 1/a ~ 2.S (Palmqvist crack regime) · 
Cl<.rc$/Ha112)(H/E~) 2 /S = a.a3S (1/a)-l/2 

(I-2la) 

(I-2lb) 

Note that there is a region of overlap defined by l.S < 1/a < 2.S 

(or 2.5 < c/a < 3.5) where either expression is suitable to describe 

deformation/fracture behavior. In principle, then, fracture tough-

ness 111ay be obtained from an indentation procedure by measuring i 
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(or c, depending on the relative load) and a, and by determining E 

through a separate measurement. 

The key material parameters which emerge from Eqs. I-21, a and b, 

for characterizing the elastic-plastic response of brittle materials 

during sharp indenter contact, are seen to be the hardness and fracture 

toughness. The importance of these parameters in modelling other 

surface contact events may be seen in work by Lawn and Evans (73) 

concerning the level of critical or threshold load needed to initiate 

radial cracking from a sharp indenter. 

* 
This threshold load, P , and c 

the crack size, c , formed at the critical load were all determined 

to be functions of hardness and fracture toughness: 

P a:(K /H) 3K c Ic Ic (I-22) 

* c a:(K /H) 2 
Ic (I-23) 

Although these relationships were derived on the basis of median 

crack geometry, Lankford and Davidson (64) have found that they are 

also valid for Palmqvist cracks, at least from a relative standpoint, 

to rank materials on the basis of their resistance to surface damage. 

The importance that Kic and H play in the indentation process is also 

found in other surface contact phenomena, and serves to illustrate 

at least indirectly, the high degree to which the indentation method 

successfully simulates actual surface damage events. Both the volume 

of material removed by erosive wear during solid particle impact (52), 

and the relative ease with which brittle materials may be finished in 

abras·ive machining operations (74) are all dependent on some combined 
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hardness/toughness function. Indentation techniques, then, con-

stitute a powerful method for modelling real contact situations and 

for characterizing the resulting flaw introduction process. 

G. The Glass-Ceramic Process 

Since a glass-ceramic will constitute the model composite used 

to study the effect that the dispersed phase in brittle materials has 

on mechanical performance, a brief description of glass-ceramic 

technology, insofar as it affects possible strength or toughness-

controlling microstructural variables will be pres·ented here. 

Emphasis will be placed on how process variables control the more 

important microstructural features, such as particle size and dis-

persed phase volume fraction, 

Controlled crystallization of a glass to produce a glass-c"eramic 

results in a glass-crystal composite where, by close control over the 

heat-treatment operation, both the desired phase assemblage as well 

as the optimal combination of microstructural parameters (such as 

size, shape, and volume fraction of dispersed phase) may be achieved. 

Generally, only a negligible quantity of pore phase is created during 

this process, so that the complicating effect of porosity may be 

avoided in any subsequent analysis of microstructure-property relation-

ships. 

Crystallization from a glass is neither a new nor unique pheno-

menon - witness the appropriately-named compound devitrite (Na20•3Ca0• 

6Si02) which was such a curse to early manufacturers of soda-lime-

silica glass (75). However, what distinguishes the glass-ceramic 
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process from other devitrification phenomena is the control over the 

crystallization process permitted by glass-ceramic technology. Un-

controlled devitrification is frequently only a surface event charac-

terized by large crystallites growing radially inward into the bulk 

of the glass article from the surface with most of the interior of 

the sample remaining unaltered and totally glassy. The coarse sur-

face texture combined with the oriented nature of the crystal growth 

and the unfavorable stresses introduced by thermal expansion and 

density gradients between exterior and interior of the sample leads 

to a very weak and readily-degraded structure. In glass-ceramics, 

however, these problems can be avoided by careful time-temperature 

control of a two-step process involving separate nucleation and 

growth stages for the crystallite phase. The end product is 

characterized by a dispersion of fine crystallites distributed uni-

formly throughout the entire sample. 

The nucleation step can probably be singled out as the most 

critical operation in th.e glass-ceramic process for it determines 

whether a uniform crystalline dispersion is achieved. Despite the 

fact that at temperatures below the liquidus, the crystallite phase 

will have a lower volume free energy than either the liquid or the 

glass, substantial thermodynamic and kinetic barriers work against 

spontaneous, large-scale crystallization. For this reason, crystal-

lization is first initiated at discrete centers or nuclei, with 

subsequent outward growth from these sites proceeding by successive 

deposition of atoms onto the interface separating the crystallized 
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and non-crystallized regions. The nucleation process may be classi-

fied as either homogeneous or heterogeneous depending on whether, 

as in the case of homogeneous nucleation, the nuclei have the same 

composition as the parent glass and do not form on pre-existing 

boundaries such as free surfaces. Nucleation in glasses is almost 

always accomplished via a heterogeneous process since either the 

nuclei will differ in composition from the glass or else they will 

form preferentially around gas bubbles, undissolved batch constituents, 

or at the surface. 

Models dealing with homogeneous nucleation are simplest to de-

rive. For the homogeneous nucleation of a spherical crystallite at 

a temperature below the liquidus, the free energy change upon nuclea-

tion 6G , is given by: r 

(I-24) 

where r is the particle radius, y is the interface energy, and ~Gv 

is the volume free.energy change accompanying the nucleus formation 

with 6G = G - G Since for temperatures < the liquidus, v crystal glass· 
G 1 < G 1 , the contribution from 6Gv provides the driving crysta g ass 
force for nucleation. However, at small values of r, the surface 

energy term is dominant in Eq. I-24. As a result, initial increases 

in nucleus size will cause an overall energy increase to occur in the 

system. Growth of the nucleus will still be possible to some extent 

because of energy variations caused by localized fluctuations in tem-

perature and composition. 
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* Only when some critical value of radius, r , is attained will 

the volume free energy term in Eq. I-24 become sufficiently large that 

* incremental nucleus growth beyond r results in a net free energy 

* decrease. For this reason, only nuclei with r > r will be stable. 

This critical value of radius is obtained by setting a~G /ar = 0, r 

with the result 

* r = - 2y/!J.G 

* 

v 
= 16-rry3 

3(~G )2 v 
(I-25,a,b) 

where ~G , the free energy change accompanying the formation of the 

nucleus of critical size, represents the maximum free energy barrier 

* for nucleation. In the case of heterogeneous nucleation, ~G is 

* replaced by ~G f(e), where 9 is the contact angle between the nucleus 

and the foreign surface. Generally (76), 0 ~ f (9) < 1, so that 

heterogeneous nucleation offers the likelihood of a substantial de-

crease occurring in the height of the free energy barrier to nuclea-

tion. 

In addition to the thermodynamic barrier to nucleation represented 

* by ~G , an additional obstacle exists from kinetic or mass transport 

considerations. Nucleus growth is limited by the rate at which atoms 

or molecules arrive at the interface for incorporation into the nucleus. 

Becker (77) has derived a general expression for the rate of nuclea-

tion, I, in condensed systems that incorporates both the thermodynamic 

and the kinetic restriction: 

(I-26) 



41 

where A is a pre-exponential term that is dependent, in part, on 
-1 (viscosity) , Q is the activation energy for diffusion of atoms 

across the phase boundary, k is Boltzman's constant, and T is the 

absolute temperature. A low value of nucleation rate is predicted 

by Eq. I-26, both near the liquidus as well as at much lower tern-

* perature because of, respectively, high values of ~G or Q. Only at 

some intermediate temperature range where the volume free energy 

driving force is high and transport processes occur relatively 

rapid will the nucleation rate Be substantial. 

Once nuclei have attained the critical size needed for stability, 

growth considerations will then be the controlling process involved 

with crystallization. As was the case for nucleation rate, both 

thermodynamic and kinetic factors determine the growth rate. Atoms 

must first be transported to the crystal-glass interface and then 

must obtain sufficient energy to overcome any energy barrier associated 

with adopting the atomic configuration of the crystalline structure. 

A simplified expression obtained from empirical considerations has 

been found by Swift (78) to describe the growth rate, U, for several 

alkali silicate phases from silicate glasses: 

K 
U = n (Tliq -T) (I-27) 

where K is a constant, T1 . is the liquidus temperature , and T is iq 

the temperature of interest. Kinetic influences are represented by 

the inclusion of the viscosity, n, while the degree of undercooling, 

Tliq - T, is a reasonable approximation of thermodynamic effects. 
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Like the corresponding expression for nucleation rate, Eq. I-27 

predicts a maximum in growth rate at some intermediate temperature 

range. 

Nucleation and growth rate curves are shown as a function of 

temperature in Figure 4 for a hypothetical glass. Although there 

is no theoretical reason for these two rate curves not to overlap, 

it is essential from the standpoint of achieving a glass-ceramic 

with a dispersion of fine crystallites that any overlap be at a 

minimum. Should these two processes occur simultaneously, the end 

product will be a structure composed of a small numoer of coarse 

crystallites. 

Given nucleation and growth curves with a reasonable degree of 

non-overlap such as depicted in Figure 4, glass-ceramic technology 

makes use of a two-stage heat-treatment process to obtain a uniform 

dispersion of fine-crystallites (79). The first stage of the heat-

treatment accomplishes the nucleation process, while subsequent growth 

of the nuclei to attain the desired crystallite size and volume frac-

tion is achieved by an additional heat-treatment at a suitable growth 

temperature. "Crystallization catalysts" are also used to assure 

that nucleation proceeds evenly throughout the entire sample and is 

not limited to just the surface. These crystallization catalysts are 

materials which in themselves are not the desired crystallization end 

product, but which accelerate the crystallization process by provid-

ing sites for nucleation of the desired crystal phase. Chief among 

these catalysts is titania, whose use was first reported by Stookey 
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LIQUI DUS 

CRYSTAL GROWTH RATE 

NUCLEATION RATE 

RATES OF NUCLEATION AND CRYSTALLIZATION 

'Fig. 4. Nucleation and crystall!.zation rates for a glass-ceramic 
as functions of temper~tu~e. 
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in the original glass-ceramic patent (79). Other common nucleating 

agents include Zr02 and P2o5 • 

Originally it was thought that these nucleation catalysts first 

crystallized from the glass through some homogeneous mechanism. This 

is not now believed to be the case. Considerable evidence (80,81) 

suggests that these nucleating agents instead promote the separation 

of the glass into two immiscible glassy phases which in turn act as 

sites for heterogeneous nucleation of the desired crystal compound. 

Because of the low interfacial energy existing between two liquids 

or glasses, thermodynamic barriers to phase separation are quite 

low. Separation, thus, can take place rather readily by homogeneous 

nucleation on a fine-scale basis throughout the glass, either during 

cooling of the glass following the forming process or else during 

the initial stages of the nucleation heat-treatment. 

Essential, then, to the production of high quality glass-ceramics 

is the nucleation process. Nucleation must occur uniformly throughout 

the entire bulk of the glass and over a temperature region distinct 

from that where any appreciable crystal growth occurs. Control over 

the nucleation and growth processes permits, in turn, control over 

microstructural parameters, many of which may be important from a 

mechanical standpoint. Obviously, final crystal size is determined 

by ~he selection of the time-temperature combination of the growth 

heat-treatment. Other important variables such as volume fraction 

and interparticle separation distance may be altered by adjustments 

in either the nucleation or growth heat treatments (82). The coarse-

ness and volume fraction of any precursor phase separation step will 
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also exercise a large measure of control over the end microstructure 

(83). Stewart (84) has shown that in several glass-ceramic systems 

the identity of the final crystal phase may even be altered by the 

choice of growth temperature or nucleating agent. The glass-ceramic 

process is ideal, then, for obtaining a wide variety of different 

microstructures to study dispersed phase-crack interactions in brittle 

composites. 

H. Objectives of the Research Program 

It has been shown in the preceding Sections that tne strength 

of brittle composites is dependent upon a variety of flaw-dispersed 

phase interactions. The emphasis in this Dissertation will be 

placed on characterizing these interactions for a model brittle 

composite, a glass-ceramic. The micro-hardness indentation method 

will be used to simulate surface damage so that flaw-microstructure 

effects may be observed directly, by electron microscopy, rather than 

inferred as typically done in past studies. 

The objectives of this Research are as follows: 

(i) To determine the role played by the dispersed phase in 

a brittle composite during the flaw introduction process - more speci-

fically, to investigate how inclusions affect both the size and the 

level of surface contact required to initiate flaws. 

(ii) To determine the manner in which the dispersed phase affects 

flaw stability, i.e., crack propagation and strength behavior. 
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(iii) To charac~erize the various microstructural variables, 

such as particle size and volume fraction of inclusions, which are 

found to control the above two processes. 

Information gained from this Research would be expected to 

prove valuable in the design of brittle composite materials having 

maximum resistance to both surface damage and associated strength 

loss and wear phenomena. 



II. EXPERIMENTAL PROCEDURE 

A. Sample Preparation and Preliminary Characterization 

1. Material 

A glass-ceramic+ having as its major phase the compound cordierite 

(2Mg0•2Al203·5Si02) was selected for this study. This particular 

glass-ceramic has been the subject of a number of investigations 

involved with the thermal and mechanical behavior of brittle mate-

rials (85-87). 

The glass-ceramic which was used is derived from a Mg0-Al203-Si02 

glass to which Ti02 has been added as a nucleating agent (79). The 

addition of titania serves to promote the separation of the glass into 

two immiscible glassy phases. As noted in the discussion of the glass-

ceramic process in Chapter I, phase separation of the precursor glass 

is beneficial to achieving a high quality glass-ceramic since a multi-

tude of pre-existing surfaces are created to assure that any subsequent 

crystallization will be accomplished on a very uniform and fine scale 

throughout the bulk of the glass. Phase separation in Ti0 2 nucleated 

MgO-Al2o3-s102 glasses has been observed during cooling of the glass 

following melting (88), as well as during subsequent heating of the 

glass to 750°-800°C (89). 

Since cordierite glass-ceramics are of commercial importance be-

cause of their low coefficient of thermal expansion, a number of de-

tailed studies (90-92) have been reported describing their crystalliza-

+c-9606, Corning Glass Works, Corning, NY. 

47 
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tion behavior. Heat-treatment of the glass results in the crystalli-

zation at 900°-9S0°c of a stuffed high quartz phase, MgO•Al203·nSi02 

(2 ~n~S), designated as µ-cordierite (93). Almost complete trans-

formation of the glass into a polycrystalline material is accomplished 

at this point, with only a negligible amount (2-5 vol.%) of residual 

glass remaining (86). 

Heat-treatment of the stuffed quartz phase beyond l000°c produces 

a complex series of solid state reactions. The stuffed quartz phase 

exsolves spinel (MgO•A12o3) and, as a result, becomes silica-enriched. 

At about ll00°c, the stuffed quartz phase reacts with the spinel to 

form high, or a, cordierite (2Mg0•2A1203•SSi02). Any unreacted 

stuffed quartz (by then, appreciably enriched in silica) transforms 

into a silica polymorph, high-cristobalite. The presence of cristo-

balite is extremely undesirable in ceramic bodies from a connnercial 

standpoint since the volwne change associated with the cristobalite 

inversion at approximately 27S0 c is large enough to cause cracking 

when this phase is present in substantial quantity. The amount of 

cristobalite produced in the glass-ceramic may be minimized by close 
0 -1 cpntrol over heating rates, since slow heating rates c~ 5 c min. ) 

have been found to favor the stuffed quartz-spinel reaction (92). 

Continued heat-treatment of the a-cordierite phase results in the 

gradual growth of a-cordierite crystals from a much finer-grained 

a-cordierite/high cristobalite matrix (90). With very long heating 

times, such as several weeks duration (well beyond commercial glass-

ceramic heat-treatment times), a-cordierite will invert to low, or 

a, cordierite (90). 
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2. Sample geometry and heat-treatment 

A single block (15-20 kg) of the glass-ceramic in the form of 

the original or unheat-treated glass was donated by the manufacturer. 

A few specimens used in this study were thin discs, approximately 

0.2 cm. in thickness and 1.3 cm. in diameter, that had been drilled 

from this block, heat-treated, and used in a previous investigation 

(86) concerning the effect of crystallization of a glass-ceramic on 

thermal diffusivity. However, most samples, especially those for 

which both strength and indentation data were measured, were in the 

form of circular cross-section rods, approximately 2.0 cm. in length 

and 1.3 cm. in diameter, that had been core-drilled from the block 

of original glass. 

All samples that were crystallized received a nucleation heat-

treatment of 820°C for 2 hours, after which they were subjected to 

various time-temperature treatments to obtain a variety of micro-

structures covering a range in crystallite size and volume fraction 

of dispersed phase. These crystallization heat-treatments covered 
0 0 the temperature range from 905 C to 1260 C, and involved holding 

times at maximum temperature of up to 8 hours. The 1260°c heat-

treatment represented an upper temperature limit for the crystalliza-

tion treatment. Samples heated to slightly higher temperatures (1290°) 

all showed considerable slumpage as a result of excessive liquid 

forma. ti on. 
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Heat-treatment for the core-drilled rods was carried out in a 

high-alumina tube furnace heated by external silicon carbide elements 

+ and controlled by a cam-monitored temperature controller. Measure-

ments on this furnace indicated that a zone of relatively constant 

temperature (±10°C) occurred along a section of furnace tube approxi-

ma.tely 9 cm. in length. This permitted 8 of the sample rods to be 

heat-treated simultaneously by arranging them in adjacent rows of 4 

rods each. 0 -1 A heat-up rate of 5 C min. was used for all heat treat-

ments. In accordance with a suggestion (94) made oy the manufacturer 

of the glass-ceramic, a cooling rate of 2°c min.-l was maintained from 

the crystallization temperature to about 500°c. Below this temperature, 

the thermal mass of the furnace caused the actual cooling rate to lag 

behind that set on the cam. All physical property measurements, such 

as crack length and strength for a specific heat-treatment, were ob-

tained from the same set of samples to avoid any minor differences in 

microstructure between samples from separate, but nominally-identical, 

heat-treatments. 

3. Sample polishing 

Following crystallization, slices were cut from the sample rods 

with a diamond cut-off saw. A thickness of 1 mm. was used for all 

strength samples, whil"e a slightly larger thickness (typically 3-5 mm.) 

was used for samples on which only crack length measurements were 

obtained. These latter samples were subjected to a grinding and 

+ Trend-Trak Recorder, Speedomax Series, Leeds and Northrup, 
Philadelphia, PA. 
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polishing operation which consisted of the following sequence of 

steps: 400- and 600- grit silicon carbide paper, 9 µm diamond im-

pregnated bronze wheel, and 1 µm and 0.3 µm alpha-alumina polishing 

cloth. For strength specimens where a surface as nearly flaw-free 

as possible is desired, a final polishing operation of 0.25 µm diamond 

polishing cloth was performed. After polishing, samples were annealed 

at 650°C for 3-4 hours to relieve any stresses introduced during sample 

preparation. 

4. Quantitative microscopy 

Volume fraction and mean free path (i.e., mean distance between 

crystallites) parameters were determined for crystallized samples 

from photographs taken with a scanning electron microscope+ (SEM). 

The polished samples were first etched 30 seconds in 5% HF to reveal 

the microstructure. Samples were then coated with 150-200~ of gold 

to prevent charge build-up during SEM observation. 

SEM magnifications in the range 6,500-15,000X were used for the 

quantitative microscopy. These actual magnifications were obtained 

from the dial-setting magnifications on the SEM using a calibrated 

grid++ especially designed for SEM use. Correction factors obtained 

in this manner agreed well with calibration values reported by Lytton 

(95) for the same instrument. The SEM correction factors were check-

ed by comparing size data for the same features (a series of indents) 

measured by both scanning electron and optical microscopy. The 

+JSM-2, Japan Electron Optics Laboratory Co., Ltd. Tokyo, Japan. 
++Calibration Standard No. 1749, E.F. Fullam, Inc., Schenectady, NY. 
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calibration factors for the SEM were found to oe correct. As a 

final precaution against any errors in magnification, a single 

working distance was employed for all SEM work to assure that 

measurements would oe correct, at least on a relative basis, for 

all samples. 

Volume fraction measurement were made using standard point count 

procedures (96). A square grid was randomly placed over a photo-

micrograph and the particular phase noted which fell under each grid 

intersection point. The magnification used in each photomicrograph 

was always selected to assure that the size of the microstructural 

features (i.e., the dispers·ed phase) was at least as large as the 7 

nun. grid spacing employed. Approximately 725 grid counts were made 

for each sample from a total of 4 photomicrographs taken at random 

locations within the sample. 

The mean free path distance for a dispersed phase contained with-

in a matrix is calculated typically from the Fullman expression (Eq. 

I-14) using values of volume fraction and mean intercept length deter-

mined for the dispersions by, respectively, point count and linear 

intercept techniques. A series of parallel test lines is employed 

in this latter procedure, with the mean intercept length, L, defined 

as the fractional length of test line subtended by the microstructural 

feature divided by half the total number of intercepts (per unit 

length of test line) that occur between the particular feature and 
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the test lines (97). Mean intercept length is a convenient and 

efficient means to characterize particle size, and for simple particle 

geometries such as a sphere or a plate, E can be directly related to 

particle radius or thickness. However, the highly-irregular shape 

of the dispersed phase in the glass-ceramic caused the linear inter-

cept technique to prove unreliable in obtaining meaningful crystallite 

' size data since the same dispersed particle would frequently be 

intercepted more than twice by a given test line. As a result, both 

particle size and mean free path were found to be underestimated by 

the use of the linear intercept technique. 

The difficulties in obtaining representative microstructural 

data were overcome using a procedure which involved direct measure-

ment of mean free path as depicted in Figure 5. This approach is 

based on the recognition that the mean free path distance represents 

the average of the length of all vectors which can be drawn outward 

from a point on the surface of a given particle to all neighboring 

particles. With the direct measurement procedure, a radial grid, with 

an angular spacing of 10°, was maneuvered in q random manner over a 

SEM micrograph until the origin of the grid fell on the surface of a 

particle. The free path distances were then measured and this process 

was repeated until data from a total of 8 random sites had been ob-

tained from the photomicrograph. The mean free path value for each 

photomicrograph was determined by averaging these free path measure-

ments and correcting for magnification. Since the free path measure-

ments for a given heat-treatment were taken from the same series of 4 
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Fig. 5. Measurement of free path. distances for mean fTee path 
determination using radial grid technique. 
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photomicrographs that were used to determine the volume fraction of 

dispersed phase, Eq. I-14 was used to calculate the mean intercept 

length for each photograph. The values of volume fraction, linear 

intercept length, and mean free path reported for a given heat-

treatment represent overall averages based on the 4 photomicrographs. 

5. Phase identification 

X-ray diffraction employing standard powdered sample techniques 

and monochromatized Cu-Ka radiation was used for qualitative phase 

identification. More extensive X-ray results have already been 

reported (86) on some of the samples in the thermal diffusivity study 

mentioned previously. 

6. Bulk density 

Bulk density values were determined by the Archimedes method, 

with suspended weights obtained with a wire basket immersed in water. 

The room temperature value of bulk density, p, for each sample was 

calculated from: 

(II-1) 

where D and S are the dry and suspended weights, respectively, of the 

sample and Prf20 is the room temperature density of water, 
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7. Young's modulus 

Young's modulus values were determined by the sonic pulse method 
+ through the courtesy of an outside laboratory. From this technique, 

Young's modulus, E, was calculated using: 

E = v2(l+v)(l-2v) 
P 1-v (II-2) 

where, for a given sample, p, V, and v refer, respectively, to the bulk 

density, the sonic velocity, and Poisson's ratio, A value of 0.25 was 

assumed for this latter property. 

B. Surface Damage 

1. Introduction and measurement of surface damage 

Surface flaws were introduced in the polished specimens using a 

commercial microhardness tester++ equipped with a Vicker's indenter. 

Prior to each series of indents, the unit was calibrated with a sample 

of known hardness provided by the manufacturer of the hardness tester. 

Total contact time of the indenter with the sample was approximately 

25 seconds. 

All indentations were made in ambient air. Although indenting in 

mineral oil would be expected to minimize any moisture-assisted slow 

crack growth, no significant changes in crack size with time were ob-

served for specimens indented in air. A drop of mineral oil was, how-

ever, put on strength specimens following indentation to provide some 

measurement of protection against damage from surface contact prior to 

+PPG Industries, Inc., Industrial Chemical Dept., Barberton, OH. 
++Tukon Tester, ACCO Industries, Bridgeport, CT. 
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breaking, as well as to minimize slow crack growth during strength 

testing. 

Indentations were made over the load range 50 to 1000 grams, 

with measurements of indent size and crack length being taken on 10-

15 indents at each load investigated. For heat-treatments in which 

indentation data, but not strength values, were obtained, as for the 

single discs used in the thermal diffusivity study (86), all indenta-

tion measurements were made on the single specimen available, In 

these instances, the repeatability of the data was determined by re-

indenting at certain loads and comparing these indentation data with 

that obtained previously. Repeatability of the means for these samples 

was found to be within ± 4%. For samples where both strength and 

indentation data were obtained, as in the case of the heat-treated 

rods, indentations over the entire load range were made and measured 

on a single specimen. However, indentations at selected loads were 

also made on· other specimens from the same heat-treatment set to test 

the replicability of the means. In all instances, good agreement (with-

in ±7%) was obtained between the various samples for values of crack 

length and indent size measured for the same level of indentation 

load. In cases where a correlation was made between indentation and 

microstructural parameters, all data were obtained from the same 

specimen. 

Following indentation, the half-diagonal dimension, a, of the 

impression was measured using the optical system of the microhardness 

unit and an eyepiece having a calibrated grid and movable cross-hair. 
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Crack lengths were measured directly from the viewing screen of the 

SEM, and converted into true dimensions using the magnification 

calibration procedure described in the section of this Chapter deal-

ing with quantitative microscopy. Occasionally only 2 or 3 cracks 

were observed around indents. In these instances, only those cracks 

actually observed were included in the measurements. Cracks were 

generally not measured for indents where chipping (removal of mate-

rial around an indent as a result of intersection of the lateral 

cracks with the surface) was noted. All crack length data were ob-

tained on samples that had been etched 30 seconds in 5% HF, and then 
0 

given a gold-coating of 150-200A to minimize charge-buildup during 

SEM observation. Cracks made at low loads (<500g) in unetched 

samples were too narrow and indistinct, especially in the region of the 

crack tip, to measure with any certainty. Comparison of crack length 

data for etched and unetched samples indicated etching had a negligible 

effect on crack length. 

The fine texture of the glass-ceramic required that relatively 

low values of indenter load (typically in the range 50-1000 grams) be 

employed to obtain crack sizes on the order of the mean free path 

dimension. Initially, it was thought that the indent cracks intro-

duced in the samples were median cracks, and so the crack dimension, c, 

was measured (see Fig. 3a). However, fracture toughness values cal-

culated assuming median crack geometry and using Eq. I-17 or I-20 were 

either too high or else varied too extensively with load to be mean-

inful. It became apparent that, for the low ratios of crack-to-indent 
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size measured at the low loads employed, Palmqvist, rather than median 

cracks were present in the samples. The Palmqvist crack size, £ (see 

Fig. 3b), was obtained from measurement of c and a, as indicated by 

Eq. I-19. No significant difference was found in Palmqvist crack size 

obtained in this manner and that determined by direct measurement. 

2. Strength behavior 

Strength data on indented samples as a function of indentation 

load were obtained on thin discs, approximately 1 mm. in thickness, 

that had been sawed from the core-drilled rods. For crystallized 

samples, the sawing step was performed after heat-treatment. Prior 

to strength testing, the specimens were polished, annealed 3-4 hours 

at 650°C to relieve any polishing strains, etched in 5% HF for 30 

seconds to minimize the effect on strength of any handling flaws, and 

then indented. 

Strength testing was carried out with a constant cross-head speed 

mechanical testing machine.+ A cross-head speed of 0.51 mm.min.-l was 

used for all strength measurements. The resulting loading rate was 
-1 approximately 20 MPa.s Samples were broken in mineral oil to retard 

slow crack growth. As noted in the preceding Section, the mineral oil 

was applied immediately after indentation. 

The strength apparatus that was used in this study is shown in 

Figure 6. It is based on the biaxial flexure technique and utilizes 

the piston-on-3-ball method. Biaxial flexure methods have an advantage 

+ Model TTDL, Instron Corp., Canton, MA. 
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3.2mm 

LOADING PISTON 

SAMPLE WELL(5mm deep 

BOTTOM PLATE 
( 180 x 180 x 13 mm thickness) 

(THREE DIMPLES FOR 1.6 mm 
DIAMETER BALL BEARINGS ARE ON 
3. 57mm DIAMETER CIRCLE; CENTER 
DIMPLE IS FOR POSITIONING BOTTOM 
PLATE BENEATH PISTON PIN.) 

DETAIL OF BASE OF SAMPLE WELL 

Fig. 6. Biaxial fle.."<llre apparatus used to determine 
strength.. 
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over the uniaxial bend techniques connnonly employed to determine 

strength in that edge effects may be avoided since the region of maxi-

mum tensile stress occurs within the centrally-loaded portion of the 

sample. Ritter et al. (98) have shown that, given sufficient specimen 

overhang beyond the sample supports, edge stresses during biaxial 

loading are less than 10% of the maximum central stress. As a result, 

the spurious failures caused by edge effects encountered with uniaxial 

loading techniques are eliminated in biaxial flexure methods. 

The piston-on-3-ball method for determining strength values was 

first described by Wachtman et al. (99) and has recently been adopted 

as a standard ASTM test procedure (100). The apparatus, as shown in 

Figure 6, consists of 2 main units: a bottom plate which contains 3 

ball bearings arranged in shallow dimples equally-spaced about the 

circumference of a circle (referred to as the specimen support circle), 

and a piston that has been threaded on one end so as to fit into the 

upper plate of the mechanical testing machine. The test specimens were 

supported on the ball bearings, with load being applied to the samples 

through a small pin located at the tip of the piston. The diameter of 

this pin defines the size of the region of maximum tensile stress, 

which occurs at the center of the lower specimen surface. Both the pin 

and the ball bearings were composed of hardened tool steel. A small 

dimple, drilled in the center of the sample well in the bottom plate, 

was used to align the sample well underneath the piston pin. 

For the piston-on-3-ball method, the values of the radial and 

tangential components of stress are equal at the lower surface of the 



62 

specimen directly beneath the indenter, with each attaining a 

maximum tensile value, cr , that is given by (101): max 

cr = -2L.c1+v) '1.+2 ln ~· + l-v {1 - b 2} a 2 J 
max 4~t2 L b l+v 2a2 R2 

(II-3) 

where P is the load on the sample, b is the radius of the piston pin, 

a is the radius of the support circle, and v, t, and R refer, respec-

tively, to the Poisson's ratio, thickness, and radius of the sample. 

For the particular jig that was used with a= 3.57 mm. and b = 0.8 mm., 

and assuming v = 0.25, Eq. II-3 simplifies to: 

cr max 
p 

=-
t2 

[1.19 + 2.22] 
R2 

(II-4) 

Strength values were determined from Eq. II-4 for specimens 

placed in the test apparatus such that the polished (indented) side 

of the specimen was the lower or tensile surface during testing. 

Equating cr to breaking strength assumes that the indentation flaws max 
(presumed to be the failure-initiating flaws) were located within the 

central circular region (equal in diameter to the 1.6 mm. diameter 

of the piston pin) within which the maximum tensile stress occurs. 

To accomplish this, care was taken to assure that indentations were 

made in the center of the test specimens, and that these test specimens 

were, in turn, centered in the strength apparatus beneath the piston 

pin. 

Centering of the indent on the sample was accomplished using 

a sample holder consisting of an aluminum plate containing a shallow 

cylindrical well with a diameter slightly larger than the 13.0 mm. 
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diameter of the specimens. The well was first centered beneath the 

Vicker's indenter (by focusing on a small dimple drilled at the center 

of the well), so that when a specimen was placed within the well, any 

indentation would be made in the center of the test specimen, Posi-

tioning of the indented test specimens in the strength apparatus such 

that indents would lie directly below the piston pin was achieved with 

an aluminum ring of 0.25 mm. thickness placed concentrically within 

the strength jig's sample well (see Figure 6), Reducing the 14.25 mm. 

well diameter by 0.50 mm. in this manner is sufficient to assure that 

indents made in the center of the test specimens will lie within 0.8 

mm. from the center of the piston pin, and thus be subjected to the 

maximum tensile stress. 



III. EXPERIMENTAL RESULTS 

A. Preliminary Characterization 

1. Phase identification and microstructural analysis 

As noted, several of the same glass-ceramic specimens used in this 

investigation had also been utilized in a previous thermal diffusivity 

study (86). X-ray diffraction results (86) reported for these specimens 

show the following quantitative relationship (vol.% basis): 

820°C/2h + l000°C/8h 

stuffed quartz (85-90) 
spinel (5-10) 
enstatite, MgO•Si02 (5) 
glass (2-5) 

820°C/2h + 1260°C/8h 

a-cordierite 
Mg0•2Ti0 2 
low cristobalite 

(70-80) 
(10-15) 
(10-15) 

X-ray diffraction analyses performed for this Dissertation are 

in agreement, essentially, with the above data, as well as with 

literature results cited in the preceding Chapter. Stuffed quartz 

was the first crystalline phase to appear, and was present, along 

with a glassy phase in samples crystallized at 90S°C/8h. Stuffed 

quartz was present in substantial quantity, along with minor amounts 

of spinel, following a l000°C/8h crystallization. No glassy phase 

(as indicated by the absence of base-line roll) was detected. For 

heat-treatments at ll00°C/2h, 1150°C/8h, and 1260°C/8h, the major 

64 
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phase present was a-cordierite, with minor quantities detected of low 

cristobalite and pseudo-brookite, a solid solution involving Mg0•2Ti0 2 

and Al203 ·Ti02 . With increasing crystallization temperature for these 

latter heat treatments, the percentage of a-cordierite decreased 

slightly, while that of the pseudo-brookite phase increased, using 

X-ray peak intensities as an approximate quantitative indicator. No 

crystalline reflections were observed in the diffraction pattern of 

either the original glass or a specimen which received only the 820°C/ 

2h nucleation treatment. However, a slight opalescence was detected 

in both samples. This was caused, presumably, by a glass-in-glass 

phase separation. As noted in the preceding Chapter, phase separa-

tion in this system has been observed following cooling from the melt 

during the glass-forming process, as well as with subsequent heating 

to about 800°C. No phase separation could be resolved, however, in 

SEM micrographs taken of either the original glass or 820°C/2h 

specimens. 

As indicated by the X-ray results, the stuffed quartz ~ a-cordi-

eritetransformationoccurs over a relatively narrow time/temperature 

interval with approximate heat-treatment end-points of l000°C/8h and 

ll00°C/2h. A crystallization treatment made at ll00°C/lh, selected 

since it was intermediate to these end-points, showed stuffed quartz 

as the major phase, with minor amounts detected of spinel and a trace 
' 

quantity of a-cordierite. At ll00°c, then, the transformation begins 

after approximately 1 hour and is completed within an additional hour. 
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Electron micrographs taken of several of the samples are shown 

* in Figure 7. A replica transmission electron micrograph , taken during 

the thermal diffusivity study (86), is shown in Figure 7a for a sample 

which received a crystallization heat-treatment of 8 hours at 905°C. 

This microstructure, characteristic of all samples heat-treated below 

the stuffed quartz ~ a-cordierite transformation, consists of a uniform 

dispersion of very fine-grained crystallites (predominantly stuffed 

quartz) that are well below 0.1 µm in size. Samples heat treated above 

the transformation have a microstructure typified by that shown in 

Figure 7b for a specimen which received a 1200°C/8h crystallization 

treatment. This microstructure consists of a dispersed crystalline 

phase, several microns in size, embedded in a much finer-grained 

crystalline matrix. On the basis of the photomicrograph and the X-ray 

diffraction results, the dispersed phase is predominantly a-cordierite, 

while the fine-grained matrix is composed of an admixture of a-cordi-

erite, low-cristobalite and the pseudo-brookite phase. In subsequent 

discussion, the different microstructures shown in Figures 7, a and b, 

will be referred to, respectively, as the ''fine-precipitate" and the 

"large...,.crys.tallite" or coarse microstructure. 

Photomicrographs taken during and immediately following the stuf-

fed quartz ~ a-cordierite transformation are shown in Figures 7c and 

7d for specimens crystallized, at 1100°C/lh and 1100°C/2h, respectively. 

The microstructure of the 1100°C/lh specimen (in which trace amounts 

* The other electron micrographs in Fig. 7 were taken with the SEM. 



(a) (b) 

(_c) (d) 

Fig . 7. Electron micrographs of cordierite glass ceramic initially 
heat- treated at 820°C for 2h followed by further treatment 
at a, 905°C for 8h; b, 1200°C for 8h; c, 1100°C for lh; and 
d, 1100°C for 2h. 
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of a-cordierite were detected in the X-ray diffraction analysis) 

shows what presumably are regions, or nuclei, within the fine-grain-

ed stuffed quartz phase where the transformation has been initiated. 

The microstructure for the ll00°C/2h sample (in which no remaining 

stuffed quartz phase was detected by X-ray diffraction) shows the 

large crystallite microstructure characteristic of samples heated 

above the transformation. 

2. Young's modulus and bulk density 

Young's modulus values, obtained for various heat treatments, 

are shown in Table II. Also appearing in this Table are the bulk 

density values used in the calculation of the Young's modulus from 

the sonic pulse measurements. Both Young's modulus and bu!:<: density 

were determined on the same samples. 

The value of 103GNm-2 obtained for the original glass and the 
-2 value of about 130GNm measured for the fully-crystallized samples 

' 

agree well with data measured elsewhere (102). Young's modulus is 

seen to be relatively unchanged by either the nucleation process 
-2 -2 (103GNm ) or the start. of the stuffed quartz crystallization (106GNm ) . 

Complete crystallization of the glass to form stuffed quartz pro-
-2 duces a substantial increase in Young's modulus (129GNm ). Both the 

subsequent crystalline transformation and further heat-treatment of 

the resulting a-cordierite phase have no significant effect on Young's 
_,, 

modulus, with relatively constant values in the range 131-134GNm ~ 

obtained. 
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TABLE II. YOUNG'S MODULUS AND BULK DENSITY FOR VARIOUS 

HEAT-TREATMENTS OF CORDIERITE GLASS-CERAMIC 

Heat-Treatment Bulk Density Sonic Velocity Young's Modulus 
(Temp. and Time) (g• cn('3) (l05cm• s-1) (GNm-2) 

Original Glass 2.65 6.83 103 

820°C/2h 2.64 6.85 103 

820°C/2h + 905°C/8h 2.66 6.92 106 

820°C/2h + l000°C/8h 2.98 7.19 129 

820°C/2h. + 1100°C/lh 3.00 7.32 134 

820°C/2h + 1100°C/8h 2.69 7.71 133 

820°C/2h + 1260°C/8h 2.65 7.69 131 
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Bulk density is seen to undergo a pronounced maximum with heat 

treatment. This property increases dramatically (from 2.65 to 2.98 

g·cm-3)with complete crystallization of the glass into stuffed quartz, 
-3 and then decreases precipitously (from 3.00 to 2.65 g•cm ) following 

transformation of the stuffed quartz phase to a-cordierite. These 

drastic changes agree well with apparent density data reported by 

Kumar and Nag (103) and reflect the differences in atomic packing 

between the tightly packed stuffed quartz structure and the far more 

open silicate glass and a-cordierite configurations. 

3. Quantitative microscopy 

Volume fraction and free path values, measured for the large 

crystallite heat treatments, are shown in Table III, along with the 

value of mean linear intercept length calculated from the Fullman 

expression, Eq. I-14. The microstructural detail in the fine-

precipitate heat-treatments was too small (< 0.1 µm) to permit any 

reliable quantitative characterization. 

Data appear in Table III for 2 separate series of samples: the 

individual discs obtained from the thermal diffusivity study (86), 

and specimens cut from the core-drilled rods that had been heat 

treated for subsequent indentation and strength work. Specimens from 

this latter group will be distinguished by the designation ttstrength 

series" following the heat treatment description. 

The data in Table III indicate that the dispersed phase decreases 

in volume fraction, yet increases in crystallite size, with increasing 

degree of heat-treatment. This effect may be seen by comparing the 
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TABLE III. MICROSTRUCTURAL PARAMETERS OF DISPERSED PHASE FOR 

VARIOUS CRYSTALLIZATION HEAT TREATMENTS OF CORDIERITE GLASS-CERAMIC 

Heat-Treatment* Volume Mean Free Path Mean Lineal 
(temp. and time) Fraction (µm) Intercept Length (µm) 

ll00°C/2h 0.622 ± 0.114 0.38 ± 0.23 0.62 

ll00°C/8h 0.585 ± 0.107 0.61 ± 0.34 0.87 

1150°C/8h 0.492 ± 0.130 1.07 ± 0.67 1.04 

1150°C/8h 0.535 ± 0.109 1.11 ± 0.67 1.31 
(Strength Series) 

1200°C/8h 0.455 ± 0.151 1.26 ± o. 71 1.05 
(Strength Series) 

1260°C/8h 0.483 ± 0.120 1. 70 ± 1.02 1.58 

1260°C/8h 0.480 ± 0.129 1.68 ± 0.90 1.56 
(Strength Series) 

* Following 820°C/2h nucleation treatment. 
Values shown are mean ± standard deviation. 
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photomicrographs of specimens crystallized at 1100°C/2h and 1200°C/8h, 

shown in Figures 7d and 7b, respectively. Gregory and Veasey (91) 

report that continued heat treatment of cordierite glass-ceramics 

results in the growth of progressively larger a-cordierite crystals 

from a very fine-grained crystalline matrix. However, no comment was 

made by them concerning concurrent changes in volume fraction. The 

X-ray diffraction results reported earlier in this Chapter do imply 

that a decrease in volume fraction of the major phase, a-cordierite, 

occurs with increasing degree of heat treatment. These seemingly 

opposing trends of decreasing volume fraction and increasing crystal-

lite size are difficult to rationalize from the discussion on crystal-

lization kinetics in glass ceramics presented in Chapter I, and 

are related, presumably, to differences in number of nuclei occurring 

with heat-treatment. It should be noted that the microstructural 

changes evident in Table III (i.e., increasing crystallite size and de-

creasing volume fraction) occur after c9mplete crystallization of the 

glass, and involve solid state processes distinct from any glass 

crystallization phenomena. 

B. Surface Damage 

1. Effect of experimental method on measured crack size 

As noted in the Chapter on Experimental Procedure, the indented 

glass-ceramic samples were etched 30 seconds in hydrofluoric acid prior 

to measuring cracks. The effect of etching time in HF on crack size 

is shown in Table IV for a series of 100 gram indents made in the same 
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TABLE T:V. EFFECT OF ETCHING TIME IN 5% HF ON SIZE OF 

INDENT CRACKS IN ORIGINAL GLASS OF CORDIERITE GLASS-CERAMIC 

Etching Time (seconds) in 5% HF 
0 10 20 30 40 so 

Crack Size, (too indis- 13.14± 13.43± 13.56± 13.61± 13.69:!: 
c(µm) tinct to 1.33 1.23 0.95 0.86 0.69 

measure) 

Note: all data obtained from same specimen using indent load 
of lOOg, with 48 data points measured for each etching 
time; indicated uncertainty is ±1 standard deviation. 

Source of 
Variation 

Between Groups 

Within Groups 

ANALYSIS OF VARIANCE 

Degrees of 
Freedom 

4 

235 

Sum of 
Squares 

205.94 

9834.46 

Mean Square 

76.49 

41.85 

F = Mean Square (Between Groups) = 1•83 
calc Mean Square (Within Groups) 

At 95% Confidence Level, F. 95 (4,235) = 2.41. Since F 1 < ca c 
F. 95 , we conclude that there is insufficient evidence to 
demonstrate that changes in etching time produce a signif i-
cant variation in crack size. 
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specimen of the original glass. Each series of indents was measured 

immediately after etching, with approximately 2 hours elapsing between 

the indentation and measurement operations. Etching times ranging 

from 0 to SO seconds were employed. The cracks in the unetched set of 

indents, although present, were too indistinct to measure in the SEM. 

Were etching to lead to enhanced crack growth, a noticeable increase 

in crack size would be expected to occur with increasing etching time. 

Although a slight increase was observed in mean crack size with in-

creased etching time, this increase, on the basis of an Analysis of 

Variance test (104),was found to not be significant at the 9S% Confi-

dence level. It is concluded, accordingly, that etching in HF does 

not cause a significant increase to occur in crack size, at least for 

etching times ~ SO seconds. Instead, it appears that etching reduces 

experimental scatter in crack size measurements, presumably by widen-

ing the cracks and thus making them more clearly defined. 

The effect of any slow crack growth on crack size following in-

denting in ambient air is seen in Table V. Crack size data are 

reported for a series of SOO gram indents made in the same specimen 

of the original glass. Cracks were measured almost immediately after 

having been introduced (i.e., within O.Sh), and as long as 24 and 48 

hours following indentation. The lowest time after indenting listed, 

O.Sh, corresponds to the minimum time needed to make a series of· 

indents, etch and gold-coat them, and observe them in the SEM. Measure-

ments were also made on a series of unetched cracks at O.Sh after 

indentation. At the relatively high level of indenter load used in 

this experiment, unetched cracks were reasonably easy to discern. 
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TABLE V. EFFECT OF POST-INDENTATION TIME ON SIZE OF INDENT CRACKS 

IN ORIGINAL GLASS OF CORDIERITE GLASS-CERAMIC 

Post-Indentation Time (hours) 
0.5 0.5 24 72 

Condition unetched etched etched etched 

Crack Size, 46.7 48.3 47.7 49.4 

c(µm) ±7.56 ±4.98 ±4.58 ±4.87 

Note: all data obtained from same specimen using indent 
load of SOOg., with 40 data points measured for 
each post-indentation time; indicated uncertainty is 
±1 standard deviation. 

ANALYSIS OF VARIANCE 

(1) for all 4 sets 

Source of Variation 

Between Groups 

Within Groups 

Degrees of 
Freedom 

3 

156 

Sum of 
Squares 

56.93 

1833.84 

Mean Square (Between Groups)= 
F = ( h ) 1.61 calc Mean Square Wit in Groups 

Mean Square 

18.98 

11. 76 

At 95% Confidence Level, F. 95 (3,156) ~ 2.66. Since Fcalc< F. 95 , 
we conclude that there is insufficient evidence to demonstrate 
that a significant difference in crack size exists between the 
four sets. 

(continued on next page) 
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TABLE V. EFFECT OF POST-INDENTATION TIME ON SIZE OF INDENT CRACKS 

IN ORIGINAL GLASS OF CORDIERITE GLASS-CERAMIC (Cont'd) 

ANALYSIS OF VARIANCE 

(2} for the etched sets 

Degrees of Sum of 
Source of Variation Freedom Squares .Mean Square 

Between Groups 2 21. 72 10.86 

Within Groups 117 999.87 8.55 

F = Mean Square ~Bet~een Group~)= 1•27 
calc Mean Square Wit in Groups 

At 95% Confidence Level, F. 95 (2,117) = 3.07. Since F 1 < F 95 , ca c . 
we conclude that there is insufficient evidence to demonstrate 
that changes in post-indentation time produce a significant 
variation in crack size. 
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Were slow crack growth effects to play a role in influencing crack 

size for indents made in air, a noticeable increase would be expected 

to occur in measured crack size with increasing post-indentation 

time. Using an Analysis of Variance test, post-indentation time is 

seen to have no significant effect (at the 95% Confidence Level) on 

measured crack size. It is concluded that slow crack growth behavior 

associated with. indenting in ambient air does not exert a major in-

fluence on crack size, at least for post-indentation times ~ 48 hours. 

The above conclusion disagrees with findings reported by Gupta 

and Jubb (105) for radial cracks in soda-lime-silica glass. These 

investigators reported slow growth of radial cracks after indenta-

tion. However, only average values of crack size were reported in 

their study, with no statistical analysis performed on the significance 

of the observed trends in crack size with time. Post-indentation 

growth of radial cracks in glass has also been reported by Smith et 

al. (106), who observed slow crack growth even for indents made in 

mineral oil. In both of these studies, no etching operation·was per-

formed since the cracks were readily visible at the high levels (1.5-

3 kg) of indenter load employed. It may well be that etching, by in-

creasing the crack-tip radius of curvature and, in effect, causing 

crack blunting to occur, may, as a consequence, reduce susceptibility 

to s.low crack growth. 
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2. Indentation parameters for the original glass and 

samples with the fine-precipitate microstructure 

Electron micrographs of a typical indentation crack in the original 

0 glass and in a sample crystallized at 1000 C for 8 hours are shown in 

Figure 8. In each photograph, the cracks appear continuous along the 

specimen surface and, as indicated by the absence of deflection or 

pinning phenomena, do not interact at all with any microstructural 

features. The samples essentially behave as a continuum for crack-

related processes. 

Data on median crack size, c, and indent half-diagonal, a, at 

various indenter loads are listed in Table VI for the original glass 

and the fine precipitate samples. As noted in the Chapter dealing 

with Experimental Procedure, crack sizes were measured for median 

cracks, i.e., the surface extension of the crack was measured from 

the center of the indent to the crack-tip (see Figure 3a). However, 

Palmqvist cracks, as discussed in Chapter I, are presumed to describe 

more accurately than median cracks the actual crack configuration 

present in these glass-ceramic samples at the low levels of indenter 

load employed. The Palmqvist crack size, which is the distance, t, 

measured along the crack from the corner of the indent to the crack 

tip (see Figure 3b), may be calculated, according to Eq. I-19, by 

taking the difference of c and a. The Palmqvist crack size is plotted 

on a ln~ln scale as a function of indenter load in Figure q for the 

original glass and the fine-precipitate samples. From Table VI, the 

variation in half-diagonal length is generally substantially less than 





TABLE VI. EXPERIMENTAL INDENTATION DATA FOR CORDIERITE GLASS-CERAMIC 

FOR THE ORIGINAL GLASS AND THE FINE-PRECIPITATE SAMPLES 

Heat-Treatment Indentation Load (g.) 
(Temp. and Time) 50 100 200 350 500 750 1000 

Original Glass 
half-diagonal, a(pm) 5.00!:0.30 7 .31±0.30 10.5±0.51 17.1±0.61 25.4±0.63 

(22) (26) (24) (24) (22) 

crack size, c (pm) 8.00±1.00 13.4 ±1.42 23 .1±2 .11 48. 5±4 .69 85.1±5.32 
(38) (43) (45) (43) (38) 

820°C/2h 
half-diagonal, a (µm) 5.21±0.11 7 .61±0.35 11.0±0.31 17.6±0.38 25.2±0.41 00 

(24) (24) (24) (24) (24) 0 

crack size, c (µ m) 8.71±0.54 14.7 ±2.34 22. 3±1. 08 '~9.8±4.58 83.9±6.56 
(48) (46) (42) (40) (40) 

820°C/2h+905°C/8h 
half-diagonal, a(µm) 4.92±0.20 6.79±0.25 10.1±0.33 16.5±0.42 23.7±0.48 

(24) (24) (24) (24) (24) 

crack size, c(µm) 7. 77±1.07 12.1 ±0.92 21.0±2.09 40.0±3.38 68.1±5.06 
(37) (42) (45) (45) (46) 

820°C/2h+l000°C/8h 
half-diagonal, a(µm) 4.21±0.21 6.20±0.42 9.12±0.40 14.8±0.42 21. 5±0. 51 

(24) (24) (24) (24) (24) 

crack size, c(µm) 7.22±0.80 11.6±1.21 19.9±2.01 44.4±3.59 73.8±7.82 
(38) (46) (46) (48) (48) 

(continued next page) 



TABLE VI. (Continued) 

Heat-Treatment Indentation Load (g.) 

Temp. and Time 50 100 200 350 500 750 1000 

820°C/2h+l000°C/8h 
(strength series) 
half-diagonal, a(µm) 4. 51±0.40 6.59±0.38 9.48±0.50 12.8±0.38 15.9±0.38 19.6±0.48 23.1±0.42 

(20) (20) (20) (20) (20) (20) (20) 

crack size, c(µm) 7.69±0.82 12.1±1.81 20.7±3.13 36.9±5.42 48.6±7.83 62. 8±5. 0'4 76.3±10.9 
(36) (37) (38) (40) (34) (38) (40) 

820°C/2h+ll00°C/lh 
half-diagonal, a(µm) 4.13±0.20 5.91±0.23 8.78±0.40 14.3±0.32 20.7±0.51 

(24) (24) (24) (24) (24) 

crack size, c(µm) 6.42±1.11 10.7±1.92 18 .1±2. 31 37.0±7.61 65.6±10.6 
(44) (47) (41) (48) (48) 

Values shown are mean ± 1 standard deviation; figure in parenthesis is number of data points 
obtained at each load. 

00 
I-' 
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Fig. 9. Crack size as a function of indenter load for cordierite glass-
ceramic for: a, original glass; and specimens heat-treated at 
E, 820°C/2h and 820°C/2h plus 905°C/8h; c, 820°C/2h plus 
1000°C/8n (strength series); and d, 820°C/2h plus 1000°C/8h 
and 820°C/2h plus 1100°C/lh. (Indicated error bars represent 
± 1 estimated standard deviation from the mean.) 
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the variation in median crack size. As a result, the mean values of 

Palmqvist crack size that are plotted in Figure 9 were obtained from 

the difference in the individual means of c and a. Similarly, the 

standard error in the measured median crack sizes was used to approxi-

mate the standard deviation of 2. The range of uncertainty shown in 

Figure 9 for the Palmqvist crack size is ± one standard deviation. 

The plots of crack size shown in Figure 9 are linear and continuous 

across the whole range of loads investigated. Little or no difference 

appears to exist for all the samples shown with respect to the value 

of crack size at any given load. The results of linear regression 

analyses of these data are listed in Table VII. The expected value 

of slope for a ln-ln plot of Palmqvist crack size versus indenter 

load, as reported by several investigators (62,63), is unity. The· 

actual slopes, listed in Table VII for these heat-treatments Qf the 

glass-ceramic, agree quite well with the literature value, and range 

from 0.917 to 1.00 

3. Indentation parameters for samples with the large 

crystallite microstructure 

The experimental data for median crack size, c, and half-diagonal 

length, a, are listed as a function of load in Table VIII. Electron 

micrographs of typical indentation cracks made at low and high loads 

in the large crystallite samples are shown in Figure 10 for the glass-

ceramic crystallized at 1150°c for 8 hours. At low levels of indenta-

tion load (Figures 10, a and b), the crack is continued entirely within 
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TABLE VII. LINEAR REGRESSION ANALYSIS OF PALMQVIST CRACK. 

SIZE AS A FUNCTION OF LOAD FOR CORDIERITE GLASS-CERAMIC FOR THE 

ORIGINAL GLASS AND THE FINE-PRECIPITATE SAMPLES 

2ri 2 = m 2n P + b 
Heat-Treatment Slope, Intercept, Correlation 

(Temp. and Time) m b Coefficient 

Original Glass 1.00 -2.80 1.00 

820°C/2h 0.944 -2.45 0.998 

820°C/2h+ 905°C/8h 0.917 -2.53 1.00 

820°C/2h+ l000°C/8h 0.981 -2. 77 0.999 

820°C/2h+ l000°c/8h 0.985 -2.73 o. 996 
(strength series) 

820°C/2h + ll00°C/lh 0.990 -3.00 0.999 

Above analyses for Palmqvist crack size, 2, in microns, and indenter 
load, P, in grams; data for load range, 50g. ~ P ~ lOOOg. 



85 

TABLE VIII. EXPERIMENTAL INDENTATION DATA FOR CORDIERITE GLASS-CERAMIC FOR THE LARGE CRYSTALLITE SAMPLES 

Heat-Treatm~at I N D E N T A T I 0 N L 0 A D (GRAMS) 
(TemE. and Time) 50 60 75 100 125 150 175 . 200 250 325 500 1000 

820°C/2h+ll00°C/2h 

half-diagonal, a{~~) 4.60!:0.38 5.Zl-t0.35 5.9J±0.24 6.91±0.24 10.o±0.41 16.0±0.32 23.0±0.35 
(24) (24) (24) (24) (24) (24) (24) 

crack size, c{µm) 7. 71±1.45 8. 72±1. 31 10. 5±1.18 11.3±1.67 18. 0±1. 87 34.8±3.97 57.6±7.49 
(48) (44) (44) (48) (4 7) (48) (46) 

82o?c/2h+1100°c/8h 

half-diagonal , a (µm) 4.92±0.35 7.08±0.42 8.201:0.34 9.00±0.40 9.82±0.40 10.5~0.40 17.0±0.51 24.2±0.31 
(24) (24) (24) (24) (24) (24) (24) (24) 

crac.k size, c(µm) 7.12±0.96 11.6±2.02 13.6±2.15 13. 2±1.83 14.8±2.34 16.8±2.44 33.6±4.94 56.7±7.03 
(39) (39) (4 7) (44) (47) (40) (4 7) (45) 

820°C/2~~1150°C/8h 

half-diagonal, a (pm) 4. 91±0.20 7. 01±0. 38 8.32±0.40 9.20±0.35 10.5±0.40 12. o±'o. 29 13. 8±0. 43 16.8:!0.39 24.0±0.41 
(24) (24) (24) (24) (24) (24) (24) (22) (24) 

crack size, c(µm) 7 .11±1.10 11.6±2.00 14.3±2.33 13.8±1.90 15.1±2.60 17.6±2.75 21. 8±2. 92 28.4±4.80 51. 5±7. 36 
(38) (41) (44) (40) (42) (44) (44) (46) (48) 

(continued on next page) 
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TABLE VIII. (Cont'd) EXPERlHC:NT.f.1.. INDENTATION DATA FOR CORIHERITE GLASS- CER!.:·'.1C FOR THE LARGE CRYSTALLITE SAMPLES 

Heat-TreatD1ent N D E N T A T 0 N L 0 A 0 (C~S) 

(Teme. and Ti.me) 50 Z1 100 125 150 200 ~ 250 JJ2. 300 325 350 425 500 651) 750 1000 

820°C/2h+ 1150°C/8h 
(strength series) 

half-diagonal, afom) 5.31±0.42 6. 58±0.40 7. 59±0. 30 8.59±0.30 10.9±0.20 17 .3:!:0.40 24.5:!0.39 
(24) (24) (24) (24) (24) (24) (24) 

crack size, c{J.Jm) 7. 72±1. 32 10.1±1.60 12.6:!:1.98 12 . 4±1.98 16.4±2.48 30.0±3. 84 46.8!3.79 
(44) (42) (42) (47) (42) (46) (44) 

820°C/2h+l200°C/2h 
(strength series) 

half-diagonal, a(µm) 5.46±0.43 7 .65±0.39 11.2±0.48 12.3±0.44 13.4±0.61 13.8±0.35 14.1±0.58 15.0±0.69 17. 7±0.50 20.2±0 . 49 21.8±0.51 25.4±0.63 
(20) (20) (20) (20) (20) (20} (20) (20) (20) (20) (20) (20) 

crack size, c{J.Jm) 7 .65±1.61 11.9±2.25 18.7±2.59 23. 2±3.46 23.3±3.04 22.8±3.07 23.4±2.69 25. 7±2.83 31. 7±3.09 37.5±3.36 40.9±3. 75 49.2±4.22 
(39) (38) (40) (39) (39) (38) (39) (40) (40) (36) (40) (40) 

S20°C/2h+l260°C/8h 
(strength series) 

half-diagonal, a(\lm) 5.44±0.44 6.55±0.41 7.82±0.52 9.69±0.44 11.0±0.56 11. 9±0.41 12.5±0.56 13.0±0.40 13.6±0.43 14.1±0.42 14 .8±0. 36 16. 7±0.42 18.2±0.44 22.4±0.47 26.0±0.60 
(20) (20) (20) (20) (20) (20) (20) (20) (20) (20) (18) (20) (20) (20) (20) 

crack size, c(µm) 7 .51±1. 33 9. 59±1.50 11.6±1.55 15.2±2.10 18.9±2.49 20.8:!:<.52 20.6:!:2.22 20.5±2.10 22.0±2.31 21.6±2.51 21.8±2.79 26.0±"J.49 29.9:!:2.8 38.6±4.71 47.7:!:5.20 

(37) (37) (39) {36) (39) (39; ~39) (39) (39) (39) (34) (40) (38) (40) (39) 

Note: Values shown are aean 1 standard deviation; figure in parenthesis indicates number of aau points meas"r"'d 2c each load. 
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(a) ~) 

(c) {d} 

Fig. 10. SEM micrographs of cordierite glass-ceramic heat-treated at 
820°C/2h plus 1150°C/8h showing indentation crack at indenter 
load of: a, 75g; b, lOOg; c, SOOg; and d, lOOOg. 
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the fine-grained matrix and does not interact, to any appreciable ex-

tent, with the dispersed phase. This behavior can be rationalized 

entirely from geometric considerations, since at sufficiently low 

loads, the Palmqvist crack size is less than the mean free path 

distance between the dispersed crystallites. At much higher levels 

of indentation load (FigureslO, cand d), the indent cracks are large 

enough. that they are several multiples of the mean free path dimen-

sion in length. As a consequence, the cracks will encounter at least 

several' dispersed crystallites along their paths. The predominant 

type of crack-inclusion interaction which results from these encounters 

is crack deflection by the dispersed phase. In these latter two 

photomicrographs, the crystallites are seen to act as obstacles to 

crack propagation, with the crack forced to go below or around the 

inclusion. Unlike the low-load regime where crack introduction and 

propagation were found to be matrix-determined, these same processes 

in the high-load regime are controlled by the composite response of 

the material. 

The differences seen in Figure 10 between the two sets of micro-

graphs with respect to the nature of the crack-microstructure inter-

action occurring at low and high loads are also expressed in Figure 

11, where plots of crack size as a function of load are shown for 

the various large crystallite heat treatments. For each sample, the 

crack size data fall into two distinct groupings, a low load set and 

a high load. set, separated by a discontinuity or transition region 

across which crack size actually decreases with increasing load. These 
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graphs are in marked contrast to the completely continuous crack size-

load curves which appear in Figure 9 for the original glass and the 

fine-precipitate glass-ceramic samples. 

Examination of the crack size-load curve for a given heat treat-

ment in Figure 11 indicates that the crack sizes at the higher loads 

lie below the extrapolation of the low load set of data into the high-

load regime. This suggests that crack propagation is much more diffi-

cult at loads above, rather than below, the transition region as a 

result of the crack-crystallite interactions which occur in the high-

load regime. Also note that the experimental scatter in crack size 

decreases with increasing load. As a consequence, crack sizes, when 

compared at the same load for the various heat treatments, are more 

likely to be significantly different above, rather than below, the 

transition region. This would be expected since, below the transition 

region, cracks are contained within the fine-grained matrix, and do 

not interact appreciably with any microstructural feature. Both the 

111icroscopy and X-ray diffraction analyses reported previously indicate 

that the fine-grained matrix remains essentially unaltered by heat-

treatment. Above the transition region, crack propagation involves 

interaction with the dispersed phase. Since the quantitative microscopy 

results indicate that both volume fraction and mean free path of the 

dispersed phase vary with heat-treatment, it seems likely, then, that 

crack sizes above the transition region may be significantly altered 

hy changes in the crystallization time/temperature schedule. 
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The results of linear regression analyses are listed in Table 

IX for the crack size-load curves which appear in Figure 11. The 

values of slope for the various curves (both below and above the 

transition region) agree reasonably well with the literature value 

of unity. The sole exception to this trend was a specimen from the 

thermal diffusivity study (86), which had been heat-treated at 1260°C 

for 8 hours. The slope value for this specimen in the high-load 

regime was approximately 0.6. However, this specimen had an extremely 

degraded and micro-cracked surface as a result of repeated polishings, 

with the result that crack sizes were very difficult to measure. A 

repeat heat-treatment (the specimen listed as "1260°C/8h, strength 

series") had a slope in the high-load regime of 1.04, which agrees 

quite well with the expected literature value. Since the data on the 

original 1260°C/8h sample could not be replicated, results from this 

specimen will not be reported. 

A histogram of crack sizes, at three given loads is shown in 

Figure 12 for one of the heat-treatments (1150°C/8h). At any given 

load, the shape of the distribution of crack sizes depends, as seen in 

Figure 12, on whether the load selected lies within or outside the 

transition region. Of the three crack size histograms shown, a bi-

modal distribution of crack sizes is suggested for the transition 

region load (125g). A more uni-modal shape of the crack size distribu-

tion is obtained for loads below (50g) or above {lOOOg) the transition 

region. 



TABLE IX. LINEAR REGRESSION ANALYSIS OF PALMQVIST CRACK SIZE AS A 

FUNCTION OF LOAD FOR CORDIERITE GLASS-CERAMIC FOR THE LARGE-CRYSTALLITE SAMPLES 

tn t = m tn P + b 
Below Transition Region Above Transition Region 

Heat-Treatment * Slope, Intercept, Correlation Slope, Intercept, Correlation 
(Tern£_. and Time) m b Coefficient m b Coefficient 

ll00°C/2h 0.981 -2.73 0.987 0.902 -2.68 1.00 

ll00°C/8h 0.992 -3.09 0.999 1.08 -3.92 0.999 

1150°C/8h. 1.13 -3.63 0.998 1.11 -4.37 0.990 

1150°C/8h (Strength 1.05 -3.25 0.974 0.864 -2.83 1.00 
Series) 

1200°C/8h (Strength 0.957 -2.97 0.996 0.815 -2.44 0.998 
Series) 

1260°C/8h (Strength 0.941 -2.96 0.997 1.04 -4.06 0.993 
Series) 

* Following initial 820°C/2h nucleation treatment. 

Above analyses for Palmqvist crack size, i, in microns, and indenter load, P, in grams; 
data for load range, SOg ~ P 5 lOOOg. 

'° w 
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4. Crack-crystallite interaction in the transition region 

The transition region separates the low-load,or matrix, regime 

where crack processes are not appreciably affected by microstructure, 

from the high-load, or composite, regime where considerable micro-

structural involvement is evident with crack propagation. Photomicro-

graphs of cracks introduced at loads corresponding to the transition 

region are shown in Figure 13 for specimens crystallized for 8 hours 

at ll00°c and 1200°c. In each instance, the crack has been stopped, 

or pinned, at a dispersed phase particle. 

Evidence for this pinning interaction may be seen in Figure 14a 

where indent half-diagonal, a, and median crack size, c, are plotted 

on a ln-ln basis as a function of indenter load for a specimen 

crystallized at 1150°c for 8 hours. The half-diagonal dimension is 

completely continuous across the entire load range shown. A dis-

continuity is observed, however, for the median crack data, in which 

median crack size is relatively unchanged despite increasing indenta-

tion load. This discontinuity corresponds exactly to the load range 

over which the transition region is observed in the Palmqvist crack 

size curve in Figure llc. The median crack dimension is the measure 

of the distance of the crack tip from the center of the indent. The 

horizontal region observed in median crack size in Figure 14a corre-

sponds, then, to a load interval over which the position of the crack 

tip is relatively unchanged with respect to the center of the indent -

i.e., a region where crack tip pinning by the dispersed crystallites 

occurs. It is this pinned position of the crack tip, combined with 
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(a) (b) 

(c) (d) 

Fig. 13. SEM micrographs of crack-crystallite pinning in the transition 
region of cordierite glass-ceramic heat-treated at 820°C/2h 
followed by subsequent heat treatment at: a and b, 1100°C/8h; 
and c and d, 1200°C/8h. 
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the monotonic increase in indent size, that gives rise to the decrease 

in Palmqvist crack size (Fig. 14b) tnat occurs with increasing load 

across the tra,nsi.tion region~ This same phenomenon is s-een for all the 

large~cqatallite samples·- in Taole X, where indentation parameters· 

across the transition region are listed for tfie various heat-treatments. 

The effect of microstructure on this pinning interaction is shown 

in Figure 15 where the average ntnnber of crystallites encountered 

prior to the start of crack pinning (calculated by dividing the 

Palmqvist crack size at the start of the transition region by the sum 

of the mean linear intercept length and the mean free path) is plotted 

as a function of average crystallite size (i.e., mean linear intercept 

length). As seen in this Figure, pinning of the surface crack tip 

occurs at a lower number of crystallite interactions as the particle 

size of the dispersed phase increases. 

5. Fracture toughness - standard test samples 

To determine the suitability of the Palmqvist crack model for 

calculating fracture toughness (K1c) by the indentation technique, 

as well as to test further the validity of the experimental procedures 

used in obtaining crack size data, indentation measurements were made 

on two materials that served as standards for Kic testing: soda-lime-

silica glass, and the cordierite glass-ceramic that had been heat-

treated by the manufacturer. The same sequence of polishing, anneal-

ing, etching, and indenting (in ambient air) operations described in 

the preceding Chapter was followed for these materials. 
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TABLE X. INDENTATION PARAMETERS ACROSS THE TRANSITION REGION 

FOR THE LARGE-CRYSTALLITE SAMPLES OF CORD;rERITE GLASS-CERAMIC 

Heat-Treatment Lower Load Limit UEEer Load Limit 
('.rem,e. and Ti.me) * c(µm} a(µm) Q, (µm) c(µm) a(µm) Q, (µm) 

ll00°C/2h 10.5 5.9 4.6 11.3 6.9 4.4 

ll00°C/8h 13.6 8.2 5.4 13.2 9.0 4.2 

1150°C/8h 14.3 8.3 6.0 15.1 10.5 4.6 

1150°C/8h (Strength 
Series} 12.6 7.6 5.0 12.4 8.6 3.8 

1200°C/8h (Strength 
Series) 23.2 12.3 10.9 22.8 13.8 9.0 

1260°C/8h (Strength 
Series} 20.8 11.9 8.9 21.8 14.8 7.0 

* 820°C/2h nucleation treatment Fo1lowing 
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Indentation data, as a function of load, are listed in Table XI 

for the soda-lime-silica glass. Two sets of toughness data are shown, 

depending on whether median crack (Eq. I-2la) or Palmqvist crack (Eq. 

I-2lb) geometry was assumed. -2 A Young's modulus value of 73.4 GNm 

was used for the fracture toughness calculations (35). The accepted 

literature value (39) for the fracture toughness of soda-lime-silica 

glass is 0.758 ± 0.012 MNm-3/ 2 , obtained by the double-cantilever 

beam (DCB} technique. 

As seen in Table XI, fracture toughness values calculated assuming 

Palmqvist crack geometry give very good agreement with the DCB value 

for low c/a ratios, i.e., less than approximately 3.00. At higher c/a 

ratio, the median crack model gives the best agreement with the 

literature value. This complementary nature of these crack models has 

been discussed by Niihara et al. (71), who also found a region of c/a 

ratio in the approximate range 2,50-3.50 over which the two crack 

models yielded equivalent fracture toughness results This effect may 

also be seen with the KJ:c values in Table XI. 

Indentation measurements on the commercially heat-treated cordie-

rite glass-ceramic were made at indenter loads of 700 and 900 grams, 

with 10 indents being measured at each load. The resulting c/a ratios 

were 1.74 and 1.83, respectively. -2 A Young's modulus of 132 GNm (see 

Table II) was assumed. Fracture toughness, calculated assuming Palmqvist 
-3/2 crack geometry, was determined as 2.23 ± 0.38 MNm at 700 grams, 

and 2.25 ± 0.26 MNm-3/ 2 at 900 grams. These results were pooled to 
-3/2 give an overall value of 2.24 ± 0.33 MNm • 



TABLE XI. INDENTATION PARAMETERS AND FRACTURE TOUGHNESS VALUES 

FOR SODA-LIME-SILICA GLASS 

Indentation Load (g.) 

25 50 100 200 -

Median crack size, c(µm) 7 .11±0.41 12.1±0.62 19. 6±1. 29 35. 3±2. 22 
(38) (39) (38) (35) 

Indent half-diagonal, a(µm) 4.31±0.19 6.41±0.12 9.10±0.18 12.9±0.31 
(20) (20) (20) (20) 

c/a ratio 1.65 1.89 2.15 2.74 
-3/2 Fracture toughness, Kic(MNm ) 

Palmqvist crack model 0.77±0.06 0.76±0.04 0.79±0.05 0.76±0.04 
(Eq. I-2lb) 

median crack model 1.09±0.09 1.02±0.08 0.99±0.10 0.82±0.08 
(Eq. I-2la) 

Note: 

(1) Number of data points for measured values are indicated in parentheses. 
(2) Uncertainty shown indicates ± 1 standard deviation. 
(3) Mean Kic value calculated from mean c and a values. 

500 

70.3±4.61 
(32) 

20. 6±0. 39 
(20) 

3.41 

0. 81±0. 04 

0.75±0.08 

(4) Standard deviation for ~c estimated from standard error in measured crack sizes. 

1000 

11. 2±5. 72 
(36) 

29.8±0.50 ...... 
0 
N 

(20) 

3.76 

0.88±0.03 

0.76±0.06 
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The samples of the commercially heat-treated glass-ceramic on 

which the above data were determined were part of a round-robin 

study (107) conducted by ASTM Subcommittee E24-07 aimed at comparing 

~c values obtained by a variety of experimental methods. Both in-

dentation and non-indentation test methods were included in the study. 

The round-robin results from the participating laboratories are listed 

in Table XII. 

Note the close agreement between the fracture toughness values 

calculated by the Palmqvist indentation method and those obtained by 

non-indentation methods, namely, the double-torsion and short rod 

tests. Further support for the value of 2.24 determined by the 

Palmqvist method may be had with data reported by Lewis (108) for a 

different lot of the commercially heat-treated cordierite glass-ceramic. 

Lewis lists a value of 2.14 MNm-312 based on 14 data points using the 

double-cantilever beam technique. 

The data from both the soda-lime-silica glass and the commercially 

heat treated cordierite glass-ceramic indicate that the Palmqvist crack 

model in conjunction with the experimental procedure described in the 

preceding Chapter may be used with confidence to obtain reliable 

fracture toughness values. The versatility of the indentation techni-

que may be extended by using a median crack model at high c/a ratios. 

6. Fracture toughness of the cordierite glass-ceramic 

Fracture toughness data, based on the Palmqvist crack sizes listed 

in Tables VI and VIII, and calculated using Eq. I-2lb, are presented 
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TABLE XII. COMPARISON OF FRACTURE TOUGHNESS ROUND-ROBIN RESULTS 

ON COMMERCIALLY HEAT-TREATED CORDIERITE GLASS-CERAMIC 

Technique Fracture Toughness, MNm -3/2 

Controlled Indentation Microflaw 1.62 ± 0.05 
(2 Laboratories) 1.68 ± 0.08 

Indentation (median crack model) 2.76 ± 0.34 

Indentation (Palmqvist crack model) 2.24 ± 0.33 

Double Torsion (2 Laboratories) 2.15 
2.15 

Short-Rod 2.13 ± 0.06 
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in Table XIII for the original glass and the heat-treated glass-ceramic 

samples. Given the range shown in average c/a ratios, the Palmqvist 

crack model would appear the more appropriate of the 2 crack geometries 

for IS:c calculations. The values of Young's modulus used in these 

calculations were those given in Table II. The overall fracture tough-

ness value listed in Table XIII for each sample or load regime re-

presents the grand average of the individual mean IS:c values determined 

at each of the loads investigated. The standard deviation listed for 

each overall toughness value represents the pooled value calculated from 

the variances in toughness estimated at each load from the scatter in 

the measured crack size data. As indicated by the range in the individ-

ual mean toughness values, the between group variation in overall frac-

ture toughness for each sample or load regime is relatively small. The 

relatively large value in the calculated uncertainty shown for each 

overall toughness value reflects the large within group variation caused 

by both experimental error inherent in measuring small values of crack 

size, as well as by statistical variation occurring in the microstruc-

ture. 

The toughness value of 1.22 MNm-312 obtained for the original glass 

is rather high compared to other silicate glasses which have typical 
-3/2 toughness values in the range 0.70-0.90 MNm (39). However as noted 

in the initial Section of this Chapter which dealt with microstructure, 

a slight opalescence was noted in the original glass. This opalescence, 

on the basis of reported literature studies (88,89), may be attributed 

to glass-in-glass phase separation. Toughness values of 1.10-1.20 
-3/2 MNm have been reported by Brinker and Mecholsky (109) for several 



TABLE XIII. FRACTURE TOUGHNESS VALUES FOR CORDIERITE GLASS-CERAMIC 

A. Original Glass and Fine-Precipitate Samples 
-3/2 Fracture Toughness 2 Kic (MNm } 

Range in Range in 
Heat-Treatment Load No. of Average Average ~c for Overall K1c 

(Temp. and Time) Range (g.) Loads c/a Ratio Individual Loads fall loads) 

Original Glass 50-1000 5 1. 60-3. 35 1. 20-1. 25 1.22±0.14 

820°C/2h 50-1000 5 1.67-3.33 1.15-1.26 1.19±0.12 
I-' 

820°C/2h+905°c/8h 
0 

50-1000 5 1. 58-2. 87 1.30-1.45 1.37±0.16 °' 
820°C/2h+l000°C/8h 50-1000 5 1. 71-3 .43 1.39-1.48 1.44±0.15 

820°C/2h+l000°C/8h 50-1000 7 1. 71-3. 31 1.28-1.43 1. 38 ± 0.17 
(strength series) 

820°C/2h+ll00°C/lh 50-1000 5 1.56-3.17 1.61-1. 64 1.63 ±0.32 

(continued on next page) 
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phase-separated alkali/alkaline earth silicate glasses. Lending support 

for the presence of phase separation in accounting for the high tough-

ness value of the original glass is the ~c value for the 820°C/2h heat-

treatment. This latter sample, which received only the nucleation heat-

treatment, has a fracture toughness value essentially identical to that 

of the ori·ginal glass. 

With the onset of crystallization (i.e., the 905°C/8h heat-treat-

ment), toughness increases slightly, from the value of approximately 
-3/2 -3/2 1.20 MNm obtained on the glass, to 1.37 MNm • The overall tough-

ness value for the fine-precipitate samples do not vary appreciably 

with heat-treatment temperature, and are all within the range 1.37 to 

1.63 MNm-3/ 2 . These values are quite similar to the toughness values 

obtained in the low-load regime for the large-crystallite samples, 
-3/2 where overall toughness ranged from 1.39 to 1.67 MNm , depending on 

heat treatment. On the basis of this correspondence in toughness, both 

the large-crystallite samples in the low-load regime and the fine-pre-

cipitate samples behave in a similar manner with respect to crack 

propagation, namely, propagation of cracks occurs within a fine-grained 

phase without any appreciable interaction occurring with the micro-

structure. 

Toughness values in the high-load regime for the large-crystallite 
-3/2 samples range from 1.71 to 2.22 MNm , depending on heat treatment. 

This variation is appreciably greater than the variation in Kic which 

occurs with heat-treatment in the low load regime, and illustrates the 

effect that microstructural variables have on crack-crystallite inter-

action in the high-load regime. Microstructural and toughness data 
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are summarized in Table XIV for all the large crystallite heat-treat-

ments. Also listed for each heat-treatment is the value of effective 

fracture surface energy, yeff' for the composite regime calculated from 

Eq. I-6 by using the Young's modulus values reported in Table II. 

The data in Table XIV indicate that fracture toughness and effect-

tive fracture surface energy in the composite regime are affected by 

changes in volume fraction, Vf' mean free path, A, and average crystal-

lite size, E, of the dispersed phase, as well as by variation in the 

ratio L/A. Fracture toughness and yeff increase with increases in 

either A or L, and with decreases in either Vf or L/A. Fracture 

toughness as a function of mean free path and average crystallite size 

is shown in Figures 16, a and b, respectively. In each instance, the 

data can be fitted to a linear relationship with the following best-

fit expressions obtained from linear regression analysis: 

Kic = 0.49 L + 1.48 (carrel. coef. = 0.86) 

Kic = 0.36 A + 1.65 (carrel. coef. = 0.88) 

(III-1) 

(III-2) 

The microstructural dependence of the high-load regime Kic' seen in 

Eqs. III, 1 and 2, explains the increases occurring in fracture tough-

ness with increasing crystallization temperature for the large-crystal-

lite samples. As shown in Table XIV, both E and A increase with higher 

heat-treatments. This microstructural dependence also accounts for the 

fracture toughness value of the 1200°C sample, which was lower than 

either of the two 1150°C heat-treatments. As seen from Table XIV, the 

average crystallite size of the 1200°C/8h sample was less than that of 

either 1150°C heat-treatment. 



TABLE XIV, TOUGHNESS AND Ml CROSTRllCTIJR~: DATA FOH THE LAR<:E-CRYSTAl.LITE SAMPLES OF THE CORlllERI'f'l~ GLASS-CERAMJ C 

Mlcrostructural Parameter 

Heat-Treatment * Volume Fraction of Mean 
(Te~1p. and Timel Dispersed Phase, Vf Intercept Length, f.(1rn1) 

Mean Free 
rat ~,_~!_fl!) f:.L~ 

1100°c/2h 0.622 0.620 o. 380 l.63 

1100° c/ Hli 0.585 0.871 0.610 l.l13 

1150°C/8h 0.492 1.04 1.07 0.972 

1150°C/8h ** 0.535 I. J l I.)) 1. lB 

1200°c/8h ** 0.455 l . 05 ). 26 0.833 

J260°C/8h ** 0 .'180 ]. 56 1. 68 0.929 

*Following nucleation treatment of 820°c for 2h. 

** Strength series. 

Av. Fracture Toughness, 
__ __15_1c<MNm-Y2> _____ _ 
Hat !J~ Composite 

1. 19 1. 71 

l. 59 1.90 

I. 57 2. 18 

I. 52 2. 06 

1.62 1.99 

1.67 2.22 

Fracture Surface Energy 
For Composite Regime, 

_____ _Jcl..f_(Jm-2) 

) 1. 72 

I 1,. 4 7 

19.20 

16.26 

16. 12 

20.06 

I-" 
I-" 
0 
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Overall fracture toughness values, plotted as a function of load 

range, are shown in Figure 17 for the original glass and for those 

heat-treatments which involved crystallization heat-treatment times 

of 8 hours. Unlike the Klc values for the original glass and the 

fine-precipitate samples, the fracture toughness values of the large-

crystallite samples are seen to increase with increasing load from 

below to above the transition region. The increase in toughness 

that occurs for these samples indicates, essentially, the existence 

of a crack size-dependent fracture toughness. This toughness 

increase across the transition region takes place in a smooth, con-

tinuous manner as seen in Figure 18, where average fracture toughness 

is plotted as a function of load for a specimen crystallized at 

1260°C for 8 hours. 

7. Strength behavior 

Strength values following indentation are shown in Table XV 

as a function of indentation load for the original glass and for 

samples crystallized for 8 hours at 1000°C, 1150°C, 1200°C, and 

1260°C. Microscopy and crack length measurements reported earlier 

in this Chapter for specimens obtained from these same sets of 

strength samples indicate that the 1150°C, 1200°C, and 1260°C heat-

treatments all possess the large-crystallite microstructure and 

exhibit a transition region with attendant crack-pinning. No 
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Fig. 17. Fracture toughness of cordierite glass-ceramic for 
original glass and samples heat-treated for 8h at 
indicated temperatures following initial heat-treatment 
at 820°C/2h. 
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Fig. 18. Average fracture toughness as a function of indenter load 
for cordierite glass-ceramic heat-treated at 820°C/2h plus 
1260°C/8h. 
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transition region was found for the 1000°C strength set with specimens 

from this heat-treatment all having the uniform and very fine~ 

scale crystallite dispersion characteristic of the fine-precipitate 

microstructure. 

The strength data reported in Table XV are plotted as a function 

of load in Figures 19, a-d. The line through each set of data 

was obtained by a linear regression analysis. The linear regression 

parameters are listed in Table XVI. 

At low loads the strength values for the large-crystallite 

samples are seen to be relatively-unaffected by changes in indentation 

load. Only at higher loads does strength for these samples decrease 

with increasing indentation load. In contrast to this, the strength 

values for the original glass and the 1000°C/8h sample show a decrease 

with increasing indentation load over the whole range of loads investi-

gated. It may be seen that the strength data in the decreasing 

strength region for the large-crystallite samples can be fitted to a 

single linear regression curve. However, for the original glass and 

the 1000°C/8h heat-treatment, a better fit to the strength data is 

obtained with two regression lines. 

Also shown in each graph in Figure 19 for the large-crystallite 

samples is the location of the transition region, based on the crack 

size measurements reported earlier. In each case, the upper value 

of load at which the constant strength region ends essentially coin-

cides with the high load end of the transition region. It is also 

noteworthy that this constant strength region occurs over a load range 

where crack size (and thus the extent of surface damage) was found 
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Fig. 19. Fracture stress as a function of indenter load for the 
cordierite glass-ceramic for: a, original glass; and 
samples neat-treated at 820°C/2h followed by 8 hour 
growth treatment at: a, 1000°C; b, 1150°C/8h (continued 
on next page). (Indicated error bars represent± 1 
standard deviation from the mean.) 
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Fig. 19 (continued}. Fracture stress as a function of indentel:" load 
for the cordierite glass-ceramic for samples heat-treated at 
820°C/2h followed oy 8 hour growth treat1!lent at: c, 1200°C; 
and d, 1260°C. (Indicated error bars represent ± 1 standard 
deviation from th.e1Ilean.) 



TABLE XVI. LINEAR REGRESSION ANALYSIS OF STRENGTH-LOAD BEHAVIOR FOR ORIGINAL 

GLASS AND CRYSTALLIZED SAMPLES OF CORDIERITE GLASS-CERAMIC 

£n of = m £n P + b 
Heat-Treatment Load No. of c/a Slope, Intercept, 

(Temp. and Time) Range(g) Loads Range m b 

Original Glass 50-200 3 1.6-2.2 -0.165 5.87 
500-1000 2 2.8-3.4 -0.366 7.10 

820°C/2h + 50-200 3 1. 7-2.2 -0.200 6.39 
1000°C/8h 350-1000 4 2.9-3.3 -0.389 7.36 

820°C/2h + 150-1000* 4 1. 6-1. 9 -0.225 6.68 
1150°C/8h 

820°C/2h + 300-1000* 4 1. 7-1. 9 -0.222 6,73 
1200°C/8h 

820°C/2h + 350-1000* 4 1. 5-1.8 -0.209 6,78 
1260°C/8h 

Above analyses for fracture strength, of' in MPa, and indenter load, P, in g, 
* 

Correlation 
Coefficient 

-0.982 
-1.00 

-0.995 
-0.997 

-0.983 

-0.924 

-0.980 

The load range shown corresponds to the decreasing strength region for these samples. 

I-' 
I-' 

'° 
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to increase with increasing load. For one of the strength sets (the 

1200°c heat-treatment shown in Fig. 19c), an actual increase in strength 

(from 226 to 251 MPa) was observed at the end of the transition region. 

This increase is significant at the 95% Confidence Level. 

To determine the effect that any residual stress from the inden-

tation may have on strength values, a comparison was made using 2 sets 

of 10 strength specimens each, selected at random from a lot of 820°c/ 

2h + 1260°C/10h samples. Prior to subdividing the specimens into the 

2 sets, each specimen was given the standard strength preparation 

treatment consisting of polishing, annealing, and etching. This was 

followed by indenting each specimen with a 300 gram load. Following 

the indentation, the specimens were subdivided randomly into the two 

treatment groups. One of the groups received a post-indentation anneal 

(700°c for 3h) designed to relieve any residual stresses which may be 

present from the indentation. The second group, as was done for all 

the strength tests reported in Table XV, did not receive any post-

indentation anneal. The strength results (mean ± 1 standard devia-

tion) were as follows: 

No post-indentation anneal 

Post-indentation anneal 

249,4 ± 34,3 MPa 

244.8 ± 30,l MPa 

These results were deemed to not be significantly different at the 90% 

Confidence Level. 

8. Vicker's hardness: Effect of heat-treatment 

Vicker's hardness values at an indentation load of 1000 grams are 

listed in Table XVII for all samples. Heat-treatment of the original 
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TABLE XVII. VICKER 'S HARDNESS VALUE AT 1000 GRAMS 

Heat-Treatment 
(Temp. and Time) 

Original Glass 

820°C/2h 

820°C/2h + 905°C/8h 

820°C/2h + 1000°C/8h 

820°C/2h + l000°C/8h 
(strength series) 

820°C/2h + ll00°C/lh 

820°C/2h + ll00°C/2h 

820°C/2h + 1100°C/8h 

820°C/2h + 1150°C/8h 

820°C/2h + 1150°C/8h 
(strength series) 

820°C/2h + 1200°C/8h 
(strength series) 

820°C/2h + 1260°C/8h 
(strength series) 

FOR CORDIERITE GLASS-CERAMIC 

Vicker's Hardness Value at lOOOg (GNm-2) 

7.07 ± 0.25 (22) 

7.17 ± 0.23 (24) 

8.10 ± 0.32 (24) 

9.84 ± 0.45 (24) 

8.54 ± 0.31 (20) 

10.62 ± 0.50 (24) 

8.60 ± 0.22 (24) 

7.77 ± 0.20 (24) 

7.90 ± 0.28 (24) 

7.58 ± 0.26 (24) 

7.07 ± 0.34 (20) 

6.73 ± 0.30 (20) 

Values shown are mean ± 1 standard deviation €standard deviation 
estimated from range in measured indent size). 
Number of data points indicated in parenthesis. 
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glass produces a rapid increase in hardness with increasing heat-treat-

ment temperature for the fine-precipitate samples. Hardness reaches 

a maximum value at the start of the stuffed quartz + a-cordierite 

transformation (ll00°C/lh), and then decreases with increasing heat-

treatment temperature for the large-crystallite samples. The hardness 

of the 1260°C/8h sample is actually lower than that of the original 

glass. A hardness - heat-treatment relationship identical to this was 

observed at all indentation loads investigated. 



IV. DISCUSSION 

A. Cracking Pinning 

The measurements of crack size as a function of indentation load 

confirm the basic concept of the dispersion-strengthening model of 

Hasselman and Fulrath (47) that the dispersed phase (assuming its 

fracture toughness exceeds that of the matrix) in a brittle composite 

acts as a geometric constraint to the introduction of flaws. This 

model for the role played by the dispersed phase in the cordierite 

glass-ceramic is most appropriate in describing crack-crystallite 

interaction at the low-load end of the transition region. SEM ob-

servations made of the flaw-introduction process for the large-

crys tallite samples show that with increasing indentation load in 

the low-load or matrix-controlled regime, the size of flaws introduced 

in the matrix will increase until a second phase particle is encounter-

ed by the crack. At this point, the crack is pinned by the particl,e. 

Despite increasing indentation load, continued propagation of the crack 

ceases until the value of the stress intensity factor generated from 

the contact event becomes sufficiently large to overcome the resist-

ance to crack extension created by the presence of the particle. Once 

the crack finally does break free, so that the high load, or com-

posite-controlled, regime begins, the dominant form of crack-crystal-

lite interaction is no longer pinning, but rather crack deflection. 

The crack pinning interaction that marks the start of the transi-

tion region is complicated by the shallow, semi-elliptical configuration 

of the Palmqvist cracks (Fig. 3b). Because of this crack geometry, a 

123 
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greater degree of crack-crystallite interaction will be evident along 

the crack surface than along the sub-surface crack front perimeter. 

This is illustrated in the SEM micrographs which appeared in Fig. 13, 

where crack pinning is observed to occur only after the crack has 

encountered several crystallites, rather than a single crystallite 

as would be anticipated from the Hasselman-Fulrath model. However, 

this is entirely reconcilable with the dispersion-strengthening 

hypothesis, since what is depicted in Fig. 13 is behavior relating 

to the surf ace crack tip and not to the crack front as a whole. 

Untii the entire sub-surface portion of crack front has become pinned 

it will be capable of dragging the surface crack tip past any 

potential pinning interactions. Although pinning of the crack front 

may well occur at the first encounter with a crystallite, the low 

aspect ratio of the Palmqvist crack will assure that the surface 

crack tip will not become pinned until several interactions take 

place between it and the dispersed particles. This behavior accounts 

for the decrease, which occurs with increasing crystallite size, 

in the number of crack-crystallite encounters required before pinning 

commences (see Fig. 15), since large particle sizes make it more 

difficult for the subsurface crack front to drag the surface crack 

tip past crystallites. 

The crack size data which were shown in Fig. 11 for those samples 

0 0 having the wider transition regions (i.e., the 1150 C, 1200 C, and 

1260°c heat-treatments) suggest that the decrease in crack size found 

to occur in the transition region proceeds in a smooth, monotonic 
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fashion rather than as an abrupt, discontinuous process. It would 

be expected, however, that within the transition region, crack size 

influenced as it is by crack-crystallite interactions, would be ex-

pected to be affected by statistical variation occurring in the 

microstructure over a range of a few microns. Cracks formed near 

crystallites will be pinned at a shorter length than cracks formed, 

at the same load, away from any dispersed particles. It is likely, 

then, that within the transition region, crack sizes associated with 

both the low- and high-load regimes will be present. This would 

explain the crack size histogram presented previously (Fig. 12) for 

the 11S0°C heat-treatment where a bi-modal distribution of crack sizes 

is suggested for loads corresponding to the transition region, while 

only a uni-modal distribution is obtained for loads either lower or 

higher than the transition region. 

B. Toughening in the Composite Regime 

Microstructure is undoubtedly the key factor operative in the 

toughness increases obtained in the composite regime for the large-

crystallite samples with increasing heat-treatment. A number of 

different toughness models have been proposed to account for toughness 

increases which result from crack-microstructure interaction. These 

models include crack bowing, crack deflection, surface roughness, 

ligament toughening, and microcrack toughening. Some of these models 

have already been discussed. A brief analysis of each model along 

with a consideration of its possible applicability to the cordierite 

glass-ceramic is presented in Table XVIII. 



TABLE XVIII. EXAMINATION OF VARIOUS TOUGHNESS MODELS APPROPRIATE TO BRITTLE COMPOSITES 

Model 

Crack bowing 

Crack deflec-
tion (mixed-
mode) 

Surface 
roughness 

Reference(s) 

Lange (26), 
Evans (27) 

Faber and 
Evans (38) 
Faber et al. 
(110) 

Faber et 
al. (110) 

Physical 
Description 

Particles act as im-
pentrable obstacles 
that force crack 
front to bow between 
particles 

Crack deflection by 
particles causes 
creation of Mode II 
(shearing) crack 
propagation 

Crack deflection by 
particles causes 
increase in crack 
surface area 

Toughening 
Expression 

Y - y + T/A comp. m 

where: T = line 
tension of crack 
front 

K = K (l+o.87Vf) comp m 

K = 1/2 K comp m 

~ J'f[~2t] 
~ 20-+L) 

(continued on next page) 

Comments 
Not applicable - predicts 
increase in Kcomp with 
decreasing A, 

Not applicable - predicts 
increase in Kcomp with 
increasing Vf of dispers-
ed phase; does not pre-
dict a particle size 
effect. 

Not applicable - predicts 
decrease in Kcomp with 
increasing (:H[) 

I-' 
N 
CJ\ 



Model 

Ligament 
toughening 

Micro crack 
toughening 

Reference(s) 

Krstic et al. 
(111) 
Evans et al. 
(112) 

Evans et al. 
(112) 
Evans and 
Faber (113) 

TABLE XVIII. (Continued) 

Physical 
Description 

Bridging of cracks by 
unfractured particles 
(ligaments) constrains 
crack propagation 

Circumferential 
microcracking about 
particles decreases 
strain energy avail-
able to main crack 
front 

K 

Toughening 
Expression 

comp = Km+( 1T~) ~ 

cry cf> J 
{ i+j<vlf -1) }2 

where: cry = strength 
of particles 

D = length of 
ligamented crack 

cf> = constant 
1 K =K(-) comp m 1-n 

with 4Vf 
n = 1T(Lc/L)-1 

where: Le = criti-
cal particle size 
needed to cause 
microcracking. 

(K = KI in composite regime; K = K1 in matrix regime) comp c m c 

Comments 

Not applicable - predicts 
decrease in Kcomp with 
decreasing vf 

Not applicable - micro-
cracks were not observed 
in the cordierite glass-
ceramic samples and am 
I ap (a pre-condition for 
circumferential micro-
cracking); does however 
predict increase in K - comp with increasing L. 

..... 
N 
-....J 
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As seen from Table XVIII, all of the various toughening 

theories, with the exception of the microcrack model, predict a 

relationship between Kic and some microstructural variable that is 

completely opposite to that observed for the present glass-ceramic. 

The microcrack model does predict, based on the toughness and mea-

sured microstructural values for the glass-ceramic, that Kic in the 

composite regime should increase with an increase in crystallite 

size, despite the slight decrease that occurs in volume fraction 

of the dispersed phase. However, no microcracking was observed 

in any of the large-crystallite samples. In addition, no clear trend 

was observed between fracture stress and crystallite size, contrary 
-1/2 to the crf~d relationship anticipated from microcracking (Eq. I-

12). Additionally, the model only pertains to circumferential micro-

cracking, which, as discussed in Chapter I, occurs from mismatches 

in thermal expansion coefficient such that ~ < a • This requirement m p 

is not satisfied for the cordierite glass-ceramic, which, as shown 

by the X-ray diffraction and microstructure data reported in the pre-

ceding Chapter, consists of low-expansion a-cordierite crystals dis-

persed in a much finer-grained matrix composed of a-cordierite, and 

the high-expansion phases, low-cristobalite and pseudo-brookite solid 

solution. 

Based on the SEM micrographs shown in Fig. 10, c and d, of 

crack-crystallite interaction in the composite regime, it would be 

anticipated that the toughness increases which occur with increased 

heat-treatment for the large-crystallite samples could be adequately 
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described by surface roughness effects. However, the analysis of 

Faber et al. (110) for surface roughness predicts that any toughness 

increases should be inversely proportional to (A+L). As seen in Table 

XIV, Kic for the large~crystallite samples increases with increasing 

(A+L), in direct contrast to this model. The maximum increase in 

relative toughness which Faber et al. predict from their model is 

1.10. This agrees reasonaoly well with the relative toughness increase 

of 1. 30 found for the cordierite glass-ceramic samples in the composite 

regime. In any case, surface roughness constitutes a major aspect of 

the fracture process for the large-crystallite samples, as can be 

seen in the electron micrographs of fracture surfaces shown in Fig. 20. 

C. Strength Behavior 

1. Effect of crystallization 

Comparison of the strength values (Table XV) obtained at the 

same level of indentation load for the original glass and heat-treat-

ed samples shows that transformation of the glass into the glass-

ceramic was accompanied by a major increase in fracture strength. 

Contrary to the expectations of the microcrack theory, the presence 

of the dispersed phase in the cordierite glass-ceramic (at least for 

the range of crystallite sizes obtained in the present study) enhanced, 

rather than weakened, mechanical performance. The basis for this 

strengthening may be seen quite readily from the general form of the 

Griffith-Irwin expression: 

(IV-1) 
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(a) 

(p). 

Fig. 2Q. SEl-1 m:tcrographs of fracture surfaces of tfLe 
cordierite glass-ceramic for: a, the original 
glass; and b, a sample heat-treated at 820°C/2h 
plus 1260°C/8h. 



131 

where Y is a geometric factor and c is the flaw depth. As shown by 

the data in the preceding Chapter, crystallized samples possess 

a smaller crack size and a higher fracture toughness (at a given value 

of crack size) than does the original glass. Strengthening in the 

cordierite glass-ceramic, then, combines the two fundamental approaches 

used to achieve strength increases in brittle materials: limitations 

in the flaw size through dispersion-strengthening, and increases in the 

resistance to crack extension. 

2. The constant strength region for the large 

crystallite samples 

Examination of the strength-load curves (Figs. 19, a-d) shows that 

crystallization of the glass to form the large-crystallite glass-ceram-

ic microstructure not only improves strength at a given value of in-

dentation load, but perhaps of equal importance, reduces the strength 

losses sustained by the material as the indentation load becomes 

progressively higher. This effect may be most clearly illustrated by 

comparing strength oehavi:or at low levels of indentation load (i,e., 

$ 300g.). With increasing indentation load for this load range, the 

strength of the original glass and the fine-precipitate samples decreases 

while that of the large-crystallite samples remains relatively-

unchanged. 

It is suggested that this constant strength region for the large-

crystallite samples results from the presence of the transition region. 

It may be argued, perhaps, that this behavior is due to pre-existing 

flaws from the specimen preparation process which dominate the strength 
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behavior. However, examination of the strength data for all 3 of the 

large-crystallite samples show that mean strength following the 50g 

indentation load (the lowest load value employed) is lower than the 

unindented mean strength, indicating that the indentation flaws are 

indeed strength-controlling. Furthermore, this region of initially 

constant strength is not present for the original glass and the 1000°c 

strength series. Samples from these lots were handled and prepared in 

the same manner as the large-crystallite samples. If anything, flaws 

from the sample preparation process would be expected to dominate 

strength behavior at low loads for the original glass and 1000°C/8h 

samples, since these materials have a lower fracture toughness (and 

thus would be more susceptiole to surface damage) than the large-

crystallite heat-treatments. 

Yet another explanation for this constant strength region is the 

possibility that it arises from interaction involving the residual 

stress field which surrounds the indentation. In fact, Lawn and co-

workers (61, 114-5) have developed a model for median cracks which 

asserts that the residual stress field will interfere with the subse-

quent growth of these flaws. In this model, median flaws, of initial 

dimension, c0 , must, upon application of an external load, grow stably 

to some final dimens·ion, Sn• Before catastrophic failure can occur. 

This final length is given by 

c = (4 P/IL ) 213 
m Xr --ic (IV-2) 

where Xr is a proportionality constant given by 

(IV-3) 
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with the material~independent constant, §R, determined empirically v 
by Anstis et al. (115) as 0.016±0.004. Values of c , calculated at 

m 

various loads from Eqs:. IV-2 and IV~3,are listed in Table XIX for 2 

strength series: the original glass, and a large-crystallite heat-

treatment, the 1150°C/8h set. As seen in this Table, c < c , so o m 

that residual stress: effects, cnaracterized by stable growth of flaws 

from c to c , are predicted to occur for each of the samples and at o m 

all of the loads investigated. The fact that, for these 2 strength 

sets, the constant strength region was obtained only at low loads and 

only for the 1150°C/8h heat-treatment would rule out residual stress 

interactions as the causative agent for this phenomenon. Further sup-

port for this conclusion is provided by the lack of any observed 

effect on strength from the post-indentation annealing treatment 

reported in the preceding Chapter. 

It seems reasonable, then, to conclude that the region of con-

stant strength observed for the large-crystallite samples is due to 

the transition region. There are 2 models which are appropriate for 

describing the effect that the transition region will have on the 

strength behavior of indented samples. The first approach, which 

may be termed the "initial flaw size" model, assumes that the parti-

cular value of indentation flaw size which, from the Griffith-Irwin 

expression (Eq. IV-1), controls fracture strength, corresponds to 

that of the initial flaw. In other words, this model assumes that 

flaw size remains unchanged during the strength test, from the 

initial application of stress to the onset of catastrophic failure. 
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TABLE XIX. CALCULATED RESIDUAL STRESS EFFECTS ON CRACK 

SIZE FOR TWO SAMPLES OF THE CORDIERITE GLASS-CERAMIC 

Median Crack Size (µm) 
Final 

Indentation Initial (measured), (calculated), 
Stren~th Series Load(g) c Cm 

Original Glass so 8.00 19.5 
100 13.4 31.5 
200 23.1 50.9 
500 48.S 95.0 

1000 85.1 156 

820°C/2h+ 50 7. 72 19.3 
115ooc/8h 75 10.1 25.0 

100 12.6 30.8 
125 12.4 30.1 
200 16.4 40.2 
500 30.0 75.2 

1000 46.8 114 
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Since flaw size increases with increasing indentation load for the 

large-crystallite samples in the low-and-high load regimes, fracture 

strength should show a continual decrease with increasing indentation 

load for both of these regimes. This is depicted schematically in 

Figure 2la. As load is increased across the transition region, this 

model predicts that the combined effect of decreasing crack size and 

increasing Kic should, from Eq. IV-1, cause a substantial increase to 

occur in fracture strength. 

The second approach for describing the effect of the transition 

region on strength makes use of an analysis by Singh et al. (116) and 

Evans (117) which views a crack size dependent fracture toughness as 

constituting a barrier to unstable crack propagation. Because of the 

increase in fracture toughness that occurs as load is increased from 

below to above the transition region, flaws propagating in the matrix 

or low-toughness regime, must propagate stably until a flaw size is 

reached at which the local stress intensity factor attains the Kic value 

for the composite or high-toughness regime. Only at this point will 

catastrophic failure occur. For loads less than the high-load end of 

the transition region, strength remains unaffected by changes in in-

dentation load since the value of critical flaw size remains invariant 

with load. Stable growth of flaws does not occur for flaws present 

in the composite regime because this load region lies beyond the 

transition region. The expected strength behavior for both the low-

and high-load regimes is shown schematically in Figure 2lb. 
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Fig. 21. Scl~matic of fracture stress-Joad relation for material with dual-regime fracture 
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Of the two approaches, examination of the strength-load curves 

for the large-crystallite heat-treatments (Fig. 19, b-d) shows that 

the stable crack growth hypothesis of Singh et al. and Evans best 

describes the strength behavior. The strength increase obtained at 

the end of the transition region for the 1200°C/8h sample would in-

dicate, however, that some aspects of the initial flaw size model 

are valid in describing the strength behavior of the cordierite glass-

ceramic and should be incorporated in the Singh et al. - Evans analysis. 

An immediate result from the stable crack growth hypothesis is 

that, for surface damage from contact events of such low magnitude that 

flaws are confined to the matrix, critical flaw size and fracture 

strength will be independent of the starting flaw size. Although 

it is the toughness of the matrix which determines the size of flaws 

introduced at low levels of surface contact, the conditions for ulti-

mate failure from these flaws are controlled by the composite. Only 

in the high-load regime will critical flaw size and strength be 

determined by the initial flaw size. The implications of this behavior 

to the microstructural design of brittle composites with optimal re-

sistance to surface damage will be considered in a subsequent Section. 

3. The slope of the strength loss curve 

Once indentation load has attained a value associated with the 

high-load regime, the strength-load behavior for the large-crystallite 

samples becomes qualitatively similar to that of the two strength series 

(the original glass and the 1000°C/8h ~et) which do not have a transi-

tion region: strength begins to decrease with increasing indentation 
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load. The slope of this strength degradation curve is determined 

by the nature of the indentation flaw. For median cracks, the 

strength of indented samples should vary with load, P, according to 

-1/3 
crf~P • The expected strength-load relationship for Palmqvist 

cracks is, however, known with less certainty. 

Several approaches to predicting the crf-P slope are possible 

with Palmqvist cracks. One possibility is to assume that the eccentri-

city or aspect ratio of the semi-elliptical configuration remains un-

changed over the entire load range that Palmqvist cracks occur. As 

a result, flaw depth should be directly proportional to the measured 

surface dimension, £. Since P~t for Palmqvist cracks, then, from the 

Griffith-Irwin expression (Eq. IV-1), the strength of indented samples 
-1/2 should vary according to crf~P . 

An alternative approach for Palmqvist cracks is to assume, as 

speculated by Niihara (118), that the variation in stress intensity 

factor with position along the crack front of a semi-elliptical sur-

face crack will cause the eccentricity to vary with crack size, so 

that any direct proportionality between £ and flaw depth will not 

be maintained over a wide range in crack size. Using this approach, 

Niihara (118) has obtained the following relationship between fracture 

stress and indentation load for Palmqvist cracks: 
n-1 -4-

cr ~P 
f (IV-4) 

where n is the exponent for the load-dependence of hardness (i.e., 

H = kPn). Examination of the hardness data for several of the glass-

ceramic samples shows a weak load-dependence, with 0.04~n~0.12, These 
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end values give an expected slope (Eq. IV-4) for the lncrf-lnP 

relationship for Palmqvist cracks of -0.22 to -0.24. 

The linear regression data listed in Table XVI for the loss of 

strength curves show a slope of about -0.22 for the large crystallite 

samples. This is in excellent agreement with the slope value predict-

ed by Niihara's Palmqvist crack analysis. For the two sample sets 

that do not have a transition region, the slope data in Table XVI for 

the l000°C/8h heat-treatment are particularly interesting. This heat-

treatment results in hardness values (see Table XVII) near the maximum 

of the hardness curve discussed in the preceding Chapter, so that a 

wider range of c/a ratios may be obtained over a given load interval 

than for the other samples. At low loads (c/a ~ 2.2) as seen in Table 

XVI, the strength data can be fitted to a linear regression curve with 

a slope of -0.20. At higher loads (c/a > 2.9) the best-fit straight 

line has a slope of -0.39. This apparent changeover from Palmqvist 

to median crack indentation mechanics is consistent with the analysis 

of Niihara et al. (71,72) which predicts Palmqvist cracks at c/a ~ 2.5, 

and median cracks at c/a ~ 2.5. The same trend may also be ob-

served for the strength data of the original glass, although the 

curve for the high-load region is based on data from only 2 indenta-

tion loads. No such slope change was suggested in the strength data 

of the large-crystallite samples, since c/a < 2.0 for these samples 

over the whole load range investigated. 
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D. Conunents on Measurement of Fracture Toughness of Brittle 

Materials 

Fracture toughness values of brittle materials are most typically 

obtained by the double cantilever beam, double torsion, notched beam, 

or short rod tests. These methods may all be classified as macroscopic 

techniques since they involve measuring the material's resistance to 

the extension of a crack some several centimeters in length. Crack 

sizes as large as this must lie well beyond the transition region. As 

a result, the Kic values obtained from these procedures will not be 

appropriate for predicting the extent of surface damage from contact 

events corresponding to loads below the transition region. 

Similarly, very different fatigue-failure parameters most likely 

would be measured depending on whether the crack was propagating in 

the high- or low-load regime. Experimental data for crack velocity 

as a function of stress intensity factor obtained by the double canti-

level beam technique would, most likely, pertain to material behavior 

in the composite regime. This may well disagree with fatigue measure-

ments (such as from the 4-point bend test) on flaws with sizes corre-

sponding to the low-load regime. This discrepancy, indeed, has been 

observed by Pletka and Wiederhorn (87) for the cordierite glass-

ceramic. 

Because of the energy barrier to crack propagation represented by 

the increase in fracture toughness occurring within the transition re-

gion, it may well be that the transition region constitutes a natural 

obstacle to the introduction of large flaws. As a result, the flaw 
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size occurring at the start of the transition region may be that found 

in most ceramic materials which have experienced reasonable levels 

of surface contact. Support for this is provided by the study of 

Freiman et al. (119) who found that critical flaw size remained 

the same despite variations in the heat-treatment schedule for a barium 

silicate glass-ceramic. This same effect is suggested for the cordie-

rite glass-ceramic in Table X, where flaw size at the start of the 

transition region is seen to vary by only a few microns for most of 

the samples, despite changes occurring with crystallization temperature. 

E. Residual Stress Effects and the Determination of Fracture 

Toughness by the Indentation Method 

The residual stress field constitutes the major driving force 

for radial cracks which form during unloading. Using a median crack 

model, Lawn and co-workers (115,116) have shown that median crack size 

and fracture toughness are related according to 

(IV-5) 

where ~ is a proportionality constant related to the magnitude and 

spatial distribution of the residual stress field about the indenta-

tion. As defined previously in Eq. IV-3, "Xr represents the product of 

§~, a material-independent constant, and (E/H) 0 ·5 . It is interesting 

that this latter term, which is the only material-dependent term to 

appear in this residual stress analysis, also appears in almost 

identical form (as (E/H)0' 4) in indentation toughness expressions 

developed by Niihara et al (71,72) and Evans and Charles (69) from 
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curve-fitting and dimensional analysis of indentation and Kic data re-

ported for a large number of brittle materials. This suggests that 

these latter approaches already_incorporate residual stresses in 

their indentation mechanics. 

Initially, during the development of Lawn's median crack model, 

an elastic, rather than an elastic-plastic, analysis was used to 

relate fracture toughness with crack size (120,121): 

p 
(IV-6) 

8c3/2 

Although this expression appears qualitatively similar to Eq. IV-

5, the proportionality constant 8 does not depend on any deformation 

response of the material, nor does it incorporate the effect of 

residual stresses. Instead, 8 is determined essentially by the half-

angle of the indenter, with minor corrections made for Poisson's ratio 

of the indented material, frictional forces during indentation, and 

free surface effects. 

Fracture toughness values determined both by the Palmqvist crack 

model (Eq. I-2lb) developed by Niihara et al. and by the median crack 

expressions (both including and neglecting residual stresses) originat-

ed by Lawn and co-workers are shown in Table XX for several of the 

cordierite glass-ceramic samples. The reported value (116) of §R = v 
0.016 was used in the calculations to determine x . The value of r 

8 needed in Eq. IV-6 was determined empirically from this expression 

by fitting measured indentation values (reported in the preceding 

Chapter) for soda-lime-silica glass to the literature value of 



Heat-Treatment 
(Temp. and Time) 

820°C/2h+ll50°C/8h 
(strength series) 

Original Glass 

820°C/2h+l000°C/8h 
(strength series) 

TABLE XX. COMPARISON OF FRACTURE TOUGHNESS VALUES CALCULATED 

FOR SEVERAL SAMPLES OF CORDIERITE GLASS-CERAMIC 

-3/2 Fracture Toughness (MNm ) 
Median Crack Model-

Residual Stresses Residual Stresses 
Indentation c/a Included Neglected 
Load (g_J__ Ratio (Eq. IV-5) (Eq. IV-6) 

50 1.45 1.55 2.25 
75 1.53 1.57 2.24 

100 1.66 1.51 2.15 
125 1.44 1.93 2.75 
200 1.51 2.03 2.90 
500 1. 73 3.08 2.92 

1000 1.91 2.13 3.00 
50 1.60 1.22 2.13 

100 1.84 1.14 1.96 
200 2.20 1.05 1.39 
500 2.84 0.88 1.43 

1000 3.35 0.79 1.23 
50 1. 71 1.29 2.25 

100 1. 84 1.35 2.28 
200 2.18 1. 24 2.05 
350 2.88 0.92 1.50 
500 3.05 0.92 1.42 
750 3.21 0.94 1.45 

1000 3.31 o .. 95 1.45 

Palmqvist 
Crack Model 
(Eq. I-2lb) 

1. 52 
1.54 
1.49 
1.93 ...... 

po 

2.00 w 

2.08 
2.22 
1.25 
1.24 
1.21 
1.20 
1. 22 
1.35 
1.44 
1.43 
1.28 
1.31 
1.39 
1.44 
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Kic = 0.758 MNm-3/2 determined for this material by the double cantilever 

beam technique (39). A value of B = 14.0 was obtained in this manner. 

The indentation data needed to calculate the ~c values listed in Table 

XX were all reported in the preceding Chapter. 

Inspection of the toughness values for the sample crystallized at 

1150°C for 8 hours shows excellent agreement existing between Kic deter-

mined by the Palmqvist model and that based on the residual stress-

modified median crack approach. The toughness values for the median 

crack model which neglects residual stresses are substantially greater 

than those calculated by either of the other two approaches. 

Note from Table XX that all of the indentation data for the 1150°C 

sample are for c/a ~ 1.9. Examination of the toughness values obtained by 

the different models for the original glass and the sample crystallized 

at 1000°C shows that the agreement between Kic determined by the Palmqvist 

model and that based on incorporating residual stresses into the median 

crack analysis does not exist at higher c/a ratio. Disagreement is seen 

to occur at c/a ~ 2.2. At the higher c/a ratios, relatively good agree-

ment in toughness is obtained between the Palmqvist crack model and the 

median crack model which does not incorporate residual stresses. 

It appears, then, that a unified median crack model is unable to 

give satisfactory fracture toughness values over a wide range of c/a 

ratios. It may be recalled that Niihara et al. (71,72) obtained 

satisfactory fracture toughness expressions from indentation data re-

ported for a large number of brittle materials only by differentiating 

between 2 different regimes of c/a ratio: for c/a ~ 2.5, the Palmqvist 

crack model applied based on the crack size parameter, t; for c/a ~ 2.5, 
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the median crack model was most appropriate. The difficulties 

encountered when trying to fit either of the two median crack models 

discussed in this Section to the entire range of c/a'ratios point out 

the inadequacies inherent in attempting to describe all sharp indenter 

fracture mechanics by means of a single crack geometry. 

F. Crystallization Effects on the Vicker's Hardness 

Trends similar to the maximum which was obtained for the Vicker's 

hardness as a function of heat-treatment temperature for the cordierite 

glass-ceramic have also been reported for density, strength, and 

thermal expansion in a nearly-identical cordierite glass-ceramic by 

Kumar and Nag (103). These investigators attributed this behavior to 

internal stress effects caused by density mismatch between any un-

crystallized glass and crystalline phases present. However, Kumar 

and Nag provided no quantitative phase data to substantiate their 

hypothesis. Published reports (86, 91) contradict their analysis 

since essentially no residual glassy phase has been detected much 

beyond the 1000°C heat-treatment. 

It seems more likely that the increase in hardness which occurs 

with initial heat-treatment of the original glass arises from dis-

persion-hardening of the glass by the stuffed quartz precipitates. 

Such an effect has been observed (122) for MgFe2o4 precipitates in 

MgO. The hardness decrease which occurs with increasing heat-

treatment beyond the 1100°C/lh treatment coincides with the stuffed 

quartz ~ a-cordierite transformation. These heat-treatments result 

in progressive growth of a-cordierite crystals from a fine-grained 
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crystalline matrix. The accompanying hardness decrease is most pro-

bably caused by Hall-Petch behavior. With this phenomenon, an in-

crease in crystallite size of a polycrystalline metal or ceramic 

results in less grain boundary area present (per unit volume of 

sample) to hamper dislocation motion. As a consequence, the ability 

of the material to deform, at least on a microscopic basis, is in-

creased, which results in a decrease in hardness. 

G. Microstructural Design for Optimal Resistance to 

Surf ace Damage 

Upon first consideration, it might be presumed that increased 

resistance to surf ace damage in a brittle composite could best be 

achieved by improving the resistance to surface damage of each of the 

various phases. Most likely, as part of this effort, special emphasis 

would be given to improving the fracture toughness of both the matrix 

and dispersed phases. However, based on the present analyses, such an 

approach would cause a deterioration, rather than an improvement, to 

occur in the material's ability to resist surface damage. 

The primary criterion of resistance to surface damage is the 

ability of a material to withstand surface contact without sustain-

ing some subsequent loss in mechanical performance. This can best 

be achieved by having a dual regime of fracture toughness such that 

the associated transition region extends over as wide a range of 

contact loads as possible. In this manner, the load region over 

which stable crack growth occurs is maximized, so that strength re-
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mains unaffected by contact events over a wide range of contact 

loads. 

Inspection of the 9'eVeral crack size-load curves shown in Figure 

11 indicates that the width of the transition region may be extended 

by increasing the difference in Kic between the low-and high-tough-

ness regimes. This is why the procedure suggested at the beginning 

of this Section (i.e., of increasing the fracture toughness of both 

the matrix-and composite-regimes) could well prove ineffective (Klc 

difference remains unchanged) or even detrimental (Klc difference 

is narrowed) to improving resistance to surface damage. By decreasing 

the fracture toughness of the matrix and increasing this property 

for the composite, the ability of the material to sustain surface 

damage should be improved. Although a larger size of flaws will be 

introduced at low levels of contact load, the capability of these 

same flaws to cause failure during subsequent loading will be 

drastically impaired. Equally important, this procedure will de-

crease the size of flaws introduced in the high-toughness regime where 

fracture strength is controlled by initial flaw size. To achieve a 

high Klc composite - low Klc matrix material, emphasis should be 

given to decreasing the particle size of the matrix so that any 

toughening interactions with cracks are eliminated and a continuum 

response to flaw introduction is achieved. Conversely, the particle 

size of the dispersed phase should be increased, with the stipulation 

that the particle size selected be below the critical value needed 

for spontaneous microcracking to occur. 
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H. Suggestions for Future Work 

Stable growth of flaws under an applied stress has already been 

mentioned in this Chapter as the underlying failure mechanism for 

flaws introduced in the matrix regime for the large-crystallite 

samples. Since the transition region most likely limits flaws from 

many real contact events to the low-toughness regime, an investigation 

needs to be made of the various factors (such as microstructure) 

active in sub-critical crack growth behavior in a brittle composite. 

Information gained from this study could result in further improvement 

in designing ceramic components with maximum resistance to surface 

damage. 

Finally, although the vast bulk of ceramic structures are com-

posites, one major group is not: glasses. Failure from surface con-

tact events is, of course, an everyday occurrence associated with 

these materials. Recently (109,123), it has been shown that phase 

separation can lead to substantial improvements in toughening for 

glasses. Phase separation has been observed (124) following heat-

treatment for 2 commercially-important glass systems: Na2o-B2o3-s102 , 

and Na20-Ca0-Si02. Efforts should be directed at optimizing the phase 

separation microstructure so that maximum toughness and resistance to 

surface damage may be achieved. Obviously, this may prove to be 

detrimental to other engineering properties such as optical trans-

mittance. It may be possible, however, by means of a higher-tempera-

ture heat-treatment process than is typically employed during the 

commercial glass-annealing operation for substructures to be developed 
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in silicate glasses which will give an improved resistance to surface 

damage, and yet will produce only minimal opalescence and loss of 

optical quality. 



V. CONCLUSIONS 

1. The microhardness indentation technique was found to con-

stitute a powerful tool for simulating damage from surface contact 

events and for permitting direct characterization of microstructural 

influences on the flaw introduction process. 

2. Crack-crystallite interactions, consisting of crack pinning 

at flaw sizes approximately equal to the mean free path distance betw-

een dispersed phase crystallites and crack deflection at larger flaw 

sizes, were found to significantly affect fracture behavior in 

cordierite glass-ceramic samples comprised of a fine-grained matrix 

containing larger (rv 1-2 µm) crystallites ("large-crystallite" 

microstructure). These interactions were not present in the samples 

at flaw sizes less than the mean free path distance, and were not 

observed at all in the original glass or in samples heat-treated 

to yield only a uniform, fine-grained (< 0.1 µm) microstructure. 

3. The crack pinning interaction for the large-crystallit.e 

samples was shown to limit the size of introduced flaws, thus con-

firming the basic concept of the dispersion-strengthening model for 

brittle composites. 

4. The crack deflection interaction for the large-crystallite 

samples was found to be microstructure-dependent, with fracture 

toughness increasing linearly with both increasing crystallite size 

and increasing mean free path of the dispersed phase. These tough-

ness increases were not adequately described by existing models of 

crack-crystallite interaction. 
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5. The lack of any crack-crystallite interactions at small 

flaw sizes, combined with the extensive interactions which occurred 

as flaw size increased, gave rise to a crack size-dependent fracture 

toughness for the large crystallite samples. This phenomenon, 

since it required stable growth of precursor flaws to precede 

any structural failure, greatly enhanced the ability of the glass-

ceramic samples to avoid potentially-damaging effects on strength 

from surface contact. 

6. The overall effect of decreased flaw size from crack pinning 

and increased fracture toughness from crack deflection was to produce 

strength values for the large-crystallite cordierite glass-ceramic 

samples which were vastly superior to those of the original glass. 
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EFFECTS OF CRACK-CRYSTALLITE INTERACTION 

ON THE FRACTURE BEHAVIOR OF A CORDIERITE GLASS-CERAMIC 

by 

Robert M. Morena 

(ABSTRACT) 

Crack-microstructure interactions occurring during the flaw intro-

duction process were studied in a model brittle composite, a cordierite 

glass-ceramic. Microstructural effects associated with the repropaga-

tion of the introduced flaws under the imposition of a mechanical load 

were also examined. 

Two general types of crystallized microstructures were investigat-

ed for samples heat-treated from the original glass: a fine structure 

composed of a uniform precipitation of very small (< 0.1 µm) crystal-

lites, and a coarser structure characterized by crystallites ~ 1-2 µm 

in diameter dispersed within a much finer-grained (< 0.1 µm) crystal-

line matrix. Surface damage was simulated by the Vicker's microhard-

ness technique, with indentations being made over a wide load range 

to duplicate varying degrees of severity in the contact events. 

Direct measurement of the indentation flaws was made by calibrated 

scanning electron microscopy. Fracture toughness values were determin-

ed by direct calculation from the indentation parameters. The repro-

pagation of the indentation flaws was investigated by strength tests 

performed in biaxial flexure. 



The results indicated that flaw introduction, as well as 

strength, fracture toughness, and the magnitude of strength loss 

sustained from surface damage, were all significantly affected by 

crack interactions with the crystallites in the glass-ceramic samples. 

The crack-crystallite interactions were extensive in the coarse 

microstructure samples. Crack pinning by the dispersed phase 

crystallites occurred at flaw sizes approximately equal to the mean 

free path distance between the dispersions, while at larger flaw 

sizes, crack deflection around the dispersed crystallites took place. 

Crack-microstructure interactions were absent in these same samples 

at flaw sizes less than the mean free path distance, and we.re not 

observed at all in the original glass or in samples heat-treated to 

yield only the fine microstructure. 

In the coarse microstructure samples, the size of flaws introduc-

ed by surface contact was found to be limited by the crack pinning 

interaction, thus confirming the basic concept of the dispersion-

strengthening model for brittle composites. A substantial toughening 

effect in these same samples was realized from the crack deflection. 

Fracture toughness for the coarse microstructure samples exhibited 

a crack size-dependency, with toughness values corresponding to that 

of the matrix measured at small flaw sizes, and to that of the 

composite, at larger flaw sizes. The phenomenon was not present in 

either the original glass or in the fine microstructure samples. 

The crack-crystallite interactions occurring in the coarse micro-

structure samples greatly improved mechanical performance. The com-



bination of decreased flaw size from crack pinning and increased 

fracture toughness from crack deflection resulted in strength values 

which were superior to those of the original glass. The crack size-

dependent fracture toughness enhanced the ability of the coarse 

microstructure samples to avoid potential strength losses following 

surface contact. 
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