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ABSTRACT. 

Mode I and Mode I I I fatigue tests were performed on 

copper nickel alloys in helium, 

salt water environments. The 

hydrogen, oxygen, 

two alloys used 

air and 

in this 

investigation were 90-10 and 70-30 copper nickel. Both 

alloys contained iron which was added to improve the erosion 

corrosion resistance. The extent of cracking varied with the 

test environment. Tests showed that oxygen and humid air 

promoted cracking while salt water 

helium was used as the baseline 

retarded cracking when 

environment. Hydrogen 

promoted cracking when compared to helium but retarded 

cracking if comparisons were made with oxygen or humid air. 

The environmental effects (helium as the base case} in 

the Mode I tests in gaseous environments were manifested in 

the form of shorter fatigue lives, easier crack initiation, 

marginally higher crack growth rates and the development of 

intergranular fracture at the surface. These effects were 

accompanied by a change in the near surface deformation 

characteristics. The increases in fatigue life induced by 



testing in aqueous environments were greatly extended if the 

copper nickel was galvanically coupled to steel. Mode III 

tests showed the same ranking of environmental effects as 

Mode I tests and also showed multiple initiation, brittle 

fracture and secondary cracking. 

Two models were proposed to explain the observed results. 

One was based on the dilation-aided diffusion of oxygen 

ahead of the crack tip and subsequent oxidation of internal 

iron particles. The oxidation caused a volume expansion 

which produced internal tensile strains and facilitated 

fracture. The other mechanism was based on dilation-aided 

transport of hydrogen with subsequent accumulation of 

hydrogen at interfaces, resulting in a lowering of the 

interfacial strength and promoting intergranular fracture. 

The observed increases in life in the aqueous environments 

were rationalized by the reduced oxygen content available in 

the stagnant solutions. 

These observations suggest that the presence of iron 

accelarates fatigue in copper nickel alloys exposed to 

aggressive environments. Thus, any application involving 

fatigue loading with simultaneous exposure to aggressive 

environments should attempt to ensure that the iron content 

of the copper nickel alloys is minimized. 
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Chapter I 

INTRODUCTION 

The need to reevaluate the economics and life expectancy 

of offshore and marine structures, with a view to minimizing 

capital investment, has prompted the maritime, offshore oil 

exploration and power industries to explore effective 

techniques to combat the problems of biofouling and 

corrosion. In the case of large ocean-going tankers and 

ships, it has been estimated that a 10 micron increase in 

surface roughness of the external hull caused by biofouling, 

results in an average 1% increase in propulsive costs< 1 >. A 

reduction in biofouling would therefore be advantageous as 

it would promote the retention of a smooth hull. The overall 

economic benefit of hulls which are not roughened by 

corrosion depends on the type of the ship. In some cases, 

the main advantage lies in extending the period between 

drydockings while in others the improved speeds or lower 

fuel consumption may be important. The shipping industry 

presently uses antifouling coatings which are not durable 

and have to be renewed at approximately two year 

intervals< 2 >. This renewal process involves scraping and 

recoating which can only be achieved effectively, when the 

ship is in drydock for extended periods. Such drydocking 

1 
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results in loss in operating revenue. Frequent and expensive 

maintenance to minimize corrosion is also a serious problem 

on offshore platforms and sea water cooling systems. 

One technique currently under evaluation for minimizing 

biofouling and corrosion is the concept of cladding steel 

components with copper alloys. Structures which may use this 

concept include ship hulls, offshore drilling platform legs 

and seawater cooling systems used in ocean thermal energy 

converters ( OTEC) and desalination plants. Copper alloys 

have excellent resistance to biofouling achieved through the 

constant low level discharge of copper ions during 

service< 1 > • Pure copper however, exhibits poor corrosion 

behavior in seawater. This behavior is improved by alloying 

the copper with nicke1< 1 >. Hence, copper nickel alloys have 

been prime candidates for evaluation as cladding materials. 

These alloys possess high strength, virtual immunity to 

pitting or stress corrosion cracking in sea water and are 

commercially available and readily processed< 1 >. The 

suitability of these alloys has been amplified because of 

the excellent performance of several cupronickel hulls on 

small vessels which have been in operation for about ten 

years 11 >. These vessels exhibit no significant signs of 

biofouling or corrosion. 
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Several< 3 > economic and technological assessments have 

been performed to evaluate the techniques that are available 

to produce a copper nickel/steel clad plate. Process studies 

clearly favor the "loose clad" sheathing process over the 

solid "roll bonded" technique because the sheathing process 

allows the copper nickel to be attached to the steel at 

discrete points on prefabricated structures. Such loose clad 

sheathing also provides the possibility of retrofitting 

existing ships and offshore marine structures. 

Numerous methods are available to attach the copper 

nickel cladding to the steel. These methods can be broadly 

separated into two categories: glueing and welding. Glueing 

or chemical bonding, is achieved through the careful 

selection of adhesives which exhibit good corrosion 

resistance and an ability to withstand impact and maintain 

structural integrity during service conditions. The use of 

an adhesive coating has the advantage of forming a barrier 

between the copper nickel and the steel. This barrier may 

minimize the possibility of galvanic corrosion if the 

barrier is non-conducting. Furthermore, such adhesives 

should be suitable for attachment where the sea water does 

not have significant flow across the structure ( oi 1 leg 

platforms). However, the suitability of adhesive attachments 

under conditions which require a high velocity of sea water 
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across the structure is questionable due to the low peel 

strength of such attachments. Welding ensures the retention 

of structural integrity under both stagnant and high 

velocity conditions but introduces the possibility of 

galvanic corrosion because dissimilar metals are placed in 

electrical contact. Further, typical welding practices 

and/or a lack of careful quality assurance may introduce 

defects in the attachment welds. The process of welding 

also causes a variety of metallurgical differences between 

the weld, the base metal, and the heat affected zone. These 

defects and microstructural inhomogeni ties, may contribute 

to a loss in structural integrity. The motivation to 

minimize attachment problems and facilitate large scale 

commercial production of clad structures has forced the 

evaluation of several attachment welding techniques. These 

techniques include laser, ultrasonic, and submerged metal 

arc welding processes. 

Commercially produced copper nickel alloys usually have 

small quantities of iron ( typically O. 5 1. 5%) added to 

enhance the erosion corrosion resistance< 1 >. The iron can 

exist either in solid solution or in the form of 

precipitates distributed throughout the matrix. The 

differential cooling between the weld and the base metal 

provides the possibility that iron rich particle morphology 
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and distribution may differ across 

studies of copper nickel to steel 

the welds. Fatigue 

attachment welds to 

simulate the cladding process showed that failure in the 

copper nickel initiated primarily in an intergranular 

fracture mode in certain laboratory environments. 

Intergranular fracture is a low energy failure mode and 

is frequently associated with the ability of an external 

environment to embrittle the material. The lack of an 

understanding of intergranular fracture in fatigued copper 

nickel claddings and the pragmatic need to understand the 

effects of environments on system design life were the prime 

motivation for the research performed in this dissertation. 

This research was an investigation of the role of various 

environments on the fatigue behavior of copper nickel 

alloys. 



Chapter II 

LITERATURE REVIEW 

The increasing number of premature and often catastrophic 

failures of engineering structures in the maritime< 4 >, 

power< 5 >, aerospace< 6 > and nuclear< 7 > industries has 

stimulated the reevaluation of concepts used in the design 

and selection of materials. Environmental interactions which 

were generally ignored in the past have received increasing 

attention in the last twenty years. Scientists and engineers 

have devoted extensive investigative time to these complex 

and often confusing details of this problem. Corrosion 

fatigue which represents only one small branch of the 

complex interaction of materials with environment, describes 

the behavior of the material subjected to the combined 

action of cyclic loading and a corrosive environment. The 

complexity of this problem becomes apparent when one 

realizes that there are at least 25 mechanical, 

environmental and metallurgical variables that contribute to 

interactions involved in corrosion fatigue processes< 0 >. 

The resistance of most metals and alloys to fatigue 

failure is generally reduced when tests are conducted in the 

presence of an aggressive environment. These environments 

can be either gaseous or aqueous solutions and the 

6 
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reductions in fatigue resistance occur because of 

environmental effects on mechanical and chemical processes. 

Typical gaseous environments include hydrogen, oxygen, air, 

and/or water vapor while aqueous test environments may 

include water, liquid metals, oils and brine solutions. The 

corrosion fatigue process involves two major steps; crack 

initiation and crack propagation. The trend in recent 

evaluations has been to define a concept involving "crack 

growth rates" rather than to specify the "total life to 

failure". Time to failure data were typical of fatigue 

studies when rotating beam programs dominated the test 

arena. This new direction has stemmed from the change to 

"fail safe" rather than the "safe life" criteria. It is now 

generally assumed that either cracks are present in the 

material prior to service or that cracks are initiated very 

early in the service history. These realistic assumptions 

suggest that crack growth controls fatigue behavior. Efforts 

are underway to include a wide range of corrosion fatigue 

data in major design codes. Such data will provide a basis 

for predictive criteria for the safe utilization of many 

materials in a variety of environments< '3 >. Because the 

focus of the experimental work described in this 

dissertation is on the role of gaseous environments on the 

corrosion fatigue behavior of copper nickel alloys, this 
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literature review emphasizes gaseous effects on fatigue 

processes in metals and alloys. 

FATIGUE CRACK INITIATION 

Deformation Associated with Initiation. 

Fatigue crack nucleation typically takes place on 

external surfaces of engineering structures, although some 

subsurface nucleation has been reported< 1 0 , 11 >. This 

subsurface nucleation has been observed in metals covered 

with a strong adherent surface oxide. This hard, deformation 

resistant film apparently retards the nucleation at the 

external surface. Under these conditions internal surfaces 

serve as nucleation sites and crack initiation has been 

related to microstructural features such as slip bands and 

twin boundaries< 10 >. Even under these conditions the overall 

fatigue life was still controlled by the growth of cracks 

which either initiated at the surface or intersected the 

surface soon after initiation. 

surfaces in fatigue crack 

The importance of 

growth has been 

external 

further 

demonstrated by the observation that an increased fatigue 

life can be obtained if the surface layer of the specimen 

were removed at frequent intervals while testing was in 
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progress< 10 >. Both of these observations demonstrate that 

fatigue crack initiation involves the development of some 

specific deformation structure in the near surface region. 

Loading modes also affect deformation structure and on 

many engineering systems introduce complex states of stress 

to the component surface. Stress state in combination with 

surface topography therefore establishes a surface 

sensi ti vi ty in the fatigue cracking process. This surface 

sensitivity has been well recognized and the use of surface 

treatments and specialized machining processes to control 

fatigue resistance is well established in many industries. 

Surface flaws and defects can introduce severe stress 

concentrations which may promote crack initiation and 

conversely mechanical polishing to eliminate such defects 

can retard crack initiation. Even when the surface of the 

sample 

itself 

is 

can 

initially 

cause the 

smooth, the cyclic straining process 

surface topography to roughen. The 

development of this roughness is associated with near 

surface dislocation motion and consequently depends on the 

local strain. Therefore, initiation processes are influenced 

by the cyclic hardening or softening characteristics of the 

material. Repeated strain cycling produces a surface layer 

which is atypical of the bulk material. The dislocation 

density in this layer is higher than in the bulk and these 
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high dislocation density regions can play a crucial role in 

the fatigue and fracture processes. In many materials, this 

role involves the development of sites of strain 

localization which are visible to the unaided eye. 

Subsequent crack initiation is frequently associated with 

these local strain regions. Because such regions require 

large scale dislocation motion they frequently develop at 

notches or other stress concentrations, and in regions of 

large microstructural inhomogenities such as inclusions or 

precipitate free zones< 12 >. 

The slip band morphology developed during plastic 

deformation of a metal is generally either wavy or planar. 

Wavy slip bands are foun~ in most pure bee and fee metals 

including iron, copper, aluminum and nickel. Wavy bands are 

also found in some alloys such as steels and cupronickels. 

_Planar slip bands are found in hep metals and alloys such as 

bronzes, brasses, and other low stacking fault energy face 

centered cubic metals and in precipitation hardened alloys 

of aluminum. Wavy slip causes the formation of dislocation 

clusters or groups during fatigue deformation at low to 

moderate stresses. Such clusters are classified as 

veins< 1 3 > • Veins typically represent regions of heavily 

twisted and deformed metal. The veins are separated by 

regions of relatively undeformed or low dislocation density 
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material. Continued deformation of a veined structure 

results in hardening of the metal, a local rearrangement of 

the dislocations and the formation of persistent slip bands 

(PSB's). Except for the PSB' s the grains of a fatigued 

metal are nearly dislocation free to a depth of at least 1 

µm below the free surface< 1 3 > • The vein structure itself 

however, does not generally 

surface. 

development 

Continued 

of a 

cyclic 

cellular 

extend totally to the 
' stress or strain 

free 

causes 

dislocation substructure 

throughout the alloy. Such veins, cells and other regions of 

high dislocation density provide favorable sites for crack 

initiation, particularly in regions where the localized 

strain zones intersect the free surface. 

The dislocations in metals which undergo planar slip are 

confined to the primary slip planes. This restriction 

results in the formation of large slip steps on the metal 

surface< 1 3 > • These slip steps act as stress concentrators 

and promote crack initiation. The evolution of dislocation 

arrangements in planar slip metals is clearly understood, 

however, the surface appears to play no major role in the 

deformation process. This lack of surface effects is 

manifested in the development of a uniform dislocation 

substructure throughout the fatigue cycled metal. However, 

even in these cases, surface crack nucleation dominates the 

initiation process. 
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Early investigations< 1 "' > proposed that persistent slip 

bands develop through the interaction of dislocations and 

vacancy clusters which were generated during the deformation 

processes. This proposal is consistent with the well known 

observation that a large quantity of point defects, 

including vacancies, are generated during fatigue cycling. 

Studies of copper single crysta1s< 15 > and copper 12% 

aluminum< 1 6 > have shown that as fatigue hardening takes 

place, bursts of strain occur for 50 or so cycles then die 

out for a period of time before another burst occurs. The 

tendency for these strain bursts decreases as the hardness 

increases and at saturation, the strain bursts disappear. 

These observations 

dislocation motion 

suggest that 

probably does not 

saturation has occurred. 

intense localized 

take place after 

The presence or creation of slip steps on the surface of 

a metal, acts to localize or concentrate the stress and 

facilitate the formation of persistent slip bands< 17 >. 

Servohydraulic machines often introduce periodic stress 

fluctuations during testing which promotes the triggering of 

an avalanche of dislocations from these slip bands. This 

avalanche of dislocations will release stored energy and 

contribute to the unstable behavior in some materials during 

fatigue testing. Investigators believe that grain boundaries 
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are important in this process because persistent slip bands 

frequently nucleate at such boundaries. Once nucleated the 

slip bands develop transgranularly as shown schematically in 

Figure 2.1< 17 >. This schematic representation has been 

confirmed experimentally with beta brass. Transgranular 

cracking of such brasses has been shown to be a function of 

both the cyclic stress conditions and the test 

environment< 1 8 >. 

The near surface changes in the dislocation substructure 

of metals associated with the fatigue processes show several 

different features< 1 9 > • The slip character and associated 

dislocation cell structure development caused breakup of the 

parent grains and formation of subgrains typically 1 µm to 

10 µm in diameter. Such subgrains also formed ahead of 

propagating fatigue cracks in Armco iron< 2 0 >, copper and 

aluminum alloys 121 >. Studies of single crystals of aluminum 

confirmed the formation of subgrain boundaries and 

associated their formation with bulk work hardening during 

the early stages of deformation 121 >. However, no evidence 

was found for crack initiation at subgrain boundaries. 

Continued plastic deformation due to fatigue cycling 

causes the formation of cells in the strain free zones 

between the persistent slip bands. The mechanism for such 
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Figure 2.1 
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Development of slip bands from a grain 
boundary with continued cycling< 17 > 
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cell formation involves dislocation trapping at debris or 

other defects in the strain free zone and the subsequent 

formation of multipoles< 17 >. The dislocations are moved from 

the persistent slip band to the strain free zones because of 

obstacles which develop during deformation and force cross 

slip. The ease of cross slip is influenced by the 

metallurgical factors including stacking fault energy and by 

the frequency of testing. These factors also help determine 

the width of the persistent slip bands< 2 2 >. Increases in 

band width have been generally observed to occur with 

increase in the stacking fault energy< 23 , 24 >. In the case of 

copper zinc alloys, the addition of zinc lowers the stacking 

fault energy and promotes the formation of a persistent band 

structure with very narrow bands. The narrow bands and the 

limited ability to cross slip cause the dislocation 

substructure to be arranged in the form of a ladder< 24 >. 

The reverse slip that accompanies reversed cyclic loading 

causes the formation of fine slip bands at the exterior 

surface of a fatigued sample. These slip bands have been 

interpreted as grooves or ridges on the specimen surfaces 

because of their physical appearance. The number of active 

slip planes involved in the process determines the extent of 

local deformation and therefore the depth or height of the 

groove. When many planes are active, the grooves which 
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should be termed striations, are shallow and undulating. If 

however, only a few slip planes are active, sharply defined 

crevices or ridges are formed. The formation of these 

surface defects is similar to the extraction of thin ribbons 

of metal from the surface and because of the extension of 

the metal beyond the original exterior surface, the ribbons 

or ridges are termed as "extrusions". In most cases, the 

formation of an extrusion is accompanied by the formation of 

crevices or indentations which are termed "intrusions". 

Inspite of the tendency for intrusion-extrusion association, 

extrusions have been observed without associated intrusions 

and more frequently 

extrusions< 2 5 > • The 

extrusion 

condition 

is dependent 

because the 

intrusions 

tendency to 

without associated 

form intrusion and 

on specimen orientation and stress 

active slip direction must be 

perpendicular to the surface for effective formation of 

either intrusions or extrusions. 

Extrusions and intrusions have been observed to occur 

over a wide range of stress, temperature and other test 

conditions< 2 s>. These surface features may not be important 

to final fracture even though slip bands, intrusions and 

extrusions do serve as sites to initiate cracking< 25 >. Thus 

these dislocation rich regions are involved in the fatigue 

process. It should be emphasized that all extrusions and 
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local heterogeni ties are not sites for the formation of 

microcracks. 

Postulated motions of individual dislocations have served 

as the basis for the formulation of several different 

proposals for the formation of intrusions and extrusions. 

The earliest conceptual model of extrusion formation was the 

association of extrusions with the formation of "soft zones" 

in slip bands. These soft easily deformed zones were thought 

to be generated by local recrystallization< 261 • 

Subsequent investigators< 27 > proposed a sequential duplex 

slip process for intrusion-extrusion development (Figure 

2.2). This process involved sequential motion of 

dislocations from two sources. The resulting displacements 

after several fatigue cycles is the formation of an 

intrusion and extrusion pair. The basic flaw in this 

proposal is its inability to explain how intrusion extrusion 

pairs can be generated if only one slip system is operative 

and to explain the formation of intrusions or extrusions 

without association. An alternate proposal< 2 8 > suggested 

that a screw dislocation completed a closed circuit by cross 

slipping from one plane to another under cyclic loading. 

Such closed loop cross slip would extrude material during 

each cycle until the extrusion finally intersected the 
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Cottrell Hull mechanism of intrusion/extrusion 
formation< z 7 > 

(S 1 and s2 are dislocation sources - in 
Figures band d, s1 is operative and in 
Figures c and e, s2 is ·operative.) 
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surface. This mechanism might be applicable to extrusions 

and can explain the lack of association between intrusions 

and extrusions but it does not explain the formation of 

intrusions. This proposal was subsequently extended< 29 > by 

adding the assumption that different paths were followed for 

the positive and negative displacements. During the first 

half of the cycle, the screw dislocations moved in a plane 

ABCD (see Figure 2.3) while edge dislocations (E) moved in 

the plane EFGH, pulling Lerner Cottrell dislocations ( L-C) 

from ABCD. When the cycle is reversed the dislocations of 

opposite sign take the L-C dislocations back to the plane 

ABCD and impede the motion of screw dislocations. These 

screw dislocations can move further only through the process 

of cross slip. This leads to the formation of intrusions and 

extrusions, often in the same slip band. The above model 

lacks support from experimental observations, because 

dislocations with appropriate burger's vector have not been 

observed in metals that develop wavy slip bands and barriers 

such as Lerner Cottrell dislocations do not move< 17 >. 

However, some support for this mechanism has been obtained 

in studies of copper-12% aluminum alloys< 16 > which undergo 

planar slip. 

A third mode 1 for intrusion extrusion development 

postulated that two screw dislocations could terminate on 
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the surface in the presence of a subsurface node< 30 >. Under 

conditions of alternating stress the screw pair would move 

in the circuit as shown in Figure 2.4 and if cross slip was 

possible a collinear intrusion extrusion pair would result. 

The major drawback in this mechanism was its lack of 

correlation with experimental observations. Additionally the 

model does not account for the rapid formation of extrusions 

early in the fatigue process. 

The failure of these earlier models to explain the 

observed tendencies for the formation of intrusions and 

extrusions coupled with the observation that a large number 

of dislocation dipoles developed during rapid hardening led 

to the proposal that dislocation loops could be swept to the 

surface by the motion of edge dislocations< 31 > • During 

cyclic loading, dislocation loops are formed in the near 

surface layer of the fatigued component because of vacancy 

or interstitial condensation and are transported towards the 

surface by dislocations moving from the interior of the 

sample. If the majority of these vacancy loops move to the 

surface then this results in intrusions. On the other hand, 

if the loops were interstital the result would be 

extrusions. One of the major drawbacks of this model 

concerns the experimental observation that extrusions form 

more readily in annealed than in cold worked metals when the 

model predicts the reverse situation< 32 >. 



Figure 2.4 
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Proposed Model for intrusion/extrusion 
formation involving circular motion of 
screw dislocations attached to a node< 3 a> 
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Another early simple model for intrusion/extrusion formation 

was based on a single operative slip system in a sample that 

underwent different amounts of slip on parallel planes. If 

tensile loads caused deformation on plane A and compressive 

loads caused deformation on plane B, the result would be the 

formation of peaks and valleys as shown in Figure 2.5. This 

model does not explain why alternating the loads resulted in 

monotonic deepening of valleys and raising of peaks< 34 >. An 

alternative mechanism< 35 > was based on the traverse of edge 

dislocations across a forest of screw dislocations. The edge 

dislocations would form jogs on the screw dislocations. This 

jog would result in the formation of kinked steps during 

tensile loading. During compressive loading, edge 

dislocations of opposite sign would interact with forest 

dislocations. If this interaction was on the same plane the 

jogs would be removed and no surface irregularities would be 

formed. On the other hand, if the forest dislocations moved 

or if the edge dislocations moved on another plane 

restoration would not occur and an intrusion extrusion pair 

topography would be established. This mechanism can explain 

the formation of extrusions at grain boundaries through the 

interactions of forest dislocations with grain boundary 

dislocations. These explanations coupled with the observed 
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dislocation structures in metals which undergo both wavy< 3 s> 

and planar< 37 > slip suggests that this model may be the most 

promising explanation for the formation of intrusions and 

extrusions. However, further refinements are necessary, to 

explain the formation of intrusions without associated 

extrusions. 

The processes 

intrusions and 

described 

extrusions 

for the development 

assume that obstacles 

of 

to 

dislocation motion do not play major roles in the 

development except for the potential roles of forest 

dislocations and dislocation 

materials, this assumption may 

potential particles, inclusions, 

such defects. In fact these 

loops. In engineering 

not be valid because of 

grain boundaries and other 

preexisting metallurgical 

defects may be critical to the process of crack nucleation. 

Although, intrusion and extrusion development is important 

in the crack nucleation processes, the emergence of 

intrusion and extrusion is dependent on the formation of 

slip bands which in turn are influenced by metallurgical 

defects. Models for crack nucleation should therefore 

include both the effects of microstructural evolution during 

the fatigue process and the effects of preexisting 

microstructural defects. 
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Models for Crack Nucleation. 

Various roles for the participation of microstructural 

defects in the nucleation of fatigue cracks have been 

proposed. Early investigators 1381 interpreted the generation 

of dislocation loops as an indication that the large number 

of vacancies present during fatigue contribute to the 

failure process. The formation of vacancies is largely due 

to the cyclic dragging of j egged dislocations. The 

coalescence of sufficient vacancies would result in the 

formation of microvoids. If coalescence took place on a 

specific plane such as the slip plane, continued generation 

of rnicrovoids should destroy the coherency of that plane. 

Holes or microvoids have been found in slip bands and at 

grain boundaries, but the role of the fatigue process in 

their development is not clear< 39 >. If vacancies play a 

critical role in initiation processes, then the tendency for 

fatigue crack initiation at low temperatures must be limited 

because the condensation of vacancies requires diffusion 

unless large numbers of vacancies are formed locally. This 

vacancy condensation model then predicts that fatigue 

processes should be accelarated as the test temperature 

increases. This is in agreement with experimental 

observations and suggests that vacancy motion enhances 
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fatigue failure mechanisms. Vacancy diffusion is also 

involved in creep processes. Thus, elevated temperature 

fatigue may, in many ways, be related to creep. However, it 

is clear that vacancy diffusion is not required for fatigue 

processes to operate. Crack initiation can occur simply by 

dislocation motion. 

Coarse slip on alternating slip systems, similar to those 

illustrated in Figure 2.2 for the development of intrusion, 

can lead to the development of a fatigue crack< 4 0 > ( Figure 

2. 6a}. During cyclic loading in tension, dislocation 

sources are activated and extensive movement takes place on 

the active slip planes. Excess dislocations of one sign 

also remain on these active slip planes. The slip step 

formed acts as a stress raiser and promotes slip on a nearby 

slip system ( Figure 2. 6b} . Activation of this slip system 

leads to the displacement of the first system and the 

formation of excess dislocations on the second slip plane. 

The compression cycle then moves the excess dislocations on 

both slip systems, these dislocations can combine and 

promote the initiation of a microcrack. Steps in this 

sequence are shown in Figure 2.6. This failure initiation 

process involves highly localized plastic deformation and 

may therefore be particularly important for metals in which 

crack blunting by dislocation avalanches on numerous slip 
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planes is unlikely. Thus the model should be applicable to 

systems which generally undergo limited plastic deformation 

or have high lattice friction stresses such as precipitation 

hardened metals. 

Metallurgical defects such as grain boundaries may also 

serve as crack initiation sites. At least two models for 

grain boundary nucleation have been proposed: one model is 

based on plastic instability,< 41 > while the other is based 

on slip in adjoining grains< 4 2 > • The instability cases 

assume that in the absence of grain boundaries plastic 

strain is homogeneous along the specimen surface. Grain 

boundaries obstruct such homogeneous deformation and promote 

plastic instability on the boundary. Such strain 

localization is frequently on the surface of large grain 

polycrystalline metals which are plastically deformed. In 

some cases, this localized strain forms a crease which 

increases in depth during fatigue cycling. This crease forms 

a strain concentration which continues to increase until it 

results in the formation of a microcrack. The slip defect 

interactions assume that strain gradually accumulates at a 

dislocation block such as a grain boundary or second phase 

particle. The strain accumulation subsequently forms a step 

at the matrix block interface and when the stress 

concentration due to the step is sufficiently high a crack 

develops. 
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A guanti tative model for crack nucleation has not been 

developed and there is no clear definition of the point at 

which a crack differs from a metallurgical defect. Neither 

is there a definition of when crack nucleation ceases and 

crack growth begins. Thus the 

aggressive 

influence of external 

parameters 

complicate 

such 

the 

as environments further 

evaluation of nucleation. Furthermore, 

numerous real engineering metals contain inclusions, surface 

flaws and other metallurgical defects which could be assumed 

to be prexisting crack nuclei. The mechanical and 

microstructural features which are involved in the process 

of crack nucleation may alter these localized conditions and 

cause structural evolution during cyclic deformation. This 

evolution 

processes 

including 

may be critical to 

and influenced by 

cyclic frequency, 

crack nucleation growth 

experimental variables, 

plastic strain, test 

environment, cyclic waveform and test temperature. When the 

test environment influences fatigue behavior the process is 

termed corrosion fatigue. 
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Environmental Effects on Crack Initiation. 

Environmental effects on fatigue crack initiation has 

received little attention particularly in recent years when 

studies with precracked compact tension specimens have 

dominated the fatigue testing area. Consequently most of the 

data in this area are from the analysis of the results of 

rotating beam tests. Early studies of the effects of 

gaseous environments compared fatigue lives of smooth 

samples tested in vacuum or inert gas with the fatigue lives 

of companion samples tested in air or oxygen. Tests in the 

inert environments showed appreciable increases in fatigue 

life for a wide variety of engineering alloys including low 

carbon stee1s< 43 >, copper and brass< 43 >, nickel < 4 4 l 

lead< 45 >, armco iron< 45 > silver< 47 > and aluminum alloys< 49 >. 

Inspi te of these encouraging results, little attention was 

paid to separating crack initiation effects from crack 

propagation. This lack of attention has been partly due to 

the difficulties associated with defining the end of crack 

initiation and start of crack propagation. The effects of 

aqueous environments have been studied in greater detail 

than the effects of gaseous environments. The important 

variables which have been shown to affect crack nucleation 

in aqueous environments include alloy composition< 49 > 

temperature<So>, solution chemistry<Sl>, frequency< 52 >, heat 
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treament < 5 3 > and the polarization characteristics of the 

meta1< 53 , 54 >. 

Early experiments with mild steel specimens in deaerated 

3% sodium chloride solutions showed that a critical 

corrosion rate was necessary to initiate corrosion fatigue 

failures< 49 >_ When the same material was exposed to 

artificial sea water at elevated temperatures, shallow and 

uniformly distributed pi ts were found over the surface. 

These pi ts served as initiation sites< 5 0 > for corrosion 

fatigue failures. Both of these results thus suggested that 

corrosion induced defects could enhance fatigue crack 

initiation. The observations from several other studies 

have shown that a number of variables involving various 

mechanisms promote the fatigue initiation processes .. 

Mechanisms for Crack Initiation. 

The near surface regions of specimens tested in fatigue 

undergo pronounced deformation and the characteristics of 

this deformation can be significantly altered by external 

environments. Several mechanisms< 55 - 5 e> have been proposed 

to explain the effects of environments on crack initiation. 

For gaseous environments these mechanisms include: 

1) Obstruction of reversible slip< 551 • 
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2) Inhibition of crack rewelding in slip bands< 55 >. 

3) Reduction of surface energy at the crack tip< 57 >. 

4) Formation of bulk oxide< 58 >. 

Early investigations< 5 5 > suggested that the slip bands 

produced during cyclic deformation in oxygen rich 

environments became regions of high oxygen concentrations. 

These high concentrations were developed because of the 

oxygen diffusion into these regions of strain induced high 

vacancy concentrations. Because of the localized strain and 

hence localized vacancy development, oxygen was assumed to 

segregate at these sites. Such segregation was also thought 

to influence the formation of surface cracks. The dissolved 

oxygen in the slip bands could retard the rewelding of 

incipient cracks, thereby promoting microcrack formation 

(Figure 2.7). This model assumes that the interaction 

between the metal and oxygen occurs before crack initiation 

and that this interaction plays a major role in crack 

development. Metals such as gold do not react chemically 

with oxygen< 59 >, hence this model for environmental effects 

cannot be applicable to all metals. 

Experiments with aluminum, copper and nickel, showed that 

the effect of environment on fatigue processes decreased 

after crack initiation was completed. This observation is 
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not in agreement with an environmental effect on rewelding 

because as a crack develops the presence of higher local 

stresses, increasing amounts of cold work, and thus higher 

oxygen concentration should enhance the rewelding 

effects< 60 >. This observation coupled with the lack of any 

major environmental effects of the different inert gases 

such as helium or nitrogen suggests that a variety of gases 

were as effective as vacuum in preventing crack growth. If 

rewelding were unlikely, adsorption of helium and or 

nitrogen should retard the process and thus fatigue in 

helium should be different than fatigue in vacuum. This 

effect is not observed; thus these results imply that 

neither 

phase 

interference with 

adsorption can 

a rewelding mechanism nor 

satisfactorily explain 

gas 

the 

environmental effects on crack initiation processes. 

The most promising mechanism proposed to explain 

environmental effects on crack initiation appears to be the 

formation of bulk oxides during deformation. These bulk 

oxides can interact with slip processes and thus influence 

the fatigue process. Support for this proposal has been 

drawn from experiments on single crystals of aluminum tested 

in both air and vacuum environments< 61 > • The prime near 

surface deformation characteristic of samples tested in 

vacuum was dislocation pile ups while numerous dislocation 
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dipoles were observed in samples tested in air. This 

observation is consistent with the conclusion that oxygen in 

the inert environment reacts with metal at the emerging slip 

steps. Such oxidation would promote local hardening and 

decrease the tendency for slip reversibility. The lack of 

reversibility would promote the operation of parallel slip 

systems and the formation of dislocation dipoles. This 

conclusion was further strengthened through fatigue tests of 

aluminum alloys which showed that striations were absent 

when the alloys were fatigued in vacuum< 62 >, but were 

readily visible if the alloys were fatigued in air< 6 3 >. 

Because striation formation requires localized crack tip 

hardening, the presence of striations in the air fatigued 

samples is consistent with oxygen effects on deformation 

characteri sties. Continuing experiments< 6 4 > to refine the 

localized oxidation model revealed that both the mechanical 

properties and the nature of the oxide rich regions formed 

on the specimen were affected by the environment. 

The elastic modulus of oxide film on aluminum cycled in 

vacuum (low oxygen pressures) was about four times greater 

than that formed on samples cycled in laboratory air. This 

stiffer oxide film contributed to a reduction in the amount 

of surface slip. The presence of moisture in the laboratory 

air resulted in the formation of a hydrated oxide which 
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tended to continue to absorb moisture. These hygroscopic 

oxides were easy to rupture and allowed easy emergence of 

dislocations. This ease of near surface dislocation motion 

facilitated crack initiation. 

Fatigue tests of 1100 aluminum alloys showed that the 

number of cycles to failure was independent of the partial 

pressure of oxygen above 300 Torr and below 10- 2 torr<ss>. 

This observation led to the postulate that the strength of 

an oxide film was dependent on the oxygen partial pressure 

at intermediate pressure ranges and that this strength 

determined the behavior of the near surface deformation 

regions (Figure 2.8). The formation of thick strong oxide 

during air exposure inhibits the egress of dislocations and 

results in the accumulation of a large amount of debris in 

the near surface regions. The presence of this debris could 

promote the formation of cavities and voids< 55 > and result 

in accelarated initiation. The formation of thin surface 

films at low oxygen partial pressures would not inhibit the 

egress of dislocations to the free surface and hence cavity 

formation or void linkage could be delayed, and the fatigue 

life increased. Similar studies with lead showed that a 

larger degree of surface rumpling occured when fatigue 

cycling was conducted in vacuum than when cycling was 

conducted in air. The lack of rumpling in air tested samples 
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was attributed to the ease of grain boundary cracking. This 

cracking relieved the surface stresses and inhibited slip 

which lead to surface deformation. The net result of the 

fatigue processes was the formation of intergranular cracks 

in air cycled samples and the formation of transgranular 

cracks when samples were cycled in a vacuum. The tendency 

for grain boundary cracking was related to the reduction in 

grain boundary energy caused by the absorbed oxygen from the 

atmosphere< 55 >. Thus both the aluminum and the lead studies 

showed that oxygen in the test environment played a 

significant role in the crack initiation process. 

Other investigations have shown that the presence of a 

thin oxide film reduced the slip intensity in nickel base 

superalloys< 57 > and promoted intergranular fatigue crack 

nucleation in stainless steels< 6 8 > • The intergranular 

nucleation was caused by localized oxidation (as modelled in 

Figure 2.9) and the subsequent formation of a oxide induced 

notch. The ease with which oxygen forms a monolayer 

coverage of the surface in either normal 10- 5 torr vacuum or 

in air environments and the slip process interference caused 

by these films must still be questioned because tests in 

ultrahigh vacuums with samples that contain no oxide film, 

have yet to be performed. 
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Several additional mechanisms for environmental effects on 

fatigue 

tested 

crack nucleation have been proposed 

These 

for samples 

mechanisms in aqueous environments. 

include:< 17 > 

1) Pitting, where nucleation of cracks takes place at pits 

formed through corrosive attack. 

2) Preferential dissolution, where highly deformed material 

acts as a local anode with the surrounding undeformed 

material acting as a local cathode. 

then serve as crack nucleation sites. 

The anodic regions 

3) Rupture of protective oxide films, where localized 

corrosion occurs in the metal immediately below deformation 

induced rupture of the protective oxide. Fatigue then starts 

at the regions of localized attack. 

4) Surface energy reduction, where adsorption of 

environmental species promotes Griffith type crack growth by 

reducing the surface energy. 

A cursory glance at the above mechanisms suggests that 

localized preferential 

gaseous environments 

electrochemical cells 

dissolution may be unlikely in 

because development of local 

require the presence of an 

electrolyte. However, mechanisms have been developed for 

pitting, and adsorption induced surface energy reductions in 

gaseous environments. 
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Pitting in gases has been generally 

Other nonoxidizing oxidizing environments. 

induce pitting but may 

fatigue initiation. The 

restricted to 

gases, do not 

significantly enhance 

pitting model is 

corrosion 

therefore 

applicable to specific metal/environment systems. Pitting is 

also metal/environment specific in aqueous systems. Low 

carbon steels were highly susceptible to corrosion fatigue 

in acid solutions inspi te of a total lack of formation of 

pi ts< 5 6 >. Similar susceptibility to corrosion fatigue has 

been observed in steel samples tested in deaerated solutions 

while under small impressed anodic currents< 54 >. Thus the 

pitting model cannot be a generalized mechanism for 

corrosion fatigue of metals. 

The rupture of a protective oxide film allows the 

surrounding environment to be exposed to the underlying 

metal. This exposure can produce localized attack. The 

attack removes metal from the structure and thereby affects 

further deformation processes. Locally enhanced deformation 

can then destroy the developing protective film and the 

cyclic film rupture will affect local deformation processes 

and accelarate fatigue. 

The development of near surface dislocation arrangements 

and hence the initiation of fatigue cracks can also be 
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influenced by the test environment because of the 

environmental effects on the image forces acting on 

dislocations. Dislocations are attracted toward a free 

surface because of a force of magnitude 

F = µ b 2 / 4 1r t 

where µ is the shear modulus of the material, b is the 

Burgers vector of the dislocation and t is the distance 

between the dislocation and the free surface. A schematic 

arrangement of this situation for a dislocation line normal 

to the point A is shown in Figure 2.10. If the free surface 

is replaced by a substance (oxide film) of modulus µ' the 

dislocation at A is attracted toward the surface ifµ' ~ µ 

but is repelled if µ' > µ < 6 9 l Clearly most engineering 

materials do not have a "free surface" but are covered with 

a surface film of some type. If that film is an oxide, the 

modulus of the oxide will depend on the moisture content. 

For example, Al 2o3 has a much higher modulus than Al 2o3 .6H 2o 
and the modulus of aluminum is intermediate between these 

two films. Thus surface coverage of aluminum with a "dry" 

oxide should retard dislocation motion to the surface and 

thereby inhibit the development of intrusions, extrusions 

and other precussors to crack initiation while coverage with 

a "wet" oxide should not significantly retard dislocation 

motion to the surface. This analysis is in agreement with 
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Shear Modulus of Solid is A 

E'igure 2.10. Schematic of dislocation arrangement 
at a free surface. 



45 

the enhancing effects moisture is known to have on fatigue 

crack growth in aluminum alloys. The presence of a free 

surface also results in an attractive force which promotes 

the adsorption of the gaseous species on the surface to 

lower the surface energy. 

Reductions in surface energy by gas adsorption should 

increase the fatigue crack growth rates because the surface 

energy can be related to the fracture stress by the 

expression: 

a = (2 E o/ ir a) 112 

where 'E' is the Young's modulus, o is the surface energy 

and 'a' is the crack length. 

Clearly the Griffith expression is for brittle behavior, 

however modifications of this equation always show that the 

ease of fracture increases as the surface energy is reduced. 

Some investigations< 70 > have even associated this reduction 

in surface energy with the ease of formation of slip bands. 

Early investigators< 71 , 72 > concluded that similar adsorption 

processes occurred in aqueous solutions; however, it was 

later suggested that the aqueous environments, particularly 

acids, dissolved protective films and allowed slip processes 

to occur easily. 



46 

One major objection to the surface energy model for 

environmental effects is that oxygen adsorbs more strongly 

than hydrogen, yet its potency as an embri ttling agent is 

not as severe as hydrogen. In experiments with steels, 

investigators have shown that additions of small quantities 

of oxygen into hydrogen environments can significantly 

retard the crack growth rates< 73 >. The concept of relating 

the reductions in surface energy to slip processes also does 

not seem to be entirely sound because slip processes in gold 

are activated in an aqueous environment< 55 >, even when there 

is ·an absence of a surface layer. 

Analysis of the models presented to explain the effects 

of either gaseous or aqueous environments on fatigue 

suggests that there is no universally applicable mechanism 

for corrosion fatigue. One common situation however, 

involves the rupture of protective films and this process is 

probably involved in many corrosion fatigue failures. The 

models proposed to explain the effects of gaseous 

environments require a large influence of environment on 

deformation processes, while the models to explain the 

effects of aqueous environments require an active role for 

corrosive processes. Both these effects, deformation and 

corrosion, contribute to the metal/environment interactions 

during corrosion fatigue and in general, both effects must 
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be considered, to develop a clear understanding of the 

processes involved in the failure. 
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FATIGUE CRACK GROWTH 

The accelarating effect of aggressive environments on the 

fatigue crack growth has been observed on a wide variety of 

metals and alloys< 74 - 91 >. Several models for such enhanced 

growth have been proposed. However, to evaluate these models 

an understanding of general fatigue must be developed. The 

earliest model for general fatigue was based on the "damage" 

concept, where the cyclic hardening of plastic zone ahead of 

the crack tip was considered to control the process< 8 2 > • 

Fatigue crack growth processes were shown to involve 

repeated blunting and resharpening< 6 0 >. Such blunting and 

sharpening should involve localized plastic deformation 

which has been assumed to be fully reversible. This model 

for crack tip displacements has been most widely accepted 

because it does not make any assumptions about the 

dislocation mechanisms or substructure development. This 

classic model has been extended to assume that the crack 

growth rate per cycle should be related to the crack tip 

opening displacement< 93 >. Fatigue can also be modelled 

without crack tip blunting or resharpening by assuming 

relative displacements between the upper and lower parts of 

the crystal< 8 4 >. One advantage of this model is that it 

does not require a normal crack opening component of stress 

and this is compatible with Mode III fatigue crack growth. 
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The displacement model may also be applicable to metals 

which have a limited ability to cross slip and thus cannot 

easily undergo fully reversible plastic deformation. There 

are numerous other models for fatigue which are typically 

based on repetitive plastic deformation at the crack tip and 

simply invoke different specific forms of slip processes at 

the crack tip<Bs>. 

In recent years, the primary approach to fatigue studies 

has been based on fracture mechanics. The ability to use 

incremental crack extension data rather than the 

conventional "cycles to failure" fatigue data significantly 

enhances the ability of design engineers to include fatigue 

processes. Furthermore, the assumption that flaws are 

inherently present in engineering structures and the ability 

to measure the fatigue response in aggressive environments 

has allowed for design parameters to be based on "fail safe" 

concepts. 

It has been well established that fatigue crack 

propagation rates ( da/dn) in metals generally varies with 

the alternating stress intensity factor ( ~K= Kmax - Kmin ) 

(Figure 2.11). In most metals, crack growth rates vary over 

a wide range, typically between 10- 9 and 10- 2 mm/cycle. At 

low crack growth rates typically below 10- 5 m/cycle, little 
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is known about the mechanisms of crack growth, although 

growth rates are strongly sensitive to microstructure, mean 

stress (characterised by load ratio; R = K. /K ), and the min max 
environment. This region of growth is termed as Stage 1. 

The threshold stress intensity below which no cracking 

occurs is termed AK0 . At crack growth rates between 10- 6 

and 10 - 3 mm/cycle, k" d b t l crac ing procee s y a ransgranu ar 

ductile striation mechanism and the growth rates are 

insensitive to microstructure and mean stress. This region 

is denoted as Stage 2 or the Paris law region where da/dn is 

related to AK by 

da/dn = C AKm 

where C and mare scaling constants. 

In cases where oxides or corrosion products build up or 

where surfaces are very rough the Paris law does not appear 

to be followed unless AK is replaced by AKeff" The 

effective stress intensity is defined as: 

t.K = K -eff max K cl 
where K cl is the stress intensity factor at which the two 

fracture surfaces first contact each other during the 

unloading portion of the cycle. Such contact prevents 

further crack closure and thereby lowers the cyclic stress 

intensity. 
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At growth rates, above 10- 3 mm/cycle, instability is 

approached prior to final failure and the crack growth rate 

is much faster than that predicted by the Paris equation. 

This region is often termed as Stage 3 of the fatigue 

process. Crack growth in this stage is influenced by 

microstructure, mean stress and component thickness but is 

not significantly affected by the test environment. The 

fracture mode in this region varies from cleavage to 

intergranular to fibrous fracture. 

The 

with 

above observations 

observed effects 

of fatigue crack growth coupled 

of environments led to the 

categorization of the process of corrosion fatigue crack 

growth into three types of behavior< 8 7 > ( Figure 2. 12) . In 

type A behavior, termed "true corrosion fatigue", the 

combined action of cyclic loading and corrosion, enhance 

crack growth under all conditions of loading except when the 

component is loaded to very high ~K so that the system 

undergoes very rapid rates of crack growth. In this rapid 

growth stage, the cause of crack growth is mechanical and is 

so rapid that it overshadows any effect of the chemical 

processes related to corrosion. This "true corrosion 

fatigue" behavior has been observed in the aluminum alloys 

tested in water< 8 8 , 8 9 > • However, even in this system, the 

environmental effect was a function of the material 
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and state of stress at the crack tip. Test frequency and 

temperature were also found to affect the crack growth rates 

in "true corrosion fatigue". 

The second or Type B behavior, termed as "stress 

corrosion fatigue", exhibits little or no environmental 

effects at low values of AK where the crack growth rates are 

very low. These low levels represent tests at stress 

intensities below the threshold stress intensity for stress 

corrosion cracking. This threshold stress intensity 

represents the minimum value of stress intensity necessary 

to cause crack growth(Krscc>· Environmental contributions to 

cyclic crack growth therefore only occurs at the high AK 

values where sustained crack growth can occur. This type of 

behavior is exhibited by numerous steels fatigue tested in 

gaseous hydrogen environments< 89 , 90 >. Even in these cases 

crack growth rates depend on cyclic frequency, 

intensity level, stress ratio and waveform. 

stress 

The third or Type C behavior is a combination of the A 

and B types. Because of this combination, Type C behavior 

can be generally adapted to describe fatigue in many 

metal-environment systems. 

Curve fitting to these three types of behavior has led to 

several models for the fatigue processes< 9 i- 94 >. Each model 
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uses a different mathematical approach to formulate the 

problem and after the model has been developed the 

formulation can be predictive in some senses. These 

approaches will be reviewed in a later section of this 

dissertation. 

Rate Controlling Processes in Fatigue Crack Growth. 

The mechanism of corrosion fatigue crack growth involves 

the interactive kinetics of the numerous processes. The 

major processes that take place during corrosion fatigue 

crack growth are illustrated schematically in Figure 2.13. 

First, the aggressive environment must be transported to the 

crack tip region. The transport kinetics depend on crack 

geometry, ion exchange rates and other specimen and 

environment variables. Local or crack tip reactions can 

significantly alter the environment at the crack tip 

particularly in aqueous solutions. The local crack tip 

chemistry may differ significantly from the bulk solution 

chemistry and affect the crack growth rates. Build up of 

corrosion deposits can also alter the local crack tip 

stresses through mechanisms involving crack closure. As the 

crack advances, the newly exposed material will react with 
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the local environment and the deformation or dissolution 

processes will depend on the nature of the localized 

environment rather than on bulk solution chemistry. 

The crack tip corrosion can also produce deleterious 

atoms or ions such as hydrogen, which can diffuse ahead of 

the crack tip where localized damage can occur because of 

the accumulation of that atom(ion). This accumulation may 

occur through dislocation transport or pipe diffusion along 

grain boundaries as well as bulk diffusion processes< 9 4 > • 

This is thought to influence fatigue of aluminum in water 

vapor and of steel in gaseous hydrogen environments. In 

aluminum, transport of water vapor to the crack tip and the 

reaction of the moisture to freshly exposed aluminum< 9 2 > 

controls crack growth rates while in stee1< 93 > adsorption of 

hydrogen at the 

Clearly both of 

surface is the rate determining process. 

these processes would be influenced by 

formation of a protective film on the specimen. Film 

formation can be affected by cyclic frequency, loading 

conditions, and waveform and thus these variables can affect 

fatigue crack growth. 

Analysis of the nature of the cracking process has led to 

the formulation of six different steps, any of which can 

determine growth kinetics< 95 >. These steps are: 
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1. The supply of reactants and removal of products from 

the crack tip region. 

2. Reactions at the crack tip surface. 

3. Diffusion of atoms ahead of the crack tip. 

4. Rupture of protective films by straining. 

5. Production of freshly fractured surfaces by fatigue 

processes. 

6. Build up of corrosion products which influence crack 

closure and the effective stress intensity. 

The above processes can act independently or 

synergistically and the importance of each process may be 

different for each metal/environment system. Any mechanism 

which is proposed for fatigue crack growth must therefore 

establish the rate controlling process before fatigue crack 

growth rates can be predicted. 
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Proposed Mechanisms for Corrosion Fatigue. 

Several different mechanisms have been proposed to 

explain corrosion fatigue behavior of metals. These 

mechanisms include: 

1) Anodic or strain enhanced dissolution increasing the 

extent of crack growth during each cycle< 79 , 961 • 

2) Reductions at the crack tip to lower the surface energy 

and increase the ease of fracture< 791 • 

3) Hydrogen accumulation ahead of the crack tip and the 

resulting contribution from hydrogen assisted cracking< 931 • 

Local anodic processes are assumed to play key roles in 

both stress corrosion cracking and corrosion fatigue of 

aluminum alloys in aqueous solutions< 93 >. The anodic 

overpotential results in the release of electrochemical 

energy which can remove material through dissolution 

processes. The rate of crack growth due to anodic 

dissolution can be expressed as: 

da/dn = K M i / Z F a P 

F is a Faraday, M is the Molecular weight of the atoms 

dissolved, i is the anodic current density at the crack a 

tip, Z is the valence of the ionic species formed, pis the 

density of the metal and K is the constant to adjust the 

units to appropriate values. 



60 

Early versions of this model proposed that the atoms with 

strained bonds at the crack were 

than atoms with unstrained 

more likely to dissolve 

bonds< 79 >. Subsequent 

modification incorporated roles for plastic strain 

associated with dislocation eggression and suggested 

preferential attack of emerging slip bands< 9 s>. Such 

preferential attack was thought to promote further slip 

because of the stress concentration provided by the 

localized removal of metal. This version of the anodic 

dissolution model is also known as the film rupture 

theory< 9 7 > because the theory assumes that the mechanical 

rupture of an otherwise protective film leads to a rapid 

localized corrosion at the film rupture site. Such attack 

leads to crack initiation at the rupture site which will 

frequently be slip bands. This attack, is followed by 

corrosion assisted crack growth due to the high stress 

concentrations associated with the forming crack. Some 

evidence for this model has been observed in mild steels and 

copper alloys< 49 , 53 >_ 

The anodic dissolution model may be used to explain 

fatigue crack growth in some aluminum alloys exposed to 

liquid phase corrosive solutions, but does not explain the 

marked reductions in fatigue life of aluminum alloys exposed 

to water vapor or deaerated distilled water 
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environments< 7 9 >. Other difficulties in generalizing this 

model lie in the fact that corrosion fatigue of high 

strength steel in aqueous solutions and gaseous hydrogen 

showed no major differences in the crack growth 

behavior< 93 >, in spite of major differences in the tendency 

to corrode. These results suggest that the "dissolution" 

concept cannot be invoked as a general mechanism for 

corrosion fatigue. 

Adsorption of specific species at surfaces may lower the 

local bond strength and enhance the fatigue crack growth 

rate in metals. Some investigators< 98 , 99 > have proposed that 

surface energy reductions can also enhance the crack tip 

plasticity. Localized weakening of bonds or enhancement of 

ductility could promote crack initiation and enhance crack 

propagation. However, in direct conflict with the plasticity 

enhancement, it has been proposed that the crack tip 

plasticity could be reduced by adsorption, thus inducing 

brittleness and promoting fracture. Because of such diverse 

possibilities, the adsorption theory has not met with wide 

acceptance. Furthermore, in the total balance of energy, the 

contribution of plastic energy is significantly higher than 

that of surface energy by about 1000 to 1< 93 > • Thus, any 

reductions in surface energy should significantly contribute 

towards increased crack growth rates for ductile fatigue 
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failure. In addition to this observation, and in spite of a 

sound thermodynamic basis< 99 > for brittle fracture, the 

reduced surface energy model lacks a clear delineation of a 

mechanistic path in systems where fatigue is accelarated by 

the SO 4 - ion, ion, oxygen and hydrogen and the 

accelarating effects are not as would be predicted by an 

adsorption induced lowering of the surface energy. 

Adsorption and ingress of hydrogen atoms into metals is 

generally controlled by the cleanliness of the metal 

surface. Fresh surfaces may be provided near the crack tip 

during each fatigue cycle if the protective film is 

ruptured. Therefore hydrogen may enter the crack tip region 

if the sample is exposed to either hydrogen gas or the 

moisture which can react with the freshly exposed metal to 

form a metal oxide and liberate hydrogen. Also fatigue in 

aqueous solutions can liberate hydrogen through the cathodic 

reactions near the crack tip. Simultaneously, oxygen 

reduction may be the cathodic reaction at regions remote 

from the crack tip. This produces a differential aeration 

cell and in the case of iron samples, it leads to the 

formation of Fe 3o4 at the crack tip and Fe 2o3 at sites away 

from the crack tip< 93 >. The major assumption in this 

analysis is that hydrogen is absorbed rather than being 

evolved as bubbles at the crack. Such bubble formation would 
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limit access of the corrodent to the metal at the crack tip 

and could inhibit the corrosion fatigue process. 

The iron/water system provides an example where the crack 

tip corrosion reactions may be expressed as: <93> 

Anodic Fe Fe 2 + + 2e-

3Fe 2 + + 4 H2o = Fe 3o4 + SH+ + 2e-

Cathodic H+ + e- = 1/2 H2 (g) 

The equilibrium values for the above reactions were 

calculated to be< 93 >: 

E = -0.602 V, pH= 8.8 

aFe2+ = 3 x 10- 6 , pH2 = 662 atm. 

Clearly this predicted hydrogen pressure is quite high and 

correspondingly the hydrogen adsorption tendency should be 

high. Thus, if hydrogen recombined at internal defects the 

high gas pressures at these defects could drive the fatigue 

crack. The theoretical calculations based on this analysis 

predicted much higher hydrogen enhanced crack growth rates 

than those normally observed and therefore, it can be argued 

that the predicted high hydrogen pressures are unlikely. If 

such high pressures are not generated then hydrogen 

ernbrittlement must occur by some other process. 

A modification of the pressure enhanced crack growth 

mechanism< 99 > suggested that hydrogen could reduce the 
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cohesive strength of atomic bonds (decohesion). This model 

requires diffusion of hydrogen in advance of the crack. 

Thus, in corrosion fatigue, the crack growth rate per cycle 

would be governed by the distance to which the hydrogen can 

diffuse during each cycle. This diffusion distance is 

dependent on test temperature, strain gradient, frequency 

and the crack tip stress level. It is difficult to 

quantitatively estimate all these variables, thus modelling 

of hydrogen effects to predict generalized corrosion fatigue 

behavior is difficult. 

Moist atmospheres, in addition to leading to the 

liberation of hydrogen during the fatigue process, can cause 

the formation of oxide layers within the crack. Early 

observations< 100 > showed that the crack growth can be slower 

in aqueous environments than in dry gaseous environments. 

This effect was rationalized because the formation of oxide 

debris in the crack is minimized in dry environments and 

because the formation of corrosion deposits can cause crack 

closure early in the unloading process. This closure which 

reduces ~Keff is observed when tests are conducted at< 101 > 

1. Small crack tip opening displacements and therefore 

at low K levels. 

2. Highly oxidizing environments because of the ease 

with which oxide debris form. 
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3. Low load ratios because contact between fracture 

surfaces is probable. 

4. Low strength materials because plasticity induces 

surface roughness and practically addresses only 

developing cracks. 

The oxide induced closure mechanism has been found to be 

needed to explain observed crack growth rates in steels and 

aluminum alloys< 101 , 102 >. The applicability of this process 

to other metals is yet to be demonstrated. The major 

difficulty in quantifying this process is the non uniform 

oxide along the crack length and the possibility of a 

wedging action imposed by the formation of the oxide. 

It is clear that no single environmental effect will 

describe the corrosion fatigue behavior of all metals. The 

experimental observations and the state of the knowledge 

available in this area suggests that the nature of the 

process is dependent on the nature of the test environment. 

In spite of this difficulty, several general models have 

been proposed and are reviewed in the following section. 
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Proposed Models for Corrosion Fatigue. 

Proposed models for predicting the corrosion fatigue 

crack growth behavior of metals include: 

1) Process Superposition< 87 >. 

2) Process Competition< 93 >. 

3) Process Interaction< 94 >. 

Each of these models has been shown to correlate with 

specific experiments on steels and aluminum alloys but no 

single model will explain all the available results in 

steels and aluminum and little correlation has been 

developed for other alloy systems. A brief review of these 

models is presented. 

Process Superposition Model. 

The superposition mode1< 97 > assumes that the rate of 

crack growth in any environment can be predicted by summing 

the crack growth rates for pure mechanical fatigue and the 

rate for stress corrosion cracking processes. This model 

initially proposed that the processes occur simultaneously 

but without interaction. More recently the model 

incorporated possible interaction by the inclusion of a 
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corrosion fatigue term. The general form for the rate of 

crack growth in any aggressive environment is therefore the 

sum of three components< 07 >: 

(da/dn)e = (da/dn)r + (da/dn)scc + (da/dn)cf 

The first component 

pure mechanical 

(da/dn) r 
fatigue 

represents the influence of 

and is independent of 

frequency< 1 0 3 > • The contribution of the sustained load 

crack growth (da/dn) term is applicable at test levels sec 
above K <103> 

ISCC while the corrosion fatigue term, 

(da/dn)cf' involves a cycle dependent contribution which 

requires synergistic interaction of mechanical fatigue and 

stress corrosion cracking. This model is based on a 

stepwise procedure involving numerical or graphical analysis 

of data. In tests in hydrogen environments the corrosion 

fatigue term, (da/dn)cf' is assumed to be proportional 

either to the amount of hydrogen produced by the surface 

reactions or to the amount of hydrogen transported to the 

crack tip. The surface reaction will be proportional to the 

"effective" crack area produced by the fatigue process, 

while the transport process will be affected by crack width 

and length. Assuming Knudsen flow for hydrogen in the near 

crack tip region the derived expressions for growth is< 103 > 

(da/dn)cf (da/dn) f (p /2f)/(p /2f) C ,S O O S 
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for (p 0/2f) { (p 0 /2f)s 

if the process is controlled by hydrogen transport in the 

gas phase and is< 10 a> 

(da/dn)cf = (da/dn) f (1- exp (-k p /2f) C ,S C 0 

if the process is controlled by surface reactions. The 

constants p 0 and kc represent the true or effective gas 

pressure and reaction rate constant. The term (da/dn) f 
C Is 

represents the maximum enhancement in the rate of cycle 

dependent fatigue crack growth. A typical schematic of the 

comparisons between these two processes for crack growth is 

shown in Figure 2.14. The model has been shown to 

satisfactorily predict fatigue behavior in metals tested in 

single or binary gas mixtures containing upto one inhibitor. 

The derived expression can be empirically modified to 

include the ratio of partial pressures and reaction rate 

constants for the two gases. Good correlation between the 

theoretical and experimental values has been observed for 

steel< 103 >, aluminum< 1 o 4 > and titanium alloys<lDS>. The 

superposition model has also been extended to include 

aqueous environments by assuming first order reaction 

kinetics. Under these conditions several steps can limit the 

growth process and the growth caused by the ith step is< 103 > 

(da/dn) f . C , 1 
(da/dn) f . (1-exp(-l/2f ,: . ) ) C ,1,S 1 



.. -z 
'O 
o"' 
'O 10 -' u -z 
'O ..... 

0 
'O -

102 

69 

Po/2 f ( Po - s J 
I ·10 

I I 
104 103 1oz 

FREQ. (Hz)@ lk P,;o=-------

GAS TRANSPORT 
CONTROLLED 

SURFACE REACTION 
CONTROLLED 

I I 
10·1 10-z 

FREQ. (Hz)@ lk Pa 

103 10 4 10' 
Po/2f ( Po- s) 

k·t 
-•10 9 
ks 

106 

E'igure 2.14. Schematic illustration and comparison 
of gas transport and surface reaction 
controlled fatigue crack growth 1103 >. 



70 

where the quantity ti replaces the constants k P 
C 0 

and is 

inversely related to the test frequency. The quantity t. is 
1 

related to the activation energies for the controlling 

reactions by the expression< 103 >: 

= ~H. / R T 
1 

In the general sense, there appears to be good 

correlation between the theoretical and experimental crack 

growth rates. However the "theoretical II expressions are 

still basically empirical and further work is necessary to 

understand the model. It is particularly important to 

include microfracture processes at the crack tip. These 

processes are not currently incorporated in the model and it 

is also not clear which term, (da/dn)cf or (da/dn) sec is 

most dependent on the environment. In systems exposed to 

hydrogen and susceptible to delayed failure the most 

dominant contribution may well be micro structurally 

dependent, thus the lack of knowledge of microfracture roles 

could prevent the utilization of the equation. 

A different mathematical approach to the superposition 

model tried to assess the average stress intensity which 

acted at the crack tip in any one fatigue cycle< ':l 2 > • A 

threshold stress intensity value for environmentally 

·assisted fatigue crack propagation was assumed to exist 
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(KISCCF). Below this stress intensity there was no 

contribution of the environment to fatigue crack 

propagation. At K levels above KISCC the environmental 

contribution was K dependent. A fairly good correlation 

between experimental and theoretical (empirically modelled) 

crack growth rates for steels and aluminum alloys has been 

developed using this model< 921 • The major drawback is that 

frequency effects are not predictable and infact should not 

exist in this model. Since the activation energies measured 

for crack growth in steel or aluminum alloys was similar to 

that for hydrogen diffusion in these alloys, the whole 

argument really assumed that hydrogen diffusion is the rate 

controlling step. The possibility of extension of this 

model to include oxygen enhanced crack growth would appear 

unlikely because oxygen diffusion is so slow in most metals 

at room temperature. 

Both forms of the superposition model are derived from 

empirical equations and have now been refined to the stage 

of semiquantitative prediction of crack growth rates. 

However, because of the empirical nature of the models a 

reasonable correlation with experiment must exist even if 

the model has no physical basis. Any attempt to establish a 

totally quantitative model must incorporate the 

microfracture and microstructural events and distinguish the 
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role of the aggressive environment without empirical 

determination of constants and equation forms. 

Process Competition Model. 

The process competition model is based on the assumption 

that fatigue crack growth rate involves competition among 

various processes<ga>. For a given stress ratio, the 

relative roles of the competitive processes are frequency 

dependent. At low frequencies a true corrosion fatigue (Type 

A as described earlier in this review) is unlikely, while 

stress corrosion processes will dominate. Stress ratio can 

also determine which process is important for a given test 

frequency. If R is near zero or negative, stress corrosion 

is unlikely and true corrosion fatigue processes will 

dominate. 

For corrosion fatigue to occur, it is assumed that stress 

corrosion and mechanical fatigue processes are not 

additive<go>. Cracks will propagate by the easiest 

mechanism possible. The borderline between true corrosion 

fatigue and a stress corrosion contribution to fatigue can 

then be expressed as: 

(da/dt) 1/F = 
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where R and F represent the stress ratio and frequency at 

which process domination changes, KP is the stress intensity 

at the onset of the stress corrosion plateau and (da/dt)p is 

the plateau growth rate. This essentially represents a 

relationship between frequency and stress ratio in terms of 

material constants and can be expressed as: 
* n F = A/(1-R) and R* = (1-A/F)l/n 

where A = (da/dt) (1/C(K )n) p p 
Note that all constants in these expressions are 

experimentally determined because the sec plateau and the 

plateau growth rate cannot be predicted from first 

principles. This semi empirical model can be extended to 

account for the effect of the cyclic waveform on the stress 

corrosion contribution. The assumption necessary for this 

extension is that stress corrosion fatigue crack growth 

rates over the relevant tiK values can be expressed as the 

average stress corrosion crack growth rate at the maximum 

stress intensity in the cycle. 

The Paris equation: 

da/dn = C( tiK)n, 

for fatigue in an inert environment has been used to help 

calculate the environmental contribution to corrosion 

fatigue. The growth rate is the sum of the corrosion fatigue 

contribution and the mechanical fatigue component, or 

(da/dn)e = (da/dn) r + (da/dn)cf 
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if (da/dn) is of the same form as the Paris equation then e 

where D and pare constants representative of fatigue in the 

aggressive environment. 

In terms of the crack tip stress intensity this equation 

could be expressed as: 

where the d AK term is an adjustable parameter 

representative of the corrosion fatigue contribution. 

Fatigue studies on a high strength aluminum alloy< 1 0 5 > 

and stee1< 106 > using hydrogen gas showed the process 

competition model overestimated the crack growth rates. The 

predicted growth rates are much higher than those observed 

in regions below Krscc· This is the major disadvantage of 

this model. The high predicted contribution due to 

mechanical fatigue overshadowed the contribution due to 

stress corrosion cracking and predicted crack growth rates 

which are not representative of a "true corrosion fatigue" 

process, if the system is susceptible to stress corrosion. 
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Process Interaction Model. 

The process interaction model was developed to allow 

interactions to occur, particularly in alloy systems which 

exhibit a high degree of susceptibility to stress corrosion 

cracking. Due to interactions, one process may be inhibited 

or enhanced by the action of the other. A superposition 

equation which allowed for these interactions was developed 

where the fatigue and stress corrosion cracking components 

were added by; 

(da/dn) e = m 
C( aK) eff 

1/f 

+ f Ar Keff a dt 
6 

where aKeff is the effective stress intensity factor which 

is adjusted to account for blunting and microbranching. The 

term r accounts for the influence of load cycling on stress 

corrosion rate, f is the frequency and C, m, A and a are 

constants which are experimentally determined. 

As in the previous models this model has also been shown 

to correlate with data for steel and aluminum alloys in air 

and salt water< 94 >. Further experiments need to be performed 

to explain the effects of waveform and establish the role of 

inhibiting reactions before the model can 

semi-quantitatively predict corrosion fatigue crack growth 

rates. 
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All the proposed models are semiquantitative and at 

worst, strictly empirical. The susceptibility of steel and 

aluminum alloys to stress corrosion cracking and corrosion 

fatigue has resulted in the large number of experiments with 

these alloy systems. Because preliminary results show that 

the crack growth rates correlate with either of the three 

models, further work must be performed to determine the 

validity of any of these models. 

Role of Environment on Crack Growth. 

In recent years, increasing attention has been paid to 

the role of environment on the fatigue behavior of 

components and structures. Extensive research has shown 

that aggressive gaseous environments can increase the 

fatigue crack growth rates, in a wide variety of metals and 

alloys< 107 >. The environments frequently used in crack 

growth studies include humid air on aluminum< 1 0 8 >, 

titanium< 1 0 9 > and iron base alloys< 11 0 >, dry hydrogen or 

oxygen on iron< 110 >, nicke1< 1 o 9 >, titanium< 109 > and aluminum 

alloys< 109 >. Most of the early studies have compared crack 

growth in aggressive environments with growth in a reference 

vacuum environment. However, because little difference 
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exists between the growth rates in vacuum and inert gas 

environments, helium and argon have also served as reference 

environments. 

For gaseous environments to influence the fatigue 

behavior, the gas must first be adsorbed on the surface. 

This process consists of several different steps. In the 

first stage, the gas must physically adsorb. Next, the gas 

must chemically adsorb and dissociate to atomic species if 

necessary. When the reactive chemisorbed species are 

available, they can be transported into the metal or 

absorbed by diffusion and/or by association and movement 

with dislocations. The diffusion processes can include bulk, 

grain boundary or pipe diffusion. A schematic of the various 

processes involved in adsorption is shown in Figure 2 .15. 

The presence of inhibitors such as oxygen can modify the 

adsorption and 

effects of the 

absorption characteristics and 

gaseous environment. On the 

reduce the 

other hand, 

elements such as sulphur which promotes the dissociation can 

accelarate the absorption processes and increase the effects 

of the environment. 

The ability of the environment to provide a constant 

supply of active species to the crack tip can influence the 

nature of its interaction with metals and alloys. This 
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Figure 2.15. · Schematic of adsorption of hydrogen 
gas ori a clean metal surface< 731 • 
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interaction in a fatigue process can be manifested in the 

form of some local embri ttlement which contributes to the 

increase in crack length. In most cases, such contrbutions 

are simultaneously accompanied by a change in fracture 

morphology. For an embrittlement interaction to occur, the 

reactive species must be transported into the metal, or 

significantly lower the surface energy of the metal at the 

crack tip. One process by which transport can occur is 

through normal diffusion where the distance travelled by 

the embrittling species in any given time can be represented 

by: 

X = 1Dt 

where X is the distance travelled, 

D is the diffusion coefficient, 

t is the time. 

This form of transport can be accelarated through short 

circuit diffusion processes which effectively raise the 

diffusion coefficient and increase X. 

Another process which can transport species, particularly 

hydrogen, involves association and movement of the species 

with dislocations. This mechanism involves the "sweeping in" 

of reactive species by mobile dislocations into regions 

ahead of the crack tip. This sweep in distance has been 

shown to be fairly large for aluminum< 111 > and low carbon 
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stee1s< 112 >. The conclusion that dislocation transport is 

necessary for many forms of environmental embrittlement has 

been largely substantiated by the deformation 

characteristics observed in regions ahead of the crack and 

analysis of normal diffusion processes. Environmental 

effects are observed at depths which cannot be achieved by 

normal diffusion in the time periods involved for the 

tests< 111 >. In some cases, these environmental effects are 

accompanied by a change in fracture morphology from 

transgranular to intergranular. In samples tested in 

enviroments such as hydrogen, it has been suggested that 

enhanced crack growth rates are possible only when the 

forward yield zone size approaches the grain size of the 

meta1 1112 >. 

While enhanced crack growth is most often accompanied by 

intergranular fracture, a environmentally induced change 

from intergranular to transgranular fracture has been 

observed in titanium< 11 3 > and steel< 114 >. In the case of 

environmentally induced intergranular fracture, it has been 

proposed< 11 5 > that the aggressive environment is swept to 

the grain boundaries, where it interacts with the impurities 

and lowers the energy necessary for fracture. A lack of 

impurities at the grain boundaries can possibly minimize 

grain boundary fracture because hydrogen or oxygen may not 
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be trapped at clean boundaries< 1151 • Experiments to 

substantiate the above statement are extremely difficult 

because most engineering materials contain impurities. 

However, some heat treatments which promote retention of the 

impurities in solution should promote a decrease in the 

degree of intergranular fracture if segregation at clean 

boundaries cannot occur. 

Other variables which affect fatigue crack growth include 

test frequency, vapor pressure of the aggressive environment 

and temperature< 11 6 > • The test frequency can control the 

amount of absorption and depth to which an aggressive specie 

can be transported in each cycle. Absorption is also 

affected by vapor pressure. Additionally, if the crack path 

is restricted, pressure can also determine the extent to 

which the reactive species can be supplied to the crack tip. 

This is also influenced by the changes in temperature which 

will determine the mobility of the reactive species. 

Role of Gaseous Environments on Crack Growth. 

The purpose of this section is to illustrate the 

accelarating effects that gaseous environments can have on 

the fatigue crack growth in metals and alloys. The 
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developments and current state of understanding of the 

various metal/environment interactions and the role of such 

interactions in the fatigue process is briefly outlined. 

Influence of Dry Air on Crack Growth. 

Several investigators< 116 - 128 > have studied the effects 

of air on fatigue crack growth, particularly in aluminum 

alloys< 115 - 120 >. Air is the most common environment for 

structural exposure and the aggressive constituents include 

oxygen, hydrogen, and carbon monoxide. Fatigue testing can 

isolate some of the effects of these major constituents but 

it is difficult to develop any model to predict the effects 

of gases present in combinations. 

Early investigators< 45 > reported that the fatigue life of 

aluminum in 10- 5 torr, was about five times higher than the 

fatigue life in one atmosphere air. Crack initiation was 

found to be unaffected by the environment and the decreased 

lifetime was attributed to environmentally enhanced crack 

growth. A similar lack of environmental effects on crack 

initiation has been reported on other aluminum alloys< 115 >, 

pure aluminum< 11 s- 12 s> and copper< 127 >. This lack of effect 

was observed even though the environment increased the crack 
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growth rates. Such increases have been observed in a wide 

variety of aluminum alloys including Al-3%Mg< 111 >, DTD 5070 

A< 11 6 >, 1100 < 118 , 119 >, 2024 < 6 3 > and 7075 < 11 9 > • 

Environmental effects on fatigue crack growth and fatigue 

life are virtually nonexistent until a threshold pressure is 

reached. Beyond that threshold pressure, crack growth is a 

complex function of partial pressure of the aggressive 

species. The crack growth rates generally rise rapidly as 

the pressure is increased until some critical or saturation 

pressure is obtained. Beyond this pressure, no further 

increase in crack growth rates are observed. The existence 

of a critical pressure is related to the formation of a 

monolayer on the freshly created surface. Monolayer coverage 

is rate dependent and thus is a function of 

frequency< 116 , 129 > and temperature< 130 >. Corrosion fatigue 

crack growth rates in 2024 aluminum< 129 > are significantly 

decreased as the test frequency is increased. This effect is 

particularly apparent at low 6K. In some aluminum 

alloys< 118 , 119 >, the effects of air on crack growth rates 

were maximized at low 6K with little or no accelaration of 

cracking observed when the tests were performed at the high 

6K values. This observation was attributed to a 6K induced 

transition in fracture mode<1 3o, 131 >. 
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The observation of the enhanced crack growth in air is 

not restricted to aluminum alloys. Similar effects have 

been observed in stee1s<121-122> and titanium 

alloys< 123 - 1261 . Crack growth rates have been enhanced 

significantly in AISI 1113< 121 > or AISI 4340 stee1s< 122 > and 

in Ti-6Al-4V< 1251 . In most titanium alloys< 123 - 1261 the 

growth rate was particularly sensitive to microstructure at 

the low ~K values. The effect of environment on the fatigue 

of titanium was minimized when the plastic zone size at the 

crack tip was smaller than the grain size< 1251 . 

Fractographic studies revealed that fatigue striations 

were not formed during the typical tests in vacuum, although 

distinct striations were observed in samples tested in 

Such observations are consistent with the 

ability of air to oxidize the exposed crack surface. Such 

oxidation limits the reversibility of deformation at the 

crack tip and prevents complete crack closure (and perhaps 

rewelding). 

The above observations suggest that dry air can be a 

damaging constituent of an environment particularly at low 

~K levels. These observations are further aggravated by air 

containing large amounts of moisture which is known to 

accelarate the fatigue crack growth rates in metals. 



85 

Influence of Moisture on Crack Growth. 

Several fatigue studies on samples tested in lab air have 

shown that crack growth rates can be significantly increased 

in the presence of moisture< 132 - 131 >. Similar observations 

have been made with aluminum alloys which have been exposed 

to humid air prior to testing< 132 >. In Al-Cu-Mg and Al-Zn-Mg 

alloys the presence of moisture induced increases in crack 

growth rates compared to tests in dry argon< 132 >. In these 

tests only minimal effects were observed at the high t.K 

levels. Similar observations have been made on both high 

strength aluminum alloys and pure aluminum where tenfold 

moisture induced increases in crack growth have been 

observed< 11 6 > • Crack growth rate has been shown to be a 

function of the partial pressure of water vapor< 11 6 > and 

significant increases in crack growth have been reported for 

7075 aluminum fatigued under conditions where distilled 

water was the principal corrodent< 13 s>. The rate of crack 

growth was assumed to be controlled by thermally activated 

processes although the apparent activation energies for 

these processes were dependent on the t.K level. By assuming 

that growth depended on both t.K level and water vapor 

pressure, the rate controlling process was shown to be 



86 

related to the creation of new oxide free surfaces at the 

crack tip. Subsequent investigations< 136 > confirmed these 

assumptions and showed that the rate controlling process was 

the transport of water vapor to the crack tip. 

One possible mechanism that has been suggested for the 

increased growth rates observed in aluminum alloys tested 

in the presence of water vapor is the liberation of 

hydrogen. The reaction responsible for that liberation is: 

2Al + 3H2o = Al 2o3 + 6H 

The hydrogen fugacity generated by this reaction is very 

high and this reaction is accompanied by significant 

hydrogen absorption. Such absorption has been shown to 

result in intergranular cracking< 137 > and/or blistering< 13 s> 

of aluminum. Insitu high voltage transmission microscopy of 

Al-Zn-Mg alloys has shown that intergranular cracks 

propagate along precipitate grain boundary interfaces rather 

than in the denuded zone adjacent to the grain boundaries or 

through the precipitates< 139 >. In some studies< 140 > hydrogen 

bubbles have been imaged at the grain boundaries or found to 

form under pressure sensitive tape on the surface of freely 

corroding aluminum alloy specimens< 141 >. These observations 

lend further support for a mechanism involving the 

liberation of hydrogen by the water vapor reaction with 

freshly exposed aluminum. 
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The hydrogen liberated by such reactions can be absorbed 

by the metal and increase crack propagation. Such increases 

are attributed to the embrittling effects of hydrogen 

accumulation at grain boundaries and other internal 

surfaces. These embri ttled regions provide easy fracture 

paths. The extent to which hydrogen can cause such 

embri ttlement is dependent on the test frequency because 

frequency controls the extent of surface reaction and 

hydrogen absorption. Thus at low AK values and hence low 

crack growth rates the amount of mechanically exposed fresh 

surface will be small and crack extension by corrosive 

action may be a significant proportion of the (da/dn). At 

high AK values and high crack growth rates, the amount of 

mechanically produced surface will be large and any 

additional increase in length due to corrosion will be less 

significant. 

In other studies on 2024< 142 > and 7075< 143 > aluminum the 

moisture induced increase in crack growth rates have been 

less than expected. These effects have been rationalized 

through crack closure concepts. Such closure occurs through 

the oxidation of the fresh slip steps in the near crack tip 

regions. This closure prevents a full reduction in the 

stress intensity during 

decreases. The reduction 

unloading, thus the AK level 

in closure load must also be 
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presence of the 

proposition has 
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reduction in plastic deformation in the 

environment. Some support for this 

been obtained through recent 

observations< 144 -i 47 > where less plasticity was observed at 

the crack tip of specimens tested in a humid air environment 

than at the crack tip of specimens tested in dry air. This 

observed reduction in plasticity has resulted in a 

correlation between the crack tip opening displacement and 

crack tip strain< 1 4 4 > • Similar effects of reduced plastic 

zone sizes by exposure to humid air have also been observed 

by other investigators< 1 4 8 > • The crack closure effect was 

found to be proportional to the water vapor pressure< 1 4 9 > 

and a function of the applied stress intensity< 150 >. 

Studies< 151 > of the effect of humid air on fatigue of 7075 

aluminum have demonstrated that oxide induced closure can be 

related to the microstructure of the material. The overaged 

microstructure showed less susceptibility to crack closure 

effects than the underaged or peakaged materials. 

The effects of humidity on fatigue crack growth can be 

extended to stee1s< 152 - 157 >, titanium alloys< 159 - 1 s 1 >, 

stainless stee1s< 1 s 2 - 1 s 3 > and copper alloys< 45 , 164 - 165 >. In 

steels, the reduction in fatigue life is directly 

proportional to the strength leve1< 151 >, if other variables 

are held constant. Investigations on 4340 steels in humid 
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air showed that the accelarating effects of moisture 

decreased with increased aK level and a maximum incremental 

rate was observed at some intermediate levels of aK<152 >. A 

comprehensive series of fatigue tests on 4340 stee1< 154 > in 

atmospheres with various humidity levels demonstrated that 

at a constant temperature, the accelarating effects of water 

vapor saturates and further increase in moisture content has 

no effect on crack growth. Such saturation was a function 

of the test temperature and pressure of gaseous species 

other than moisture. If an exact assessment of the humidity 

effects is to be made, then the relative humidity and the 

temperature of the test environment must be known. The 

accelarating effects of high humidity were attributed to the 

increased hydrogen content generated at the specimen surface 

through reactions between moisture and freshly exposed 

metal. 

The difference in crack growth in a Ni-Cr-Mo steel tested 

in air and dry argon at 90% relative humidity was 

significant, while at intermediate levels ( 40-90%), little 

variation in growth rates were observed. This observation is 

different from the observations in 4340 steel where 

continously increasing crack growth rates were observed with 

increases in the relative humidity< 154 >. Such variations in 

behavior in the presence of moisture make it very difficult 
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to describe a generally applicable reason for saturation at 

a critical humidity level. 

Humidity has also been shown to affect the deformation 

processes at the crack tip in low carbon steels. 

Investigators< 15 s> found that in dry nitrogen an abundance 

of subcells were formed in regions ahead of the crack tip, 

but such formation was significantly reduced when tests were 

conducted in humid environments. This change in dislocation 

substructure resulted in differences in the local residual 

crack tip strain and the ref ore to the crack tip opening 

displacement< 15 s>. The humidity level also influenced the 

fracture mode and fracture surface topography of 4140 steel. 

Flat, intergranular fractures were observed on samples 

tested in high humidity while slant, transgranular fractures 

were observed on samples tested at low humidities< 157 >. 

Enhancement of crack growth rates by exposure to humid 

air has also been observed in titanium alloys< 157 - 150 >. The 

increased growth rates in these metals has also been 

attributed to hydrogen. The chemistry of the alloy, the 

hydrogen generated through the surface reactions at the 

crack tip and microstructure all control the relative 

observed effects. Similar observations involving moisture 

increased crack growth have also been made on stainless 
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stee1<1s2-1s3> and copper alloys<4s,1s4-1ss>. In both these 

cases, the enhanced crack growth was rationalized by a 

possible hydrogen embrittlement argument. 

The importance of surface reactions between freshly 

exposed metal and humidity in determining the crack growth 

rates must be emphasized. In most studies, there is an 

increasing trend to invoke a role for hydrogen in the 

corrosion fatigue process. However, some investigators, 

believe that an oxide induced closure argument must also be 

included particularly in tests at near threshold values. It 

is therefore necessary to understand the effects of hydrogen 

on the crack growth behavior if the role of moisture is to 

be understood. Oxygen effects may also be important because 

of the tendency of many metals to form oxides. during 

fatigue. 

Hydrogen Effects on Crack Growth. 

The effects of hydrogen on crack growth have been the 

subject of several investigations involving various alloy 

systems. Most investigators agree that internal and external 

hydrogen produce similar effects on the deformation and 

fracture characteristics of metals. It is thought that any 
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differences observed in cracking processes due to either 

stress corrosion or corrosion fatigue of samples in 

hydrogeneous environments must be rationalized through 

kinetics rather than the mechanistic arguments. 

Fatigue studies in samples exposed to gaseous hydrogen 

have ranged from 10- 9 Torr to 69 MPa. In all these studies, 

a continuous increase in crack growth rates has been 

observed, as the hydrogen pressure is increased. There is no 

evidence of "saturation" or a "critic al" pressure. Such a 

"critical" pressure may exist in other environments such as 

humidity and oxygen where the gas phase adsorption and 

monolayer can play a key role in the ernbrittlement process. 

This lack of critical pressure in hydrogen has led 

investigators to 

enhanced crack 

adsorption< 145 > 

propose that the mechanism of hydrogen 

growth rates is not one of gas 

but required absorption and transport to 

crack tip regions. 

The major problem in extremely low pressure testing is 

the determination of a limiting pressure at which 

environmentally induced changes in crack growth rates can be 

observed. Al though the measured pressure in such studies 

represents the maximum pressure at the crack tip, the crack 

tip may actually be subjected to lower pressures due to the 
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capillary action and the active gettering of the fresh 

surface which can limit the gas phase hydrogen transport 

processes<iog>. Such problems may not exist in atmospheric 

or high pressure studies and have not been analysed because 

of the observed dramatic increases in crack growth rates. 

Temperature can also play a key role in determining crack 

growth rates. Most studies have shown that hydrogen effects 

are a maximum at or around room temperatures< 166 > . At 

higher temperatures, the diffusion of hydrogen is 

significantly increased but the tendency for hydrogen 

segregation decreases. Hydrogen embri ttlement requires 

segregation, thus if no segregation takes place no enhanced 

growth is observed. In some low strength materials like 

aluminum alloys, temperature can affect the deformation 

processes and hence any effects of hydrogen can be masked. 

The frequency of testing may change the effect of 

environment on the material. Any frequency effects must be 

clearly distinguished between the rate sensitivity or 

"intrinsic'' effects on a material and effects pertaining to 

the environment< 8 6 > • No significant "intrinsic" frequency 

effects have been observed in aluminum< 105 > or high strength 

stee1s< 95 >, for test frequencies between 0.17 Hz to 150 Hz. 

Thus, any frequency effects observed in these alloys can be 
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related to environmental effects. In structural steels, it 

has been observed that argon did not affect the crack growth 

rates over a frequency range of 5-150 Hz. It would therefore 

be reasonable to deduce that fatigue testing at high 

frequencies will provide little useful information on the 

role of environment on crack growth rates in materials 

because of the limited time for environmental interaction. 

Dry hydrogen was found to reduce the life of 1100 Al 

almost as much as moisture< 167 !. With the exception of the 

work on 1100 aluminum, 

has been observed in 

minimal effects of gaseous hydrogen 

the corrosion fatigue behavior of 

aluminum alloys. The lack of gaseous hydrogen effects in 

other aluminum alloys has been attributed to the presence of 

the oxide film, low diffusivity of hydrogen in aluminum and 

the low fugacity of hydrogen at the crack tip. These typical 

observations provide an interesting contrast, in that 

hydrogen gas does not seem to affect aluminum and inspite of 

this observation, hydrogen is invoked as the cause of 

moisture enhanced fatigue in this alloy system. 

A different situation exists in steels where gaseous 

hydrogen effects have been well documented< 168 , 169 > • In 

almost all investigations, increased crack growth rates have 

been reported and the susceptibility to hydrogen enhanced 
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effects is a function of the strength level and 

microstructure. Martensitic steels show more susceptibility 

to hydrogen damage than either ferritic or austenitic 

steels 1169 >. In most high strength steels, the hydrogen 

effects are accompanied by a transition to an intergranular 

mode of fracture while low carbon steels exhibit a mixed 

mode of fracture involving both transgranular and 

intergranular cracking. 

Gaseous hydrogen effects on fatigue crack growth has also 

been observed in nickel<170-172> and titanium base 

alloys< 173 -i 74 >. Increased growth rates have been observed 

in a nickel copper alloy exposed to low pressure hydrogen. 

The fracture mode was altered by the hydrogen environments 

and became predominantly intergranular< 17 o- 171 >. Tests in a 

vacuum produced transgranular fracture. Deformation induced 

changes in the subsurface dislocation structure and slip 

planarity in the plastic zone were also enhanced by the 

presence 

and some 

of hydrogen. Mechanically 

loss of coherency was 

induced 

observed 

precipitation 

in this age 

hardenable nickel-copper alloy. These changes in precipitate 

morphology were in the deformation zone adjacent to the 

fracture surfaces 1172 >. 
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Titanium alloys are also susceptibile to enhanced fatigue 

crack growth in hydrogen environments and the hydrogen 

compatibility appears to be a function of alloy chemistry 

and micro structure< 173 > • The different types of 

microstructures and the various phases associated with these 

alloys have been reported to influence near threshold and 

near failure, much more significantly than intermediate 

stress leve1s< 173 >. Internal hydrogen content and 

temperature play significant roles in the crack growth 

processes and the effects of hydrogen have been shown to be 

most important at intermediate temperatures< 173 >. In some 

studies, the formation of titanium hydrides has also been 

reported to occur during fatigue processes< 1 0 8 > • 

Fractographic observations have shown fracture behavior 

ranging from cleavage to mixed mode to transgranular rupture 

by microvoid coalescence. Specific details depend greatly on 

temperature, hydrogen fugacity and specimen microstructure. 

The above observations suggests that fatigue can be 

generally enhanced by hydrogen environments. The magnitude 

of this enhancement is a function of the fugacity of 

hydrogen, frequency of cycling, stress amplitude, test 

temperature, alloy chemistry, micro structure and strength 

level. Each investigation tends to ignore many of the test 

variables and prefers to select only a few for examination. 
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This tendency makes correlation between results at different 

sites difficult. Increasing efforts are also necessary in 

establishing accurate methods for determining the hydrogen 

induced reduction in parameters such as cohesive energy and 

grain boundary strength. Further, before any generalizations 

can be made for the fatigue behavior of metals in hydrogen 

environments, a more thorough understanding of hydrogen 

ernbrittlement per se must be developed. 

Effect of Oxygen on Crack Growth. 

Gaseous oxygen is generally believed to be less 

aggressive in promoting fatigue than either water vapor or 

hydrogen gas. Studies on a nickel copper alloy< 170 , 174 > 

showed that increased crack growth rates are possible in 

oxygen environments when compared to vacuum. Similar 

observations have been made in titanium< 1 7 5 >, steel< 9 6 >, 

aluminum< 155 >, stainless stee1< 175 > and copper base 

alloys< 165 >. Using Auger Electron Spectroscopy and Secondary 

Ion Mass Spectroscopy, it was demonstrated that oxygen can 

diffuse to regions well ahead of the crack tip< 14 6 >. Such 

diffusion was thought to be possible only when dislocations 

were responsible for the transport of the oxygen. Studies 
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showed that the ratio of crack growth rate in oxygen/vacuum 

varied from 1.1 in aluminum to 5.5 in monel. The differences 

in ratios may be rationalized by a combination of the 

differences in diffusivities of oxygen in the various 

materials studied and the interaction of the microstructure 

with the environment. No direct measurements have been made 

to correlate the extent of crack closure with crack tip 

plastic strains in an oxygen environment. However, · studies 

showed that the recent correlations in aluminum< 151 , 177 > and 

nicke1< 179 > base alloys demonstrate promise for a mechanism 

involving environmentally induced reduction in crack tip 

plasticity. Such conclusions can still be only 

semiquantitative because of the inability to incorporate 

several other individual contributions to crack closure and 

crack tip plasticity. These contributions include the size 

of the asperity, asperity contact, plasticity and fracture 

induced surface roughness effects and the interaction of the 

test environment. 
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Role of Other Gases on Crack Growth. 

Several gases, other than those reviewed can affect the 

fatigue crack growth rates in a metal. Reactive gases known 

to accelarate fatigue include acetylene, carbon-mon-oxide, 

nitrous oxide, chlorine, methane, carbon-tetra-chloride and 

carbon-di-oxide. Synergistic interactions can occur in mixed 

gas environments and for example the effect of hydrogen on 

crack growth rates in steel can be significantly affected by 

the presence of some of these gases< 179 > • Additions of 

oxygen, carbon-mon-oxide, water and nitrous oxide tend to 

inhibit the hydrogen effect due to their preferential 

adsorption and dissociation over the surface. Other gases 

like methane or carbon dioxide had very little influence on 

hydrogen embrittlement. Some environments which accelarated 

fatigue, altered the fracture mode and induced intergranular 

fracture while accelarating environments caused no change in 

fracture morphology. Hydrogen sulphide gas decreased the 

fatigue life in medium carbon steels< 179 > and dry 

sulphur-di-oxide gas<tso> caused no major effect on the 

fatigue crack growth rates in either mild steels or 

stainless steels. More recent studies< 191 > have presented an 

analysis which allows the determination of the exothermic 

heat of adsorption of the gaseous species. This release of 

heat may be related to environmental effects on crack growth 
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because it represents the relative tendencies for 

interaction between the environment and the metal. Chlorine 

and chlorine containing gases had little effect on crack 

growth rates if the heats of adsorption were low< 192 > while 

the crack growth rates rose gradually to a maximum as the 

heat of adsorption increased. The increase to a maximum was 

associated with the formation of FeC1 2 which later 

dissociated. The formation of and subsequent 

dissociation could be related to bond breaking and bond 

formation energies which may provide a direct measure of the 

heat of adsorption. This heat should then be related to the 

ability of the gas to increase the ease of crack 

propagation. Further studies must involve calculation of 

heats of adsorption for a variety of environments so that a 

deeper theoretical basis is achieved for understanding the 

increased crack growth rates. 
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CONCLUDING REMARKS. 

The vast body of literature has demonstrated that gaseous 

environments play a significant role in the corrosion 

fatigue behavior of metals. The magnitude to which the 

environment can influence the behavior is dependent on a 

wide variety of chemical, physical, metallurgical and 

mechanical variables. Such variables include, the nature of 

the gaseous environment, interactions between metals and 

gases, alloy chemistry, thermal and mechanical treatment of 

the alloy, presence of second phase particles and/or 

metallurgical interfaces, cyclic stress intensity levels, 

test frequencies, waveform, hold time, temperature and the 

strength of the material. Failure to develop an 

understanding of the contributions of one or more variables 

during corrosion fatigue testing renders comparison of the 

results from various sources confusing and sometimes 

misleading. Testing of smooth specimens uses a large part of 

the fatigue life for initiation and hence these results 

cannot be readily compared with the vast and continuing 

collection of literature involving crack growth studies. 

The literature suggests that crack nucleation is rather 

insensitive to gaseous environments. All the models or 

mechanisms proposed for environmental effects on nucleation 
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apply to specific metal/environment systems and lack a 

general applicability. This situation has been complicated 

by the lack of a clear separation between the end of 

initiation and start of propagation processes. A large scale 

experimentation program involving the use of elaborate 

instrumentation coupled with careful attention to 

experimental details may provide a deeper insight into the 

mechanism(s) for crack initiation in gaseous environments. 

In direct contrast to initiation, the results presented 

in this review have established that gaseous environments 

can play very significant roles in determining fatigue crack 

growth rates in most metals. Pressure is an important 

variable in gases because it determines the amount of 

reactive species available at the crack tip. A saturation 

effect expressed in terms of partial pressure seems to exist 

in many systems and may be related to the critical 

concentration required to form a monolayer of atoms over 

freshly created surfaces. This results in the generation of 

a typical sigrnoidal curve for most materials. In gases, 

where no saturation pressures have been observed, the lack 

of data at still higher pressures may be the cause for the 

lack of saturation. 
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In general, hydrogen or hydrogen containing gases appear 

to be the most damaging species in terms of accelarating 

crack growth. This hydrogen induced effect is a maximum at 

ambient temperatures. Other environments, including oxygen, 

water vapor, and dry air promote aggressive behavior 

compared to baseline reference environments such as vacuum, 

argon or helium. The environmental effect in all these cases 

is maximized by low frequencies of testing. Maximum effects 

are also typically found in high strength microstructures. 

It is the author's opinion that there is no general 

mechanism for either fatigue crack initiation or fatigue 

crack propagation in gaseous environments. Most of the 

proposed mechanisms are specific to a metal/environment 

system and cannot be extended readily to include different 

metals or gases. Unless careful and minute attention is paid 

to several experimental details, the general lack of 

agreement will continue to exist. This dissertation does not 

attempt to provide a generalized mechanism for corrosion 

fatigue but explains the fatigue process in copper-nickel 

alloys exposed to various environments. 



Chapter Ill 

MATERIALS AND METHODS 

Two copper nickel alloys, CA 706 and CA 715 were used in 

this study. The CA 706 alloy, tested under both Mode I and 

III opening loads, is also known as 90/10 Copper Nickel. The 

CA 715 alloy, tested only under Mode III conditions, is 

known as 70/30 Copper Nickel. Typical triplanar optical 

micrographs of the two heats of CA 706 and one heat of CA 

715 used in this study are shown in Figures 3. 1 ( a-c) . The 

compositions and properties of the heats are given in Tables 

3.1-3.3. All batches of materials were received in the hot 

rolled and annealed condition. 

METALLURGICAL OBSERVATIONS OF COPPER NICKEL ALLOYS. 

The well annealed copper nickel alloys used in this 

investigation contained numerous iron rich precipitates 

throughout the structure. The iron was added to improve the 

corrosion resistance of the material. Recent studies< 193 > 

have shown that 90-10 copper nickel alloys containing iron 

additions contain two different types of precipitates: an 

incoherent precipitate along grain boundaries and a coherent 

104 



Figure 3.la 
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Triplanar optical micrograph of 
90-10 copper nickel used in compact 
tension tests. 



Figure 3.lb 
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Triplanar optical micrograph of 
90-10 copper nickel used in torsional 
fatigue tests. 



Figure 3.lc 
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Triplanar optical micrograph of 
70-30 copper nickel used in torsional 
fatigue tests. 
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Table 3.1 

Composition of 90/10 Copper nickel plate 

(0.090 in) or (22.86 mm) 

Copper 87.8 

Iron 1. 42 

Nickel 10.1 

Manganese 0.41 

Phosphorus 0.005 

Sulphur 0.002 

Carbon 0.012 

Zinc 0.069 

Silicon 0.014 

Lead 0.005 

Yield strength (ksi) 26 

UTS (ksi) 50 

Rockwell F scale 85 
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Table 3.2 

Composition of 90/10 Copper nickel plate 

(0.500 in or 12.6 mm) 

Copper 87.55 

Iron 1. 54 

Nickel t0.41 

Manganese 0. 31 

Phosphorus 0.004 

Carbon 0.003 

Zinc 0.174 

Yield Strength (ksi) 43 

UTS (ksi) 55 

Rockwell B scale 53 

Elongation 30% 

Table 3. 3 

Composition of 70/30 Copper nickel plate 

Copper 68.4 

Iron 0.59 

Nickel 30.2 

Manganese 0.51 

Zinc 0.16 

Lead 0.007 
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precipitate within the matrix. Other investigators< 184 > 

have made similar observations thus detailed 

characterization of the precipitates was not attempted in 

this study. 

COMPACT TENSION TESTS (MODE I LOADING). 

Compact tension specimens were machined from 90/10 copper 

nickel plate of thickness 0.090 in (22.86mm) to the 

dimensions shown in Figure 3.2. The thickness of the samples 

was predetermined by the industrial application. Thin sheets 

of copper nickel are used as cladding material for ship 

hulls, thus test programs relevant to this application 

required the use of very thin CT specimens. These specimens 

were machined in the L-T orientation. 

Cyclic fatigue tests were performed in both gaseous and 

aqueous environments using a MTS servohydraulic machine 

operating under load control. The frequency of testing in 

the gaseous environments was 5 Hz. Because of the longer 

fatigue life for samples tested in aqueous environments 

these tests were performed at 15 Hz. A sinusoidal waveform 

was used for all tests. 
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Figure 3.2 Dimensions of compact tension specimen. 
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Tests were conducted on specimens enclosed in a plexiglass 

chamber ( Figure 3. 3) with inlet and outlet ports. These 

ports allowed for the free flow of gases from the bottom 

(inlet) to the top (outlet) . In the case of liquids the 

bottom port was closed and the liquid was poured in through 

the top port. The samples were completely immersed in the 

aqueous environments and the solution was stagnant during 

cycling. No attempts were made to stir or circulate the 

aqueous solutions al though gas flow continued during the 

tests in gaseous environments. 

All specimens were metallographically polished on both 

faces to a 0.05 µm finish and the specimens were not 

precracked prior to cycling. One series of tests used 

cyclic loads ranging from a maximum load (P ) of 250 lbs. max 
(1110 N) to a minimum load (P . ) of 100 lbs. (444 N). This min 
provided an R ratio of 0.4 and the loads corresponded to a 

initial maximum and minimum stress intensity factors of 

15.88 MPa Im and 6.36 MPa Im resulting in an initial AK of 

9. 52 MP a Im. The stress intensity factors were calculated 

using the expression: 

K = YP la/ tw. 

where 

K is the stress intensity factor (MPa Im) 

Pis the load in Newtons. 

a is the crack length in meters. 
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tis the thickness in meters. 

w represents the distance from the center of the 

loading pins to the end of the specimen. 

Y represents the geometric factor which is given by 

the expression: 

Y = 29.6-185~5(a/w)+655.7(a/w) 2 -1017(a/w) 3 +638.9(a/w) 4 

Another series of tests was performed in selected gaseous 

environments where the test loads varied between 300 lbs 

( 1332 N) maximum and 120 lbs ( 533 N) minimum or 275 lbs 

(1221 N) maximum to 110 lbs (488 N) minimum corresponding to 

a initial ~K of 11.43 MPa Im and 10.47 MPa Im. The R ratio 

was maintained at 0.4 in all these studies. Throughout this 

investigation at least two tests were performed under each 

condition to ensure reasonable experimental reproducibility 

(+5%). 

Gaseous Environments. 

The different gaseous environments in this investigation 

included: 

1. Dry helium. 

2. Dry hydrogen. 

3. Dry oxygen. 
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4. Oxygen which was moisture saturated (90-95%RH). 

5. Laboratory air (65-75%RH). 

6. Moisture saturated laboratory air (90-95%RH). 

All tests were conducted at atmospheric pressure. 

All gases used in this study were commercially available 

with the typical compositions shown in Table 3.4. Drying of 

the helium and hydrogen gases was achieved by passing the 

gases through a liquid nitrogen trap. The moisture content 

of oxygen was lowered by trapping with dry ice. Moisture 

saturation was accomplished by allowing the gases to bubble 

through distilled water. 

Crack growth measurements were performed on selected 

samples using a Krak Gage transducer. The crack growth 

measurements were made on samples tested in dry helium, dry 

hydrogen, dry oxygen and lab air. These samples were tested 

to a initial 6K of 11.43 MPa Im. 

The Krak Gage gages used in these studies were 10mm long 

and were bonded on to the sample by an epoxy adhesive. 

Bonded samples were cured at 85°c for 30 minutes. Electrical 

leads were soldered on to the ends of the gage (see Figure 

3. 4) and connected to the Krak Gage measuring system. An 

increase in crack length increased the resistance of the 

gage and lowered the output voltage on the system. The 
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Table 3.4 

Typical compositions of gases 

Helium 

Helium 99.995% 

Water 10 ppm 

Hydrocarbons 5 ppm 

Oxygen 

Nitrogen 

Hydrogen 

Oxygen 

Nitrogen 

Oxygen 

Argon 

3 ppm 

14 ppm 

Hydrogen 

99.8% 

300 ppm 

1200 ppm 

Oxygen 

99.5% 

0.5%. 



Figure 3.4 
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Typical compact tension sample with 
a mounted crack gage. 

Dimensions in cm 

. 10.1: 1s.oa~:1_L 
_ _,..__; t{ l I. 27 

0.919 \o.633 T 

Typical dimensions of torsional 
fatigue specimens. 
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output voltage was measured at periodic intervals throughout 

the test and provided instantaneous crack length 

measurements at any given number of cycles. 

Studies were also conducted on compact tension samples 

which were internally charged with hydrogen. Charging was 

achieved by placing the samples in a high pressure gas 

autoclave. The autoclave was flushed three times with 

hydrogen gas at 250 psi (1.72 MPa) and then evacuated. This 

flushing process was followed by charging 2000 psi ( 13. 8 

MP a) hydrogen gas into the autoclave. Because the 

diffusivity of hydrogen in copper alloys is low (7.3 x 10- 11 

cm2 /sec) at ambient temperatures and saturation of the 

sample with hydrogen was desired, a heater tape was used to 

heat the autoclave to 135°c. The temperature of the system 

was maintained by using a rheostat and temperature 

controller connected to a chromel-alumel thermocouple which 

was inserted into the autoclave. The time required for 

hydrogen saturation (5 days) was calculated from the 

experimentally determined diffusivity relations for hydrogen 

in copper alloys < 195 >(see Appendix A). To ensure complete 

saturation a charging time of six weeks was used. After 

charging, the samples were placed in the deep freeze 

compartment of the refrigerator to minimize diffusion loss 

of hydrogen from the sample. The sample was heated to room 
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temperature prior to testing. Tests were performed in 

either lab air or 1 atmosphere hydrogen environments at an 

initial 6K of 9.52 MPa Im. 

Another set of tests was performed at different initial 

stress intensity levels 6K, to illustrate the effects of 

initial stress intensity on fatigue life. These tests were 

conducted in lab air, 1 atm. dry oxygen, dry hydrogen and 

dry helium. Specimens were also tested in lab air at a 

frequency of 15 Hz, with initial 6K ranging from 5.62 MPa Im 

to 9.52 MPa Im. 

Aqueous Environments. 

Studies in 3.5% sodium chloride and distilled water were 

performed on compact tension samples ( same as Figure 3. 3) 

loaded to a initial 6K of 9. 52 MPa Im. The tests in 3. 5% 

sodium chloride solutions were made with two different metal 

fixtures. One set of tests used copper fixtures and copper 

pins so that galvanic effects between the sample and the 

fixtures were minimized. Another set of tests used steel 

fixtures and steel 

interactions between 

pins and 

the sample 

allowed 

and the 

for galvanic 

fixture. This 

galvanic effect may simulate problems in copper-nickel 
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attachments to steel ship hulls. The tests in distilled 

water used only the copper pins and fixtures. A set of 

experiments using dry helium and lab air as test 

environments was also performed at 15 Hz, so that fatigue in 

gaseous and aqueous environments could be compared on tests 

at the same frequency. 

TORSIONAL FAT/CUE TESTS (MOOE Ill LOADING). 

A commercially produced plate of CA 706 ( 90/10) copper 

nickel alloy, of thickness 12.7 mm and an extruded bar of CA 

715 ( 70/30) of diameter 100 mm were used as the stock 

materials in these investigations. Specimens in the form of 

12. 7 mm square rods were machined to contain a 5. 08 mm 

radius in the middle of a 100 mm length (Figure 3.5) . Both 

the stock materials were used in this study. The gage 

section in all specimens were polished to a 600 grit finish. 

Care was taken to control the orientation of the plate/bar 

throughout the machining, so that all samples could be 

tested in the same orientation. 

Torsional fatigue tests were conducted in completely 

reversed torsion (R=-1), at a frequency of 30 Hz. At least 

four samples were tested at each stress level. In the CA 706 
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samples, the peak stress levels corresponded to either 193 

MPa, 180 MPa, or 163 MPa. Test samples were exposed to 

either dry helium, hydrogen, oxygen or humid air 

environments ( 90-95% RH). Samples of CA 715 ( 70/30) were 

tested at peak stress levels of either 163 MPa, 149 MPa or 

134 MPa by exposure to either dry helium, hydrogen or humid 

air (90-95%RH) environments. 

FRACTOCRAPHIC AND METALLOCRAPHIC STUDIES. 

Fractographic characterization by scanning electron 

microscopy was performed on the samples tested in various 

environments. The amount of intergranular fracture in the 

different environments was estimated at various locations on 

the sample. This estimation was achieved by spatial area 

analysis using a mesh grid on the video screen. Estimations 

of the fraction of squares in regions of intergranular 

fracture were compared to the number of squares in a known 

area. Estimations of the intergranular fracture was made at 

least twice for each of the various locations in the sample. 

All area estimations were made at a magnification of 200X. 

After fractographic characterization, all samples were 

rotated in the specimen holder so that the polished surfaces 
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were incident to the electron beam and the influence of test 

environment on the deformation behavior of these near 

fracture faces was characterized. 

These fractographic studies were supplemented with 

optical metallography. Metallographic samples were prepared 

by casting a low melting tin alloy against the faces 

adjacent to the fracture surface. Good edge retention was 

therefore made possible and the cast block was mounted in a 

conventional pneumatic press. These samples were then 

polished and etched prior to examination in both an optical 

metallograph and a scanning electron microscope. 



Chapter IV 

RESULTS 

The fatigue tests in the wide variety of environments 

used in this investigation demonstrated that aggressive 

environments significantly influence the behavior of copper 

nickel alloys. The total life to failure, crack growth 

rates, fracture morphology and near surface deformation 

behavior were all affected by the test environment. 

COMPACT TENSION TESTS. 

In general, under Mode I loading the total cycles to 

failure was a function of the initial applied cyclic stress 

intensity and the nature of the test environments (Figure 

4.1). The environmental effects were most pronounced at the 

lower 6K levels and at a cyclic frequency of 5 Hz. The 

cycles to failure for specimens tested in dry helium 

environments were used as the baseline data for all the 

comparisons. Laboratory air caused decreases in fatigue 

life. This decrease varied from about 50% at the high 6K 

levels ( 11. 43 MP a ./m) to 80% at the lower 6K levels ( 9. 52 

MPa ./m). The environmentally induced reductions in fatigue 
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life were not as great when hydrogen or oxygen environments 

were used but were more pronounced in tests in oxygen than 

in similar tests in hydrogen. 

The corrosion fatigue studies (at ~K = 9.52 MPa Im) also 

showed that the moisture content of the gas significantly 

influenced the fatigue process (Figure 4.2). The addition of 

moisture resulted in the lowering of the fatigue lives. 

Similar reductions were observed when the internal hydrogen 

contents of the alloy was increased by charging prior to 

testing. The environmentally induced reductions in fatigue 

resistance were greater in moist air than in dry hydrogen 

environments (see Figure 4.2). 

Fatigue tests in gaseous environments, ( at the same ~K 

level, 9. 52 MP a Im), at a frequency of 15 Hz, showed a 

lowering of the total life while tests in aqueous 

environments increased the fatigue life relative to the 

helium tests ( Figure 4. 3). No appreciable differences in 

life were observed between tests in 3.5% sodium chloride and 

in distilled water. However, the fatigue life was 

significantly increased by coupling the sample to a steel 

fixture. Such coupling would cathodically polarize the 

copper sample and prevent anodic dissolution. 
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The fatigue life in lab air was a function of the initial 

applied stress intensity AK. A linear relationship existed 

between AK and the cycles to failure at a frequency of 15 Hz 

(Figure 4.4). 

The crack growth per cycle was also found to be a 

function of the environment ( Figure 4. 5). Tests in helium 

environments appeared to require more time to initiate a 

fatigue crack than tests in oxygen and hydrogen 

environments. No appreciable differences were observed in 

the crack growth rates in tests conducted in oxygen and lab 

air. The amount of crack growth per cycle was plotted on a 

logarithmic scale as a function of the stress intensity by 

using a polynomial fit as described in ASTM E 547< 195 >. The 

crack growth rates at comparable AK levels appeared higher 

in samples tested in oxygen and hydrogen, than samples 

tested in helium (Figure 4.6). 

The critical stress intensity values obtained from these 

tests do not represent the fracture toughness (Krc> of the 

material. The specimens were too thin to satisfy plane 

strain conditions. However, the critical length ( a ) 
C 

at 

which unstable crack propagation occured was independent of 

either the initial AK or the test environment (Table 4.1). 
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Table 4.1 

Critical crack le~gth as a function of environment 

6K 9.52 MPalm 10. 4·1 MP aim 11.43 MPalm 

a k Nf a k Nf a k Nf 
C C C C C C 

X 10 3 X 10 3 X 10 3 

(mm) (MPalm) (cycles) (mm) (MPalm) (cycles) (mm) (MPalm) (cycles) 

Helium 10.8 27.4 2125 10.0 28.6 500 
....... 
w 

Hydrogen 10.4 27.8 970 10.8 30.2 706 9.7 28.8 376 N 

Oxygen 11. O 28.4 628 10.4 28.4 363 9.8 28.2 270 

Lab air 11. 0 28.45 406 10.15 27.2 895 9.75 28.0 197 
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FRACTOCRAPHIC ANALYSIS. 

Gaseous environments. 

Fatigue cracks in the samples tested in helium 

environment initiated in a transgranular manner (Figure 

4.7). Several of the initiation sites appeared to be fanlike 

along the crack front. Striations developed immediately 

after initiation and appeared brittle (see Figures 4.7 and 

4.8). As the crack grew the striations developed into flat 

almost featureless areas as Stage III growth was approached 

(see Figure 4.9). A bimodal distribution of microvoids was 

observed on the surface and the smaller voids appeared to 

exist in patterns which can represent initiation at grain 

boundaries (see Figure 4.10). 

The use of hydrogen environments did not alter the 

initiation mode, but the general fracture appearance was 

rougher than for fatigue tests done in helium (Figure 4.11). 

In samples internally charged with hydrogen and tested in 

lab air, some intergranular crack initiation was observed 

(Figure 4.12). No striations were visible adjacent to the 

initiation site. The propagation mode in all the hydrogen 

tested samples was primarily intergranular fracture and 

brittle striations (Figures 4.13 and 4.14). The amount of 



Figure 4.7 

Figure 4.8 
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Typical fanlike transgranular initiation 
observed in samples tested in helium. 

Fissured striations observed in areas 
immediately adjacent to initation site. 



Figure 4.9 

Figure 4.10 
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Typical flat areas observed in samples 
tested in helium towards end of Stage II. 

Typical bimodal distribution of voids 
observed in the overload zone. 



Figure 4.11 

Figure 4.12 

13 G 

Typical initiation observed in 
samples tested in hydrogen. 

Intergranular fracture at initiation 
site in samples charged in hydrogen 
and test~d in hydrogen. 



Figure 4.13 

Figure 4.14 
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Typical mixed mode fracture observed 
in Stage II of samples charged with 
hydrogen and tested in hydrogen. 

Brittle striations observed in Stage II 
of samples tested in hydrogen. 
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intergranular fracture immediately adjacent to the initial 

crack tip varied from the edges of the specimen to the 

center. A semiquantitative estimation is provided in Figure 

4.15. Closer examination of the intergranular facets showed 

that small particles were distributed over the surface 

(Figure 4.16). These particles were qualitatively 

characterized using the EDAX and were identified as rich in 

iron (Figure 4.17). In some cases, particles, were also 

observed to exist along grain boundaries (Figure 4.18) and 

an EDAX analysis showed these particles were richer in iron 

than the matrix particles (Figure 4.19). 

The Stage II propagation was acompanied by a large amount 

of secondary cracking in samples tested in hydrogen (Figure 

4.20). The fracture overload zone occured by microvoid 

coalescence. Samples with internally-charged hydrogen 

exhibited a larger amount of intergranular fracture than the 

uncharged samples. This intergranular fracture was 

accompanied by a tendency for secondary cracking as Stage 

III was approached. 

A limited amount of intergranular fracture initiation was 

observed in the samples tested in oxygen; however, 

transgranular fracture dominated the initiation process. The 

edges of the samples contained more intergranular fracture 
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Figure 4.16 

Figure 4.17 

110 

Particles on intergranular facets of 
samples tested in hydrogen. 

Fe Ni Cu 

EDAX analysis of particles on facets 
of samples tested in hydrogen. 



Figure 4.18 

Figure 4.19 
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Particles along grain boundaries of 
samples tested in hydrogen. 

Fe Ni Cu 

EDAX analysis of particles observed 
along grain boundaries of samples 
tested in hydrogen. 
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than the center and the amount of intergranular fracture 

decreased as the center of the specimen was approached. The 

grains in some regions of intergranular fracture contained a 

larger number of the iron rich particles. Saturation of the 

oxygen gas with moisture increased the amount of 

intergranular fracture at the edges but had little effect on 

the fracture morphology at the specimen center. Cavities 

created through the possible separation of the particle 

matrix ( or grain boundary) interface were observed along 

numerous grain boundaries (Figure 4.21). In some cases, 

particles on the facets appeared to develop cracks which 

promoted a rough appearance of the facet (Figure 4.22). The 

growth of the crack during Stage I I was accompanied by a 

decrease in the total amount of intergranular fracture at 

the center of the specimen. A schematic illustration of a 

typical variation is shown in Figure 4.23. This effect of 

location on tendency for intergranular fracture is also 

illustrated in Tables 4.2 and 4.3. The fracture features in 

samples tested in room temperature air were similar to those 

tested in oxygen. However, a large number of transgranular 

facets contained brittle striations when the samples were 

tested in oxygen. 



Figure 4.20 

Figure 4.21 

1 4 3 

Typical secondary cracks observed at the 
end of Stage II for samples tested 
in hydrogen. 

Typical cavities observed along grain 
boundaries for samples tested in oxygen; 



Figure 4.22 

0/o IG 
Fracture 

114 

Rough appearance of facets due to 
initiation of cracks from particles. 

Left Edge Center Right Edge 

~--- Specimen Thickness ---~ 

Figure 4.23 Schematic illustration of the variation in 
intergranular fracture from edges to center 
in aggressive environments. 



Table 4.2 

% IntergranuL, t fracture adjacent to the fracture surface 

tiK 11.43 MPalm 

LE 

Dry 60 

Hydrogen 

Dry 80 

Oxygen 

Air 75 

LE= Left edge 

C = Center 

RE= Right edge 

C 

30 

40 

40 

RE 

45 

75 

80 

10.47 MPalm 9.52 MPalm 

LE C RE LE C 

30 30 35 25 25 

70 40 75 85 30 

75 40 85 65 30 

RE 

25 

f--1 
,Po 
ln 

75 

55 



Table 4.3 

% Intergranular fracture halfway across the specimen (0.5 cm) 

AK 

LE 

Dry 30 

Hydrogen 

Dry 70 

Oxygen 

Air 95 

LE= Left edge 

C = Center 

RE= Right edge 

11.43 MPa/m 

C RE 

20 40 

40 60 

35 85 

10.47 MPa/m 9.52 MPa/m 

LE C RE LE C 

35 10 25 20 10 

so 20 40 70 40 

80 50 70 65 20 

RE 

20 

I-' 
~ 
Cl' 

60 

50 
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Aqueous Environments. 

The fracture appearance 

water and in 3. 5% sodium 

of samples tested in distilled 

chloride solution was similar. 

Initiation was predominantly transgranular but the 

topography appeared rougher than that of samples tested in 

gaseous environments (Figure 4.24). Some diffused striations 

were seen in the initiation zone and were surrounded by 

regions of intergranular fracture ( Figure 4. 24). The edges 

of the specimen showed the same tendency for intergranular 

fracture as was observed at the edges of the specimens 

tested in aggressive gaseous environments. The propagation 

and overload regions contained features similar to those 

observed in samples tested in the gaseous environments. 

NEAR SURFACE DEFORMATION BEHAVIOR. 

The near surface deformation behavior was influenced 

significantly by the test environment. 

the fatigue characteristics of the 

This may have caused 

material to change 

however it is also possible that the environmentally induced 

changes in fatigue caused the observed changes in near 

surface deformation. Samples tested in both gaseous and 

aqueous environments were examined in both a optical 

metallograph and a scanning electron microscope. 



Figure 4.24 

Figure 4.25 

118 

Typical rough initiation observed in 
samples tested in salt water. 

Typical extrusions and intrusions 
observed in samples tested in hydrogen. 
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The absence of resolvable deformation features in samples 

tested in helium suggested that the deformation process was 

uniform. In samples tested in dry hydrogen environments 

localized areas of persistent slip bands were formed during 

the fatigue process. These bands were intrusion/extrusion 

pairs and were similar to those frequently observed on 

fatigued samples ( Figure 4. 25). 

of the samples was increased 

When the hydrogen content 

by charging, numerous 

longitudinal secondary cracks were observed near the fatigue 

fracture. These secondary cracks were primarily oriented in 

the same direction as the major crack front (Figure 4.26). 

In some regions however, secondary cracks were observed to 

run perpendicular to the main crack ( Figure 4. 27). These 

cracks were primarily intergranular. The near surface 

deformation characteristics of specimens tested in both 

oxygen and lab air were similar. Few slip bands were 

observed and the near fracture surface contained secondary 

cracks running in a direction perpendicular to the main 

crack front (Figure 4.28). There was no evidence of cracks 

parallel to the main crack. The introduction of moisture in 

the oxygen resulted in the development of pits (see Figures 

4.26 and 4.27) on the deformed surfaces. Some secondary 

cracks perpendicular to the crack front was also observed 

(Figure 4.28). 



Figure 4.26 

Figure 4.27 

15 ~ 

Subsurface nucleation parallel to 
the main crack front observed in hydrogen 
charged and hydrogen tested samples. 

Secondary cracks observed perpendicular 
to the main crack front in samples charged 
with hydrogen and tested in hydrogen. 



Figure 4.28 

Figure 4.29 

15 1 

Secondary crack formation perpendicular 
to the main crack front for samples 
tested in oxygen. 

Intense formation of persistent slip bands 
observed in samples tested in salt water. 
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In samples tested in aqueous environments,· persistent slip 

bands were observed all along the surface (Figure 4.29). The 

intensity of the slip bands was significantly higher than 

that observed in samples tested in hydrogen. Samples tested 

in aqueous environments also contained a larger amount of 

secondary cracking perpendicular to crack front (Figure 

4. 30). Secondary cracks were also found in some regions 

remote from the fracture surface (Figure 4.31). 

The above observations were confirmed by examining 

polished metallographic samples in the SEM. The hydrogen 

tested samples continued to demonstrate a clear demarcation 

of the slip lines accompanied by voids along the grain 

boundaries (Figure 4.32). Similar features were observed in 

samples tested in laboratory air. In these cases, iron rich 

particles were found in the grain boundary cavities (Figure 

4. 33). In some favorably oriented grains, extrusions and 

secondary cracks were -also observed (Figure 4.34). The 

above deformation features were not found in samples tested 

in oxygen although some secondary cracks were observed 

emerging from the main crack front (Figure 4.35). 



Figure 4.30 

Figure 4.31 

1 53 

Subsurface cracking observed in 
samples tested in salt water. 

Subsurface cracking observed in regions 
remote from the main crack front in 
samples tested in salt water. 



Figure 4.32 

Figure 4.33 
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Presence of slip lines and voids in 
samples tested in hydrogen. 

Particles located in cavities along 
grain boundaries. 



Figure 4.34 

Figure 4.35 
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/ 

/ 

Extrusions and secondary cracks observed 
in samples tested in lab air. 

Secondary crack formation in samples 
tested in oxygen. 
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TORSIONAL FATIGUE TESTS ON 90-10 COPPER NICKEL. 

Fatigue tests of copper-nickel alloys under Mode III 

loading (reverse torsion, R=-1) conditions in gaseous 

environments demonstrated that the test environment plays a 

significant role in determining the total cycles to failure. 

The results of these studies are consistent with the results 

of samples tested in the same gaseous environments under 

Mode I loading conditions. 

At least four samples were tested under each set of 

conditions and the data are summarized in Table 4. 4 and 

Figure 4. 36. A statistical analysis was performed on the 

data using the Duncan's multiple range technique and the 

results are tabulated in Appendix C. Significant decreases 

in life were observed in samples tested in dry hydrogen, 

oxygen and humid air compared to the fatigue life of samples 

tested in helium (P < 0.001). Fretting debris was observed 

near the cracks in samples tested in hydrogen, oxygen or 

humid air, but no such debris was observed in samples 

exposed to helium (Figure 

microscopy was performed 

4. 37). 

after 

ultrasonically cleaned of the debris. 

Scanning electron 

the samples were 

The fatigue cracks initiated as small longitudinal or 

transverse shear cracks, which gave way to propagation 

either in transverse shear (circumferential cracks) or 
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Figure 4.36 Effect of environment on fatigue life 
of 90-10 copper nickel under mode 3 loading. 



Helium 

Figure 4.37 
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Hydrogen Oxygen High Humidity 

Fretting debris in samples exposed 
to various environments. 

Hydrogen Oxygen High Humidity 

Figure 4.38 Macrophoto of fracture surfaces of 90-10 
copper nickel demonstrating a tendency 
for tensile propagation in aggressive 
environments under mode 3 loading. 
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Table 4.4 

Torsional Fatigue of 90/10 Copper Nickel (CA 706 Revere Plate) 

Environment 

Dry 
Helium 

Dry 
Hydrogen 

Dry 
Oxygen 

High 
humidity 

(193 MPa) 

Life X 10 3 

Cycles 

292 
310 
545 
407 

241 
139 
193 
132 
234 

136 
111 
162 
134 
196 

143 
136 
127 
168 
119 

*Denotes no failure. 

(180 MPa) 

Life X 10 3 

Cycles 

1059 
774 
859 
899 

782 
503 
555 
538 

498 
449 
410 
525 

(163 MPa) 

Life x 10 3 

Cycles 

5078* 
7854* 
4991* 
5021* 

2244 
2377 
2133 
2087 
2890 

1937 
2217 
2217 
2218 
1871 

1222 
1390 
1358 
1061 
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tension (cracks at 45 degrees to the specimen axis). At the 

higher stress levels (193 MPa), the mode of propagation was 

predominantly transverse shear regardless of the test 

environment, (see Figure 4.37); however at the lower stress 

levels ( 163 MPa) a tendency to propagate in tension ( see 

Figures 4.38 and 4.39) was observed in all the environments 

except those tested in helium. The lack of sample failure 

for the helium tested samples prevented any fractographic 

comparisons with the samples tested in the aggressive 

environments. Multiple initiation was observed in samples 

tested in all the aggressive environments at the lower 

stress levels (163 MPa) (Figure 4.40). The cracks growing 

from the initiation sites were rectangular rather than the 

normal semicircular Stage I I patterns ( see Figure 4. 40). 

These rectangular Stage II zones were not flat, but formed 

an interlocking array of 45 degree propagation facets 

(Figure 4.41). The facets in dry hydrogen contained brittle 

striations (Figure 4.42) which were not observed in samples 

tested in other environments. In the case of samples tested 

in oxygen and the high humidity environments, the 

propagation facets were flat and featureless (Figure 4.43). 

These featureless failure modes gradually gave way to the 

formation of intense secondary cracks (Figure 4.44). As 

Stage III was approached, some of the secondary cracks were 



Figure 4.39 

Figure 4.40 
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Tensile mode propagation observed in 
samples tested in aggressive environments 
under mode 3 loading. 

Typical multiple initiation · observed in 
samples tested in aggressive environments. 



Figure 4.41 

Figure 4.42 
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Interlocking array of propagation facets 
observed in samples tested in aggressive 
environments under mode 3 loading. 

Brittle striations observed in Stage II 
for samples tested in hydrogen under torsion. 



Figure 4.43 

Figure 4.44 

163 

Typical featureless striation pattern 
observed in samples tested in oxygen 
and humid air under torsion. 

Typical intense secondary crack formation 
during Stage II crack propagation. 



Figure 4.45 

Figure 4.46 
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Secondary cracks separated by shear walls 
with diffused striations observed in 
samples tested in aggressive environments . 

. ,. -
·..,, -. ~r::t~Y-~·-_. , 

.... 

.., 

Multiple crack initiation observed in samples 
tested in all the aggressive environments. 



165 

separated by shear walls which exhibited diffused striations 

(Figure 4.45). The Stage III overload zone showed microvoid 

coalescence and the size and appearance of the zone was 

similar for all specimens regardless of the test 

environment. 

The above observations were supported by·metallographic 

studies which are summarized in Table 4.5. Samples tested in 

the aggressive environments demonstrated multiple initiation 

and crack branching. Typical micrographs of these features 

are shown in Figures 4. 46 and 4. 47. In samples tested in 

hydrogen environments, intense plastic deformation and 

secondary cracking were observed at the crack tip ( Figure 

4.48) while samples tested in oxygen only contained evidence 

for secondary cracking (see Figure 4.46). 

TORSIONAL FATIGUE TESTS ON 70-30 COPPER NICKEL. 

The fatigue studies of 70-30 copper nickel alloys under 

Mode I I I loading conditions ( reverse torsion, R=-1), also 

demonstrated that test environment significantly affects the 

fatigue life. At least four samples were tested at each 

stress level and the data are summarized in Table 4.6. 

Statistical analysis of all the data was performed using the 
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Table 4.5 

Metallographic observations on 90/10 Copper nickel 

Environment 

Helium 

Hydrogen 

Oxygen 

High humidity 

Stress level of samples 163 MPa 

Observations 

No failure 

Multiple initiation 

Intense deformation 

around crack tip 

Crack branching 

Multiple initiation 

Subsurface nucleation 

Crack branching 

Multiple initiation 

Crack branching 



Figure 4.47 

Figure 4.48 
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Typical crack branching observed 
in aggressive environments. 

Intense plastic deformation associated 
with the crack front in samples tested 
in hydrogen under mode 3 loading. 
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Table 4.6 

Torsional Fatigue of 70/30 Copper Nickel (CA 715) 

(163 MPa) (149 MPa) (134 MPa) 

Life x 10 3 . 3 
Life x 10 Life X 10 3 

Environment Cycles Cycles Cycles 

Dry Helium 194 5037 

144 5345 

145 

Dry Hydrogen 65 499 2703 

59 462 2961 

76 642 3626 

66 

High humidity 47 337 1390 

90-95% RH 37 390 1830 

34 421 1548 

46 372 1305 
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Duncan's multiple range technique and the results are 

tabulated in Appendix D. Substantial decreases in life were 

observed in specimens tested in dry hydrogen and humid air 

compared to the life of samples tested in dry helium (Figure 

4. 49). Cracking initiated and propagated predominantly in 

transverse shear at the higher stress levels (163 MPa) 

regardless of the test environment, however, at lower stress 

levels ( 134 MPa) a small tendency for tensile propagation 

was observed (Figure 4.50). Fretting debris was observed on 

all the samples and the amount of debris appeared to 

increase as the test stress level was lowered and the 

humidity was introduced (see Figure 4.50). Scanning electron 

microscopy and EDAX analysis revealed that the debris were 

iron rich particles (Figure 4.51). Because the debris 

interfered with fractographic analysis, the samples were 

cleaned ultrasonically before examination in the scanning 

electron microscope. 

Crack initiation in dry helium was by relatively brittle 

processes ( Figure 4. 52) and the rough surface topography, 

typical of initiation progressed and became a smooth 

propagation zone with evidence of brittle fracture processes 

(Figure 4.53). This brittle region evolved into a striated 
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High 
Stress Leve I 

Low 
Stress Leve I 

Figure 4.50 

Figure 4.51 
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Helium .Hydrogen High Humidity 
Macrophoto of fracture surfaces of 
70-30 copper nickel tested in 
aggressive environments. 

Fe Ni Cu 

EDAX analysis of debris particles 
in 70-30 copper nickel. 



Figure 4_52 

Figure 4.53 
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Rough initiation observed in 70-30 
copper nickel tested in helium. 

Brittle fracture processes in the 
propagation zone of 70-30 copper 
nickel tested in helium. 
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region with secondary cracks associated with striations as 

Stage III was approached (Figure 4.54). 

T~sting in dry hydrogen resulted in an increased amount 

of secondary cracking along the striations and some 

associated intergranular failure (Figure 4. 55). Pronounced 

slip line development was observed on some of the 

intergranular fracture facets. Although, most of the 

fretting debris was removed by ultrasonic cleaning, some 

particles were found embedded on these facets (Figure 4.56). 

Similar features were observed on specimens tested in humid 

air (Figure 4.57) even though such specimens showed 

substantially lower fatigue lives and a larger amount of 

debris. 

The above observations were confirmed by metallographic 

studies which are summarized in Table 4.7. Multiple 

initiation was observed in specimens tested in all the 

environments. A typical initiation site is shown in Figure 

4.58. In samples tested in helium, intense plastic flow was 

observed along the crack front ( Figure 4. 59) . This 

deformation was accompanied by occasional crack branching. 

On the other hand, cracking in samples tested in hydrogen 

was far more complex than in samples tested in helium. 

Secondary cracks nucleated along slip bands were observed in 



Figure 4.54 

Figure 4.55 
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Striations and secondary cracks 
associated with Stage II propagation in 
70-30 copper nickel tested in helium. 

Striations and intergranular fracture 
observed in 70-30 copper nickel tested 
in hydrogen. 



Figure 4.56 

Figure 4.57 
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Particles embedded on the facets 
of 70-30 copper nickel samples 
tested in hydrogen. 

Typical intergranular fracture and 
slip lines associated with 70-30 
copper nickel tested in humid air. 
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Table 4.7 

Summary of Metallographic Observations on 70/30 Copper Nickel 

Helium 
Environment 

Hydrogen 

High Humidity 

Stress level of samples 134 MPa 

Multiple initiation 
Transgranular cracking 
Intergranular cracking 
Persistent slip bands 
Crack branching - rare 
Intense deformation around crack 

- usually crack tip blunted 

Multiple initiation 
Transgranular cracking 
Intergranular cracking 
Persistent slip bands 
Subsurface nucleation 
Crack branching - severe 
No intense deformation around 
crack 

Multiple initiation 
Transgranular cracking 
Intergranular cracking 
Persistent slip bands 
Crack branching - occassionally 
No intense deformation around 
crack 



< 

Figure 4.58 

Figure 4.59 
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Typical multiple initiation observed 
in all the 70-30 copper nickel samples 
tested in aggressive environments. 

Intense deformation observed in 70-30 
copper nickel tested in helium. 
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the helium tested samples (Figure 4.60). These cracks had a 

tendency to follow either intergranular or transgranular 

paths (Figure 4.61). There was a complete absence of intense 

plastic flow along the crack front in the samples tested in 

hydrogen and the growth of the crack was accomp.anied by very 

severe crack branching ( Figure 4. 62). Samples tested in 

humid air exhibited characteristics similar to those te·sted 

in hydrogen; however crack branching appeared to be less 

severe in these environments. 
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Figure  4.60  Typical  subsurface  attack  along 

slip  bands  in  70-30  copper  nickel 
tested  in  hydrogen. 

Figure  4.61  Transgranular  and  intergranular 
crack  propagation  in  70-30  copper 
nic kel  tested  in  hydrogen. 
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Figure 4.62 Severe crack branching observed in 70-30 
copper nickel tested in hydrogen. 



Chapter V 

PROCESSES OF CORROSION FATIGUE IN CU-NI-FE 
ALLOYS. 

Two different mechanisms to explain the effects of 

aggressive environments on the fatigue behavior of Cu-Ni-Fe 

alloys are proposed in this dissertation. One mechanism has 

been developed exclusively for oxygen environments while 

another involves a role for hydrogen environments. 

The transport of the aggressive species into regions 

ahead of the crack tip during fatigue deformation can occur 

through dislocation 

diffusion as well 

transport, 

as normal 

and/or dilation-aided 

lattice diffusion. For 

dislocation transport to occur, it is assumed that oxygen 

and hydrogen segregate to dislocations because of the 

negative binding energies associated with the interaction of 

the species with the dislocation. This segregation results 

in the formation of irnpuri ty clouds which during plastic 

deformation, move with the dislocations into regions ahead 

of the crack tip. Accumulation of the transported 

environment then occurs at the microstructural interfaces, 

promotes a lowering of the interfacial strength and 

increases the ease of interfacial fracture. Auger electron 

spectroscopy and secondary ion mass spectroscopy of fee 

181 
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aluminum, hep titanium and monel 404 have shown enhanced 

oxygen concentration at depths far greater than predicted by 

simple lattice diffusion when the samples were fatigued in 

oxygen< 146 >. Deformation enhanced transport of impurity 

clouds has also been observed in tritium outgassing studies 

of armco iron, 5083 aluminum, 304 stainless steel and 

Inconel 718 < 1 8 7 >. These results, coupled with the strain 

rate dependance of hydrogen embrittlement, are generally 

explained by the transport of solute clouds by dislocations. 

When an environment has accumulated through segregation 

to dislocations, the concentration of the specie at the 

dislocation core C ) can be related to the lattice 
..L 

concentration ( c0 ) by the relation< 188 > 

C = C exp (-Eb/ RT) 
.L 0 

where Eb represents the binding energy of the specie to a 

dislocation and is negative when segregation occurs. The 

maximum velocity that a dislocation impurity cloud can move 

without breakway of an edge dislocation from the atmosphere, 

'V', is expressed as< 199 >: 

V = 0.56 Eb D /RT b 

where Dis the diffusivity and bis the burgers vector of 

the edge dislocation. By using measured lattice diffusion 

coefficients and binding energies to estimate the maximum 

drift velocity for breakway, the calculated values of 'V' 
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were typically higher than the observed velocities. At 

dislocation velocities of 'V' or less, the impurity clouds 

will move with the dislocation. The strain ( £ ) associated 

with such dislocation motion can be expressed as< 1881 : 

·t=pbX 

where Xis the average distance the dislocation moves and£ 

is the dislocation density. 

The critical distance to which such transport can occur has 

been estimated as< 188 >: 

where t 

Xe = Vt 

is the time for plastic deformation. The 

corresponding critical distance predicted by lattice 

diffusion is expressed as<lBB>: 

= V tl/2 / 4 Dl/2 xd 

By expressing V in terms of Eb and D this expression has 

been modified as: 

= 

When this ratio is greater than 1, then dislocation 

transport processes are operative, but if the ratio is less 

than one, then lattice diffusion processes are dominant. 

Thus, this ratio can be readily used to predict when 

dislocation transport is feasible. A simple calculation was 

performed by assuming arbitrary values of Eb ranging from 

2500 cal/mole to 20000 cal/mole which represents the typical 
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range of binding energies observed in a wide variety of 

steels, stainless steels and nickel alloys< 190 >. The 

calculations in Appendix B show that the values of D, range 
-15 -17 from 1.16 x 10 cm2 /sec to 1. 8 x 10 cm2 /sec as the 

value of Eb was increased. Clearly, longer exposure times 

would only decrease the predicted value of D by the use of 

the above modified expression for Xc/Xd. Furthermore, if one 

were to consider the trapping and annhilation effects, then 

the diffusion coefficient values would be lower than those 

predicted by these expressions. These calculated diffusion 

coefficients are also far lower than the experimentally 

observed values for hydrogen in many materials where the 

values typically range from 10- 6 cm2 /sec in iron base alloys 

to 10-lO cm2 /sec in nickel base alloys< 199 >. At room 

temperature, the diffusivity of hydrogen in copper< 195 > is 

7.3 x 10- 11 cm2 /sec, and is higher than the diffusivity of 

oxygen in copper< 191 >, which is 6.7 x 10- 16 cm2 /sec. The 

large differences between the calculated and measured values 

suggests that dislocations can be responsible for the 

transport of hydrogen to the crack tip in copper alloys, but 

such transport cannot be invoked for oxygen because of the 

extremely high binding energies that are associated with 

such a process at room temperature. The presence of oxygen 

at distances far greater than that predicted by simple 
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lattice diffusion shows that some other process must occur 

and that process is proposed to be dilation aided diffusion. 

The elastic stresses and plastic strains which exist at 

the crack tip have been analysed previous1y< 95 >. It is 

generally accepted that a triaxial state of stress exists at 

the crack tip which is accompanied by a force gradient in 

regions immediately ahead of the crack tip. Such a force 

gradient enhances the possibility of increasing the drift 

velocity 'V' of an atom present at the crack tip. The drift 

velocity is expressed by the Einstein Stokes equation: 

V = D t.F /KT 

where Fis the force gradient 

K is the Boltzmann's constant. 

Tis the temperature. 

This expression has been modified by other investigators 

where the force gradient was expressed in terms of a product 

of the partial molar volume and a pressure gradient and is 

expressed as< 192 >: 

V = D v (dp/dx) /RT 

where 'v' is the partial molar volume of the aggressive 

species and 

dp/dx = 3 o / 2 d ys 
where o is the yield strength of the material and dis the ys 
grain size. 
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Thus dp/dx can be termed as a material parameter. This 

expression for dp/dx is made under the assumption that 

plasticity occurs at the crack tip. 

The partial molar volume of either oxygen or hydrogen has 

not been well established for copper or copper alloys. 

However, the partial molar volume of hydrogen in 4340 steel 
-6 has been measured and is approximately 10 m3 < 192 >. The 

-6 partial molar volume for fee metals would be lower than 10 

m3 because of the increased interstitial site size. If the 

'v' values are positive, dilation of the lattice occurs with 

absorption. Interaction between the dilation and the strain 

gradient promotes the diffusion of the aggressive species to 

the dilated regions. Such plastic gradients increase the 

concentrations of the species in the near surface regions 

ahead of the crack tip. Accumulation of these species at 

microstructural interfaces may then occur and enhance the 

possibility for increased interfacial fracture. 

Al though further work is clearly necessary to provide 

quantitative data to establish the validity of this model, 

it must be emphasized that dislocation transport does not 

appear to be the only probable mechanism for location of 

aggressive species ahead of the crack tip. In fact in the 

case of oxygen, dislocation transport is unlikely. Thus, 
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contributions of more than one localization mechanism must 

be invoked to explain the extremely large distances of 

transport in various metals. 

MECHANISM OF EMBRITTLEMENT BY OXYGEN. 

The transport of oxygen by dilation aided diffusion will 

result in an increased oxygen content at various 

microstructural interfaces in regions ahead of the crack 

tip. The rate of arrival is influenced strongly by the 

deformation strains associated with the crack tip. Under 

cyclic loading conditions, the deformation strains are at a 

maximum in regions ahead of the crack tip. This results in 

the introduction of a strain gradient between the crack tip 

and the internally deformed plastic zone. Such strain 

gradients serve as the driving force for the oxygen atoms to 

move towards the highly deformed regions. Sharp cracks 

demonstrate a lower degree of plastic deformation than blunt 

cracks. Thus, under conditions of dilation aided diffusion, 

the oxygen is transported to greater distances ahead of the 

crack tip in blunt cracks than in sharp cracks where the 

transport is restricted to the near surface deformation 

regions. Grain boundaries serve as short circuit diffusion 
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paths for oxygen migration in copper and its alloys< 1 8 5 > • 

The presence of iron particles along the grain boundaries 

favors the attraction of oxygen towards these interfaces, 

because iron has a strong thermodynamic affinity towards 

oxygen. Because of this affinity and the positive Pilling 

Bedworth ratio, oxidation of the iron particles will cause 

the introduction of large scale strains across the 

interface. The Pilling Bedworth ratio is given by 1193 >: 

Md/mD 

where Mis the molecular mass and Dis the density of the 

oxide, and mis the mass of metal in M of oxide and dis the 

density of metal. 

This Pilling Bedworth ratio has been shown to be greater 

than one for the iron oxygen system 1193 >. The formation of 

iron oxides at the grain boundaries is therefore 

simultaneously accompanied by volume expansion of the iron 

particles. Such expansion introduces local tensile strains 

which lowers the overall stress required for fracture. Thus, 

the local arrangement of iron particles will provide a 

preferential path for failure of the fatigue sample. 

In regions where iron-nickel precipitates are present, 

the nickel slows down the oxidation process. Hence oxidation 

of the particles will depend on the nickel content and will 

be significantly lower than for pure iron particles. Thus, 
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though there will be some degree of oxidation of the 

iron-nickel particles, they can only enhance the local 

tensile strains and may promote some secondary initiation at 

particles, but do not serve as the primary mechanism through 

which fracture occurs along the grain boundary interfaces. 

MECHANISM OF EMBRITTLEMENT IN HYDROGEN. 

The mechanism proposed for the interaction of hydrogen 

with Cu-Ni-Fe alloys is made under two clear assumptions: 

1. The rate controlling process is hydrogen transport 

and not hydrogen dissociation or adsorption, and 

2. The precipitate (Fe-Ni) particles on the surface 

interact with the environment and influence the 

fatigue process. 

The transport of hydrogen by dislocations can result in 

deposition at traps, along grain boundaries or at other 

microstructural features. The typical values for the 

binding energy of hydrogen to grain boundaries has been 

estimated to be as high as -0.3 ev< 100 >. Trapping at this 

level is considered to be reversible while trapping at 

interfaces such as TiC in iron where the binding energy is 

-0.9 ev<18'3) is considered irreversible. Thus, when 
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dislocations move under the influence of a near crack tip 

stress field and encounter a grain boundary, they can unload 

the hydrogen and increase the concentration of hydrogen at 

the grain boundary. This process continues into adjacent 

grains, as the new dislocations leaving the grain boundaries 

transport hydrogen across the grain boundary and deposit it 

at the next grain boundary. This process has found support 

in several alloy systems< 73 , 170 , 178 >, where the slip 

character has been altered in regions where hydrogen would 

not be expected from simple lattice diffusion processes. 

Hydrogen absorption by a material also promotes the 

activation of slip processes along favorably oriented 

grains. Because all grains are not favorably oriented 

inhomogenous deformation will result. Thus the strained 

regions at a crack tip may also be sites for brittle 

fracture processes because of the local inhomogenities and 

the tendency to concentrate stresses at the head of a 

dislocation pile up or slip band. 

The continous impinging of slip bands along the weak 

grain boundaries (the boundaries may be weakened by hydrogen 

accumulation) in regions of high tensile stress ahead of the 

notch, results in increased local stress concentrations. 

This is accompanied by the deposition of hydrogen at these 

locations. Such deposition can favor a lowering of the 
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cohesive strength of the grain boundaries. If the hydrogen 

is transported through the plastic deformation introduced by 

the cyclic loading to several grain boundaries, then the 

cohesive strength could be reached at several of these 

boundaries at the same time. This will be manifested in the 

macroscopic scale as multiple ini tiationjbranching of the 

cracks. The crack front wi 11 therefore be composed of a 

series of microcracks any or all of which may grow. As the 

microcrack velocity increases, the rate of accumulation of 

hydrogen at the crack tip may slow down because more and 

more dislocations move with a velocity exceeding 'v'. The 

most dominant crack will then control growth and final 

failure wi 11 simply result from ductile fatigue fracture 

processes. Microscopic and fractographic evidence for this 

process was observed in most of the specimens tested in this 

study. 

Support for the above model is also drawn from other 

studies with high strength steels containing segregated 

impurities. Acoustic emission measurements < 1 ~ 5 > have shown 

that the threshold value of maximum local stress ( oth ) 

required for microcrack nucleation was far lower for 

specimens tested in hydrogen environments than in those 

tested in air. This was accompanied by the continued 

formation of microcracks until the stress required for long 
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range propagation ( oh ) was reached. The value of oh was 

also found to be lower for samples tested in hydrogen than 

those tested in air. 

Another contribution of hydrogen to the fatigue in 

Cu-Ni-Fe alloys can be through its interactions with the 

iron-nickel precipitates in the matrix. Several previous 

studies< 183 , 184 > have shown that the iron-nickel 

precipitates in Cu-Ni-Fe alloys are generally "coherent". 

The hydrogen transported by dislocations or through dilation 

aided diffusion can be deposited at coherent precipitates 

especially when dislocations cut or shear the precipitates. 

Such shearing of precipitates results in the development of 

crystallographic mismatch in the matrix and promote a "loss 

in coherency". Other investigators< 1 c:i 7 > believe that this 

"loss in coherency" can occur at very low strains and 

eventually result in the formation of "incoherent" 

precipitates. This loss of coherency would be promoted by 

the accumulation of hydrogen because hydrogen lowers 

interfacial strengths. 

The formation of "incoherent" interfaces occurs when the 

combination of the surface area of the precipitates and the 

elastic misfit strains become large enough to produce 

dislocations at the interface. This dislocation production 
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reduces the strain energy of the system. The segregation of 

hydrogen to these interfaces is also accompanied by a 

lowering of the interfacial strength which is equivalent to 

a hydrogen induced reduction in surface energy. Thus, 

accumulation of hydrogen promotes the "overaging" of the 

precipitates and the softening of the lattice. In fatigue 

studies, this overaging can be manifested in the form of 

cyclic softening and the punching out of dislocations. The 

"punched out" dislocations can transport the hydrogen to 

grain boundary regions and provide further reduction in 

cohesive strength. Support for the concept of hydrogen 

induced local overaging can be drawn from several recent 

studies on precipitation hardenable alloys including 2024 

aluminum< 199 >, 17-4 PH and 15-5 PH stainless steels< 197 , 199 > 

and copper beryllium alloys< 200 >. 

by: 

Thus hydrogen environments can influence the fatigue life 

1. Enhancing cyclic softening through local overaging 

and the transport of hydrogen by dislocations or 

dilation aided diffusion to grain boundaries. 

2. Lowering the cohesive strength of the boundaries and 

promoting multiple initiation/branching at these 

locations. 
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MECHANISM OF EMBRITTLEMENT IN HUMID AIR. 

The environmental effects observed in humid air 

environments are similar to those observed in oxygen 

environments. In humid air environments, the moisture can 

interact with the iron particles and undergo an oxidation 

reaction which can be expressed as: 

= 

If the formation of the oxide is accompanied by the 

release of hydrogen, then a synergistic effect is developed 

and both the models proposed for oxygen and hydrogen 

environments may be validated. The high local fugaci ty of 

hydrogen produced through the iron-water reaction may aid 

dislocation transport processes while the oxidation of the 

iron particles at the grain boundaries can create internal 

strains ahead of the crack tip. This can result in the 

lowering of the cohesive strength at the impurity segregated 

boundaries, thereby promoting preferential fracture at these 

locations. 



Chapter VI 

DISCUSSION 

The results of this investigation have shown that the 

fatigue resistance of copper nickel alloys under both Mode I 

and I I I loadings can be altered by exposure to gaseous 

environments. Such observations are similar to those 

previously observed in other alloy systems such as aluminum, 

steel and titanium< 2 0 1 - 2 0 4 >. The combined analysis of the 

Mode I and III data show that initiation plays a dominant 

role in determining the fatigue life of samples. This 

conclusion stems from the observed: 

1) Resistance of samples to failure under Mode III loading, 

where because of the smooth samples, initiation is difficult 

and 

2) The large portion of the fatigue life used to initiate a 

fatigue crack under Mode I loading. 

The aggressive gaseous environments, oxygen and hydrogen, 

enhanced crack initiation and significantly decreased the 

fatigue resistance. In spite of these effects the 

environments only caused marginal differences in the crack 

growth rates. 

The total fatigue life of a material in any environment 

is determined by the sum of the individual contributions due 

195 
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to mechanical and environmental processes. At high initial 

stress intensities, fatigue life was dominated by the 

mechanical parameters. However, at lower stress intensities, 

the test environment played a more dominant role. 

The 

minimal 

effects of 

although, 

varying the 

the higher 

frequency of testing were 

test frequencies, generally 

favored a larger degree of participation from the mechanical 

fatigue process with a smaller contribution from 

environmental processes. This small contribution from 

environmental processes resulted from the relatively short 

times of exposure to the aggressive environment. As the 

frequency for testing was lowered, the time of exposure to 

the aggressive environment increased and the contribution 

from environmental processes became more important. Thus, 

environmental effects were maximized by tests at the low 

initial stress intensities and low frequencies. 

The results of this investigation were complicated 

because the different aggressive environments affected the 

fatigue processes by different mechanisms. Therefore, 

environmental effects can be separated into three broad 

categories: 

1. the role of oxygen environments, 

2. the role of hydrogen environments, 
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3. the participation of aqueous environments. 

All these effects are compared to tests in similar samples 

exposed to helium gas to obtain baseline data and fracture 

morphology. 

ROLE OF OXYGEN ENVIRONMENTS. 

The resistance of Cu-Ni-Fe alloys to fatigue was lowered 

when the tests were conducted in gaseous oxygen. Such 

lowering was manifested in the form of: 

1. Earlier crack initiation. 

2. Marginally higher crack growth rates. 

3. Reduced fatigue lives. 

4. Appearance of brittle fracture modes particularly 

along the specimen edges. 

5. Presence of secondary cracks in the near surface 

deformation regions. 

6. Formation of voids along grain boundaries. 

7. Presence of oxidized particles along the 

intergranular facets. 

Previous investigations have shown that oxygen can 

significantly increase the fatigue crack growth rates in a 

wide variety of metals and alloys< 146 , 170 , 204 >. Such 
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increases in crack growth rates have been rationalized by 

the assumption that significant transport of oxygen into the 

plastic zone ahead of the crack tip can occur by the 

dislocations generated during fatigue processes. As shown in 

the description of the proposed model such transport is 

unlikely but enhanced uptake could occur by dilational aided 

diffusion processes. Auger studies on copper alloys< 145 > and 

SIMS studies on aluminum alloys 1205 > have demonstrated that 

oxygen is present at distances far further from the crack 

tip than predicted by simple lattice diffusion processes. 

The presence of oxygen at the various microstructural 

interfaces has been proposed to promote decohesion < 2 0 4 >, 

although none of the proposals provide a fundamental model 

for the decohesion process. 

The model developed in this dissertation to explain the 

effects of oxygen on fatigue includes the assumption that 

iron rich particles are oxidized in advance of the 

propagating crack. The presence of oxidized particles on the 

intergranular facets is consistent with the interactions 

required for this model as is the observation of increased 

amounts of intergranular fracture observed at the edges of 

the fatigued samples. These near surface regions are exposed 

to oxygen which can diffuse into the sample particularly 

along grain boundaries. Diffusion of oxygen to internal 
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regions of the samples is more difficult because of the path 

length but also depends on either lattice diffusion, grain 

boundary diffusion and/or dislocation transport processes. 

Varying the mean stress intensity level during the fatigue 

test caused no major changes in the amount or location of 

intergranular fracture. The amount of dislocation motion is 

sensitive to the mean stress intensity but the maximum 

lattice dilation is sensitive to only crack tip geometry; 

thus if dilation processes are important to the enhanced 

fatigue, little effect of mean stress intensity should be 

observed. This lack of effect is therefore in agreement with 

the proposed model but may be partially due to the 

effectiveness of the oxidation process in the near surface 

regions. 

Another fractographic feature which is readily 

rationalized through the proposed oxidation model is the 

frequently observed transgranular initiation in oxygen 

environments. This lack of intergranular cracking at the 

machined notch may be due to the lack of constraint at that 

surface and the depth to which oxygen is driven by the 

diffusion processes particularly in blunt cracks which are 

accompanied by plastic deformation. 
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The addition of moisture to oxygen environments reduced 

the fatigue life and increased the amounts of intergranular 

fracture. Such observations are attributed to synergistic 

or combination effects. Both oxygen gas and hydrogen are 

present at the crack tip when growth occurs in the moist 

environment and the increased tendency for intergranular 

cracking suggests that hydrogen can also influence the crack 

morphology. 

ROLE OF HYDROGEN ENVIRONMENTS. 

Hydrogen environments decreased the fatigue resistance of 

copper nickel alloys, but the observed decrease was less 

than that caused by oxygen environments. Initiation in 

either hydrogen or oxygen was easier than in dry helium, 

although little difference was observed in the overall crack 

propagation rates. The increased ease of initiation would 

be observed if hydrogen lowered the strength of the grain 

boundaries. Such lowering has been observed in stainless 

steel, nickel and titanium alloys< 187 , 190 >, thus, the effect 

should be anticipated in copper. Transgranular initiation 

during fatigue has also been previously observed in copper 

and Cu-Ni-cr< 206 , 207 > alloys but not attributed to hydrogen 



201 

effects. These early observations suggested that grain 

boundaries failed because dislocation motion was restricted. 

However, intense slip bands were observed in the near 

surface regions of samples fatigued in hydrogen but not in 

any other gaseous environment. This observation demonstrates 

that dislocation motion was not restricted. Thus grain 

boundary failure must result from a weakening of the 

boundary rather than the restriction of slip processes. 

Furthermore, when the hydrogen content of the test samples 

was increased through thermal charging the tendency for 

intergranular fracture increased. This provides evidence 

that hydrogen absorption decreased grain boundary strength. 

Intergranular crack initiation has been observed in copper 

alloys tested in hydrogenous environments< 207 , 208 > and has 

been generally rationalized by the theory of accomadation 

slip< 208 >. Such rationalization is not necessary if hydrogen 

lowers the cohesive strength of the grain boundaries. The 

intergranular facets observed in this study often contained 

slip lines. This observation is in agreement with a model 

for hydrogen embrittlement< 209 > which assumes the grain 

boundary failure can be either stress or strain induced 

( Figure 6 .1). The facets with slip bands would therefore 

represent strain induced decohesion while the smooth grain 

boundaries may represent stress induced decohesion. The 
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E'igure 6.1 Schematic of Proposed Model for 
Hydrogen Embrittlement. 
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propagation mode in the hydrogen environments was therefore 

predominantly intergranular because of the lowering of the 

grain boundary strength. The hydrogen environments also 

tended to localize the strain and promote the formation of 

persistent slip bands in the near surface deformation 

regions. Such deformation characteristics may be attributed 

to the ability of hydrogen to promote local overaging of the 

precipitates on the facets through a "loss in coherency" 

mechanism. This localized overaging would be accompanied by 

a cyclic softening of the material. Support for this model 

is derived from TEM studies of nickel copper alloys, where a 

"loss in coherency" was observed in the near surface 

deformation regions of samples tested in gaseous 

hydrogen< 1 7 2 > • 

The stress intensity at the crack tip increases with 

crack growth and thus the volume of metal at a high stress 

intensity level increases. When this volume exceeds some 

critical size hydrogen effects are maximized. In this case 

the primary manifestation of the increasing l1K level was 

microcracking along interfaces in the deformed zones. This 

microcracking leads to secondary cracks and brittle fatigue 

striations. Once a critical crack length is reached, crack 

propagation rate is too high for hydrogen diffusion in 

advance of the crack by mechanical processes which are 
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ductile fracture and microvoid coalescence. The reduction in 

fatigue life observed in hydrogen can therefore be explained 

by hydrogen induced changes in fracture modes. Reasons for 

these changes are summarized schematically in Figure 6.1. 

The observation that hydrogen does not reduce the fatigue 

life as much as oxygen is attributed to the increased ease 

of crack initiation, as shown in Figure 4. 5. This rather 

large initiation difference is not observed in crack growth 

kinetics (Figure 4. 6). This variation in effects is 

attributed to the ease with which hydrogen can diffuse into 

the samples compared to oxygen. Oxygen is a more effective 

crack producer but cannot diffuse rapidly enough to sustain 

high environmentally enhanced crack rates. Furthermore, the 

crack branching observed in samples tested in hydrogen may 

cause a lowering of the effective stress intensity because 

of the "blunting" of the crack tip. Such blunting and 

lowering of AKeff will cause an apparent increase in fatigue 

life because the cyclic AK is at a lower level. 

In summary, the hydrogen induced reductions in fatigue 

lives, (the increased amounts of intergranular fracture and 

presence of a considerable amount of secondary cracks in the 

near surface deformation zones) are all consistent with 

hydrogen induced decreases of grain boundary and particle 
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matrix strengths. By altering the test environment from 

hydrogen to lab air, further reductions in fatigue life were 

observed. These reductions are due to the combined effects 

of oxygen in the air and the hydrogen produced by the 

oxidation of the iron-rich particles. All iron particles 

observed on the facets were oxidised and evidence for such 

oxidation is shown in Figure 4.18. 

ROLE OF HUMID AIR ENVIRONMENTS. 

Humid air also reduced the fatigue resistance of Cu-Ni-Fe 

alloys, by causing: 

1. Easier initiation. 

2. Marginal increase in crack growth rates. 

3. Appearance of brittle intergranular fracture. 

4. Presence of brittle striations in Stage II. 

The deleterious effects of humid air on both aluminum 

alloys and steel has been well documented (116-120 135-136) 
I 

but little information exists with respect to the 

performance of copper and its alloys in these environments. 

The mechanism associated with humidity induced reductions in 

the fatigue life of aluminum or steel has generally involved 

hydrogen. Because hydrogen also promotes fatigue crack 
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growth in copper alloy ( see previous section) and because 

the iron rich particles in the copper nickel tested will 

oxidise in moisture to liberate hydrogen, it was anticipated 

that moist air would be an aggressive environment. 

No major fractographic differences were observed between 

the oxygen or humid air environments, however; exposure to 

humid air increased the amount of intergranular fracture. 

Such an increase is due to the combined action of oxygen and 

hydrogen. Pits also formed on the surfaces of the samples. 

The lack of any significant differences between samples 

tested in humid air and oxygen, suggests that the role of 

oxygen dominated the fatigue process. The iron-water 

reaction allows some hydrogen to be liberated, but this 

hydrogen plays only a minor role in the fatigue process. 

The participation of hydrogen, is manifested in the form 

of increased amounts of intergranular fracture. The 

combined action of oxidation of the iron rich particles and 

the local availability of hydrogen may also enhance brittle 

intergranular fracture. The formation of pits on the 

surfaces of the samples exposed to humid air, 

rationalized through the development of 

may be 

local 

electrochemical cells between the anodic iron particles and 

the cathodic copper nickel matrix. 
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ROLE OF AQUEOUS ENVIRONMENTS. 

Aqueous environments apparently improved the fatigue 

resistance of the material. The fatigue lives of samples in 

3.5% sodium chloride solutions and in distilled water were 

similar showing that the sodium chloride does not play an 

important role in the fatigue process. It was also observed 

that the fatigue lives of samples tested in aqueous 

environments were significantly higher than those for 

samples tested in gaseous environments. This observation can 

be rationalized through the decreased availabilty of oxygen 

at the crack tip. 

The fractographic features observed during all stages of 

the fatigue process were similar to those observed in oxygen 

environments. This suggests that even under conditions of 

limited availability, oxygen plays an important role in the 

fatigue process. The increased life however, shows that 

something must suppress the normal fatigue processes. This 

suppression is assumed to be due to the nature of the films 

formed on the test samples. 

When the copper nickel alloys were coupled to a steel 

adapter, the fatigue life was increased further and was 

almost twice that of samples exposed to aqueous environments 

and coupled to a copper holder. Such increases in life are 
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attributed to the cathodic polarization of the sample. 

Metallographic observations of the near surface deformation 

characteristics in the cathodically polarized samples, 

showed the formation of intense persistent slip bands and 

severe secondary cracking parallel to the fracture front. 

These observations were similar to those observed in samples 

tested in hydrogen environments. This similarity suggests 

that cathodic polarization of copper nickel samples in 3.5% 

sodium chloride solutions, introduces an electrochemical 

reaction which prevents oxygen accumulation at the crack tip 

and results in the liberation of hydrogen. Therefore, the 

results obtained through cathodic polarization are 

consistent with the model proposed for embri ttlement by 

gaseous hydrogen environments and again the longer fatigue 

life is attributed to formation of the surface films. All 

the results of the corrosion fatigue studies of samples 

tested in aqueous environments are thus consistent with the 

tests in gaseous environments if the formation of the 

surface films is assumed to be important. The possible 

importance of surface films on the fatigue processes was 

further demonstrated by measuring the effect of test 

frequency. As the frequency of testing in helium was 

increased the fatigue life of samples decreased. Thus tests 

in helium environments at 5 Hz resulted in longer fatigue 
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lives than samples tested at 15 Hz. The reverse frequency 

effect was true for the samples tested in lab air. This 

reversal was due to the lack of time for environmentally 

enhanced crack growth although some environmental effect was 

observed. Fractographic studies of the helium tested samples 

revealed that the striations at the higher frequencies were 

finer than those observed at the lower frequencies ( see 

Figures 4. 2 and 6. 2) and no tendency for intergranular 

fracture was observed. 

TORSIONAL FATIGUE BEHAVIOR OF COPPER NICKEL ALLOYS. 

The results of the torsional fatigue studies in both 

90-10 and 70-30 copper nickel alloys have shown that 

exposure to and testing in aggressive gaseous environments 

can significantly decrease the fatigue life of the material. 

These results are consistent with the observations in 

aluminum alloys< 201 > and stee1< 2 o 3 > exposed to similar 

environments and tested under similar loading conditions. 

The production of fretting debris observed in these 

samples is typical of torsional fatigue test specimens, 

particularly under conditions where precipitate particles 

are involved in the fatigue process. Thus the observation 
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Typical fine striations observed in 
samples tested in helium at 15 Hz. 



211 

supports the mode I studies showing a role for the iron rich 

particles. The decrease in the amount of debris with samples 

tested in oxygen or at high humidity is consistent with the 

oxidation of the iron particles preventing debris formation. 

Crack initiation in torsional fatigue can occur by either 

longitudinal or transverse shear. In torsion, the shear 

stresses are initially equal in magnitude to the tensile 

stresses at 45 degrees to the axis of the specimen. However, 

inspi te of this equality, shear initiation dominated the 

torsional fatigue process. This illustrates the relative 

importance of shear in the crack initiation process. Such a 

role for shear is consistent with the strain initiated 

cleavage argument presented in the hydrogen effects section. 

After crack initiation, crack propagation at the high stress 

levels was predominantly in transverse shear while low 

stresses favored a transition to a 45 degree tensile mode 

failure. Extensive propagation in longitudinal shear was not 

probable because of the specimen geometry used for these 

tests. These observations are consistent with the results 

from steel< 2 1 0 - 21 2 > and aluminum alloys< 2 0 1 , 2 1 3 > • Previous 

investigations< 21 4 > have shown that raising the stress in 

2024 T3 aluminum increased the plastic strain range and the 

number of fatigue microcracks. At low stresses, the 

microcracks initiated early in the fatigue life while at 
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high stresses, the number of microcracks increased 

throughout the fatigue life of the specimens. Other 

investigators< 21 5 > have observed that the growth of small 

cracks in aluminum tended to remain on the initiation plane 

if the crack growth took place in an inert atmosphere. On 

the other hand, when small cracks were grown in moist air, 

growth was not confined to the plane of initiation but 

included the plane of maximum tension which was oriented at 

about 45 degrees to the principal shear planes. The 

transition from Mode II I to Mode I is evidently a complex 

phenomenon, complete analysis of which would have to allow 

for the much greater plasticity ahead of the Mode III crack, 

the effect of friction in reducing the effective stress 

intensity at the tip of the Mode III crack and the fact that 

the fracture toughness and the threshold stress intensity 

for Mode I I I may vary differently with strength level to 

those for Mode I. All of these factors are influenced by the 

specimen microstructure. 

Once cracks are introduced, the stress concentration 

factor for tensile stress increases and may be double that 

of the shear stress. Previous investigations< 2 0 1 > on 2024 

T351 aluminum have shown that the fracture mode in inert 

environments can be changed from predominantly shear to 

predominantly tensile by overaging the test specimens. 
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Overaging results in an increase in the shear strength to 

tensile strength ratio, thus making the softer material more 

susceptible to tensile failure. The present studies with 

copper nickel alloys suggests that the same fracture mode 

transitions can be introduced by testing in aggressive 

environments. Thus the macroscopic fracture mode change is 

equivalent to the transition induced by softening the 

material. 

Softening in hydrogen or high humidity environments may 

be achieved through a local averaging process. Such 

averaging could occur by affecting the coherent iron-nickel 

precipitates. The softening process in the oxygen tested 

samples probably resulted in internal stresses developed by 

the oxidation of the iron rich particle. Tests with lead< 45 > 

and iron< 204 >, demonstrated that surface rumpling and grain 

boundary cracking occurred in specimens tested in vacuum. 

The observed rumpling was attributed to the numerous slip 

lines which are distributed evenly over the grain. In 

contrast, oxygen 

and minimized 

meta1s< 204 >. The 

environments promoted intense slip 

grain boundary cracking in both 

fatigue cracks in such studies 

lines 

the 

were 

initiated along the slip lines and were determined to be a 

function of the oxygen pressure. Thus in both types of 

aggressive environments, local deformation was manifested 
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through the development of slip lines and the slip character 

determined the overall softening characteristics. Internal 

oxidation also influenced the slip character and thus 

influenced the type of fracture. 

As a result of the transition from shear to tension each 

initiation site can produce upto four propagating cracks as 

shown in Figure 6. 3a. The radius on the test specimen 

caused the initation sites to be confined to the 

circumference of the minimum diameter. This selected 

initiation resulted in the formation of a regular array of 

cracks (see Figure 4.39 and 4.41) modelled in Figure 6.3b. 

This crack aray is consistent with oxygen and hydrogen 

promoting fracture by lowering the tensile strength of 

boundaries. 
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Model for a) initiation of tensile 
cracks from shear initiation site 
b) subsequent formation of regular 
array of cracks. 
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FRACTOCRAPHIC AND METALLOCRAPHIC STUDIES IN 90-10 COPPER 

NICKEL. 

The transition from Stage 1 shear initiation to Stage 2 

tensile propagation was accompanied by a change from 

striations to secondary cracking separated by shear walls 

containing diffused striations. A mixture of fine and 

brittle striations was observed in samples tested in 

hydrogen. These striations were unlike those developed on 

samples tested in oxygen or humid air environments where 

only fine striations were observed. The brittle striations 

observed in hydrogen environments are probably due to the 

accumulation of hydrogen and the gradual weakening of the 

interfaces at these locations. The striations eventually 

gave way to the formation of intense secondary cracks. In 

hydrogen environments, these cracks occured because of a 

lowering of the interfacial strengths, while in oxygen or 

humid air environments, the cracks formed because of the 

iron-oxygen reaction. Shear walls containing large numbers 

of dimples and diffused striations were formed at the end of 

Stage 2. The formation of shear walls is due to the joining 

of the multiple crack fronts, propagating at various 

heights. The diffused striations on these shear walls were 

probably due to the action of tensile stresses. Stage 3 

propagation in all the samples was microvoid coalescence and 

is typical of fracture induced by overload. 
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Metallographic studies confirmed the fractographic 

observations. Secondary cracking was observed in samples 

tested in oxygen environments. This cracking is due to the 

oxidation of the iron particles and subsequent decohesion in 

the deformation zones ahead of the progressing crack front. 

In samples tested in hydrogen environments, the intense 

deformation zones ahead of the crack tip suggests that 

hydrogen induced softening processes coupled with the small 

grain size of the samples contributed to the severe 

accumulation of strain and the blunting of the crack front. 

FRACTOCRAPHIC AND METALLOCRAPHIC STUDIES IN 70-30 COPPER 

NICKEL. 

The fractographic features in 70-30 copper nickel alloys 

exposed to aggressive environments appeared to be far more 

brittle than those observed in 90-10 copper nickel alloys 

tested in similar environments. The fine and homogenous 

distribution of slip in samples tested in these environments 

probably resulted in the localization of strain resulting in 

an step like appearance. In samples tested in hydrogen, or 

humid air environments, pronounced slip line development was 

observed along the grain boundary facets. As previously 
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described this is consistent with the "loss in coherency" 

mechanism. 

Metallographic studies 

observations. In samples 

supported the 

tested in hydrogen 

fractographic 

or humid air 

environments, signs of corrosion first appeared along the 

slip bands. This attack eventually led to the formation of 

secondary cracks. Secondary cracks propagated along both 

transgranular and intergranular paths. This mixed 

propagation path was due to the continous alteration of the 

complicated local stress state and the grain orientation. 

Such preferential attack has been observed previously in 

several different types of environmental interactions with 

stainless steels< 21 6 - 21 8 > • Both the fractographic and 

metallographic observations are therefore consistent with a 

rationale, involving hydrogen and oxygen effects on the 

fatigue process. 



Chapter VII 

SUMMARY AND CONCLUSIONS 

This study has shown that copper nickel alloys are 

susceptible to environmentally enhanced fatigue under both 

mode I and mode III loadings. The resistance to crack growth 

was lower in samples tested in lab air or oxygen than in 

samples tested in helium. Hydrogen environments also 

decreased the fatigue resistance, but to a lesser degree 

than lab air or oxygen. On the other hand, aqueous 

environments improved the fatigue resistance of the copper 

nickel. The degree to which this improvement was observed 

was determined by the nature of materials in contact with 

the copper-nickel during testing. Galvanic coupling of 

steel to copper nickel was far more beneficial than coupling 

copper to copper nickel. The 3.5% sodium chloride solutions 

were not aggressive when compared to tests in distilled 

water thus indicating that fatigue of copper-nickel in 

marine environments could be conservatively predicted by the 

tests in air. 

The lowered fatigue resistance of 90-10 copper nickel in 

aggressive gaseous environments under mode I loading was 

manifested in the form of easier crack initiation, marginal 

increases in crack growth rates and the presence of 
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intergranular fracture. The fracture modes of samples tested 

in aqueous environments were similar to those observed in 

gaseous environments even though crack growth rates were 

much slower. 

The surface deformation features near the crack tip were 

also affected by exposure to aggressive environments. 

Persistent slip bands were formed in samples tested in 

hydrogen while secondary cracks were formed in samples 

tested in oxygen. Both of these features were observed on 

specimens tested in aqueous environments. 

Samples of 90-10 

tested under mode 

environments showed 

copper nickel 

I I I loading 

deleterious 

or 70-30 copper nickel 

in aggressive gaseous 

environmental 

similar to those observed in mode I tests. 

effects 

Multiple 

initiation, crack branching and macroscopic fracture mode 

changes were induced by exposure to the aggressive gases. 

The lack of any published data on corrosion fatigue of 

copper nickel 

comparisons with 

alloys in gaseous environments made 

the literature difficult. These results 

appear to be the first set of data demonstrating the 

susceptibility of copper nickel alloys to corrosion fatigue 

in gases such as oxygen and hydrogen. The observations in 

this dissertation could not be explained by a generalized 
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mechanism and several postulations were necessary. Further, 

the role of dislocation transport of aggressive species in 

causing crack growth was found to predict extremely slow 

diffusion rates for oxygen at room temperature making such 

transport unlikely. 

The model proposed for corrosion fatigue in oxygen 

environments involves the transport of oxygen into regions 

ahead of the crack tip, by dilation aided diffusion. The 

strain gradient in the deformed regions at the crack tip 

coupled with the positive partial molar volume of oxygen 

causes directed diffusion to the region of maximum lattice 

dilation. Subsequent interaction of the oxygen with the 

iron rich particles, particularly those at the grain 

boundaries results in the formation of iron oxide. The 

volume of the iron oxide is greater than the volume of the 

iron reacted. This change induces a volume expansion which 

enhances stresses at the grain boundary and provides a 

preferential path for fracture. 

The proposed model for corrosion fatigue in hydrogen 

invokes both dislocation transport and dilation aided 

diffusion. Dilation aided diffusion of hydrogen in these 

alloys occurs for the same reasons that were described for 

oxygen transport. The segregation and accumulation of 
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hydrogen at micro structural interfaces lowers the 

interfacial strength and increases the ease of interfacial 

fracture. Hydrogen induced softening through a "loss in 

coherency" mechanism was also proposed in regions where 

hydrogen interacted with the iron rich coherent precipitates 

in the matrix. 

Iron is added to copper nickel alloys to improve the 

erosion corrosion resistance. The observations in this 

thesis suggest that the use of alloys containing iron is not 

particularly desirable under conditions of corrosion 

fatigue. However, the practical implications of such a 

conclusion is that iron rich particles will preferentially 

dissolve when exposed to an aqueous environment. In these 

environments no corrosion fatigue was observed. Thus 

corrosion fatigue is unlikely to be a problem in 

copper-nickel cladding on marine structures. 



Chapter VIII 

SUGGESTIONS FOR FUTURE WORK 

' The research presented in this dissertation has 

established that copper nickel alloys are susceptible to 

environmentally induced degradation in the presence of 

aggressive gases. Several of the postulates and/or 

assumptions made in this dissertation can be verified 

through additional investigation. The following studies are 

therefore recommended: 

a) A study of the role of surface films on the fatigue 

behavior will provide a better understanding on the causes 

of degradation in the various environments. Such studies 

will have to carefully characterize the surface films using 

surface analytical techniques and describe any changes in 

the films that occur during the fatigue process. 

b) Future studies should characterize the nature of the 

iron precipitates and establish how these precipitates 

interact with components of the 

Transmission electron microscopy 

significantly to this characterization. 

test 

should 

environment. 

contribute 

c) Anodic or cathodic polarization studies of the copper 

nickel samples during fatigue testing in aqueous 

223 
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environments can be used to establish a better understanding 

of the role of corrosion and iron particles on the corrosion 

fatigue process. The validity of these results would be 

enhanced if seawater or recirculating seawater were used 

during testing. 

d) Welding copper nickel to steel introduces a range of 

microstructures in and around the heat affected zone. 

Because welding will be used to attach copper-nickel to 

steel structures future studies must address the role of 

weld microstructure on environmentally induced effects. 

The above studies would greatly improve the understanding 

of the corrosion fatigue behavior of copper nickel alloys 

and increase the data base available for materials 

selection. Such a data base would assist designers in 

establishing conservative estimates for cladding lifetimes 

on offshore/marine structures. 
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APPENDIX A 

The diffusivity of hydrogen in copper is given by the 

expression< 195 > 

D = .005925 exp (- 12228 IR T) 

The diffusivity of oxygen in copper is given by the 

expression< 191 >: 

D = .0024 exp (-18600 /RT) 

Using R = 1.987 cal/mole/~K and T = 300°K, the diffusivity 

of hydrogen in copper at room temperature is calculated to 

be: 

D = -11 7.3 x 10 cm2 /sec. 

The diffusivity of oxygen in copper at room temperature is 

calculated as: 

D = -16 6.7 x 10 cm2 /sec. 

At a temperature of 135° C the value of D for hydrogen in 

copper is: 

D = 1.6669 x 10 -s cm2 /sec 

The time (t) required for saturation of the copper nickel at 

a distance 1/2 is expressed as: 

t = 0.6 1 2 / D 

where 1 is the thickness of the sample. 

For 135° C the time for saturation is: 

t = 0.6 X ( 0.046 X 2.54 ) 2 / 1.6669 X 10- 8 

t = 5.687 days. 
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APPENDIX B 

The expression for Din terms of dislocation transport is 

given as: 

ID = RT b / 0.14 Eb It. 

When R = 1.987 cal/mole/°K, T = 300°K, b = 2 x 10- 8 cm, 

and time t = 1 sec the values are calculated as; 

Eb cal/mole D cm2/sec. 

2500 1.16 X 10-15 

5000 2.90 X 10-16 

10000 7.25 X 10-17 

20000 1.81 X 10-17 
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APPENDIX C. 

Statistical Analysis of 90-10 Copper Nickel 

Torsional Fatigue Data 

Stress 

19 

19 

19 

19 

18 

18 

18 

18 

16 

16 

16 

16 

Log cycles 

12.820A 

12.112B 

ll.880 8 

11. 830 8 

13.695A 

13.280 8 

13.055 8 

15.540A 

14.660 8 

14.550 8 

14.035c 

Environment 

Helium 

Hydrogen 

Oxygen 

Humidity 

Helium 

Hydrogen 

Oxygen 

Humidity 

Helium 

Hydrogen 

Oxygen 

Humidity 

A is significantly different than B at a 99% confidence 

limit. 

B is significantly different than C at a 99% confidence 

limit. 

C is also different from A at a 99% confidence limit. 
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APPENDIX D. 

Statistical Analysis of 70-30 Copper Nickel 

Torsional Fatigue Data 

Stress 

16 

16 

16 

14 

14 

14 

13 

13 

13 

Log cycles 

11. 973A 

11. 097 8 

10.610c 

13.177A 

12.845 8 

15.460A 

14.937 8 

14.22sc 

Environment 

Helium 

Hydrogen 

Humidity 

Helium 

Hydrogen 

Humidity 

Helium 

Hydrogen 

Humidity 

A is significantly different than B at a 99% confidence 

limit. 

B is significantly different than C at a 99% confidence 

limit. 

C is also different from A at a 99% confidence limit. 
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