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Structure-Property Relations on Strain-Mediated Multiferroic Heterostructures 

Min Gao 

ABSTRACT 

Multiferroic thin-film heterostructures have attracted a great deal of attention due to the 

increasing demand for novel energy-efficient micro/nano-electronic devices. Both single phase 

multiferroic materials like BiFeO3 (BFO) thin films, and strain-mediated magnetoelectric (ME) 

nanocomposites, have the potential to fulfill a number of functional requirements in actual 

applications—principally, direct control of magnetization by the application of an electric field (E) 

and vice-versa. From the perspective of material science, however, it is essential to develop a fuller 

understanding of the complex fabrication-structure-property triangle relationship for these 

multiferroic thin films. 

Pulsed laser deposition (PLD) was used in this study to fabricate diverse epitaxial thin film 

heterostructures on top of single crystal substrates. The crystal structure, phase transition processes 

(amongst nanodomain distributions, dielectric phases, magnetic spin states, etc.), and various ME-

related properties were characterized under different E or temperature environments. Resulting 

data enabled us to determine the structure-property relationships for a range of multiferroic 

systems.  

First, BFO-based heterostructures were studied. Epitaxial BFO thin films were deposited 

on top of (001)-oriented Pb(Mg1/3Nb2/3)O3-30PbTiO3 (PMN-30PT) single crystal substrates. The 

strain states of BFO and crystal structural phases were tunable by E applied on the PMN-30PT via 

both the in-plane and out-of-plane modes. The strain-mediated antiferromagnetic state changes of 

BFO were also studied using neutron diffraction spectroscopy under E. Then, 

CoFe2O4(CFO)/tetragonal BFO nanocomposites were successfully fabricated on top of (001)-



 
 

 

oriented LaAlO3 single crystal substrates. The surface morphology, crystal structure, magnetic 

properties, and ME effects were evaluated and compared with CFO/rhombohedral BFO 

nanocomposites.  

To enhance the performance of ME heterostructures with PMN-PT substrates, PMN-30PT 

single crystals with nanograted electrodes were also studied, which evidenced an enhancement in 

piezoelectric properties and dielectric constant by 36.7% and 38.3%, respectively. X-ray 

diffraction reciprocal space mapping (RSM) was used to monitor E-induced changes in the 

apparent symmetry and domain distribution of near-surface regions for the nanograted PMN-30PT 

crystals. 

Finally, in order to add antiferroelectric thin films to the family of strain-mediated 

multiferroic nanocomposites, epitaxial antiferroelectric thin films were prepared. Epitaxial 

(Pb0.98La0.02)(Zr0.95Ti0.05)O3 (PLZT) thin films were deposited on differently oriented SrTiO3 

single crystal substrates. A thickness dependent incommensurate/commensurate antiferroelectric-

to-ferroelectric phase transition was identified. The crystal structure, phase transition 

characteristics and pathways, and energy storage behaviors from room temperature to 250 ℃ were 

studied, enabling a more systematic understanding of PLZT-based AFE epitaxial thin films.  

To summarize, a range of epitaxial thin films were prepared using PLD, whose crystal 

structures and multiferroic properties were related through the strain. Accordingly, properties such 

as dielectricity, antiferroelectricity, and antiferromagnetism could be adjusted by E. This study 

sheds further light on the potential for designing desirable strain-mediated multiferroic nano-

/micro-devices in the future. 

  



 
 

 

Structure-Property Relations on Strain-Mediated Multiferroic Heterostructures 

Min Gao 

GENERAL AUDIENCE ABSTRACT 

As a general definition, the class of materials known as multiferroics possess more than 

one ferroic order parameter. Multiferroic thin-film heterostructures have attracted a great deal of 

attention due to the increasing demand for novel energy-efficient micro/nano-electronic devices. 

Both single phase multiferroic materials like BiFeO3 (BFO) thin films and strain-mediated 

magnetoelectric (ME) nanocomposites show significant potential for use in next-generation 

devices due to the fact that one can control magnetic properties via the application of an electric 

field (E) and vice-versa. From the perspective of material science, however, it is essential to 

develop a fuller understanding of the complex fabrication-structure-property triangle relationship 

for these multiferroic thin films. 

In this study, diverse epitaxial thin film heterostructures were fabricated on top of single 

crystal substrates. The crystal structure, phase transition processes (amongst nanodomain 

distributions, dielectric phases, magnetic spin states, etc.), and various ME-related properties were 

characterized under different E or temperature environments. Resulting data enabled us to 

determine the structure-property relationships for a range of multiferroic systems.  

First, BFO-based heterostructures were studied. Epitaxial BFO thin films were deposited 

on top of (001)-oriented Pb(Mg1/3Nb2/3)O3-30PbTiO3 (PMN-30PT) single crystal substrates. The 

strain states of BFO and crystal structural phases were tunable by E applied on the PMN-30PT via 

both the in-plane and out-of-plane modes. The strain-mediated antiferromagnetic state changes of 

BFO were studied using powerful neutron diffraction spectroscopy under E. Then, 

CoFe2O4(CFO)/tetragonal BFO nanocomposites were successfully fabricated on top of (001)-
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oriented LaAlO3 single crystal substrates. The surface morphology, crystal structure, magnetic 

properties, and ME effects were discussed and compared with CFO/rhombohedral BFO 

nanocomposites.  

To enhance the performance of ME heterostructures with PMN-PT substrates, PMN-PT 

single crystals with nanograted electrodes were also studied, which evidenced an enhancement in 

piezoelectric properties and dielectric constant by 36.7% and 38.3%, respectively. X-ray 

diffraction reciprocal space mapping (RSM) technique was used to monitor E-induced changes in 

the apparent symmetry and domain distribution of near-surface regions for nanograted PMN-PT 

crystals. 

Finally, in order to add antiferroelectric thin films to the family of strain-mediated 

multiferroic nanocomposites, epitaxial antiferroelectric thin films were prepared. Epitaxial 

(Pb0.98La0.02)(Zr0.95Ti0.05)O3 (PLZT) thin films were deposited on differently oriented SrTiO3 

substrates. A thickness dependent incommensurate antiferroelectric-to-ferroelectric phase 

transition was identified. The crystal structure, phase transition characteristics and pathways, and 

energy storage behaviors from room temperature to 250 ℃ were studied, enabling a more 

systematic understanding of PLZT-based AFE epitaxial thin films.  

To summarize, a range of epitaxial perovskite thin films were prepared, whose crystal 

structures and multiferroic properties were related through the strain. Accordingly, the properties 

such as dielectricity, antiferroelectricity, and antiferromagnetism could be adjusted by E. This 

study sheds further light on the potential for designing desirable strain-mediated multiferroic nano-

/micro-devices in the future. 
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Chapter 1. Introduction 

1.1. Multiferroics 

 As a general definition, the class of materials known as multiferroics possesses more than 

one ferroic order parameter (i.e., ferroelectricity, ferromagnetism, ferroelasticity, or 

ferrotoroidicity in most cases) 1-3. Compared to traditional materials whose ferroic properties can 

be tuned by its conjugate field, multiferroic materials feature the ability to manipulate one ferroic 

property via the others, as all these parameters are coupled together 4,5. This characteristic provides 

a range of approaches for tailoring one property, and thus has great potential for application to a 

range of microelectronics devices—notably sensors, memory technologies, and novel spintronic 

devices 6. 

Ferroelectricity (FE) refers to a group of crystals where spontaneous dielectric dipoles (or 

electrical polarizations) exist without an external electric field (E), forming FE domains. Such FE 

domains can further be rotated by E 7. Similarly, for ferromagnetic materials, spontaneous 

magnetization (and magnetic domains) is switchable under application of an external magnetic 

field (H) 8. In contrast, in the case of ferroelasticity, a spontaneous deformation occurs in response 

to an applied stress 3. Finally, ferrotoroidicity, which is a relatively new concept, indicates a stable 

and spontaneous order parameter that is understood to be the curl of a magnetization or polarization 

4,9. However, given the fact that ferrotoroidic materials are still lack of unambiguous evidence 4, 

they will not be discussed herein. 

 The linear coupling between ferroelectricity and ferroelasticity is known as 

piezoelectricity, which is important for the development of sensors, actuators, and transducers 4. 

In comparison, the quadratic coupling between ferromagnetism and ferroelasticity is known as 

magnetostriction, which has also been exploited in the transducer industry for the production of 
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magneto-mechanical actuators 7. Although linear piezomagnetism and quadratic electrostriction 

also exist, they are usually negligible due to their subtler influences. Importantly, 

magnetoelectricity (or electromagnetism), which refers to the coupling between the FE and 

ferromagnetic order parameters, is attracting a great of attentions in recent years due to the fact 

that it facilitates the direct control of magnetization by E and vice-versa 1,2,4-6,10,11. In principle, 

such E-controlled magnetizations in multiferroic materials permit data to be written electrically 

and read magnetically, which is very energy-efficient and is guiding the way toward achieving 

ferroelectric random access memory (FeRAM) and magnetic data storage 4.  

Magnetoelectric (ME) coupling can be evaluated by the ME coefficient (αij), which is 

defined by the following equations 12:  

, or  .                                                                     1.1  

Figure 1.1 provides a schematic illustration demonstrating the relationships amongst these 

various ferroic orders. 

 

Figure 1.1: Schematic illustration of the coupling of ferroic orders in multiferroics. σ: stress, ε: 

strain, E: electric field, P: polarization, H: magnetic field, M: magnetization.  



3 
 

Although the terminology associated with multiferroics primarily addresses the coupling 

amongst primary ferroic orders, it has been extended to include non-primary orders as well (i.e., 

antiferromagnetism, antiferroelectricity, or ferrimagnetism) 2,13,14. Thus, in a broad sense, current 

investigations of ME coupling are also likely to address the interaction between the 

ferromagnetism (or antiferromagnetism, or ferrimagnetism) and ferroelectricity (or 

antiferroelectricity). Antiferromagnetism (antiferroelectricity) refers to a kind of materials that 

possesses ordered magnetic (dipole) moments that cancel each other completely within each unit 

cell 4. In other words, antiferromagnetic (antiferroelectric) materials will not display magnetic 

(ferroelectric) characteristics, even in external magnetic (electric) fields 15. Unless an external field 

is sufficiently large to break the antiparallel magnetic (dipole) couplings and realign them in a 

uniformly parallel configuration, leading to a phase transition from antiferromagnetism 

(antiferroelectricity) to ferromagnetism (ferroelectricity) 16,17. Additionally, if the adjacent 

antiparallel magnetic moments do not completely cancel each other out, it is known as 

ferrimagnetism 4. Figure 1.2 exhibits the different moment arrangement patterns discussed above. 
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Figure 1.2: Schematic illustration of the moment arrangements of (a) ferromagnetism, (b) 

antiferromagnetism, (c) ferrimagnetism, and (d) canted antiferromagnetism that generates a non-

zero net magnetization (dotted arrows). The dipole moments in FE and antiferroelectric materials 

arrange similarly to those in (a) and (b), respectively.  

 
 

Linear ME coupling in a single phase multiferroic can be described using traditional 

Landau theory by expanding the free energy of the system in terms of the applied H and E 18-20. 

The first single phase multiferroic material that showed linear ME coupling was observed in Cr2O3 

in 1960 21,22, followed by the identification of several complex compounds thereafter, notably, (1-

x)Pb(Fe2/3W1/3)O3-xPb(Mg1/2W1/2)O3 in 1961 23, Ni3B7O13I in 1966 24, BaCoF4 in 1970 25, etc. 

However, the ME coupling coefficient (α≈10 mV∙Oe-1∙cm-1) in single-phase multiferroics was 

found to be very weak and only able to exist at very low temperature 7,26. Moreover, it was 

theoretically predicted that ferroelectricity and ferromagnetism would be mutually exclusive, 

based on the incompatible requirement of an empty d shell for the transition metal ion in 

ferroelectrics and a partially filled d shell for the transition metal magnetic materials 11,27,28. 
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Therefore, observations of single phase ME materials were relatively rare, which hindered their 

industrial applications. 

One effective way to overcome the contradictory nature of single-phase ME materials is to 

fabricate ME composites consisting of both piezoelectric and magnetostrictive materials, where 

the FE and ferromagnetic orders are able to couple together via strains at the interfaces. Such ME 

composites were firstly achieved in bulk form, with a laminate structure, in which the ME 

coefficient at room temperature was significantly higher than that of the single phase ones under 

extreme conditions. For example, an ME coefficient of 52 V∙Oe-1∙cm-1 was reported for the 

multilayer Metglas/Pb(Mg1/3Nb2/3)O3-PbTiO3 single crystal composite bonded by epoxy 29. These 

bulk ME composites have already been incorporated in sensors and transducers 30. 

With developments in fabrication techniques, spurred on by increasing demand within the 

microelectronics industry, significant effort has been directed at miniaturizing ME composites at 

the nano-scale level 2,31. Since ME nanocomposites are strain-mediated, the actual interface 

condition between the piezoelectric phase and magnetostrictive phase plays a key role in 

improving the final ME coupling—that is, how these two phases are combined is crucial. 

Accordingly, ME nanocomposites can be classified into (0-3), (2-2), and (1-3) type structures, as 

shown in Figure 1.3 31. The structure is determined principally by the fabrication technique, 

detailed fabrication conditions, crystal structure and lattice parameters of each phase, and the 

compositional ratio between two phases. The (0-3) type ME nanocomposite can be fabricated 

relatively easily by sol-gel or other chemical methods 32,33. For example, the nanoparticulate 

Bi3.15Nd0.85Ti3O12-CoFe2O4 composite exhibits 34.5 mV∙Oe-1∙cm-1 at a bias magnetic field of 6.5 

kOe 33. The (1-3) type ME nanocomposites usually feature the largest interface area in comparison, 

to the other two types. As a result, the ME coefficient in (1-3) type nanocomposites is relatively 
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stronger—i.e., about 51.8 mV∙Oe-1∙cm-1 in BaTiO3-CoFe2O4 nanocomposite 34. However, the self-

assembled (1-3) type nanocomposites are restricted within the regions of spinel-type 

magnetostrictive materials and perovskite-type piezoelectric materials 31,35,36. Another drawback 

is that it is hard to control the fabrication process because the driving force behind the forming of 

self-assembled structures involves the minimization of interfacial energy, which results from the 

significant difference in surface energy anisotropy between spinels and perovskites 36. 

The (2-2) type structure ME nanocomposites, on the other hand, feature significantly more 

advantages than the other two structures—the main one being the fact the (2-2) type thin films are 

easy to integrate with currently available microelectronic chips 2,31. Moreover, with the help of the 

pulsed laser deposition (PLD) technique, it is possible to grow epitaxial multilayer thin films, 

whose interfaces are coherent and thus can deliver a great deal of strain due to the lattice mismatch 

2. Thus, for this dissertation, the ME nanocomposites that are utilized are all (2-2) type structure. 

In the following sections, the details of the related materials are introduced separately.     
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Figure 1.3: Schematic illustration of ME nanocomposites: (a) (0-3) type particulate 

nanocomposite films with nanoparticles (‘0’) embedded in a film matrix (‘3’); (b) (2-2) horizontal 

heterostructure with alternating piezoelectric and magnetostrictive layers (‘2’), or simply a 

piezoelectric (or magnetostrctive) thin film grown on a magnetostrictive (or piezoelectric) 

substrate; (c) (1-3) vertically aligned heterostructure with one phase nanopillars (‘1’) embedded 

epitaxially in the other phase’s film matrix (‘3’) 31. ([31] Kleemann, W. Multiferroic and 

magnetoelectric nanocomposites for data processing. Journal of Physics D: Applied Physics 50, 

223001, (2017). ) Used under fair use, 2019. 

 

1.2. Bismuth ferrite: the single phase multiferroic material and strain engineering 

  The bismuth ferrite BiFeO3 (BFO) is classified as rhombohedral (R, point group R3c) at 

room temperature 37. It exhibits a typical perovskite structure with the lattice parameter apc of 3.965 

Å (in the pseudocubic index) and rhombohedral angle of 89.3 ° 38, where the Bi3+ cation, Fe3+ 

cation, and O2- anions are located at the corner, at the body center, and at the face centers of the 

unit cell, respectively 15.  

To date, BFO is the only known single phase multiferroic material at room temperature 39. 

It has coexisting antiferromagnetic (Neel temperature TN ~ 643K) and FE (Curie temperature TC 

~ 1103K) orders 39,40, which are linearly coupled via the Dzyaloshinskii–Moriya (DM) interaction 
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41. Unlike typical perovskite materials whose FE comes from the displacement of the center ion (B 

site cation), the polarization in BFO is mostly caused by the long pair (s2 orbital) of Bi3+ (A site 

cation) 39. In contrast, the antiferromagnetism stems from the center Fe3+ cation 15. Thus, the 

difference in origins (A site and B site cations) means that BFO is able to overcome the exclusive 

nature of the FE and antiferromagneism, making it a promising multiferroic material. 

Although BFO was first synthesized in 1957 42, little progress has been made in elucidating 

its physical properties. For example, BFO’s important FE characteristics could not be proved due 

to its extremely low resistivity 43. Furthermore, the neutron diffraction structure analysis claimed 

that the space group R3c permits weak ferromagnetism, which has yet been observed under 

experimental conditions 44. It was at the beginning of the 21st century, however, when the 

stabilization of BFO in the epitaxial thin film form was achieved by PLD, researchers have again 

turned their attention to this promising multiferroic material 39,45.  

Usually, BFO thin films maintain the R structure, where the FE polarization is along the 

<111>pc direction 38. Due to the high quality of epitaxial thin films, the saturation polarization is 

much larger compared to that in bulk (i.e., ~100 μC/cm2 for thin films 45 versus ~6.1 μC/cm2 for 

bulk 43), which has remarkable potential for future industrial applications. With the help of 

piezoresponse force microscopy (PFM), many experiments have been conducted to investigate FE 

domain characteristics—even involving rotating the polarization by applying a local E 46-48. 

Atomic-level transmission electron microscopy (TEM) has also been used to reveal the local ion 

displacement distribution (and/or oxygen octahedron distortion) in BFO 49,50.  

The antiferromagnetic properties of BFO, on the other hand, are strongly related to the 

epitaxial strain that imposed by the substrate 51. In principle, the short-range magnetic ordering in 

bulk BFO should show the G-type antiferromagnetic configuration; that is, each Fe3+ spin would 
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be antiparallel to its six nearest Fe neighbors 52. However, these spins are not perfectly antiparallel 

due to the DM interaction with the local polarization, leading to a weak canting moment (see Fig. 

1.2d) 41. Actually, a long-range modulation of G-type antiferromagnetic structure was proposed, 

suggesting a theoretical model that antiparallel spins were modified into a cycloidal spiral with a 

long period of 62-64 nm 53,54. Because the spins should be perpendicular to the polarization 

direction, the cycloidal plane is defined by the [10-1]pc propagation vector and the [111]pc 

polarization vector, as described in Figure 1.4a 54. However, the epitaxial strain in BFO thin films 

could break such cycloid structure, releasing the weak canting ferromagnetic moments 45,55. 

Recently, strain engineering has been intensively investigated due to its ability to obtain various 

antiferromagnetic states by epitaxial strains, as predicted in Figure 1.4b 51. Accordingly, novel 

functionalities in BFO-related heterostructures, such as photovoltaic effect in BFO/La0.7Sr0.3MnO3 

bilayers 56 and exchange bias in Co90Fe10/BFO bilayers 57, can be tailored efficiently through the 

use of epitaxial strain. 
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Figure 1.4: (a) Schematics of the 64 nm antiferromagnetic circular cycloid propagating along the 

[10-1] direction 54. (b) Magnetic phase diagram of strained BFO films. The energy of different 

magnetic states and their stable regions are shown as a function of the in-plane strains. Blue: 

antiferromagnetic state with antiferromagnetic vector close to [001] or [1-10]; red: type-1 cycloid 

with propagation vector along the <1-10> directions (the cycloid plane is (11-2)), equivalent to 

that shown in (a); orange: type-2 cycloid with propagation vector along the <110> directions (the 

cycloid plane is (1-10)). The substrates used are listed on the top at their corresponding strain 51. 

([51] Sando, D. et al. Crafting the magnetic and spintronic response of BiFeO3 films by epitaxial 

strain. Nature Materials 12, 641, (2013). [54] Lebeugle, D. et al. Electric-Field-Induced Spin Flop 

in BFO3 Single Crystals at Room Temperature. Physical Review Letters 100, 227602, (2008).) 

Used under fair use, 2019. 
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The primary factor determining the internal strain of BFO is its lattice mismatch with the 

substrate or a buffer layer. Substrate-induced phase transitions have been reported such as from 

the R phase to the mixed R-tetragonal (T) phase under large (-5%) compressive strain by choosing 

(001) LaAlO3 (LAO) substrates 58, or to the orthorhombic (O) phase under biaxial tensile strain on 

(110) NdScO3 substrates 46. These T or O phases have unique properties that cannot be observed 

in the bulk R phase BFO. For instance, the T phase BFO thin film exhibits an enhanced polarization 

of ~150 μC/cm2 along the [001]T direction, and a C-type antiferromagnetic order (i.e., the intra-

plane coupling is antiferromagnetic while the inter-plane coupling is ferromagnetic) 59,60. Although 

there have been many breakthroughs related to R phase BFO with suitable strain characteristics, 

investigations on the T phase BFO nanocomposites are currently lacking 2.  

While the lattice parameter mismatch, as well as deposition conditions, determine the 

intrinsic strain state of BFO thin films, people are seeking to extrinsically manipulate the strain 

state of BFO by applied E, with the goal of achieving the strain-mediated ME effect 1,2,8,31,56,57. 

One promising method is using a piezoelectric single crystal as the substrate so that the E applied 

on the substrate can induce its lattice parameter change, which will affect the strain and further the 

magnetic state of BFO on the top 8,56,57. Amongst them, one excellent candidate here is the 

Pb(Mg1/3Nb2/3)O3-x%PbTiO3 (PMN-xPT) single crystals. 

 

1.3. Pb(Mg1/3Nb2/3)O3-PbTiO3 single crystals, domain engineering, and adaptive phase 

theory 

PMN-xPT single crystals have been widely investigated due to their exceptional 

piezoelectric coefficient (d33 > 2500 pC/N) and ultrahigh electromechanical coupling coefficient 

(k33 > 94%), especially for compositions near the morphotropic phase boundary (MPB) between 
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the R and T phases (30≤x≤33) 61-66. The outstanding performances of these single crystals have 

enhanced their utility in applications such as transducers and actuators 30. As to the scientific 

researches, PMN-PT single crystals have also been used as FE substrates to fabricate ME 

nanocomposites 7,8,56,57. Usually, PMN-30PT is considered as an R structure with a pseudocubic 

lattice parameter of 4.02 Å 57. Thus, R phase BFO will suffer a tensile in-plane (IP) strain of 1.38% 

when epitaxially deposited on the top of the (001) oriented PMN-30PT single crystal substrate 39. 

Then, on applying E to the PMN-30PT substrate, the strain state of BFO can be further tuned due 

to elastic coupling at the interface. 

In the vicinity of the MPB, intermediate monoclinic (MA, MB, and MC) phases are well-

known as a structural bridge, where symmetry allows the polarization vector to rotate in a plane 

rather than being confined to one direction (i.e. (110)pc for MA phase, [111]pc for R phase, and 

[001]T for T phase) 67,68. Figure 1.5a illustrates the R (in the pseudocubic form), MA, and T phase 

crystal structures, within which the polarization vector is also indexed. The unpoled condition for 

PMN-30PT is R, and a small E along the [001]pc direction can alter the phase transitional sequence 

to being either R→MA→MC→T or R→MA→T, where the MA phase remains stable on removal of 

E 69,70. In the domain-engineered condition, not all the possible M phase domain states are 

present—but only a small subset thereof, which have specific signatures as shown by x-ray 

diffraction (XRD) mesh scans 71, as illustrated in Figure 1.5b-d. The MA phase has a doublet 

splitting along the transverse (H00) direction, whereas the Mc has a signature triplet peak; note 

that the R phase has just a single peak. Studies have shown that the phase stability depends on 

temperature, stress, electrical history, and even the direction along which the E is applied. In short, 

the phase stability of PMN-PT is quite fragile 70.  
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Figure 1.5: (a) Schematic illustration of the R phase (red, in the pseudocubic index), the MA phase 

(blue) and the T phase (purple) crystal structures, and the corresponding polarization vector 

directions. (b)-(d) Illustrations of the mesh scan patterns for the MA phase, the MC phase, and the 

R phase in the [001]pc poled condition, respectively. 

  

 A structurally non-uniform model of the nanodomain distribution has been proposed for 

PMN-PT based on the adaptive phase theory, where particular geometrical invariant conditions 

determined by the polar nanoregion (PNR) distribution relax the elastic strain energy 72. General 

and specific invariant conditions then define these various M phases 72,73. Researchers initially 

proposed FE adaptive phase theory in 2000 74, which is built upon the conformal miniaturization 

of stress accommodation of the nanotwins and, thus, elastic free energy. This adaptive phase 

structure is analogous to the case of a martensite transformation, where the hierarchical 



14 
 

arrangement of domains self-organizes into bands to reduce the elastic energy 74,75. Due to its 

nanoscale size, which is less than the conventional characteristic length (i.e. the x-ray), the locally 

spatially inhomogeneous crystal structure may be quite different from the apparent symmetry 

determined via XRD. With respect to PMN-PT single crystals near the MPB, the PNRs and 

nanodomains have T or R symmetry 76, although the average crystal structure is M 72,74. Electron 

and scanning probe microscopy studies have revealed the existence of PNRs that self-assemble 

into domain striations along the preferred direction (nanodomains), which are subsequently 

organized into domain bands (macrodomains) 68,77. The presence of PNRs and nanodomains 

demonstrates a high domain wall density, which can increase stored mechanical energy 72,78,79. 

This is the origin of the enhancement effect in piezoelectric properties, based on the concept of 

domain engineering in FE single crystals. 

 In the domain engineering technique, patterned electrodes have been used during E poling, 

resulting in an enhancement of the piezoelectric coefficients (d33) in FE single crystals 65,79. This 

enhancement results from the combination of reduced domain size and increased domain wall 

density 72,78,79. The domain wall density can also be manipulated by doping 80, because surface 

doping has been shown to enhance the domain nucleation probability, preventing polarization 

rotation and further increasing the domain wall density in surface regions 77,81. In a recent study, 

nanograted titanium/gold/ manganese oxide (Ti/Au/MnOx) electrodes were fabricated on one side 

of PMN-30PT single crystal plates, while the other side had a conventional planar Ti/Au electrode. 

An enhancement of d33 and the dielectric constant values is reported by 36.7% and 38.3%, 

respectively, compared to those crystals with conventional planar gold electrodes 77. 

Doping/diffusion with Mn and E-field fringe effect were proposed to explain these findings from 

the perspective of nanodomain engineering 77. 
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1.4. Antiferroelectric lanthanum modified lead zirconate titanate, energy storage 

performance, and ferroelectric relaxors 

 For FE materials, an applied E can rotate the polarization, stretch the lattice, and most likely 

eventually induce a structural phase transition, while retaining its FE nature. For antiferroelectric 

(AFE) materials, since the antiparallel dipoles couple, thereby cancelling each other out, a normal 

E can barely rotate them. However, if the external E is large enough—namely, exceeding a critical 

value of EAFE→FE—it can force the antiparallel dipoles to be parallel, inducing an AFE to FE 

dielectric phase transition 82,83. When the external E is reduced to be lower than another critical 

value of EFE→AFE, the materials will return to the original AFE phase 83. As a result, a unique double 

hysteresis loop is expectable, which is quite different from the normal square-like FE hysteresis 

loop 82. Figure 1.6 shows the typical polarization-electric field (P-E) hysteresis loops for 

paraelectrics (PE), ferroelectrics (FE), and antiferroelectrics (AFE). Experimentally, one can 

distinguish the different dielectric phases according to the shape of P-E curves. 

 

Figure 1.6: P-E hysteresis loops of (a) PE, (b) FE, and (c) AFE materials. The green and gray 

regions represent the energy storage density and the energy loss density, respectively 82. ([81] Liu, 

Z. et al. Antiferroelectrics for Energy Storage Applications: A Review. Advanced Materials 

Technologies 3, 1800111, doi:10.1002/admt.201800111 (2018).) Used under fair use, 2019. 
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 The induced AFE→FE phase transition is also accompanied by a crystal structure change, 

usually from the O phase to the R or T phase 83,84. This process also exhibits a large volume change; 

thus, an externally imposed stress/strain can offer an additional approach by which to modify the 

AFE→FE phase transition and transformational pathway 85,86. Accordingly, the lattice mismatch 

of AFE films deposited on substrates may impose significant epitaxial strains on the films, 

changing the AFE→FE transition process 85. These micro- and/or nano-scale AFE films are ideal 

for incorporation into current microelectronic devices. 

 Lead zirconate titanate (PZT) is a well-investigated ABO3 perovskite system, whose B-site 

cation ratio (Zr4+/Ti4+) can significantly alter the FE properties from AFE to FE stability 83,87,88. 

The Zr4+/Ti4+ ratio of 95/5 is desirable as it is close to the MPB between AFE O phase and FE R 

phase 83,86,89. La3+ doping onto the Pb2+ site (A site) is an effective way to stabilize the AFE O 

phase of PZT to higher titanium content, over the FE R phase 83,90. Most prior studies of epitaxial 

PZT and lanthanum modified lead zirconate titanate (PLZT) films have focused on compositions 

near the MPB between the FE R and T phases (Zr4+/Ti4+=1) for actuator/sensor applications 91-93, 

or on the Ti-rich range (35/65 94, 20/80 95,96, etc.) for FE memory. Little is known about the 

structure and properties of AFE PLZT epitaxial films, especially about how the AFE nature can 

be tailored by incorporating epitaxial strain. 

 The AFE PLZT (PZT) is suitable as the dielectric medium in charge energy storage 

capacitors due to the unique E induced AFE→FE phase transition and small remanent polarization 

87,97. A capacitor is a dielectric medium covered by at least two electrical conductors often in the 

form of metallic plates. A capacitor can store the potential energy in an E. Since the storage process 

is related to the rotation of the dipoles within the dielectric medium, its reliability is much better, 

and the charge/discharge speed is much faster compared to chemical batteries. The energy storage 
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density (ESD or Ur), energy loss density (ELD or Uloss), and total energy density can be determined 

from the P-E hysteresis loop of the dielectric materials by the following equations: 

,                                                             1.2 

,                                                                     1.3 

,                                                             1.4 

where Pmax and Pr are the maximum and remanent polarization, respectively 98,99. The areas 

between the vertical axis and the charge and discharge parts of the P-E loops are equivalent to the 

total energy density and ESD, respectively, whereas the area enclosed by the P-E loop is the ELD 

(see Fig. 1. 6) 100. The energy storage efficiency (ESE or η) can be obtained by: 

 .                                                     1.5 

 The PEs have extremely high ESE due to the absence of hysteresis behavior, but the ESD 

are usually lower than 1 J/cm3 because of the relatively low dielectric constants 101. Inversely, FEs 

possess high dielectric constants but also large remanent polarizations, lowering their ESD and 

ESE. For the AFE PLZT, the antiparallel dipoles at low E ensure nearly zero remanence, while the 

AFE→FE phase transition leads to a large dielectric constant at high E. Thus, the AFE PLZT 

exhibits great potential for the use as the dielectric medium in energy storage devices 82. For 

comparison, 10-mm-thick PLZT (8/91/9) ceramics have been reported to have an ESD of 3 J/cm3, 

with an ESE of 92% at an E of 180 kV/cm 100. While 600-nm-thick PLZT (4/98/2) films have been 

reported to have an ESD of 20 J/cm3 under E=1200 kV/cm 102. Such remarkable enhancements of 

ESD are associated with the fact that thick (or thin) films have much higher dielectric breakdown 

strength and saturation polarization compared to PLZT ceramics 102,103. However, most prior 

studies have focused on polycrystalline AFE PZT films 85,86,89,91,102. From the perspective of 

energy-storage capacitor applications, polycrystalline films normally feature a large number of 
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defects and/or grain boundaries that can reduce the dielectric breakdown strength, and thus 

decrease ESD 93. In contrast, epitaxial films with lower concentrations of defects and higher 

mobility of domain walls can be expected to exhibit improved energy storage capability and 

thermostability 91. 

 It is known that La-doping of the PZT system weakens the FE interaction and disrupts the 

long-range polar order, decomposing the conventional FE domain state into a PNR one, and 

forming a type of relaxor ferroelectric (RFE) 104,105. The first significant characteristic of a RFE is 

a diffuse phase transition that is frequency-dispersive between the FE and PE phases 106. The 

dielectric constant peak near TC is broad and shifts with frequency alterations. The second 

characteristic is the degeneration of the dielectric hysteresis as the temperature is increased to TC, 

resulting in slim and slanted P-E hysteresis loops 107. The low hysteresis and high saturation 

polarizations of RFEs reinforce their utility for incorporation in energy storage capacitors 107. For 

example, 880-nm-thick relaxor PLZT (8/52/48) thick films have shown ESD of ~31 J/cm3 with an 

ESE of 75% at room temperature 93, which is comparable with the AFE PLZT films mentioned 

above. In addition, these desirable RFE characteristics have also been observed in the PMN-PT 

single crystals 108,109.  

It is also reported a structurally incommensurate AFE phase in the PLZT ceramics system, 

which reduces the hysteretic loss of the AFE→FE transition 100,102,110. Incommensuration refers to 

a state which develops a structural order parameter modulation whose modulation vector is not an 

integer multiple of the fundamental periodicity of the lattice 83,111. According to soft mode theory, 

softening in conventional commensurate structures occur at either the Brillouin zone boundary or 

a rational fraction of the Brillouin zone relative to the prototype symmetry 111,112; whereas, in an 

incommensurate phase, such softening can occur at some irrational positions in the zone 110,113. It 
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is believed that the incommensuration can result from a frustrated competition between long-range 

FE and short-range AFE sublattice interactions 114,115.  

 

1.5. Objectives and significance of the study 

 This investigation was designed to study the strain-medium couplings between different 

ferroic materials, as well as to realize E-controlled magnetization manipulation, and vice-versa. 

This study initially focused on multiferroic BFO thin films. By depositing BFO thin films on (001)-

oriented piezoelectric PMN-PT single crystal substrates, the antiferromagnetism of BFO could be 

tuned by applying an E on the PMN-PT. At the same time, a patterned electrode was used on PMN-

PT single crystals to enhance their dielectric performance after poling. On the other hand, to utilize 

the ferroelectric properties of BFO—and especially in connection with the T-phase BFO (T-

BFO)—ferrimagnetic CoFe2O4 (CFO) was used to deposit CFO/T-BFO nanocomposites on (001)-

oriented LAO single crystal substrates. For comparison, CFO/R-BFO nanocomposites were also 

fabricated on (001)-oriented SrTiO3 (STO) single crystal substrates. Finally, the epitaxial strain 

effect on AFE properties and energy storage performance was studied by depositing PLZT (2/95/5) 

thin films on the differently-oriented STO substrates, which represents a prerequisite for extending 

the traditional strain-medium ferromagnetic-FE coupling effect to the strain-medium 

ferromagnetic-AFE one. 

 The specific goals pursued in this investigation are listed below: 

 (1) To fabricate two modes of BFO/PMN-30PT heterostructures that allow one to apply 

either in-plane (IP) or out-of-plane (OP) E on PMN-30PT single crystal substrates. A related goal 

was to demonstrate how the strain in BFO thin films could be manipulated by applied E on PMN-

PT 116. Additionally, this study was designed to monitor how the antiferromagnetic state of BFO 
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was affected by E-induced strain changes, as well as to understand if the cycloid spins would be 

broken, or the propagation direction could be adjusted externally.  

 (2) To understand how patterned nano-electrodes on the surface of the PMN-PT single 

crystal influence its apparent phase stability and thus enhance the dielectric constant 117.  

 (3) To fabricate CFO/T-BFO nanocomposites by PLD, and investigate the multiple 

coupling between the CFO and T-BFO, including the exchange coupling between the 

ferrimagnetism of CFO and antiferromagnetism of BFO, and the ME coupling between the 

ferrimagnetism of CFO and FE of BFO 118. 

 (4) To fabricate PLZT (2/95/5) thin films epitaxially on differently-oriented STO 

substrates, as well as study how epitaxial strain affects the PLZT thin films’ crystal structure, AFE 

nature, and energy storage behaviors. A related goal was to study the temperature dependent crystal 

structure stability, dielectric phase evolution, and energy storage stability 119. Another related goal 

was to investigate how AFE phase is distributed within the PLZT thin films along the thickness 

direction 120. 
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Chapter 2. Experimental Procedures 

2.1.  Sample preparation 

2.1.1. PMN-PT polishing technique 

 The PMN-PT single crystals used as the substrates in this study were grown by Haosu 

Luo’s group at the Shanghai Institute of Ceramics, China 121-123. Since the as-grown single crystals 

featured a rough surface, a surface-polishing process was required prior to use. Prior to the 

polishing process, a temperature dependent dielectric constant measurement was carried out, from 

which the TC was determined. According to our group’s prior work, the precise chemical 

composition of the PMN-PT single crystal could be inferred from the TC value 8. 

 Once the composition was confirmed, the silver paste on the surface was removed using 

sandpapers of differing grits. The thickness of the single crystal substrate was also modified by 

sandpaper and measured by a vernier micrometer. After the surface of the PMN-PT single crystal 

substrates were polished using a 1200-grit sandpaper, the substrate was mounted on an adjustable 

sample holder, which was further mounted onto the polishing head of the Single Sample Polisher 

(Buehler). An improved four-step-polishing process was used, which was based on our group’s 

prior three-step-relief-polishing method 7. The details of each step are provided in Table 2.1. An 

added fourth step was to maximally remove the abrasive silica residuals, although a final water 

rinse and ultrasonic cleaning step was still required. The ultrasonic cleaning was done in acetone 

and ethanol, separately.  
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Step Process Base Abrasive Grad 
(μm) 

Speed 
(rpm) 

Pressure 
(lb) 

Time 
(min) 

1 Lapping Chem cloth Diamond 
suspension 

3 50 5 30 

2 Polishing Nylon cloth Diamond 
suspension 

1 50 5 15 

3 Fine 
polishing 

Final 
finishing cloth 

Colloidal 
silica 

0.04 50 5 2 

4 Post-
cleaning 

Final 
finishing cloth 

DI water N/A 50 5 2 

 

Table 2.1: Detailed parameters of the four-step-polishing process for PMN-PT single crystals 

performed in our group. 

 

 After each step of polishing, the surface of the PMN-PT was checked by atomic force 

microscope (AFM, Veeco SPI 3100). Figure 2.1 shows the AFM height and phase images of the 

polished PMN-30PT at each step. The pits and scratches visible in the first two steps were almost 

removed completely, and the surface roughness could be reduced to about 2 nm. The mosaic 

surface morphology represented the unique FE domain structure of PMN-30PT 124.  
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Figure 2.1: AFM height and phase images of a PMN-30PT single crystal substrate after each step 

of the polishing process. (a) (b) after step 1, (c) (d) after step 2, and (e) (f) after step 4. The surface 

roughness is listed in (a) (c) and (e). 

 

2.1.2. Pulsed laser deposition 

 All the thin films described herein were grown using the pulsed laser deposition (PLD) 

technique. PLD is a type of physical vapor deposition technique that was first used by Smith and 
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Turner in 1965 for the preparation of semiconductors and dielectric thin films 125. It has been 

intensively used for all kinds of oxides, nitrides, carbides, metallic systems, and even polymers 

and fullerenes 126.  One unique advantage of PLD is the stoichiometry transfer between target and 

deposited films, which makes it the best way to deposit complex oxides, such as the BFO and 

PLZT investigated for this study 116,118,119. Additionally, by identifying optimized deposition 

parameters, PLD can achieve the literally layer-by-layer growth of thin films, which is very 

important for fabricating epitaxial thin films on single crystal substrates 126.  

 Generally, a PLD system includes a high-energy laser (Figure 2.2a), a deposition chamber 

(Figure 2.2b), and several lenses located between them to direct the focused laser beam onto the 

targets. The laser source in our group is an excimer laser (LPX305i, Lambda Physik) with KrF 

radiation. The wavelength of the laser is 248 nm; and the pulse width is around 30 ns. The laser 

energy and pulsed repetition rate can be set from 45 mJ to 150 mJ and from 1 Hz to 10 Hz, 

respectively. The deposition chamber is controlled by an ultrahigh vacuum system including both 

a mechanical pump and a molecular turbo pump. The base vacuum can reach 10-6 Torr in hours. 

Inside the chamber, there are several targets and one substrate holder with the heating system 

(Figure 2.2c). In addition, a cooling system is used to cool down the laser source and turbo pump. 

 The working principle of the PLD system is illustrated in Figure 2.2d. During the 

deposition process, a pulsed and focused laser beam is strikes on the rotated target at an angle of 

45 °, the atoms and ions ablated from the target form plasma, and are finally deposited on the 

heated substrates. Thus, there are three essential physical processes: (a) the ablation process of the 

target material by laser irradiation, (b) the development of a plasma plume, and (c) the nucleation 

and growth process of the film on the heated substrates 127-129. A minimum high temperature is 
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crucial due to thermal dynamic demands for substrate-thin film interface bonding and 

crystallization 126,128. 

 

Figure 2.2: Figures of (a) the laser source, (b) the deposition chamber, and (c) a plasma plume 

ejected from the BFO target. (d) is the configuration of the PLD set-up inside the chamber. 

 

 Before the PLD process, the cleaned substrates were attached on the substrate holder with 

silver paste. The targets were polished using 400-grit, 600-grit, and 1200-grit sandpapers 

(consecutively), until a mirror-like surface was obtained in order to reduce the formation of large 

droplets or the tearing-off of target exfoliations 127. Laser energy and spot size were determined to 

calculate the exact laser energy density on the target. The target-substrate distance was adjusted 

so that the plasma plume was tangent with the substrates. Then the chamber was sealed and 

pumped down to a base vacuum of 10-6 Torr by the mechanical pump and turbo pump in turn. 
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Once the base vacuum was reached, the substrates were heated to the designated temperature, the 

chamber was filled with an oxygen atmosphere of required pressure. Then, the laser beam with 

desired energy and pulse repetition was directed to the target, which was rotating during the entire 

deposition process. By controlling the deposition time and repetition, the thickness of the thin films 

could be determined. With the appropriate selection of target and substrate materials, as well as 

suitable deposition parameters, thin films featuring consistent orientations were epitaxially grown 

on single crystal substrates. After the deposition, the samples were annealed in-situ under specific 

oxygen atmosphere pressure and temperature to (a) relax the residual internal stress, (b) reduce 

any oxygen vacancies, and (c) improve crystallinity. Finally, the temperature was gradually 

decreased to room temperature at a rate of 5 ℃/min.  

 

2.2. Characterization methods 

 Once the thin film samples were fabricated, a series of standard tests were conducted to 

determine epitaxial quality, including checking the surface morphology by atomic force 

microscope (AFM), examining crystal structure by x-ray diffraction (XRD), and conducting 

specific property tests in sequence.  

2.2.1. Atomic force microscopy 

 The surface topography of the thin films was analyzed using atomic force microscopy 

(AFM, Veeco SPI 3100). The surface morphology and smoothness reflects the epitaxy of the thin 

films on single crystal substrates. Typically, a step-and-terrace surface morphology with a 

roughness of approximately 1 nm indicates layer-by-layer growth with good epitaxy 130 131. The 

surface morphology is also very important for the self-assembled (1-3)-type nanocomposites 
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because it provides direct evidence whether the (1-3) structure had formed or not 132. Therefore, 

AFM was utilized as a standard first step in determining sample quality. 

 Figure 2.3 demonstrates the simplified schematic of the AFM configuration. A sharp tiny 

tip was mounted at the end of the cantilever that was programmed to oscillate up and down near 

its resonance frequency. The height of the tip (z) responded to the surface smoothness due to the 

interaction force like Van der Waals forces, dipole-dipole interaction, etc., which can further bend 

the end of the cantilever up or down. A laser beam was reflected by the end of the cantilever to a 

sensitive photo-detector, which was able to determine the bend of the cantilever and recorded the 

height information of the sample’s surface. Note that the position of the tip (x, y) was controlled 

precisely by a piezo-ceramic tube, enabling the sample surface to be mapped with a nanometer-

scale resolution 133,134. 

 

Figure 2.3: Simplified configuration of an AFM system. 

 

 By changing the tip type and scanning mode, AFM can be modified to piezoresponse force 

microscopy (PFM) or magnetic force microscopy (MFM), which are used to detect ferroelectric 

domain structure or ferromagnetic domain structure, respectively 135. In this study, PFM or MFM 
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were employed to image and manipulate the surface ferroelectric/ferromagnetic domain structures 

of thin film materials, respectively.  

 PFM works in piezo-response mode 136. The bottom electrode of the sample is connected 

to the chuck with silver paste, and a conductive tip is used as the top electrode in the contact mode. 

When an AC or DC voltage is applied, the piezoelectric sample generates a strain related-piezo-

response signal. Thus, for PFM, the tip responds to both the height and piezo-response signals 137. 

By using two internal lock-in amplifiers working at two different frequencies, these height and 

piezo-response signals can be measured and recorded separately 138. Additionally, a DC voltage 

applied by the tip in the contact mode can rotate and pole the ferroelectric sample locally, which 

is of great importance for the study of ME effect in thin film materials 31,40,47,48. 

 MFM works in an interleave mode—that is, the tip first scans the surface in tapping mode 

(similar to AFM), then scans the same region in lift mode 139. By subtracting the topography 

information, the magnetic signal is recorded in the lift mode. Since the magnetic response from 

the magnetic material can change the vibrational frequency of the tip, phase mapping in the lift 

mode reflects the magnetic signal (such as magnetic domain structure) of a magnetic thin film 

135,139.  

 

2.2.2. X-ray diffraction technique and reciprocal space mapping 

X-ray diffraction (XRD) is the most basic technique for investigating a material’s crystal 

structure, symmetry, and precise lattice parameters. In our group, a Philips X’pert high-resolution 

XRD system equipped with a two-bounce hybrid monochromator and an open three-circle 

Eulerian cradle was employed. The analyzer was a Ge (220) cut single crystal providing a 2theta 

resolution of 0.0068 ° 116. The x-ray tube worked at 45 kV and 40 mA with a Cu Kα wavelength 
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of 1.5406 Å. Our system could be tilted (psi or ψ) by ±90 ° and rotated (phi or φ) by 360 ° to obtain 

the specific crystal orientation of our samples. Also, a heat stage and power supply were available 

to conduct in-situ temperature dependent and E dependent XRD measurements, respectively. 

In crystallography, atoms are periodically arranged and form a series of parallel planes 

separated from one another by a distance (lattice spacing or d). As shown in Figure 2.4, when a 

monochromatic x-ray beam of wavelength lambda (or λ) is projected onto a crystalline material, 

at an angle omega (or ω), diffraction occurs only when the distance traveled by the x-ray reflected 

from successive planes differs by a positive integer number of λ, and can be detected at an angle 

2theta (or 2θ). For a symmetric scan, ω is usually equal to θ. By varying the 2θ angle, Bragg’s Law 

conditions can be satisfied by different d-spacing. This 2θ line scan was used in this study to check 

the orientation and epitaxy of the thin films as well as to calculate the lattice parameters. 

 

Figure 2.4: Schematic illustration of our XRD system. Different angles like ω, 2θ, ψ, and φ are 

indexed in the figure 140. ([130] Yan, L. Two phase magnetoelectric epitaxial composite thin films, 

Virginia Tech, (2009).) Used under fair use, 2019. 
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 The lattice parameters were calculated using the Bragg’s Law as following: 

,                                                           2.1 

where n is a positive integer, λ is the x-ray wavelength, θ is the diffraction angle, and d is the lattice 

spacing that can be used to calculate the exact lattice parameter 141. For a cubic (or a pseudocubic) 

system, the relationship between lattice spacing and lattice parameter is given: 

,                                                     2.2 

Where a is the lattice parameter of a cubic crystal, and h, k, l are the Miller indices of the Bragg 

plane.  

 Another kind of line scan, the ω scan (rocking curve), was used in this study to distinguish 

multiple equivalent domain variants 15. It was fixed the 2θ value based on the lattice parameter but 

rocked about the ω. In this case, one can distinguish multiple sets of planes with the same lattice 

spacing d that have different tilting angles.  

 Combining the 2θ line scans with the ω scans, the two dimensional mesh scan was obtained. 

This approach is known as reciprocal space mapping (RSM), which is a kind of area scan covering 

a reciprocal space region defined by 2θ and ω. An RSM will contain comprehensive information 

that may be missed in individual line scans. Thus, in this study, 2θ line scans were used as a second 

standard test method to determine sample quality, including the epitaxy, crystal structure, and 

epitaxial strain conditions. If necessary, however, ω line scans and mesh scans were conducted to 

obtain more detailed crystalline information. 

 

2.2.3. Ferroelectric property measurements 

 The ferroelectric property measurements obtained in this study can be classified into two 

categories: the first for single crystal samples, and the second for thin film samples. Both of them 
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include a polarization hysteresis(P-E) curve measurement. In addition to that, the former also 

includes temperature dependent dielectric constant measurements; Whereas the latter contains a 

PFM measurement is detailed in Section 2.2.1.   

 The P-E curve measurement was based on a modified Sawyer-Tower circuit 142, including 

signal generator (Tektronix, AFG320), voltage amplifier, oscillography, and reference capacitor. 

As shown in Figure 2.5, AC voltage signals (in the triangle wave form) were supplied and 

amplified by the signal generator and amplifier, consecutively, which were then applied to the 

samples and to the reference capacitor in series. The capacitance of the reference capacitor should 

be 100 times larger than that of the sample. The voltage signal on the sample, Vsample, was 

monitored via Channel 1 on an oscillograph, while that on the reference capacitor, Vref, was 

measured via Channel 2. According to Equations 2.3 and 2.4, the capacitance of the sample was 

calculated by Equation 2.5, and the polarization value was the capacitance normalized by area. 

Adding the E, which was the sample voltage Vsample divided by sample’s thickness, the full P-E 

curves could be plotted. 

                                          2.3 
 

                                          2.4 
 

                                                     2.5 
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Figure 2.5: Schematic illustration of P-E curve measurement. 

 

 For the thin film samples, a probe station was used to apply voltage signals. In contrast, a 

sensitive clamp was used for the single crystal samples, which in tandem with a linear variable 

differential transducer driven by a lock-in amplifier (Stanford Research, SR850), was able to 

measure the strain-E-field (ε-E) curves simultaneously.  

 The temperature dependent dielectric constant measurements were obtained using a multi-

frequency LCR meter (HP 4284A) while the sample was placed inside the oven whose temperature 

could be precisely controlled with the help of nitrogen flux.  

 

2.2.4. Ferromagnetic property measurements 

 Room temperature ferromagnetic property measurements were performed using the 

vibrating sample magnetometer (VSM, Lakeshore 7300). For thin film samples, both the in-plane 

(IP, the magnetic field was parallel to the surface of thin films) and out-of-plane (OP, the magnetic 
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field was perpendicular to the surface of thin films) magnetic field dependent magnetization (M-

H) loops were measured.  

Figure 2.6 shows the basic setup of the VSM. During measurement, the sample was 

attached on the sample holder and was vibrating perpendicularly to the uniform magnetic field that 

was generated by the electromagnets 143. This vibration was controlled by piezoelectric materials 

and was conducted at certain amplitudes and frequencies. The vibration of magnetic thin films 

induced a magnetic flux change, which resulted in a voltage signal in the pickup coils. With the 

help of a lock-in amplifier, the induced voltage was measured precisely, as the vibration frequency 

served as a reference signal. Since the voltage signal was proportional to the sample’s magnetic 

moment, the resulting M-H curves could be plotted 143.  
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Figure 2.6: Basic setup of the VSM measurement system. 

 

 In order to measure magnetic properties at low temperature, we utilized the 

superconducting quantum interference device (SQUID, Quantum Design MPMS). The SQUID is 

very sensitive to magnetic flux with a resolution at about 10-15 Tesla 144. It used superconducting 

loops containing Josephson junction to detect the magnetization of the sample 145. With the help 

of liquid helium, SQUID is able to measure M-H loops at very low temperature (i.e., 4K), as well 

as field cooling curves.  
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 MFM was used to map the surface magnetic domain structure, as described in Section 

2.2.1. In order to assess the antiferromagnetic properties of BFO, we used the neutron diffraction 

technique, which will be introduced in Section 2.2.6. 

 

2.2.5. Scanning electron microscope and transmission electron microscope 

 A field emission scanning electron microscope (FESEM, LEO 1550, Zeiss) was used to 

measure the thickness of the thin film samples. Since epitaxial strain is strongly dependent on a 

film’s thickness, it is important to precisely design and control thickness during the deposition 

process 48,56,57,102. Thus, the growth rate of one material was always calculated according to the 

thickness observed from the FESEM and the deposition time and repetition in advance. 

 The FESEM uses a high-energy beam (5 kV) of electrons to scan the surface of a sample, 

especially the cross-sectional area for measuring thickness. When the electrons interact with the 

surface atoms of the sample, signals are generated relating to the electrons emitted from those 

surface atoms, which contain information about the surface morphology and local elemental ratio 

146. 

   A transmission electron microscope (TEM, JEOL 2100) was used to study the details of 

the thin film nanocomposites. First, TEM facilitates the acquisition of the exact structure of a 

nanocomposite by generating bright field/dark field (BF/DF) images. Second, by careful 

corrections, TEM can even provide atomic-level-resolution images (0.2 nm point-to-point 

imaging), from which one can observe the crystal lattices and measurement the lattice spacing 

directly. Third, TEM is able to measure selected area electron diffraction (SAED), which is useful 

for determining the lattice parameter and crystalline symmetry. Fourth, scanning TEM (STEM)-
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based energy-dispersive x-ray spectroscopy (EDS) is capable of mapping elemental distribution 

within a nanocomposite. 

 For this investigation, the JEOL 2100 used a beam of high-energy electrons (working at 

200 kV) transmitted through ultra-thin specimens, which generated images on a CCD array 

detector based on the interactions between the electron beam and specimen atoms 146. Considering 

that high-energy electrons are also treated as wave-like, rather than particle-like, with a wavelength 

of a few thousandths of a nanometer, SAED was expected because the spacing between atoms is 

about a hundred times larger than the electron wave 147. To obtain high-quality TEM images, an 

ultrathin specimen was preferred. Thus, precise specimen preparation was vital for this study. 

 One common process for preparing cross-sectional TEM specimens is hand polishing 

followed by the ion milling. The sample was firstly cut in half and attached face-to-face by epoxy 

to protect the thin film material. Then the sample was mounted on a tripod polisher (South Bay 

Technology, MODEL 590) by Crystalbond. A series of six diamond lapping films (30 μm, 15 μm, 

6 μm, 3 μm, 1 μm, 0.5 μm) and a soft cloth were used in turn to mechanically polish the sample 

on both sides. The thickness of the specimen was measured by a micrometer, which turned out to 

be about 30 μm. After the specimen was cleaned with acetone and ethanol (separately), it was 

moved to the ion milling machine (Fischione Model 1010) where it took several hours to get a 

desired hole. The thickness around the hole would remain only about 100 nm, which was the 

observation area for TEM imaging. The specimen was transferred to a double-tilt sample holder 

to access various zone axes during TEM testing. However, in the case of nanocomposites, since it 

is often desirable to observe the specific region of a nanostructure, this polishing technique could 

not be used. Instead, a high-resolution SEM assistant focused ion beam (FIB, FEI Helios 600 
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NanoLab) was used to observe the nanocomposite’s surface and conduct the lift-out process to 

directly get the TEM specimen.  

 

2.2.6. Neutron diffraction 

 Neutron diffraction is a comprehensive and powerful technique to investigate the atomic 

and/or magnetic structure of a material. In this study, neutron diffraction was used to measure the 

magnetic state of the BFO thin films in order to verify whether the spin cycloid state had been 

broken by the strain or not. The experiments were carried out using the HB-1A triple-axis-

spectrometer (FIE-TAX) at the High Flux Isotope Reactor (HFIR) at Oak Ridge National Lab 

(ORNL), and BT-4 thermal triple-axis instrument at the Center for Neutron Research, National 

Institute of Standard Technology (NIST). 

 Both instruments were operated using fixed incident energy of 14.6 meV (equivalent 

wavelength λ of 2.36 Å. HB-1A employs a double pyrolitic graphite (PG) monochromator system 

with PG filters mounted after each monochromator to significantly reduce the higher order 

contaminations of the incident beam. Collimations of 40'-20'-sample-20'-80', and 40'-40'-sample-

40'-80' downstream from the reactor to the detector were used for the HB-1A experiment. For the 

experiment at BT-4, PG filters were placed both before and after the samples, and collimations of 

40’-S-40’ were used. The first monochromator unit is flat, while the second one is vertically 

focused. A highly-oriented pyrolytic graphite filter is mounted after each monochromator to reduce 

λ/2 contamination 148. This setup provides a very clean beam nearly free of higher-order 

contamination neutrons. Thus, it is able to detect the small magnetic signals from thin film 

materials. Studies have been done by both HB-1A and BT-4 on the spin cycloid state of BFO thin 

films, separately 149,150. In this study, OP E was applied during neutron diffraction measurements. 
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Chapter 3. Electric field controlled phase transition in BiFeO3 thin films on 

PMN-PT single crystal substrates 

This section describes the fabrication of BiFeO3 (BFO) thin films by PLD on PMN-30PT 

single crystal substrates in both the IP and OP modes (see Figure 3.1), by which either IP or OP E 

was allowed to apply on PMN-30PT. E-modulated strain changes/phase transformations were 

observed and analyzed by high-resolution XRD. E-induced antiferromagnetic state changes were 

also observed by neutron diffraction spectroscopy.  

3.1. Fabrication of the BFO/PMN-30PT heterostructures in both IP and OP modes 

 The IP and OP modes both have advantages. The IP mode does not require an inset 

conductive buffer layer to facilitate electrical contact, which makes the fabrication process simpler 

than the OP mode. The lack of an inset layer also ensures that less strain imposed on the BFO by 

the substrate is relaxed. On the other hand, the OP mode requires a much lower voltage to realize 

the same E, because the substrate’s thickness is generally much smaller than the dimensions of the 

other two directions, being more energy-efficient than the IP mode. Furthermore, with the help of 

photolithography, the OP mode will allow application of local E distribution using diverse 

electrode patterns. Therefore, from an applications perspective, the OP mode is the more practical 

approach 116.  

 A schematic illustration of both modes of BFO/PMN-30PT heterostructures are shown in 

Figure 3.1. For the IP mode, BFO thin films were directly deposited on single crystal (001) PMN-

30PT substrates. The BFO thickness was set at 50 nm, offering an epitaxial strain that was close 

to the magnetic state transition boundary predicted in the magnetic phase diagram of BFO 51. For 

the OP mode, an additional 6 nm SrRuO3 (SRO) buffer layer was deposited between the BFO layer 

and the substrate. The laser energy density (LED) during the deposition of the SRO layer was fixed 
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at 1.5 J/cm2, whereas during the deposition of the BFO layer, the LED was varied from 1 J/cm2 to 

3 J/cm2 by tuning the laser beam energy. The deposition time was adjusted to keep the thickness 

of the BFO layer constant using different LEDs. In order to prevent Bi evaporation, the deposition 

temperature was maintained at 650 ℃. The oxygen partial pressure was fixed at 90 mTorr for the 

deposition of BFO and at 150 mTorr for SRO. After deposition, the as-deposited thin films were 

in-situ annealed in a pure oxygen atmosphere of 100 Torr at 650 ℃ for 30 min and then cooled to 

room temperature at a cooling rate of 5 ℃/min. Gold electrodes were sputtered on top of the OP 

mode heterostructures. Silver electrodes were placed on the bottom and sides using silver paste.  

 

Figure 3.1: Schematic illustration of BFO/PMN-30PT heterostructures whose structures allow 

application of either IP or OP E. (a) the IP mode, and (b) the OP mode. 

 

3.2. Characteristics of (001) PMN-30PT single crystal substrates 

 The PMN-30PT substrates in this study were provided by the Shanghai Institute of 

Ceramics, China. The hand polishing process was necessary for achieving a smooth surface for 

deposition. Before polishing, the temperature dependent dielectric constants and P-E/ε-E curves 

were measured to characterize its quality. The TC value in Figure 3.2a was about 139 ℃, which 

ensured the correct composition 8. The P-E and ε-E curves (Figure 3.2b) confirmed the FE volatile 
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nature of PMN-30PT 151. After polishing, the crystalline quality was checked by XRD 2θ line 

scans, where only the (00l) peaks could be observed. The surface morphology was measured by 

AFM. The mosaic surface with a roughness of 1.7 nm was obtained. 

 

Figure 3.2: (a) Temperature dependent dielectric constant, (b) P-E/ε-E curves, (c) XRD 2θ line 

scan, and (d) AFM height image of the (001) PMN-30PT single crystal substrates. 

 

3.3. Laser energy density effect on BFO thin films’ quality 

 Although the lattice mismatch with the substrates is the primary factor determining internal 

strain in BFO, subtle differences in deposition conditions can influence the final strain as well. 

Amongst these factors, laser energy density (LED) is an important parameter. However, the 

scholarly literature from different research groups has reported a wide range of LEDs for BFO 

between 1 J/cm2 and 3 J/cm2 (e.g., 1 J/cm2 57,62, 2 J/cm2 152, 2.5 J/cm2 40,153, 2.6 J/cm2 154, and 3 
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J/cm2 56). Thus, the effect of LED was first studied in order to optimize the strain state of the 

heterostructures.  

 The AFM height images of the BFO thin films in the both modes are shown in Figure 3.3. 

In the OP mode, the BFO thin film deposited at 1 J/cm2 had a roughness of 1.9 nm (Fig. 3.3a), 

which was similar to that of the polished PMN-30PT substrate. The gentle ridges were caused by 

the corresponding domain structures on polished PMN-30PT. The BFO thin film deposited at 3 

J/cm2, on the other hand, had a higher surface roughness of 5.8 nm. There were also some square 

particles found on the surface, which might result from larger pieces of the target material being 

ablated by the higher LED 155. Note that AFM provides images of only surface morphology, and 

it is reasonable to suspect that such particles might exist inside the entire film which would impair 

its density. A similar morphology was observed for the IP mode BFO/PMN-30PT sample, where, 

under 3 J/cm2, BFO displayed more impurity particles on the surface. However, when prepared 

under an LED of 1 J/cm2, IP mode BFO featured a higher roughness of 7.9 nm due to its maze-

like morphology, which is usually seen for BFO/SrTiO3 heterostructures and indicates better 

epitaxy 131. Thus, based on surface morphology studies, one can infer that a lower LED results in 

higher BFO thin film quality. 
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Figure 3.3: AFM height images of (a) (b) BFO(50)/SRO(6)/(100) PMN-30PT, and (c) (d) 

BFO(50)/(100) PMN-30PT. The LEDs for BFO was 1 J/cm2 for (a), (c), and 3 J/cm2 for (b), (d).  

 

 For the OP mode of BFO thin films, the ferroelectric P-E loops were measured, and the 

results supported this assumption. As shown in Figure 3.4a, the BFO prepared at 1 J/cm2 exhibited 

normal ferroelectric loops with a saturation polarization of 70 μC/cm2. In contrast, the BFO 

prepared at 3 J/cm2 had a rounded loop indicating current leakage. PFM was also measured for the 

1 J/cm2 BFO thin film in the OP mode, as shown in Figure 3.4b. The clear box-in-box phase images 

confirmed the ferroelectric nature of the BFO thin film. 
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Figure 3.4: (a) Ferroelectric P-E loops for the BFO(50)/SRO(30)/(100) PMN-30PT 

heterostructure prepared using a LED of 1 J/cm2. The insert shows corresponding measurement 

for a BFO deposited at 3 J/cm2. (b) PFM phase image of the BFO(50)/SRO(30)/(100) PMN-30PT 

sample. The red squares indicate regions poled by a ±7 V tip bias. 

 

 Figure 3.5 shows the corresponding XRD patterns of BFO films on (001) PMN-30PT 

substrates, in IP and OP modes. A Gaussian Function was used to fit the peaks and the lattice 

parameters were calculated based on Equation 2.1. The strain states were calculated by the 

following equations: 

                                                 3.1 

,                                                        3.2 

Where  creal is the lattice parameter along the OP direction of BFO calculated from the XRD 

patterns, cBFO=3.965 Å is the bulk BFO’s lattice parameter 57, and υ=0.49 is Poisson’s ratio of 

BFO 156,157. A positive sign indicates a tensile strain, whereas a negative sign indicates 

compression.  

In both modes, the peaks of BFO layers deposited at 1 J/cm2 were located at higher angles, 

compared to those deposited at 3 J/cm2. The calculated IP strains of BFO in the OP mode decreased 
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from 0.4% for 1 J/cm2 to 0.02% for 3 J/cm2, indicating a significant relaxation of BFO’s strain in 

the latter condition, which may be due to the square particles observed in the AFM images 155. The 

calculated IP strain of BFO in the IP mode was initially 0.55% for 1 J/cm2, which was slightly 

larger compared to corresponding data for the OP mode. This confirms that more strain is imposed 

on BFO thin films from the PMN-PT substrates than from the SRO buffer layers. As the LED 

decreased, the IP strain was reduced and even became compressive at 3 J/cm2. Combining the 

AFM, P-E, and XRD data, it can be concluded that a lower LED favors better BFO thin films with 

larger IP strain. However, it should also be pointed out that PLD can be sensitive to subtle changes 

in deposition conditions, which can result in significant variations in film quality. Thus, all the 

BFO thin films discussed herein were prepared at 1 J/cm2. 
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Figure 3.5: (a) (b) XRD patterns of (a) IP mode BFO(50)/(100) PMN-30PT and (b) OP mode 

BFO(50)/SRO(6)/(100) PMN-30PT. The blue and green curves in the insets of (a) and (b) are the 

Gaussian Fit results that located the position of the peaks. The corresponding IP strains of BFO 

are also provided in the insets. (c) Full XRD 2θ line scan that showed pure BFO peaks beside the 

PMN-PT’s. (d) 360° φ scan that confirmed the BFO thin film had the same four-fold symmetry as 

the PMN-PT substrate. 

 

3.4. E-controlled strain changes and structural phase transformation 

 Next, E was applied to the PMN-30PT substrates, and the change in strain on the BFO in 

both modes was calculated and studied. As the dimensions of the PMN-30PT substrate were 5 mm 
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× 2.5 mm × 1 mm, the maximum voltages applied were 1250 V and 1000 V in the IP and OP 

modes, respectively. These levels facilitated the maximum E of 5 kV/cm and 10 kV/cm, 

respectively. Since the maximum voltage is limited by the dielectric strength of PMN-30PT, the 

OP mode can sustain a significantly larger E compared to the IP mode, because it is much easier 

to reduce the thickness of PMN-PTs.  

 As shown in Figure 3.6, the BFO layers had butterfly-like strain curves for both modes, 

whose trends were opposite to the lattice parameter changes in the PMN-30PT substrate. 

Considering that BFO’s IP strain is tensile, the trends for BFO are consistent with that of the PMN-

30PT in the OP direction. Since the piezoelectric constant of PMN-30PT is positive, as the E-field 

was increased in the IP mode from 0 to +5 kV/cm (-5 kV/cm), the lattice parameter of PMN-30PT 

decreased by 0.002 Å and the IP strain of BFO increased from 0.55% to 0.57% (0.60%). In the OP 

mode, when E was increased from 0 to +10 kV/cm (-10 kV/cm), the lattice parameter of PMN-

30PT increased by 0.006 Å (0.010 Å), which was about 0.24% in strain and was consistent with 

the ε-E curve in Fig. 3.2b. The IP strain of BFO decreased from 0.41% to 0.33% (0.35%). The 

opposite trends between the two modes can be attribute to the orthogonal direction of the applied 

E. Additionally, the coercive field of PMN-30PT was about 3 kV/cm in the OP mode, which was 

similar to that of the substrate without a BFO layer (see Fig. 3.2b). However, from the shape of 

the strain curve for BFO in the IP mode, it was hard to distinguish the coercive field, whereas those 

for the OP mode were more obvious. This difference may be due to the OP E being more uniform 

in comparison to the IP ones, as the interfaces between PMN-30PT and the electrodes had been 

polished for the OP mode.  
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Figure 3.6: Lattice parameters of PMN-30PT in the OP direction and IP strain of BFO vs E curves. 

(a) IP mode, and (b) OP mode. 

 

 Figure 3.7 shows RSM images taken around the [011] zone axes of BFO/PMN-30PT 

heterostructures in both modes, which reveal a structural transformation under E=3 kV/cm. As 

mentioned in Section 1.3, the composition of PMN-30PT was near the MPB between the R and T 

phases, where intermediate monoclinic phases have been observed as structural “bridges” 68,70,158. 

A small E can alter the phase transformation sequence to being either R→MA→MC→T or 

R→MA→T, where the MA phase remains stable after E is removed 69,70. In this study, the PMN-

30PT substrates exhibited a MA phase structure on removal of E. As shown in Fig. 1.5a, the MA 

unit cell (space group Cm) has a unique bMA axis along the [110] direction with respect to the 

pseudocubic cell, and due to a tilt angle of the cMA axis, bMA and aMA are not equivalent 70. 

Accordingly, as indicated in Fig. 3.7, the (011) peaks of PMN-30PT were split into a doublet, 

reflecting bMA and aMA (i.e., b* and a* domains, respectively). The formation of domains lowers 

the energy of a system by relaxing parts of the elastic energy, which is the reason why MA remains 

stable on removal of E instead of reverting to R 15. Similarly, a peak split of BFO existed along 

the [011] zone in the IP modes. However, in the OP mode, due to the SRO buffer layer releasing 
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part of the elastic energy, such doublet splits were notably less obvious, indicating that BFO in the 

OP mode may be R rather than MA 
15,157.  

 Furthermore, in the IP mode, the dominant domain state of PMN-30PT was switched from 

a* (or b*) to b* (or a*) by application of 3 kV/cm. The BFO domain structure was also 

simultaneously changed. In contrast, in the OP mode, the a* and b* domains remained unchanged. 

We attribute this to the fact that, in the OP mode, E was applied along the c axis, which would 

stretch the axis along the OP direction and compress them biaxially in the IP direction. On the 

other hand, in the IP mode, E was applied along either the b or a axis, making it the preferred 

dominant domain state. In addition, the splitting along Qx in the peak of PMN-PT was caused by 

the less uniform IP E. The RSM images in Fig. 3.7 demonstrate a promising way for controlling 

structural transformations in BFO via the application of IP E-fields.  
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Figure 3.7: The (011) oriented RSM images for (a) (b) the IP mode of BFO(50)/(100) PMN-30PT, 

and (c) (d) the OP mode BFO(50)/SRO(6)/(100) PMN-30PT. (a) (c) under 0 kV/cm E, and (b) (d) 

under 3 kV/cm E. The arrows in (a) and (b) point out the switching of the dominant domain 

structures (a* and b*) of PMN-30PT and BFO. The contour lines in this figure are given on a 

logarithmic scale. 

 
3.5. Strain-mediated E-controlled manipulation of the antiferromagnetic state 

For epitaxial thin films of BFO, strain engineering has been shown to be effective in 

tailoring the antiferromagnetic characteristics, and thus the related physical properties 51,159-161. For 

example, by selecting different substrates to impose suitable epitaxial strain, the cycloidal 

modulation can be modified 51,55,162. In the above section, we demonstrated the feasibility of 

controlling the strain changes in BFO thin films epitaxially deposited on a piezoelectric PMN-

30PT single crystal substrate by E. This approach offers the possibility of adjusting the spin state 

stability of epitaxial BFO films via E. In other words, E applied to the substrates might tune the 
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strain states of BFO films, and consequently adjust the antiferromagnetic properties. Yet, direct 

observations of antiferromagnetic changes induced by E in BFO have not yet been reported. 

Neutron diffraction is a proven powerful technique for studying antiferromagnetic states, 

even for thin films of BFO 149,150,162. When measured from the HHL zone, the ordered Fe3+ ions in 

BFO contribute to the neutron signal near the (0.5 0.5 0.5) reflection 54,150,163.  For a collinear G-

type antiferromagnetic state, a single peak is expected due to the elastic scattering of neutrons from 

a magnetically ordered lattice 150,164. If the antiferromagnetic structure is a cycloid as observed in 

bulk BFO, multiple peaks will appear, from which the propagation direction and period can be 

calculated 149,150,165. In this section, we report an in-situ neutron diffraction study investigating the 

antiferromagnetic state changes in BFO films under E applied to the PMN-PT substrates. 

3.5.1. Experimental details 

 To gain sufficient neutron scattering counts, 200-nm-thick thin films of BFO were 

deposited on (001)-oriented PMN-30PT (surface area of 10×10 mm2). The deposition parameters 

were identical to those described in Section 3.1. To apply E along the OP direction, a 30-nm-thick 

SRO buffer layer was deposited between the BFO layer and the substrate by PLD as the top 

electrode, whereas a 100-nm-thick Palladium layer was sputtered on the back of the PMN-PT as 

the bottom electrode. Two BFO/SRO/PMN-30PT heterostructures were fabricated, labeled as 

Sample #1 and Sample #2.  

 To investigate the antiferromagnetic state of BFO, neutron diffraction measurements were 

then performed on two BFO films (Sample #1 and Sample #2). Studies were conducted around the 

(HHL) scattering plane, accessing the (0.5 0.5 0.5) reflections. Due to beamtime limitations, the 

two heterostructures were measured at different facilities. Sample #1 was measured using the HB-

1A triple-axis spectroscopy located at the High Flux Isotope Reactor (HFIR) at Oak Ridge 
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National Laboratory (ORNL), and Sample #2 was measured on the BT-4 thermal triple-axis 

instrument at the Center for Neutron Research, National Institute of Standard Technology (NIST). 

Due to the fact that the lattice parameters of BFO and PMN-PT tend to be very close to each other, 

the nuclear peak of BFO film appeared at the tail of that from the PMN-PT substrate.  The intensity 

of the nuclear peak from the PMN-PT substrate was much stronger than those from BFO film, 

making it difficult to index the BFO peak accurately. Therefore, the samples were aligned using 

the PMN-PT substrate as a reference and all results are given in units of the PMN-PT’s lattice 

parameter. 

 

3.5.2. Crystal structure and induced strain 

 The quality of the epitaxial BFO films was characterized by full XRD 2theta scans, as 

shown in Figures 3.8a and 3.8b. Only (00L) peaks for BFO films were found, in addition to the 

corresponding peaks for the PMN-PT substrates. The results demonstrate good epitaxy without 

any notable second phases. The insets show the AFM height images of the films. The surface 

roughness was about 1.8 nm for Sample #1, and 4.3 nm for Sample #2.  

Enlarged XRD patterns in Figures 3.8c and 3.8d confirm that the peaks of both the PMN-

PT and BFO shifted to lower angles under applied E. This trend demonstrates that with E applied 

along the OP direction of PMN-PT, the lattice elongates along that direction and compresses along 

the IP directions, consistent with previous reports 57,116,166,167. This compression is transferred to 

the BFO layer through the interface, inducing a strain change along its IP. On removal of E, the 

peaks shifted back towards higher angles, demonstrating that the IP strain is reversible for BFO.  
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Figure 3.8: XRD patterns of (a) (c) Sample #1, and (b) (d) Sample #2. (a) (b) Full 2theta scans. 

(c) (d) (002) peaks under 0 and 10 kV/cm E-fields. The insets in (a) and (b) are the AFM height 

images of the BFO films. 

 
Careful examination of the XRD patterns indicates differences in the peaks of the different 

PMN-PT substrates. Sample #1 exhibited a single peak indicative of a stable rhombohedral (R) 

phase for the PMN-PT substrate; in contrast, Sample #2 showed multiple PMN-PT peaks, 

indicative of phase transitions under E. In the initial state, the doublet peak of PMN-PT indicated 

a tetragonal (T) phase, which changed to a R phase under E=10 kV/cm. On removal of E, it mainly 

remained in the R phase, although a small volume fraction of the T phase was evidenced by the 
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shoulder peaks in Figure 1d. Such differences in the PMN-PT structure may be caused by 

compositional fluctuations during crystal growth, which in particular may be very sensitive for 

PMN-30PT due to it is proximity to the morphotropic phase boundary (MPB) 62,168. In our case, 

differences in the PMN-PT substrate enriched the possible strain conditions of BFO films.  

 Figure 3.9 shows the lattice parameter changes for PMN-PT and IP strain changes for BFO 

as a function of E. The butterfly-like curves evidence that the strain of BFO can be reversibly 

changed by E for both samples. Despite the fact that the PMN-PT substrate of the two 

heterostructures had different phase transition sequences and hysteresis with electrical history, the 

IP strain change of the BFO films had a similar trend, except for the magnitude of strain values. 

For 0<E<10 kV/cm, the IP strain change in the BFO layer was from 0.14% to 0.06% (Sample #1) 

and from 0.33% to 0.22% (Sample #2). 

 

Figure 3.9: Lattice parameter of PMN-PT and IP strain of BFO as a function of applied E-fields. 

(a) Sample #1, and (b) Sample #2. 
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3.5.3. Neutron diffraction studies 

 Figure 3.10 shows neutron diffraction mesh scans for Sample #1 taken around the (0.5 0.5 

0.5) reflection in the (HHL) scattering zone. As can be seen in Figure 3.10a, initially for E=0 

kV/cm, the BFO film exhibited only a single reflection peak, which suggests a collinear G-type 

antiferromagnetic state 150,169. When E was increased to 4 kV/cm (Figure 3.10b), two reflections 

were found, with a spacing of 0.0050(5) reciprocal lattice units (r.l.u.), indicative of a 

corresponding spin modulation period of 651 Å. An enlargement of the cycloid period with respect 

to that of bulk materials may be induced by the epitaxial tensile strain 51,149. Note that the 

propagation vector of this cycloidal modulation is along the [110] direction, which is unlike that 

along the direction for bulk BFO 53,54,170 and for BFO films under a compressive IP strain 

149. This observation is consistent with previous predictions based on Landau-Ginzburg theory, 

where in order to minimize the free energy, the spin modulation propagated along the [110] 

direction when the BFO film was subjected to a proper tensile IP strain 51.  

On removal of E (Figure 3.10c), the doublet peaks remerged together, indicating that the 

BFO film returned to the collinear G-type antiferromagnetic state. However, due to the hysteresis 

in the ε-E response of the PMN-PT substrate, the IP strain of BFO was only partially recovered, 

which resulted in a modified antiferromagnetic configuration with a notably larger cycloid period 

of 1126 Å. Furthermore, as shown in Figure 3.10d, when E was increased to 9 kV/cm, the BFO 

thin film appeared to exhibit two reflection peaks, which indicated a   propagation vector, 

rather than the [110] one. The data demonstrate that epitaxial IP strain can gradually tailor the 

propagation direction and the period of spin modulation. 
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Figure 3.10: Neutron diffraction mesh scans of Sample #1 taken in HH-L zone. (a) initial state (0 

kV/cm), (b) under an E of 4 kV/cm, (c) on removal of E, and (d) under an E of 9 kV/cm. 

 

 Next, we investigated the neutron results for Sample #2 whose BFO layer had a larger IP 

strain. As shown in Figure 3.11, Sample #2 did not exhibit any peak splitting around (0.5 0.5 0.5) 

under various E. We checked the lattice parameter of PMN-PT using its (111) nuclear peak, which 

indeed changed under E. This observation indicates that E was successfully applied onto the 

substrate during the neutron diffraction measurements. Additionally, the (0.5 0.5 0.5) peak of BFO 

had slightly shifted under E to the left side, showing that its IP strain condition was altered by E. 

The constant single peak evidences that for E≤10 kV/cm, Sample #2 exhibited a stable collinear 

G-type antiferromagnetic state, which may be attributed to the sufficient strain from the T phase 

of PMN-PT. 
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Figure 3.11: Neutron diffraction mesh scans of Sample #2 taken in HHL zone. (a) initial state (0 

kV/cm), (b)-(d) under an E of 4 kV/cm, 6 kV/cm, and 10 kV/cm, respectively. 

 
3.5.4. Discussion 

We summarize our observations in the antiferromagnetic state diagram for BFO films as a 

function of IP tensile strain, as shown in Figure 3.12. Different antiferromagnetic states are 

distinguished based on their cycloidal structure and propagation vectors. Please note that due to 

the limitation of the measurement step size, the boundaries in the figure are estimates. 
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Figure 3.12: Antiferromagnetic state diagram of the BFO thin films as a function of the IP tensile 

strains. 

 
According to the literature ,when the IP strain was zero, a cycloidal spin structure that 

propagates along the  direction should be stable, similar to bulk BFO 51,149. The propagation 

vector should then change to being along the  and [110] directions in turn with increasing IP 

tensile strain 51, during which the period of the cycloid should gradually enlarge. Finally, the 

cycloidal should be destroyed when the IP strain is sufficiently large, resulting in a collinear G-

type antiferromagnetic state. Our results are consistent with these prior reports, where the IP strain 

was controlled by E applied to the PMN-PT substrate.  

Cycloid propagation along the  has never been reported for bulk BFO. However, it 

has been reported for 1-μm-thick BFO films on (110)-oriented SrTiO3 (STO) substrates with a 

modest epitaxial strain 150. For Sample #1 under E=9 kV/cm, a small epitaxial strain of ~ 0.07% 

may similarly result in a propagation vector change from  to . A number of reports of 

BFO on STO with thicknesses between 200 nm and 800 nm (i.e., slightly larger epitaxial strains) 

have confirmed a propagation vector along the  51,149,162. Similarly, our results for Sample #1 

under E=4 kV/cm showed a propagation vector along the [110]. We also noted that on subsequent 
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removal of E=9 kV/cm, the  propagation vector reversed to [110]. Thus, the cycloid state 

with the  propagation vector could be induced by a properly small magnitude of either the 

compressive or tensile strain, which then changed back to being along the <110> directions when 

the epitaxial strain increased. 

In comparing the results between Samples #1 and #2, we confirmed that the initial strain 

condition determines the initial antiferromagnetic state of BFO thin films, which in turn plays an 

important role in the further tunability of the antiferromagnetic state with E. If the initial strain was 

large, the antiferromagnetic state was in the collinear G-type antiferromagnetic region, which 

remained stable on application of E. Clearly, the PMN-PT substrate is an important factor, as 

different crystal structures can significantly alter the strain condition of deposited BFO films. We 

note that the film thickness, buffer layers, as well as other deposition parameters, can also 

contribute to the initial strain state of the films.  

The strain required for our sample (~0.15% for #1) to break the cycloid and stabilize the 

collinear AFM state was notably smaller than the theoretical predicted value of 0.5% 51. This 

difference may reflect a strain gradient within the BFO film. The interface region of the film may 

experience a notably larger IP tensile strain (~1.5% according to the lattice mismatch between 

BFO and PMN-PT), which subsequently relaxes near the surface region. It is quite possible that 

the BFO film has multiple stable antiferromagnetic states throughout its thickness. Our XRD and 

neutron diffraction data only provide information about the average structure 150. The neutron 

diffraction data for Sample #2 show an apparent collinear G-type antiferromagnetic phase, but 

cycloidal structures may exist within the average structure that was detected. One could reduce 

film thickness to obtain a more uniform BFO layer with a single stable antiferromagnetic state, 

however there is a trade-off, as the neutron signal needs volume to be detectable. 
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3.6. Summary 

 In summary, BFO/PMN-30PT heterostructures in both IP and OP modes were fabricated 

by PLD. The LED effect on BFO’s intrinsic strain was investigated by AFM and XRD analyses. 

Electric fields were then applied on the piezoelectric PMN-30PT substrates to induce reversible 

strains. RSM scans along the (011) zone axis revealed that a MA phase was induced in both PMN-

PT and BFO, where the dominant domain state could be switched between biaxial directions by E 

in the IP mode. 

 In the OP mode, neutron diffraction was used to investigate the apparent antiferromagnetic 

states of 200-nm-thick BFO thin films deposited on piezoelectric PMN-PT substrates. By choosing 

suitable thin film conditions (deposition parameters, composition of PMN-PT, and film thickness), 

the initial antiferromagnetic state of BFO (e.g., the cycloidal propagation vector and period, etc.) 

could be altered, which was further adjusted by applying E to the PMN-PT substrate. The tunability 

with E was partially reversible on removal of E, reflecting the hysteresis of PMN-PT. These results 

illustrate the feasibility of controlling the antiferromagnetic states of BFO thin films by external 

E. Such capability may be applicable to the development of advanced sensors, magnetic memory 

devices, and spintronics. An antiferromagnetic state diagram for the BFO thin films under IP 

tensile strains was also constructed, based upon strain conditions of the film. 
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Chapter 4. Apparent phase stability and domain distribution of PMN-PT 

single crystals with nanograted electrodes 

As demonstrated in the prior section, piezoelectric PMN-30PT single crystals can help tune 

the strain state, phase transformation process, and even the magnetic state of BFO thin films by E. 

The efficiency of this tunability is strongly related to the piezoelectric capacity of PMN-30PT. Our 

cooperators, Xiaoning Jiang’s group at North Carolina State University (NCSU), reported a ~30% 

enhancement in the piezoelectric properties of PMN-30PT single crystal with nanograted 

electrodes, which they attributed to doping/diffusion with Mn and E fringe effects 77. However, 

the domain distribution near the surface region and how it is influenced by non-uniform E remains 

unclear. In this section, a high-resolution XRD RSM technique was used to monitor in-situ changes 

in the apparent phase stability and domain distribution in the near-surface region under E. 

4.1. Fabrication of nanograted electrodes on PMN-PT single crystals, experimental setup, 

and simulation method 

Detailed fabrication information can be found in ref. 76 and 170 77,171. For this phase of the 

investigation, [001]-grown PMN-30PT single crystals with electrodes on the (001) plane were 

prepared by the CTS Corporation. The crystals were polished to desired thicknesses of 200 μm 

and 600 μm. Lloy’s mirror interference lithography (LIL) was used to fabricate nanograted 

electrode patterns on one side (marked as the front side) of the crystal, parallel to the [100] 

direction. The grating size was equal to the distance between grates, set as either 500 nm or 1000 

nm. A regular planar electrode was deposited on the opposite side (marked as the back side). For 

the front side, a 100-nm-thick layer of manganese was deposited by heat evaporation, followed by 

an annealing process (800 ℃, 3 hours, in air) to form semiconductive MnOx electrodes, while 

letting Mn diffuse into the PMN-PT surface regions. After the photoresist was removed, 100-nm-
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thick Au layers were deposited by electron-beam evaporation, with a 5-nm-thick Ti protective 

layer on the entire front and back sides of the PMN-PT crystals. To clarify the discussion, crystals 

with different configurations are summarized in Table 4.1. 

# 1 2 3 4 
Thickness 200 μm 200 μm 600 μm 200 μm 

Grating size 1000 nm 500 nm 1000 nm Planar Au electrodes on both side 
 

Table 4.1: Configurations of different PMN-PT crystals numbered as #1 to #4. 

 

After electrode deposition, copper wires were attached by silver epoxy so that an E could 

be applied. The crystals were then studied using our XRD system under various E levels from 0 to 

10 kV/cm, applied in-situ by a DC power supply. Both XRD line scans and RSM mesh scans were 

measured along the [002] and [022] zone axes (the index in this chapter was in a pseudocubic 

system), after fine calibrations were performed. Both the front and back sides of the crystals were 

measured, and the lattice parameters were calculated from the 2θ values of the XRD line scans, 

according to Equation 2.1. The units in RSM images were normalized using the lattice parameters. 

Assuming the initial strain of each crystal to be zero, the strain conditions under various applied E 

were also obtained based on the lattice parameters calculated above. 

It must be noted that, the reason the [022] zone axis was chosen, instead of the [200] or 

[220] as customary in single crystal studies, was because our crystals were too thin to 

accommodate scans along these zones. The [022] mesh contains information about the [020] zone 

(equivalent to the [200] due to symmetry) and the [002] one. Considering that the peak along the 

[002] zone exhibited only a single peak along the (00L) direction, the splitting of the (022) peak 

along the (0LL) direction represents the peak-splitting pattern for the (0L0)/(H00) zone, from 
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which one can distinguish the structure. Accordingly, the mesh scan patterns for MA and R along 

the [022] zone are illustrated in Figure 4.1.  

 

Figure 4.1: Illustration demonstrates how the MA (or R) domain distributions along the (020) and 

(002) zones contribute to shaping the doublet (or single) domain along the (022) zone, which 

exhibits a doublet (single) peak when projected into the (HLL) plane. The ellipse broadening 

domains in (d) and (e) are caused by the nanograted electrodes. 

 

 The dielectric constant was measured from 0.1 kHz to 10 kHz by a precision impedance 

analyzer (Agilent, 4294A). The samples were poled under 0 ≤E≤10 kV/cm in advance. After each 

test, the crystals were annealed at 250 ℃ for 2 hours to return them to their initial state.  

Simulations of the electric field distribution beneath the nanograted electrodes were also 

performed using COMSOL multiplhysics finite-element analysis. The finite-element model was 

composited of a PMN-PT crystal and periodical MnOx electrodes. The width and thickness of the 

MnOx were 1000 nm and 100 nm, respectively, and the thickness of the PMN-PT was 100 μm. In 
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the electrical boundary condition, the bottom conductive electrode was assigned as the ground 

condition and the electric field of 2 kV/cm was applied across the PMN-PT crystal. The simulation 

was performed in two-steps. (1) A dielectric constant of 4000 was assigned to the whole crystal 

and an electric field distribution was obtained by numerical simulation. (2) According to 

simulation results from Step (1) and the dielectric measurement, a dielectric constant of 7000 was 

assigned to the edges of the electrodes (black circle parts) and the simulation was performed again. 

The increased dielectric-constant effect made the non-uniform electric field generated by the fringe 

effect stronger. 

 

4.2. Experimental results 

 Figure 4.2 provides RSM scans taken from the Crystal #4 with conventional planar 

electrodes. The single (002) peak of PMN-PT became sharper along both longitudinal (00L) and 

transverse (H00) directions with increasing E, and remained sharp even upon removal of E. The 

doublet (022) peak under E indicated the phase transition from R to MA, which also remained after 

poling. Our RSM results of PMN-PT with planar electrodes are consistent with other reports. 
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Figure 4.2: RSM scans of Crystal #4 (T=200 μm, conventional planar electrodes). (a)-(d) along 

the [002] zone axis, (e)-(h) along the [022] zone axis. (a) (e) 0 kV/cm (before poling), (b) (f) 5 

kV/cm, (c) (g) 10 kV/cm, and (d) (h) back to 0 kV/cm (after poling). 

 

 Figure 4.3a-d provides RSM scans taken from the front side of Crystal #1 with nanograted 

electrodes. Line scans (ω scans) along the transverse extracted from the RSM are given in Figure 

4.3e-i. As shown in Fig. 4.3a, the (002) peak corresponds to the initial unpoled condition, where 

the line scan (Fig. 4.3e) revealed a single sharp peak. Under application of 2 kV/cm, this peak 

became sharper along the (00L) direction (2θ scan), but broader along the (H00). The 

corresponding line scan in Fig. 4.3f revealed multiple peaks along the (H00) direction. With 

increasing E to 10 kV/cm, the peak became narrower along the longitudinal (00L), but much 

broader along the transverse (H00). In fact, line scans along the (H00) direction revealed numerous 

peaks, which are different from that associated with PMN-30PT with conventional planar 

electrodes (Fig. 4.2). For the nanograted crystals, once E was removed, these unique changes in 

the RSM and line scans were retained, exhibiting a multitude of transverse peaks (see Fig. 4.3d 
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and Fig. 4.3i). Comparison of these data to the schematic in Fig. 1.5b-d will demonstrate that the 

crystal with nanograted electrodes exhibits peak splitting unlike the single peak of either MA or R 

(which has a single peak tilted from the pseudocubic by αR). Our results demonstrate numerous 

peaks with a wide distribution of tilt angles, which were not distinctly split from each other. 

 

Figure 4.3: (a)-(d) RSM scans and (e)-(i) profile (H00) line scans taken from the front side of 

Crystal #1 (T=200 μm, P=1000 nm) around the (002) peak under different E-fields. (a) (e) 0 kV/cm 

(before poling), (b) (f) 2 kV/cm, (g) 5 kV/cm, (c) (h) 10 kV/cm, and (d) (i) back to 0 kV/cm (after 

poling).  

 

 Figure 4.4 provides RSM scams taken from the back side of Crystal #1 featuring a planar 

electrode. Unlike the results from the front side, the (002) peak on the back did not split into 

multiple peaks. Rather, the peak became somewhat sharper with increasing E, although a weak 

shoulder was found along the transverse (H00) direction.  
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Figure 4.4: (a)-(d) RSM scans and (e)-(i) the profile (H00) line scans taken from the back side of 

Crystal #1 (T=200 μm, P=1000 nm) around the (002) peak under different E-fields. (a) (e) 0 kV/cm 

(before poling), (f) 2 kV/cm, (b) (g) 5 kV/cm, (c) (h) 10 kV/cm, and (d) (i) back to 0 kV/cm (after 

poling).  

 

Similar RSM scans were obtained for Crystal #2, which had a smaller grating size, as 

shown in Figure 4.5. A doublet peak splitting along the (H00) direction was eventually found for 

the back side of Crystal #2 with increasing E to 15 kV/cm (see Fig. 4.5h). However, the peak 

splitting was non-remanent on removal of E. Differences in grating sizes of the nanograted 

electrodes between 1000 nm and 500 nm did not have a notable effect on the RSM scans. 
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Figure 4.5: RSM scans of Crystal #2 (T=200 μm, P=500 nm) along the [002] zone axis. (a)-(d) 

front side, (e)-(i) back side. (a) (e) 0 kV/cm (before poling), (b) (f) 2.5 kV/cm, (c) (g) 10 kV/cm, (h) 

15 kV/cm, and (d) (i) back to 0 kV/cm (after poling). 

 

 Next, the effect of crystal thickness on the RSM scans was studied. The (002) peaks were 

scanned on both the front and back sides of Crystal #3, as shown in Figure 4.6. The data 

demonstrate that with increasing thickness from 200 μm to 600 μm, the effects of nanograted 

electrodes became less pronounced. It can be seen that the (002) peak on the front side slightly 

split into multiple peaks along the transverse (H00) direction with E, although the peaks were 

much narrower than for the thinner crystal (see Fig. 4.3). At the same time, the (002) peak on the 

back side changed with E in a manner similar to that for PMN-30PT with conventional planar 

electrodes (see Fig. 4.2). 
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Figure 4.6: RSM scans of Crystal #3 (T=600 μm, P=1000 nm) around the (002) peak. (a)-(c) front 

side, (d)-(f) back side. (a) (d) 0 kV/cm (before poling), (b) (e) 10 kV/cm, and (c) (f) back to 0 kV/cm 

(after poling). 

 

 The [022] scans taken from the front sides of Crystals #1 and #3 are shown in Figure 4.7 

and Figure 4.8, respectively. Doublet peak splitting was found along the (0LL) direction when E 

reached 2 kV/cm, indicating a R→MA phase transformation. But unlike the normal R→MA, 

splitting was also identified along the transverse (H00) direction, which had a specific orientation, 

as indicated by the red dashed lines in Fig. 4.7. These results are different from the broad multiple 

peak splits along the (002) results, which did not have a distinct preferred value.  
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Figure 4.7: (a)-(d) RSM scans and (e)-(i) profile (H00) line scans taken from the front side of 

Crystal #1 (T=200 μm, P=1000 nm) around the (022) peak under different E-fields. (a) (e) 0 kV/cm 

(before poling), (b) (f) 2 kV/cm, (g) 5 kV/cm, (c) (h) 10 kV/cm, and (d) (i) back to 0 kV/cm (after 

poling).  
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Figure 4.8: RSM images of Crystal #3 (T=600 μm, P=1000 nm) around (022) peak. (a)-(c) top 

side, (d)-(f) back side. (a) (d) 0 kV/cm (before poling), (b) (e) 10 kV/cm, (c) (f) back to 0 kV/cm 

(after poling).  

 

 The dielectric constants of Crystals #1, #3, and #4 as a function of poling field (measured 

at 1 kHz) are shown in Figure 4.9a. The PMN-30PT crystals with nanograted electrodes rapidly 

reached a maximum dielectric constant with increasing E to 3 kV/cm, and remained constant at 

higher E. The maximum dielectric constant was about 30% higher than the crystal with planar 

electrodes, which is consistent with prior findings 77. Note that this field level is similar to that 

required to induce the M phase in conventional planar electrode crystals 68. The full frequency 

dependent dielectric constant results can be found in Figure 4.9b-d, which shows that the dielectric 

constant was slightly decreased with increasing frequency. This trend is usually observed for the 

relaxor PMN-PT system in the relaxor state 71. 
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Figure 4.9: (a) dielectric constant of different PMN-PT samples as a function of the poling field 

at room temperature. (b)-(d) Frequency dependent dielectric constant of different PMN-PT 

samples under various poling fields. (b) Crystal #1, (c) Crystal #3, and (d) Crystal #4. 

 

 Finally, the strain of Crystal #1 and #4 along the [001] direction was calculated from the 

XRD 2θ scans and plotted as a function of E (Figure 4.10). The strain curves of Crystal #1 

exhibited an electrostrictive-like response on both the front and back sides, similar to the slim 

quadratic ε-E curves previously reported for PMN-PT relaxors at temperature below their freezing 

transition 172,173. Similar electrostrictive ε-E responses were found for all crystals with nanograted 

electrodes. An important difference of our ε-E curves for the nanograted crystals compared to 

previously reported electrostrictive PMN-PT is that the slope around E=0 was much sharper. In 
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contrast, Crystal #4 with conventional planar electrodes had typical butterfly-like hysteresis curves, 

consistent with traditional poled piezoelectric single crystals and ceramics 172,174,175.  

 

Figure 4.10: Strain of the crystals along the [001] zone axis as a function of the applied E-field: 

(a) the top side for Crystal #1, (b) the back side for Crystal #1, and (c) the top side for Crystal #4. 

 
4.3. Discussion and domain distribution analysis 

 The R phase of PMN-xPT features four equivalent polarization variants that are oriented 

along the (111) directions, which has been designated as the ‘4R’ domain configuration if poled 

along the [001] direction 71. Noted that a ‘2R’ domain configuration arises in the actual poled 

condition; further, they conjectured that the poling field cannot be perfectly aligned to the [001] of 

the single crystal, and thus an applied E breaks the degeneracy of the ‘4R’ configuration, causing 

a ‘4R’→‘2R’ domain transition 71. The stable phase in this ‘2R’ domain configuration was MA 

(with a similar ‘2M’ domain configuration). This ‘2M’ domain configuration is schematically 

illustrated in Figure 4.11a for a PMN-xPT crystal with conventional planar electrode, where the 

domain platelets of PMN-PT are along a single tilting angle α, and the nano-twin distribution 

within (as shown in the expanded circle) is quite regular and elastically relaxed. 

 The unpoled (initial) R phase of PMN-xPT consists of PNRs that lack long-range 

translational invariance with respect to each other. The presence of these PNRs has been confirmed 

by transmission electron microscopy 172, piezoresponse force microscopy 175, and diffuse neutron 
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scattering 174. Under E, the PNR distribution is significantly altered—developing geometrical 

arrangements that are invariant with increasing E. In the poled condition, this has been shown to 

result in a hierarchical domain structure, consisting of nanodomains geometrically tiled within 

domain platelets, which are the ‘2R’ and/or ‘2M’ domain configurations. This MA phase has 

previously been designated as the adaptive ferroelectric state, which is a structurally heterogeneous 

state consisting of R nanotwins geometrically arranged by invariant conditions that minimize the 

elastic strain energy. In this case, the ‘4R’→ 2R’/‘2M’ domain transition is driven by strain energy 

minimization. 

 For the crystals with nanograted electrodes, the transverse (H00) splitting along the (002) 

peak reveals the presence of multiple domain states that have the same lattice parameter as 

evidenced by a single peak along (00L). We illustrate the domain distribution of the crystals with 

nanograted electrodes in the schematic of Figure 4.11b. This schematic demonstrates that the 

tilting angle between neighboring domains is different—namely, that it is not fixed to α, but rather 

to a range about αn (1 to N). In addition, the expanded circle shows a similar type of geometrical 

arrangement of twins, as shown in Figure 4.11a, except that it is less organized due to unrelaxed 

internal strain caused by the non-uniform E. 

The non-uniform E applied through the nanograted electrode results in an internal strain 

distribution, along with a maladjustment of the nano-twin distribution. Simulations of the E-field 

distribution under the nanograted electrode were performed using COMSOL. Fringe field effects 

that are locally 3-8 times larger than the applied field were found at the edges of MnOx, as shown 

in Figure 4.11c. However, the simulation was based on a simplified model that assumed the 

dielectric constant was indeed constant, which may simply reflect the initial E-field condition. In 

fact, as demonstrated in Figure 4.11d, the high E of the fringe field can locally pole the crystal, 
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changing its dielectric constant in that region, and, in turn, propagating such higher fields to nearby 

region 79. Furthermore, one cannot neglect the effect of Mn doping/diffusion on altering the local 

E-field distribution beneath the electrodes. Studies have shown that Mn can diffuse into the near-

surface region of PMN-xPT crystals from the MnOx electrodes, which may alter local domain 

nucleation 77,79,174. The Mn-rich regions overlap onto the local high fringe field ones to some 

extent, and thus these two factors need to be taken into consideration synergistically in 

understanding surface nanodomain distribution 79. 

 

Figure 4.11: Schematic illustrations of the nano-twin domain distributions with (a) planar 

electrode, and (b) nano-patterned electrode. Distortion angles αn in (b) have a wide distribution 

of values, whereas those in (a) have a single regular value. (c) Simulation of the initial E 

distribution at the near-surface region beneath the nanograted electrodes. (d) Simulation of the E 

distribution beneath the nanograted electrodes after the local regions (surrounded by the black 

curves) had been poled. 
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 Starting with the initial condition of E<2 kV/cm, the field beneath the nanograted electrode 

was insufficient to induce a change in the nanodomain distribution. Thus, the crystal remained in 

the R or C phase, and there was only a single peak along the transverse (H00) direction. In the case 

of E≥2 kV/cm, the non-uniform E resulted in a broadening and splitting of the transverse peak. At 

the same time, the doublet peak along the (0LL) direction revealed a R→MA phase transformation. 

With increasing E applied to the nanograted electrode, the transverse peak broadening and 

multiplicity continued to increase. The broadening and multiplicity of the transverse peak was 

retained upon removal of E—the changes in the nanodomain distributions were remanent. This 

locked-in maladjusted condition then allowed the ensemble of twins to store excess mechanical 

energy, which in turn increased its dielectric constant (see Fig. 4.9) and piezoelectric properties 77, 

which is conceptually similar to outcomes predicted by adaptive phase theory 72. Note that the 

dielectric constant in Fig. 4.9a approaches its maximum plateau at E=3kV/cm, which is close to 

the field required to fully pole a PMN-xPT crystal with a conventional planar electrode beginning 

from the annealed or zero-field-cooled (ZFC) condition 63. 

 Simulations of field distribution revealed that E became more uniform with increasing 

depth beneath the nanograted electrode (see Fig. 4.11c). This trend helps explain the differences 

in the RSM and transverse line scans between the front and back sides of the crystal. With 

increasing E, the transverse line scan from the back side became somewhat narrower. A weak 

tendency to develop shoulders was also found, but a single Gaussian peak was recovered on 

removal of E. The back side had RSM and transverse line scans similar to that of the R phase. 

 The differences in transverse splitting between the front and back sides demonstrate a 

gradient of the structure and nanodomain distribution throughout the crystal thickness, also 

implying a strain gradient. The nanodomains closer to the front side undergo redistribution under 
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E, but cannot establish the geometric invariant conditions necessary for the MA phase. In contrast, 

the nanodomain distribution on the back side remains close to that of the relaxed MA phase. This 

finding is consistent with a very recent report for nanograted PMN-xPT crystals using PFM by 

Luo et al., where the near top-surface regions consisted of ‘2R’/‘2M’ domains, while the deeper 

regions consisted of ‘4R’ domains. The differences between these domain states is in the relaxation 

of their nanodomain distributions and their geometrical arrangement within the larger 

macrodomains. 

 It is important to note that the RSM scans along the [022] zone axis exhibited a doublet 

splitting along both (H00) and (0LL) for the nano-pattern electroded crystals. Interestingly, this 

direction is the habit plane for twinning in rhombohedral and tetragonal structures 176. It is along 

this direction where stress accommodation occurs, and where the twins become geometrically 

stacked into invariant conditions. This (H00) splitting evidences two MA domain platelets (i.e., 

‘2R’ or ‘2M’) that are tilted with respect to each other along the (H00), which then consist of 

nanotwins. The nanotwin distribution does not achieve the invariant conditions of the MA phase, 

but their domain platelets may partially relax their elastic energy by tilting the orientation of the 

domain bands with respect to each other. It is also interesting to note the simulations of E field 

distribution around the edges of the MnOx regions of the nanograted electrode. According to the 

simulation results, the non-uniform E distribution has a spatial pattern like that of periodic needles. 

Inspection will reveal a stronger gradient of E along the [011] and [0-11] directions. This 

directional field gradient may play an important role in establishing two types of R macrodomain 

platelets that are rotated with respect to each other. 

 It is also important to note that increasing crystal thickness resulted in significant changes 

in the RSM scans with E. Thicker crystals that had nanograted electrodes did not exhibit significant 
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changes in either width or multiplicity with increasing E. Rather, the RSM scans remained typical 

of that exhibited for the MA/R phase. With increasing thickness, it becomes more difficult for the 

near-surface regions to elastically relax their nanodomain distributions; instead, they become 

mechanically constrained by the elastic boundary conditions of the volume. Accordingly, the 

enhanced dielectric and piezoelectric properties can be attributed to changes in nanodomain 

distribution. The strain along the [001] zone as a function of E, measured in-situ under E by XRD, 

are shown in Figure 4.10. The data demonstrates an electrostrictive-like response, unlike the 

butterfly-like curves of crystals with conventional planar electrodes 72,177. This electrostrictive 

behavior is similar to that found in the relaxor ferroelectric state, where nanodomain redistribution 

under E results in strain, without the presence of macrodomain platelets.  

 The summation of our findings clearly demonstrate that the nanodomain distribution in 

PMN-xPT single crystals is most important to its average structure. Readjustments of the 

nanodomain distribution can impart significant improvements to the unique piezoelectric 

properties, as well as to the phase transformational sequence and domain transitions that occur 

with E and temperature. This assertion is evidenced by the slim quadratic (i.e. electrostrictive) ε-

E curves of the nanograted crystals being due to the reversible realignment of the nanotwins within 

domain striations that are unaltered. These findings are consistent with a structurally non-uniform 

polar state that can undergo a series of adaptations into various related states driven by the 

minimization of elastic energy 72. 

 

4.4. Summary  

 X-ray RSM scans were used to study the E-induced changes in the apparent symmetry and 

domain distribution of near-surface regions for PMN-30PT crystals with nanograted oxide 
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electrodes. The scans revealed a multitude of splittings under E along the transverse (H00) 

direction about the (002) peak, which persisted even after the removal of E. The scans along the 

(022) zone suggested the presence of the MA phase. Studies of the back surface (which had a planar 

electrode) revealed a sharp single peak. The data evidence a geometrical stacking of nanotwins 

along the [011] direction that is inhomogeneous due to the electric field gradient. The excess elastic 

energy stored in the nanodomain distribution results in enhanced dielectric/piezoelectric 

properties. Comparisons of scans on the front and back sides revealed a gradient in the apparent 

crystal symmetry and the domain distribution throughout the thickness of the crystals. 
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Chapter 5. Magnetoelectricity of CoFe2O4 and tetragonal BiFeO3 

nanocomposites 

As detailed in Section 3, the antiferromagnetic nature of BFO has been employed to 

fabricate ME nanocomposites with ferroelectric (FE) PMN-PT single crystals. The FE nature of 

BFO can be utilized to make ME nanocomposites with ferrimagnetic CoFe2O4 (CFO), which is 

described in this section.    

The spinel CFO is a typical ferrimagnetic oxide that features a high saturation 

magnetization, high Curie temperature, and large magnetocrystalline anisotropy 178-180. Combined 

with its large magnetostriction coefficient (λ100: -250×10-6 to -590×10-6), CFO is a good choice for 

the magnetostrictive phase in ME composites 178,181. Additionally, antiferromagnetic BFO and 

ferrimagnetic CFO also exhibit exchange coupling at the interfaces 182,183. Such all-oxide systems 

have been proposed to overcome the limitations stemming from the incompatibility between 

dissimilar material types in oxide/metal heterostructures 57,184,185. Actually, a number of studies 

have investigated nanocomposites of CFO/BFO that self-assemble into vertically integrated 

nanopillar structures ((1-3) type), which result from an immiscibility and lattice mismatch between 

the CFO and BFO phases 180,186.  Similarly, our group has investigated the ME effect of CFO/BFO 

on PMN-PT single crystals 132,187. However, all prior investigations have focused on the R-BFO 

with CFO 132,183,186-188; in contrast, CFO/T-BFO nanocomposites have not yet been reported. To 

address this scholarly deficit, CFO/T-BFO nanocomposites were fabricated on (001) LAO 

substrates by PLD, and its ME properties were compared with that of CFO/R-phase BFO ones on 

(001) STO substrates. 
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5.1. Fabrication of CFO/BFO nanocomposites and experimental setup. 

 CFO and BFO layers were deposited as individual layers on both (001) LAO and (001) 

STO single crystal substrates. While the CFO thickness was varied from 7 nm to 14 nm, the BFO 

thickness was maintained at 28 nm. In order to prevent Bi evaporation, the deposition temperature 

was kept at 650 ℃. The oxygen partial pressure was fixed at 90 mTorr for the deposition of BFO, 

and at 100 mTorr for CFO. Prior to the deposition of CFO, the as-grown BFO films were in-situ 

annealed in a pure O2 atmosphere of 100 mtorr at 650 ℃ for 30 min. To investigate the annealing 

effect on the CFO layer, after the deposition of CFO, the as-grown films were in-situ annealed in 

a pure O2 atmosphere of 100 Torr at 725 ℃ for 0 min, 15 min, or 30 min.  

The crystal structures were characterized using our XRD system, and surface topology was 

observed by the AFM. Furthermore, PFM and MFM were used to image the ferroelectric and 

magnetic domains, respectively, as well as to detect the change of magnetic signals under a tip 

bias. To achieve PFM measurements, a 5 nm SRO buffer layer was deposited between the BFO 

layer and substrates by PLD. The magnetic hysteresis loops were measured with the VSM system 

while the field cooling curves were measured by the SQUID system. The surface composition was 

semiquantitatively analyzed using X-ray photoelectron spectroscopy (XPS, PHI Quantera SXM). 

A JEOL 2100 TEM was employed to observe the cross-sectional images of the CFO/T-BFO 

nanocomposites. The EDS line scans were taken by a silicon drift detector-based EDS system 

integrated in the TEM. The TEM specimen was prepared by FIB. 

 

5.2. Annealing effect on the CFO/BFO nanocomposites 

 First, the effect of anneal on the CFO/BFO nanocomposite was investigated. Figure 5.1 

shows AFM height images of samples having different annealing conditions. The as-grown 
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CFO/BFO nanocomposites on both LAO and STO substrates exhibited smooth surfaces with a 

roughness of less than 1 nm.  The step-and-terrace surface topography indicated the layer-by-layer 

growth of the thin films. After 15 min of annealing, the smooth surfaces began to develop into 

specific topographies that exhibited an obvious increase in roughness. After 30 min of annealing, 

the surface topography was completely transformed into different morphological patterns. 

Platform-like structures were observed for CFO/BFO nanocomposites on (001) LAO, and a typical 

nanopillar structure was found for those on STO 188. The profile images in Figure 5.2 indicate that 

there are three distinguishable platform heights for the CFO/BFO nanocomposites on LAO 

substrates, where each platform displayed a relatively flat surface with a local roughness of less 

than 1 nm. 

 

Figure 5.1: AFM height images of (a)-(c) CFO(7)/BFO(28)/(001) LAO, and (d)-(f) 

CFO(7)/BFO(28)/(001) STO. (a) (d) the as-grown samples, (b) (e) the 15 min annealed samples, 

(c) (f) the 30 min annealed samples. Surface roughness data are provided in the insets. 
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Figure 5.2: AFM height images of (a) CFO(7)/BFO(28)/(001) LAO sample, and (b) 

CFO(7)/BFO(28)/(001) STO sample. Surface roughness data are provided in the insets. (c) and 

(d) are the profile images extracted along the red lines of (a) and (b), respectively. 

 

 Such differences in surface morphology could be induced by the lattice parameter 

mismatch between the CFO and BFO phases 189. The XRD patterns in Figure 5.3a and 5.3b 

demonstrate that the BFO deposited on LAO and STO substrates had T and R structures, 

respectively. In both cases, the BFO peaks had a clear shift to higher 2θ values after annealing, 

indicating a significant strain relaxation due to the formation of self-assembled structures. The 

(004) CFO peaks were only observed on top of the R-BFO layer, similar to previous structure 
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studies of CFO/R-BFO nanocomposites 132,183,186. On top of the T-BFO layer, however, no such 

(004) CFO peaks were detectable. Considering that the in-plane crystal lattice mismatch between 

CFO and T-BFO (12%) is much larger than that between CFO and R-BFO (5%), it is reasonable 

to conclude that the CFO on T-BFO had a lower crystalline quality 188. However, the XPS patterns 

shown in Figure 3.20c clearly reveal Co peaks, suggesting that CFO may also exist on the top 

layers 190,191. Noting that XPS can only detect the top 10 nm of a sample, the fact that the XPS 

patterns revealed both Co and Bi peaks confirms that the CFO/BFO samples formed some type of 

self-assembled structure, despite the fact that CFO and BFO were deposited in separate steps prior 

to annealing. The difference in morphologies between CFO/T-BFO and CFO/R-BFO could 

account for the different Co/Bi ratios in the XPS analysis given in Fig. 5.3c. 
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Figure 5.3: (a) (b) XRD patterns of (a) CFO(7)/BFO(28)/(001) LAO, and (b) 

CFO(7)/BFO(28)/(001) STO samples after different anneal processes. The inset in (a) and (b) 

shows the peak shifts caused by post-heat treatments. (c) XPS patterns of CFO(14)/BFO(28) 

nanocomposites.  

 

 Cross-sectional TEM images given in Figure 5.4a-c demonstrate that the CFO/T-BFO 

nanocomposites remained as a bilayer structure after annealing. The platform-like topography 

resulted from a discontinuity in the CFO phase distribution. Figure 5.4e and 5.4f shows an EDS 

line scan reflecting the elemental distribution within the nanocomposite. In Figure 5.4d, the SAED 
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pattern along the [010] zone axis exhibited good epitaxial T-BFO patterns on the LAO substrate. 

The lattice parameter of the T-BFO along the (001) direction was about 4.65 Å, which is consistent 

with the XRD results (4.64 Å). Moreover, as shown in the inset of Fig. 5.4d, a triplet splitting was 

identified, where one peak belonged to the (001) CFO phase. The calculated (001) inter-planar 

lattice spacing of CFO was about 4.88 Å, which is close to that directly measured in Fig. 5.4c (4.89 

Å), but notably larger than that of the cubic CFO’s lattice parameter (½aCFO=4.19 Å). The 

diffraction pattern of CFO along the (100) orientation was barely distinguishable in these patterns, 

indicating that the CFO lattice may be under significant in-plane compressive strain that disrupted 

the periodicity along that direction. Based on these TEM observations, it can be reasonably 

concluded that the CFO phase on top of the T-BFO also had a T-phase-like structure, which may 

explain why the CFO phase forms a platform-like phase distribution with BFO on LAO substrates, 

instead of the previous reported nanopillar distribution when deposited on STO. 
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Figure 5.4: (a)-(c) the cross-sectional TEM images of CFO(7)/T-BFO nanocomposite under 

different scales. The crystal orientation is shown in (a). (d) SAED patterns of (b). The zone axis is 

along [010] direction. The inset in (d) is the zoom-in image showing a triplet split along (001) 

orientation. (e) (f) EDS line scan of CFO(7)/T-BFO nanocomposite. The red, blue, and green lines 

in (e) represented Co, Bi, and Al elements, respectively. 

 

 Figure 5.5 shows magnetic hysteresis loops measured by VSM. The magnetization was 

normalized by the nominal volume of the CFO layer. Since the maximum magnetic field applied 

was about 5000 Oe, the CFO layers did not reach complete saturation 183. The as-grown CFO/BFO 

nanocomposites on either LAO or STO substrates exhibited a similar magnetic isotropy with a 

small coercivity of less than 120 Oe, indicating that without the post-heat treatment the CFO layer 

would display poor crystal quality. 

 After 15 min annealing, as specific surface morphologies began to develop, the two types 

of nanocomposites trended towards opposite magnetic anisotropies. Specifically, for the CFO/T-
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BFO on LAO, the platform-like topography induced an in-plane (IP) magnetic anisotropy; in 

contrast, for the CFO/R-BFO on STO, the nanopillar morphology resulted in an out-of-plane (OP) 

magnetic anisotropy 183,188. In both cases, however, the magnetic coercivity increased to about 800 

Oe, indicating an improvement in CFO phase crystallinity. 

 When the annealing time was further increased to 30 min, the contrasting magnetic 

anisotropies noted above became even more obvious, consistent with trends of the AFM images 

in Fig. 5.1, where self-assembled phase distributions became more apparent. In addition, the OP 

magnetic coercivity of the CFO/R-BFO was significantly increased to 2450 Oe due to a spin-flop 

coupling at the ferrimagnetic/antiferromagnetic interface 183,184,192. This coupling effect has been 

suggested to tilt the antiferromagnetic spins in BFO with respect to the CFO’s spins in the interface 

region between the two phases during field reversal, enhancing the coercivity and introducing an 

exchange anisotropy energy. However, under the same annealing conditions, the OP magnetic 

coercivity of the CFO/T-BFO remained low (see Figure 5.6 for a more direct comparison of the 

IP and OP coercivities of the two types of CFO/BFO nanocomposites under different heat 

treatments). This low coercivity can likely be attributed to the relatively poorer crystallinity of T-

phase-like CFO on T-BFO, as evidenced by the XRD and TEM SAED patterns, compared to the 

cubic-phase CFO with R-BFO. However, the low coercivity may also indicate a change in the 

magnetization switching mechanism, given that the antiferromagnetic spin state in the T-BFO is 

different from that in the R-phase. The much narrower hysteresis loops of the 7 nm CFO on T-

BFO demonstrate a much lower energy dissipation on magnetization reversal, which could be 

beneficial to microelectronic devices.  
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Figure 5.5: Magnetic hysteresis loops of (a)-(c) CFO(7)/BFO(28)/(001) LAO and (d)-(f) 

CFO(7)/BFO(28)/(001) STO. (a) (d) the as-grown samples, (b) (e) 15 min annealed samples, and 

(c) (f) 30 min annealed samples. 
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Figure 5.6: Magnetic hysteresis loops of (a) (b) CFO(7)/BFO(28)/(001) LAO, and (c) 

CFO(7)/BFO(28)/(001) STO samples after different annealing conditions. (a) (c) measurements 

along IP direction, and (b) (d) measurements along OP direction. The magnetizations were 

normalized by the maximum magnetization of each loop. 

 

5.3. Thickness effect on the CFO/BFO nanocomposites 

 Figure 5.7 shows the thickness effect of the CFO layer on the magnetic coercive field, in 

particular along the OP direction. The CFO/T-BFO had a distinctive enhancement in its OP 

coercivity, from 710 Oe to 2120 Oe, as the thickness of the CFO layer increased from 7 nm to 14 

nm; in contrast, for the CFO/R-BFO, its OP coercivity dropped from 2450 Oe to 2090 Oe. At the 
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same time, 14-nm thick CFO on either T-BFO or R-BFO featured similar hysteresis loops, with 

some anisotropic differences due to shape anisotropy.  

 

Figure 5.7: Magnetic hysteresis loops of (a) (c) CFO/T-BFO on (001) LAO, and (b) (d) CFO/R-

BFO on (001) STO. The thickness of CFO was 7 nm in (a) (b), and 14 nm in (c) (d). The 

magnetizations were normalized by the maximum magnetization of each loop. 

 

 For the CFO/T-BFO nanocomposites, the enhancement in coercivity may be attributed to 

its improved crystallinity, given that the T-phase CFO peaks can be seen in the XRD patterns of 

Figure 5.8a when the thickness of the CFO layer was increased to 14 nm. It is important to point 

out that without the BFO layer, even a 50 nm CFO layer on (001) LAO did not reveal T-phase 
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peaks. Clearly, in this case, the T-BFO plays a key role as the template for inducing an epitaxial 

T-phase CFO on top of it.  

 On the other hand, when considering the CFO/R-BFO, the decrease in coercivity can be 

explained from the perspective of strain and interface coupling effects. For the strain effect, as the 

thickness of the CFO is increased, the internal strain of the layer becomes increasingly relaxed. 

Accordingly, this would decrease the magnetoelastic energy (Kme), given as:  

,                                             3.3 

where λ001, Y, and ε001 are the magnetostrictive coefficient, Young’s modulus and OP strain of 

CFO, respectively 183,193. The insert in Fig. 5.8b shows that the (004) CFO XRD peak shifted for 

the 14 nm layer, indicating reduced strain in the layer. For the interface coupling effect, because 

the exchange enhancement mentioned above is an interface, as thickness is increased, it weakens.  

 

Figure 5.8: XRD patterns of (a) CFO/T-BFO nanocomposites, and (b) CFO/R-BFO 

nanocomposites. the insets in (a) (b) show the strain changes in CFO and BFO caused by a 

thickness factor. 
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5.4. ME effect in the CFO/BFO nanocomposites 

 Figure 5.9 presents corresponding MFM and PFM phase images of these two different 

types of CFO/BFO nanocomposites. The bright and dark contrast in the MFM phase images that 

originate from the stray field of CFO reveals different magnetic domains with opposite spin 

orientations. Since the samples were pre-magnetized along the OP direction, and MFM images 

were recorded at a remanent state, the opposite contrast represents the OP magnetization of CFO. 

In Fig. 5.9a, each nanopillar of the CFO/R-BFO sample contained only a single magnetic domain, 

which is similar to previous reports for CFO-BFO self-assembled nanopillars 194,195. This outcome 

can be link to shape and size effects, where the nanopillar structure restricts the size of the magnetic 

domains. However, as indicated in Fig. 5.9c, each platform of the CFO/T-BFO sample can be seen 

to contain multiple magnetic domains. The platforms were larger in size than the nanopillar, thus 

a multi-domain structure developed to lower the total energy. 

 The contrast in the PFM phase images confirms the FE nature of BFO. In Fig. 5.9b, the 

sphere-like patterns were caused by the protuberant CFO nanopillars rather than the actual 

piezoresponse signal of the R-BFO. This observation may indicate that the BFO matrix was 

covered by dense CFO nanopillars 194,196, similar to the bilayer structure shown in Fig. 5.4a. 

However, the inset in Fig. 5.9b reveals a contrast change (see rainbow scaling), indicative of BFO’s 

FE beneath the CFO nanopillars. Fig. 5.9d shows that the CFO/T-BFO sample exhibited a mosaic 

domain pattern. Although CFO platforms covered part of the surface, small regions of bright and 

dark contrast represented opposite [001] polarizations of the T-BFO. The box-in-box pattern at the 

center illustrates the tenability of the FE polarizations within the CFO/T-BFO nanocomposites. 

 Finally, as illustrated in Fig. 5.9c and 5.9e, MFM scans are shown before and after poling 

by a +9 V tip bias. The MFM phase profile in Fig. 5.9f confirms that the magnetic phase signal 
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was tuned by the voltage. This increased phase contrast with some domain pattern changes can be 

attributed to the ME coupling between CFO and T-BFO at the interfaces 197. The more highly 

aligned FE polarization in the T-BFO may result in better spin alignment in the CFO phase via 

strain, leading to enhancement of the magnetization 198. An exchange coupling should also be 

considered, where the reorientation of FE polarization affects the antiferromagnetic spin 

distribution within the BFO phase, which could influence the ferrimagnetic spin arrangement in 

the CFO 40,60,199. Similar enhancements were observed when applying a -9 V tip bias, based on the 

fact that the [001] and [00-1] FE polarizations of the T-BFO were actually equivalent. 

 

Figure 5.9: (a) (c) (e) MFM and (b) (d) PFM phase images of CFO(7)/BFO(28) nanocomposites. 

(a) (b) CFO/R-BFO nanocomposite, and (c)-(e) CFO/T-BFO nanocomposite. (f) is the phase 

profile extract along the red lines in (c) and (e). The inset in (b) is the region in the red box that 

has a rainbow scale. 
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5.5. Summary 

 Epitaxial T-phase CFO/BFO nanocomposites were deposited on (001) LAO single crystal 

substrates by PLD. Following the post-heat treatment, the nanocomposites developed a platform-

like topography, which was different from the CFO/R-BFO nanopillar structure previously 

reported when deposited on (001) STO. A strong thickness effect of the CFO layer on the coercive 

field was found, where a 7 nm CFO layer on the T-BFO exhibited a narrow M-H hysteresis loop. 

The platform T-phase-like CFO contained multiple magnetic domains whose contrast could be 

tuned by applying a tip bias. These observations can be explained based upon a combination of 

shape, strain and exchange coupling effects. 
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Chapter 6. Phase transition and energy storage behavior of epitaxial 

antiferroelectric PLZT thin films 

In the prior sections, different BFO-based ME nanocomposites were investigated. Note 

that for all nanocomposites, we utilized ferroelectricity (FE) to establish the ME coupling with 

diverse magnetic kinds (i.e., ferromagnetism, antiferromagnetism, ferrimagnetism). In fact, ME 

coupling between antiferroelectricity (AFE) and ferromagnetism has been rarely reported, 

especially as it pertains to thin film (or nanocomposites) 13.  

In order to generate the strain-mediated AFE-ferromagnetism ME nanocomposites, 

epitaxial AFE thin films were required. But little is known about the structure and properties of 

AFE epitaxial films. To address this scholarly deficit, lanthanum-modified lead zirconate titanate 

(PLZT) with a composition of 2/95/5 was chosen to fabricate the epitaxial AFE thin films on 

differently-oriented STO single crystal substrates by PLD. The crystal structure, and phase 

transition characteristics and pathway from room temperature to 250 ℃ were studied, enabling a 

more comprehensive understanding of PLZT-based AFE epitaxial thin films. Since AFE materials 

are useful in the generation of energy storage devices, the energy storage performance of these 

PLZT thin films was also studied. 

In addition, although systematic structural studies of the incommensurate phase in PLZT 

ceramics of various compositions were reported sometime ago 83,110,111,113,200,201, the effect of 

epitaxial strain on the incommensurate structure of PLZT thin films has not yet been reported. 

Given the large c/a ratio difference between the FE and AFE states, one might anticipate significant 

dependence of the relative AFE/FE stability on epitaxial strain. In Section 6.5, transmission 

electron microscopy (TEM) was used to study the AFE and FE stability as a function of depth 

inside PLZT epitaxial thin films. Incommensurate modulations were identified based on various 
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superlattice reflections in selected area electron diffraction (SAED) patterns, which revealed an 

orientation-dependent structurally incommensurate distribution.  

6.1. Fabrications of PLZT thin films and measurement setup 

Thin films of PLZT (2/95/5) were deposited on (100), (110), and (111) STO single crystal 

substrates by PLD. A hot-pressed PLZT (2/95/5) bulk ceramic disk was used as a target material. 

Details associated with the hot-press process and the bulk product properties were previously 

reported 83. The laser energy density was fixed at 2.25 J/cm2, and the pulsed repetition rate was 

fixed at 5 Hz. The oxygen partial pressure was controlled at 150 mtorr, and the deposition 

temperature was 600 ℃. After deposition, the as-grown films were annealed in-situ in a pure O2 

atmosphere of 150 torr at the same temperature for 30 min, and then cooled to room temperature 

at a rate of 5 ℃/min. The PLZT thin film thickness was set at 300 nm, which was confirmed by 

cross-sectional SEM measurements.  

Surface topology was determined by AFM, and the crystal structure was examined using 

our XRD system. A pseudocubic index is used when discussing crystal structures in this section. 

To obtain more structural details of the variously oriented films, RSM was measured along the 

(002), (022), and (222) zone axes. These XRD and RSM measurements were conducted within a 

temperature range of 25 ℃ to 250 ℃. The lattice parameters of the films and the substrates were 

calculated using Equation 2.1. The strain states of the films were obtained by comparing the lattice 

parameters with those of the bulk. 

A homemade Sawyer-Tower system was used to measure the polarization-electric field (P-

E) hysteresis loops with increasing temperature from 25 ℃ to 250 ℃. The measurement frequency 

was 100 kHz. To prevent dielectric breakdown, the maximum E-field was kept below 1000 kV/cm 

in the low temperature range, and below 780 kV/cm in the high temperature range. The breakdown 
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E-field was near E=1500 kV/cm at room temperature. To measure the P-E loops, a 30-nm-thick 

SRO buffer layer was deposited between the PLZT layer and substrate by PLD, which then served 

as the bottom electrode. Platinum point electrodes (40 μm×40 μm) were sputtered on the top 

surface using a Leica EM ACE600 sputter coater.  

From the P-E loops, the energy storage density (ESD or Ur), energy loss density (ELD or 

Uloss), total energy density, and energy storage efficiency (ESE or η) were determined by Equations 

1.2 through 1.5, respectively. To reduce uncertainty, the final P-E loops shown in this section were 

averaged from 20 continuous loops, among which every individual loop had no notable difference 

from each other. However, it should be pointed out that losses and efficiencies calculated from P-

E loops can be sensitive to measurement conditions to some extent. 

The TEM specimens were prepared by a standard mechanical polishing process, followed 

by argon ion milling (Fischione Model 1010) to perforation. The TEM studies were performed on 

a JEOL 2100 microscope operating at a voltage of 200 kV. The aperture used for the local SAED 

was about 100 nm. The selected region was moved perpendicularly from the surface (set as the 

zero point) to the interface, allowing depth profiling. The lattice parameters were calculated based 

on the distance between the reflections along the different directions. For reflections exhibiting 

diffused streaking, measurements were performed between the points with the highest intensity. 

The superlattice reflections can be expressed as: 

,                                               6.1 

where a*, b*, c* are reciprocal base vectors; h, k, l are Miller indices, and the value of n is the 

modulation period number that can be used to derive the modulation wavelength 202. 
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6.2. Surface topography 

 The AFM height images are shown in Figure 6.1a-c, which exhibit relatively smooth and 

dense surface morphologies with a roughness of ~2 nm. The surface topography indicated a 

columnar-like growth mode rather than the layer-by-layer mode, which was confirmed by the 

cross-sectional SEM images in Figure 6.1d-f. 

 

Figure 6.1: (a)-(c) AFM height images and (d)-(f) cross-sectional SEM images of (a) (d) PLZT on 

(001) STO, (b) (e) PLZT on (011) STO, and (c) (f) PLZT on (111) STO. 

 

6.3. Standard structural studies 

 Figure 6.2 provides XRD line scans for the PLZT films on (100), (110), and (111) STO 

substrates. Well-distinguished PLZT and SRO peaks can be seen, indicating good epitaxial quality 

without any noticeable second phase signals. Figure 6.3 shows 360° phi scans which were taken 

to determine the in-plane (IP) epitaxial relationship between the PLZT films and the STO 

substrates. The peaks of the PLZT films were at the same positions as those of the STO substrates, 
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which also proved the good epitaxy of the films. For the (001), (011), and (111) PLZT films, the 

epitaxial relation was (001)[100]PLZT//(001)[100]SRO//(001)[100]STO, 

(011)[100]PLZT//(011)[100]SRO//(011)[100]STO, and (111)[1-10]PLZT//(111)[110]SRO// 

(111)[1-10]STO, respectively.  

 

Figure 6.2: XRD line scans of 300 nm PLZT thin films on (a)-(c) (100) STO, (d)-(f) (110) STO, 

and (g)-(i) (111) STO. The zone axis is along the (00l) direction in (a) (d) (g); along the (0ll) 

direction in (b) (e) (h); and along the (lll) direction in (c) (f) (i). 
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Figure 6.3: XRD φ scans of 300 nm PLZT thin films on (a) (100) STO, (b) (110) STO, and (c) (111) 

STO substrates. 

 

 To obtain more detailed structural information, RSM mesh scans were taken after careful 

calibrations, as shown in Figure 6.4. By combining them with the XRD line scans, one can more 

easily determine the crystal structure and the strain condition. For (001) PLZT, doublet peaks along 

both the (002) and (022) zone axes were identified, indicating a T structure with 90° twin domains, 

where the c-domain population was dominant over the a-domain 203. This domain configuration 

formed because it had a homogeneous IP compressive strain of -0.50% along the <100> and <010> 

directions, caused by a large IP lattice mismatch of -6.27% between the PLZT film (a=c=4.15 Å, 

b=4.11 Å for bulk PZT 95/5 89) and STO substrate (3.905 Å). Previously, Lu et. al. reported that 

PZT (95/5) films on (100) STO had an orthorhombic structure, similar to the bulk form, with a 
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two-fold symmetry 89. However, our results are notably different, as the φ scans (see Fig. 6.3) 

clearly evidenced a four-fold symmetry. This difference is likely due to the fact that their films 

were thicker; thus, the epitaxial strain was capable of being fully relaxed.  

For (011) and (111) PLZT films, a doublet splitting along the (002) zone axis and a triplet 

along the (022) zone axis were found, which were signatures of a monoclinic type-A (MA) crystal 

structure 157. The origin of the MA structure may be due to an inhomogeneous IP strain that tilts 

the c axis by a small angle: 0.37 ° on (110) STO, and 0.5 ° on (111) STO. The IP strains for the 

(011) PLZT were oriented along the <011> and <100>, with values of -0.37% and -0.89%, 

respectively. Similar analysis was applied to the (111) PLZT film. A difference about the (222) 

zone was found between the (011) and (111) films. The (111) film had a sharper (222) peak than 

the (110) one, which indicated the former had a more uniform crystal structure along the (111) 

direction (its epitaxial growth direction). 
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Figure 6.4: RSM images of (a)-(c) (001) PLZT film, (d)-(f) (011) PLZT film, and (g)-(i) (111) PLZT 

film.  (a) (d) (g) were taken along the (002) zone axis; (b) (e) (h) along the (022) zone axis; and 

(c) (f) (i) along the (222) zone axis. 

 

6.4. Temperature dependent phase transitions and energy storage performances 

6.4.1. Room temperature P-E characteristics and energy storage performances 

 Figure 6.5a-c illustrates the room temperature bipolar P-E loops for all three samples taken 

at various maximum E-fields. The asymmetry of the electrodes (bottom: SRO; top: Pt) resulted in 

loop drifting, as reported in several prior PZT film studies 204,205. Figure 6.5d-f provides the 

calculated ESD and ESE values as a function of E. Under low E-fields (E 280 kV/cm), all three 
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samples exhibited typical AFE loops with a small remanent polarization, low P-E loop areas (i.e. 

low loss), and hence a relatively high ESE. As the maximum E was increased, a critical field EFE 

was reached, where the AFE FE phase transition was induced. For the (001), (011), and (111) 

PLZT films, the values of EFE were determined by calculating the inflections of the loops, which 

were about 330 kV/cm, 320 kV/cm, and 285 kV/cm, respectively. Please note that measurements 

were carried out only along the OP direction, which was the [001] for (001) PLZT, [011] for (011), 

and [111] for (111). For the bulk PZT samples, the sub-lattice interaction of the AFE phase was 

along the <110> direction. The easy axis of the spontaneous polarization was along [001] direction 

for T structure, and along the (110) plane for MA (see Fig. 1.5a). In the bulk materials, the AFE

FE transition resulted in a O R phase transition, where the easy polarization axis of R was along 

(111)pc. These observations, along with the strain effects, may explain the differences in the EFE 

values 102,206.   

Remanent polarizations data for the (001), (011), and (111) PLZT films were about 16 

μC/cm2, 34 μC/cm2, and 17 μC/cm2, respectively. These values were notably larger than that of 

bulk AFE PLZT samples, indicating a higher tendency to retain an FE order at zero E-field after 

the AFE FE transition has been induced 103,207. This result may be due to the film/electrode 

interface layer, and/or residual stress/strain condition 208-210. Normally, such effects are thickness 

dependent 208. However, one cannot exclude the influence from the observed T or MA phase, 

considering that PZT films with a T or MA phase exhibit FE characteristics. The saturation 

polarizations of all three films were exceptionally high, having values of about 70 μC/cm2, which 

will enable higher ESD values. From the shape of the P-E loops, it can be seen that the (111) PLZT 

featured the steepest slope at the inflection point, relative to either (001) or (011). Correspondingly, 
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Figure 6.5d-f show that (111) PLZT had the highest ESD (~40 J/cm3) and ESE (~53%) values, 

compared to (001) PLZT (~27 J/cm3, ~40%) and (011) PLZT (~16 J/cm3, ~22%).  

 

Figure 6.5: P-E loops of (a) (001) PLZT, (b) (011) PLZT, and (c) (111) PLZT at room temperature 

with increasing E-fields. (d)-(f) show the corresponding energy density and ESE values calculated 

from (a)-(c). 

 

Figure 6.6 show the frequency (f) dependent P-E loops taken at room temperature. The 

curves were stable for 10 kHz f 100 kHz in all three oriented films, which show their capability 

of functioning within the frequency range of typical pulsed capacitor devices 100. The changes in 

the P-E loops at lower frequencies are probably caused by leakage currents with decreasing AC 
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frequencies 211. Since our samples were more stable at higher frequencies, these measurements 

were all obtained at 100 kHz. 

 

Figure 6.6: P-E loops of (a) (001) PLZT, (b) (011) PLZT, and (c) (111) PLZT at room temperature 

at various frequencies between 100 kHz and 10 kHz. 

 

6.4.2. Dependence of structures, dielectric properties, and energy storage behaviors on temperature 

 Next, the P-E loops were measured at various temperatures on heating from 25 ℃ to 250 

℃, with results revealing an AFE/FE→RFE transition in each case. A panel of selected P-E loops 

is shown in Figure 6.7. These data demonstrate that the pinched P-E loops with significant 

hysteretic area became slim loops with increasing temperature. The slim loops are indicative of 

RFE characteristics. Note that while the details of these P-E loop changes were different for (001) 

PLZT relative to the other two, the generalities were the same. For (001) PLZT, a pinched AFE/FE 

P-E loop became a slim (RFE) loop on heating from 70 ℃ to 100 ℃. Conversely, for the (011) 

and (111) PLZT films, the pinched AFE/FE loops first transited to typical FE loops on heating 

(50~70 ℃ for (011) PLZT, and 100~125 ℃ for (111) PLZT), and then gradually evolved into slim 

(RFE) loops with further increases in temperature.  



106 
 

 

Figure 6.7: P-E loops of (a)-(c) (001) PLZT, (d)-(f) (011) PLZT, and (g)-(i) (111) PLZT measured 

at various temperatures that reveal different ferroelectric phase stabilities: (a) AFE; (d), (g) FE, 

and others are RFE. The wider loops in (f) and (i) were caused by leakage currents. 

 

After reaching the slim loop (RFE phase) state, their coercivity (EC) was continuously 

reduced with increasing temperature to 250 ℃, as can be seen in Figure 6.8. This gradual decrease 

in EC is typical of a diffuse transformation from FE to paraelectric (PE) phases 90,212. We want to 

note that the phase transition sequences here were determined on the basis of the qualitative shape 

change of the hysteresis loops, associated with the decrease in coercivity. As such, additional 

temperature dependent dielectric constant measurements may be helpful to precisely identify the 
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phase transition points. Fig. 6.7 also evidences that the PLZT films remained in the RFE phase 

until reaching a temperature of 250 ℃, demonstrating that the Curie temperature range was 

increased to higher temperatures compared to the bulk (about 230 ℃ 83). This trend can be 

attributed to epitaxial strain effects, which may stabilize the polar phase to higher temperatures, 

thereby potentially extending the working range of the RFE phase of PLZT films 211,213.  

 

Figure 6.8: Coercive field of (a) (001) PLZT, (b) (011) PLZT, and (c) (111) PLZT as a function of 

the temperature. Dotted lines refer to experimental data, while solid lines indicate the fitting 

results. The purple dashed lines separate different phase regions based on their P-E loop 

characteristics. 

 
Values for the ESD, ESE, and remanent polarization were calculated from the P-E loops. 

The results are summarized as functions of both temperature and E in Figure 6.9. The saturation 
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polarization, ELD, and total energy density are given in Figure 6.10. Similar phase transition trends 

were identified for the three samples. For E≤600 kV/cm, all three samples exhibited relatively 

stable ESD values over the temperature range of 25 ℃ to 250 ℃. The Small changes that were 

observed can be attributed to increased leakage currents caused by higher oxygen vacancy mobility 

at higher temperatures. In contrast, under higher E the three samples exhibited definite changes in 

ESD, which can be explained by differences in their phase transformational pathways, as discussed 

above. For the (001) PLZT, as the temperature was increased, the ESD value was slightly 

decreased in the AFE/FE region. It then increased from 20 J/cm3 to 35 J/cm3 above the 

AFE/FE→RFE transition, and remained relatively high with further increases in temperature in 

the RFE region. For the (011) PLZT, the value of ESD decreased with increasing temperature in 

the AFE/FE→FE transformational region from 18 J/cm3 to 15 J/cm3, and then increased back to 

18 J/cm3 upon heating into the FE→RFE transition range. Similar to the (011) film, the (111) 

PLZT film exhibited a similar general trend with increasing temperature as for the (011) film—

although its values of ESD were higher. Initially, the ESD for the (111) PLZT film decreased 

dramatically from 40 J/cm3 to 17 J/cm3 upon heating into the AFE/FE→FE transitional region. 

This value remained low upon heating until 180 ℃ within the FE region, but then increased to 25 

J/cm3 upon further heating to 250 ℃ in the RFE region.  

The value of ESE (see Fig. 6.9d-f) exhibited an opposite trend to that of the remanent 

polarization (see Fig. 6.9g-i). This finding indicates that the efficiency is affected not only by ESD, 

but also by the energy losses during a charge/discharge cycle, which is strongly related to the 

samples’ remanent polarization. Accordingly, in the FE region, the (011) and (111) PLZT films 

displayed notably lower efficiencies, whereas in the other phase regions, the efficiencies of these 

three samples remained high. The drop in efficiency at higher temperatures and higher E-fields is 
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probably due to increased leakage currents. Fig. 6.9 summarizes the proper working temperature 

ranges for the differently oriented PLZT films in terms of the highest ESD and ESE values: 70~200 

℃ for (001) PLZT (25~35 J/cm3, 50~70%), 150~200 ℃ for (011) PLZT (12~18 J/cm3, 30~50%), 

and both 25 ℃ to 70 ℃ and 200~250 ℃ for (111) PLZT (20~40 J/cm3, 30~55%). 

 

Figure 6.9: (a)-(c) ESD (J/cm3), (d)-(f) ESE (%), and (g)-(i) remanent polarization (μC/cm2) of 

oriented PLZT films as functions of both E and temperature. (a) (d) (g) (001) PLZT, (b) (e) (h) 

(011) PLZT, and (c) (f) (i) (111) PLZT. Different phase regions are marked by red dashed lines in 

each figure. 
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Figure 6.10: (a)-(c) Saturation polarization (μC/cm2), (d)-(f) total energy density (J/cm3), and (g)-

(i) ELD (J/cm3) of oriented PLZT films as functions of both bipolar E and temperature. (a) (d) (g) 

(001) PLZT, (b) (e) (h) (011) PLZT, and (c) (f) (i) (111) PLZT. 

 

Temperature variable XRD data were then obtained to determine the crystal structure and 

lattice parameter changes. XRD line scans (see Figure 6.11a-b) show that the low-angle side of 

the PLZT peaks did not change much with increasing temperature. Rather, the high-angle side of 

the peaks continuously shifted to smaller 2θ values with increasing temperature, and finally 

merged with the low-angle peaks near 250 ℃. The RSM scans confirmed that the crystal structure 

did not change for any of these films over the temperature range investigated (see Figure 6.11c-f). 

The temperature dependence of the lattice parameters for both PLZT and STO are shown in Figure 

6.11g-i. The lattice parameter of STO was linearly extended with increasing temperature due to 

thermal expansion, which may have served to partially relax the lattice mismatch between the 
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substrates and the films, thereby reducing the IP strain of the PLZT layers. No evidence of sudden 

changes in the c/a ratio of the PLZT films was observed until temperatures exceeded 200 ℃. 

Conversely, the value of c/a gradually approached 1 as the temperature was increased towards 250 

℃. Temperature variable XRD results indicate that the changes in P-E characteristics with 

temperature discussed above can be attributed to a reduction in tetragonality or monoclinicity, 

which are more likely strain-induced transitions rather than symmetry-related ones 214. 

 

Figure 6.11: Temperature dependent XRD patterns of (a) PLZT/SRO on (001) STO, and (b) 

PLZT/SRO on (111) STO. Parts (c)-(f) RSM images of (c), (d) (001) PLZT; and (e), (f) (011) PLZT. 

The zone axis is along the (022) in (a), (c)-(f); and along the (002) in (b). (g)-(i) Calculated lattice 

parameters of STO substrate (aSTO) and PLZT film (aPLZT, cPLZT), as well as the c/a ratio of PLZT, 

as a function of temperature. The orientations of the substrate in (g), (h), and (i) are (100), (110), 

and (111), respectively. The c/a ration of PLZT was linearly fitted to temperature in the range of 

25 to 200 ℃. 
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6.4.3. Unipolar drive and improved energy storage characteristics 

 The PLZT films featured a mixed AFE/FE phase stability, after bipolar drive, as evidenced 

by the large Pr values for E=0. Thus, on reversal of applied E-field, the polarization rotation in the 

FE regions may consume more energy, which, in turn, diminishes the ESE. In domain-engineered 

piezoelectric crystals, the unipolar drive has been shown as an effective way to decrease both 

hysteretic losses and energy consumption 109. Furthermore, under unipolar drive, since the polarity 

of E does not switch, defects such as oxygen vacancies will not continuously migrate. Thus, fatigue 

limits for high-frequency charging/discharging cycles will improve, and thereby, reducing the 

unwanted degradation in ESE values due to the leakage current 108. 

As shown in Figure 6.12a-c, under unipolar drive, the remanent polarization was noticeably 

smaller than those under bipolar drive. At the same time, the unipolar-driven ESD values (see Fig. 

6.12d-f) were considerably more stable in comparison to the bipolar ones over the entire 

temperature range studied. The maximum ESD values were about 19 J/cm3, 15 J/cm3, and 17 J/cm3 

for the (001) PLZT, (011) PLZT, and (111) PLZT, respectively. These values are comparable to 

the bipolar results, when considering the fact that the unipolar cycle was half of the bipolar cycle. 

Due to the lower remanent polarization values in the unipolar cases, the ESE values in Fig. 6.12g-

i were significantly higher than the bipolar ones, in particular for the (011) film. The efficiency at 

the maximum ESD value reached 77%, 60%, and 70% for the (001), (011), and (111) PLZT, 

respectively. All three samples exhibited a gradual AFE/FE-RFE transformation with increasing 

temperature.  
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Figure 6.12: Unipolar P-E loops of (a) (001) PLZT, (b) (011) PLZT, and (c) (111) PLZT. The 

insets exhibit a comparison between unipolar and bipolar loops. (d)-(f) and (g)-(i) are the 

corresponding ESD (J/cm3), and ESE (%), respectively. The red dashed lines in (g)-(i) divides the 

different phase regions based on the bipolar result characteristics. 
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Figure 6.13: (a)-(c) Remanent polarization (μC/cm2), (d)-(f) ELD (J/cm3), and (g)-(i) total energy 

density (J/cm3) of oriented PLZT films as functions of both unipolar E and temperature. (a) (d) (g) 

(001) PLZT, (b) (e) (h) (011) PLZT, and (c) (f) (i) (111) PLZT. 

 

With respect to potential industrial applications, fatigue limit tests of these PLZT films 

revealed that the energy storage performance characteristics could be maintained after 108 

charging/discharging cycles under a maximum field of 765 kV/cm and at room temperature, as 

shown in Figure 6.14. These findings differ from those obtained for induced AFE→FE transitions 

in bulk, where large c/a ratio changes resulted in rapid deterioration of the samples’ mechanical 

strength with cycling. Clearly, the unipolar drive may be a promising way to enhance the energy 

storage capability of AFE thin film materials for pulsed capacitors. 
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Figure 6.14: Unipolar P-E loops of (a) (001) PLZT, (b) (011) PLZT, and (c) (111) PLZT at room 

temperature with increasing numbers of charge/discharge cycles. (d) is the calculated energy 

storage efficiency as a function of the running cycles. 

 

6.4.4. Discussion on temperature dependent structural and dielectric phase transitions 

 Intermediate T phases have previously been reported in PbZrO3 ceramics and crystals 83,215, 

which have been found only over narrow temperature ranges (about 5 ℃) sandwiched between the 

cubic (C) and AFE orthorhombic (AFEO) phases. It has remained controversial whether this T 

phase is stable or metastable, and whether it features FE or AFE order 83,85,216,217. Previous studies 
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by Dai et al. revealed ferroelectric P-E hysteresis loops in this intermediate phase field 83. Here, 

our findings for (001) PLZT (2/95/5) demonstrate that both the AFET and FET phases can be 

stabilized by epitaxial strain. The phase transformational sequence on heating is then AFET RFET

C. Furthermore, a new monoclinic MA phase region has been found in high Zr-content PLZT, 

which was previously unknown. Our data demonstrate that (011) and (111) PLZT (2/95/5) has 

both AFEMA and FEMA phases that are stabilized by epitaxial strain. The phase transformational 

sequence on heating is then AFEMA FEMA RFEMA C. Clearly, the phase stability on the AFE 

side of the PLZT (and PZT) systems can be significantly altered by epitaxial engineering. 

 The fact that the crystal structure remains either T or MA during the AFE FE transition 

results in the transformational strains being negligible compared to that for bulk samples. 

Correspondingly, the energy storage efficiency does not degrade with repeated cycling of the field 

for 108 times, and the film remains mechanically robust. 

 Heating in all cases resulted in an AFE FE transition. Further increase in temperature 

within the FE phase region resulted in slim hysteresis loops, typical of RFE. Slim P-E hysteresis 

loops have previously been reported at elevated temperatures in Sn-doped PZT (PZST) 17,206, and 

PLZT ceramics that undergo an AFEO FER C transformational sequence. Substitution by La 

was shown to disrupt the long range translation symmetry of the polarization in the FER state of 

this sequence, favoring the RFE and polar nanodomain state 104,105,200. Our findings here are 

consistent with this perspective. The principle difference between the various orientations of 

epitaxial PLZT (2/95/5) thin layers is the temperature at which the slim loop RFE phase appears 

upon heating in the transformational sequence. 

 Comparisons of the bipolar and unipolar P-E loops at room temperature will reveal an 

important consideration for all oriented PLZT films studied. The value of Pr (after cycling through 
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saturation) was notably higher under bipolar drive (15-30 μC/cm2) compared to unipolar (~5 

μC/cm2). The same value of saturation (Ps≈70 μC/cm2) was achieved in both cases. As a 

consequence, the double loop characteristics were not as evident under bipolar drive as they were 

for the unipolar drive. We believe this discrepancy is due to the close proximity of the RFE state 

characterized by polar nanoregions (PNRs). In fact, in high Zr-content PLZT ceramics, PNRs have 

previously been found to coexist with AFEO domain modulations whose wave vectors were nearly 

the same size as the PNRs 110,218. Investigations of poled piezoelectric single crystals of PMN-PT 

have previously shown that rearranging PNRs within the geometrical restrictions imposed by the 

elastic compatibility conditions results in reduced hysteresis under unipolar drive, whereas 

reversing the direction of polarization under bipolar drive results in large hysteresis losses 109,219. 

In this investigation, since the AFE and FE phases have the same crystal structure, the AFE 

modulations and PNRs could easily arrange into geometrical patterns that achieve compatibility 

under unipolar drive, reducing hysteretic losses compared to the bipolar case where renucleation 

of PNRs under reversed drive would occur. 

 This knowledge has important implications for explaining the differences in the ESD and 

ESE of the variously oriented PLZT (2/95/5) thin films under bipolar and unipolar drive. Under 

bipolar drive, the films feature ESD values that vary with temperature and orientation, reflecting 

changes not only due to phase transition, but also changes in Pr. However, under unipolar drive, 

the films evidence very stable values of ESD as a function of temperature between 25 and 250 ℃ 

at set field levels. Correspondingly, the ESEs were higher and more stable under unipolar drive 

within individual AFE, FE, and RFE phase regions. 
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6.5. Depth dependent ferroelectric to incommensurate/commensurate antiferroelectric 

phase transition 

As noted in Section 6.4, the P-E curves exhibited non-negligible remanent polarization, 

evidencing the coexistence of AFE and FE phases in PLZT thin films. Thus, as detailed in this 

section, we employed TEM to observe the phase distribution through the thickness direction.  

 

6.5.1. Overall TEM measurement and selected area electron diffraction analysis 

Figures 6.15a and 6.15c provide cross-sectional TEM images for (001) and (011) PLZT 

films, respectively. The images indicate a columnar-like growth of the films. Figures 6.15b and 

6.15d show the corresponding SAED patterns for the two films. Well-distinguished reflections for 

both films and substrates evidence a good epitaxy. The lattice parameters were calculated based 

on the distance between reflections, which enabled us to achieve accuracy to the second decimal 

place; resulting values are consistent with those previously determined by XRD. The (001) PLZT 

film had a tetragonal structure with lattice parameters of ct = 4.14(3) Å, and at = 4.12(6) Å. The 

(011) film was monoclinic with cm = 4.15(3) Å, and am = 4.13(0) Å.  
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Figure 6.15: TEM cross-sectional images of (001) PLZT thin film (a), and (011) PLZT thin film 

(c). (b) and (d) are corresponding SAED patterns of (a) and (c), respectively. Red circles in (a) 

and (c) mark the areas from which SAED patterns were obtained in Figures 6.16 and 6.17, 

respectively. 

 

 In the SAED patterns, structural modulations were clearly evident along the <011> 

directions. Both  and  superlattice reflections were found for (001) and (011) 

films. These superlattice reflections confirmed the super-periodicity of both films, which was 

determined to be double or quadruple, respectively, to that of the primitive unit cell of PLZT films 

along the <011>. The  superlattice reflections can be attributed to both antiparallel (↑↓↑↓) 
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displacements of Pb ions along the <011> (M’5 mode), and the cog-wheel-like oxygen octahedral 

rotations along the <001> (M3 mode); whereas, the  ones are due to the arrangement of Pb 

ions in a pattern of two-up-two-down (↑↑↓↓↑↑↓↓) along the <011> (∑3 mode) 83,220-222. Superlattice 

reflections were observed along both in-plane directions, indicative of a 90° rotation between AFE 

domains. The  superlattice reflections had a much lower intensity than the  ones, 

evidencing that the ∑3 mode was dominate, as previously reported 83,110,223. However, the dim 

  superlattice reflections could also be related to the weaker scattering factors from oxygen. 

In sum, the appearance of these superlattice reflections confirms the AFE nature of the PLZT thin 

films 221.  

Careful inspection of the SAED patterns revealed that the  superlattice reflections 

in the (001) film were notably elongated along the  direction, forming streaking-like 

reflections (marked as  reflections). The  reflections evidence that the (001) films 

featured an incommensurate modulation that did not have a perfectly quadruple periodicity of the 

primitive cell 83,110,202. In fact,  calculations indicate an incommensurate periodicity of n = 5.78 

along the direction (with a corresponding modulation wavelength of 1.71 nm). In 

comparison, the  superlattice reflections had a well-defined uniform shape demonstrating 

a commensurate periodicity of n = 4.04 (with a corresponding modulation wave length of 1.18 

nm). It has been reported that the incommensurate modulation wavelengths can vary across a 90° 

domain wall in AFE PbZrO3-based ceramics 202. Our observations above for the (001) films 

indicate that epitaxial strain may stabilize coexisting incommensurate-commensurate phases. The 

origin of the incommensurate structure, similar to bulk AFE orthorhombic (AFEO) PLZT ceramics, 

may be a competition between FE and AFE interactions 83,110.  
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With regard to the (011) films, the sharp and uniform  superlattice reflections 

indicated a commensurate structure (n = 4.02) along two orthogonal directions. The monoclinic 

tilting angle in the MA structure of the (011) films may have been able to adjust the small mismatch 

between frustrated dipole arrangements induced by La substitution and crystal lattice parameters. 

 

6.5.2. Depth profile and thickness dependent phase transition 

Next, a series of SAED patterns with a smaller aperture of 100 nm were obtained as a 

function of depth along the thickness direction from the surface to the interface with the substrate. 

Selected regions are marked by red circles in Figure 6.15a and 6.15c, from which patterns were 

measured. The appearance of the superlattice reflection (or absence thereof) was used to determine 

whether the AFE (or FE) phase was stable in these local regions as a function of depth into the 

films. As shown in Figures 6.16a and 6.17a, near the surface regions both the (001) and (011) 

PLZT films exhibited only fundamental reflections, indicative that the FE phase was stable.  

Deeper into the layers, however, superlattice reflections became apparent (Figures 6.16b 

and 6.17b), becoming most obvious near the interface region with the substrate (Figures 6.16c and 

6.17c). Note that (001) PLZT exhibited an AFE phase at a depth of about 100 nm from the surface; 

whereas for the (011) layers, the FE phase remained stable at a larger depth of about 160 nm. These 

results are consistent with the P-E data, where (011) PLZT layers exhibited a higher remanent 

polarization (33 μC/cm2) than (001) PLZT (18 μC/cm2), indicating that (011) PLZT contains a 

larger volume fraction of FE phase than the (001) sample. Nonetheless, incommensurate elongated 

 reflections were observed in Fig. 6.16b and 6.16c. The values of n calculated from Fig. 

6.16b and 6.16c were about 5.57 and 6.41, respectively, which was slightly smaller or larger than 



122 
 

the apparent value calculated from Figure 6.15b. These data findings evidence that the 

incommensurate modulation was modified by epitaxial strain and dependent on the depth. 

On moving towards the interface region, coherent selected areas fell within the substrate, 

the superlattice reflections disappeared (Figures 6.16d and 6.17d), suggesting a thin FE region at 

the interface. Thin FE regions due to film/electrode interfacial layers and strain effects have 

previously been reported by various groups 208-210,224.  

 

Figure 6.16: SAED patterns for a (001) PLZT thin film at various depths. The selected areas are 

labeled in Figure 6.15a.  
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Figure 6.17: SAED patterns for a (011) PLZT thin film at various depths. The selected areas are 

labeled in Figure 6.15c.  

 

 To explore the origin of the FE phase in the surface region, the lattice parameters were 

calculated based on the reflections in Figure 6.16 and 6.17. As shown in Figures 6.18a and 6.18b, 

although the accuracy was not perfect, the trend of c/a ratios (tetragonality or monoclinicity) of 

the PLZT gradually decreased on moving from the interface to the surface. Note that the apparent 

c/a ratios obtained from entire films remained larger than 1. The decrease in c/a ratios approaching 

a value close to unity near the surface indicates a local phase transition near the surface from either 

tetragonal or monoclinic phase to rhombohedral (R). Consequently, the AFET or AFEMA phase 
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would transform into a FER one. Such a phase transition would be driven by the relaxation of the 

epitaxial strain. The PLZT (a = b = 4.15 Å, c = 4.11 Å for bulk PLZT (0/95/5) 89) and STO substrate 

(3.905 Å) have a large lattice mismatch of -6.27%, which leads to a significant large in-plane 

compressive strain in the films. This in-plane compressive strain induced a tetragonal phase for 

the (001) PLZT films (a = b = 4.12(2) Å, c = 4.15(4) Å at interface region), and a monoclinic A 

phase for the (011) PLZT films (a = b = 4.11(8) Å, c = 4.14(6) Å at interface region). Moving 

towards the surface regions, the in-plane strain gradually relaxed, reducing the c/a ratios which 

then approached unity. Consequently, the stable phase changed from AFE to FE. Accordingly, one 

would expect that if the thickness of the thin film was further increased (i.e., bulk with c/a ratio < 

1), the film will again exhibit AFE characteristics, as illustrated in Figure 6.18c. This expectation 

is based on the simple fact that the same composition of bulk samples is AFE 83,200. Our findings 

demonstrate a way to control the AFE/FE phase in epitaxial thin films by strain engineering. 
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Figure 6.18: Depth resolved d-spacing values for (001) PLZT film (a), and (011) PLZT film (b). 

Error bars represent the standard deviation. The values on the left side of the dash lines were 

calculated based on Figures 6.15b and 6.15d, and those on the right side were calculated based 

on Figures 6.16 and 6.17, respectively. (c) Schematic illustration of the strain related evolution 

from highly strained AFET or AFEMA to partially relaxed FER and bulk AFEO phases.    

 

6.6. Summary 

 In summary, thin films of PLZT (2/95/5) were epitaxially deposited on (100), (110), and 

(111) STO substrates. An orientation effect imparted to the PLZT films, via diverse values of the 

IP strains, resulted in either T phase stability for PLZT on (100) STO or MA phase for PLZT on 

(110) and (111) STO. The interrelationship amongst crystal structure, dielectric phase transition, 

and energy storage performance was studied over the temperature range of 25 to 250 ℃. The (001) 
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PLZT films exhibited an AFET/FET→RFET transition under E, where the bipolar drive resulted in 

an ESD of ≥35 J/cm3 and an ESE of ≥70%. The (011) and (111) PLZT films exhibited an 

AFEMA/FEMA→FEMA→RFEMA transition, but their ESD (ESE) values only reached ≤18 J/cm3 

(50%) and ≤40 J/cm3 (55%), respectively. Investigations under the unipolar drive were also 

performed, revealing notably higher ESE values due to low energy losses. 

Depth resolved SAED was used to study the crystal structure and phase stability of 

epitaxial (001) and (011) PLZT films on STO. With an increase in depth from the surface to the 

interface region, the (001) PLZT thin films underwent a phase sequence of FER → incommensurate 

AFET → FET; whereas, the (011) films exhibited a phase sequence of FER → commensurate 

AFEMA → FEMA. Our results demonstrate that the phase stability of high Zr-content PZT can be 

controlled by thickness related strain effects, providing a new approach for manipulating the 

relative AFE/FE stability through strain engineering, which also facilitates enhanced control of 

physical properties. 

  



127 
 

Chapter 7. Conclusion 

In this dissertation, different kinds of multiferroic heterostructures were fabricated, and 

their crystal structures, phase transitions, and physical properties were analyzed using multiple 

methods, including AFM, XRD, VSM, P-E, TEM, neutron diffraction, etc. Using the approach of 

strain engineering, I sought to determine the relationship among epitaxial strain, phase transitions, 

and ferroic properties, with the goal of achieving the strain-mediated E manipulation of 

magnetization in heterostructures.  

First, epitaxial BFO thin films were deposited on top of (001)-oriented PMN-30PT single 

crystal substrates. The strain states of BFO and crystal structural phases were tunable by E applied 

on the PMN-30PT via both the IP and OP modes. The strain-mediated antiferromagnetic state 

changes of BFO were studied using neutron diffraction spectroscopy, which unveiled a series of 

identifiable antiferromagnetic states due to strain changes induced by E.  

Second, to enhance the performance of ME heterostructures with PMN-PT substrates, 

PMN-PT single crystals with nanograted electrodes were studied, which evidenced an 

enhancement in piezoelectric properties and dielectric constant by 36.7% and 38.3%, respectively. 

The XRD-RSM technique was used to monitor E-induced changes in the apparent symmetry and 

domain distribution of near-surface regions for nanograted PMN-30PT crystals. 

Third, CFO/T-BFO nanocomposites were successfully fabricated on top of (001)-oriented 

LAO single crystal substrates. The surface morphology, crystal structure, magnetic properties, and 

ME effects were discussed and compared with the CFO/R-BFO nanocomposites.  

Finally, epitaxial antiferroelectric PLZT thin films were deposited on differently oriented 

STO substrates. A thickness dependent incommensurate/commensurate antiferroelectric-to-

ferroelectric phase transition was identified. The temperature dependent crystal structure, phase 
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transition characteristics and pathways, and energy storage behaviors were studied; resulting data 

facilitated a more systematic understanding of PLZT-based AFE epitaxial thin films. 
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Chapter 8. Future work 

 First, neutron diffraction has demonstrated the existence of multiple antiferromagnetic 

states in BFO under various E. However, it is important to clarify how these different states transit 

from one to another under E. Accordingly, neutron diffraction with a smaller step size of applied 

E would be helpful. Additionally, since there is a strain gradient within BFO thin films, it would 

be interesting to study how different antiferromagnetic states actually distribute through the 

thickness direction. Utilizing atomic-resolution TEM in a future effort would be helpful in 

determining this. 

 Second, a future investigation could be directed at using PMN-PT with nanograted 

electrodes as a substrate for growing epitaxial thin films like BFO. The enhanced piezoelectric 

properties in this case could favor the improvement of the strain-mediated ME effect.  

Third, T-BFO has been proven to work as a template for inducing a T-phase-like CFO, and 

the CFO/T-BFO nanocomposites exhibit dramatic differences in comparison to CFO/R-BFO ones. 

Accordingly, additional research should be directed at using T-BFO to induce a T-phase structure 

of other ferromagnetic materials. Consequently, new physical phenomena would be expected due 

to the large c/a ratio of the T-phase structure. For instance, La0.67Sr0.33MnO3 (LSMO) represents 

an excellent oxide conductive candidate in the spintronic region 56,199,225. Since prior studies have 

indicated exchange coupling of LSMO with R-BFO thin films 56,199, it would be purposeful to 

investigate the coupling between LSMO with T-BFO, and determine if T-BFO could lead to a T-

phase LSMO as well. 

 Fourth, since we have already evidenced that the antiferroelectricity of PLZT thin films 

can be tuned by epitaxial strain, it would be reasonable to combine PLZT with magnetostrictive 
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materials like CFO to obtain new multiferroic nanocomposites. Magnetic field induced 

antiferroelectric property changes could be expected.  

 Fifth, flexible thin films are gaining importance for use in wearable electronic devices and 

also in foldable cellphones 226,227. An easy method for fabricating flexible thin films was proposed 

by Shen et al., whereby LSMO plays a role as a sacrifice layer that can be wet etched using a 

specific solution, setting free the thin films on the top 228. This method could be adopted for 

fabricating flexible thin films. While the flexible thin film is able to bend, tremendous strains could 

be introduced that might impact the multiferroic properties. 
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