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Abstract 

 

Silicon carbide and nanostructured ferritic alloy (SiC-NFA) composites have the 

potential to maintain the outstanding high temperature corrosion and irradiation resistance 

and enhance the mechanical integrity for nuclear cladding. However, the formation of 

detrimental silicide phases due to reaction between SiC and NFA remains a major 

challenge. By introducing a carbon interfacial barrier on NFA (C@NFA), SiC-C@NFA 

composites are investigated to reduce the reaction between SiC and NFA. In a similar way, 

the effect of chromium carbide (Cr3C2) interfacial barrier on SiC (Cr3C2@SiC) is also 

presented for Cr3C2@SiC-NFA composites. Both the coatings were successful in 

suppressing silicide formation. However, despite the presence of coatings, SiC was fully 

consumed during spark plasma sintering process. TEM and EBSD investigations revealed 

that spark plasma sintered SiC-C@NFA and Cr3C2@SiC-NFA formed varying amounts of 

different carbides such as (Fe,Cr)7C3, (Ti,W)C and graphite phases in their microstructure. 

Detailed microstructural examinations after long term thermal treatment at 1000oC on the 

microstructure of Cr3C2@SiC-NFA showed precipitation of new (Fe,Cr)7C3, (Ti,W)C 

carbides and also the growth of existing and new carbides. The results were successfully 

explained using ThermoCalc precipitation and coarsening simulations respectively.  

The oxidation resistance of 5, 15 and 25 vol% SiC@NFA and Cr3C2@SiC-NFA 

composites at 500-1000oC temperature under air+45%water vapor containing atmosphere 

is investigated. Oxidation temperature effects on surface morphologies, scale 

characteristics, and cross-sectional microstructures were investigated and analyzed using 



XRD and SEM. SiC-C@NFA showed reduced weight gain but also showed considerable 

internal oxidation. Cr3C2@SiC-NFA composites showed a reduction in weight gain with 

the increasing volume fraction of Cr3C2@SiC (5, 15 and 25) without any indication of 

internal oxidation in the microstructure. 25 vol% SiC-C@NFA and 25 vol% Cr3C2@SiC-

NFA showed over 90% and 97% increase in oxidation resistance (in terms of weight gain) 

as compared to NFA. The results were explained using the fundamental understanding of 

the oxidation process and ThermoCalc/DICTRA simulations. 

Finally, the irradiation performance of SiC-C@NFA and Cr3C2@SiC-NFA 

composites was assessed in comparison with NFA using state-of-the-art TEM equipped 

with in-situ ion irradiation capability. Kr++ ions with 1 MeV energy was used for irradiation 

experiments. The effect of ion irradiation was recorded after particular dose levels (0-10 

dpa) at 300oC and 450oC temperatures. NFA sample showed heavy dislocation damage at 

both 300oC and 450oC increasing gradually with dose levels (0-10 dpa). Cr3C2@SiC-NFA 

showed similar behavior as NFA at 300oC. However, at 450oC, Cr3C2@SiC-NFA showed 

remarkably low dislocation loop density and loop size as compared to NFA. At 300oC, 

microstructures of NFA and Cr3C2@SiC-NFA show predominantly 1/2<111> type 

dislocation loops. At 450oC, NFA showed predominantly <100> type loops, however, 

Cr3C2@SiC-NFA composite was still predominant in ½<111> loops. The possible reasons 

for this interesting behavior were discussed based on the large surface sink effects and 

enhanced interstitial-vacancy recombination at higher temperatures. The molecular 

dynamics simulations did not show considerable difference in formation energies of 

½<111> and <100> loops for NFA and Cr3C2@SiC-NFA composites. The additional Si 

element in the SiC-NFA sample could have been an important factor in determining the 

dominant loop types. SiC-C@NFA composites showed heavy dislocation damage during 

irradiation at 300oC. At 450oC, SiC-C@NFA showed high dislocation damage in thicker 

regions. Thinner regions near the edge of TEM samples were largely free from dislocation 

loops. The precipitation and growth of new (Ti,W)C carbides were observed at 450oC with 

increasing irradiation dose. (Fe,Cr)7C3 precipitates were largely free from any dislocation 

damage. Some Kr bubbles were observed inside (Fe,Cr)7C3 precipitates and at the interface 

between α-ferrite matrix and carbides ((Fe,Cr)7C3, (Ti,W)C). The results were discussed 

using the fundamental understanding of irradiation and ThermoCalc simulations. 
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General Audience Abstract 

 

With the United Nations describing climate change as ‘the most systematic threat 

to humankind’, there is a serious need to control the world’s carbon emissions. The ever 

increasing global energy needs can be fulfilled by the development of clean energy 

technologies. Nuclear power is an attractive option as it can produce low cost electricity 

on a large scale with greenhouse gas emissions per kilowatt-hour equivalent to wind, 

hydropower and solar. The problem with nuclear power is its vulnerability to potentially 

disastrous accidents. Traditionally, fuel claddings, rods which encase nuclear fuel (e.g. 

UO2), are made using zirconium based alloys. Under ‘loss of coolant accident (LOCA) 

scenarios’ zirconium reacts with high temperature steam to produce large amounts of 

hydrogen which can explode. The risks associated with accidents can be greatly reduced 

by the development of new accident tolerant materials. Nanostructured ferritic alloys 

(NFA) and silicon carbide (SiC) are long considered are leading candidates for replacing 

zirconium alloys for fuel cladding applications. In this dissertation, a novel composite of 

SiC and NFA was fabricated using spark plasma sintering (SPS) technology. Chromium 

carbide (Cr3C2) and carbon (C) coatings were employed on SiC and NFA powder particles 

respectively to act as reaction barrier between SiC and NFA. Microstructural evolution 

after spark plasma sintering was studied using advanced characterization tools such as 

scanning electron microscopy (SEM), electron backscattered diffraction (EBSD), 

transmission electron microscopy (TEM) and energy dispersive spectroscopy (EDS) 

techniques. The results revealed that the Cr3C2 and C coatings successfully suppressed the



v 

 

formation of detrimental reaction products such as iron silicide. However, some reaction 

products such as (Fe,Cr)7C3 and (Ti,W)C carbides and graphite retained in the 

microstructure. This novel composite material was subjected to high temperature oxidation 

under a water vapor environment to study its performance under the simulated reactor 

environment. The degradation of the material due to high temperature irradiation was 

studied using state-of-the-art TEM equipped with in-situ ion irradiation capabilities. The 

results revealed excellent oxidation and irradiation resistance in SiC-NFA composites as 

compared to NFA. The results were discussed based on fundamental theories and 

thermodynamic simulations using ThermoCalc software. The findings of this dissertation 

imply a great potential for SiC-NFA based composites for future reactor material designs.  
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Chapter 1 

Introduction 

 

Nuclear reactors are very expensive to set-up, however, can provide electricity at very low 

operational costs as well as with significantly lower CO2 emissions [1, 2]. These factors, especially 

the later one, appeals a lot to the governments seeking to reduce greenhouse gas emission owing 

to worldwide climate change concerns and also diversifying energy assets in wake of depleting 

fossil fuel resources [3, 4]. CO2 emission (kg CO2-eq./kWh) for nuclear power is on a par with 

hydro and wind energy sources, and almost negligible as compared to fossil fuel sources such as 

coal, oil and natural gas [5]. A major impediment in the growth of the nuclear industry is its high 

perceived risk, as the high energy density of nuclear reactors (100 times greater than typical fossil 

fuel based power) also makes it disastrous in the events of accidents [3, 4, 6]. Due to the 

controversial nature of nuclear power, countries like Germany, Switzerland are leading the efforts 

to completely phase out nuclear energy from their grids especially after the 2011 Fukushima 

catastrophe [2, 7, 8]. Despite this, nuclear power remains popular in several energy hungry nations 

(especially China and India) which are looking to decrease their fossil fuel import bills and move 

towards cleaner energy sources [2, 4, 8]. In the wake of the considerable number of power plants 

are currently being constructed or planned or undergoing upgradation in recent years, it is 

important to provide higher safety features and intelligent accident tolerant designs to prevent 

another Fukushima like tragedy [3-5, 8, 9].  

 

1.1. Background and a brief history 

 

Nuclear fission reactors derive its energy from controlled fission reaction triggered by 

neutron bombarding nuclei of large fissile atoms such as U235 and Pu239 [2, 10, 11]. In this process, 

the U235 or Pu239 splits into lighter atomic nuclei, γ-rays, α, β particles and several other neutrons 

which makes the reaction self-sustaining and generate a large amount of energy [2]. This energy 

can be used for electricity generation or propelling naval ships and submarines by using heat 
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exchangers and steam turbines [10-12]. Irrespective of design, all nuclear reactors contain fuel 

elements, moderator, control rods, coolants and heat exchanger/turbine assembly. 

Neutrons generated during fission reaction plays a very important role to sustain it. These 

neutrons are known as fast neutrons because of their high kinetic energy (~2 MeV) and speed 

(~13500 km/s) [2, 13]. However, in order to keep the reactor running, these neutrons must be 

slowed down (also known as thermal neutrons with kinetic energy~0.025 eV and velocity~2.2 

km/s), because the probability of interaction with nuclei (neutron scattering cross section) 

increases with decreasing neutron energy [2, 13, 14]. Moderator materials composed of lighter 

elements is used in the reactor to slow down these neutrons by repeated elastic scattering events. 

Therefore, moderator materials should have high neutron scattering cross section. It is also 

desirable for moderator materials to have low neutron absorption cross section in order to achieve 

enough number of neutrons for self-sustaining fission reaction [2, 14, 15]. Currently, light water, 

heavy water, graphite, beryllium and lithium fluoride are used as moderators in nuclear reactors 

[15].  

In addition to achieving self-sustaining nuclear fission, it is also important to control the 

rate of chain reaction within desirable limits. Control rods are used in the reactor to achieve the 

optimized quantity of neutrons to ensure the safe and efficient operation of the reactor. Therefore, 

ideal control rod materials must possess a high neutron absorption cross section and should not 

transmute further into fissile materials [2, 16]. Materials such as cadmium, cobalt, boron, indium, 

europium, samarium or dysprosium are suitable for control rod applications [17]. Ag-In-Cd alloys, 

boron carbide, hafnium diboride, and dysprosium titanate are commonly used as control rods in 

commercial nuclear reactors [16, 18]. Besides controlling chain reaction, control rods are also used 

in normal and emergency reactor shutdown systems (SCRAM) [19].  

Coolants are fluid materials that are circulated through the reactor core to transfer energy 

to heat exchangers. Light water, heavy water, molten salts, molten lead, helium, and CO2 are 

commonly used coolants for nuclear reactors [2, 10, 15]. Several reactor designs have been 

developed over the years to efficiently harness this energy. The evolution of nuclear reactors can 

be divided into 4 segments, Generation I (prototype nuclear reactors, 1950-1970), Generation II 

(commercial light water reactors, pressurized heavy water reactors, gas cooled reactors, 1970-

1995), Generation III/III+ (advanced light water reactors, 1995-2030) and Generation IV (future 
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advanced reactor concepts, 2030+) [20, 21]. Generation IV designs such as molten salt reactor 

(MSR), supercritical water reactor (SCWR), very high temperature reactor (VHTR) and 

gas/lead/sodium cooled fast reactors are currently under developmental stages [20, 22, 23]. 

Currently, majority of the operating reactors in the world are light water reactors (369 out of 450) 

belonging to Gen II and Gen III technologies [24].   

 

1.1.1. Light water reactors (LWR) 

 

Light water reactors (LWR) are nuclear reactors which use light water (H2O) as 

coolant/moderator as opposed to heavy water (D2O, e.g., pressurized heavy water reactor, PHWR). 

Light water exhibits excellent neutron scattering cross section, but higher neutron absorption cross 

section. Therefore, to ensure sustained chain reaction, enriched UO2 fuel is needed in LWRs, in 

contrast with natural UO2 fuel for PHWRs [2, 14]. There are two commercially available designs 

for LWRs, the first pressurized water reactor (PWR) and boiling water reactor (BWR). PWR 

constitutes the majority of LWRs around the world.  

In pressurized water reactor (PWR), water in the primary coolant loop is heated using fuel 

elements in the core to around 600 K. The pressure in the loop is kept at 15 MPa which is high 

enough to prevent it from boiling at this temperature. The heat from the primary coolant loop is 

used to boil water in the heat exchanger to form steam at 560 K temperature and 7 MPa pressure 

which is similar to conventional fossil fuel generators. Control rods in PWR are made of B4C or 

Ag-In-Cd clad stainless steel [11, 16].  

In boiling water reactor (BWR) reactor, water in the core is allowed to boil and form steam 

at 560 K temperature and 7 MPa pressure which can be directly used for running steam turbines. 

The exhaust steam from turbines is allowed to condense into the water which is recirculated back 

to the reactor [11, 16]. Since water near the reactor core is contaminated with radionuclide traces, 

radiation shielding for turbines is important in BWR [10]. 
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1.1.2. Importance of nuclear fuel cladding 

 

Nuclear fission reaction generates hazardous α, β particles, radionuclides, and radioactive 

waste products. Nuclear fuel claddings are used in reactor physically and chemically isolate fuel 

from surrounding coolant/moderator. Fuel cladding tube along with fuel pellets is also known as 

fuel rod or fuel element [2, 25, 26]. The fuel assembly is composed of numerous fuel rods (~49 to 

300). Fuel rods consist of UO2 fuel pellets (diameter~1 cm, height~1.5 cm) enclosed in the 

cladding tube (height~4-5 m). Typical reactor core (~1100 MWe, light water reactor) contains over 

193 fuel assemblies with ~50000 fuel rods and ~18 million fuel pellets [27].  

Since the unhindered movement of thermal neutrons through the core is important to 

sustain the nuclear reaction, fuel cladding must be transparent to neutrons (i.e. low neutron 

absorption cross section). In addition to this, fuel cladding should possess high resistance to 

irradiation induced damage, corrosion resistance under aggressive coolant environment at high 

operating temperatures (~300oC for LWR), good chemical compatibility with fuel and coolant and 

excellent mechanical and structural integrity at reactor temperatures [9, 14, 28]. All these design 

constraints significantly limit the set of suitable materials for fuel cladding. Materials such as 

stainless steels [10, 29-32], zirconium alloys[11, 12, 26] , beryllium alloys [33], magnesium alloys 

[34] and silicon carbide [24, 35] are commonly used for fuel claddings applications.   

Currently, zirconium alloys are used for cladding applications in light water reactors. 

Zirconium possesses significantly low neutron absorption cross section as compared to stainless 

steel [36, 37]. The high cost of zirconium and presence of neutron absorbing hafnium impurity in 

the early days was a major hurdle for its large scale use [11, 37]. With the advent of Kroll’s process 

and other new purification and processing techniques, engineers were able to build thicker 

claddings without significant loss of neutrons. Nuclear reactors with zirconium claddings could 

operate at around 1% lower fuel enrichment which led to significant cost reductions [11]. 

Zirconium also shows very good high temperature strength, corrosion and irradiation resistance at 

operating temperature. Various zirconium alloys with alloying elements such as Sn, Fe, Nb, etc. 

have been developed over the years to improve its high temperature strength, creep resistance and 

corrosion properties [11, 14, 37]. The use of zirconium claddings in nuclear reactors has 

significantly improved the rate of cladding failures from 1/100 in 1960 to 1/105 in 2005 [38]. Due 
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to all these remarkable properties, zirconium has enjoyed a monopoly in the light water reactors 

market to this date. However, in recent years, due to more aggressive operating conditions, power 

uptakes, longer cycle lengths and accident conditions there have been increased corrosion related 

failures in zirconium claddings [15].  

 

1.2. Motivation and objectives 

 

1.2.1. Limitations of Zirconium alloy fuel claddings 

 

Despite being a very reliable choice for LWR claddings under normal operating conditions, 

the major problems with zirconium show up during accident scenarios. Zirconium tends to react 

exothermically with steam at high temperatures (~1000oC). The heat generated during reaction 

also makes it autocatalytic which results in a dangerous rise in the amount of hydrogen gas in the 

reactor (see Eq. 1.1) [11, 39].   

 

Zr(s) + 2H2O(g) = ZrO2(s) + 2H2(g) + 586 kJ mol of Zr⁄  (1.1) 

 

During accident conditions such as ‘loss of coolant accident (LOCA)’ or ‘station blackout 

event (SBO)’, primary coolant supply is often obstructed. Even with emergency shutdown 

(SCRAM) of nuclear reactors using control rods, the core of the reactor keeps on producing heat 

due to decay of short live isotopes formed after fission [39]. Therefore, it becomes difficult to 

contain the rise of temperature in reactors without coolants. The heat from core vaporizes all the 

water in the reactor, which then reacts with zirconium cladding to form the ZrO2 layer according 

to Eq. 1.1. The ZrO2 layer does slow down the reaction to some extent but eventually fails because 

of its brittle nature. Damaged ZrO2 layer again exposes the metal underneath leading to continuous 

reaction with steam. Therefore, with the heat coming from fuel as well as exothermic oxidation 

eventually melts the cladding [39, 40].  
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Zirconium reacts with water/steam during normal operating conditions (~300oC) as well, 

however the amount of hydrogen and rate of reaction is much smaller than elevated temperatures 

[14]. At these temperatures, hydrogen produced is picked up by zirconium cladding to form brittle 

hydride phases. Zirconium hydride formation can lead to cladding failures via embrittlement. 

Zirconium hydride formed near the cladding surface often acts as crack initiation points. Therefore, 

hydride embrittlement is one of the major issues which determines the longevity of zirconium 

claddings [14, 15, 41]. 

 

1.2.2. Recent attempts to address the challenges 

 

 Recent efforts to solve the problems with zirconium alloy claddings can be grouped into 

two categories. First, modification of zirconium alloy claddings which includes alloying, coating, 

metal ceramic hybrid cladding systems [41-44]. Second, the substitution of zirconium alloys with 

other suitable materials. The leading candidates for cladding are advanced stainless steel, ODS 

alloys, SiC and its composites and MAX phases, etc [2, 32, 41, 45]. 

 From the industry’s point of view, modification of current zirconium alloys is considered 

a better choice as it doesn’t significantly change zirconium-UO2 fuel design. Also licensing 

requirements and regulatory hurdles will be much easier to deal with modified Zr alloys as 

compared to completely new material. Currently, thermal sprayed coatings of SiC and MAX 

phases like Ti3SiC2 and Ti3AlC2 on zirconium cladding are under development. Due to superior 

high temperature oxidation properties of these coatings, hydrogen formation in zirconium 

claddings during LOCA conditions can be suppressed. These coatings can also significantly reduce 

hydrogen pickup under normal operating conditions by forming a diffusion barrier, therefore, 

improving the longevity of claddings [41]. 

 Recently, hybrid structures of SiC-ceramic matrix composites (CMCs) and zirconium 

cladding have been proposed and under development [46]. SiC based outer layer provides much 

better oxidation resistance as compared to zirconium alloy. Therefore, such material can deal with 

hydrogen pickup during normal operating conditions and hydrogen formation during LOCA 

conditions [46].  
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Nanostructured ferritic alloys (NFAs), a special type of oxide dispersion strengthened 

(ODS) ferritic steels, are considered as a promising nuclear cladding material for both nuclear 

fission and fusion reactor systems [47-51]. The combination of properties, such as resistance to 

high temperature corrosion, irradiation, void swelling, and creep as well as high temperature 

strength makes NFAs very attractive for nuclear applications [29, 32, 52, 53]. 

Silicon carbide (SiC) is also widely considered as another desirable cladding material for 

nuclear reactors. It exhibits high irradiation resistance, excellent high temperature strength, slow 

oxidation kinetics, and high chemical stability [28, 35, 54-56]. SiC and its composites are being 

intensively studied for their use in fusion reactors, LWR fuel claddings, and high temperature gas 

reactors. 

 

1.2.3 Proposed solution and hypothesis 

 

Silicon carbide possesses very attractive neutronic and high temperature properties to 

replace zirconium alloy claddings. However, the development of hermetic seals (or end caps) with 

acceptable high temperature strength, irradiation, and corrosion properties along with reliable 

joining techniques are some of the major challenges for SiC-based claddings [2, 41]. In addition 

to this, the inherent brittleness of SiC is problematic during mechanical interaction between fuel 

pellets and cladding [2].  

The nanostructured ferritic alloy also shows impressive irradiation and creep properties at 

high temperatures. NFA derives its corrosion resistance from the protective Cr2O3 layer. Therefore, 

the amount of Cr affects its high temperature corrosion properties. Pint et. al. [55] stated that steels 

should have at least 20% Cr content in order to have a stable and protective chromia layer in high 

temperature steam environments. NFAs with around 9-12% Cr may still show acceptable corrosion 

resistance at normal LWR operating conditions (~300oC), however rapid breakaway oxidation 

during LOCA (~1000oC) can seriously damage the performance of cladding [57, 58].    

In this work, composites of the nanostructured ferritic alloy (NFA) and silicon carbide is 

proposed as a potential cladding material. Considering the excellent properties of both NFA and 

SiC, such composite is expected to provide good high temperature mechanical performance, strong 
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oxidation and irradiation tolerance, and improved manufacturability. Fig 1.1 shows the proposed 

microstructural design of gradient SiC-NFA composites with SiC on the outer side and NFA on 

the inner side of the cladding tube. Outer SiC surface can provide much better oxidation properties 

as compared to NFA in both normal and accident conditions. While the inner layer of NFA can 

allow the use of conventional metal joining techniques for hermetic seals, thus improving its 

reliability. Unlike thermal sprayed coatings, the outer SiC surface is expected to be much denser 

and better attached to the rest of the cladding. This project aims at exploring benefits of the addition 

of SiC in the NFA matrix and also the development of single step powder based manufacturing of 

such gradient composites, therefore reducing additional processing costs.  

 

 

Fig. 1.1. Schematic of proposed microstructural design. 
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1.2.4. Objectives 

 

In order to study the processing and microstructure behavior of this gradient composite, 

first separate composites with different volume fractions of SiC and NFA are studied (e.g. 5, 15, 

25,….95 vol% SiC in NFA). This dissertation particularly focuses on spark plasma sintered NFA 

(0 vol% SiC) and 5, 15, 25 vol% SiC-NFA composites. This work will also focus on high 

temperature oxidation and irradiation properties of these composites under the simulated nuclear 

reactor environment. The objectives of this work are as follows: 

1) There is a need to identify effective reaction barrier layers to control the reaction between SiC 

and NFA during sintering. Also, suitable processing methods for coating these reaction barrier 

materials on SiC or NFA powder particles needs to be developed. In this dissertation, C and 

Cr3C2 coatings on NFA and SiC powders are identified as possible reaction barrier materials. 

This dissertation will study the microstructural evolution of NFA and 5-25 vol% SiC-NFA 

composites with C and Cr3C2 reaction barrier layers. Long term thermal stability of these 

microstructures during heat treatment at elevated temperatures will also be studied. This 

dissertation also aims to develop thermodynamic, diffusion and precipitation simulation 

methods using ThermoCalc/DICTRA/PRISMA software respectively. These simulations are 

expected to predict phases and other microstructural aspects such as precipitation and 

coarsening of phases during sintering and subsequent heat treatments.  

2) This dissertation will also address high temperature corrosion behavior of spark plasma 

sintered NFA and SiC-NFA composites in water vapor environments. The oxidation 

mechanism will be assessed using advanced microstructural characterization techniques as 

well as simulation methods based on ThermoCalc.  

3) Finally, the irradiation behavior of NFA and SiC-NFA composites will be studied using state-

of-the-art TEM equipped with in-situ ion irradiation capabilities. This effort will focus on the 

fundamental understanding of dislocation evolution in SiC-NFA in comparison with NFA and 

other existing materials from literature.  
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1.3. Literature review 

 

1.3.1. Physical metallurgy of Nanostructured ferritic alloys (NFA)  

 

The microstructure of nanostructured ferritic alloys (NFA) consists of highly dense and 

uniformly distributed oxide (e.g., yttria, titania, Y-Ti-O complex, etc.) nanoclusters (size ~2-6 nm, 

density~1023 m-3) in ultra-fine grained (< 1 μm) ferritic steel matrix [59, 60]. These nanoclusters 

act as an impediment to dislocation climb and glide to improve both high temperature strength and 

creep resistance. They also contribute towards the improvement of irradiation properties by acting 

as a sink for irradiation induced defects. Nanoclusters provide an enormous surface area for 

nucleation of helium bubbles during neutron irradiation. Therefore, the formation of a large density 

of small helium bubbles at an oxide-matrix interface ensures significantly less void swelling as 

compared to the sample with large helium bubbles with small density [30, 60]. These nanoclusters 

have shown very high thermal stability even up to near melting temperatures (~1300oC) [61]. 

Typically, NFA contains more than 12 wt% Cr to maintain ferritic grains till melting temperature. 

Recently NFAs with around 9 wt% Cr have been developed to intentionally introduce partial phase 

transformation (α→γ at grain boundaries allows enhanced diffusion) which significantly improves 

diffusion bonding between grains. As a result, 9 wt% Cr NFAs have shown enhanced fracture 

toughness as compared to >12 wt% Cr NFAs [59].  

Traditional processing of NFAs involves mechanical alloying of ferritic steel and Y2O3 

powders and consolidation using thermomechanical treatments (TMT) such as hot extrusion 

followed by rolling. The mechanical alloying process forces Y2O3 to dissolve in the ferritic steel 

matrix, which then nucleates as nanoclusters of Y2O3 or Y-Ti-O complex during the consolidation 

process. The thermomechanical treatments used for consolidation tends to produce highly 

anisotropic microstructures. Kasada et al. [62] showed highly anisotropic microstructures in ODS 

ferritic steels processed using hot extrusion process.  

Spark plasma sintering (SPS) has recently emerged as an alternative technique to 

consolidate NFA powders to almost full density. SPS process uses electric current in combination 
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with high pressure to sinter the powders. EBSD image of 14 YWT processed using SPS shows a 

bimodal and isotropic microstructure as compared to hot extruded counterparts [63].  

 

1.3.2. Silicon carbide in nuclear industry 

 

Silicon carbide has existed in the nuclear industry for over 50 years. SiC is used for coating 

TRISO fuel (e.g. gas reactors) to retain fission products inside or to prevent fuel damage at high 

temperatures where steam might be present in the coolant. SiC based claddings are primarily 

considered for applications in very high temperature reactors (VHTR) and fast reactors (gas 

cooled, lead cooled) and fusion reactors. In LWRs, SiC based cladding can allow high fuel burnup, 

power uprates, longer cycle lengths and better performance during LOCA events as compared to 

zirconium alloy cladding [15, 64]. In order to improve mechanical properties (especially fracture 

toughness), SiC is often used in the form of SiC-fiber reinforced SiC ceramic matrix composites 

(SiCf/SiC CMC) [65].  

 

1.3.3. High temperature oxidation behavior in reactor environment 

 

NFA relies on the protective Cr2O3 layer for its high temperature oxidation resistance. 

However, a water vapor environment is known to damage this Cr2O3 protective layer and promote 

the formation of non-protective Fe rich oxides [57, 58]. The harsh moisture-containing 

environments can also cause accelerated chromium loss due to the formation of volatile CrO2(OH)2 

[66-68]. This process leads to a phenomenon called ‘breakaway oxidation’ where the chromia 

scale is replaced by a non-protective Fe-rich scale [58, 69]. The detrimental effect of water vapor 

on high temperature corrosion resistance of various steels is widely reported in the literature [54, 

57, 58, 67, 69-76]. Ehlers et. al. [69] found that a higher H2O/O2 ratio in the atmosphere promotes 

the formation of a non-protective Fe-rich layer on 9 wt% Cr P91 ferritic steel at high temperatures. 

The double layer scale formation with an internal Cr-rich and external Fe-rich layer is observed in 

previous studies on water vapor/steam oxidation of Fe-Cr alloys [57, 58, 69, 77, 78]. Ishitsuka et. 

al. [79] studied steam oxidation resistance of Si-containing Fe-9Cr alloy and reported that the low 
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oxidation rates in the high Si-containing alloy are attributed to the formation of amorphous SiO2 

at the scale and metal interface. Fujikawa et. al. [80] reported that silicon enrichment in the internal 

spinel phase layer greatly reduces the ionization of Fe and its diffusion in the oxide layer during 

high temperature steam oxidation.  

  Oxidation kinetics of SiC is almost 2 to 3 orders of magnitude slower than zirconium based 

alloys even up to very high temperatures (such as LOCA~1000oC) [28]. In the absence of water 

vapor SiC shows two types of oxidation behavior: passive and active. Passive oxidation occurs 

when oxygen activity is sufficient to form a protective SiO2 layer. While active oxidation leads to 

the formation of volatile SiO (thereby, mass loss) as a result of the insufficient activity of oxygen 

[35]. Pourbaix diagram in Fig. 1.2 shows SiC oxidation reactions in the presence of water vapor 

at LWR conditions (300oC and 15 MPa). It can be observed that SiO2 layer forms during all the 

reactions. However, this SiO2 reacts again with water vapor to form volatile Si(OH)4, thus leading 

to mass loss (see Eq. 1.2) [81]. 

 

SiO2 (s) + 2H2O (g) → Si(OH)4 (g) (1.2) 
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Fig. 1.2. Pourbaix diagram of SiC in water at LWR conditions, i.e., 300oC and 15 MPa [81] 

(Reprinted from Journal of Nuclear Materials, 465, Terrani K. A., Yang Y., Kim Y. J., Rebak R., 

Meyer H. M., Gerczak T. J., Hydrothermal corrosion of SiC in LWR coolant environments in 

the absence of irradiation, 488-498, Copyright (2015), with permission from Elsevier). 

 

1.3.4. Irradiation effects on fuel cladding materials 

 

Cladding materials are subjected to continuous neutron irradiation during reactor 

operation. Neutron interaction with cladding material can adversely affect both mechanical and 

corrosion properties. The types of possible neutron interactions include scattering, knock-on 

damage, and ionization. The knock on damage occurs when neutrons bombard and transfer their 

energy to the nucleus of the atom (from cladding). Therefore, the atom gets displaced from its 

original position in lattice when the neutron of sufficient energy hits it. This displaced atom is 

called the primary knock on atom (PKA). As PKA travels in lattice it displaces several other atoms 

(or secondary knock-on atom) in its path. These subsequent collisions are collectively also as 

‘cascade event’. Therefore, cascade events lead to formation of several vacancies and interstitials 

also known as ‘Frenkel pair’. Most of these vacancies and interstitials annihilate each other as a 
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result of thermal energy generated due to atomic friction during cascade events. However, some 

Frenkel pair stays back in the material as irradiation induced defects [82, 83].  

Irradiation induced damage can be expressed in terms of ‘displacement per atom (dpa)’. 

The ‘dpa’ is commonly used as a measure of irradiation dose. The rate of damage or dpa/s is given 

as follows [83]:    

 

dpa

s
=

No. of displacements

Number density of target atoms × cm3 × s
=  ∫ σd(En). ϕ(En). dEn

Emax

Emin

   

 

Where, En = energy of neutron required to displace atom, 

             Emin and Emax = minimum and maximum energy of neutrons, 

             σd(En) = displacement cross section (see equation 2), 

               ϕ(En) = neutron flux =
No.  of neutrons with energy En

cm2  × s
. 

 

 

(1.3) 

σd(En) = ∫ σ(En). υ(T). dT

Tmax

Tmin

   

 

                     where, Tmin and Tmax

= minimum and maximum energies transferred from neutrons to target atom 

σ(En) = collision cross section of neutron with energy En 

             υ(T) = number of displacements per primary knock − on atom   

 

(1.4) 
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 The quantity and type of irradiation induced defects depend on a variety of factors such as 

neutron energy, irradiation time, temperature and the material itself. The interstitial mobility is 

comparatively higher than that of vacancies. Therefore, the defects which cannot annihilate often 

forms separate vacancy and interstitial clusters. Coarsening of these defect clusters as a result of 

further cascade events eventually leads to the formation of dislocation loops. These dislocation 

loops can act as an impediment to the movement of other dislocations, which often results in the 

degradation of mechanical properties (hardening, embrittlement, etc.) [83-85].  

 Irradiation temperature can affect the defect behavior in the material. Due to the higher 

availability of thermal energy, most Frenkel pairs can recombine leading to the lower density of 

total defects. Higher temperature improves mobility of vacancies which can cluster together to 

form voids and bubbles. The formation of voids adversely affects the mechanical properties of the 

material [82, 86]. 

 Neutron and ion irradiation studies on iron alloys have shown the formation of two kinds 

of dislocations with Burgers vector b=a/2<111> and b=a<100> [84]. Relative quantities and sizes 

of these dislocations strongly depend on alloying and irradiation temperature. During neutron 

irradiation of pure iron, b=a/2<111> is mostly observed at room temperature [87, 88], however at 

temperatures above 300oC, b=a<100> becomes predominant [89, 90]. Recent ion irradiation 

studies have shown that b=a/2<111> type dislocations are highly mobile while b=a<100> 

dislocations are almost immobile. Fe-Cr alloys show a strong affinity to the formation of Cr-

interstitial clusters mainly along with b=a/2<111> type dislocation. This leads to a decrease in the 

mobility of b=a/2<111>. Therefore, Cr addition can influence relative fraction of b=a/2<111> and 

b=a<100>. However, the exact correlation between Cr content and proportions of these 

dislocations has not been fully established yet [84].  

 SiC shows varying responses to neutron irradiation mainly depending on temperature and 

dose levels. SiC shows an exponential increase in void swelling with irradiation below 150oC. 

Below this critical temperature, strain accumulation due to defects causes the amorphization of 

SiC. However, above 150oC swelling only reaches a saturation level with increasing irradiation 

dose. This saturation level shows a decreasing trend with the temperature, due to the higher 

availability of thermal energy for defect recombination. Neutron and ion irradiation between 150oC 

and 1000oC temperature have shown the formation of point defects and Frank loops. Above 
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1200oC and dose levels >10 dpa, vacancy diffusion becomes predominant, leading to the 

significant increase in void swelling. Voids adversely affect mechanical properties and decrease 

thermal conductivity. In cladding materials, high thermal conductivity is important to ensure 

efficient transfer heat from fuel to coolant [82, 86, 91].  

  

1.3.5. Review on SiC containing metal matrix composites 

 

            Metal matrix composites (MMCs) can show significant improvement in modulus, thermal 

stability and mechanical behavior as compared to parent metals. Most common MMCs include 

reinforcements such as carbides (SiC, B4C, TiC), oxides (Al2O3, SiO2), nitrides (Si3N4, AlN), 

carbon (nanotubes, graphene, fibers) in aluminum, magnesium, copper and steel matrix. In order 

to achieve stable dispersion of reinforcements, solubility, diffusivity and interfacial energy 

between reinforcements and matrix must be minimum [92]. However, it is not always possible to 

find a compatible matrix and reinforcements for particular applications due to so many design 

constraints. In such situations, reinforcements can be coated with compatible material. The coating 

can act as an interfacial barrier between matrix and reinforcements to achieve favorable bonding 

properties. Steel and SiC react at elevated temperature to form silicides, carbides and carbon [93-

95]. The formation of brittle silicide phases degrades the mechanical performance of SiC/steel 

composites. The reaction can also completely consume SiC reinforcement, leaving only 

undesirable reaction products in the microstructure. Mani et. al.[96] has successfully demonstrated 

the use of electroless Co coating on SiC as an interfacial barrier for SiC and Fe-Co alloys.   
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Chapter 2 

Spark Plasma Sintering of SiC and NFA using Carbon as Interfacial 

Barrier Layer 

 

2.1. Abstract 

 

Silicon carbide and nanostructured ferritic alloy (SiC-NFA) composites have the potential to 

maintain the outstanding irradiation resistance and enhance the mechanical integrity of nuclear 

cladding. By introducing a carbon reaction barrier on NFA (C@NFA), SiC-C@NFA composites 

are investigated in order to reduce the reaction between SiC and NFA in this work. The densities 

of the spark plasma sintered (SPS) SiC-C@NFA composites show an increasing trend with the 

SiC content to almost 100% dense. Although the SiC phase is absent, the Vickers hardness of the 

composites reaches 436-638 kgf/mm2. The reaction leads to two types of regions in the composites, 

the NFA matrix, and the micro-sized carbon enrich region, both of which contain extra Si element. 

The SiC-C@NFA composites show much improved microstructures and phases compared to the 

SiC-NFA composite without any coating. The SPS sintered SiC-C@NFA composites offer a new 

promising system for nuclear cladding. 

 

2.2. Introduction 

 

The major processing challenge during the fabrication of NFA-SiC composites is the reactions 

between Fe (the base element of NFA) and SiC, confirmed by experiment [97-99] and simulation 

[100]. The reactions start with the decomposition of SiC, then the formation of silicides (e.g. Fe3Si, 

FeSi and FeSi2) and carbides (e.g. Fe3C). For example, Pelleg produced Fe-SiC composites using 

pressureless sintering and hot isostatic pressing (HIP) in the temperatures range of 900oC to 

1100oC, finding a large amount of pearlite and iron silicides [98]. Shen et al. confirmed that several 

products, Fe3C (a component of pearlite), Fe(Si), Fe3Si, Fe2Si, and C, come from different 
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reactions between Fe and SiC [99]. To successfully fabricate SiC-NFA composites, reactions 

between NFA and SiC must be prevented. The reactions between NFA and SiC were also 

confirmed by our previous studies [101, 102]. 

 In order to avoid/reduce the reactions between SiC and NFA, applying a carbon coating on 

NFA can be promising. This is because carbon does not react with SiC and the solubility of carbon 

in α-Fe is very small (0.022 wt% [103]). Carbon is also an outstanding nuclear material, which has 

been used as a moderator and reflector in fission reactors, because of its physical and chemical 

stabilities in high temperature irradiation environments, especially for its very low neutron 

absorption cross-section [2]. Our purpose to introduce a carbon layer on the NFA particles 

(C@NFA) in the fabrication of the SiC-C@NFA composites is to maintain the original SiC and 

NFA, each of which offers its own benefits for the nuclear application, while the carbon coating 

as the reaction barrier layer will not compromise or degrade the expected functions of the SiC and 

NFA. The nanoscaled Y-Ti oxide nanoclusters (~2-5 nm) in the NFA [104] have extraordinary 

stabilities up to a high temperature of 1400oC. The designed SiC-C@NFA composites with the 

intended sintering temperature of 850-1250oC (in our previous work [101, 105]) will not alter the 

Y-Ti oxide nanoclusters. More importantly, the interphase boundaries in the composites can still 

act as the sinks for the recombination of the irradiation-induced defects [106].  

 In this work, a carbon coating introduced on NFA (C@NFA) particles was used to prevent 

the reactions between SiC and NFA. The composites have the compositions of 5 vol% SiC-95 

vol% C@NFA, 15 vol% SiC-85 vol% C@NFA, and 25 vol% SiC-75 vol% C@NFA. The 

effectiveness of the coating is assessed based on the pressureless sintering of SiC-C@NFA and 

then SPS sintering followed by various characterizations. Although the effectiveness in avoiding 

the reactions between SiC and NFA is compromised due to the high difficulty of producing a 

perfect carbon coating layer, the improvement is obvious based on the microstructures of the as-

sintered SiC-C@NFA composites. Furthermore, the fundamental investigation based on the 

thermodynamic simulation from the Thermo-Calc software offers in-depth understanding and 

scientific knowledge about the proposed system. 
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2.3. Materials and methods  

 

2.3.1. Carbon coating on NFA (C@NFA) particles  

 

 First, sucrose (C12H22O11, 99%, Alfa Aesar, Ward Hill, MA) was dissolved in ethanol 

(C2H5OH, Decon Laboratories, Inc., King of Prussia, PA). Then, NFA powder (D50=~20 µm; Lab 

made NFA, Fe-9Cr-2W-0.4Ti-0.2V-0.12C-0.3Y2O3 [59, 107]) was poured into the ethanol 

solution. After that, the ethanol solution with the NFA powder was heated on a hot plate to 60oC 

while stirring to make sure that sucrose was uniformly precipitated on the surface of individual 

NFA particles during the ethanol evaporation process. After the ethanol solution was evaporated, 

the NFA powder with the coating was ground to improve homogeneity. The molar ratio of Fe and 

C was controlled at 4:1. To convert sucrose on the surface of the NFA powder into carbon, the 

NFA powder was thermally treated at 400oC for 1 hr under Ar atmosphere. The heating rate was 

controlled at 5oC/min. The sucrose was fully decomposed during this treatment, leaving only a 

carbon film on the surface of the NFA (C@NFA) particles. The C@NFA particles were mounted 

in epoxy and then carefully polished to examine the cross-section of the coated powders. The 

quality and thickness of the carbon coating on NFA particles were examined by scanning electron 

microscopy (FEI FEG-ESEM Quanta600, FEI Company, Hillsboro, OR, USA). 

 

2.3.2. Pressureless sintering of SiC-C@NFA composites 

 

 In order to assess the effectiveness of the carbon coating as a reaction barrier, pressureless 

sintering was carried out for two composites of 10 vol% SiC-90 vol% C@NFA and 30 vol% SiC-

70 vol% C@NFA. The carbon coated NFA powder was mixed with a SiC powder (D50=~0.5 µm, 

SiC UF-15, H. C. Starck, Goslar, Germany) by grinding the mixture in a mortar for 20 mins. Then 

the mixed powders were cold pressed at ~103 MPa for 5 mins. The pressed green bodies had a 

cylindrical shape with 12.7 mm diameter and 4 mm thickness. The green samples were 

pressurelessly sintered in a furnace under Ar atmosphere at 850oC, 1050oC, and 1250oC for 1 hr. 
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The sintered SiC-C@NFA samples were examined by X-ray diffraction (XRD, PANalytical B. 

V., Almelo, Netherlands). 

 

2.3.3. SPS sintering of SiC-C@NFA composites  

 

 For spark plasma sintering (SPS), the C@NFA and SiC powder were mixed in three 

different volume ratios, namely 5 vol% SiC-95 vol% C@NFA, 15 vol% SiC-85 vol% C@NFA, 

and 25 vol% SiC-75 vol% C@NFA. A 30 vol% SiC-70 vol% NFA composite without coating was 

also sintered for comparison. After mixing the composite powders in a mortar for 30 mins, the 

densification process was carried out by SPS (SPS Nanoceramics LLC, Morton Grove, IL) at two 

different temperatures of 850oC and 950oC with the same heating/cooling rate of 50°C/min, 

applied pressure of 100 MPa, and holding time of 10 mins. 

 The SPS sintered SiC-C@NFA composites were examined by X-ray diffraction (XRD). 

The densities of the composites were measured by the Archimedes method. For the relative density 

estimation, the theoretical density comes from the full density of the assumed SiC-NFA 

composites without reaction. The polished surface of the composites was evaluated by optical 

microscopy (BH2-HLSH, Olympus Inc, Japan) and scanning electron microscopy (FEI FEG-

ESEM Quanta600, FEI Company, Hillsboro, OR). Vickers hardness measurement was carried out 

by a hardness tester (LV700AT, LECO, St. Joseph, MI). Fifteen indentations were performed for 

each sample with a pyramid shaped diamond indenter. Considering the composition distribution 

in the as-sintered composites, a relatively large load of 3 kg was utilized in order to reduce the 

potential errors. Elemental maps were further obtained using energy-dispersive X-ray 

spectroscopy (EDS) attached to the same SEM.  
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2.4. Results and discussion 

 

2.4.1 Characterization of C-coating on NFA 

 

The carbon coating around the spherical NFA particles can be seen in Fig. 2.1a. Since the 

particles are embedded in the epoxy matrix during polishing, the coating layer is much clearer on 

the lower left side. The high magnification SEM image in Fig. 2.1b shows that the thickness of the 

carbon coating is 200-400 nm. 

The effectiveness of the coating is initially assessed by pressureless sintering of 

SiCC@NFA at 850oC, 1050oC, and 1250oC. Fig. 2.2a shows the XRD patterns of the pressureless 

sintered 10 vol% SiC- 90 vol% C@NFA and 30 vol% SiC-70 vol% C@NFA composites, and the 

XRD patterns of the as received NFA and SiC powders and the C@NFA powder are included in 

Fig. 2.2b. After coating carbon on the NFA surface, the C@NFA powder has the same α-Fe phase 

as the as-received NFA powder. Due to the small amount and the possibly amorphous phase of the 

coated carbon, the XRD pattern does not show any peak from carbon. At the lower sintering 

temperatures of 850oC and 1050oC, the peaks reveal the presence of SiC and NFA, meaning that 

the carbon coating is effective in preventing the reactions between SiC and NFA. However, at the 

sintering temperature of 1250oC, the reactions lead to the presence of Fe3Si peaks, but without the 

SiC peaks for both composites. This is because the Fe atoms become more mobile at the sintering 

temperature of 1250oC. During the Fe diffusion process, the carbon coating is broken and the NFA 

particles come in contact with SiC, leading to reactions. Thus, the carbon coating is not effective 

in preventing reactions at ≥1250oC. 
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Fig. 2.1. SEM images of the C@NFA particle cross-section showing the carbon coating layer 

(courtesy: Dr. Kaijie Ning – co-author in this manuscript).  

 

 

Fig. 2.2. (a) XRD patterns of the 850oC, 1050oC, and 1250oC sintered 10 vol% SiC-90 vol% 

C@NFA composites, (b) XRD patterns of the 850oC, 1050oC, and 1250oC sintered 30 vol% SiC-

70 vol% C@NFA composites, as well as the NFA, SiC, and C@NFA powders. 
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2.4.2. Relative density and hardness of SPS sintered composites 

 

Fig. 2.3a shows the relative densities of the SPS sintered SiC-C@NFA composites at 850oC 

and 950oC. The higher temperature sintered composites show higher relative densities, meaning 

that high temperature enhances the densification. Meanwhile, the relative densities increase with 

the SiC content in the composites, indicating that SiC accelerates densification. This is caused by 

the decomposition of SiC and the diffusion of Si into the NFA as to be discussed in later sections. 

Fig. 2.3b shows the Vickers hardness of the SPS sintered SiC-C@NFA composites at 

850oC and 950oC. There are different trends for the composites at different sintering temperatures. 

For the 850oC sintered composites, the hardness increases with the addition of SiC to the NFA 

matrix. For the 950oC sintered composites, the hardness shows a slight decrease with the SiC 

content. As known, the mechanical properties are affected by both density and composition [108]. 

On one hand, high density should lead to higher hardness. On the other hand, the decomposition 

of SiC leads to a solid solution of Si in the NFA matrix. Considering the low solubility of C in 

ferritic steel (BCC α-Fe, maximum solubility for C is 0.022 wt% at 723oC [109]) and its 

aggregation observed in Figs. 2.7f and 2.7i, diffusion of Si into the NFA matrix is the major factor 

in influencing the mechanical behavior of the composites. Accordingly, the hardness decrease is 

modest at 950oC sintering condition as shown in Fig. 2.3b. For the lower sintering temperature of 

850oC, the decomposition of SiC and diffusion of Si into the NFA matrix are relatively weak, and 

the hardening is believed to be mainly from the relative density effect. Thus, the hardness keeps 

increasing with the density of the 850oC sintered composites. For the higher sintering temperature 

of 950oC, the decomposition of SiC and diffusion of Si into the NFA matrix are more extensive, 

which degrades the hardness of the 950oC sintered composites. 



24 

 

 

Fig. 2.3. Relative density (a) and Vickers hardness (b) of the SPS sintered SiC-C@NFA 

composites at 850oC and 950oC. 

2.4.3. Phase, microstructure and composition evolution during SPS sintering 

 

Fig. 2.4 shows the XRD patterns of the SiC-C@NFA composites sintered at 850oC and 

950oC. At 850oC sintering, all the composites (5 vol% SiC-95 vol% C@NFA, 15 vol% SiC-85 

vol% C@NFA, and 25 vol% SiC-75 vol% C@NFA) show only the α-Fe phase, which is the same 

as the as-received NFA powder in Fig. 2.2b. With the increase of the SiC content, the XRD peaks 

of the α-Fe phase slightly shift to higher angles. However, none of the SiC peaks can be detected, 

even for the composites with the maximum SiC content of 25 vol%. Potential reaction products of 

Fe3Si are not seen either. The right shift of the α-Fe XRD peaks for all the composites is due to the 

diffusion of Si into the NFA lattice, which will be explained based on the elemental compositions 

in Fig. 2.7. 
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Fig. 2.4. XRD patterns of SPS sintered SiC-C@NFA composites at 850oC and 950oC. 

 

At 950oC sintering, all the composites continue to maintain the major α-Fe phase, similar 

to the 850oC sintered samples. Minor γ-Fe phase is observed in the 5 vol% SiC content sample. 

The appearance of the minor γ-Fe phase at the sintering temperatures of ≥950oC has been 

confirmed from our previous work [110]. In the two high SiC content samples (15 vol% and 25 

vol%), the γ-Fe phase is not observed. This is because the diffusion of Si into the NFA matrix 

hinders the Fe α→γ phase transformation [110]. Still, no SiC peaks are identified. The right shift 

of the XRD peaks is also observed as for the 850oC sintered composites, which is again attributed 

to the Si diffusion into the NFA lattice. The lattice parameters for all the composites are calculated 

by the following equation and plotted in Fig. 2.5. 

 

a =
λ. √h2 + k2 + l2

2 sin θ
 

(2.1) 



26 

 

where a is lattice constant; h, k, l are Miller indices; θ is diffraction angle; λ is wavelength (1.5406 

Å in this study). For both 850 and 950oC sintered composites, the lattice constant decreases with 

the increase of the SiC content. As known, the atomic radii [111] for Fe and Si are 1.40 Å and 1.10 

Å, respectively, and the lattice parameter of Fe-Si alloys decreases with increasing Si content 

[112]. Thus, Si, which diffuses into the NFA lattice, should lead to the decrease of the lattice 

constant. As a matter of fact, the diffusion of Si into the NFA matrix is demonstrated in the 

elemental composition study of Figs. 2.7a and 2.7e. 

 

 

Fig. 2.5. Lattice parameters of the 850oC and 950oC sintered SiC-C@NFA composites. 

 

Figs. 2.6a, 2.6b and 2.6c show the optical images for the 850oC sintered composites. For 

the 5 vol% SiC-95 vol% C@NFA composite in Fig. 2.6a, the round shape is from the NFA grains, 

which has a lighter contrast. Between the NFA grains are the grain boundaries. The dark regions 

are the reaction products between the NFA and SiC particles. For the 15 vol% SiC-85 vol% 

C@NFA composite in Fig. 2.6b, due to the further increase of the SiC content in the matrix, the 

distance between the NFA grains is larger because more SiC particles occupy the space among the 

NFA grains, which leads to more reaction products among the NFA grains. For the 25 vol% SiC-
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75 vol% C@NFA composite in Fig. 2.6c, the NFA grains are even more separated from the 

reaction products.  

The optical images of the 950oC sintered 5 vol% SiC-95 vol% C@NFA, 15 vol% SiC85 

vol% C@NFA, and 25 vol% SiC-75 vol% C@NFA composites are shown in Figs. 2.6d, 2.6e and 

2.6f, respectively. These images have the similar trend as the 850oC sintered composites in Figs. 

2.6a-2.6c. With the increase of the SiC content in the composites, the distance between the NFA 

grains increases. The NFA grains are randomly distributed in the matrix with further distance for 

the 25 vol% SiC-75 vol% C@NFA composite as shown in Fig. 2.6f. Some rust (oxidation of the 

NFA phase) shows as the dark contrast areas for the 15 vol% SiC-85 vol% C@NFA sample in Fig. 

2.6e. 

Figs. 2.6g and 2.6h further show the backscattered SEM images of the 25 vol% SiC-75 

vol% C@NFA composite sintered at 850oC. The bright contrast areas in Fig. 2.6g represent the 

NFA rich region, which contains the higher atomic number elements of Fe and Cr. The darker 

contrast areas represent the original SiC rich regions, which contain more low atomic number 

elements of Si and C. The high magnification image of Fig. 2.6h shows a large NFA grain with 

rough edges. This is attributed to the interactions between the NFA and SiC particles. There is 

extensive interaction at the NFA grain surface during the sintering process. Also, a bright edge 

along the NFA grain is observed. This is due to the accumulation of some higher atomic number 

element, which is proven to be Cr by elemental mapping in Figs. 2.7a and 2.7c.  

Fig. 2.7a shows an observation covering both the NFA matrix and the reaction region. The 

high contrast species are more visible in the form of rough lines on the edge of the reaction region. 

In the reaction region at the bottom of Fig. 2.7a, dark colored species is embedded, which has a 

similar contrast to that of the NFA matrix region on the top of Fig. 2.7a. The EDS elemental maps 

are shown in Figs. 2.7b-2.7e. The NFA matrix region is rich in Fe and Cr but deficient in Si as 

shown in Figs. 2.7b, 2.7c, and 2.7e, respectively. On the edge of the reaction region, there is an 

enrichment of Cr, which matches with the high contrast edge in Figs. 2.6h and 2.7a. At the bottom 

of Fig. 2.7a, more Si and Fe elements and less Cr element are observed from Figs. 2.7e, 2.7b and 

2.7c, respectively. Along the edge of the reaction region, where the bright phases are dominant, 

the deficiency of Si is evident, probably due to the low solubility of Si in the Cr-rich alloy. 
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However, the C element is enriched in the discrete dark regions, the NFA matrix region also has 

C element.  

 

Fig. 2.6. Optical (a-f) and backscattered SEM images (g-h) of the SPS sintered SiC-C@NFA 

composites.  

 

The elemental distribution in the reaction region (at the bottom of Fig. 2.7a) consists of 

bright and dark contrast phases. The SEM image with high magnification in Fig. 2.7f further 

reveals that the dark phases have elongated shapes embedded in the bright phase. The size of the 

dark phase is in the range of 0.5-1.5 µm. Based on Fig. 2.7i, these darker phases are C-rich and Fe- 

and Si-deficient. The bright phase areas are Fe-, Cr-, and Si-rich as shown in Figs. 2.6g, 2.6h and 

2.6j, respectively. The dissolution of Si into the NFA matrix lattice is the main reason for the right 

peak shift of the XRD patterns in Fig. 2.4. 
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Fig. 2.7. SEM image and elemental maps of the SPS sintered 25 vol% SiC-75 vol% C@NFA 

composites at 950oC. 

 

2.4.4. Comparison between SiC-C@NFA and SiC-NFA composites 

 

The XRD patterns of the 30 vol% SiC-70 vol% NFA composite sintered without any 

coating on the NFA particles are shown in Fig. 2.8 in order to compare with the SiC-C@NFA 

composites. The major reaction phase Fe3Si and some other unknown impurity phases can be 

observed. However, both SiC and NFA phases are absent. For the current SiC-C@NFA 

composites, although the SiC peaks are not observed in Fig. 2.4, the reaction product Fe3Si is not 

observed, meaning that the C reaction barrier can prevent extensive reactions between SiC and 

NFA. 

The SiC-C@NFA composites demonstrate the ability to maintain the original phases of 

NFA (α-Fe, BCC) with a slight shrinkage of the lattice (Figs. 2.4 and 2.5), while the SiC-NFA 

composite without coating has a significant amount of Fe3Si (Fig. 2.8) due to the strong reactions 
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between SiC and NFA. The SiC-C@NFA composite has clear NFA grains; although reaction 

regions are also identified, and micron-sized C-rich phase is produced in the reaction region, the 

extent of the reaction between SiC and NFA is more constrained. In the SiC-NFA composites, the 

detrimental Fe3Si phase forms the matrix phase; and a lamellar phase and another second phase 

are also created after the reactions. Therefore, the C coating barrier is effective in reducing the 

reactions of the SiC-NFA composite. 

 

 

Fig. 2.8. XRD patterns of the 30 vol% SiC-70 vol% NFA composite without the carbon coating 

barrier. 

 

2.4.5. Fundamental understanding of SiC-C@NFA composites 

 

After the SPS sintering at 850 and 950oC, the composites with 5 vol% SiC-95 vol% 

C@NFA, 15 vol% SiC-85 vol% C@NFA, and 25 vol% SiC-75 vol% C@NFA compositions 

maintain the same crystal structure as α-Fe. No new phases of FeSi, Fe2Si, or Fe3Si are produced. 

Before the SPS sintering (Fig. 2.9a), NFA particle (D50=~20 µm) packing serves as the framework 

and the SiC particles (D50=~0.5 µm) fill the interstitial sites of the NFA particles.  
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After sintering, the NFA particles grow to become the dense matrix with low Si diffusion, 

while the reaction regions form from the reaction between NFA and SiC, and hence are composed 

of Fe with diffused Si grains and C-enriched aggregates. The cause of C-rich aggregation is 

because of its low solubility and low diffusion coefficient in ferritic steel. The diffusion distance l 

can be calculated by the following equation [113]: 

 

l = √6Dt (2.2) 

 

where D is diffusion coefficient, and t is time. At 800oC, the diffusion coefficients for C and Si in 

ferritic steel are 1.0×10-16 cm2/s [114] and 0.76×10-8 cm2/s [115], respectively. The SPS sintering 

time for all the composites is 10 mins. According to Eq. (2.2), the diffusion distances for C and Si 

are 0.006 µm and 52.3 µm, respectively. This means that, after the reaction from the SiC 

decomposition, C is extremely hard whereas Si is extremely easy to diffuse into the NFA matrix.  

 

2.5. Conclusions 

 

In this work, C@NFA particles are made by precipitating sucrose on NFA particles 

followed by pyrolysis. SPS sintering of SiC-C@NFA composites with 5 vol%, 15 vol%, and 25 

vol% SiC is carried out at 850oC and 950oC. Densification of the SiC-C@NFA composites is 

enhanced by increasing the temperature and the SiC content. The hardness increases with the SiC 

content at 850oC but decreases with the SiC content at 950oC. All the composites have the major 

α-Fe phase without the presence of the SiC phase. In the reaction region, the Si element diffuses 

into NFA while C-enriched aggregates form. Although the break-down of the carbon coating layer 

during the sintering process compromises the ability to prevent the reactions between SiC and 

NFA, the SiC-C@NFA composites show 4-7 Gpa hardness and much improved phase retention 

compared to the composite without any coating. The fundamental interactions between Fe and SiC 

are explained based on phase diagram and Gibbs free energy. Fabrication of the SiC-NFA 

composites by introducing a carbon barrier offers a new strategy for nuclear cladding materials. 
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Chapter 3 

Spark Plasma Sintering of SiC and NFA using Chromium Carbide as 

Interfacial Barrier Layer 

 

3.1. Abstract 

 

Silicon carbide and nanostructured ferritic alloy (SiC-NFA) composites are expected to be 

remarkable candidates for nuclear cladding materials. However, SiC and NFA reactions during 

sintering have been a challenging problem to address. A Cr3C2 coating on SiC particles is 

introduced as a reaction barrier layer to fabricate novel Cr3C2@SiC-NFA composites in this work. 

The composites of 5 vol% Cr3C2@SiC-95 vol% NFA, 15 vol% Cr3C2@SiC-85 vol% NFA, and 

25 vol% Cr3C2@SiC-75 vol% NFA achieve >96% densities under spark plasma sintering (SPS) at 

950oC and have the Vickers hardness of 5-6 GPa. The main phase for the composites maintains 

the original α-Fe structure of the NFA composition. Although the NFA matrix with silicon 

diffusion and carbon-rich aggregates are detected, the much improved microstructures in the 

composites indicate the positive effects of the Cr3C2 coating as the reaction barrier. The 

Cr3C2@SiC-NFA composites are expected to be promising cladding materials in harsh nuclear 

environments. 

 

3.2. Introduction 

 

The novelty of this work is to introduce a Cr3C2 barrier layer on SiC particles (Cr3C2@SiC 

powder) to prevent the SiC-NFA reactions during sintering.  SiC and Cr3C2 [116] can coexist at 

sintering temperatures up to 1300oC. In addition, Cr3C2 has very low solubility in ferritic steel 

below 627°C and tends to precipitate from saturated α-Fe (BCC) solid solution [117]. Compared 

to our prior work [101, 102], this work emphasizes the influence of the Cr3C2 barrier layer on the 

microstructural and mechanical evolution of the SiC-NFA composites. The effectiveness of the 
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Cr3C2 coating layer as a reaction barrier was demonstrated based on pressureless sintering of the 

Cr3C2@SiC-NFA composites. Three different Cr3C2@SiC-NFA composites (5 vol% Cr3C2@SiC-

95 vol% NFA, 15 vol% Cr3C2@SiC-85 vol% NFA, and 25 vol% Cr3C2@SiC-75 vol% NFA) were 

further made by spark plasma sintering (SPS) and characterized based on density, Vickers 

hardness, microstructure, phase, and elemental compositions. The Cr3C2@SiC-NFA composites 

with high density, improved microstructure, and high hardness are expected to have promising 

cladding applications for nuclear reactors.  

 

3.3. Materials and methods 

 

The Cr3C2 coating layer on SiC particles was developed through a melt salt coating 

approach followed by high temperature reduction. First, SiC powder (D50=~0.5 µm, SiC UF15, 

H. C. Starck, Goslar, Germany) and chromium nitride powder (Cr(NO3)3•9H2O, 98.5% purity, 

Alfa Aesar, Ward Hill, MA) were mixed with a ratio of 5:1 in water and kept at 60oC for 30 mins 

in a water bath with stirring. During this process, Cr(NO3)3 was dissolved into the solution. After 

10 mins of vibratory milling, the suspension was kept at 450oC for 2 hrs in a muffle furnace to 

completely evaporate the water. A Cr2O3 coating layer was thus obtained on individual SiC 

particles (denoted as Cr2O3@SiC). The reduction process was conducted at 1300oC for 1 hr in a 

mixed atmosphere of methane and argon with the methane: argon ratio of 2:1. Thus, a final Cr3C2 

coating layer was obtained on the surface of SiC particles (denoted as Cr3C2@SiC), and the 

thickness was designed to be ~15 nm from our calculation. After mixing the Cr3C2@SiC powder 

with the NFA powder (D50=~20 µm, Fe-9Cr2W-0.4Ti-0.2V-0.12C-0.3Y2O3 [107]), green bodies 

of the 30 vol% Cr3C2@SiC-70 vol% NFA composite with a size of 12.7 mm diameter and 4 mm 

thickness were prepared by cold pressing at ~103 MPa and then pressureless sintering to 1050oC 

and 1250oC in Ar atmosphere for 1 hr.   

Cr3C2@SiC-NFA composites were also obtained using SPS with three different 

compositions including 5 vol% Cr3C2@SiC-95 vol% NFA, 15 vol% Cr3C2@SiC-85 vol% NFA, 

and 25 vol% Cr3C2@SiC-75 vol% NFA. Before sintering, the corresponding Cr3C2@SiC and 

NFA powders were mixed for 30 mins manually in a mortar. The densification was achieved by 
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SPS (SPS Nanoceramics LLC, Morton Grove, IL) at two different temperatures of 850oC and 

950oC with the same heating/cooling rate (50 °C/min), applied pressure (100 MPa), and holding 

time (10 mins).  

The phase and morphology of the as-prepared Cr3C2@SiC powders and the pressureless 

sintered Cr3C2@SiC-NFA composites were examined by X-ray diffraction (XRD, PANalytical B. 

V., Almelo, Netherlands) and scanning electron microscopy (FEI FEG-ESEM Quanta600, FEI 

Company, Hillsboro, OR, USA). The densities of the SPS sintered Cr3C2@SiC-NFA composites 

were measured using the Archimedes method. Their phases were identified by XRD. The polished 

surfaces of the composites were examined by optical microscopy (BH2-HLSH, Olympus Inc, 

Japan) and SEM. The Vickers hardness was measured by a hardness tester (LV700AT, LECO, St. 

Joseph, MI) under a load of 3 kg. The elemental compositions and maps were obtained from the 

polished surfaces using energydispersive X-ray spectroscopy (EDS) attached on the SEM.  

 

3.4. Results and discussion 

 

3.4.1. Characterization of Cr3C2 coating on SiC 

  

Fig. 3.1a shows the XRD patterns of the Cr2O3 coated SiC (Cr2O3@SiC) powder and Cr3C2 

coated SiC (Cr3C2@SiC) powder. After the thermal treatment in air, Cr2O3 phase is obtained from 

the decomposition of Cr(NO3)3 according to:  

 

 (3.1) 

 

With the reduction in the methane and argon mixture, Cr2O3 converts to Cr3C2 according to:  

 (3.2) 
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 Meanwhile, a small carbon peak can be found at ~26o, resulting from the decomposition of 

methane during the reduction process according to:  

 (3.3) 

              

By using the Rietveld method [118], the weight ratios for SiC, Cr3C2, and C are calculated 

from their XRD patterns to be 59.8 wt%, 18.6 wt%, and 21.6 wt%, respectively. The thickness of 

the Cr3C2 coating on the individual SiC particle is also evaluated to be 13 nm according to the 

weight ratio, which agrees with the designed thickness of 15 nm. Since the Cr2O3@SiC powder 

is loose during the thermal treatment, the reducing gas can easily penetrate the entire powder and 

lead to the deposition of decomposed C on the SiC particle surfaces as well. Fig. 3.1b shows the 

XRD patterns of the pressureless sintered Cr3C2@SiC-NFA composites at 1050oC and 1250oC. 

For the 1050oC sintered sample, the Cr3C2 coating is effective in preventing the reactions between 

SiC and NFA. Both SiC and NFA phases can be observed without any other phases derived from 

the reactions. However, at 1250oC sintering temperature, the Cr3C2 coating is no longer effective 

in preventing the reactions. The unknown new phase cannot be identified for now. Thus, when 

the sintering temperature exceeds 1050oC, the coating layer is broken, allowing the reactions 

between SiC and NFA.   

Fig. 3.2 shows the morphology of the as-received SiC powder, Cr2O3@SiC powder, and 

Cr3C2@SiC powder. The as-received SiC powder shows flaky shapes with sharp edges (Fig. 3.2a). 

After the Cr(NO3)3 thermal decomposition, the SiC particle surface is coated with a thin Cr2O3 

layer (Fig. 3.2b), which is comprised of Cr2O3 nanoparticles. Fig. 3.2c shows the SiC powder after 

the reduction process. The SiC particles are coated by tiny Cr3C2 particles, which have relatively 

larger sizes than the Cr2O3 particles. A thin coating layer can be found between the small particles, 

which likely included some decomposed carbon and should play a role in preventing the reactions 

between SiC and NFA particles because of the extremely low solubility of carbon in α-Fe (0.022 

wt% [109]).  
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Fig. 3.1. XRD patterns of Cr2O3@SiC and Cr3C2@SiC powders (a) and the pressureless sintered 

30 vol% Cr3C2@SiC-70 vol% NFA composite (b) at different temperatures. 

 

 

Fig. 3.2. SEM images of as-received (a) SiC powder, (b) Cr2O3@SiC powder, and (c) 

Cr3C2@SiC powder (courtesy: Dr. Kaijie Ning – co-author in this manuscript). 

 

3.4.2. Relative density and Vicker’s hardness 

 

Table 3.1 lists the relative density and Vickers hardness of the composites SPS sintered at 

850oC and 950oC. At 850oC, the 5 vol% Cr3C2@SiC-95 vol% NFA composite has a relatively 

low density of 93.22±0.13%. When the Cr3C2@SiC content increases to 15 vol%, the composite 
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density rapidly increases to 99.73±0.11%. The 25 vol% Cr3C2@SiC-75 vol% NFA composite has 

the highest relative density of 103.16±0.14%. The relative density slightly higher than 100% is 

due to the reactions between SiC and NFA during the SPS sintering process. The diffusion of Si 

into the NFA matrix (see Fig. 3.7) contributes to the lattice volume shrinkage (see Table 3.2) of 

the composite and thus causes higher relative density. At 950oC SPS sintering temperature, the 

relative density for the 5 vol% Cr3C2@SiC95 vol% NFA composite is 96.74±0.06%, which is 

much higher than that at 850oC SPS sintering. This means that higher sintering temperature 

benefits the densification of the Cr3C2@SiC-NFA composites with the lower Cr3C2@SiC content. 

However, for the other two composites with higher Cr3C2@SiC contents at 15 vol% and 25 vol%, 

their relative densities maintain the same levels as those of the 850oC sintering condition. Both of 

them approach full density and are less dependent on the sintering temperature. It is believed that 

the reactions between SiC and NFA promote elemental diffusion and enhance the densification of 

the composites.   

Vickers hardness of the Cr3C2@SiC-NFA composites in Table 3.1 shows a different trend 

for the two sintering temperatures. For the 850oC sintered composites, the hardness increases with 

the Cr3C2@SiC content, rising from 5.00±0.23 GPa for the 5 vol% Cr3C2@SiC-95 vol% NFA 

sample, to 5.16±0.14 GPa for the 15 vol% Cr3C2@SiC-85 vol% NFA sample, and further to 

5.82±0.21 GPa for the 25 vol% Cr3C2@SiC-75 vol% NFA sample. The SiC content plays a key 

role in the hardness increase. Even though the SiC phase is not detected in the XRD patterns (see 

Fig. 3.3), the density keeps increasing with the Cr3C2@SiC content at 850oC (Table 3.1). Thus, it 

can be stated that higher Cr3C2@SiC content leads to higher composite density and thus higher 

Vickers hardness. However, the hardness values of the 950oC sintered samples show slight 

fluctuation with a basically decreasing trend, from 6.33±0.33 GPa for the 5 vol% Cr3C2@SiC-95 

vol% NFA composite to 6.03±0.15 GPa for the 25 vol% Cr3C2@SiC-75 vol% NFA composite. 

The changing trend of the hardness is not related to the relative density as for the 850oC sintered 

samples. Combining with the XRD patterns from Fig. 3.3, it can be seen that reactions between 

SiC and NFA happen for all these composites. The Si diffusion from SiC to the NFA matrix 

strongly depends on the SiC content within the composites, and the ratio of Si/Fe (see Fig. 3.7) in 

the NFA matrix keeps increasing with the SiC content. It has also been reported that the Si solute 

compromises the hardness of an iron matrix [108]. As a result, the slightly decreasing hardness 

for the Cr3C2@SiC-NFA composites at 950oC is likely due to the reactions between SiC and NFA 
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and the Si diffusion to the NFA matrix. As a cladding material for nuclear reactors, the traditional 

zirconium based alloy developed for Gen I-III reactors has the Vickers hardness of 3.2-4.2 GPa 

[119]. New cladding materials for future Gen IV reactors are various ODS steels with Vickers 

hardness as follows: 14Cr-ODS~3.6-3.8 GPa [120], 14YWT (14Cr-ODS)~ 3.5-3.7 GPa [121], 

Eurofer ODS (9Cr)~3.2-4.2 GPa [122], Eurofer 97 (9Cr)~2.1-2.2 GPa [123], ODS RAF 

(14Cr)~4.5-5.0 GPa [124], European ODS (14Cr)~4.5 GPa [122]. In this study, our sintered 

Cr3C2@SiC-NFA composites have the Vickers hardness of 5-6 GPa, which is much higher than 

the zirconium based alloy and ODS steels, indicating its promising potential as a cladding material 

for nuclear reactors.  

 

Table 3.1. Relative density and hardness of 850oC and 950oC sintered Cr3C2@SiC-NFA 

composites. 

Sintering 

temperature 

(oC) 

Samples Relative 

density (%) 

Hardness (GPa) 

850oC 5 vol% Cr3C2@SiC-95 vol% NFA 93.22±0.13% 5.00±0.23 

15 vol% Cr3C2@SiC-95 vol% NFA 99.73±0.11% 5.16±0.14 

25 vol% Cr3C2@SiC-95 vol% NFA 103.16±0.14% 5.82±0.21 

950oC 5 vol% Cr3C2@SiC-95 vol% NFA 96.74±0.06% 6.33±0.33 

15 vol% Cr3C2@SiC-95 vol% NFA 99.46±0.10% 5.25±0.34 

25 vol% Cr3C2@SiC-95 vol% NFA 103.87±0.12% 6.03±0.15 
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3.4.3. Phase compositions 

 

  Fig. 3.3 shows the XRD patterns of the SPS sintered Cr3C2@SiC-NFA composites at 

850oC and 950oC. At 850oC sintering, all the three samples show just the peaks of the α-Fe phase, 

which conforms to the NFA BCC structure. However, the peaks shift to higher angles for all the 

composites. With more SiC content in the composite, the peaks shift more significantly to higher 

angles. At 950oC sintering, the main phase is α-Fe with a small amount of γ-Fe, which is present 

in the lowest SiC content sample, 5 vol% Cr3C2@SiC-95 vol% NFA. Previous work from our 

group on the SiC-NFA composite sintering shows that an increase of SiC content in the composite 

hinders the phase transformation of Fe α→γ [110]. Thus in the two composites with higher SiC 

contents of 15 vol% and 25 vol%, the γ-Fe phase is absent. Meanwhile, the SiC phase is absent 

for all the composites and the peak shift to higher angles is also obvious, similar to the 850oC 

sintered samples. With the increase of the SiC content, the extent of the peak shift is greater.  

 

 

Fig. 3.3.  XRD patterns of the SPS sintered Cr3C2@SiC-NFA composites at 850oC and 950oC. 
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Table 3.2 lists the lattice parameters for the SPS sintered Cr3C2@SiC-NFA composites at 

850oC and 950oC. For both 850oC and 950oC sintering temperatures, the composites show the 

decreasing trend of the lattice constants with the SiC contents, the lattice constants for the 25 vol% 

Cr3C2@SiC-75 vol% NFA composite shrink about 0.1% compared to those of the 5 vol% 

Cr3C2@SiC-95 vol% NFA composite. Based on the elemental composition study, the diffusion of 

Si to the NFA matrix leads to the shrinkage of the NFA lattice constant. It is also known that Si 

has a slightly smaller atomic size (1.10 Å) than Fe (1.40 Å) [111]. Thus, the strain induced by the 

unit cell shrinkage (if there is any) in the sintered Cr3C2@SiC-NFA composites should be 

beneficial, as indicated from the improved Vickers hardness in Table 3.1. Meanwhile, SPS 

sintering temperature affects the lattice parameters of the sintered composites as well. The 

composites that sintered at 950oC have smaller lattice parameters than those at 850oC. This is 

because at higher sintering temperature, the diffusion for Si is more intensive than at lower 

temperature, as demonstrated from Fig. 3.7. The 950oC sintered composites exhibit much higher 

Si/Fe ratios in the NFA matrix than the 850oC sintered composites.  

 

Table 3.2. Lattice constant (a) of 850oC and 950oC sintered Cr3C2@SiC-NFA composites. 

Sintering 

temperature (oC) 

Samples 2θ (o) Lattice constant, 

‘a’ (Å) 

850oC 5 vol% Cr3C2@SiC-95 vol% NFA 44.41 2.883 

15 vol% Cr3C2@SiC-95 vol% NFA 44.76 2.861 

25 vol% Cr3C2@SiC-95 vol% NFA 44.85 2.856 

950oC 5 vol% Cr3C2@SiC-95 vol% NFA 44.43 2.881 

15 vol% Cr3C2@SiC-95 vol% NFA 44.80 2.859 

25 vol% Cr3C2@SiC-95 vol% NFA 44.83 2.857 
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3.4.4. Microstructural evolution 

   

Figs. 3.4a, 3.4b and 3.4c show the surface images of the polished 5 vol% Cr3C2@SiC-95 

vol% NFA, 15 vol% Cr3C2@SiC-85 vol% NFA, and 25 vol% Cr3C2@SiC-75 vol% NFA 

composites sintered at 850oC, respectively. After polishing, the surfaces for all the composites 

look dense; no pores are observed. The dark contrast regions are the SiC-rich regions, which are 

more apparent in Figs. 3.4b and c due to higher SiC contents in the composites. Besides, there is 

a less bright region surrounding the dark center, as a core-shell structure. The core should be SiC-

rich and the shell should be the inter-diffusion region between SiC and NFA. Since there are only 

very few SiC cores left, there are no SiC peaks in the XRD patterns (Fig. 3.3). Figs. 3.4d, 3.4e, 

and 3.4f show the surface images of the polished 5 vol% Cr3C2@SiC-95 vol% NFA, 15 vol% 

Cr3C2@SiC-85 vol% NFA, and 25 vol% Cr3C2@SiC-75 vol% NFA composites sintered at 950oC, 

respectively. The surfaces for all the samples look rather dense. In the 5 vol% Cr3C2@SiC-95 

vol% NFA composite (Fig. 3.4d), there is no contrast difference from different phases. For the 15 

vol% Cr3C2@SiC-85 vol% NFA (Fig. 3.4e) and 25 vol% Cr3C2@SiC-75 vol% NFA (Fig. 3.4f) 

composites, the boundaries around the roundish microstructure features can be seen. However, 

the core-shell microstructures are not as visibly identified as for the 850oC sintered composites in 

Figs. 3.4b and 3.4c. Moreover, the dark contrast of the roundish microstructures in the 25 vol% 

Cr3C2@SiC-75 vol% NFA composite (Fig. 3.4f) is much more obvious than those of the 15 vol% 

Cr3C2@SiC-85 vol% NFA composite (Fig. 3.4e). In comparison, the 950oC sintered composites 

have more uniform microstructures compared to the 850oC sintered composites. This is because 

the sintering temperature affects the SiC decomposition and the diffusion of Si in the NFA matrix. 

At 950oC sintering temperature, the Si element diffuses more extensively and distributes more 

homogeneously in the NFA matrix.   

Detailed backscattered SEM images for the 25 vol% Cr3C2@SiC-75 vol% NFA sample 

are shown in Fig. 3.5. The overall distribution of the SiC-rich regions with dark contrast can be 

observed in Fig. 3.5a, and the bright shell-like structures around the SiC rich regions are also 

observed. These microstructures are reminiscent of the core-shell structure in Figs. 3.4b and 3.4c. 

The core structure is from the SiC-rich region, and the shell structure is from the transition region, 

which is affected by the reactions between SiC and NFA as well as the Si diffusion to the NFA 
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matrix. On the edge of the shell structure, there is a much brighter layer, which is identified to be 

a Cr-rich region from the EDS measurement in Fig. 3.6. The microstructure near the NFA matrix 

boundary at a higher magnification is shown in Fig. 3.5b. The left side of the boundary is the NFA 

matrix, which consists of many small sized primary grains. On the boundary, a 4 µm thick narrow 

region with small-sized dark spots is found. On the right side of the boundary, the larger-sized 

dark spots distribute (Fig. 3.5c) in a bright phase, which is believed to have the same main 

elemental composition as the NFA matrix.   

 

 

Fig. 3.4. Optical images of the polished Cr3C2@SiC-NFA composites sintered at 850oC and 950oC. 

 

The elemental distributions around the NFA matrix boundary are shown in Fig. 3.6. On 

the boundary, the bright region is Cr-rich (Fig. 3.6c) but Fe- and Si-deficient (Figs. 3.6b and e). 

On the left side of the boundary, both Fe and Cr are rich as shown in Figs. 3.6b and 3.6c. Fig. 3.6e 

indicates that Si has diffused into the NFA matrix from the SiC-rich area. In the SiC-rich area, 

although Fe and Si elements are dominant as shown in Figs. 3.6b and e, Cr is clearly observed 

based on Fig. 3.6c, which partly derives from the Cr3C2 coating on SiC. Since the NFA matrix has 
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much lower melting point (~1500oC) than that of SiC (2700oC), during the SPS sintering under 

100 MPa pressure, the Cr3C2 layer may be broken and the quick diffusion of NFA into the SiC-

rich region could lead to the reactions between them. Finally, the bright contrast backbone with 

the black spots is formed as shown in Fig. 3.5c.  

 

 

Fig. 3.5. Backscattered SEM images of the 25 vol% Cr3C2@SiC-75 vol% NFA sample sintered at 

950oC. 

 

Based on the above analysis, the SPS sintered Cr3C2@SiC-NFA composites show two 

regions, the intact NFA matrix region and the reaction region with discrete carbon-rich aggregates. 

Although there are no reaction phases observed in the XRD patterns as shown Fig. 3.3, the absence 

of SiC peaks confirms that the reactions have occurred. The decomposition of SiC leads to the 

diffusion of Si into the NFA matrix and the aggregation of carbon as demonstrated in Fig. 3.5c 

and Table 3.2. Fig. 3.7 shows the Si/Fe ratios in the NFA matrix and the reaction region (bright 

phase) for the 850oC and 950oC sintered samples. For the 850oC sintered samples in Fig. 3.7a, the 
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Si/Fe ratios in the NFA matrix stay constantly at ~0.010. This means that the diffusion of Si into 

the NFA matrix is relatively slow at 850oC. However, in the reaction region, the Si/Fe ratios are 

high and increase with the SiC content in the composites. For the 5 vol% SiC sample, the Si/Fe 

ratio in the reaction region is 0.059, ~6 times higher than that of the NFA matrix. For the 25 vol% 

SiC sample, the Si/Fe ratio in the reaction region is 0.196, ~20 times higher than that of the NFA 

matrix. This means that the diffusion of Si in the bright phase of the reaction region can be easily 

affected by the SiC content in the composites at 850oC. Meanwhile, the Si diffusion in the NFA 

matrix is restricted. For the 950oC sintered samples in Fig. 3.7b, the Si/Fe ratios in the NFA matrix 

and the bright reaction region are different from those of the 850oC sintered samples. In both 

regions, the Si/Fe ratios consistently increase with the SiC content. In the NFA matrix, the 5 vol% 

SiC sample has the Si/Fe ratio of 0.012, which is slightly higher than that of 850oC sintered 

sample. With the SiC content increase, the Si/Fe ratios increase to 0.025 for the 15 vol% SiC 

sample and 0.080 for the 25 vol% SiC sample, respectively, which are 2-8 times higher than that 

of the 850oC sintered samples. Thus, higher sintering temperature causes more intensive diffusion 

of Si into the NFA matrix. Similar to the 850oC sintered samples, the Si/Fe ratios in the bright 

phase of the reaction region for the 950oC sintered samples keep increasing from 0.077 to 0.121 

and to 0.161 with the SiC contents. Meanwhile, the Si/Fe ratios are slightly lower than those of 

the 850oC sintered sample as observed for the 15 vol% and 25 vol% SiC samples. Since more Si 

has diffused into the NFA matrix, it is reasonable that less Si is located in the reaction region.  
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Fig. 3.6. Elemental distribution around the NFA grain boundary for the 950oC sintered 25 vol% 

Cr3C2@SiC-75% vol% NFA sample. 

 

 

Fig. 3.7. Si/Fe ratios in the NFA matrix region and reaction region for 850oC (a) and 950oC (b) 

sintered composites. 
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3.5. Conclusions 

 

In this study, a Cr3C2 coating is introduced as a reaction barrier layer to fabricate novel 

Cr3C2@SiC-NFA composites. The composites with various SiC contents consolidated under SPS 

sintering have much improved microstructures compared to that of the composite without the 

coating barrier. At 850oC, the densification and hardness of the composites benefit from the 

increase of the SiC content. At 950oC, the densification is enhanced by more SiC content, while 

the hardness is compromised slightly. The Cr3C2@SiC-NFA composites maintain the main phase 

of BCC α-Fe and have a hardness of 5-6 GPa. The increase of the SiC content leads to the decrease 

of the lattice constant and also hinders the Fe α→γ phase transformation. The Si element from the 

decomposition of SiC diffuses into the NFA matrix, while the C aggregates due to its low 

solubility in NFA. The Si/Fe ratios in the NFA matrix and reaction region are dependent on both 

the sintering temperature and the SiC content in the composites. The as-sintered Cr3C2@SiC-NFA 

composites are expected to have promising cladding applications for nuclear reactors.  
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Chapter 4 

Microstructure Evolution for Nanostructured Ferritic Alloy with and 

without Chromium Carbide Coated SiC at High Temperatures 

 

4.1. Abstract 

 

This work focuses on fundamental understanding of microstructure evolution of 

nanostructured ferritic alloy (NFA) and 25 vol% Cr3C2 coated SiC(Cr3C2@SiC)-NFA composite 

during spark plasma sintering at 950°C and the following thermal treatment at 1000C. A unique 

bi-phase microstructure with distinct Cr-rich and Si-rich phases has been observed for the 25 vol% 

Cr3C2@SiC-NFA composite, while for the NFA sample, the traditional large grain microstructure 

remains. Grain sizes are significantly smaller for the 25 vol% Cr3C2@SiC-NFA composite 

compared to those for the pure NFA, which can be attributed to the presence of grain boundary 

phases in the composite sample. During the thermal treatment, microstructure features can be 

directly correlated with the dissolution kinetics and phase diagrams calculated using Thermo-

Calc/DICTRA/PRISMA®.  

 

4.2. Introduction 

 

Spark plasma sintered NFA and SiC-NFA composites with and without reaction barriers 

(Cr3C2 and carbon) were explored in our previous research [110, 125-127] for nuclear reactor 

claddings. A Cr3C2 coating on SiC particles (Cr3C2@SiC) and a carbon coating on NFA (C@NFA) 

particles were created in order to suppress the formation of detrimental reaction products such as 

iron silicides (Fe3Si, FeSi) [126, 127]. Our earlier work reported density, hardness, and preliminary 

microstructural characterization of spark plasma sintered (SPS) Cr3C2@SiC-NFA composites with 

various Cr3C2@SiC volume fractions. These composites showed excellent mechanical and high 

temperature oxidation and irradiation properties [127-129]. With combined properties of NFA and 
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SiC, they can serve as a promising candidate for fuel cladding to replace existing zirconium based 

alloys. 

This chapter reports detailed microstructural characterization and comparison of the pure 

NFA and Cr3C2@SiC-NFA composite after the SPS sintering. Microstructural evolution during 

prolonged thermal treatment at 1000oC is also discussed. Phase evolution and precipitate formation 

are evaluated using Thermo-Calc/DICTRA/PRISMA simulations.  

 

4.3. Materials and Methods 

 

The NFA powder was prepared using high energy ball milling of a ferritic steel powder 

(Fe-9Cr-2W-0.4Ti-0.2V-0.18C) with 0.3 wt% Y2O3 in an argon atmosphere (average size ~15 μm, 

ball milling was performed at Oak Ridge National Laboratory). SiC particles (Grade UF-15, α-

SiC, ~1.25 μm average size, H.C. Starck, Karlsruhe, Germany) were coated with Cr3C2 using a 

melt salt method followed by reduction treatment at high temperatures. The NFA and 25 vol% 

Cr3C2@SiC powder were mixed and densified using spark plasma sintering (SPS) at 950oC with 

a heating/cooling rate of 50oC/min, applied pressure of 100 MPa, and holding time of 10 minutes. 

Detailed procedures of creating the Cr3C2 coating on SiC and sintering the pure NFA and 

Cr3C2@SiC-NFA composite are reported in previous chapter. 

The SPS densified NFA and 25 vol% Cr3C2@SiC-NFA composite were treated at 1000oC 

in an argon atmosphere for 50 hours. The thermal treatment was performed in a tube furnace (1730-

20 HT Furnace, CM Furnace Inc., Bloomfield, NJ) with a gas flow of ~1.2 Lmin-1 at 1 atm 

pressure.  

Microstructures were analyzed using scanning electron microscopy in the backscattered 

mode (FEG E-SEM QUANTA600, FEI Company, Hillsboro, OR, USA) and the compositions 

were analyzed using energy dispersive spectroscopy (Bruker EDS). An electron backscatter 

diffraction detector (TSL/EDAX/EBSD attached to a focused ion beam microscope (FIB), Helios 

Nanolab, FEI Company, Hillsboro, OR, USA) was used to characterize grain size and grain size 

distribution. The EBSD measurements were performed using a 20 kV beam (probe current = 11 

nA) with a 70o tilt angle to the horizontal axis. The EDAX Team software was used to collect data 
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and the OIM analysis software was used for post processing and data analysis without the problem 

of interconnecting grains from participates. EBSD maps were cleaned using grain dilation routing 

with default parameters (grain tolerance angle ~5o and minimum grain size ~2 pixels).  

 STEM-EDS analysis was performed using scanning transmission electron microscopy 

(JEOL 2100 attached with an EDS detector). The samples for the STEM-EDS analysis were 

obtained by cutting a thin sample section (~400 μm) using a Beuhler Isomet low speed saw. The 

section was then gently polished with diamond papers (~1 μm size) up to ~60 μm thickness. Final 

thinning was carried out using a Fischione 1010 low angle ion mill under a 3 kV argon ion beam, 

a 5 mA current, and a 12o incident angle. The JEOL TEM was also used to acquire electron 

diffraction patterns from various phases. CrystalMaker and CrysTBox software were used for 

phase identification based on diffraction pattern analysis.  

ThermoCalc® software was used to calculate the phase diagram of the NFA and SiC 

system. The Si and C elements were simultaneously varied in the same amount in the NFA alloy 

to mimic addition of SiC. The DICTRA module in ThermoCalc was used to simulate the 

dissolution of spherical SiC particles in NFA at the sintering temperature of 950oC. Diffusion 

profiles of important elements (Fe, Cr, Si, and C) were plotted against the distance from the SiC-

NFA interface to estimate the amount of SiC dissolution. Finally, the formation of new precipitates 

and their sizes after sintering and thermal treatment were estimated using TTT diagram and 

PRISMA module in ThermoCalc. The Y and O elements were not considered for simulation 

because Y-rich nanoclusters should have formed much before dissolution of Cr3C2@SiC in NFA 

owing to supersaturation (of Y and O in NFA) during mechanical alloying itself. Since SiC 

dissolved into the NFA very fast (as to be shown later in Fig. 4.7) and the amount was much higher 

(25 vol%) than the Y2O3 content (0.3 wt%), the impact of the Y2O3 nanoclusters in the SiC 

dissolution was ignored. TCFE9 and MOBFE4 databases were used for all these calculations.  
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4.4. Results and discussion 

 

4.4.1. Microstructural evolution during spark plasma sintering 

 

Fig. 4.1 shows the SEM micrographs of the spark plasma sintered NFA and 25 vol% 

Cr3C2@SiC-NFA samples. The NFA sample shows mainly equiaxed grains along with some pores 

at the grain boundaries; there are no visible secondary phases, as indicated in Fig. 4.1a. The 

microstructure of the 25 vol% Cr3C2@SiC-NFA sample shows fine light gray precipitates (P1) in 

a dark gray matrix as shown in Fig. 4.1b. The precipitates (P1) form interconnected structures, 

possibly due to their large volume fraction and coalescence of adjacent growing precipitates during 

the spark plasma sintering process. Very fine and bright precipitates (P2) can also be seen 

throughout the microstructure (Fig. 4.1b). The dark phase (pointed out by the green arrow) in Fig. 

4.1b is a graphite precipitate as identified in previous chapter. The P1 and P2 precipitates are 

identified as M7C3 and MC type carbides and will be discussed in detail in Chapter 4. All these 

precipitates, P1, P2, and graphite, are a result of reactions between the NFA and Cr3C2@SiC 

particles during the spark plasma sintering, as to be discussed in Chapter 4. It should be mentioned 

that Y-Ti-O-rich precipitates (or clusters) are present in the NFA and 25 vol% Cr3C2@SiC-NFA 

samples. However, they are too fine to be visible in these images. Previous research on various 

ODS/NFA alloys have shown that very fine (2-4 nm) Y-rich nanoclusters (such as Y-Ti-O) are 

only visible from high magnification TEM images with certain imaging conditions or using atom 

probe tomography. Examples are the work of Massey et al. [130], which showed no oxide clusters 

under TEM and EDS but the opposite through atom probe tomography, as well as Kishimoto et 

al.’s [131] work on 14CrYWTi alloy, which showed no oxide clusters in a low magnification bright 

field TEM image, but with dark field imaging under high magnification showed the presence of 

the nanoclusters. Since Y-Ti-O nanoclusters are not the focus of this study, these experiments were 

not performed. Previous research on the same NFA alloy has reported the presence of 2-4 nm Y-

Ti-O nanoclusters with a high number density (~1024 m-3). Recent work on spark plasma sintered 

9Cr [132] and 14Cr [63, 133] ODS alloys have reported fine Y-Ti-O nanoclusters in the 

microstructures. It is fair to assume that both NFA and Cr3C2@SiC-NFA composites reported here 
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contain fine Y-Ti-O nanoclusters. In addition, extensive studies on the functions of these clusters 

have been carried out before [59, 134] and will not be discussed here.  

 

  

Fig. 4.1. SEM micrographs of (a) NFA and (b) 25 vol% Cr3C2@SiC-NFA composite after the SPS 

sintering (the right side is the magnified image of the left side for each sample). 

 

Fig. 4.2a shows the EBSD inverse pole figure (IPF) map of the SPS sintered NFA 

specimen. The grain size is on average ~15 μm but the microstructure has a mixture of very large 

grains (~45 μm) and plenty of small grains (4-5 μm). Such a bimodal grain size distribution has 

been previously observed in various SPS sintered ODS alloys [132, 135-142]. The behavior is 

attributed to variations in dislocation density and heterogeneous distribution of Y-Ti-O 

nanoclusters, which create heterogeneous grain boundary pinning effects and also local variations 

in heat distribution due to the joule heating effect during the SPS process [136, 141, 143]. The IPF 

map in Fig. 4.2a shows no preferential grain orientation and almost fully recrystallized grains with 

no remnants of dendritic microstructures from the starting powder. Figs. 4.2b and 4.2c show the 

IPF maps of α-ferrite and M7C3 grains of the 25 vol% Cr3C2@SiC-NFA composite respectively. 

There is no preferential grain orientation for the α-ferrite grains. The size of the α-ferrite grains is 

much smaller (~3 μm) compared to that of the NFA sample (~15 μm). The overall smaller size 

grains in the 25 vol% Cr3C2@SiC-NFA composite can be attributed to the strong pinning effect 
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due to the significant precipitation of the P1 and P2 phases as a result of the reactions between 

NFA and Cr3C2@SiC during the spark plasma sintering. Fig. 4.2c shows that the interconnected 

worm-like structure of the M7C3 (or P1) precipitates consists of small (1-1.5 μm) sized equiaxed 

grains with no preferential orientation. Fig. 4.2d shows the EBSD phase map of the 25 vol% 

Cr3C2@SiC-NFA composite with the α-ferrite and M7C3 phases. The shape and size of the α-ferrite 

and M7C3 phases correspond well with the dark gray and light gray regions in the SEM image as 

shown in Fig. 4.1b respectively. 

 

 

  

Fig. 4.2. (a) IPF map of the NFA sample; IPF maps of (b) α-ferrite grains and (c) M7C3 grains, 

and (d) phase map of the 25 vol% Cr3C2@NFA-SiC composite after the SPS sintering. 
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4.4.2. Effect of thermal treatment on microstructures 

 

Fig. 4.3 shows the microstructures of the NFA and 25 vol% Cr3C2@SiC-NFA composite 

after the thermal treatment at 1000oC for 50 hours. The NFA sample (Fig. 4.3a) shows equiaxed 

grains, similar to those observed before the thermal treatment (Fig. 4.1a). The 25 vol% 

Cr3C2@SiC-NFA composite after the treatment (Fig. 4.3b) shows dark gray NFA (ferrite) grains, 

light gray P1 precipitate, and fine bright P2 precipitate, similar to those before the thermal 

treatment (Fig. 4.1b). The major change is the grain sizes. Fig. 4.4 shows the size and volume 

fraction of the precipitates (P1, P2) before and after the 1000oC treatment measured using ImageJ 

software (grey scale method was used for volume fraction measurement). The sizes of the P1 and 

P2 precipitates show 110% and 108% increases, respectively, after the thermal treatment at 

1000oC. The volume fractions of the P1 and P2 precipitates show 37.5% and 75% increases 

respectively. Therefore, the thermal treatment at 1000oC has resulted in significant coarsening and 

potentially more nucleation of the existing precipitates (P1 and P2). In both cases, the amount of 

the P2 phase (MC) is significantly less than that of the P1 phase (M7C3). 

 

 

Fig. 4.3. SEM micrographs of (a) NFA and (b) 25 vol% Cr3C2@SiC-NFA composite after the 

thermal treatment at 1000oC for 50 hours (the right part is the magnified image of the left part). 

(b) (a) 
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Fig. 4.4. (a) Size and (b) volume fraction of P1 and P2 precipitates before and after the 1000oC 

thermal treatment for 50 hours. 

 

Fig. 4.5 shows the STEM bright field images of the 25 vol% Cr3C2@SiC-NFA composite 

after the thermal treatment at 1000oC for 50 hours. The bright region is Fe-rich (Fig. 4.5b). This 

phase is similar to the dark grey NFA grains in the corresponding SEM images (Figs. 4.1b and 

3b). The dark region in Fig. 4.5 can be correlated with the P1 precipitate in the SEM images in 

Figs. 4.1b and 4.3b. The diffraction patterns corresponding to the bright region (NFA) and dark 

region (P1) in Fig. 4.5 are shown in Figs. 4.6a and 4.6b respectively. The patterns are indexed by 

comparing with the simulated patterns from the CrysTBox and CrystalMakerTM software and Figs. 

4.6a and 4.6b are consistent with standard NFA and M7C3 crystallographic files (.cif files available 

on the Crystallography Open Database (COD) website). The NFA region has been indexed as an 

α-ferrite phase, while the P1 phase is identified as a M7C3 phase, which is consistent with the 

EBSD results from Fig. 4.2c. The EDS mappings in Figs. 4.5a and 4.5b show that the M7C3 phase 

is rich in both Fe and Cr. Therefore, the composition of the P1 precipitates should be (Fe,Cr)7C3.  
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Fig. 4.5. STEM-BF images (a, c) with corresponding EDS mappings (b, d) for the Cr3C2@SiC-

NFA composite after the 1000oC treatment for 50 hours. 

 

Some fine precipitates can be observed in both the bright and dark regions as shown in 

Figs. 4.5a and 4.5b. This phase is made up of the bright fine precipitates (P2) observed in Figs. 

4.1b and 4.3b. The EDS analysis shows Ti- and W-enrichment in these precipitates. The W-

enrichment explains the bright contrast in the SEM images (Figs. 4.1b and 4.3b). These precipitates 

are believed to be (Ti,W)C, i.e. MC type carbides [144]. It should be mentioned that the presence 

of the M7C3 and MC carbide phases has been previously reported for various ODS and ferritic 

alloys [144-147]. STEM images in Fig. 4.5 is at low magnification.  
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Fig. 4.6. (a) Diffraction pattern from the bright area, (b) diffraction pattern from the dark area (P1) 

in Fig. 5a. 

 

4.4.3. Fundamental understanding of microstructural evolution 

 

Fig. 4.1b shows that the spark plasma sintering process has resulted in complete dissolution 

of the Cr3C2@SiC powder and formation of new phases such as (Fe,Cr)7C3, (Ti,W)C, and graphite. 

The reactions between SiC and NFA after the coating dissolution can be divided into two steps. 

The first step is dissociation of SiC into Si and C, according to Eq. (4.1). The dissociated Si and C 

atoms diffuse into NFA, thus forming Si- and C-containing supersaturated NFA. This 

supersaturated NFA then leads to the precipitation of graphite, M7C3, and MC phases as shown in 

Fig. 4.1b. 

𝑆𝑖𝐶 →   𝑆𝑖𝑁𝐹𝐴 + 𝐶𝑁𝐹𝐴 (4.1) 

The dissolution kinetics of SiC has been studied using the DICTRA® software package as 

shown in Fig. 4.7. Within only 400 seconds, a significant amount of SiC region has dissolved (~4.3 

μm thick) in the NFA at 950oC. This behavior is driven by the high diffusivities (2.37×10-13 m2/s 

and 1.31×10-10 m2/s) of Si and C respectively in the α-ferrite matrix. Since the original SiC particle 

size was around 1-2 μm, all the SiC particles should have dissolved in the NFA matrix. Therefore, 
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it can be assumed that supersaturated NFA with homogeneous Si and C compositions has formed 

at a sintering temperature of 950oC according to Eq. (4.1). Figs. 4.8a-4.8d show diffusion 

behaviors of important elements (Fe, Cr, Si, and C respectively) in this system. Diffusion behavior 

of Si and C in Figs. 4.8b and 4.8d clearly shows significant penetration inside the NFA matrix after 

SiC dissolution (around ~20 μm for Si and ~60 μm for C).  

 

 

Fig. 4.7. Dissolution kinetics of SiC in the NFA matrix at a sintering temperature of 950oC. 
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Fig. 4.8. Diffusion behaviors of (a) Cr, (b) Si, (c) Fe, and (d) C based on the ThermoCalc-DICTRA 

simulations during sintering at 950oC. 

 

The second step involves formation of equilibrium phases from the newly homogenized 

composition. This leads to the precipitation of graphite, (Fe,Cr)7C3, and (Ti,W)C phases according 

to the reaction in Eq. (4.2). The phase diagram of the Cr3C2@SiC-NFA composite in Fig. 4.9 

confirms the formation of these phases. The precipitation of the secondary phases from the 

supersaturated NFA can be visualized using the phase diagram in Fig. 4.9 and the TTT diagram in 

Fig. 4.10. It shows the presence of NFA (α-ferrite with dissolved Si), graphite, and carbides 

(Fe,Cr)7C3 and (Ti,W)C. This observation correlates well with the results from our previous work 

where Si dissolved α-ferrite and graphite were observed using SEM-EDS [127]. The phase 

diagram was constructed using the ThermoCalc console mode, where the Cr3C2@SiC content in 
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the NFA was varied rather than only varying a single element.  The TTT diagram in Fig. 4.10 

shows that all the precipitates form almost instantaneously (<10-2 s) at 950oC (during the sintering) 

as well as during the thermal treatment at 1000oC.  

 

NFA (supersaturated with Si and C) → NFA (Si) + (Fe, Cr)7C3 + (Ti, W)C + C (4.2) 

 

 

Fig. 4.9. Phase diagram of the Cr3C2@SiC-NFA system. 
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Fig. 4.10. TTT diagram of graphite, (Fe,Cr)7C3, and (Ti,W)C phases for the 25 vol% Cr3C2@SiC-

NFA composite. 

 

In Fig. 4.4, both the size and volume fraction of the M7C3 and MC type precipitates increase 

after the 1000oC thermal treatment. This means that the thermal treatment has resulted in 

coarsening of the precipitates formed during the SPS sintering along with potential nucleation of 

new (Fe,Cr)7C3 and (Ti,W)C type precipitates based on the TTT diagram in Fig. 4.10. Precipitation 

simulations were carried out at 1000oC using the PRISMA module of the ThermoCalc software to 

estimate the size of the M7C3 and MC carbides after the thermal treatment. The simulated sizes of 

the (Fe,Cr)7C3 and (Ti,W)C type carbides match reasonably well with the experimental results as 

shown in Fig. 4.11. Fig. 4.12a and 4.12b shows SEM micrographs of Cr3C2@SiC-NFA composites 

after thermal treatment at 1000oC for 25 and 75 hours respectively. The precipitate sizes after 25 

and 75-hour treatment are also plotted in Fig. 4.11. However, the estimated sizes of the (Fe,Cr)7C3 

and (Ti,W)C type precipitates before the thermal treatment (or after sintering) are much smaller 

than the actual sizes in Fig. 4.4. This means local overheating and enhanced diffusion under the 

electric current in the SPS sintering must have accelerated the nucleation and growth of these 

precipitates, since the ThermoCalc software cannot consider the electric field effect. This process 

can be visualized using enhanced mass transport from an electromigration theory in Eq. (4.3). 
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Ji = −
DiCi

RT
[
RT ∂ 𝑙𝑛 Ci

∂x
+ Fz∗E] 

(4.3) 

 

where Ji is the flux of the diffusing species i, Di is the diffusivity of the species, Ci is the 

concentration of the species, F is Faraday’s constant, z* is the effective charge on the diffusing 

species, E is the field, R is the gas constant, and T is temperature [148]. 

 

 

Fig. 4.11. ThermoCalc PRISMA simulations of the size of (a) (Fe,Cr)7C3 and (b) (Ti,W)C 

precipitates and the corresponding experimental values after the sintering and thermal treatment 

(Data points with error bars show experimental values, which are also reported in Fig. 4.4a; curve 

plots show simulation results. 



62 

 

  

Fig. 4.12. SEM micrographs of Cr3C2@SiC-NFA composites after thermal treatment at 1000oC 

for (1) 25 hours and (b) 75 hours. 

 

Coarsening of the (Fe,Cr)7C3 and (Ti,W)C precipitates can be visualized based on the 

Ostwald ripening equation:                                                                

r3 − ro
3 =

8γcυ2D

9RT
t = kt 

(4.4) 

Where r and ro are the radii of the precipitate before and after the thermal treatment respectively. 

γ is surface energy, c is the solubility of the precipitate, D is the diffusivity of the precipitate, R is 

gas constant, T is temperature, ν is the molar volume of the precipitate, t is time, and k is coarsening 

rate coefficient.  

For the (Fe,Cr)7C3 and (Ti,W)C precipitates, the coarsening rate coefficient k can be 

calculated using the ThermoCalc-DICTRA module as shown in Fig. 4.13. The estimated sizes of 

the (Fe,Cr)7C3 precipitates after the 1000oC treatment for 25, 50 and 75 hours are 1.19 μm, 1.33 

μm, and 1.44 μm, while experimental values are 1.3±0.3 μm, 2.1±0.4 μm, and 2.2±0.5 μm 

respectively. Similarly, the estimated sizes of the (Ti,W)C precipitates after the 1000oC treatment 

for 25, 50 and 75 hours are 0.147 μm, 0.181 μm, and 0.205 μm, while experimental values are 

0.095±0.03 μm, 0.16±0.5 μm, and 0.15±0.08 μm respectively. The simulated sizes of both 

(Fe,Cr)7C3 and (Ti,W)C precipitates are reasonable close to size range observed during 

experiments.  
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Fig. 4.13. ThermoCalc DICTRA simulations of the coarsening rate coefficient of the (Fe,Cr)7C3 

and (Ti,W)C precipitates. 

 

4.5. Conclusions 

 

Microstructural evolutions of spark plasma sintered NFA and 25 vol% Cr3C2@SiC-NFA 

composite before and after the thermal treatment at 1000oC for 50 hours were studied. The grain 

sizes for the 25 vol% Cr3C2@SiC-NFA composites are far smaller than those for the NFA sample 

(2 μm vs. 12 μm). The 25 vol% Cr3C2@SiC-NFA composite shows a large amount of (Fe,Cr)7C3 

and (Ti,W)C carbides in the microstructure along with the α-ferrite (NFA) matrix. The precipitates 

(Fe,Cr)7C3 and (Ti,W)C show considerable increase in size and volume fraction after the 1000oC 

thermal treatment. The microstructural evolution of the 25 vol% Cr3C2@SiC-NFA composite 

during the SPS sintering and after the thermal treatment was explained using the ThermoCalc 

phase diagram and diffusion/precipitation simulations. The coarsening rate of the precipitates 

((Fe,Cr)7C3 and (Ti,W)C) calculated using the ThermoCalc DICTRA module matches well with 

the experimental results.   
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Chapter 5 

High Temperature Oxidation Behavior of Silicon Carbide – Carbon 

Coated Nanostructured Ferritic Alloy Composites in Air+Water 

Vapor Environment  

 

5.1. Abstract 

 

Oxidation behavior of silicon carbide (SiC) - carbon coated nanostructured ferritic alloy 

(C@NFA) composites was investigated in an air+45 vol% H2O atmosphere at 500-1000oC. All 

the composites show an oxidation structure with an outer Fe-rich layer and an inner Cr-rich layer, 

as well as internal oxidation along grain boundaries. Oxidation resistance increases with SiC 

addition. The corresponding fundamental mechanism is proposed. The improved oxidation 

resistance for the higher SiC content composites is attributed to a delay in ‘breakaway oxidation’ 

due to improved kinetics for the formation of dense Cr2O3 and SiO2 protective layers. 

 

5.2. Introduction 

 

Fuel cladding materials experience harsh oxidation conditions in water vapor containing 

nuclear environments [55, 149, 150]. High temperature oxidation resistance is critical to the safe 

and long term operation of nuclear stations [31]. Especially at the coolant loss condition during 

the accident, the cladding material must be able to withstand the high temperatures up to 1000oC 

without compromising its strength and ductility. Understanding the oxidation behavior for the 

cladding material at higher temperature water vapor condition is a critical step for developing 

accident tolerant cladding material. It is known that a protective chromia (Cr2O3) layer imparts 

high oxidation resistance to Fe-Cr alloys. However, water vapor environment is known to promote 

oxidation of Cr rather than forming an external protective chromia layer [57, 58]. The harsh 

moisture-containing environments can also cause accelerated chromium loss due to the formation 
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of volatile CrO2(OH)2 [66, 67, 69, 76]. This process leads to a phenomenon called ‘breakaway 

oxidation’ where chromia scale is replaced by a non-protective Fe-rich scale [58, 69]. The adverse 

effect of water vapor on corrosion resistance of various steels at high temperature is widely 

reported in literature [54, 57, 58, 67, 69-75]. Pint et. al. [55] stated that steels should have at least 

20% Cr content in order to have a stable and protective chromia layer in high temperature steam 

environments. Ehlers et. al. [69] found that higher H2O/O2 ratio in the atmosphere promotes the 

formation of a non-protective Fe-rich layer on 9 wt% Cr P91 ferritic steel at high temperatures. 

The double layer scale formation with an internal Cr-rich and external Fe-rich layer is observed in 

previous studies on water vapor/steam oxidation of Fe-Cr alloys [57, 58, 69, 77, 78]. Ishitsuka et. 

al. [79] studied steam oxidation resistance of Si-containing Fe-9Cr alloy and reported that the low 

oxidation rates in the high Si-containing alloy are attributed to the formation of amorphous SiO2 

at the scale and metal interface. Fujikawa et. al. [80] reported that silicon enrichment in the internal 

spinel phase layer greatly reduces the ionization of Fe and its diffusion in the oxide layer during 

high temperature steam oxidation.  

This work focused on the effects of thermal treatment on the NFA and SiC-C@NFA 

composites at 500-1000oC in air+45 vol% H2O vapor environment. The oxidation resistance was 

studied based on weight change and oxidized layer thickness. The oxide layer microstructures, 

phase compositions, and surface morphologies were characterized and investigated. The overall 

oxidation mechanism was elucidated from a thermodynamic point of view.  

 

5.3. Materials and methods 

 

Chapter 2 has detailed the preparation method, density, and microstructural evolution of 

the SiC-C@NFA composites. In brief, carbon coated NFA powder (C@NFA, NFA with a 

composition of Fe-9Cr-2W-0.4Ti-0.2V-0.12C-0.3Y2O3) was mixed with 5, 15, and 25 vol% SiC 

powder and then densified using spark plasma sintering (SPS) at 850oC and 950oC for 10 minutes 

with pressure of 100 MPa and heating/cooling rate of 50 oC/min.  

In this work, the pure NFA and 5-25 vol% SiC-C@NFA composites were thermally treated 

in an air+45 vol% H2O atmosphere. The composite samples were cut into size of 5 mm×5 mm×3 
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mm and surfaces were polished using SiC papers (grit size: 180, 400, 600, 800, 1200) and alumina 

suspension (size: 1 μm) before thermal treatment. It was carried out in a tube furnace (1730-20 HT 

Furnace, CM Furnace Inc., Bloomfield, NJ) at temperatures of 500oC, 750oC, and 1000oC for 50 

hours. The air+45 vol% H2O atmosphere was generated by passing air through a water jar before 

it reached the tube furnace. The water in the jar was maintained at 80oC and generated the saturated 

vapor pressure of 355 mmHg, which corresponded to ~45 vol% of water vapor. The weight 

changes of the samples were tracked using a balance before and after the thermal treatment in 

air+45 vol% H2O atmosphere. Normalized weight changes with respect to sample areas were 

obtained for all the samples.  

The phase compositions of the oxidized sample surfaces were examined using an X-ray 

diffractometer (XRD, PANalytical B.V., Almelo, Netherlands) with Cu-Kα radiation at an 

operating condition of 45 kV/40 mA. Scanning electron microscopy (SEM, FEG ESEM 

QUANTA600, FEI Company, Hillsboro, OR, USA) was performed to characterize the surface 

morphology and cross section microstructure of the oxidation layers. Elemental distributions along 

the cross section of the oxide layers were analyzed using an energy dispersive spectrometer (EDS) 

(model of BRUKER) attached to the SEM.  

The oxidation behavior of the samples was studied based on the Thermo-Calc® software. 

The corresponding phase diagrams and elemental diffusion coefficients (DCr and DFe) at the 

thermal treatment conditions were obtained. The average elemental compositions in each 

composite were calculated by considering contributions from SiC, C-coating, and NFA. 

 

5.4. Results and discussion 

 

5.4.1. Physical changes 

 

Fig. 5.1 shows the effect of SiC addition on the mass changes for the 850oC and 950oC 

sintered pure NFA and 5-25 vol% SiC-C@NFA composites during the thermal treatment in air+45 

vol% H2O atmosphere. There are three major factors that contribute to the mass changes during 

the oxidation process: oxide layer formation, oxide layer spallation, and volatile species formation 
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and depletion. The oxide scale formation contributes to the mass gain due to oxygen uptake during 

metal-oxygen reaction. The difference in thermal expansion coefficients between the oxide scale 

and the substrate at high temperatures results in the oxide layer spallation and concurrent mass 

loss. The chemical reactions between the oxide layer and the atmosphere (more specifically H2O 

vapor) also lead to the formation of volatile species such as metal hydroxide, which again 

contribute to the mass loss.  

As shown in Fig. 5.1a, the 850°C sintered pure NFA and 5-25 vol% SiC-C@NFA 

composites after the thermal treatment in air+45 vol% H2O at 500oC and 750oC have significantly 

less mass gains (0.4-15 mg/cm2) compared to that of the 1000°C treated composites except for the 

25 vol% SiC composites. (The marginal increase in the mass gain for the 850oC sintered 15 vol% 

SiC-C@NFA composite after the 500oC thermal treatment is probably because of sample quality 

variation derived from sintering, and it does not alter the overall trend in this work). For the 500oC 

thermal treated samples, the 25 vol% SiC-C@NFA sample shows the lowest mass gain of 0.38 

mg/cm2 as compared to 1.15 mg/cm2 for the pure NFA. While for the 750oC thermally treated 

samples, the mass gain decreases from 14.6 mg/cm2 for the pure NFA to 4.5 mg/cm2 for the 25 

vol% SiC-C@NFA. The mass gains after the 1000oC thermal treatment show considerable 

decrease from 111.9 mg/cm2 for the pure NFA to 8.5 mg/cm2 for the 25 vol% SiC-C@NFA. Less 

than 1/10 of the mass gain for the 25 vol% SiC-C@NFA composite than that for the pure NFA 

means that the high SiC with 25 vol% addition significantly improves oxidation resistance of the 

SiC-C@NFA composites. All the 950oC sintered pure NFA and 5-25 vol% SiC-C@NFA 

composites show negligible mass gains after the 500oC and 750oC thermal treatments (0.03-3.5 

mg/cm2) as shown in Fig. 5.1b. There is no obvious correlation with the SiC addition in the 

samples. The 950oC sintered samples also show better oxidation resistance than the 850oC sintered 

samples at the same thermal treatment condition. The 950oC sintered pure NFA and 5-25 vol% 

SiC-C@NFA composites show decreasing trend in mass gain similar to the 850oC sintered 

composites after the 1000oC treatment. The mass gain for the 950oC sintered pure NFA is 

comparable to that of the 850oC sintered condition (~107 vs ~ 111.9 mg/cm2 respectively) after 

the 1000oC treatment. However, the 950oC sintered 5 and 15 vol% SiC-C@NFA composites have 

much lower mass gains (84.5 vs 23.2 mg/cm2) than that of the 850oC sintered 5 and 15 vol% SiC-

C@NFA composites (111.7 vs 86.2 mg/cm2). The 950oC sintered 25 vol% SiC-C@NFA 

composite shows significantly lower mass gain (7.8 mg/cm2) compared to that of the pure NFA 
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(107 g/cm2) as well as that of the 5 and 15 vol% SiC composites (84.5 and 23.2 g/cm2) during the 

1000oC treatment. The 950oC sintered samples have better oxidation resistance than the 850oC 

sintered samples at the same treatment condition, which is attributed to the higher densities derived 

from the sintering temperature. As discussed in section 2.4.2 in Chapter 2, the higher sintering 

temperature of 950oC produces higher relative density for the same composition sample. The 

denser samples tend to have fewer defects, which can hinder oxidant diffusion and benefit the 

oxidation resistance. 

 

 

Fig. 5.1. Effect of SiC addition on mass gain for the air+water vapor thermal treated pure NFA 

and 5-25 vol% SiC-C@NFA composites after 850oC (a) and 950oC (b) sintering. (The error bars 

for all samples are within ± 0.38 mg/cm2). 

 

5.4.2. Phase composition 

 

Fig. 5.2 shows the XRD patterns of the 850oC and 950oC sintered pure NFA and 5-25 vol% 

SiC-C@NFA composites after the thermal treatments. All the samples show mainly hematite 

phase after the thermal treatment between 500-1000oC. For the 500oC thermal treatment condition, 

the pure NFA and 5-25 vol% SiC-C@NFA composites show the hematite phase without 

preferential growth. For the 750oC thermal treatment condition, the XRD peaks of the (300) plane 

from the hematite phase in the pure NFA and SiC-C@NFA composites have higher intensity, 
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meaning that the hematite phase has preferential growth along the (300) plane. For the 1000oC 

thermal treatment condition, the pure NFA and 5 vol% SiC-C@NFA composite show preferential 

growth of the hematite phase along the (600) plane, while the 15 vol% and 25 vol% SiC-C@NFA 

composites have no preferential growth of the hematite phase. The same phenomenon has been 

observed in previous work from our group with 0-5 vol% SiC-NFA composites (without any 

coating) after the thermal treatment in air+45 vol% H2O at 500-1000oC [151]. The 15 vol% and 

25 vol% SiC-C@NFA composites without the preferential growth of hematite after the 1000oC 

thermal treatment indicate higher oxidation resistance capability compared to the pure NFA and 5 

vol% SiC-C@NFA composite. This is also reflected by the lower mass gain (Fig. 5.1) and smaller 

thickness of the oxidized layer (Fig.  5.10). Due to the thinner oxide layer for the 15 vol% SiC-

C@NFA composite after the 1000oC treatment, the magnetite phase beneath the hematite top layer 

can be observed from the XRD pattern as shown in Fig. 5.2a. The 25 vol% SiC-C@NFA 

composites shows minor phase shift in hematite peaks as compared to pure NFA, 5 and 15 vol% 

SiC-C@NFA composites. This corresponds to presence of protective Cr rich oxide phase in 

addition to Fe2O3. 

 

 

Fig. 5.2. XRD patterns of the 850oC and 950oC sintered pure NFA and 5-25 vol% SiC-C@NFA 

composites after the air+water vapor thermal treatment at 500oC, 750oC, and 1000oC. 
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5.3.3. Surface morphology  

 

The surface morphologies of the 850oC and 950oC sintered pure NFA and 5-25 vol% SiC-

C@NFA composites after the thermal treatment in air+45 vol% H2O at 500-1000oC are shown in 

Fig. 5.3 and Fig. 5.4 respectively. All the 850oC sintered samples show morphologies similar to 

950oC, therefore discussion is omitted here for brevity. After the 500oC treatment, the pure 950oC 

sintered NFA as well as the 5 and 15 vol% SiC-C@NFA composites have similar fine and 

continuous flake-like microstructures as shown in Figs. 5.4a-5.4d, which is believed to be the 

hematite phase as identified from the XRD analysis (Fig. 5.2). The 25 vol% SiC-C@NFA 

composite does not show the flake-like microstructures, different from the 0-15 vol% SiC 

composites. Instead, bright contrast regions with a rough surface and dark contrast regions with a 

flat surface can be observed. As discussed earlier based on the mass gain in Fig. 5.1 and the XRD 

patterns in Fig. 5.2, the 25 vol% SiC-C@NFA composite has stronger oxidation resistance, which 

is directly responsible for the different surface morphology compared with those of the pure the 

NFA and the 5-15 vol% SiC composites at the same thermal treatment condition. Due to the higher 

SiC addition in the 25 vol% SiC-C@NFA composite, the dark contrast regions are believed to be 

very thin oxidation layers, which result from the SiC rich region in the composites. Similar surfaces 

can be found when comparing the same sample before and after thermal treatment [152]. The 

bright contrast regions have higher oxidation resistance than the dark contrast regions due to the 

rough surface. The hematite phase is much smaller compared to that in the pure NFA and 5-15 

vol% SiC-C@NFA composites, so the flake structures cannot be observed. 

Figs. 5.4e-5.4h show the oxide morphologies of the pure NFA and 5-25 vol% SiC-C@NFA 

composites after the thermal treatment in air+45 vol% H2O at 750oC. The pure NFA sample 

exhibits a flat and porous oxidation layer as shown in Fig. 5.4e. The 5-25 vol% SiC-C@NFA 

composites show island-like structures scattered in the oxidation layer. The number of the islands 

is much lower for the 25 vol% SiC-C@NFA composite compared to the 5 and 15 vol% SiC-

C@NFA composites. This means lower oxidation damage for the 25 vol% SiC composite, 

consistent with the mass gain results in Fig. 5.1. The 5 vol% and 25 vol% SiC-C@NFA samples 

show a flake structure, while the 15 vol% composite shows more faceted structure for the island 

regions even though some small flake residuals can also be observed in the faceted areas. We 
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believe that the faceted structure derives from the further growth of the flake structure, possibly 

because of some unexpected contamination on the sample surface, which accelerates the 

morphology change. For the 850oC sintered samples, the 15 vol% SiC composite has the same 

flake structure as that of the 5 vol% and 25 vol% composites, as given in the Fig. 5.3. 

 

 

 

 

 

 

Fig. 5.3. Surface morphologies of the 850oC sintered pure NFA and SiC-C@NFA composites after 

the water vapor thermal treatment at 500oC (a-d), 750oC (e-h), and 1000oC (i-l). 

 

The oxide morphologies of the pure NFA and 5-25 vol% SiC-C@NFA composites after 

the thermal treatment in air+45 vol% H2O at 1000oC are shown in Figs. 5.4i-5.4l. The pure NFA 

as well as the 5 vol% and 15 vol% SiC-C@NFA composites show preferentially grown ridge-type 

structure with cracks and microchannels. The ridge size in the 5 vol% SiC-C@NFA composite is 
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larger than that in the pure NFA sample. The 15 vol% SiC-C@NFA composite also shows oriented 

ridge structure, but slightly different from the preferential orientation in the pure NFA and 5 vol% 

SiC-C@NFA composites. The 25 vol% SiC-C@NFA composite shows the island-like structure 

with preferentially oriented flakes growing on it. Since the pure NFA as well as the 5-15 vol% 

SiC-C@NFA composites have considerably higher mass gain than the 25 vol% SiC-C@NFA 

composite, the ridge-type structure should be an indication of more extensive oxidation. The 

presence of cracks and microchannels in the ridge type structure is likely to promote further 

oxidation by allowing short circuit paths for oxidizers (O2 and H2O).  

 

 

 

 

Fig. 5.4. Effect of SiC addition on the surface morphologies of the 950oC sintered pure NFA and 

the 5-25 vol% SiC-C@NFA composites after the air+water vapor thermal treatment at 500°C (a-

d), 750°C (e-h), and 1000°C (i-l). (Right image is the magnified version of left image). 

 



73 

 

5.3.4. Oxide layer structure 

 

Figs. 5.5 and 5.6 shows the cross-section microstructures of the 850oC and 950oC sintered 

pure NFA and 5-25 vol% SiC-C@NFA composites after the thermal treatment in air+45 vol% 

H2O at 1000oC. Since, 850oC sintered samples have similar morphologies (see Fig. 5.5), discussion 

is omitted for brevity. The 950oC sintered pure NFA sample shows three distinct layers with a total 

layer thickness of ~1715 μm as shown in Fig. 5.6a. The 5 vol% and 15 vol% SiC-C@NFA 

composites show a similar three-layer structure with the thicknesses at ~1080 μm and ~487 μm, 

respectively, as shown in Figs. 5.6b and 5.6c respectively. The thickness of the entire oxide layer 

for the 25 vol% SiC composite is ~108 μm, which again demonstrates the strong oxidation 

resistance of the composite, matching with its lowest mass gain as shown in Fig. 5.1. The outermost 

layers in the pure NFA and 5-15 vol% SiC-C@NFA composites are identified as Fe2O3 based on 

the XRD analysis from Fig. 5.2b. The middle layers should be magnetite Fe3O4, which tends to 

locate close to the outer hematite as determined for a 9Cr steel [69]. The inner layer contains three 

different phases for pure NFA but four different phases for SiC-C@NFA composites. The specific 

phase composition in the inner layer of SiC-C@NFA composite samples is further explored to be 

a mixture of FeCr2O4, Fe3O4, (Fe,Si)2W (laves), and Fe2SiO4, as to be discussed based on the EDS 

maps in Fig. 5.9a. While inner layer of pure NFA was composed of FeCr2O4, Fe3O4 and Fe2W 

(laves) due to absence of Si in the system. For the 25 vol% SiC-C@NFA composite (Fig. 5.6d), 

there is no obvious layered structure as that for the pure NFA and 5-15 vol% SiC-C@NFA 

composites. Due to its strong oxidation resistance, the internal oxide region is minimal and 

overlaps with the inner layer. The outer Fe2O3 layer and the middle Fe3O4 layer, which are more 

obvious around the island surface, will be discussed based on the EDS maps in Fig. 5.8d. Unlike 

the pure NFA sample, each composite shows an internal oxidation layer, extending beyond the 

inner oxide layer, which will be discussed in details next. The internal oxidation layer in the 25 

vol% SiC-C@NFA has the smallest thickness of ~90 µm. Due to the 5 vol% and 15 vol% SiC-

C@NFA composites have the internal oxidation over entire sample thickness, and their thickness 

of internal oxidation layer is observed to be similar at ~1500 µm. However, 15 vol% SiC-C@NFA 

sample is expected to have thinner internal oxidation layer due stronger resistance from more SiO2 

and Cr2O3 protection as explained in detail in later sections.  
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Fig. 5.5. Cross section microstructures of the 850oC sintered pure NFA (a), 5 vol% SiC-C@NFA 

(b), 15 vol% SiC-C@NFA (c), and 25 vol% SiC-C@NFA (d) after the water vapor thermal 

treatment at 1000oC. 

 

Fig. 5.7 and 5.8 shows the elemental distributions of the oxide layer cross sections for 

850oC and 950oC sintered NFA and 5-25 vol% SiC-C@ NFA composites. The 850oC sintered 

samples have similar elemental distributions along the cross section oxide layers (see Fig. 5.7) and 

are omitted in the discussion for brevity. For the 950oC sintered pure NFA and 5-15 vol% SiC-

C@ NFA composites (Figs. 5.8a-5.8c), the oxide layer is composed of an outer Fe-rich region and 

an inner Cr-rich region. O is present in both regions. Combined with the earlier discussion, it can 

be derived that the outer Fe-rich region in the Fig. 5.8 is covered with an outer layer of Fe2O3 and 

a middle layer of Fe3O4 in Fig. 5.6, as both phases are Fe-rich. The Fe3O4 layer has been shown to 

exist beneath the top Fe2O3 phase layer after oxidation treatment in the 9Cr steel [69]. The phases 

in the Cr-rich inner layer for the 15 vol% SiC-C@NFA composite (Fig. 5.9a) are further identified 
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as FeCr2O4, Fe3O4, (Fe,Si)2W, and Fe2SiO4. The EDS maps of the 25 vol% SiC-C@NFA 

composite are shown in Fig. 5.8d. The discontinuous outer layer close to surface is predominantly 

Fe-rich and O-rich. Some islands have Cr-, Fe-, O- enrichment (indicated by white dashed arrows 

in Fig. 5d). As shown from the XRD patterns in Fig. 2, only Fe2O3 is identified in the 25 vol% 

SiC-C@ NFA composites, thus, the surface layer on the island should be the same Fe2O3 structure, 

possibly with some (Fe,Cr)2O3 phase. Beneath the island surface, there is an Fe-rich and Cr 

deficient region (indicated by yellow dashed arrows), which is believed to be the discontinuous 

middle Fe3O4 phase layer. In other regions, a discontinuous surface layer (indicated by the red 

arrow) with Fe-, O-enrichment and Cr-deficiency is believed to be the Fe2O3 phase. Following the 

Fe3O4 middle layer beneath the island, there is a thin, Cr-rich inner layer, the same as the inner 

layer of the 5-15 vol% SiC-C@ NFA composites. The inner layer is also discontinuous and spreads 

to the internal oxidation layer, as described in Fig. 5.6d. A Cr enriched layer can be seen at the 

interface between the inner layer and the substrate (indicated by the blue dashed arrow). The 

formation mechanism for the layered structure with different phases will be discussed in later 

sections. 

The EDS maps of the inner layer for the 950oC sintered 15 vol% SiC-C@NFA composite 

after the thermal treatment in air+45 vol% H2O at 1000oC are shown in Fig. 5.9a. The bright 

contrast Fe-, Si- and W-rich phase (red arrow) is possibly (Fe,Si)2W. Similar (Fe,Si)2W phase was 

also identified by Abe et. al. [153]. The dark contrast phase (yellow arrow) is Fe-, Si- and O-rich 

and from Fe2SiO4 (which is derived from the reaction given in Eq. (5.5). The gray contrast is 

composed of two different phases, first Fe-, Cr- and O-rich phase (blue arrow) and second Fe- and 

O-rich (green arrow) and therefore it is possibly a mixture of Fe3O4 and FeCr2O4 [69]. The internal 

oxidation region is investigated by focusing on the 950oC sintered 15 vol% SiC-C@NFA 

composite after the 1000oC treatment as shown in Fig. 5.9b. The internal oxidation occurs 

predominantly on the NFA grain boundaries of the composites. Apart from the Si-rich oxide along 

the boundaries within the internal oxide region, a Cr-rich oxide is also observed. These Si-rich and 

Cr-rich oxides are believed to be a mixture of SiO2 and Cr2O3, which promote the oxidation 

resistance. The formation mechanisms for such oxides will be discussed later. 
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Fig. 5.6. Cross section microstructures of the 950oC sintered (a) pure NFA, (b) 5 vol% SiC-

C@NFA, (c) 15 vol% SiC-C@NFA, and 25 vol% SiC-C@NFA after the air+water vapor thermal 

treatment at 1000oC. 
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Fig. 5.7. EDS maps of the oxide layer of the 850oC sintered (a) pure NFA, (b) 5 vol%, (c) 15 vol%, 

(d) 25 vol% SiC-C@NFA composites with the water vapor treatment at 1000oC. 
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Fig. 5.8. EDS maps of the oxide layers for the 950oC sintered (a) pure NFA, (b) 5 vol% SiC-C@ 

NFA, (c) 15 vol% SiC-C@ NFA, and (d) 25 vol% SiC-C@NFA after the air+water vapor thermal 

treatment at 1000oC. 

 

The SiC addition effect on the oxide layer thickness of the pure NFA and SiC-C@NFA 

composites after the thermal treatment in air+45 vol% H2O at 1000oC is shown in Fig. 5.10, with 

the contributions from different phases shown. The thickness of the overall external oxidation layer 

shows decreasing trend with addition of SiC for both 850oC and 950oC sintered composites. The 
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thickness of the 850oC sintered samples is also higher than the 950oC counterparts. This can be 

explained by the smaller relative densities (refer Chapter 2, section 2.4.2) of the 850oC sintered 

samples relative to those of the 950oC ones, which promotes oxidation damage. The thickness of 

the outer Fe2O3 and middle Fe3O4 layers shows the similar decreasing trend with the addition of 

SiC. The inner layer of the 5 and 15 vol% SiC-C@NFA composites shows considerably smaller 

thickness for the 950oC sintered samples compared to the 850oC sintered ones. This is consistent 

with the relatively large difference in relative densities between the 850oC and 950oC sintered 

samples (87.42% vs 99.33% for the 5 vol% SiC-C@NFA; 89.83 vs 99.33% for the 15 vol% SiC-

C@NFA). While the pure NFA and 25 vol% SiC-C@NFA samples show slightly larger thickness 

after sintering at 950oC than at 850oC. The difference between the relative densities of the 850oC 

and 950oC sintered pure NFA and 25 vol% SiC-C@NFA samples is relatively low (95.6% vs 

98.7% for the pure NFA; 96.84% vs 99.6% for the 25 vol% SiC-C@NFA). Since the mass gain 

data show almost similar or slightly higher values for the 850oC sintered samples, the slightly 

higher thickness of the 950oC samples should be from the measurement errors. All the SiC-

C@NFA composites have an internal oxidation region after the thermal treatment. While the pure 

NFA sample does not show any internal oxidation. This means that the SiC addition promotes the 

formation of the internal oxidation region beneath the external scale. The 5 vol% and 15 vol% 

SiC-C@NFA composites show internal oxidation throughout the sample. Thus the thickness of 

the internal oxidation related region in these samples is around 1500 μm for both 850oC and 950oC 

sintering temperatures. The 25 vol% SiC-C@NFA sample shows minimal internal oxidation 

thickness compared to the 5 vol% and 15 vol% SiC-C@NFA samples, meaning the strong 

resistance to oxidation. As shown from the EDS maps in Fig. 5.9b, the internal oxidation region 

consists of a mixture of SiO2 and Cr2O3 phases. 
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Fig. 5.9. EDS maps of the inner layer (a) and the internal oxidation region (b) in the 950oC sintered 

15 vol% SiC-C@NFA composite after the air+water vapor thermal treatment at 1000oC. 

 

5.3.5. Oxidation mechanisms 

 

Fig. 5.11 shows the schematic of the layered structure in the pure NFA and 5-25 vol% SiC-

C@NFA composites after the thermal treatment in air+45 vol% H2O at 1000oC. The pure NFA 

shows the outer, middle, and inner tri-layer structure. An internal oxidation region is further 

produced beneath the inner layer for all the composites. Cr evaporation in the formation of 

CrO2(OH)2 due to the reaction between the protective chromia scale (Cr2O3) and water vapor is a 

major cause for the breakaway oxidation, as shown in Eq. (5.1). The Fe-rich outer/middle layer 

(Fe2O3 + Fe3O4) gradually forms due to the outward diffusion of Fe3+/Fe2+ ions [154] after the 

breakdown of the protective Cr- rich layer. Eqs. (5.2) and (5.3) show the formation of the outer 

Fe2O3 layer and middle Fe3O4 layer due to the reactions with the water vapor containing 

atmosphere. The inner layers of the composites have a mixed phases of Fe3O4, FeCr2O4, Fe2SiO4, 

and (Fe,Si)2W. The reaction of the substrate Fe and oxygen with the protective Cr2O3 and SiO2 
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layers during the breakaway oxidation results in the formation of FeCr2O4 and Fe2SiO4 in the inner 

layer, respectively, as shown in Eqs. (5.4) and (5.5). 

 

2Cr2O3(s) +  3O2(g) +  4H2O(g) = 4CrO2(OH)2(g) (5.1) 

2Fe (s) + O2 (g) +  H2O (g) = Fe2O3 (s) + H2 (g) (5.2) 

9Fe (s) + 4O2 (g) + 4H2O (g) = 3Fe3O4 (s) + 4H2 (g) (5.3) 

2Fe + O2 (g) + 2Cr2O3 (s) =  2FeCr2O4 (5.4) 

2Fe + O2(g) + SiO2 = Fe2SiO4(s) (5.5) 

 

Cracks/gaps and microchannels can be observed in the Fe-rich outer/middle layer of the 

pure NFA as well as the 5 vol% and 15 vol% SiC-C@NFA composites as shown in Fig. 5.11. The 

formation crack is usually a complicated process, which may be relate to phase separate, phase 

precipitation, phase growth and phase compositions. In this work, the phase compositions have 

been identified to be Fe3O4 and Fe2O3, and the crack is found to be between them due to the  

thermal expansion mismatch between the oxides (1.0×10-5/oC for Fe2O3, 1.5×10-5/oC for Fe3O4 at 

1000oC [155]). The thickness of the outer Fe-rich layers (Fe2O3+Fe3O4) is smaller than those of 

the inner layers for the pure NFA, 5 vol% and 15 vol% SiC-C@NFA composites. This is attributed 

to the presence of cracks/gaps in the samples, which hinder the diffusion of Fe2+/Fe3+ ions required 

for the growth of these outer layer phases. The inner layer is sustained by a continuous supply of 

oxidizers such as O2 and H2O via microchannels and cracks in the outer/middle layer. The 

formation of volatile hydroxide species as shown in Eq. (5.1) should be the reason for the formation 

of the microchannels, which serve as its escape routes. 

The 25 vol% SiC-C@NFA composite shows a relatively dense outer/middle layer without 

any cracks or gaps throughout the cross-section. The outer layer is a mixture of Fe2O3 and 

(Fe,Cr)2O3. There is significant Cr-depletion just beneath the oxide layer as shown in Fig. 5.8d, 

indicating that chromium evaporation occurs by Eq. (5.1). The continuous removal of chromium 
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from the alloy by evaporation requires diffusion of chromium from the composite bulk in order to 

maintain the protective chromia layer. Breakdown of the protective chromia layer will quickly 

expose Cr depleted (Fe-rich) region and promote rapid oxidation to the level equivalent to that of 

the pure NFA and 5-15 vol% SiC-C@ NFA composites. The Cr-depleted region signifies the 

considerable delay in the breakaway oxidation for the 25 vol% SiC-C@NFA composite. 

Unlike the pure NFA sample, all the SiC-C@NFA composites after the thermal treatment 

in air+45 vol% H2O at 1000oC show an internal oxidation region comprised of SiO2 and Cr2O3. 

The internal oxidation mechanism involves three stages. First, oxygen dissolves in the composite 

matrix at the external scale and substrate interface. Second, it diffuses inwards to form the reaction 

front for the nucleation of oxide precipitates. Third, the solute (Cr and Si) diffuses to this reaction 

front to ultimately nucleate SiO2 and Cr2O3 [156]. Therefore, the higher solute (Cr and Si) 

diffusivities would bring the reaction front closer to the substrate surface and ultimately reduce 

internal oxidation depth. Thus, the kinetics of internal oxidation is related to both solubility and 

diffusivities of oxygen and solute species (Cr and Si) at the thermal treatment temperature. The 

general reaction for the formation of the internal oxidation is given as follows [157]: 

 

M + νO = MOν (5.6) 

 

where M is the solute that oxidizes internally (Si and Cr for this work), v is a constant. For SiO2, 

v is 2; for Cr2O3, v is 3/2. MOν is either SiO2 or Cr2O3. The parabolic rate constant kp
(i) for the 

internal oxidation can be estimated using the following equation [157]: 

kp
(i) =

π

DM
(

DONO

2νNM
)

2

 
 

(5.7) 

 

where NO is the solubility of oxygen in the matrix (4.5×10-6 for α-BCC phase, 3.3×10-6 for γ-FCC 

phase [157]), DO is the diffusivity of oxygen in the matrix (3.5×10-6 m2/s for α-BCC phase, 7.3×10-
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6 m2/s for γ-FCC phase [157]), DM is the diffusivity of solute M in the matrix, NM is the mole 

fraction of the solute in the matrix.  

Table 5.1 shows the concentrations and diffusivities of Cr and Si in all the samples. The 

concentrations of Cr and Si are obtained by considering the contributions from NFA, C, and SiC 

in the composites. The diffusivities were obtained using the ThermoCalc-DICTRA MOBFE4 

database. The diffusivities of Cr and Si in the 25 vol% SiC-C@NFA composites are almost two 

orders of magnitude higher than those in the pure NFA, as well as 5 vol% and 15 vol% SiC-

C@NFA composites. The parabolic rate constants kp
(i)

 for both SiO2 and Cr2O3 were calculated 

using the values in Table 5.1. The 25 vol% SiC-C@NFA composite shows a considerably smaller 

kp
(i)

 for both SiO2 and Cr2O3 compared to the 5 vol% and 15 vol% SiC-C@NFA samples. This 

explains why there is less internal oxidation for the 25 vol% SiC-C@NFA composite. The 

accumulation and continuous lateral layered growth of Cr2O3 and SiO2 instead of internal 

precipitate formation can result if NODO << NMDM [156]. For the 25 vol% SiC-C@NFA both 

diffusivities (DM) and concentration (NM) of solute species (Cr and Si) are relatively high. The 

EDS mapping in Fig. 5.8d does show some enrichment of Cr between the external scale and the 

substrate (blue dashed arrow). Such continuous film would likely improve oxidation resistance of 

the 25 vol% SiC-C@NFA composite by acting as a barrier for the diffusion of oxygen, which is 

required for both external and internal oxide growth. This explains the delay in breakdown 

oxidation for the 25 vol% SiC-C@NFA composite compared to other samples.  

The aforementioned model considers lattice diffusivity, which is a reasonable assumption 

for high temperature of 1000oC. However, the diffusivity of oxygen through grain boundaries will 

further enhance the inward movement of the reaction front and thereby the thickness of the internal 

oxidation region. The continuous protective layer growth due to enhanced solute diffusivities in 

the 25 vol% SiC-C@NFA sample would still effectively prevent inward oxygen movement. 
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Fig. 5.10. Effect of SiC addition on the oxidation layer thickness of the 850oC and 950oC sintered 

pure NFA and the 5-25 vol% SiC-C@NFA composites after the air+water vapor thermal treatment 

at 1000oC. 

 

 

Fig. 5.11. Schematic representation of the oxidation behaviors for the pure NFA (a), 5 vol% SiC-

C@ NFA (b), 15 vol% SiC-C@ NFA (c), and 25 vol% SiC-C@ NFA (d) under the air+water 

vapor thermal treatment condition at 1000oC. 
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Table 5.3. Concentration and diffusivity for Cr and Si, and the parabolic rate constant of kp
(i)

 for 

SiO2 and Cr2O3 in the NFA and SiC-C@NFA composites during the thermal treatment at 1000oC. 

 

Sample NFA 5 vol% SiC-

C@NFA 

15 vol% SiC-

C@NFA 

25 vol% SiC-

C@NFA 

Majority phase FCC FCC FCC BCC 

Cr concentration, 

NCr (mole 

fraction) 

0.0973 0.0917 0.0807 0.0701 

Cr diffusivity, 

DCr (m2/s) 

2.05×10-16 2.32×10-16 2.55×10-16 6.65×10-14 

Si concentration, 

NCr (mole 

fraction) 

0 0.0288 0.085 0.139 

Si diffusivity, DCr 

(m2/s) 

/ 1.35×10-15 2.98×10-15 2.37×10-13 

Parabolic rate 

constant kp
(i)

 for 

SiO2 (m2/s) 

/ 1.02×10-14 5.28×10-16 1.05×10-16 

Parabolic rate 

constant kp
(i)

 for 

Cr2O3 (m2/s) 

1.04×10-14 1.04×10-14 1.21×10-14 2.64×10-15 
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5.5. Conclusions 

 

The oxidation behaviors of pure NFA and SiC-C@NFA composites at three different 

temperatures, 500oC, 750oC and 1000oC in an air+45 vol% H2O atmosphere, are studied. All the 

samples show negligible mass gain during the 500oC and 750oC treatments. The 25 vol% SiC-

C@NFA composite shows the highest oxidation resistance during the 1000oC treatment, 90% less 

than that of the pure NFA. The oxidized surfaces have a layered structure with two Fe-rich outer 

layers (Fe2O3, Fe3O4) and a Cr-rich inner layer (Fe3O4+FeCr2O4 +Fe2SiO4+(Fe,Si)2W). A 

significant internal oxidation region is observed for the 1000oC treated SiC-C@NFA composites 

due to the preferential oxidation of Cr- and Si-rich phases at the NFA grain boundaries. The 

improved oxidation resistance for the 25 vol% SiC-C@NFA composite is due to the high Cr and 

Si diffusivities and thus the SiO2+Cr2O3 protective layer formation. 
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Chapter 6 

High Temperature Oxidation Behavior of Chromium Carbide 

Coated Silicon Carbide – Nanostructured Ferritic Alloy Composites 

in Air+Water Vapor Environment  

 

6.1. Abstract 

 

This work focuses on the oxidation resistance of a new class of composites, chromium carbide 

coated silicon carbide-nanostructured ferritic alloy (Cr3C2@SiC-NFA) composite, in a water vapor 

containing atmosphere at 500-1000oC. Oxidation temperature effects on surface morphologies, 

scale characteristics and cross-sectional microstructures are investigated and analyzed. The 

Cr3C2@SiC content in the composites is strongly associated with the oxidation resistance by 

forming a dense Cr- and Si-rich inner-layer, which can be explained based on the Thermo-Calc 

simulation. The fundamental understandings offer important guidance for the applications of this 

class of composites in nuclear reactors and high temperature moist environments.  

 

6.2. Introduction 

 

 Previous work from our group focused on the high temperature water vapor oxidation 

behaviors of NFA-SiC and SiC-NFA composites without any reaction barrier layers on the two 

initial powders (NFA or SiC) [151, 158]. Previous chapter discussed oxidation behavior of SiC-

C@NFA composites. In this chapter, the oxidation resistance of newly developed Cr3C2@SiC-

NFA composites was studied in an air+H2O(g) environment between 500oC-1000oC. Weight 

changes along with surface microstructures, morphologies, and phases were studied in order to 

understand the effects of temperature and Cr3C2@SiC content on the corrosion resistance and the 

mechanisms of oxidation for the Cr3C2@SiC-NFA composites.  



88 

 

6.3. Materials and methods 

 

 Cr3C2@SiC-NFA (Fe-9Cr-2W-0.4Ti-0.2V-0.12C-0.3Y2O3, wt%) composite samples with 

5-25 vol% Cr3C2@SiC were prepared by spark plasma sintering (SPS) at 850oC and 950oC. 

Detailed information on the microstructures, densities, and hardness results of these composites 

are reported in a previous chapter. In this work, oxidation tests were performed in a tube furnace 

(1730-20 HT Furnace, CM Furnace Inc., Bloomfield, NJ). The gas flow mixture was composed of 

air (55 vol%)-water vapor (45 vol%) at the condition of ~1.2 Lmin-1 and 1 atm pressure. All the 

thermal treatment experiments were conducted at three different temperatures, 500oC, 750oC, and 

1000oC, for 50 hrs. The weights of all the composites were measured before and after the thermal 

treatment. The weight changes were normalized with respect to the area of each specimen by 

physically measuring the composite dimensions.  

 Phase composition analysis was carried out using an X-ray diffractometer (XRD, 

PANalytical B.V., Almelo, Netherlands) with Cu-Kα radiation at operating condition of 45 kV/40 

mA. Surface morphologies, cross-section microstructures, and elemental compositions were 

observed using scanning electron microscopy (SEM, FEG E-SEM QUANTA600, FEI Company, 

Hillsboro, OR, USA) and the attached energy dispersive spectroscopy (EDS) module.  

 Electron backscattered diffraction (EBSD, SEM-FEI Company, Hillsboro, OR, USA) was 

used to identify the phases in the oxidation layer. Measurements were performed at 70o tilt angle 

with respect to the horizontal axis of the SEM at 30 kV accelerating voltage. The EDAX TEAM 

software was used to collect data and then match with the existing diffraction database.  

 Temperature effect on the phase fraction of the Cr3C2@SiC-NFA composites and the 

diffusivity of silicon (Si) and chromium (Cr) in NFA were calculated using the Thermo-Calc® 

software in order to obtain fundamental understanding of the oxidation mechanisms of the 

Cr3C2@SiC-NFA composites. 
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6.4. Results and discussion 

 

6.4.1. Physical changes 

 

 Fig. 6.1 shows the (area) specific mass change and oxide layer thickness of different 

Cr3C2@SiC-NFA composites after the water vapor thermal treatment at 500oC, 750oC, and 

1000oC. As shown in Figs. 6.1a and 6.1c, the mass gains of the 5 vol% Cr3C2@SiC-NFA 

composites (~77 mg/cm2) are 35 times higher than that of the 25 vol% Cr3C2@SiC-NFA 

composites (~2.2 mg/cm2) after the treatment at 1000oC for both the 850oC and 950oC sintered 

composites. The 15 vol% Cr3C2@SiC-NFA composite sintered at 850°C shows much higher mass 

gain than that sintered at 950°C after the 1000°C thermal treatment (26 vs. 8.4 mg/cm2). The 500oC 

and 750oC treated composites with all Cr3C2@SiC contents show no significant difference (all 

within a range of 0.1-2.5 mg/cm2) in mass gains. Figs. 6.1b and 6.1d show the Cr3C2@SiC content 

effect on the oxide layer thickness of the 1000oC treated Cr3C2@SiC-NFA composites sintered at 

850oC and 950oC respectively, which were calculated by dividing the area of the oxide layer by 

the corresponding length on the composite surface to take into consideration of the varying oxide 

layer thickness. The 25 vol% Cr3C2@SiC-NFA composites have significantly lower thickness (15-

25 μm) than those of the 5 vol% Cr3C2@SiC-NFA composites (900-950 μm) for both 850oC and 

950oC sintering temperatures. The 15 vol% Cr3C2@SiC-NFA composite sintered at 850°C shows 

much higher oxide layer thickness than that sintered at 950°C after the 1000°C thermal treatment 

(407 μm vs. 104 μm). The 500oC and 750oC treated composites of all Cr3C2@SiC contents show 

no significant difference (all within a range of 2-12 μm) in the oxide layer thickness. The thickness 

measurements in Figs. 6.1b and 6.1d correspond well with the mass gain results in Figs. 6.1a and 

6.1c. 

 During the thermal treatment in an oxidizing environment, there are two causes for mass 

change: metal vaporization and/or spallation of the oxide layer for weight loss and uptake of 

oxygen from the air+H2O atmosphere for mass gain. Mass gains have been observed for all the 

composites as shown in Figs. 6.1a and 6.1c. This means that metal vaporization and spallation are 

not as significant as metal oxidization. Ferritic alloys are less prone to spallation of oxide scales 

compared to austenitic or duplex alloys, due to the small difference between the thermal expansion 
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coefficients of the substrate and the corresponding oxides (~18.4×10−6 oC−1 for austenitic alloys 

and ~4.8−15.6× 10−6 oC−1 for ferritic alloys at 650–800oC) [159]. The obvious increase in mass 

gains and oxide layer thicknesses for the 1000oC thermally treated 5 vol% and 15 vol% 

Cr3C2@SiC-NFA composites, compared to the 25 vol% Cr3C2@SiC-NFA composites, can be 

attributed to the early onset of ‘breakaway oxidation’ for the lower Cr3C2@SiC composites. The 

breakaway oxidation involves localized cracking and spallation of the protective oxide layer, 

which are believed to create O2 transport channels to the metal surface beneath the oxide layer and 

thus expose the NFA surface for intensified oxidation damage.  

 The addition of Cr3C2@SiC in the NFA has significantly delayed the breakaway oxidation 

and improved the high temperature oxidation resistance. The oxidation resistance of the 950oC 

sintered 15 vol% Cr3C2@SiC-NFA composites is much better than that of the 850oC sintered 

counterparts, as pointed out above. The 25 vol% Cr3C2@SiC-NFA composite is most oxidation 

resistance and the sintering temperature effect is negligible. It is believed that the higher Si content 

in the NFA matrix after the higher temperature sintering (Si/Fe ration of 0.03-0.08 for the 950°C 

sintered samples vs 0.01 for the 850°C sintered samples [160]) is beneficial for the formation of 

dense protective layers for oxidation resistance (to be further discussed in later sections). However, 

the 5 vol% Cr3C2@SiC-NFA composites are equally affected for both sintering temperatures, 

which means that ‘breakaway oxidation’ is more predominant due to the lower content of 

Cr3C2@SiC.  
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Fig. 6.1. Effect of Cr3C2@SiC content on the mass gain and oxide layer thickness of the water 

vapor treated Cr3C2@SiC-NFA composites sintered at 850oC (a and b) and 950oC (c and d). (The 

error bars for the mass gain and thickness are estimated within ±0.11 g/cm2 and ±5 µm, 

respectively). 

 

6.4.2. Phase compositions 

 

 Fig. 6.2 shows the XRD patterns of the 850oC (a) and 950oC (b) sintered composites after 

the thermal treatment at 500oC, 750oC, and 1000oC. The composites thermally treated at 500oC 

and 750oC show a mixture of hematite (Fe2O3) and α-Fe (BCC) phases. The α-Fe peaks are from 

the underlying NFA due to the thin oxide thickness on the surfaces, which is consistent with the 

low values of mass gain and thickness for the 500oC and 750oC treated composites shown in Fig. 
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6.1. The XRD patterns of the 1000oC treated composites show different phases as seen in Fig. 6.2. 

Both the 850oC and 950oC sintered 5 vol% Cr3C2@SiC-NFA composites show the hematite 

(Fe2O3) phase with high intensity (006) peaks. This indicates the presence of preferentially 

oriented hematite grains in the top layer of the thick oxide scale. The 850oC sintered 15 vol% 

Cr3C2@SiC-NFA composite exhibits hematite and magnetite (Fe2O3+ Fe3O4) phases, while the 

950oC sintered 15 vol% Cr3C2@SiC-NFA composite shows preferentially oriented hematite phase 

with the (110) peak as the highest, different from the 5 vol% Cr3C2@SiC-NFA composite. The 

850oC and 950oC sintered 25 vol% Cr3C2@SiC-NFA composites show Cr-rich (Cr,Fe)2O3 phase 

with some α-Fe peaks as shown in Fig. 6.2. The results indicate that higher Cr3C2@SiC content 

promotes the formation of the more protective Cr-rich (Cr,Fe)2O3 scale during the 1000oC water 

vapor thermal treatment. The presence of the α-Fe peaks also indicates a thinner oxide layer 

compared to those of the 5 and 15 vol% Cr3C2@SiC-NFA composites. With the thermal treatment 

temperature increase, the surface layer transitions from pure Fe2O3 to Fe2O3/(Fe,Cr)2O3+Fe3O4. 

However, higher Cr3C2@SiC-NFA content stops this change by inducing the Cr-rich (Cr,Fe)2O3 

phase. 

 

 

Fig. 6.2. XRD patterns of 850oC (a) and 950oC (b) sintered Cr3C2@SiC-NFA composites after the 

water vapor thermal treatment at 500oC, 750oC, and 1000oC. 
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6.4.3. Oxidation layer evolutions 

 

 Figs. 6.3 and 6.4 shows the surface morphologies of 850oC and 950oC sintered composites 

after the thermal treatment at 500oC, 750°C, and 1000°C. The 850oC sintered composites have 

similar morphologies and the discussion is omitted here for brevity (see Fig. 6.3). The 950oC 

sintered 5 vol% Cr3C2@SiC-NFA composites show porous flake type structures throughout the 

sample surface as shown in Fig. 6.4a. The 15 vol% Cr3C2@SiC-NFA composites show regions 

with flake structures and regions without. The latter is thin oxidation layers, as indicated by the 

arrows in Fig. 6.4b. The uneven oxidation layers indicate less oxidation for the 15 vol% 

Cr3C2@SiC-NFA compared to the 5 vol% Cr3C2@SiC-NFA. This result is also consistent with the 

weight gain and oxidation layer thickness data in Fig. 6.1. The 25 vol% Cr3C2@SiC-NFA 

composite exhibits fine grained structure as shown in Fig. 6.4c. This surface structure is fairly 

dense (right image of Fig. 6.4c) and thus more protective compared to the porous flake structures 

in Figs. 6.4a and 6.4b.  

 Figs. 6.4d, 6.4e and 6.4f show the surface morphologies of the 950oC sintered composites 

treated at 750oC. All three composites show larger flake structures in the form of islands growing 

on a flat oxidation layer. The oxidation layer of the 5 vol% Cr3C2@SiC-NFA composite shows 

interconnected cracks as indicated in Fig. 6.4d. The 15 and 25 vol% Cr3C2@SiC-NFA composites 

exhibit denser and crack-free oxidation layers. The areas covered by the flake islands decrease and 

the flat oxidation regions increase with more addition of Cr3C2@SiC.  

 For all the 500oC (Figs. 6.4a-6.4c) and 750oC (Figs. 6.4d-6.4f) treated composites, even 

though the surface morphologies indicate lower damages with an increasing amount of 

Cr3C2@SiC, only marginal changes are observed for the mass gain and the oxidized layer thickness 

in Fig. 6.1. This means that no significant breakdown oxidation damages have commenced for 

both the 850oC and 950oC sintered Cr3C2@SiC-NFA composites. 

 The surface morphologies of the 950oC sintered composites thermally treated at 1000oC 

are shown in Figs. 6.4g-6.4i. The 5 vol% Cr3C2@SiC-NFA composite exhibits preferentially 

oriented rib-type morphology with small pores and cracks in Fig. 6.4g, which is consistent with 

the cracks in Fig. 6.4d as well as the appearance of the single highest intensity XRD peak of (006) 
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in Fig. 6.2b. The 15 vol% Cr3C2@SiC-NFA composite also shows preferentially oriented flakes, 

but with very large flake structures growing on crowded and deformed smaller flakes as shown in 

Fig. 6.4h, different from the 5 vol% Cr3C2@SiC-NFA composite. These flake structures are still 

believed to have the hematite structure, as shown from the highest intensity (110) XRD peak in 

Fig. 6.2b. Pores and microchannels can also be observed in the 15 vol% Cr3C2@SiC-NFA 

composite as indicated in Fig. 6.4h. It has been reported that H2O dissociation facilitates transport 

of oxygen via pores and cracks and aids in oxidation damage [69, 161]. The evaporation of 

CrO2(OH)2 should have also contributed to the microchannel formation [151]. The surface 

morphology of the 25 vol% Cr3C2@SiC-NFA composite, however, shows bulky hemispherical 

island structures. Overall, no pores, cracks, or microchannels can be observed. Thus such phase 

should be more protective compared to the porous structures for the 5 vol% and 15 vol% 

Cr3C2@SiC composites (Figs. 6.4g and 6.4h). However, such a structure may derive from the early 

stage of breakaway oxidation (part of the region with breakaway), where the bulky hemispherical 

islands form from the heavy oxide nucleation sites. The right side of Fig. 6.4i shows magnified 

structures of both the flat areas (right top) and the hemispherical islands (right bottom). Faceted 

grains with 1-2 μm size can be observed on the hemispherical islands, while the flat areas show 

fine-grained structures with few sparsely distributed faceted grains. This means faceted islands 

and flat areas are different types of oxides. The faceted grains are believed to be Fe3O4 type oxide 

with some Cr diffused in it [162]. The flat areas should be the Cr-rich (Cr,Fe)2O3 phase, as 

confirmed by our XRD result in Fig. 6.2. The transport properties of such Cr-rich (Cr,Fe)2O3 layer 

can be considered similar to those of a protective chromia (Cr2O3) layer other than non-protective 

Fe-rich porous layers [163]. Thus, the addition of 25 vol% Cr3C2@SiC in the composites promotes 

the formation of protective Cr-rich layers and greatly retards breakaway oxidation, leading to the 

thinnest oxidation layer (see Figs. 6.1b and 6.1d). 
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.  

Fig. 6.3. Surface morphologies of the 850oC sintered Cr3C2@SiC-NFA composites thermally 

treated at 500°C (a, b, and c), 750°C (d, e, and f), and 1000°C (g, h, and i). (Right image is the 

magnified version of left image). 

 

 The cracks observed in the oxidation layers for the 750oC treated composite in Fig. 6.4d 

and for the 1000°C treated composite in Fig. 6.4g for the same 5 vol% Cr3C2@SiC-NFA composite 

show obvious difference. The cracks in Fig. 6.4d occur in some tiny regions and are predominately 

on the surface, which are probably caused by the relatively high inhomogeneous stress 

accumulated in some local regions at 750oC. The cracks in Fig. 6.4g locate in-between the grains, 
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and the crack gaps are relatively large. This is because sintering of the oxidation products on the 

sample surface happens at 1000oC. Some grains shrink while others preferentially grow, and 

finally gaps appear in some areas as observed. 

 

 

 

 

Fig. 6.4. Surface morphologies of the 950oC sintered Cr3C2@SiC-NFA composites thermally 

treated at 500°C (a, b, and c), 750°C (d, e, and f), and 1000°C (g, h, and i). (Right image is the 

magnified version of left image). 
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 Fig. 6.5 shows the cross-section microstructures of the 850oC and 950oC sintered 

Cr3C2@SiC-NFA composites treated at 1000oC. Continuous oxide layers are observed for the 

850oC and 950oC sintered 5 vol% Cr3C2@SiC composites (Figs. 6.5a and 6.5d) and for the 850oC 

sintered 15 vol% Cr3C2@SiC composite (Fig. 6.5b). This means that these composites have 

undergone considerable oxidation. The islands from the early oxidation stage have merged to form 

dense and continuous two-layer structures. The enlarged images of the inner oxide layer (bottom 

images in Fig. 6.5) show three distinct phases with dark, gray, and bright contrast. 

 The 25 vol% Cr3C2@SiC-NFA composites for both sintering temperatures (Figs. 6.5c and 

6.5f) and the 950oC sintered 15 vol% Cr3C2@SiC-NFA composite (Fig. 6.5e) show island-like 

structures, which are consistent with the surface morphologies in Figs. 6.4h and 6.4i. The islands 

for the 950oC sintered 15 vol% Cr3C2@SiC-NFA composites are 300-500 μm in width and 150 

μm in thickness, while for the 950oC sintered 25 vol% Cr3C2@SiC-NFA composite the width and 

thickness are 80-100 μm and 30-50 μm, respectively. The 850oC sintered 25 vol% Cr3C2@SiC-

NFA composite has surface island dimensions similar to those of the 950oC sintered sample (see 

supplement). The region between two islands shows the very thin oxidation layer (~4-5 μm). We 

conjuncture that the initial areas for the islands are more vulnerable to oxidation and lead to an 

aggressive growth of the oxidation layer. The island structures are a result of the breakaway 

oxidation. The smaller size of the islands with increasing Cr3C2@SiC content shows the significant 

delay in the onset of the breakaway oxidation by Cr3C2@SiC.  
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Fig. 6.5. Cross section microstructures of the Cr3C2@SiC-NFA composites treated at 1000oC: (a), 

(b), and (c) 850°C sintered samples; (d), (e), and (f) 950°C sintered samples. 

 

 The elemental maps of the oxide layer for 850oC and 950oC sintered 5-15 vol% 

Cr3C2@SiC-NFA composites are shown in Figs. 6.6 and 6.7. The 850oC sintered composites have 

similar elemental maps, therefore discussion is omitted here for brevity (see Fig. 6.6). Outer- and 

inner-layer structures can be observed within the oxide scale for all of the samples. For the 5 vol% 

Cr3C2@SiC-NFA composite in Fig. 6.7a, the outer-layer is predominantly Fe- and O-rich, while 

the inner-layer is Cr-, Si-, and O-rich as well as Fe-deficient. The Fe-rich outer-layer is composed 

of Fe2O3 and Fe3O4 phases as identified by the XRD patterns in Fig. 6.2, and the boundary between 

them can be seen through the slight difference in contrast as shown in Fig. 6.7a. The appearance 

of Fe2O3 and Fe3O4 phases has also been reported before for ferritic steels [58, 69]. At the bottom 

of the inner-layer, a very tiny layer shown in Fig. 6.8. This tiny layer is clearly Cr-, Si-, and O-

rich, which is believed to be Cr2O3+SiO2. For the 15 vol% Cr3C2@SiC-NFA composite in Fig. 

6.7b, the outer-layer is Fe-, Cr-, and O-rich, and the inner-layer is Cr-, Si-, O-rich and Fe-deficient. 

Compared to the 5 vol% Cr3C2@SiC-NFA composite, the outer-layer close to the surface has more 

Cr diffusion, which is determined to be (Cr,Fe)2O3 from the XRD patterns in Fig. 6.2b. The outer-
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layer away from the surface is believed to be Fe3O4, which is without Cr diffusion (Cr depletion). 

The inner-layer located at the bottom of the bump is much clearer, and has the same composition 

as the 5 vol% Cr3C2@SiC-NFA composite. For the 25 vol% Cr3C2@SiC-NFA composite in Fig. 

6.7c, the inner-layer is Cr-, Si-, O-rich and Fe-deficient, similar to the 5 and 15 vol% Cr3C2@SiC-

NFA composites. The outer-layer on the island appears to be Cr-rich and Fe-deficient. Based on 

the XRD patterns in Fig. 6.2b and the spinel type morphologies in Fig. 6.4i, this is determined to 

be Cr-rich (Cr,Fe)3O4. Between the two islands, the outer-layer in both the 15 and 25 vol% 

Cr3C2@SiC-NFA composites is Cr-rich as shown in Figs. 6.7b and 6.7c. This oxide layer is 

believed to be the highly protective Cr-rich (Cr,Fe)2O3 layer, consistent with the XRD patterns in 

Fig. 6.2b. The outer-layer away from the surface within the islands is Fe-rich, similar to that of the 

15 vol% Cr3C2@SiC-NFA composite; this oxide layer is believed to be Fe3O4. The Cr-rich inner-

layer is very thin, and can be seen clearly; it is believed that this inner-layer is very dense and has 

the same compositions as those of the 5 vol% and 15 vol% Cr3C2@SiC-NFA composites, which 

are responsible for the oxidation resistance. The area fraction of the protective thin (Cr,Fe)2O3 

layer is significantly higher for the 25 vol% Cr3C2@SiC-NFA composite, consistent with the 

improved oxidation resistance of the 25 vol% Cr3C2@SiC composite. Both the 15 and 25 vol% 

Cr3C2@SiC-NFA composites also show a significant Cr-depletion layer (the outer-layer with 

Fe3O4 phase) away from the Cr-rich islands, ~200 μm and ~50 μm, respectively, as shown in Figs. 

6.7b and 6.7c, indicating the source of Cr-enrichment in the islands. 

 To understand the phase composition for the inner-layer, which is responsible for the 

oxidation resistance, the EDS image of the inner-layer bottom from the 950oC sintered 5 vol% 

Cr3C2@SiC-NFA composite treated at 1000oC is shown Fig. 6.8, as mentioned during the above 

discussion. This tiny layer is Cr-, Si-, and O-rich, which is believed to be Cr2O3+SiO2 phases. The 

EDS maps of the main inner-layer for the 950oC sintered 5 vol% Cr3C2@SiC-NFA composite 

treated at 1000oC are shown in Fig. 6.9. The 850oC sintered composites have similar elemental 

maps for the inner-layer and are omitted here for brevity (see supplement). The SEM image in Fig. 

6.9a shows four types of phases in this inner-layer. The bright phase is W-, Si-rich, and O-deficient 

as determined from Figs. 6.9e, 6.9d and 6.9f, while the dark phase is Si- and Fe-rich and Cr-

deficient as determined from Figs. 6.9d, 6.9b and 6.9c. Such bright phase has been observed by 

Abe et. al. [153] and identified as Fe2W. The Si enrichment (in Fig. 6.9d) might be misleading 

with W enrichment (in Fig. 6.9e), as W and Si have very close EDS energy peaks (Si: Kα 1.739 
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eV, W: Mα 1.774 eV). The dark phase is believed to be Fe2SiO4, which forms due to the solid-

state reaction of FeO and SiO2 as to be discussed in later sections. The matrix of this inner-layer 

is also divided into two regions, Fe-rich and Cr-rich as shown in Fig. 6.9a. This inner-layer matrix 

is probably a mixture of Fe3O4 and FeCr2O4 [69]. The SEM image also shows that this inner-layer 

is dense compared to the outer-layer and can be effective in reducing the outward diffusion of 

metal cations (Fe2+, Fe3+, Cr3+). 

 

 

 

Fig. 6.6. EDS maps of the oxide layer of the 1000oC treated (a) 5 vol%, (b) 15 vol%, and (c) 25 

vol% Cr3C2@SiC-NFA composites sintered using SPS at 850oC. 
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Fig. 6.7. EDS maps of the oxide layers of the 1000oC treated (a) 5 vol%, (b) 15 vol%, and (c) 25 

vol% Cr3C2@SiC-NFA composites sintered at 950oC. 
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Fig. 6.8. EDS image from the bottom of the inner-layer for the 1000oC treated 5 vol% Cr3C2@SiC-

NFA with sintering temperature of 950oC. 

 

 

Fig. 6.9. EDS maps of the main inner-layer of the 950oC sintered 5 vol% Cr3C2@SiC-NFA 

composite after the 1000oC thermal treatment. 

 

6.4.4. Fundamental understanding of oxidation resistance 

 

 Based on our observation and analysis, Fig. 6.10 shows the schematic illustration of the 

oxide scale growth during the 1000oC water vapor thermal treatment for the Cr3C2@SiC-NFA 

composites. The oxide scale can be divided into an Fe-rich outer-layer and a Cr-rich inner-layer. 
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The outer-layer forms due to the outward diffusion of Fe cations (Fe2+ and Fe3+) from the bulk, 

which is believed to happen after the initially formed Cr2O3 layer is broken as commonly 

understood for the high Cr NFA alloy. Since Cr ions diffuse slower than Fe ions [164], the outer-

layer is Fe-rich oxide. Cr tends to be oxidized internally to form a Cr-rich inner-layer. The 5 vol% 

Cr3C2@SiC-NFA composite shows the least oxidation resistance and hence forms a very thick 

oxide scale as shown in Fig. 6.10a. The outer-layer of the Fe-rich scale is as predicted. The outer-

layer with Fe2O3 and Fe3O4 phases are due to the reactions between the water vapor/oxygen (from 

air) and the composite bulk [151] as follows: 

 

2Fe (s) + O2 (g) +  H2O (g) = Fe2O3 (s) + H2 (g) (6.1) 

3Fe (s) +
4

3
O2 (g) +  

4

3
H2O (g) = Fe3O4 (s) +

4

3
H2 (g) 

(6.2) 

 

  

 At low Cr3C2@SiC content, the main inner-layer contains four different phases: Fe3O4 and 

FeCr2O4, Fe2SiO4, and Fe2W. The FeCr2O4 and FeSi2O4 phases are due to the following solid state 

reactions of short lived FeO with stable oxides such as Cr2O3 and SiO2 respectively [69, 165]: 

 

FeO (s) + Cr2O3 (s) =  FeCr2O4(s) (6.3) 

2FeO (s) + SiO2(s) = Fe2SiO4(s) (6.4) 

  

 As stated earlier (from Fig. 6.9), the main inner-layer is a mixture with the major FeCr2O4 

and Fe3O4 phases. Such metastable mixed layer [69, 165] is related to the inherent inhomogeneous 

distribution of Cr and its low diffusivity. Fe2SiO4 appears in the form of precipitates but not as a 

continuous layer as shown in Fig. 6.9. Therefore, even though the diffusion of Fe cations is much 

slower in Fe2SiO4 [166], it is unlikely to contribute much towards oxidation resistance. The bright 
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phase in the main inner-layer is W-rich and Fe-, C-, O-deficient. A presence of Fe2W-laves phase 

is matches well with the literature [153]. 

 The inner-layer of the 15 and 25 vol% Cr3C2@SiC-NFA composites shows similar phase 

compositions of Fe3O4 and FeCr2O4, Fe2SiO4, and Fe2W (as illustrated in Figs. 6.10b and 6.10c). 

At the bottom of the inner-layer, it is believed that there is a tiny Cr2O3+SiO2 layer, which happens 

for all the three composites. This tiny Cr2O3+SiO2 layer is the first barrier for oxidation resistance 

of the Cr3C2@SiC-NFA composites, and its formation capability and healing ability are dependent 

on diffusivities of Cr and Si contents in the composites during the treatment, which will be 

discussed later. 

 One of the major effects of the water vapor is the formation of volatile species after the 

reaction with the oxide layers. Asteman et. al. [167] showed that the reaction between the 

protective chromia scale and water is one of the main reasons triggering breakaway oxidation: 

 

1

2
Cr2O3 +  

3

4
O2(g) + H2O(g) = CrO2(OH)2(g) (6.5) 

 

 Cracks and microchannels are observed for the Fe-rich scale of the 1000oC treated 5 vol% 

Cr3C2@SiC-NFA composite as shown in Fig. 6.4g. The microchannels end at the gap in the 

magnetite (Fe3O4) layer as shown in Fig. 6.10a. The water vapor reacts with the scale to form 

volatile products and leads to cracks as well as microchannels in the outer-layer [69, 163]. The 

microchannels indicate an outward evaporation path of the volatile products. The reactions are as 

follows: 

 

Fe2O3 + 2H2O(g) = 2Fe(OH)2(g) +  
1

2
O2(g) (6.6) 

Fe3O4 + 3H2O(g) = 3Fe(OH)2(g) +  
1

2
O2(g) (6.7) 

 



105 

 

 The gap in the magnetite (Fe3O4) phase of the outer-layer can stop the Fe2+ and Fe3+ 

diffusion required for the further growth of the outer-layer. Fig. 6.7a shows that the outer-layer is 

far thinner than the inner-layer. This means that the inner-layer keeps growing despite of the gap. 

The dissociation of water vapor in this gap is the major contributor of oxygen for the enhanced 

growth of the inner-layer in Fe-Cr alloys [69]. The cracks and microchannels in the outer-layer 

also facilitate the direct access of water vapor and oxygen to the inner-layer [57, 58, 69, 163, 168]. 

 The top regions of the outer-layers of the 1000oC treated 15 and 25 vol% Cr3C2@SiC-NFA 

composites are Cr-rich as illustrated in Figs. 6.10b and 6.10c. This is due to the protective 

Cr2O3+SiO2 layer between the oxide and the composite, which decreases the Fe2+ and Fe3+ 

migration to the outer-layer. EDS maps in Figs. 6.7b and 6.7c show that the top regions of the 

outer-layers in the 15 vol% Cr3C2@SiC-NFA composite are both Fe- and Cr-rich while that of the 

25 vol% Cr3C2@SiC-NFA is only Cr-rich. With the increase in Cr3C2@SiC content, Fe cation 

(Fe2+ and Fe3+) migration is greatly retarded. Due to the lower supply of Fe cations (Fe2+ and Fe3+) 

for the 25 vol% Cr3C2@SiC-NFA composite, the formation of the (Cr,Fe)2O3 phase is suppressed, 

leaving the top region of the outer-layer as the Cr-rich (Cr,Fe)3O4 phase. Another reason for the 

Cr-rich top region of the out-layer can be back-deposition of gaseous CrO2(OH)2
 in the form of 

Cr2O3. Since the 5 vol% Cr3C2@SiC sample does not have the Cr-rich outer-layer, the Cr depletion 

below the oxide layers in the 15 vol% and 25 vol% Cr3C2@SiC samples is an evidence of Cr 

evaporation in the water vapor atmosphere. Some of this CrO2(OH)2 might redeposit back to the 

surface by the reverse reaction of Eq. (6.5), while most of it is lost in the flowing gas. This explains 

net reduction in Cr with the enhancement in breakaway oxidation.  

 Even though the presence of SiO2 in the protective inner-layer cannot be observed in the 

current work, such layer is likely to form because of the relatively high concentration of Si (2-13 

wt%) in the composites, based on the EDS observation from Fig. 6.8. The failure to directly detect 

SiO2 is due to the very small thickness of such film, as observed in previous work on NFA-SiC 

composites (~330 nm) [160]. A very thin amorphous SiO2 layer between the oxide and substrate 

interface during the oxidation of Si containing steels has also been reported elsewhere (~200 nm) 

[79, 153]. Such Cr2O3 + SiO2 protective layer (observed from Fig. 6.8) is believed to be responsible 

for the oxidation protection due to the low diffusivities of both cation (Fe3+, Fe2+, Cr3+) and anion 

(O2-) species.  
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 The growth rate of the protective Cr2O3/SiO2 layer for the 5 vol%, 15 vol%, and 25 vol% 

Cr3C2@SiC-NFA composites can be expressed as follows [165]:  

z
dz

dt
=  

D(X̅ − Xinterface)2

2(Xoxide − Xinterface)(Xoxide − X̅)
 

(6.8) 

 

where Xoxide, Xinterface, and �̅� refer to the mole fractions of the cation species (Cr or Si) in the oxide, 

oxide-substrate interface, and substrate, respectively. D is the diffusivity of Cr or Si in the NFA 

matrix. If assuming Xoxide, Xinterface, and �̅� stay constant, the growth rate in Eq. (6.8) can be 

determined from the diffusivity D. Higher diffusivity leads to higher oxide layer growth rate.  

 The diffusivity D varies with the matrix phases, which are strongly affected by the thermal 

treatment temperature. The Thermo-Calc® simulation results (Fig. 6.11) demonstrate different α 

(BCC) and γ (FCC) mass fractions at different thermal treatment temperatures. α-Fe (BCC) is the 

major phase for all the Cr3C2@SiC-NFA composites at 500oC and 750oC treatment temperatures. 

However, at 1000oC treatment temperature only the 25 vol% Cr3C2@SiC-NFA composite has α-

Fe (BCC) as the major phase while the 5 vol% and 15 vol% Cr3C2@SiC-NFA composites mainly 

contain γ-Fe (FCC) phase.  

 The concentrations of Cr and Si in the NFA matrix of the composites can be obtained by 

considering the elemental contributions of the starting Cr3C2@SiC-NFA composite as shown in 

Fig. 6.12a. The concentration of Cr decreases marginally with the addition of Cr3C2@SiC, while 

the concentration of Si increases significantly with the addition of Cr3C2@SiC. The diffusivities 

of Si (DSi) and Cr (DCr) in the NFA matrix can be obtained from the Thermo-Calc® software as 

shown in Fig. 6.12b. The diffusivities of Cr and Si in the 15 and 25 vol% Cr3C2@SiC-NFA 

composites at the 1000oC treatment condition are almost 2 orders of magnitude higher than those 

in the 5 vol% Cr3C2@SiC-NFA composite. This means that the 15 and 25 vol% Cr3C2@SiC 

composites have higher capability forming the protective Si/Cr oxide layers when the breakaway 

oxidation happens, thus quicker healing ability before extensive damage proceeds. 
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Fig. 6.10. Schematic representation of the oxide scale growth during the water vapor thermal 

treatment at 1000oC with increasing volume fraction of Cr3C2@SiC in the Cr3C2@SiC-NFA 

composites, (a) low Cr3C2@SiC content, (b) intermediate Cr3C2@SiC content 

 

 The thin oxidation outer-layer between two islands in both the 15 and 25 vol% composites 

is the Cr-rich (Cr,Fe)2O3 layer. Significant Cr depletion can be observed beneath this film (Figs. 

6.10b and 6.10c), likely through Cr evaporation by reaction with water vapor (Eq. (6.5)). The 

cracks and microchannels in the thin oxidation layer (Fig. 6.4) also support this explanation. Thus 

during the breakdown of such protective film with oxidation, the matrix will not be able to supply 

enough Cr to allow the regrowth of such protective film. The Fe-rich regions then undergo heavy 

oxidation, similar to the 5 vol% Cr3C2@SiC-NFA composite. Therefore, Cr3C2@SiC can only 

delay the breakaway oxidation but not completely stop it.  

 

 

Fig. 6.11. Mass fraction of α and γ Fe phases with temperature for (a) 5 vol%, (b) 15 vol%, (c) 

25 vol% Cr3C2@SiC-NFA composites based on the Thermo-Calc® simulation. 
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Fig. 6.12. Effect of Cr3C2@SiC addition on (a) concentration of Cr and Si, and (b) diffusivity of 

Cr and Si in the NFA matrix at 1000°C thermal treatment condition. 

 

6.5. Conclusions 

 

 In this work, NFA with 5, 15 and 25 vol% Cr3C2@SiC addition has been thermally treated 

at 500oC, 750oC and 1000oC in the presence of water vapor. The 5 vol% Cr3C2@SiC sample shows 

almost 40 times more oxidation damage than the 25 vol% Cr3C2@SiC samples with porous surface 

morphology. The oxidation layer is predominantly hematite for the 500oC and 750oC treated 

samples. At 1000oC thermal treatment, the samples show more protective Cr-rich layers with 

increasing Cr3C2@SiC content. The multi-layer structures for each composition is systematically 

analyzed. The improved oxidation resistance for the 1000oC treated 15 and 25 vol% Cr3C2@SiC-

NFA is attributed to higher diffusivities of Cr and Si in the α-Fe phase, which significantly boost 

the healing ability of the breakaway protective Cr- and Si-rich layer (Cr2O3 + SiO2) and thus delay 

the onset of breakdown oxidation. The results show promising applications of the Cr3C2@SiC-

NFA composites for harsh water vapor containing environments, especially as nuclear cladding 

materials. 
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Chapter 7 

Microstructural Evolution of a Silicon Carbide – Carbon Coated 

Nanostructured Ferritic Alloy Composite during In-Situ Kr Ion 

Irradiation at 300oC and 450oC  

 

7.1. Abstract 

 

Silicon carbide and carbon coated nanostructured ferritic alloy (SiC-C@NFA) composites are 

promising cladding materials for next-generation reactors. In this study, this material system was 

irradiated with 1 MeV Kr ions up to 10 dpa at 300 and 450oC. Microstructures and defect evolution 

were studied in-situ at the IVEM-Tandem facility at Argonne National Laboratory. The effects of 

ion irradiation on various phases such as α-ferrite matrix, (Fe,Cr)7C3, and (Ti,W)C precipitates 

were evaluated. The α-ferrite matrix showed a continuous increase in dislocation density along 

with spatial ordering of dislocation loops (or loop strings) at >5 dpa. The size of the dislocation 

loops at 450oC was larger than that at 300oC. The nucleation and growth of new (Ti,W)C 

precipitates in α-ferrite grains were enhanced with the ion dose at 450oC. This study provides new 

insight into the irradiation resistance of the SiC-C@NFA system. 

 

7.2. Introduction 

 

Understanding microstructure and property changes due to irradiation is very important in 

order to ensure the safety of reactors as well as to provide guidance for the design of novel 

irradiation resistant materials. Heavy ion irradiation can generate cascade type damage, similar to 

that observed in neutron irradiation [169-171]. Ion irradiation experiments are inexpensive and can 

provide better control over temperature, dose rate, and damage level. Absence of residual 

radioactivity in irradiated materials also makes it much easier to handle the specimens and 

characterize the microstructures [169, 172]. The displacement cascade damage results in the 
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formation of defect clusters, dislocation loops, and voids, which can be studied either after 

irradiation (ex-situ) or during irradiation (in-situ) [170]. In-situ observation of various defects and 

dislocations provides valuable real-time information on the evolution of these defects and their 

interactions at different temperatures, dose rates, and damage levels [171, 173].  

This work is focused on the in-situ Kr ion irradiation of the SiC-C@NFA material at 300oC 

and 450oC using the IVEM-Tandem facility at Argonne National Laboratory. The microstructural 

evolution of various phases in the SiC-C@NFA system during the ion irradiation was 

characterized.  

 

7.3. Materials and methods 

 

The NFA powder was made by arc melting of a ferritic steel powder (Fe-9Cr-2W-0.4Ti-

0.2V-0.18C, in wt%) with 0.3% Y2O3 in an argon atmosphere (~15 μm average size, provided by 

Dr. T. S. Byun from Pacific Northwest National Laboratory). The SiC powder (Grade UF-15, α-

SiC, ~1.25 μm average size, H.C. Starck, Karlsruhe, Germany) was coated with carbon as detailed 

in our earlier work [126]. A 25 vol% SiC-C@NFA mixture was sintered using SPS at 950oC. The 

details of the sintering process and the resultant properties can be found elsewhere [126]. In brief, 

the microstructure contained a Si-diffused NFA (NFASi) matrix, various carbides (e.g., (Fe,Cr)7C3 

and (Ti,W)C), and graphite precipitates due to the reactions between SiC and C@NFA. For TEM 

examination, the SiC-C@NFA sample was cut using a low speed saw (Isomet, Beuhler, IL, USA) 

to obtain a 300 μm thick foil. This foil was further ground to ~60 μm thickness using 1200 grit 

papers. An ultrasonic disc cutter (Model 170, E.A. Fischione Instruments, PA, USA) was used to 

obtain multiple discs with 3 mm in diameter. Further thinning was carried out using a low angle 

ion milling machine (Model 1010 Low Angle Ion Mill, E.A. Fischione Instrument, PA, USA). An 

argon ion source with 3 kV voltage and 5 mA current was used to thin the sample at 12o angle.  

In-situ Kr ion irradiation was performed at the IVEM-Tandem TEM facility at Argonne 

National Laboratory (ANL). The Kr ion energy was 1 MeV. The acceleration voltage for the in-

situ TEM analysis was kept at 300 kV. The TEM analysis was performed on the un-irradiated (0 

dpa) SiC-C@NFA sample and the ion irradiated sample at dose levels of 0.2, 0.5, 1, 2, 5, and 10 
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dpa. Further analysis was performed at the end dose of 10 dpa using energy dispersive 

spectroscopy (Bruker EDS, MA, USA) and electron diffraction techniques on a TEM (Model 

2100, JEOL, MA, USA) with 200 kV accelerating voltage. The dislocation loop density was 

measured manually using ImageJ software (with cell counter plug-in). The thickness of the TEM 

foil was estimated to be 100 nm. 

SRIM simulation was performed with a 1 MeV Kr ions and the NFASi
 (Si dissolved α-

BCC matrix) phase as the target using the SRIM-2013 (Stopping and Range of Ions in Matter) 

software [174]. In total, 50,000 incident ions were used for the simulation. The results were used 

to estimate the irradiation dose level in terms of displacement per atom (dpa) from the in-situ Kr 

ion irradiation with the corresponding fluence. 

Figs. 7.1a and 7.1b show the Kr ion range and dpa levels plotted against the TEM foil 

thickness obtained using the SRIM simulation. The ion range plot in Fig. 7.1a shows Kr ion 

concentration in the sample, indicating that most of the ions leave the TEM foil. The dpa level can 

be calculated using the target vacancy data obtained by the SRIM simulation (dν), using the same 

irradiation flux as in our irradiation experiment (f=5.21×1011 ions·s-1·cm-2), atomic density 

(da=8.225×1022 atoms/cm3), and irradiation time (t) according to Eq. (7.1). Fig. 7.1b shows the 

damage level obtained for the fluences used in this experiment, i.e., 6.25×1014 ion/cm-2, 1.88×1015 

ion/cm-2, 3.13×1015 ion/cm-2, 6.25×1015 ion/cm-2, etc. The SRIM simulation results in Fig. 7.1b 

suggest that the average damage accumulated in the TEM foil for these fluences is 1, 3, 5 and 10 

dpa respectively.  

dpa =  ftdv/da (7.1) 
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Fig. 7.1. SRIM simulation results showing (a) Kr ion distribution and (b) dpa damage plotted 

against the TEM foil thickness. 

 

7.4. Results and Discussion    

 

7.4.1 Microstructural evolution in α-ferrite phase during ion irradiation 

 

Fig. 7.2 shows the TEM images of the α-ferrite phase of the 25 vol% SiC-C@NFA material 

obtained during the in-situ Kr ion irradiation at 300oC. All images were obtained using kinematic 

bright field TEM mode with g=(110) diffraction condition and near the zone axis=[121]. The TEM 

image before the ion irradiation (Fig. 7.2a, 0 dpa) shows the α-ferrite matrix and precipitates such 

as (Fe,Cr)7C3 and (Ti,W)C. Some surface damage was observed before the ion irradiation, due to 

the ion milling during the sample preparation. The sample irradiated to 3 dpa (Fig. 7.2b) shows 

some new dislocation loops in the α-ferrite matrix (see the black dots pointed by yellow arrows). 

Alignment of these black dots can also be seen (green arrow in Fig. 7.2b). The average size of 
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dislocation loops is 9.6 nm after the 3 dpa irradiation. Fig. 7.2c shows the TEM bright field image 

of the irradiated sample after 5 dpa irradiation. There are a mix of new black dot dislocations 

(yellow arrow) and some fully evolved dislocation loops (yellow circle). In addition, there is a 

significant increase in the alignment of dislocation loops in a particular direction (blue arrow). The 

average dislocation loop size shows a considerable increase to 16.5 nm after 5 dpa. The alignment 

of black dot dislocations (or loop strings) is a commonly observed phenomenon in irradiated 

materials [175-179], attributed to elastic interactions of dislocation loops. Such alignment only 

occurs when dislocation loop density reaches a certain level where the distance between loops is 

small enough for effective elastic interactions between them. As the irradiation dose increases, the 

black dot dislocations inside loop strings eventually realign their Burgers vector to form fully 

evolved dislocation loops [176, 178], which can be observed at high irradiation doses (e.g., yellow 

circles at 5 and 10 dpa doses in Figs. 7.2c and 7.2d respectively). The TEM image after 10 dpa 

irradiation in Fig. 7.2d shows heavy radiation damage consisting of high-density of dislocation 

loops. The average size of the dislocation loops shows a significant increase to 27.3 nm after 10 

dpa irradiation. This means that the marginal decrease in the dislocation density is a result of 

dislocation loop growth. The sample after 10 dpa irradiation shows fully evolved dislocation loops 

as opposed to black dots in the low dose samples. These results indicate that at high irradiation 

doses the newly generated point defects and small clusters may prefer to join nearby existing loops 

(because their density is high at high doses) instead of nucleating new ones. 
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Fig. 7.2. Bright field TEM images of the SiC-C@NFA composite with g=(110) condition (zone 

axis =[121] after in-situ ion irradiation at 300oC at different dose levels: (a) 0 dpa, (b) 3 dpa, (c) 5 

dpa, and (d) 10 dpa. 

 

Fig. 7.3 shows the TEM images of the 25 vol% SiC-C@NFA sample before and after the 

in-situ ion irradiation at 450oC. Before the ion irradiation, Fig. 7.3a shows mainly precipitates 

((Fe,Cr)7C3 and (Ti,W)C) in the α-ferrite matrix. Unlike the sample at 300oC irradiation, surface 

damage due to ion milling cannot be observed, maybe as a result of annealing during in-situ heating 

at 450oC. The samples after both 3 and 5 dpa irradiation show considerable dislocations in the 

(a) 0 dpa (110) 

(Ti,W)C 

(Fe,Cr)7C3 

(b) 3 dpa 

(c) 5 dpa (d) 10 dpa 
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thicker regions of the sample. The microstructure of the thicker region for the sample after 5 dpa 

irradiation is shown in the insert of Fig. 7.3c. Fully grown dislocation loops can be clearly seen. 

The corresponding dislocation loop sizes are 14.6 nm and 19.4 nm respectively. The sample after 

10 dpa ion irradiation has been characterized using g=(002) diffraction condition near the <100> 

zone axis. The kinematic bright field and weak beam dark field images in Figs. 7.4a and 7.4b show 

fully evolved dislocation loops. The average dislocation loop size is around 35.8 nm, which is 

significantly higher than that of the samples after 3 and 5 dpa ion irradiation.  

At 3 dpa (Fig. 7.3b), the SiC-C@NFA sample also shows the formation of spherical, very 

fine (Ti,W)C type precipitates (red circle). The TEM image of the 5 dpa sample in Fig. 7.3c shows 

an increased number density of the fine, spherical precipitates. The 10 dpa sample (Fig. 7.3d) 

shows both increased number density and coarsening of these fine spherical precipitates. This 

behavior is explained separately in section 7.4.3.  
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Fig. 7.3. TEM images of the 25 vol% SiC-C@NFA sample after in-situ ion irradiation at 450oC 

using different dose levels: (a) 0 dpa, (b) 3 dpa, (c) 5 dpa, and (d) 10 dpa. 
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Fig. 7.4. (a) Kinematic bright field and (b) weak beam dark field TEM images with g=(002) 

condition near the [100] zone of the SiC-C@NFA composite after 10 dpa ion irradiation at 450oC. 

 

7.4.2. Dislocation loop evolution 

 

 Fig. 7.5 shows the comparison between dislocation loop sizes after 300oC and 450oC ion 

irradiation. At 300oC the loops have very small sizes (<10 nm) at lower dose levels (0-2 dpa), 

which correlates with the black dot dislocations observed in Fig. 7.2b. The loop size increases up 

to 27.3 nm and 35.8 nm at high dose levels (10 dpa) for the 300oC and 450oC ion irradiation 

conditions, respectively. This behavior correlates with fully evolved dislocation loops observed in 

Fig. 7.2d and Fig. 7.4a. The dislocation loop size is larger for the 450oC irradiation as compared 

to that of 300oC irradiation at all dose levels.  

During the ion irradiation, high-energy Kr ions displace atoms from their lattice sites in the 

target material, generating many Frenkel pairs (known as collision cascade event or primary 

damage [180]). The accumulation of surviving interstitials from the primary damage can grow into 

new, highly mobile defect clusters and eventually evolve into dislocation loops [176, 181-184]. 

Since the dislocation loop density is low at lower dose levels, loop nucleation becomes 

predominant over growth. Therefore, an increase in the loop density at low irradiation dose (<3-5 

(002) (a) (b) 
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dpa) during both 300oC and 450oC ion irradiation can be observed (see Figs. 7.2b,c and 7.3b,c). 

At high irradiation doses, the dislocation loop density is also high. However, the newly generated 

defects/clusters from cascade events prefer to coalesce with nearby existing dislocation loops. This 

leads to loop growth with increasing irradiation dose, which is evident in Fig. 7.5. Previous 

literature shows that new clusters usually coalesce with large loops by climbing and reorienting 

their Burgers vector in accordance with large loops [178, 185].  

The increase in irradiation temperature can significantly increase the mobility of 

defects/clusters. This phenomenon could have two effects. First, it can result in an increase in 

vacancy-interstitial recombination and lead to a smaller loop density at high temperatures. Second, 

it can lead to an early balance between nucleation rate and annihilation rate and result in enhanced 

loop growth at high temperatures as observed in Fig. 7.5.  

Both dislocations and precipitates act as sinks for interstitials and vacancies generated 

during the cascade events. The corresponding sink strengths for dislocations and precipitates are 

given by Eqs. (7.2) and (7.3) respectively [181, 186]. Therefore, higher precipitate density can 

attract more interstitials than dislocations and thus decrease overall loop density.  

ki,d
2 = Ziρd (7.2) 

Where 𝑘𝑖,𝑑
2  is sink strength due to dislocations, 𝑍𝑖 is absorption efficiency (typically it is larger for 

interstitials than vacancies), and 𝜌𝑑 is dislocation density (m-2). 

ki,n
2 = 4πRnNn (7.3) 

Where 𝑘𝑖,𝑛
2  is sink strength due to precipitates, 𝑅𝑛 is average radius of precipitates (m), and 𝑁𝑛 is 

number density of precipitates (m-3). 
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Fig. 7.5. Dislocation loop sizes in the α-ferrite matrix during the in-situ Kr ion irradiation. 

 

7.4.3. Radiation induced precipitation 

 

EDS mapping was performed for the SiC-C@NFA sample after irradiation to 10 dpa at 

450oC. Fig. 7.6 shows large precipitates with Cr enrichment, which must be from the (Fe,Cr)7C3 

precipitate as observed in Chapter 4. The spherical precipitates in the α-ferrite matrix show Ti- and 

W-enrichment. These precipitates must be (Ti,W)C carbides. Some small-sized precipitates (red 

circle) with similar Ti- and W-enrichment can be observed along with the existing (Ti,W)C 

precipitates. This means that the new fine spherical precipitates in Figs. 7.3b, 7.3c, and 7.3d are 

indeed (Ti,W)C type carbides. During irradiation at 300oC, such precipitation was not observed.  
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Fig. 7.6. EDS mapping of the SiC-C@NFA composite after 10 dpa ion dose at 450oC. 

  

 Fig. 7.7 shows the size distribution of the (Ti,W)C precipitates at 450oC. At 0 dpa (Fig. 

7.7a), the precipitate size is 15 nm to 55 nm. Figs. 7.7b, 7.7c and, 7.7d show the formation of new 

precipitates with sizes less than 12 nm. Fig. 7.8 shows that a large number of new precipitates have 

already formed at 3 dpa as compared to the original precipitates of >15 nm size. At 3 dpa, the size 

distribution is bimodal with peaks at 4 nm and 25 nm respectively. The subsequent results after 5 

and 10 dpa ion irradiation (Fig. 7.7c and 7.7d respectively) show similar size distribution as after 

3 dpa ion irradiation; however, some coarsening of the new precipitates occurs. This behavior can 

be correlated with coarsened new precipitates observed in Figs. 7.3c and 7.3d. The precipitate 

number density and average size are plotted against the dose level as shown in Fig. 7.8. The number 

density of (Ti,W)C shows a significant increase after the ion irradiation. The average size of the 

precipitates shows a sharp decrease after irradiation at 3 dpa. This must be due to the sudden 

increase in the number density of the new precipitates with size < 12 nm. The average sizes of 

(Ti,W)C after 5 and 10 dpa irradiation remains similar to that after 3 dpa irradiation. These results 

indicate that the number density of the (Ti,W)C precipitates becomes saturated at high dose levels. 

They also suggest that the coarsening of these carbides, even though present, is not significant in 

our study.  

(Fe,Cr)7C3 

(Ti,W)C 
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Fig. 7.7. Precipitate size distribution in the SiC-C@NFA sample after irradiation at 450oC with an 

ion dose of (a) 0 dpa, (b) 3 dpa, (c) 5 dpa, and (d) 10 dpa. 
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Fig. 7.8. Number density and average size of (Ti,W)C precipitates with increasing dose level. 

 

The TTT diagram acquired using the ThermoCalc software (Fig. 7.9) indicates that 

nucleation of the new (Ti,W)C takes more than 106 seconds (~280 hours) at 450oC in the absence 

of irradiation. Therefore, it can be concluded that irradiation-induced precipitation is in effect and 

the impact of ion irradiation on the nucleation of new (Ti,W)C precipitates is significant. Bachhav 

et al. [187] proposed two mechanisms for irradiation-induced precipitation. First, irradiation 

induced point-defect supersaturation can provide abundant carriers for the diffusion of solute 

atoms and result in an increased rate of precipitation as compared to that observed in thermal 

equilibrium conditions. Similar radiation-enhanced precipitation mechanism was also proposed 

for Cu precipitation in ferritic Fe under irradiation [188]. Second, solute atoms and migrating point 

defects can couple with increasing irradiation dose and result in the formation of non-equilibrium 

precipitates. The TTT diagram in Fig. 7.9 shows that (Ti,W)C precipitates are thermodynamically 

favorable at a certain temperature. Therefore, it is most likely that the first mechanism, i.e., 

irradiation-enhanced precipitation, is predominant in the current experiments.    
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Fig. 7.9. TTT diagram of the (Ti,W)C phase in an α-BCC iron matrix. 

 

7.4.4. Irradiation response of (Fe,Cr)7C3 phase  

 

Fig. 7.10 shows the TEM images of the (Fe,Cr)7C3 phase before and after 10 dpa ion 

irradiation at 300oC and 450oC. After the 10 dpa dose irradiation at 300oC, the (Fe,Cr)7C3 phase 

does not show any discernable damage (Fig. 7.10b). This means that the M7C3 phase is highly 

resistant to irradiation as compared to α-ferrite at 300oC. After the 10 dpa dose irradiation at 450oC, 

the (Fe,Cr)7C3 phase shows some Kr bubbles (see the inset in Fig. 7.10c). Large size Kr bubbles 

can be seen at the interface between the (Fe,Cr)7C3 phase and the α-ferrite matrix (yellow arrow 

in Fig. 7.10c). The Kr bubbles cannot be observed in the α-ferrite matrix. The TEM images under 

underfocus and overfocus conditions in Figs. 7.11a and 7.11b respectively confirm the presence 

of bubbles (see yellow arrow). It is possible that some bubbles are annihilated as the Kr gas from 

the α-ferrite matrix travels towards the precipitate-matrix interfaces [189].  

Bubbles form due to the interaction between vacancy clusters and incoming Kr++ ions. Even 

though the majority of Kr++ ions have penetrated through our samples, some Kr++ ions may be 

trapped in the samples. Pagano et al. [190] showed the formation of bubbles during the Kr++ ion 

irradiation in Zr-based alloys. In the presence of noble gas ions, vacancies in Zr form bubbles as 

opposed to vacancy dislocation loops. The bubbles either grow by the accumulation of incoming 
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Kr++ ions or by agglomeration of other bubbles (if mobile). The immobile bubbles often have 

homogeneous size distributions as opposed to mobile ones [190]. The bubbles formed in the 

(Fe,Cr)7C3 phase at 450oC in this study are likely immobile considering their homogenous size 

distribution and large size. In addition, bubbles cannot be observed in the samples irradiated at 

300oC. This is likely because the bubble formation is often controlled by Kr atom mobility. 

Therefore, it can be argued that at 450oC Kr atom diffusion is fast enough to form stable bubbles 

as compared to that at 300oC.      

 

 

Fig. 7.10. Bright field TEM images of (Fe,Cr)7C3 precipitate at (a) 0 dpa, (b) 10 dpa at 300oC and 

(c) 10 dpa at 450oC. 

 

 

 

(a) (b) (c) 
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Fig. 7.11. Bright field TEM images of SiC-C@NFA in (a) underfocus and (b) overfocus imaging 

conditions after irradiation at 450oC up to 5 dpa. 

 

7.5. Conclusions 

 

This study focuses on the in-situ Kr ion irradiation study of a newly developed SiC-

C@NFA system at 300°C and 450°C to a maximum ion dose of 10 dpa. Ion irradiation at 300°C 

shows the evolution of dislocation loops and loop string formation in the α-ferrite phase above 5 

dpa dose levels. The microstructure of the 300°C ion irradiated sample at 10 dpa shows heavy 

damage in the α-ferrite phase. The sample irradiated at 450°C shows much larger dislocation loops 

compared to that at 300°C. Ion irradiation at 450°C and above 3 dpa results in nucleation of new 

(Ti,W)C precipitates. The (Fe,Cr)7C3 phase is highly resistant to the Kr irradiation damage during 

the ion irradiation at both 300°C and 450°C temperatures.  

  

(a) (b) 
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Chapter 8 

In-Situ TEM Study of Microstructural Evolution in NFA and 

Chromium Carbide Coated SiC – Nanostructured Ferritic Alloy 

Composite during Ion Irradiation  

 

8.1. Abstract 

 

In this work, the ion irradiation responses of a Fe-based nanostructured ferritic alloy or ‘NFA’ (Fe-

9Cr-2W-0.2V-0.4Ti-0.3Y2O3) and a Cr3C2@SiC-NFA composite were assessed. In-situ ion 

irradiation with TEM observation was carried out by using 1 MeV Kr++ ions at doses of 0, 1, 3, 5, 

10 dpa and temperatures of 300oC and 450oC. Both the NFA and Cr3C2@SiC-NFA samples 

showed significant dislocation density after 10 dpa at 300oC. However, the Cr3C2@SiC-NFA 

composite showed a significantly lower dislocation loop density and a smaller average loop size 

during the irradiation at 450oC as opposed to the NFA. At 300oC, 1/2<111> type dislocation loops 

were observed in both the NFA and Cr3C2@SiC-NFA samples. Interestingly, at 450oC, <100> 

type loops were dominant in the NFA sample while 1/2<111> type loops were still dominant in 

the Cr3C2@SiC-NFA sample. The results were discussed based on the large surface sink effects 

and enhanced interstitial-vacancy recombination at higher temperatures. The additional Si element 

in the Cr3C2@SiC-NFA sample might have played a significant role in determining the dominant 

loop types.  

 

8.2. Introduction 

 

Neutron and ion irradiation studies on body-centered-cubic (BCC) Fe-based ferritic alloys 

have shown the formation of two kinds of dislocation loops with Burgers vector b=a/2<111> and 

b=a<100> [84, 191], where a is the BCC lattice constant. They are referred as ½<111> and <100> 

loops in this study, respectively. Relative quantities and sizes of the two types of loops strongly 
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depend on alloy compositions and irradiation conditions (e.g., temperature). During neutron 

irradiation of pure iron, 1/2<111> loops are mostly observed between 30-90oC [87, 88]. However, 

at temperatures above 300oC, <100> loops become predominant [89, 90]. It is well known that 

1/2<111> loops are highly mobile while <100> loops are almost immobile [191]. Therefore, the 

observed predominance of <100> loops at high temperatures could be an outcome of the loss of 

mobile 1/2<111> loops at defect sinks. However, in Yao’s in-situ ion irradiation experiment [191] 

in which the samples were oriented carefully to prevent the loss of 1/2<111> loops to surface sink, 

½<111> and <100> loops were found to be dominant below 300oC and above 500oC, respectively. 

At 400oC, the two types of loops had nearly equal fractions. Field et al. [192] calculated 

contributions of ½<111> and <100> dislocations to radiation-induced hardening for ferritic Fe-

Cr-Al alloys using linear superposition of a DBH (dispersed barrier hardening) model. It was 

concluded that <100> loops are much stronger obstacles to dislocation motion as compared to 

½<111>. This behavior was correlated with the sessile nature of <100> loops as compared to the 

glissle nature of ½<111> loops. Alloy composition can also affect the relative abundance of the 

two types of loops [193]. Fe-Cr alloys show a strong affinity to the formation of Cr-interstitial 

clusters, mainly along b=a/2<111> type dislocations [90, 194]. This leads to the mobility decrease 

of 1/2<111> loops [185, 195-198]. Therefore, Cr addition can influence relative fractions of 

1/2<111> and <100> loops. However, the exact correlation between the Cr content and the 

dominance of these loops has not been fully established yet [84]. The α-ferrite matrix of the 

Cr3C2@SiC-NFA material contains mainly Fe, Cr, and Si elements. The additional Si element 

could have interesting effects on the dislocation loop evolution during ion irradiation as compared 

to the NFA.   

This study focuses on the evolution of irradiation-induced dislocation loops in the NFA 

and Cr3C2@SiC-NFA materials using the IVEM-Tandem facility at Argonne National Laboratory. 

The irradiation was performed at 300oC and 450oC to identify the effect of temperature on 

dislocation loop properties (size, density, and Burgers vector) in these materials. The comparison 

between the irradiation responses of the NFA and the Cr3C2@SiC-NFA is conducted and the 

differences are discussed.  
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8.3. Materials and methods 

 

The NFA powder (~15 μm average size) was prepared using mechanical alloying of ferritic 

steel powder (Fe-9Cr-2W-0.4Ti-0.2V-0.18C wt%) with 0.3% Y2O3 in an argon atmosphere 

(powder provided by Dr. T. S. Byun and Dr. David Hoelzer from Oak Ridge National Laboratory). 

SiC particles (Grade UF-15, α-SiC, ~1.25 μm average size, H.C. Starck, Karlsruhe, Germany) 

were coated with Cr3C2 using a melt salt method followed by reduction treatment at high 

temperatures. The NFA and 25 vol% Cr3C2@SiC-NFA composite were sintered using SPS at 

950oC. The details of the sintering process, densities, and microstructural evolution of the resultant 

material can be found in chapter 3 and 4. Thin sections of the NFA and Cr3C2@SiC-NFA samples 

were cut using a low speed saw (Isomet-Low speed precision cutter, Beuhler, IL, USA). This 

section was further polished into 60 μm thickness foils using diamond papers with sizes in the 

following order: 30 μm, 15 μm, 10 μm, 3 μm, and 1 μm. These foils were then cut using a Gatan 

disc punch system to obtain discs with ~3 mm diameter. The discs were thinned using a twin-jet 

electropolisher system (Model 110, E. A. Fischione Instruments, Inc., PA). A solution of 5% 

perchloric acid (HClO4)+95% methanol was used as an electrolyte for the twin jet electropolishing. 

For the NFA sample, the temperature and voltage used were -30oC and 20 V respectively. For the 

Cr3C2@SiC-NFA sample, the electropolishing was kept at -60oC using liquid nitrogen and a 

voltage of 40 V was applied until a hole was obtained. The low electropolishing temperature 

allowed the use of a higher voltage without an increase in current. In order to increase observable 

area of TEM sample during in-situ experiments, further thinning was carried out using a low angle 

ion mill (Model 1010 Low Angle Ion Mill, E. A. Fischione Instruments, Inc., PA). An argon ion 

source with 3 kV voltage and 5 mA current was used to thin the sample at a 12o angle for 1 hour. 

In-situ Kr++ ion irradiation with TEM observation was conducted at 300oC and 450oC using 

an Intermediate Voltage Electron Microscope (Hitachi-9000) attached with an ion accelerator. The 

electron and Kr++ ion energies were 300 keV and 1 MeV respectively. The irradiation was 

performed up to a fluence of 6.25×1015 ions/cm2 (~10 dpa according to SRIM simulation). The 

irradiation was stopped for detailed TEM analysis after fluences of 6.25×1014 ions/cm2 (~1 dpa), 

1.875×1015 ions/cm2 (~3 dpa), 3.125×1015 ions/cm2 (~5 dpa), and 6.25×1015 ions/cm2 (~10 dpa).  
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Dislocation loops were counted manually using the cell counter plugin in ImageJ software. 

Dislocation loop number density (m-3) was calculated by assuming the TEM foil thickness at 100 

nm for all the samples. All the dislocations present in the given image were counted (number 

ranges from 15-30 in 450oC irradiated Cr3C2@SiC-NFA up to 250-300 in 300oC irradiated NFA). 

The procedure was repeated for 2-3 TEM images from different regions of the same sample to get 

average loop number density and standard deviation. Dislocation loop sizes were measured using 

ImageJ software. For elliptically shaped loops, the major diameter was measured. For loop 

strings/rafts, the width was reported as loop size. Sizes were measured for nearly all dislocations 

in the current TEM image. The data was used to get average loop size and standard deviation as 

well as loop size distribution.   

Dislocation burgers vector (b=a/2<111> and b=a<100>) was identified for specimens with 

10 dpa irradiation dose where the shape of most of the dislocation loops was clearly visible. The 

shape of the dislocation was matched with simulated projections of ½<111> and <100> loops at 

[100] zone axis. This method is discussed in detail in later sections.     

To investigate whether lattice contraction due to the dissolution of Si in the Fe matrix can 

significantly modify the relative stability of 1/2<111> and <100> loops in Fe, molecular dynamics 

(MD) simulations were conducted to study the effects of isotropic compressive and dilative strains 

on the formation energies of the two types of dislocation loops in pure Fe. The MD simulations 

were conducted using LAMMPS software [199] and the M07 interatomic potential [200] for Fe 

was used. 

 

8.4. Results  

 

8.4.1. Dislocation evolution in NFA  

 

Fig. 8.1 shows the kinematic bright field (BF) and weak beam dark field (DF) TEM images 

of the NFA sample after the ion irradiation at 300oC. The dislocations observed at 0 dpa (see Fig. 

8.1a) are likely from the mechanical polishing during the sample preparation. Some surface 

damage from the final ion milling preparation method can also be observed in Fig. 8.1a. Small 
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dislocation loops (black dots in BF, white dots in DF) can be observed after irradiation at 3 dpa 

and 5 dpa as shown in Figs. 8.1b and 8.1c respectively (see yellow circles). The loop density shows 

a significant increase from 2.2×1021 m-3 at 3 dpa to 5.26×1021 m-3 at 5 dpa. The average loop size 

also shows an increase from 4.4±1.5 nm at 3 dpa to 5±2 nm at 5 dpa. Finally, at 10 dpa, Fig. 8.1d 

shows a mixture of small dislocations (black dots in BF) and large dislocation loops (the green 

arrow in BF). This indicates simultaneous loop growth and nucleation events during the ion 

irradiation. The loop density and size increase significantly to 7.26×1021 m-3 and 9±6.3 nm, 

respectively, after the 10 dpa ion irradiation.  

 

    

Fig. 8.1. Kinematic bright field (top) and weak beam dark field (bottom) TEM images of the NFA 

sample (zone axis=[001]) after the in-situ Kr++ ion irradiation at 300oC: (a) 0 dpa, (b) 3 dpa, (c) 5 

dpa, (d) 10 dpa. 

 

Fig. 8.2 shows kinematic bright field and weak beam dark field TEM images of the NFA 

sample irradiated with various dose levels (0-10 dpa) at 450oC. The 0 dpa image shows dislocation 

lines from mechanical damage during the sample preparation. Unlike the 300oC unirradiated NFA 

sample (Fig. 8.1a), the surface damage due to the ion milling is non-existent for the 450oC 

unirradiated NFA sample. It is possible that most of the surface damage from ion milling has been 
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annealed out at 450oC. After 3 dpa irradiation (Fig. 8.2b), TEM image shows several small 

dislocation loops (black dots in the BF image) as well as fully evolved dislocation loops. At 5 dpa, 

a similar mixture of small loops (black dots) and fully evolved dislocation loops can be observed 

(see Fig. 8.2c). The dislocation loop density shows a slight increase from 4×1021 m-3 at 3 dpa to 

4.5×1021 m-3 at 5 dpa. However, the dislocation loop size shows a significant increase from 11±8.2 

nm at 3 dpa to 19±16.3 nm at 5 dpa. This means that the combination of high irradiation dose and 

high temperature has led to the rapid loop growth as well as nucleation of new loops. The fully 

evolved dislocation loops are elliptical in shape and aligned mostly in the same direction as shown 

in the BF image in Fig. 8.2c (45o with g=(110)). The kinematic bright field image in Fig. 8.2d 

shows very heavy radiation damage with a large number of small dislocation loops (black dots) 

and elliptical dislocation loops after 10 dpa irradiation. The dislocation loop density increases to 

5.9×1021 m-3
 after 10 dpa ion irradiation as compared to 4.5×1021 m-3 at 5 dpa. However, the 

average loop size shows a decrease to 13.3±9.1 nm at 10 dpa as compared to 19±16.3 nm at the 5 

dpa dose level. The decrease in the average loop size for the 10 dpa dose level may be due to an 

increased nucleation rate for the dislocation loops vs. loop growth (refer to section 8.5.1). This 

behavior also explains the increase in the dislocation loop density with the dose level. 
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Fig. 8.2. Kinematic bright field (top) and weak beam dark field (bottom) TEM images of the NFA 

sample (zone axis=[001]) after the in-situ Kr++ ion irradiation at 450oC: (a) 0 dpa, (b) 3 dpa, (c) 5 

dpa, (d) 10 dpa. 

 

8.4.2. Dislocation evolution in Cr3C2@SiC-NFA  

 

Fig. 8.3 shows kinematic bright field and weak beam dark field TEM images of the 

Cr3C2@SiC-NFA sample irradiated with various dose levels (0-10 dpa) at 300oC. Fig 8.3a and 

8.3c clearly shows existence of (Ti,W)C and (Fe,Cr)7C3 precipitates respectively in the α-ferrite 

matrix. Similar to the unirradiated NFA sample at 300oC, the dark field image at 0 dpa in Fig. 8.3a 

shows some surface damage due to ion milling during the sample preparation. At 3 dpa, the 

presence of mainly small dislocation loops, some of which align in a particular direction to form 

‘loop strings [179, 201, 202]’, can be seen in Fig. 8.3b (blue arrow in the DF image). Note such 

loop strings are not observed for both 300oC and 450oC irradiated NFA samples. At 5 dpa, an 

increased density of such loop strings can be observed as shown in Fig. 8.3c (blue arrow in the DF 

image). The loop density shows an increase from 4.8×1021 m-3 at 3 dpa to 6×1021 m-3 at 5 dpa. The 

loop size also shows a considerable increase from 5.7±1.4 nm at 3 dpa to 11.3±3 nm at 5 dpa. After 

10 dpa irradiation, the TEM image in Fig. 8.3d shows heavy damage with predominantly fully 
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evolved dislocation loops. The dislocation density and size increase to 7.2×1021 m-3 and 13.8±3.5 

nm, respectively.  The TEM images for this sample were taken at g=(020), unlike all the other 

samples where g=(110) was used. According to gb=0 invisibility criteria, all variants of ½<111> 

and [010] loop are visible, while [100] and [001] type loops are invisible when g=(020) is used.  

 

    

Fig. 8.3. Kinematic bright field (top) and weak beam dark field (bottom) TEM images of the 

Cr3C2@SiC-NFA sample (zone axis=[001]) after the Kr++ ion irradiation at 300oC: (a) 0 dpa, (b) 

3 dpa, (c) 5 dpa, and (d) 10 dpa. 

 

Fig. 8.4 shows kinematic bright field and weak beam dark field TEM images of the 

Cr3C2@SiC-NFA samples irradiated at 450oC. The spherical precipitates observed in Fig. 8.4 are 

(Ti,W)C carbides [203]. At 0 dpa, the TEM image in Fig. 8.4a again does not show any surface 

damage from the ion milling, which is similar to the unirradiated NFA sample at 450oC shown in 

Fig. 8.2a. The kinematic bright field TEM images of the Cr3C2@SiC-NFA sample irradiated to 3, 

5, and 10 dpa show a surprisingly small number of dislocation loops (red arrows). The loop density 

after 3, 5 and 10 dpa dose levels is 0.15×1021 m-3, 0.33×1021 m-3, and 0.66×1021 m-3, respectively. 
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The size of the dislocation loops (~7 nm) is also much smaller compared to all other samples 

investigated here at the same irradiation conditions (see Figs. 8.1, 8.2, and 8.3).  

 

    

Fig. 8.4. Kinematic bright field (top) and weak beam dark field (bottom) TEM images of the 

Cr3C2@SiC-NFA sample (zone axis=[001]) after the ion irradiation at 450oC: (a) 0 dpa, (b) 3 dpa, 

(c) 5 dpa, and (d) 10 dpa. 

 

8.4.3. Dislocation loop size and density  

 

Figs. 8.5a-8.5c show loop size distributions for the NFA sample after the ion irradiation at 

300oC to 3, 5, and 10 dpa dose levels. At 3 dpa, the loop size distribution is unimodal (Fig. 8.5a) 

with a very small size range (~1-10 nm), which corresponds to small black dots in Fig. 8.1b. The 

loop size distribution at 5 dpa (Fig. 8.5b) also shows a unimodal distribution with mostly small 

dislocations (<10 nm) and very few in the range of 10-20 nm size. This means that some dislocation 

loops have started to grow with the increasing dose. The loop size distribution after 10 dpa 

irradiation (Fig. 8.5c) shows some dislocations of larger size (~10-35 nm), and most are within 2-

10 nm size. This indicates considerable loop growth along with extensive nucleation of new small 
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loops. This behavior corresponds well with the mixture of small (black dots) and large (fully 

evolved) loops observed in Fig. 8.1d. The loop size distributions of the NFA sample after the 

irradiation at 450oC are shown in Figs. 8.5d-8.5f. After 3 and 5 dpa irradiation at 450oC, the NFA 

sample shows a bimodal loop size distribution, indicating concurrent loop nucleation and growth. 

The bimodal distribution could be also due to surface effect where point defects or small clusters 

can migrate to the surface at this temperature. In this case, small loops form close to the surface 

and large loops stay in deeper regions. This phenomenon is typically more effective at high 

temperatures due to the increased defect/cluster mobilities. At 10 dpa, the loop size distribution is 

still unimodal. The small dislocation loops (<10 nm) constitute the major fraction of the total loops 

in all the samples. The peaks for the large dislocations loops (>20 nm) are located at ~20 nm, ~25 

nm, and ~30 nm for the NFA sample irradiated up to 3, 5, and 10 dpa at 450oC respectively. This 

indicates continuous loop growth with increasing ion dose. At 10 dpa, an increase in the number 

of loops with 10-20 nm size can be observed as compared to those at 3 and 5 dpa. This indicates 

growth of small loops that form during the 3 and 5 dpa dose irradiation, nucleation of new small 

loops, and also the growth of existing large loops (>20 nm, see Fig. 8.5f) after the 10 dpa 

irradiation. These results correspond well with the presence of large elliptical loops and small 

black dot dislocation loops as shown in Figs. 8.2b-8.2d. Clearly, the temperature has a significant 

effect on the size and distribution of dislocation loops. The 450oC irradiated sample shows much 

larger loop sizes and a wider size distribution compared to the 300oC irradiated ones.  
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Fig. 8.5. Loop size distribution of the NFA sample irradiated at 300oC (a, b, c) and 450oC (d, e, f) 

with dose levels of 3 dpa, 5 dpa, and 10 dpa respectively. 

 

Figs. 8.6a-8.6c show the dislocation loop size distributions for the Cr3C2@SiC-NFA 

sample after the ion irradiation at 300oC with 3, 5, and 10 dpa dose. At 3 dpa, a unimodal loop size 

distribution with small dislocation loops (<10 nm) can be observed. However, at 5 dpa, the loop 

size distribution is approximately bimodal with peaks at 3-6 nm and 12-15 nm (Fig. 8.6b). This 

behavior suggests simultaneous loop nucleation and growth events. At 10 dpa, the loop sizes are 

less than 20 nm, different from the wide distribution of the 300oC irradiated NFA sample (Fig. 

8.5c). Overall, the increase in the dose level leads to the marginal increase in loop sizes. 

Interestingly, the 450oC irradiated sample after 3, 5, and 10 dpa shows unimodal loop size 

distributions with the majority of the loops at <15 nm (Figs. 8.6d-8.6f). The absence of a bimodal 

size distribution at higher dose levels suggests that loop growth is suppressed. This behavior is 

very different from the 450oC irradiated NFA sample (Figs. 8.5d-8.5f) where large dislocation 

loops (15-50 nm) and bimodal loop size distributions are observed. In stark contrast to the NFA 
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sample, increasing irradiation temperature leads to a decrease of average loop size for the 

Cr3C2@SiC-NFA sample.  

 

 

Fig. 8.6. Loop size distribution in the α-ferrite matrix of the Cr3C2@SiC-NFA sample irradiated 

at 300oC (a, b, c) and 450oC (d, e, f) with dose levels of 3 dpa, 5 dpa, and 10 dpa respectively. 

 

Figs. 8.7a-8.7b show the dislocation loop density as a function of irradiation dose for the 

NFA and Cr3C2@SiC-NFA samples after the ion irradiation at 300oC and 450oC. For both 

materials, the loop density increases with increasing dose. For the NFA sample, the loop density 

for the 300oC irradiated sample is lower than that of the 450oC sample at low dose levels (below 

3 dpa). At 5-10 dpa dose levels, the loop density of the 450oC sample is lower than that of the 

300oC sample. For the Cr3C2@SiC-NFA material, the loop density of the 450oC irradiated sample 

is much lower as compared to that of the 300oC sample. For example, at 10 dpa, the loop density 

in the 450oC irradiated sample is nearly one order of magnitude lower than that in the 300oC 

irradiated sample. At 300oC irradiation, the loop density is comparable for the NFA and 

Cr3C2@SiC-NFA samples. At 10 dpa dose level, the decrease in the loop density with temperature 
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for the NFA sample is much smaller than that for the Cr3C2@SiC-NFA sample.  Figs. 8.7c-8.7d 

show average loop sizes calculated using the data from the loop size distribution plots in Figs. 8.5 

and 8.6. For both NFA and Cr3C2@SiC-NFA materials, the average loop size shows an increasing 

trend with the dose level at low doses. At high doses, the average loop size shows a continuous 

increase, saturated, or even decrease trend. For the NFA sample, the average loop size in the 450oC 

sample is larger than that of the 300oC sample at all dose levels. For the Cr3C2@SiC-NFA sample, 

however, the average loop size in the 450oC sample is smaller than that of the 300oC sample at all 

dose levels. At the same irradiation temperature, the average loop sizes in the NFA are marginally 

smaller than those in the Cr3C2@SiC-NFA sample at 300oC. The smaller average loop sizes in the 

300oC irradiated NFA sample are probably due to the continuous increase in the fraction of small 

dislocations (<10 nm) even at higher dose levels. After the 450oC irradiation, the average loop 

sizes in the NFA sample are much larger compared to those of the Cr3C2@SiC-NFA material, 

indicating extensive loop growth in the NFA sample. In general, the NFA sample shows a 

“normal” irradiation behavior with temperature: the dislocation loop density decreases and the 

average loop size increases with temperature. However, the Cr3C2@SiC-NFA sample shows an 

“abnormal” behavior: the loop density decreases by about one order of magnitude from 300oC to 

450oC and the average loop size also decreases with increasing temperature. The possible causes 

for this “abnormal” behavior are discussed in the next section.  
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Fig. 8.7. Dislocation loop density (a, b) and average loop size (c, d) after the ion irradiation for the 

NFA and Cr3C2@SiC-NFA samples respectively (the lines joining two consecutive data points 

are simply guide for eyes). 

 

8.5. Discussion 

 

8.5.1. Effect of irradiation dose  

 

The dislocation loop evolution behaviors in the NFA and Cr3C2@SiC-NFA materials show 

some differences, in particular at 450oC. Regardless of the irradiation temperature, initially both 

NFA and Cr3C2@SiC-NFA materials show an increasing trend in loop density with the dose level 

(see Figs. 8.7a-8.7b). At high doses, the loop density seems to become saturated in most cases 

except for the Cr3C2@SiC-NFA sample at 450oC. It is well known that irradiation creates Frenkel 
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pairs (interstitials and vacancies) and their clusters. The evolution of surviving defects can lead to 

the formation of interstitial loops and voids. Since voids are not observed in this work, it is 

reasonable to assume that migration energies of interstitials/clusters much lower than while 

vacancies/clusters at the temperatures studied in this work. In BCC Fe or Fe-based alloys, both 

sessile <100> and glissle ½<111> loops can exist and their relative abundance depends on 

temperature [191]. At low dose levels, the dislocation density is small. Therefore, the nucleation 

of new dislocation loops is predominantly observed. These irradiation-induced crowdion bundles 

[182, 204, 205] and loops can act as either sinks or nucleation centers for newly generated defects 

and clusters, depending on whether they have the same or opposite defect types. This phenomenon 

leads to two competing and simultaneously operating mechanisms, i.e., loop nucleation/growth 

and annihilation/coalescence [176, 182, 184]. Therefore, the slower increasing loop density rate 

with the dose level can be observed (see the slopes of the loop density plots in Figs. 8.7a-8.7b). At 

a particular threshold loop density, annihilation/coalescence becomes comparable with nucleation, 

which can lead to saturation of loop densities in materials [206], as observed in Figs. 8.7a and 

8.7b). 

The increase in the average loop size with irradiation dose is also observed (Figs. 8.7c and 

8.7d). This is because the absorption of mobile defect clusters into dislocation loops leads to an 

increase in loop size [182]. For example, loops can grow by coalescence of two dislocation loops 

or crowdion bundles. The small loops/crowdions can assimilate with the larger loops by climbing 

and realigning their Burgers vector with those of the larger ones [176, 178].  

 

8.5.2. Loop string formation 

 

The alignment of the small black dot dislocations (i.e., the formation of loop strings) can 

be observed during the ion irradiation of the Cr3C2@SiC-NFA material at 300oC (Figs. 8.3b-8.3c, 

blue arrow). Such alignment is attributed to the combination of elastic interactions of dislocation 

loops and their encounter probabilities. Therefore, this phenomenon is only observed when the 

local dislocation loop density reaches a certain level at which the distance between loops is small 

enough for effective elastic interactions [176, 179, 201, 202]. Since the loop alignment requires 

migration of dislocation loops, it is likely that the loops in the loop strings observed in the 300oC 
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irradiated Cr3C2@SiC-NFA sample are of 1/2<111> type. The loop strings can also act as 

nucleation sites for larger, fully evolved loops. The dislocations in loop strings can reorient their 

Burgers vectors to create a large, single dislocation [176, 178]. This phenomenon is evident in Fig. 

8.8c where fully evolved dislocation loops (see red arrow) can be observed for the 300oC irradiated 

Cr3C2@SiC-NFA material after 10 dpa, while loop strings can be observed in the same material 

with 3 and 5 dpa irradiation (Figs. 8.3b and 8.3c). Note that in NFA, loops strings have not been 

observed at both 300oC and 450oC. It is not obvious to us why they can form in the Cr3C2@SiC-

NFA but not in the NFA.  

 

8.5.3. Effect of irradiation temperature  

 

Irradiation temperature can influence the mobility of loops and crowdion clusters. In this 

work, it is found that the balance between loop nucleation and annihilation/coalescence rates can 

be achieved at low dose levels and high temperatures. The TEM image of the NFA sample after 3 

dpa dose at 450oC shows fully evolved dislocation loops as compared to small black dot loops 

during 300oC irradiation at the same dose (see Fig. 8.1b and Fig. 8.2b), indicating enhanced loop 

growth at high temperatures. At 10 dpa, the loop density of the NFA irradiated at 450oC is lower 

than that of the 300oC sample (Fig. 8.7a), while the average loop size has the opposite trend (Fig. 

8.7c). The increased tendency of loop growth with temperature could be due to the high mobilities 

of point defects and defect clusters at 450oC as compared to 300oC. Therefore, point defects and 

defect clusters prefer to join existing loops than nucleating a new one. The loops can also grow by 

coalescence of two or more loops, which is also more effective at high temperatures. The decrease 

in nucleation rate at high temperature leads to a reduction in loop density. It should be noted that 

the loop density at lower dose levels shows higher values for the 450oC condition than the 300oC 

condition (see Fig. 8.7a). Previously, Chen’s [207] work on neutron irradiated Fe-Cr model alloys 

reported similar results in which a sample irradiated at 450oC showed higher loop density than the 

300oC counterparts for doses between 0.01 and 0.1 dpa. This is because the coalescence of defect 

loops is not significant at low doses. Therefore, the higher mobilities of point defects and small 

defect clusters lead to nucleation of more small dislocation loops at the higher temperature than at 

the low temperature. 
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The irradiation temperature can also influence the type of dislocation loops in the material. 

Many experiments on Fe-based ferritic alloys have confirmed the presence of <100> loop 

dominated microstructures at temperatures ≥400oC and 1/2<111> loop dominated microstructures 

at temperatures ≤300oC [191, 198, 208-210]. Theoretical analysis suggests that the reduction in 

the shear stiffness constant with temperature makes <100> loops energetically more favorable than 

1/2<111> loops above 300oC in BCC Fe [209]. The formation mechanisms of <100> loops in BCC 

Fe are still controversial. Several possible mechanisms have been proposed, such as reaction of 

two 1/2<111> loops of similar sizes [210, 211], transformation from C15 Laves phase interstitial 

clusters [212], or direct formation from collision cascades [213]. Therefore, it is of great interest 

to analyze the dominant type of loops in the NFA and Cr3C2@SiC-NFA irradiated samples at both 

300oC and 450oC. In the present experiments, the dislocation loop type can be identified using the 

shapes of dislocations. Yao et al. [214] simulated the projections of 1/2<111> and <100> type 

loops at different zone axes and g-vector conditions. At zone axis=[100] and g=(110), <100> type 

loop is always highly elliptical with its major axis parallel to g={200}. Figs. 8.8a and 8.8b show 

the magnified TEM images of the 300oC and 450oC irradiated NFA samples at 10 dpa, 

respectively. The majority of the loops in the 450oC irradiated NFA sample (Fig. 8.8b) show an 

elliptical shape with the major axis parallel to g=(020) and at 45o to g=(110). Therefore, according 

to the gb=0 invisibility criterion, these loops must be of [010] type. On the other hand, the 300oC-

irradiated NFA sample (Fig. 8.8a) shows regular elliptical loops instead of highly elongated loops. 

These regular elliptical loops must of ½<111> type based on simulated shapes reported in Yao et 

al.’s [214] work. It is difficult to ascertain Burgers vector of small dot dislocations using current 

experimental results due to a lack of discernible shape. Literature reports on similar ion irradiated 

Fe-Cr alloys show ½<111> dominated microstructures at 300oC [170, 191, 196]. Overall, the 

temperature dependence of the predominant loop types in the NFA sample is consistent with many 

previously reported trends in Fe-based ferritic alloys: 1/2<111> and <100> loops are dominant at 

300oC and 450oC, respectively.  

For the 300oC irradiated Cr3C2@SiC-NFA sample, the formation of loop strings after the 

3 and 5 dpa irradiation (Figs. 8.3b and 8.3c) and the presence of regular elliptical loops (Fig. 8.8c) 

instead of highly elliptical ones after 10 dpa irradiation indicate predominantly 1/2<111> type 

loops. Fig. 8.8d shows a magnified kinematic bright field TEM image of the 450oC irradiated 

Cr3C2@SiC-NFA. The significantly lower loop density and small average loop size (Figs. 8.7b 
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and 8.7d) in the Cr3C2@SiC-NFA sample during the 450oC irradiation is intriguing. This 

observation may be explained using the surface sink effect of the TEM foil. The TEM images in 

this experiment were captured using the [001] zone axis. At this zone axis, the Burgers vector of 

all variants of 1/2<111> type loops has components parallel to the surface normal [182, 191, 215]. 

This means that mobile 1/2<111> loops or crowdions can escape to the surface by traveling a very 

short distance (i.e. TEM foil thickness). At 450oC, the mobilities of 1/2<111> crowdions or loops 

are expected to be high. Therefore, most of 1/2<111> small loops or crowdions may have escaped 

to the surface before they coalesce with each other to form larger loops. This also explains the 

small size of 1/2<111> loops observed in this material at 450oC (Fig. 8.7d). To further elucidate 

the surface sink effect, the microstructure in thicker regions of the Cr3C2@SiC-NFA sample is 

analyzed, as shown in the kinematic bright field image in Fig. 8.9.  Many dislocation loops can be 

observed in the thick region, much closer to the top invisible portion. The shape of these loops is 

not elliptical or aligned parallel to the g=(020) vector, thus confirming that they are 1/2<111> type 

loops. The thinner portions at the image bottom are nearly denuded of loops (see Fig. 8.9). This 

analysis confirms that the surface sink effect is operational in thinner regions of the sample, thus 

providing low loop densities. However, the results also indicate that the predominant loop type in 

the Cr3C2@SiC-NFA sample at 450oC is ½<111> type, which is different from the predominance 

of <100> loops in the NFA sample and other Fe-based alloys at similar temperatures. Therefore, 

the surface sink effect alone cannot explain the negligible fraction of <100> loops in the 

Cr3C2@SiC-NFA sample at 450oC. Since <100> loops are sessile, they should be visible even in 

thinner regions if they form, such as in the 450oC irradiated NFA sample in which the surface sink 

effect also exists.  

Recent in-situ ion irradiation studies on F/M steel (HT-9) [216] and model Fe-Cr-Al alloys 

[182] have shown up to 50% and 50-80% proportion of ½<111> loops. The high level of 

predominance of ½<111> loops and negligible fraction of <100> loops observed in 450oC 

irradiated Cr3C2@SiC-NFA sample is intriguing. In comparison of the NFA and Cr3C2@SiC-NFA 

materials, the main difference is that the Cr3C2@SiC-NFA matrix contains around 6-7 wt% Si (due 

to the reaction between SiC and Fe) while the NFA does not. Therefore, it is likely that the addition 

of Si causes this interesting behavior.  
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Fig. 8.8. Magnified kinematic bright field TEM images (Z.A.=[001]) showing dislocations in the 

NFA (a, b) and Cr3C2@SiC-NFA (c, d) materials after the ion irradiation up to 10 dpa at 300oC 

(left) and 450oC (right) respectively. 
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Fig. 8.9. Kinematic bright field TEM image (Z.A.=[001]) of different thickness regions in the 

Cr3C2@SiC-NFA material after the ion irradiation up to 3 dpa at 450oC. 

 

8.5.4. Effect of dissolved silicon 

(The molecular dynamics simulations in this section were performed by Prof. Xian-Ming Bai) 

 

One effect of dissolving Si in Fe is the reduction of the lattice constant of the solid solution 

Fe-Si alloy. It has been experimentally shown that the lattice constant of an Fe-Si alloy decreases 

nearly linearly with Si concentration up to 10 at% Si [112]. The reduction of the lattice constant 

can cause an isotropic compressive strain in the Fe matrix. In BCC Fe, the habit plane for 1/2<111> 

loop is still controversial. Experimentally, researchers found that the habit planes of ½<111> loops 

are {111} [214]; or {110}, {111}, and {211} [217]; or between {111} and {110} [208]; or close 

to {111} [176]. In computer modeling, the habit plane of ½<111> loop was found to be mainly 

{110} [212, 218]. For <100> loops, the {100} habit plane was mainly observed experimentally. 

However, when the loop contains less than 65-70 interstitials, computer simulation showed that 

the <100>{110} loops are more stable than <100>{100} loops [218]. In our modeling work, the 

habit plane of {110} is used for both ½<111> and <100> loops, aiming at studying the early-stage 

loop formation. Using this approach, both ½<111> and <100> loops contain exactly the same 
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number of interstitials. Therefore, the change in the formation energy due to a hydrostatic strain 

can be unambiguously compared for the two types of loops. To create a loop, a circular disk of 

atoms parallel to a {110} plane is inserted in a Fe single crystal that contains 16,000 atoms. The 

Burgers vector of the disk is either a/2<111> or a<100>, depending on the loop type to be created. 

Note that a perfect dislocation loop in Fe may have either a square (for <100> loops) or hexagonal 

shape (for ½<111> loops) that corresponds to a magic number (interstitial arranged in polygon 

shaped clusters with sides corresponding to closed packed directions in the habit plane) of 

interstitials in the loop [212, 218]. Here an initial circular shape is used for both types of loops 

simply because we want to compare their formation energies at exactly the same loop size (in 

terms of the number of interstitials they contain). After a loop is created, it is relaxed at 300 K for 

60 picoseconds in an NVT ensemble (constant number of atoms, volume, and temperature) and 

then energy minimization is conducted at 0 K. Figs. 8.10a and 8.10b show the relaxed loop 

structures at zero strain for the <100> and 1/2<111> loops that each contains 55 interstitials. The 

Burgers vectors of the two loops are confirmed by the dislocation analysis (DXA) algorithm [219] 

available in the OVITO software. The loop formation energy per atom is calculated by: 

 

Ef = (E1 − E0) n⁄  (8.1) 

where E1 is the total energy of a loop-containing system, E0 is the energy of the single crystal that 

contains the same number of atoms as in the loop-containing system, and n is the number of 

interstitials in the loop (termed as loop size here).  

Loops with sizes ranging from 35 to 77 interstitials are created in this work. To study the 

strain effect, both -0.01 and +0.01 hydrostatic strains are applied to the loop containing systems. 

The same strains are also applied to the reference single crystal in order to calculate the formation 

energies correctly. Fig. 8.10c shows the formation energies of <100> and ½<111> dislocation 

loops as a function of loop size at 0, -0.01, and +0.01 hydrostatic strains. At zero strain, the results 

show that ½<111> loops are slightly more stable than <100> loops, which are consistent with 

many previous studies [212, 218]. At the compressive strain (-0.01), the absolute formation 

energies of both types of loops increase, which is expected. However, the energy difference 

between the two types of loops remains almost the same (strictly, increases slightly). At a dilative 
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strain (+0.01), the formation energies of both types of loops decrease slightly. Again, the energy 

difference between the two types of loops changes very little. At this strain level, which is already 

much larger than that induced by the lattice contraction in the Cr3C2@SiC-NFA sample in this 

work, an isotropic strain is not expected to significantly modify the relative stability between the 

<100> and ½<111> loops. Therefore, we can rule out the effect of lattice contraction due to 

dissolved Si in Fe on the absence of <100> loops in the Cr3C2@SiC-NFA sample at 450oC.  

The kinetic Monte Carlo simulation work by Xu et al. [210] has shown that interactions 

between two 1/2<111> type loops of similar size can form either <100> type loops or larger 

1/2<111> type loops. If this is the dominant mechanism for <100> loop formation, the additional 

Si element in the Cr3C2@SiC-NFA material should have increased the formation probability of 

1/2<111> type loops as compared to <100> type loops. However, this mechanism cannot be 

deduced from current experimental results.   

Another possible effect is the increased vacancy mobility due to the presence of Si in Fe. 

Previously, it has been shown that the addition of Si in Ni or Fe-Ni-Cr stainless steel can enhance 

the effective vacancy diffusivity due to the fast diffusion of Si through the vacancy exchange 

mechanism [220]. In BCC Fe, vacancies usually migrate much slower than interstitials. At high 

temperatures, Si-assisted vacancy diffusion in the Cr3C2@SiC-NFA may be more active than the 

vacancy diffusion in the NFA if Si has a similar effect in Fe as in stainless steels. If this is the case, 

the Si-assisted vacancy diffusion may enhance the interstitial-vacancy recombination and thus 

decrease the overall loop density and size [221, 222]. This provides another possible explanation 

for the low loop density in the Cr3C2@SiC-NFA at 450oC even in the deeper region (Fig. 8.9). If 

<100> loops form mainly through the mechanism of reaction of two ½<111> loops of similar size 

[210, 211], the enhanced recombination may reduce the available interstitials to form mobile 

½<111> loops and thus suppress the formation of <100> loops. However, even if this is the case, 

it is expected that some <100> loops may still be observed. However, <100> loops have not been 

observed in the Cr3C2@SiC-NFA at 450oC. Here we use Fig. 8.11 to schematically illustrate our 

hypotheses of dislocation loop evolution mechanisms in both NFA and Cr3C2@SiC-NFA samples 

at 450oC. It shows the possible effects of Si-assisted vacancy-interstitial recombination and surface 

sink on the dislocation loop evolution. The hypotheses, however, need to be validated in the future.  
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Fig. 8.10. MD calculations of strain effects on the dislocation loop formation energies in BCC Fe. 

(a) <100>{110} loop containing 55 interstitials, (b) 1/2<111>{110} loop containing 55 

interstitials, and (c) Dislocation loop formation energy as a function of loop size at zero, -0.01, and 

+0.01 isotropic strains. Here the two snapshots are projected along the [100] direction. The blue 

and red spheres represent BCC and non-BCC atoms identified by DXA, respectively. The purple 

and green lines are <100> and ½<111> dislocation lines identified by DXA, respectively 

(courtesy: Prof. Xian-Ming Bai – co-author in this manuscript). 
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Fig. 8.11. Schematic illustrations showing irradiation behaviors of the NFA and Cr3C2@SiC-NFA 

samples at 450oC (dislocation types shown are the predominant ones). 

 

8.5.5. Effect of precipitates 

 

The NFA sample in this work consists of Y-Ti-O complex nanoclusters (~1024 m-3 [59]), 

while the Cr3C2@SiC-NFA sample contains additional (Ti,W)C precipitates (~3×1021 m-3). The 

sink strength due to precipitates can be calculated using following equation: 

Sink strength = 4πrNp (8.2) 

Where, r=radius of precipitates, Y-Ti-O= ~1.5 nm [59]   

                                                    (Ti,W)C=~10 nm (measured) 

           Np=number density of precipitates, Y-Ti-O=~1024 m-3 [59] 

                                                                    (Ti,W)C=~3×1021 m-3 (measured) 
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The sink strength values for NFA and Cr3C2@SiC-NFA composite are 1.88×1016 m-2 and 

1.92×1016 m-2 respectively. This means sink strength of Cr3C2@SiC-NFA composite is just 

marginally higher than NFA. Therefore, precipitate sink effect may be another factor to slightly 

enhance defect/crowdion/loop annihilation rates in the Cr3C2@SiC-NFA, thereby reducing the 

loop densities and sizes. However, the precipitate sink effect still cannot explain the key 

differences in dislocation behaviors of the NFA and Cr3C2@SiC-NFA materials during irradiation 

at 450oC, such as the negligible fraction of <100> loops in the latter sample.   

 

8.6. Conclusions  

 

In-situ Kr++ ion irradiation was used to study the microstructural evolution in spark plasma 

sintered NFA and newly developed Cr3C2@SiC-NFA composite at 300oC and 450oC 

temperatures. Irradiation at 300oC creates high loop densities in both NFA and Cr3C2@SiC-NFA 

materials. The predominant loop type is 1/2<111> type in both materials at this temperature. At 

450oC ion irradiation, the NFA sample shows extensive damage with mostly <100> type loops as 

opposed to very minimal damage for the Cr3C2@SiC-NFA sample with predominantly 1/2<111> 

type loops. The significantly lower loop density and smaller loop size in the Cr3C2@SiC-NFA 

sample at 450oC is attributed to the surface sink effect (for thin region), as well as possible 

enhanced interstitial-vacancy recombination due to Si-assisted vacancy diffusion and presence of 

precipitate sinks. The negligible fraction of <100> loops in the Cr3C2@SiC-NFA at 450oC could 

be caused by the presence of Si element. However, MD simulations show that the compressive 

strain due to Si-induced crystal lattice contraction does not change the relative stability between 

two types of loops significantly, and therefore the lattice contraction of the Fe matrix due to 

dissolved Si is unlikely to be the cause for the negligible fraction of <100> loops in the 

Cr3C2@SiC-NFA at 450oC. It is possible that other effects due to the presence of Si cause this 

phenomenon and more studies are needed in the future to understand this interesting behavior.  
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Chapter 9 

Summary and Future Work 

 

6.1. Summary of the findings 

 

This study deals with the processing-structure-property relationship of SiC-NFA 

composites with C and Cr3C2 interfacial barrier layers. C and Cr3C2 interfacial barriers have 

successfully suppressed silicide formation, however, could not retain SiC in the system. Instead, 

the final microstructure consisted of graphite, carbides such as (Fe,Cr)7C3 and (Ti,W)C in the α-

ferrite (NFA) matrix. The dissolved Si in α-ferrite and presence of carbides have imparted unique 

oxidation and irradiation properties to these composites. Following are some of the important 

findings from the current work: 

 Detailed microstructure studies on SiC-C@NFA and Cr3C2@SiC-NFA using SEM-EDS, 

STEM-EDS, and EBSD techniques revealed unique microstructure with graphite, (Fe,Cr)7C3 

and (Ti,W)C in α-ferrite (NFA) with varying amounts in both samples. Cr3C2@SiC-NFA 

samples had a much higher number density of (Ti,W)C carbides than SiC-C@NFA. While 

SiC-C@NFA had a higher volume fraction of graphite with much more homogeneous 

distribution throughout the microstructure than Cr3C2@SiC-NFA. In both SiC-C@NFA and 

Cr3C2@SiC-NFA composites, the matrix was rich in Si, due to the dissolution of SiC during 

the spark plasma sintering process. These differences in microstructures of NFA, SiC-

C@NFA, and Cr3C2@SiC-NFA helped understand the processing-microstructure-properties 

relationship. 

 The effect of long term (50 hours) thermal treatment at 1000oC was assessed using advanced 

microstructural characterization techniques. Thermal treatment resulted in a simultaneous 

increase in volume fraction and sizes of (Fe,Cr)7C3 and (Ti,W)C carbides. ThermoCalc 

precipitation and coarsening simulations reasonably predicted precipitate size and matched 

well with experimental values.  
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 SiC-C@NFA composite showed a significant decrease in weight gain after high temperature 

oxidation under water vapor containing atmosphere. However, the microstructures of 5 and 15 

vol% samples consisted of significant internal oxidation. 25 vol% SiC-C@NFA samples 

showed around 90% increase in oxidation resistance during 1000oC thermal treatment as 

compared to NFA sample. Cr3C2@SiC-NFA also composites showed a 97% improvement in 

oxidation performance (in terms of weight gain) as compared to the NFA sample at 1000oC. 

Unlike SiC-C@NFA, no internal oxidation was observed for Cr3C2@SiC-NFA composites. 

Such a huge leap in oxidation performance was attributed to the formation of Cr2O3+SiO2 

protective oxidation layer. Diffusion simulations using ThermoCalc software confirmed 

improved kinetics of Cr2O3+SiO2 protective layer formation with increasing Cr3C2@SiC 

content. 

 SiC-C@NFA composite showed significant damage after 10 dpa irradiation at 300oC. ‘Loop 

strings’, i.e. spatial ordering of black dot dislocation loops and fully evolved loops were 

observed at high irradiation dose levels (5 and 10 dpa respectively). At 450oC, high dislocation 

damage was observed in the thicker regions of the sample. While, thinner regions were largely 

devoid of any dislocation damage, indicating large scale migration of defects towards surface 

sinks soon after their nucleation. New precipitation and growth of (Ti,W)C carbides were 

observed with increasing irradiation dose. TTT diagram plotted using the ThermoCalc diagram 

predicted a very long time (~280 hours) for the formation of (Ti,W)C precipitates at 450oC. 

This confirmed the irradiation assisted precipitation of (Ti,W)C carbides in SiC-C@NFA 

samples.  

 NFA samples showed heavy irradiation damage at 300oC and 450oC. Dislocation loop densities 

were lower for samples irradiated at 450oC than at 300oC, in contrast, loop sizes were higher 

for 450oC than at 300oC. The microstructure of NFA was predominant in ½<111> loops after 

300oC irradiation up to 10 dpa. At 450oC, NFA showed predominantly <100> type loops. This 

behavior was in agreement with results observed in literature for similar ODS, ferritic and 

ferritic-martensitic steels.  

 Cr3C2@SiC-NFA samples showed heavy irradiation damage after irradiation at 300oC. 

However, at 450oC, dislocation loop density and size were surprisingly low. TEM 

investigations of thicker regions showed primarily ½<111> type loops, unlike the NFA sample. 

Formation energies of ½<111> and <100> calculated using molecular dynamics simulations 
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showed only a marginal difference for NFA and Cr3C2@SiC-NFA composites. The additional 

dissolved Si element in the α-ferrite matrix of Cr3C2@SiC-NFA could have been an important 

factor behind this interesting behavior. 

 

6.2. Future work 

 

Future work of this research may focus on two aspects: (1) Better understanding of high 

temperature corrosion and irradiation aspects of SiC-C@NFA and Cr3C2@SiC-NFA composites, 

(2) Development of processing methods for SiC-NFA composites with improved microstructure, 

i.e. higher volume fraction of SiC and negligible reaction products and development of pathways 

for proposed gradient SiC-NFA composites. The brief description of future work is as follows:  

 Better understanding of the oxidation behavior of these composites can be gained by tracking 

oxide scale evolution with time. It will be interesting to know the kinetics of oxidation reaction 

and growth laws (e.g. parabolic, linear, etc.) it follows. Thermogravimetric analysis can be 

useful to achieve these goals. SEM and TEM analysis of oxide scales at different times can 

provide important information on the mechanism of oxide growth. 

 Analysis of vapors formed during the oxidation of these composites using gas chromatography 

can be useful. It can identify ‘breakaway' events triggered by the volatilization of Cr2O3+SiO2 

protective layers during attack by water vapors at high temperatures.  

 It will be interesting to know the corrosion response of these materials under more aggressive 

environments such as supercritical water or the combination of high pressure and high 

temperature conditions. 

 Irradiation behavior showed interesting behavior for Cr3C2@SiC-NFA composites, in which 

½<111> type dislocation loops were observed even at 450oC, contrary to NFA and also most 

of the literature results on similar ferritic and ferritic martensitic alloys. It would be interesting 

to perform experiments at even higher temperatures such as 500oC, 600oC, and 700oC to see 

at what temperature transition from ½<111> loops to <100> occurs. 

 Future experiments on Cr3C2@SiC-NFA should also focus on dislocation loop evolution in 

thicker parts of the sample and during very early stages of irradiation such as 0, 0.1, 0.2, 0.3,…1 
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dpa. In these stages, dislocation loop density would be relatively low and therefore easier to 

quantify the damage. In this work, the zone axis for all in-situ irradiation experiments was 

[001], which is parallel to all the variants of ½<111>. This resulted in the easy escape of 

½<111> loops to surface as they had to travel very short distances especially at thinner regions 

of the TEM sample. Therefore, in future experiments, the zone axis should be such that it will 

be difficult for most variants of ½<111> type loops to escape to surface easily. 

 Simultaneous irradiation can accelerate corrosion damage in the sample. Future work may also 

consider simultaneous ion irradiation and corrosion experiments on SiC-C@NFA and 

Cr3C2@SiC-NFA composites. 

 There is a need to improve processing methods to retain SiC particles inside the NFA matrix 

and achieve the lowest amounts of reaction products. These methodologies should include the 

development of new dense and crack-free reaction barrier coatings which can control the 

reaction between NFA and SiC. Our recent work on Y2O3 coatings on SiC using the molten 

salt technique successfully retained SiC particles in the NFA matrix during pressureless 

sintering. Future work may involve the consolidation of Y2O3 coated SiC using spark plasma 

sintering to achieve full density. The development of such coatings can be useful for the 

eventual fabrication of gradient SiC-NFA composites using spark plasma sintering technique.   

 Some new solid-state processing techniques such as friction stir processing can be used for the 

fabrication of fully dense SiC-NFA samples. 
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