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Fatemeh Yazdandoost

ABSTRACT

During the past decade, Shape Memory Alloys (SMAs), particularly Nickel-Titanium (NiTi)
alloys, have received increasing attention mainly because of their promising role to be integrated
into multifunctional systems for actuation, morphing, and sensory capabilities in a broad variety
of applications including biomedical, aerospace and seismological engineering. The unique
performance of all the novel devices developed by SMAs relies on either the shape memory effect
or pseudoelasticity, the two distinctive properties of SMAs. Both these unique properties are based
on the inherent capability of SMAs to have two stable lattice structures at different stress or
temperature conditions, and the ability of changing their crystallographic structure by a displacive
phase transformation between a high-symmetry austenite phase and a low-symmetry martensite
phase, in response to either mechanical or thermal loading. These properties make them a superior
candidate for using as damping materials under high-strain-rate loading conditions in different
engineering fields. SMA materials used in the most applications are polycrystalline in nature. In
polycrystalline SMAs at the bulk-level, in addition to the phase transformation at the lattice-level,
the thermomechanical response is also highly sensitive to the microstructural properties. In this
work, the microstructure, as well as defects, such as dislocations and the stacking faults, are studied
in the NiTi crystalline structure. In addition, the performance of NiTi under shock wave loading
and vibrations, and their energy dissipation capabilities are examined using computational
modeling, globally and locally. The effect of graphitic and metal structures, as reinforcements, on
the performance of NiTi matrix composites under static and shock stress wave loading conditions

is also investigated at the atomistic scale.
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GENERAL AUDIENCE ABSTRACT

During the past decade, Shape Memory Alloys (SMAs), particularly Nickel-Titanium (NiTi)
alloys, have received increasing attention mainly because of their promising role to be integrated
into multifunctional systems for actuation, morphing, and sensory capabilities in a broad variety
of applications including biomedical, aerospace and seismological engineering. The unique
performance of all the novel devices developed by SMAs relies on their ability of changing their
crystallographic structure by a displacive phase transformation between a high-symmetry austenite
phase and a low-symmetry martensite phase, in response to either mechanical or thermal loading.
These properties make them a superior candidate for using as damping materials in different
engineering fields. In this work, the microstructure, as well as defects are studied in the NiTi
crystalline structure. In addition, the performance of NiTi under shock wave loading and
vibrations, and their energy dissipation capabilities are examined using computational modeling,
globally and locally. The effect of graphitic and metal structures, as reinforcements, on the
performance of NiTi matrix composites under static and shock stress wave loading conditions is

also investigated at the atomistic scale.
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Chapter 1. Introduction

During the past decade, Shape Memory Alloys (SMAs), particularly the near-equiatomic Nickel-
Titanium (NiT1) alloys, have received increasing attention mainly because of their promising role
to be integrated into multifunctional systems for actuation, morphing, and sensory capabilities in
a broad variety of applications including biomedical [1], aerospace [2] and seismological
engineering [3]. The unique performance of all the novel devices developed by SMAs relies on
either the shape memory effect or pseudoelasticity, the two distinctive properties of SMAs. Both
these unique properties are based on the inherent capability of SMAs to have two stable lattice
structures at different stress or temperature conditions, and the ability of changing their
crystallographic structure by a displacive phase transformation between a high-symmetry austenite

phase and a low-symmetry martensite phase, in response to either mechanical or thermal loading.

SMA materials used in the most applications are polycrystalline in nature. In polycrystalline SMAs
at the bulk-level, in addition to the phase transformation at the lattice-level, the thermomechanical
response is also highly sensitive to the microstructural properties such as grain sizes, orientation
distributions and grain boundaries (GBs) [4-8]. Among these, grain boundaries are significant

microstructural features of polycrystalline materials with a strong impact on the bulk properties

[9].

The microstructural properties of grain boundaries have a significant influence on many physical
and mechanical properties of bulk polycrystalline materials, including the strength, ductility,
fracture toughness, and corrosion resistance. The influence of grain boundaries on all of these
properties is largely defined by GB structure and the excess free energy per unit area that exists in
the system due to the presence of the grain boundaries. Although both the energy and structure of
grain boundaries in various metals has been the subject of extensive theoretical, computational and
experimental studies, there have been very few studies on the grain boundaries in polycrystalline

shape memory materials.

The concept of grain boundary design, defined as controlling the grain boundary characteristics to

alleviate the adverse effects of GBs and boost their advantageous effects within the bulk



polycrystalline materials was presented by Watanabe [10] for the first time. Since this pioneering
work on grain boundary design, manipulating the grain boundary features using thermomechanical
processing methods to reach specified bulk polycrystalline properties, known as grain boundary
engineering (GBE), has been extensively studied as an efficient method for improving predefined
material properties in polycrystalline materials [9]. Several experimental and computational
studies have been performed on utilizing GBE to improve a broad range of material properties
including stress-corrosion resistance [11], intergranular fracture [12] and high-temperature
fracture resistance [13]. More recent efforts in GBE focus on characterizing the GBs in
polycrystalline materials based on their coincidence site lattice (CSL), increasing the distribution
of £3 GBs in low stacking fault energy (SFE) materials [14], and considering the role of grain
boundary planes [9, 15-20].

The distribution of different grain boundary types in a polycrystalline highly affects the material
properties at the bulk level. This distribution inversely correlates with the excess free energy per
unit area of each grain boundary. During past decades, a significant number of experimental and
computational studies have been performed on grain boundary energy of various metals, ceramics
and alloys including MgO, Y, 03, Ni, Ni-based alloys, Al, Au, Cu, ferritic steel and austenite steel
[21-32]. Despite vast number of computational simulations of grain boundary energies of metals,
there have been few studies on GBs of body centered cubic metals (BCC) [33-37], while most of

the researches are focused on face centered cubic (FCC) metals.

NiTi alloys are the most widely used SMAs, mainly due to their superior mechanical properties
compared to the other discovered alloys with shape memory effect. In spite of extensive
computational and experimental efforts on studying NiTi martensitic phase transformation in the
past two decades [38-45], our fundamental understanding of phase transformation at the vicinity
of grain boundaries and the GB characteristics in NiTi alloys is still in infancy due to our limited
understanding of complex morphology and structures at the grain boundaries in these alloys. The
only reported works on the interaction between GBs and the mechanical properties in
polycrystalline NiTi alloys are limited to some experimental studies, which mostly focus on the
overall response of polycrystalline SMAs, not the local effects of microstructural features such as
GBs. Among these, several investigations have been reported on evolution of microstructure and

crystallographic texture [46], fracture properties and fatigue in polycrystalline samples [47], the



effect of heterogeneous precipitate on the mechanical response of NiTi alloys [48], and the effect
of grain size on phase transition stress [49] and on rate-dependent thermomechanical response [50]
in polycrystalline NiTi. In a pioneering work on studying the effect of microstructural features on
the phase transformation, Brinson ef al. [51] studied the correlation between the microstructure of
grains/variants and the mechanical behavior of polycrystalline NiTi using in-situ optical
microscopy. In some recent experiments, the interfaces in the microstructure of shape memory
alloys have been studied by considering the grain boundaries in oligocrystalline or bicrystal
samples. Some examples are the works by Ueland et al. [52] and Ueland and Schuh [4] on studying
Oligocrystalline shape memory alloys (0SMAs) and the effect of grain constraints on martensitic
transformation in Cu-Zn-Al oSMA, and also the phase transformation at the vicinity of the
interface in a bicrystal wire. Despite these studies on the interfaces in shape memory alloys, there
is still a gap of knowledge, and obvious need for a systematic analysis of grain boundary

characteristics, including the energy and structure, in NiTi shape memory alloys.

In chapter 2, we utilize MD simulations and density functional theory (DFT) calculations to
investigate the structure of symmetric tilt grain boundaries and the energy of both symmetric and
asymmetric tilt grain boundaries in NiTi alloys. The good agreement reported between the
experiment and atomistic-level simulation results reveals the fact that both methods are reliable if
they have been applied properly. MD and DFT are the most appropriate computational techniques
to simulate and calculate the grain boundary energies and structures accurately [53-60]. MD is a
powerful tool to study adequately large simulations containing a huge number of atoms (up to a
couple of hundred million), and DFT calculations are able to shed light into many unknown
fundamental properties of materials at the atomistic level by studying small systems (up to a couple
of hundred atoms). In this study, symmetric and asymmetric tilt grain boundaries are considered
in NiTi austenite, and the energy of each grain boundary is computed in the atomistic model with
a many-body interatomic potential for NiTi binary alloys. The energies of symmetric and
asymmetric grain boundaries are reported as functions of the misorientation and inclination angle,
respectively. The symmetric grain boundary structures are studied and the structural units are
identified for the GBs. Low angle grain boundary energies are compared with the Read-Shockley
model, and it is shown that this simplified model can predict the energies in this intermetallic
system with an acceptable accuracy. Two representative grain boundaries are selected and their

structure and energies are studied using DFT calculation. The results of MD simulations are
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validated by the DFT calculations. The electron density distributions in the grain boundaries are
also studied and bonding strength between Ni and Ti atoms at the interface, and at the vicinity of

dislocations in the grain boundary is investigated.

Despite extensive researches that have been reported in recent years on various aspects of the
thermomechanical response of NiTi SMAs, our fundamental understanding of dislocation
mechanisms in these alloys is still highly limited. The few works performed on studying
dislocations in NiTi, are mostly focused on formation of defects and dislocations in martensite
phase, mainly because these alloys experience plastic deformation in mechanical loading after
completion of austenite to martensite stress-induced phase transformation. However, some recent
experimental observations has uncovered the complicated mechanisms of phase transformation,
particularly in polycrystalline SMAs, and evidently the observed nonrecoverable strain
accumulated in cyclic loading of SMAs (which happens even at deformations bellow the strains
corresponding to the completion of phase transformation) is directly related to the formation of
dislocations in austenite phase of NiTi alloys [61-64]. This phenomenon motivates us to study the
structure, energy, and stress distributions of dislocations in austenite NiTi alloys. Such an
investigation will also highly benefit our fundamental understanding of grain boundaries in NiTi

SMAs, which has a substantial effect on the thermomechanical properties of these alloys [65, 66].

All crystalline materials contain imperfections and defects, which have significant effects on their
electrical, optical, and mechanical properties. These defects can be as point defects (vacancy,
impurity, and self-interstitials atom), stacking faults, grain boundaries, twin boundaries, volume
defects, or dislocations [67]. Among all these defects, dislocations and stacking faults have
attracted attention from many researchers over the past years, as they are the most important
defects influencing the mechanical properties and the main cause of plasticity [68]. In spite of
extensive experimental and computational efforts on studying dislocations in many crystalline
materials [68-77], there have been a few studies on dislocations in NiTi binary alloys [69, 78].
Moreover, predicting the dislocation slip planes and mobility of dislocations are very important
subjects for the materials researchers, and SFE curves are the primary factors in predicting these
microstructural properties. Studying the SFE curves, is a proper method for determining the

mobility of dislocations [79], and predicting the dislocation slip [80]. Although there have been
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extensive researches on studying the stacking fault in different alloys and metals computationally
and experimentally [20, 81-88], research on stacking fault of NiTi is still at early stages of
development. Recently, a few investigations have been reported on studying SFE in NiTi alloys

computationally and experimentally [6, 80].

Among different computational methods which are capable of studying defect-related phenomena
in metals and alloys, MD has been proven to be one of the most accurate and efficient methods.
Various aspects of the thermomechanical response, and martensitic phase transformation of NiTi
shape memory alloys at the atomistic level have been intensively studied in recent years using the
embedded atom method (EAM), and modified embedded atom method (MEAM) in MD
framework. Among these successful attempts, some examples are modeling stress- and
temperature-induced structural phase transitions using EAM potentials [89, 90] and MEAM
potential [91], modeling the shape memory effect [92], studying the pseudoelasticity and shape
memory in NiTi nanopillars [40], investigating the energy and structure of twins in martensite
phase [93], analyzing the shape recovery of NiTi nanowires under torsion [94], structural phase
transformations in NiTi nanowires [95], investigating the grain boundaries energy and structure in
NiTi alloys [96], and modeling NiTi superelasticity in presence of nanoprecipitates [97-99]. Many
of these works have used experimental observations or DFT calculations to validate the accuracy

of their MD results.

Although accurate prediction of a broad range of properties confirms the validity of using MD and
these potentials to study the microstructural properties of NiTi systems, utilizing this framework
to study defects/dislocations in NiTi systems has to be accompanied with special caution. There
are two major technical challenges that have to be considered carefully before studying any defect
related phenomena in NiTi using any of these EAM or MEAM potentials. Firstly, none of these
potentials has been particularly trained for prediction of defect properties in NiTi. The second
concern relates to the conflict between the assumptions of central force many body potentials and
the asymmetries in the crystal structure at the vicinity of dislocations. In the formation of
dislocations there are some regions with a structure far from the ideal lattice. For transition metals
and their alloys, including NiTi, directional bonding might have a significant effect on the response
of material, and this effect is more severe in the case of having a non-perfect lattice. By this,

implementing the accuracy of an EAM potential has to be accompanied with extra caution.



In this study we investigate the applicability of MD simulations to study various aspects of the
stacking fault energies, dislocation dissociation, and also the structure, energy and stress
distribution of edge dislocations in austenite NiTi. We consider three different potentials, which
are commonly used in the literature to study the thermomechanical response of NiTi, and through
several case studies examine the accuracy of each of these potentials to predict the dislocation
properties. The theory of elasticity, and DFT calculations are used to validate the results of MD

simulations.

As mentioned in the previous section, the shape memory effect and the pseudoelastic response of
NiTi alloys is due to their ability of changing their crystallographic structure by a displacive phase
transformation between a high symmetry austenite phase and a low-symmetry martensite phase
[96, 98]. The pseudoelastic response of NiTi is hysteretic [97, 100, 101]. This phenomenon is
associated with a reversible displacive solid-solid phase transformation in NiTi alloys. The
reversible phase transformation provides an energy dissipation in both the direct and reverse phase
transformations. This forward and reverse phase transformations make NiTi a superior candidate
for designing and fabricating energy absorbing devices to be used in high-strain-rate loading
conditions such as shock loading [102]. A unique property of SMAs is their ability to dissipate the
energy by two complementary mechanisms: (a) through deformation-induced phase
transformations in the device caused by the structural vibrations, and (b) through the phase

transformation caused by the stress wave propagation.

In chapter 4, we investigate the phase transformation and the associated energy dissipation in NiTi
alloys, when the material is subjected to shock loadings. A set of computational studies, using
Finite Element Method (FEM), is performed to study the fundamental aspects of phase
transformation and energy dissipation during structural vibrations in NiTi alloys then in order to
study the effect of coating the surface of the structure with a NiTi layer to improve its resistance
to shock loads, we have considered two identical aluminum substrates, and have bonded two thin
layers of NiTi and aluminum with the same thickness on these substrates. The responses of the
structures are compared, and the efficiency of NiTi layer in damping the energy of shock loads is
investigated. In the next step of this study, we focus on dynamic response and behavior of NiTi

alloys under shock loading at the atomistic scale.
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The dynamic response of various metals and alloys subjected to shock loading through MD method
are extensively investigated [103-112] while the investigations on the NiTi alloys are limited to
two studies. Lagoudas et al. [113] studied the wave propagation problem in a cylindrical
polycrystalline NiTi rod induced by an impact loading through finite element method. Yin et al.
[107] investigated phase transformation of NiTi nano pillar subjected to shock loading. Therefore,
in this work, the energy dissipation and the phase transformation caused by the stress wave
propagation in single crystal and polycrystalline austenite NiTi alloys under shock wave loadings
are investigated. MD simulations are utilized as a superior method to study the effect of
microstructures such as lattice orientations, grain sizes and grain boundaries on the patterns of
stress wave and phase transformation initiation and propagation at the atomistic level in NiTi
alloys. A criterion based on equivalent shear strains is used to detect the inelastic deformation in
the NiTi structures. This parameter is used to detect the regions with martensitic phase
transformation and plastic deformation. Regions with phase transformation and plastic
deformation in the structures are distinguished by implementing two proposed methods. Due to
the high-strain-rate loading condition, it is expected to observe the inelastic deformation in NiTi
structures being caused by both phase transformation and plastic deformation. In order to study
this assumption, the total energy dissipated during the stress wave propagation in NiTi alloys is
calculated, and the contributions of phase transformation and plastic deformation in the dissipated
energy are investigated and compared. Moreover, in order to show the superiority of NiTi alloys
in dissipating energy under shock loading, the dynamic behavior of NiTi alloys and Al are
compared at the atomistic scale. Besides, the dissipated energy due to plastic deformation and

phase transformation are calculated for both materials.

Carbon based nanomaterials such as carbon nanotubes (CNTs) and graphene exhibit excellent
properties including high electrical and thermal conductivity, low mass density, high flexibility,
and extremely high tensile moduli/strengths [114-117]. While individual CNTs are known as one
of the strongest fibers ever known, even the strongest fabricated macroscale CNT yarns and fibers
are still significantly weaker than individual nanotubes. The loss in mechanical properties is
mainly because the deformation mechanism of CNT fibers is highly governed by the weak shear

strength corresponding to sliding of nanotubes on each other. Adding polymer coating to the



bundles, and twisting the CNT yarns to enhance the intertube interactions are both efficient
methods to improve the mechanical properties of macroscale yarns. Here, we perform MD
simulations to unravel the unknown deformation mechanism in the intertube polymer chains and
also local deformations of the CNTs at the atomistic scale. Our results show that the lateral pressure
can have both beneficial and adverse effects on shear strength of polymer coated CNTs, depending

on the local deformations at the atomistic scale.

Carbon based nanomaterials, such as CNTs and graphene, due to their excellent characteristics,
have recently drawn researchers’ extensive attention for their potential application in designing
and fabricating new generations of composite materials with superior mechanical and
multifunctional performance. Particularly, CNTs have been widely used as reinforcing materials
in various metal matrix composites (MMCs) [118-125]. Although there are reports on reduction
in mechanical performance of MMCs [118] due to insufficient CNTs dispersion using simple
mechanical mixing approaches, improvements in the mechanical properties of the MMCs have
been achieved via utilizing more complicated fabrication methods such as molecular level mixing
[119, 120], electrochemical co-deposition [123] and CNT-functionalization associated with
hydrophilic metal flake coatings [125]. Strengthening effects of well-dispersed CNTs into the
MMCs can be attributed to the outstanding load-bearing capability of the CNTs and their stress
transfer proficiency due to the extensive filler/matrix interface area provided by the high aspect
ratio of CNTs. Like CNTs, graphene nanoplatelets (GNPs) or nanosheets (GNSs) have been used
to fabricate MMCs based on aluminum [124, 126-128], copper [129-132], magnesium [133], and
nickel [134]. Compared to the CNTs and due to their two-dimensional (2D) geometry, GNSs are
more difficult to disperse into the metal matrices. Therefore, utilizing mechanical alloying
techniques to incorporate GNSs into MMCs resulted in either deterioration [124, 128], or moderate
improvements [127, 129] in the mechanical performance of the MMCs. However, through more
complicated fabrication techniques, such as using hydrophilic metal flake coatings [126], electro
co-deposition [134], molecular level mixing [130], pulse reversed electro deposition [131],
hybridizing GNS with metal nanoparticles [132], and liquid state dispersion into metal melt
associated with solid state friction stirring [133], higher volume fractions of GNSs could be

dispersed into the metal matrices resulting in better improvements in the mechanical properties.



In addition to their great mechanical properties, the unique 2D geometry of GNSs has encouraged
their application in a recently new type of MMCs, metal nanolayered composites [135]. Metal
nanolayered composites with high density interlayers have been shown to be capable of
interlocking dislocations resulting in various exceptional properties, such as ultra-high strength
and self-healing [ 135-138]. It is shown that the presence of single layer graphene in between single
crystal metal nanolayers could result in ultrahigh strength metal nanopillars [135]. In recent years,
atomistic simulations of metal single crystals in interaction with graphene nanosheets have been
used to reveal the mechanisms behind strengthening effects of GNSs on single crystal metal
nanolayered composites [135, 139, 140]. However, to the best of our knowledge, there are no

atomistic simulations so far reporting the effect of graphene sheets in polycrystalline metals.

In the present work, we introduce a new nickel-graphene nanolayered composite system in which
instead of putting the large individual graphene sheets that cover all the interlayer area, monolayer
graphene flakes are spread inside the interlayers so that only a fraction of the interlayer area (13%-
30%) is covered. Compared to the previous similar composite systems [135], the introduced
graphene-metal nanolayered composite is easier and more cost-effective to fabricate in large
scales. At the first steps of this study, a systematic investigation on the effect of various graphene
reinforcement configurations on the nickel-graphene systems performance is done by utilizing a
series of atomistic simulations. The molecular dynamics simulations of various nanocrystalline
nickel-graphene systems are performed, for the first time, under both compression and
nanoindentation loadings to reveal the effect of graphene nanosheets on hindering the dislocation
propagation inside the metallic systems. As the result, the best applicable nickel-graphene

nanolayered systems are identified, fabricated and examined in the experiments.

In order to fabricate the composites, electron beam evaporation technique is utilized for depositing
the metal layers. As a result, a nanocrystalline structure for the nickel layers is obtained. It is well
established that in polycrystalline metals there is a so-called Hall-Petch relation [141, 142]
between the strength and the average grain size in which the strength increases as the grain size
decreases. However, it is also observed that at nanocrystalline metals with few-nanometer average
grain sizes, as the grain size decreases the material experiences softening showing a reverse Hall-
Petch effect [ 143-146]. Hence, there is an average grain size range in which a nanocrystalline metal

has the maximum possible strength [147, 148]. In the composite systems introduced in this study,



the nickel layers possess a nanocrystalline structure with an average grain size very close to this
optimum size. Therefore, this material system benefits from both the nanocrystallinity of the metal

as well as the strengthening effects of the graphene interlayers at the same time.

Based on these obtained results, in the next step of this study, we use GNPs and NiTi alloys to
make a MMC capable of interlocking dislocations and preventing the propagation of plastic
deformations. As mentioned in Section 4.3, the dissipated energy in NiTi alloys under shock
loading condition is due to both plastic deformation and phase transformation. The plastic
deformation is an undesired phenomenon even though it contributes as a small portion of the
dissipated energy. Therefore, in order to prevent the propagation of plastic deformation in NiTi
alloys under loading, a new nanocrystalline NiTi-graphene composite is proposed in the current
work. In addition, the strengthening mechanism in graphene reinforced NiTi alloys are explained
and the interaction of the graphene particles with plastic deformation propagation are studied at
the atomistic scale. In order to complete this study, the interaction of these graphene particles and
shock stress wave in single crystalline NiTi-graphene composites is investigated through
molecular dynamics method. Moreover, the dynamic behavior of three NiTi-graphene composites
with different graphene particles arrangements are investigated and compared in order to reveal
the effect of graphene particles orientations and arrangements on the composites’ response under

shock wave loadings.

NiTi shape memory alloys due to their two unique properties, shape memory effect and
superelasticity, are widely used as damping materials in various devices in order to absorb
vibrations [149-153]. In passive control devices for example, NiTi alloys can be used as either
martensitic or austenitic material. In martensitic and austenitic NiTi alloys, the damping capability
comes from martensite variations reorientation and stress-induced martensitic phase
transformation, respectively. The martensitic NiTi alloys have a higher damping capabilities
compared to the austenitic alloys due to the dissipation of energy during twinning-detwinning
transformations [154, 155]. But they have no strain recovery capability like the austenitic NiTi
materials. In addition, NiTi shape memory alloys in martensite phase possess very low yield
strength and can be easily deformed into other shapes [153]. This is due to the reorientation of

martensite variants or occurrence of detwinning in the deformation process [149, 153]. This

10



disadvantage would limit the application of NiTi alloys as a high strength damping material in
engineering applications [156]. Therefore, it is necessary to develop a new material which has high
yield strength and high damping capability. Accordingly, there have been several experimental
studies on various metal-NiTi alloys in order to develop a new NiTi based alloys which have both
high yield strength and high damping capability [157-161]. Among these investigations, there have
been some studies on the NiTi-Nb composite [150, 156, 157, 162-164]. It has been shown that Nb
is a superior candidate to be used as reinforcement in NiTi alloys. Due to the compatibility between
the microstructures of NiTi and Nb, they make a perfect composite with high damping capability
and high yield strength [163, 164]. In this work, NiTi-Nb composite is investigated
computationally and at the atomistic scale for the first time. Moreover, the mechanism behind
these improvements are studied and the results of our simulations are in good agreement with the

reported experimental results.

The following chapters of this dissertation address the objectives as follows. Second chapter is
devoted to investigate the NiTi microstructure. Particularly, it studies the energy and structure of
symmetric and asymmetric tilt grain boundaries of austenite NiTi crystalline structure. Third
chapter investigates the dislocation energy and structure, as well as the stacking fault energy. Finite
element method is used in the first section of the forth chapter to examine the energy dissipation
capabilities of NiTi plates during vibrational loading. The second section of this chapter
specifically studies the effect of grain size and crystal orientations on the NiTi behavior under
shock stress wave loading condition at the atomistic level. The last section of this chapter calculates
the dissipated energy due to phase transformation and plastic deformation inside the NiTi bulk and
nanopillar structures. In chapter 5, initially the effect of lateral pressure on the performance of
CNT bundles and yarns is investigated using multiscale modeling. Next, the enhancing
performance of graphene nanoparticles in a Ni-graphene composites is studied experimentally and
numerically. At the third section of this chapter, NiTi-graphene nanolayered composites are
studied under tensile loading and in the last section their performance under shockwave stress
loading is investigated. In chapter 6, Nb is used as the reinforcing material in a NiTi-Nb composite

material and the performance of both the superelastic and the shape memory NiTi-Nb composites
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material systems is examined via MD simulations. The last chapter is devoted to the conclusion

and contributions.

12



Chapter two of this work includes a published paper in Computational Materials
Science journal. The title of work is: Tilt grain boundaries energy and structure
in NiTi alloys. The author acknowledges the publisher of the work, Elsevier for
giving the right to include the article in this dissertation which is not provided to be

published commercially.
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Chapter 2. Microstructure of NiTi Shape Memory Alloys

In this chapter energy and structure of tilt grain boundaries are studied in Nickel-Titanium (NiTi)
alloys. Molecular dynamics (MD) simulations are utilized to investigate the excess energy of
symmetric and asymmetric tilt grain boundaries as a function of the misorientation and inclination
angles. Structural units of different symmetric grain boundaries are identified and the correlation
between the structure and energy is investigated. It is shown that the Read-Shokley model can
accurately predict the energy of low angle symmetric tilt grain boundaries in austenite NiTi alloy.
Density functional theory (DFT) calculations are used to study two representative symmetric grain
boundaries. Comparing to DFT calculations, it is shown that the MD results can predict the GB
potential energies accurately. The Electron charge density distributions are studied and the bonding
strength between atoms, and low/high charge density regions are investigated, and accosted with
the structural units in the grain boundaries. It shown that a symmetric arrangement of Ni and Ti

atoms at the GB improved the uniformity of bonding and charge density distribution.

A many-body interatomic potential for the NiTi binary alloy is used. The embedded atom potential
(EAM) of NiTi was originally developed by Lai and Liu [165] and has been modified by Zhong
et al. [93]. They modified the potential function with cubic polynomial interpolations to smooth
the discontinuities near the cut-off radius. It was demonstrated that the MD calculated lattice
constants and energies of various phases of NiTi are in a good agreement with the results of
experiments and ab initio calculations [40, 93]. This modified potential has been widely used to
study different aspects of the thermomechanical response of NiTi alloys at the atomistic level [40,
93, 95, 166]. Conjugate gradient method in three dimensional periodic computational cells has
been used to minimize the structural energy to investigate phase transformation mechanisms at the
grain boundaries in Section 2.2. All the molecular dynamics simulations to calculate the grain
boundary energies (Section 2.4) have been performed using three dimensional periodic

computational cells, at the finite temperature T=400 K using time integration on Nose-Hoover
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style non-Hamiltonian equations of motion in isothermal-isobaric (npf) ensembles. Large-scale
Atomic/Molecular Massively Parallel Simulator (LAMMPS) [167] is used for performing the
simulations and Ovito [168] visualization tool has been used for post-processing the results of MD

simulations.

Two sets of calculations with GGA, Ultrasoft and PAW pseudopotentials has been performed
based on the DFT method as implemented in Quantum Espresso (QE) code [169]. For the
calculations with Ultrasoft pseudopotential, Vanderbilt Ultrasoft with Perdew-Burke-Ernzerhof
(PBE) pseudopotential have been used for titanium and Rappe Rabe Kaxiars Joannopoulos with
Perdew-Burke-Ernzerhof (PBE) pseudopotential have been utilized for nickel. For the calculations
with PAW pseudopotential Projector Augmented-Wave [170] with Perdew-Burke-Ernzerhof
(PBE) have been used for both nickel and titanium. Monkhorst-Pack [171] K-point meshes are
used for Brillouin zone integration. One K-point for each 50 Angstrom has been considered in all

simulations in order to get the accurate calculations and convergence.

Molecular statics simulations using Conjugate Gradient (CG) energy minimizations at T = 0 K
have been extensively utilized for calculating the grain boundary energy of several BCC and FCC
materials [9, 15, 16, 172-174]. However, calculating the GB energy in austenite NiTi using energy
minimization is a challenge, since austenite is not the stable phase at T = 0 K. It is worth noting
that several MD works have been reported on utilizing energy minimization for analyzing the
potential energy of austenite phase in NiTi [89, 98, 99, 175]. These calculations are all valid since
the austenite phase is at a local minimum in energy landscape of NiTi, and a perfect B2 austenite
structure will remain stable at T = 0 K during energy minimization. However, the grain boundaries
are planar defects containing dislocations, point defects and possible precipitates. As we will show
in this section, these defects will trigger the phase transformation at the vicinity of grain boundaries
either at low temperatures in a molecular dynamics simulation or during energy minimization in
molecular statics studies. Here we present two sample cases on the austenite phase instability at
the vicinity of grain boundaries, both at low temperatures and during energy minimization as

shown in Figure 2-1.
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Figure 2-1. (a) A symmetric tilt £17 (334)[110] grain boundary equilibrated at T=400 K, and (b) cooling the structure to T=1 K
with the rate of 0.5 K per picosecond. (c) The (223) and (334) views of the transformed structure with (d and e) the [110] view of
the top grain before and after the phase transformation, at high and low temperatures. Blue and red represent Ni and Ti atoms,
respectively in (a-e). (f) A symmetric tilt £25 (710)[001] grain boundary minimized at T=0 K using the CG method. Blue and red
represent the atoms with energies close to austenite and martensite. (g) Cohesive energies of various NiTi phases. Blue color in (f)

corresponds to B2 and the other phases are marked with red.

A symmetric tilt £17 (334)[110] grain boundary equilibrated at T = 400 K is shown in Figure
2-1(a). After the equilibration at high temperature, the structure is cooled down to T = 1 K with
the rate of 0.5 K per picosecond as shown in Figure 2-1(b). Phase transformation happens in the

structure when the system is cooled down below the martensite finish transformation temperature
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(My =~ 300 K), and two symmetric martensite variants are formed with the grain boundary acting
as the symmetry plane. A schematic of the crystal orientations before and after the phase
transformation is also shown in Figure 2-1. The (223) and (334) views of transformed structure
are shown in Figure 2-1(c), where the tilt in the structure during phase transformation is obviously
seen. The [110] views of the top grain before and after the phase transformation, at high and low
temperatures, clearly show the B2 austenite and B19’ martensite structures as shown in Figure
2-1(d) and (e), respectively. Comparing the atoms positions in (110) planes demonstrates the
change of angle from 90 to ~98 degrees in austenite to martensite phase transformation [41]. A
future communication by the authors will study the details of temperature induced phase
transformation mechanisms at the vicinity of grain boundaries in NiTi. However, the above-
considered case study clearly shows that the structure and energy of grain boundaries in austenite

cannot be studied at low temperatures.

Instability of austenite phase at low temperatures might also lead to erroneous results if the energy
minimization is used for calculating the structure and energy of grain boundaries in austenite NiTi.
As an example, consider a symmetric tilt £25 (710)[001] grain boundary minimized at T =0 K
using the CG method as shown in Figure 2-1(f). During the energy minimization, phase
transformation is triggered at the vicinity of the grain boundary and martensite phase initiates and
grows through the structure. In this figure, cohesive energies of various NiTi phases, shown in
Figure 2-1(g), are used to color code the atoms at different phases. The region with blue color
represents the austenite phase, while the red color shows atoms with energies close to one of the
other phases. Tracking the energy of atoms in the system during minimization confirms the phase
transformation from austenite to either R-Phase or B19/B19° martensite caused by the atom

displacements during energy minimization.

To overcome this challenge, we will use a novel method for calculating the grain boundary
energies and structures. In all of the following MD simulations, we equilibrate GBs at T = 400 K
(which is above the NiTi transformation temperature predicted by the EAM potential [93, 95]) to
guaranty the stability of austenite, and the potential energy component of the total energy is used

to calculate the GB energies.
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MD simulations are performed to calculate the grain boundary energies of both symmetric and
asymmetric tilt grain boundaries. The grain boundaries are equilibrated at T = 400 K with the EAM
interatomic potentials. In-plane rigid body translations and atoms deletion criteria are used to reach
the minimum grain boundary energy of the structures with a method similar to what has been
implemented in [15]. In this method, one of the grains is moved in the plane of the grain boundary
in a loop with several different positions, and at each position a range of different overlap values
is considered for deleting the extra atoms at the grain boundary after moving one of the grains. At
each position and selected overlap, the grain boundary energy is calculated and recorded to find
the structure corresponding to the minimum possible potential energy for a grain boundary. The
equilibrated structures are created using three dimensional periodic cells consisting two grains with
approximately 240x240x30 A in x, y and z directions (size slightly changes from different
directions to satisfy the periodicity). The three dimensional periodic computational cells are large
enough to eliminate any interactions between the two grain boundaries during the equilibrating
simulation [15, 176]. The grain boundary excess energies are calculated by subtracting the
potential energy of a perfect structure with the same number of atoms from the potential energy of
equilibrated bicrystal structures. The energies are reported per unit grain boundary area in the

sequel.

Grain boundary energies as a function of misorientation angle (6) are calculated and shown in
Figure 2-2 and 3, for two GBs with <001> and <110> tilt axis, respectively. Low order coincidence
site lattice (CSL) systems are also shown in these figures. The energy in <001> GBs slightly
changes by varying 6, while the <110> grain boundary energies strongly vary by changing the
misorientation angle. £5 (210)[001] symmetric tilt grain boundary is the deepest cusp for the
<001> tilt axis, while £3 (112)[110], £9 (114)[110] and £11 (332)[110] are the three deepest cusps
for the <110> tilt axis. It is worth noting that for the <001> tilt axis, there is no coherent twin
boundary and it only shows a minor cusp at X5 (210)[001]. While, for the <110> tilt axis, X3
(1 12)[1?0] is a coherent twin boundary and the other two grain boundaries (£9 and X11) are minor

cusps.
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Comparing the GB energies of NiTi, Al, Cu [15], Mo [173], BCC and FCC Fe [177] shows that
the overall trend of energy distributions in NiTi alloy is similar to the mentioned metals. Among
these, Al is a high stacking fault energy (HSFE) metal while Cu, Mo, and Fe (in both phases) are
all low stacking fault energy (LSFE) metals. The calculated GB energy distributions of NiTi are
closer to energy distributions of LSFE materials. Comparing the NiTi GB energies with BCC Fe
confirms that the trend of GB energy distributions in NiTi and Fe are similar, which is expected
considering both having body center cubic structures. The GB energies in BCC Fe [177] are, on
average, two times greater than the calculated values for NiTi in this chapter. This ratio is also
compatible with the ratio between the stacking fault energies of NiTi and Fe, as y,,; for (001)[010]
system of NiTi and Fe are (800 mJj m~2) [6] and (1200 m] m~2) [82], respectively. Also ¥,
values for (011)[100] system of NiTi and Fe are (140 mJ m~2) [6] and (470 m] m~2) [82],

respectively.
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Figure 2-2. Grain boundary energies as a function of misorientation angle (6) with <001> tilt axis.

Coherent twin boundary energies of NiTi, Mo and BCC Fe are greater than the coherent twin

boundary energies in Al, Cu and FCC Fe. This is expected as BCC (112) planes are not closed-

packed in contrast with the FCC system. The 23 (112)[110] twin boundary in BCC system consists

of a stacking disorders of the nonclosed packed face [177], while FCC twin boundary X3
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(11 1)[1TO] has a closed-packed face, and consequently a lower energy compared to the BCC
system. The unstable SFE, 7y, of NiTi, Al and Cu for (011)[100] system are
600, 153 and 49 m] m~2, respectively and coherent twin boundary energies for NiTi, Al and Cu
are 216,75 and 22 m] m~2 [15]. The ratios of GB energies are following the same trend as the
stacking fault energies, as expected, which confirm the validity of our results. In order to validate
the calculated energies, we also will compare the results for two representative GBs in NiTi with

DFT calculations in the following sections.
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Figure 2-3. Grain boundary energies as a function of misorientation angle (6) with <110> tilt axis.

Comparing both curves with similar distributions for other metals (either BCC or FCC) reveals
that the fluctuations of GB energies with changing the misorientation angle in NiTi are much more
compared to the other metals. This phenomenon can be a result of possible local phase
transformations near dislocations at the vicinity of grain boundaries due to the stress concentrations
originated by the dislocation on the boundary. It is worth noting that although the considered
temperature is above Ay, which is the austenite finish temperature at zero stress, an austenite to
martensite phase transformation is still possible at a nonzero stress [178]. A high stress

concentrated locally at the vicinity of dislocations on the grain boundary might trigger the phase
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transformation by tilting a thin layer of atoms from B2 to B19’ structure, and alter the energy
distribution. More details of local phase transformation mechanisms around the dislocations and
at the vicinity or grain boundaries and triple junctions will be the topic of a future communication

by the authors.

The inclination angle (¢) is defined as the angle of rotation of grain boundary plane about the axis

perpendicular to the tilt axis from the symmetric tilt grain boundary plane. The asymmetric grain
boundaries studied in this section are created by rotating a £3 (112)[110] symmetric grain

boundary about the tilt axis [110] [15]. The asymmetric grain boundary energies as a function of

the inclination angle are shown in Figure 2-4. The energies are depicted for grain boundaries with
inclination angles ranging from ¢ = 0 (corresponding to X3 (1 12)[1?0] GB) to¢p = 90 (X3
(111)[110] GB) in NiTi.

Asymmetric grain boundary energies can be approximated by combining the corresponding
symmetric grain boundary energies. For the studied X3 asymmetric tilt grain boundary (ATGB),
the energy can be defined as a function of inclination angle ¢:

Yé = Ycre €OS ¢ + Ysirp Sin ¢, (2-1)

where Y¢rg (216 m] m™2) and ygrg (570 mJ] m™2) are the X3 (112) coherent twin boundary and

>3 (111) symmetric incoherent twin boundary energies, respectively [15].
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Figure 2-4. £3 Asymmetric tilt grain boundary energies as a function of inclination angle (®).

The calculated symmetric grain boundary energies of NiTi are implemented in (2-1) and the
approximate energy is shown along with the MD results in Figure 2-4. The overall trend is
following the MD results, with the approximate values slightly lower than the MD calculations.
The observed difference between the MD simulations and the approximation in Equation (2-1) is
attributed to the discrete nature of molecular dynamics simulations, which are associated with local
arrangements of the atoms at the grain boundaries, particularly close to the dislocations. This
difference can be highly affected by the selection of different interatomic potentials in the MD

simulations.

2.4.3 Structure of (100) and (110) symmetric tilt GBs

Some selected representative grain boundaries with [001] and [110] tilt axes are studied in order
to investigate the correlation between GB energies and structures. To obtain the structural units
(SUs) of GBs, a simple procedure is used so that a line is drawn in the grain boundary which
devides the structure into two adjoining grains. The atomic positions at the vicinity of grain
boundaries are then investigated and structural units of the grain boundaries are found and shown
in Figure 2-5 and 6. The relationship between the GB energies and structures is directly connected
to coincidence-site lattice model as well. This correlation is based on the assumption that the grain
boundary energy is lower when the number of bonds that are broken at the grain boundary is
smaller [179]. When the coincidence of atomic positions in both adjacent grains is high, then the

number of broken bonds at the grain boundary is small, and the energy of this type of GB is
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relatively low. CSL grain boundaries with lower X values are also constructed with smaller and
simpler structural units, which represent more atoms being in the perfect structure, and causes

smaller excess energy for the grain boundary.

The NiTi GB structures equilibrated at T =400 K for [001] and [110] tilt axes are shown in Figure
2-5 and 6, respectively. Figure 2-5(a), (e), (f) and (h) show the basic structural units (the SUs which
cannot be decomposed to simpler units) for the symmetric grain boundaries with [001] tilt axis.
Grain boundary of X1 (100)[001] and X1 (110)[001] systems consist of A and A" single structural
units. The GBs of £5 (310)[001] and X5 (210)[001] systems consist of B and C basic SUs,
respectively. All the other representative GB structural units can be defined as a combination of

these basic SUs.

Figure 2-5(b) shows the SUs for a (10,1,0) grain boundary which consists of seven periods of Z1
(100)[001] system and one period of £5 (310)[001] system, and can be represented by the reaction:
ay[10 1 0] = 7a,[100] + a,[310].

The structural units of £25 (710)[001] and £13 (510)[001] systems shown in Figure 2-5(c) and (d)
are given by the reactions: ay[710] = 4a,[100] + a4[310] and ay[510] = 2a,[100] +
ao[310], respectively. The £13 (320)[001] system shown in Figure 2-5(g) is a combination of C
and A" SUs: a4[320] = a([210] + a,[110]. Figure 2-5(d), (e), (f) and (g) have the lowest CSL
which corresponds to the deepest cusps in the energy landscape and have simpler SUs compared

to the structures with higher CSLs.

Figure 2-6(a), (h) and (d), (g) show the single SUs and basic SUs of NiTi GBs structures with
[110] tilt axis. Figure 2-6(b) and (c) show the SUs of X9 (221)[110] and 11 (332)[110]
correspond to ay[221] = ao[111] + a4[110] and ay[332] = 2a,[111] + a,[110] reactions.
Structural units of £17 (334)[110] and 17 (223)[110] shown in Figure 2-6(e) and (f) are consist
of B and C basic structural units. The combination can be represented by the reactions: ay[334] =
2ay[111] + ao[112] and ay[223] = ao[111] + ay[112], respectively. These representative
GBs correspond to the lowest CSLs £3, £9 and X11, with the simple structures also have deepest

cusps in energy landscape as shown in Section 2.4.1.
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Figure 2-5. Structural units of NiTi GBs equilibrated at T=400 K for [001] tilt axis.
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Figure 2-6. Structural units of NiTi GBs equilibrated at T=400 K for [110] tilt axis.



The energy of a low angle grain boundary can be approximated as a summation of all the
dislocation energies on the GB. The density of the dislocations on the GBs is a function of the
misorientation angle 8 and inclination angle ¢. Having the density and the energy of a single
dislocation, the GB energy Eg has been calculated as a function of 8 and ¢ by Read and Shockley

[180]. For a symmetric grain boundary (¢p = 0) the energy per unit length is expressed as:

foo = w9 () * = [+ ) @

where 0 is the misorientation angle, G and v are the shear modulus and Poisson ratio, respectively.

Parameter r indicates the outer radius of a cylinder around each dislocation for calculating the
energy, which is set to half the distance between two adjacent dislocations. The radius of
dislocation core is shown by 1. For symmetric tilt grain boundaries (¢p = 0) with [001] tilt axes,
the grain boundary can be considered as an array of edge dislocations in (100)[010] system, with
(100) and [010] being the glide plane and the burger vector, respectively. The symmetric tilt grain
boundary with [110] tilt axes be considered as an array of edge dislocations in (001)[110] system,
where (001) is the glide plane and [110] is the edge dislocation burger vector. For these two

systems, the Read-Shokley model is used by considering the burger vectors b = a and b = \/2a,
where a is the lattice constant (3.008 A for NiTi). This model has been used to calculate the grain
boundary energy of various materials including silicon ferrite [180], ice [181] and nickel-based

super alloys [182].

In this section, we study the validity of considering the Read-Shockley model to calculate the GB
energies for low angle grain boundaries in NiTi, compared to the GB energies calculated from MD
simulations. This comparison for GBs with [001] and [110] tilt axes are shown in Figure 2-7(a)

and (b), respectively.

As it is shown in Figure 2-7, the data points from MD simulations for both the tilt axes follow the
Read-Shockley curve. As expected, for the low angle grain boundaries 0 < 8 < 15°~20° the data
from MD simulations and theory are in a very good agreement while the difference increases for
the higher misorientation angles. For obtaining the results shown in Figure 2-7 the dislocation core

radii for [001] and [110] tilt axis are considered as 7, = b/3 and r, = 0.4b to find the best match
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between the MD and Read-Shockley model results. This selection indicates that the dislocation
cores shrink to a same radius in GBs with [001] tilt axes. This phenomenon has to be studied in
more detail with the DFT calculations to investigate the differences in the dislocations of both

grain boundaries in NiTi.
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Figure 2-7. Comparison of grain boundary energies obtained from MD simulations and the Read-Shockley model for symmetric

tilt grain boundaries with (a) [001] and (b) [110] tilt axis and the burger vectors b = a and b = /2a, respectively.

2.5 Density functional theory calculations for GBs in NiTi

Two representative grain boundaries are studied in this section, and DFT calculations are used to
investigate the energy, atomic relaxations, and also the electron charge density distributions at the

vicinity of GB in NiTi austenite.

2.5.1 Grain boundary energy

While validating the results of empirical potentials in MD simulations against the experiments is
the superior option, experimental difficulties in measuring the grain boundary energies in NiTi
alloys, motivates us to use ab-initio calculations as an accurate alternative for experiments. Several
microscopic features such as grain boundary energies, atomic forces, equilibrium structures,
electron densities and band structures can be calculated accurately by density functional theory

[183-187].

Two representative grain boundaries, X3 (1 12)[110] and X13 (510)[001], are selected and DFT
calculations are performed to measure the GB energies. In each case, two pseudopotentials (PAW

and Ultrasoft) have been used to perform relax and scf calculations. Two sets of calculations are
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performed for each GB; once with the positions of atoms being fixed and in the other calculation
the positions are relaxed. The change of potential energy in the system is tracked during the
relaxation of atomic positions, and the solution is continued until the convergence is achieved in
the potential energy. To perform a comprehensive comparison between the MD and DFT
calculations for the grain boundary energies, three sets of MD simulations are considered; once
with the structures minimized but the atomic position being constrained to move no more than
0.025 A at each minimizing increment, once with minimizing when the atoms are free to move
and being relaxed, and also the MD simulations at high temperature T=400 K. The grain boundary
excess energies are calculated in each case by subtracting the potential energy of a perfect structure
with the same number of atoms from the potential energy of equilibrated bicrystal structures. The
calculated energies by different MD setting and DFT calculations are compared in Table 1 and 2.
It is worth noting that both the selected representative GBs, have an ordered structure with minimal
defects, since one of them is a coherent twin and the other one is a low number CSL. The ordered
structures in the grain boundary enable us to perform energy minimizations at T = 0 K without

triggering phase transformation to calculate the GB potential energy (see Section 2.3).

Table 2-1. Calculated energies of £3 (112)[110] grain Boundary by different MD setting and DFT calculations.

Density Functional Theory (Quantum Espresso) Molecular Dynamic Simulation (Lammps)
PAW Pseudopotential Ultrasoft Pseudopotential EAM Potential EAM Potential
Relaxed Not Relaxed ~ Relaxed  Not Relaxed Minimized Not T=400

Minimized
362.159 488.730 331 447.336 357.065 380.510 216

Table 2-2. Calculated energies of 13 (510)[001] grain Boundary by different MD setting and DFT calculations.

Density Functional Theory (Quantum Espresso) Molecular Dynamic Simulation (Lammps)
PAW Pseudopotential  Ultrasoft Pseudopotential EAM Potential EAM Potential
Relaxed  Not Relaxed  Relaxed  Not Relaxed Minimized Not T=400
Minimized
751.288 1183.79 490.282 904.600 505.248 515.255 503
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For both the selected grain boundaries, comparing the energies calculated by either PAW or
Ultrasoft pseudopotentials before and after relaxations show that the relaxation of atomic positions
significantly decreases the GB energies. Displacement fields of atoms during relaxations are
shown in Figure 2-8(a) and(b) for (510) and (112) GBs, respectively. Arrows show the
displacement trajectory of each atom during relaxation. The atoms in Figure 2-8(b), which
corresponds to a coherent GB, are less displaced compared to the atoms in the (510) GB shown in
Figure 2-8 (a). The atoms displacement field is directly associated with the structural units shown
in Figure 2-5(d) and Figure 2-6(g). Also, the change of energy during relaxation, as shown in
Tables 1 and 2, confirms the larger atomic displacements in the non-coherent grain boundary. In
the next section, we will study how these relaxations at the grain boundary will affect the electron

charge density distribution at the vicinity of GBs and dislocations.

Sera o .,os.-m [510] PPl [112]
2o 2 }".? } [150] .0 ‘.':;.0:;.&.;.' [111]
[ ]
[ ]

"’\zo“ﬁo””\t o e o o e o o _ _
.o:‘ Qc '”.o:‘ ’o '”.o:‘ Qo o o o. 0% 0% 0% ¢® % o® 0° 0 0°
.&";:.9.03‘";9\";:900000000000.
PY PR o P .VS... .5.. e o o o o o o o e o ® T
R D T e R e st I are I s e I
oSeY...9..0-i-gFoY...9..0---0FOX-- -0 ----. -- e ol T A N s
P 3R 0% 90 $QR 0 P 9 $Q 0 ¥ . = > > > > >
AP o SQ‘A’RO\" AEANL o 3% 7% % % % % % % % % % % %
3.20.3,053 .&oglv.ovgoooooooooooo
IS o ° o o.‘\'o,. o g% % % % %e % %e % % % % % %
&.t. L—.s o .‘4—05&./&..8,5 o. o. o. o. o. o. o. o. o. o. o. o.
o ¥ due ¢ dhNe % ¢ 7@ © © © e o e o e o ¢ o ¢
L AU B s T I R s A e T R R R
e é e ) e« [} | o4 e > e> 6> 6> > > > &> > > >

Figure 2-8. Displacement fields of atoms during relaxations for (a) (510) and (b) (112) GBs, calculated by DFT. Arrows show the

displacement trajectory of each atom during relaxation.

Comparing the MD and DFT results shows that the GB energy of (112) relaxed structure calculated
by the MD simulations agrees with the energies obtained from both the PAW and Ultrasoft
pseudopotentials with an acceptable accuracy (with 1.3% and 7.8% errors, respectively). For the
(510) GB relaxed structure, MD simulation results are closer to the Ultrasoft pseudopotential DFT

calculations.

Comparing the results obtained by three different assumptions in MD simulations shows that for
(510) GB, both the potential energies from minimization at T = 0 K are close to the energy obtained
from equilibration at T = 400 K, while the potential energy at high temperature is slightly lower

than the energy from minimization.
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For the (112) coherent GB, the difference is larger and the energy calculated at T = 400 K is
remarkably lower than the GB energies from minimization at T =0 K. This phenomenon is because
the atomic positions are free to relax at high temperature in austenite phase, and the movements of
one of the grains (See Section 2.4.1) guaranties finding the minimum possible energy for the GBs
at high temperatures. It is worth noting that for the (510) GB, the atoms require to move
substantially from their initial positions to relax the structure at the grain boundary. Although the
DFT calculations are predicting a correct trajectory of atomic displacements to relax the structure,
the amount of final displacement predicted by DFT is still smaller than MD simulations,
particularly those obtained at a high temperature. This is considered as the main reason behind the

observed difference between the MD and DFT calculations for the GB energy.

Investigating the electron density distributions at GBs will facilitate better understanding how the
bonding at the vicinity of a GB differs from the bulk material, which provides useful information

about arrangement of dislocations at GBs, and also the diffusion along the grain boundaries.

Charge density distributions for the two selected representative GBs, X3 (1 12)[1?0] and X13
(510)[001], are shown in Figure 2-9. The charge density distributions are shown on two planes
perpendicular to the tilt axis, one through the atomic plane (z = 0, where z is the coordinate in the
direction of tilt axes) and another plane through the layer between the two atomic planes (z=a/2)
for both GBs. The insets on each figure show the charge density distribution on two horizontal
lines passing through the grain boundary (solid black line), and passing through the bulk region
(dashed red line). Figure 2-9(a) shows the density distribution on the z = 0 plane passing through
the atoms, which contains both Ni and Ti atoms, for the (112) coherent twin boundary. Electron
densities around Ni atoms are greater compared to the Ti atoms in this configuration. Figure 2-9(b)
shows the electron distribution on the layer between the atomic planes. In this layer, at the vicinity
of the grain boundary line, the structural units which contain three Ni and one Ti atoms (see Section
2.4.3) have lower charge densities inside the structural unit compared to those having three Ni and
one Ti atoms. Comparing the distributions between the GB and bulk regions (see the insets) shows
a slight decrease in the charge densities near the grain boundary on both z = 0 and a/2 planes which
corresponds to the bond weakening on the grain boundary. The large areas with low charge density
in the structural units observed in Figure 2-9(b) might act as the initiation sites for the temperature-

or stress-induced phase transformation due to the weak bonding between the atoms. Figure 2-9(c)
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shows the electron distributions of (510) GB on the z = 0 plane, which only contains Ti atoms. A
homogenous electron distribution is observed since all the atoms are of the same type. The inset
shows more peaks in the charge density distribution on the grain boundary compared to the bulk
region, due to the arrangement of the atoms to create the mirror plane on the GB. Charge density
on the z = a/2 plane is shown in Figure 2-9(d). The distribution on the grain boundary line is
compared with the bulk region in the inset. The maximum value of the charge density is lower at
the grain boundary compared to bulk material, but the distribution is more uniform and multiple
frequent peaks are added to the distribution. This phenomenon can be expressed by considering
the arrangement of Ni and Ti atoms at this GB (see Figure 2-5(d)). While the (510) GB consists of
repeated SUs A and B, an alternative structural unit can be considered for this GB (shown with S
on both Figure 2-9(d) and Figure 2-5(d). Each of these structural units S contains three Ni and
three Ti atoms. Compared to a structural unit with non-equal number of Ni and Ti atoms (i.e. see
C units in Figure 2-9(b) with Three Ni and one Ti atoms), the S units have a more uniform
distribution of electrons inside the structural unit, mainly because the non-uniformity in the
electrons distribution originates from the difference of Ni and Ti atoms in attracting the electrons.
A more uniform charge density distribution on the grain boundary is associated with a uniform
distribution of bond strengths. Since the bond strengths are distributed uniformly in the bulk
material, having a more uniform distribution of bonds in the grain boundary will be associated
with a smaller difference between the stress distributions in the grain boundary and the bulk
material when the system is subjected to an external load [187]. In this case, reduction of the stress
concentration at the grain boundaries will improve the mechanical properties in a polycrystalline
material. This phenomenon makes any of the grain boundaries with more uniform structural units
(and consequently more uniform distribution of charge densities), i.e. the 13 (510)[001] or X5
(210)[001] GBs, a good candidate in a grain boundary engineering optimization. It is worth noting
that investigating a comprehensive list of grain boundaries with a uniform charge density
distribution in NiTi systems requires several DFT calculations of various GBs, and the selected

studies in this section are only two representative samples.
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Figure 2-9. Charge density distributions for the two selected representative GBs, X3 (1 12)[110] and 213 (510)[001]. (a) The density
distribution on the z=0 plane passing through the atoms, which contains both Ni and Ti atoms, for the (112) coherent twin boundary
and (b) the electron distribution on the layer between the atomic planes for the (112) coherent twin boundary. (c¢) The electron
distribution of (510) GB on the z=0 plane, which only contains Ti atoms and (d) charge density of (510) GB on the z=a/2 plane.
Insets show the charge density distribution on a line passing through the GB (solid black lines) and a line parallel to the GB in the
bulk material (dashed red lines).

2.6 Conclusions

Molecular dynamics (MD) simulations and density functional theory (DFT) calculations are
utilized to investigate the energy and structure of symmetric and asymmetric tilt grain boundaries
(GBs) in austenite NiTi shape memory alloys. The grain boundaries excess energies are calculated

as a function of the inclination and misorientation angles. The structural units at the grain boundary
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are identified and the correlation between the structure and grain boundary energy is studied. It is
shown that the Read-Shokley model can predict the energy of low angle tilt grain boundaries in
NiTi with an acceptable accuracy by considering appropriate dislocation core radii at different
orientations. Two representative symmetric GBs are studied by DFT calculations. The MD results
are validated against DFT, and the electron charge density distribution at the grain boundaries are

compared with the bulk material to study the bonding strengths at the grain boundaries.

33



Chapter three of this work includes a published paper in Journal of Alloys and
Compounds journal. The title of work is: Generalized stacking fault energy and
dislocation properties in NiTi shape memory alloys. The author acknowledges
the publisher of the work, Elsevier for giving the right to include the article in this

dissertation which is not provided to be published commercially.

34



Chapter 3. Defects in NiTi Shape Memory Alloys

3.1 Overview

Dislocations in the austenite phase of Nickel-Titanium (NiTi) shape memory alloys (SMAs) are
of critical importance mainly due to their connection to the unrecoverable strains accumulated in
SMAs during cyclic loadings, and also the key role of dislocations in the structure and energy of
grain boundaries in these alloys. In this chapter, we investigate the energy and structure of
dislocations, and also the generalized stacking fault energies in NiTi austenite by implementing
molecular dynamics (MD) simulations. Through our results the validity and accuracy of three
different potentials, two EAM potentials with different cutoff radii and one 2NN MEAM potential,
for studying defect related properties of NiTi alloys is investigated. It is shown that while none of
these potentials are particularly trained for predicting defect properties in NiTi systems, they can
be efficiently utilized to study the stacking fault energies, the energy and structure of edge
dislocations, stress distributions at the vicinity of edge dislocations, and even the details of
dislocation dissociation in NiTi austenite phase. Particularly our results can be used as a tool to
select the appropriate potential for studying any problem related to a specific aspect of defects in

austenite NiTi SMAs.
3.2 Materials and Methods

3.2.1 Potentials

In this chapter, the accuracy and capability of three different potentials in studying defect-related
phenomena in NiTi alloys are studied. For this purpose, we consider two commonly used EAM
potentials, and also a recently developed 2NN MEAM potential. In the following sections, SFE
and the energies of various dislocations for different crystal orientations in NiTi alloys are studied
using these three potentials in MD simulations. Results are compared and validated against

theoretical and DFT calculations.
EAM Potential with cutoff radius v, = 4.2 A

One of the most widely used many-body interatomic potentials for NiTi binary alloys is the EAM
potential which was originally developed and evaluated by Lai and Liu [165]. This potential was

later improved with a smooth cutoff behavior to avoid the diverging forces in simulations
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involving large atomic displacements [93]. This Finnis-Sinclair potential computes pairwise
interactions for the alloy using a generalized form of EAM potentials. The total energy of the

system is expressed as [93]:

E = z ZAaﬁexpl 'paﬁ —1 l F(rU (3-1)
i J#i J#i

where, the first term in the curly bracket describes the pair interaction, the second term represents

the many-body effect, and

F(ry) = &Zgexp quaﬁ (c:i — 1)] (3-2)

ap

Parameters a and [ represent the element types (here Ni and Ti) of atoms i and j. The distance
between atoms 7 and j is denoted by 7;;. The parameters in this potential for describing a NiTi alloy
(i.e. values for Ni-Ni, Ti-Ti, and Ni-Ti interaction) are fitted to the properties of a cubic NiTi
system at 0 K [165]. Since the function F (rl- j) and its derivative with respect to 7;; are nonzero at

the cutoff radius, in order to smooth the interatomic forces and energies in the molecular dynamics

model we use the following modification on this function [93]:

’r'..
2 2qap (= —1 ] j <1,
F(n,-)={§“’*””[ dat (daﬁ WE (33

C3ap(1ij = 11)> + Coap(rij = 11)? + Crapg(rij —11) + Coqp. 71 <1y ST,

where the four coefficients ¢; 45, i=1,2,3,4 are determined by imposing the continuity conditions
onF (rl- j) and its first derivative at ry and r.. The coefficients for this potential have been calculated

and reported by Zhong et al. [93] for a cutoff radius 1, = 4.2 A.

Another many-body interatomic potential for NiTi binary alloy is embedded atom potential which
was originally developed by Ren and Sehitoglu [99]. This recently introduced potential is also

Finnis—Sinclair type expressing the total potential energy as:
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N-1 N N
E = z z ¢titjrij +2Fti(:§i); (3-4)
i=1

i=1 j=it+1

where,

pPi = zptitj(rij)- (3-5)
J

The element types of atoms i and j are denoted by t; and t;, respectively. The distance between

atoms i and j are expressed as 1;;. The pair interaction between atoms i and j is denoted by gl)titjrl- is

and F;,(p;) is the embedding energy function which is a function of host electron density p;,
inducing by all the other atoms. Both ¢ ;1 (7) and py;r; () are constructed to match the properties
of NiTi alloy using the cubic spline form:
N;
f(r) = Zai(n —7r)3H(1r; — 1), (3-6)
i=1

in which H(r) is the Heaviside step function definde as:

1 forx =0

H(x) = {0 forx < 0. (3-7)

The coefficients a; and r; for this potential are calculated and reported by Ren and Sehitoglu [99]

for a cutoff radius 7, = 5.2 A. Increasing the cutoff radius from 4.2 A to 5.2 A incorporates forth

nearest neighbors in B2 NiTi lattice, which can significantly improve the potential accuracy.

The MEAM potential was originally developed and proposed by Baskes [188] as a modified form
of EAM potential by considering additionally angular dependent terms. This potential was later
improved by Lee and Baskes [189] by introducing 2NN MEAM potentials. In order to overcome
some critical weaknesses of the original MEAM approach, they partially considered 2NN
interactions in MEAM description. Recently, Ko ef al. [190] have developed a 2NN MEAM

potential for NiTi binary system. In this potential the total energy of the system is expressed as:
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where R;; is the distance between atoms i and j. The screening function and the pair interaction

between atoms i and j as a function of R;; are denoted by S;; and ¢;;, respectively.

The functional form of the background electron density p; needs to be defined in order to calculate
the embedding energy. Since additional angular terms are considered for the directional character
of bonding in MEAM approach, the background electron density is computed by combining
several partial electron density terms for different angular contributions with weighting factors
t™(h = 1 — 3). Each partial electron density is a function of atomic configuration and atomic
electron density. The atomic electron density p®™ (h = 0 — 4) is expressed as:

pAIR) = po exp |-p® (TE -1)] (3-9)

where 7, is the nearest-neighbor distance in the equilibrium reference structure. The adjustable
parameters p, and B are atomic electron density scaling factor and the decay lengths,
respectively. The coefficients of this potential for NiTi system are calculated and reported by Ko

et al. [190] for a cutoff radius 7, = 5.0 A.

It is worth noting that among the three selected potentials in this study, the first two EAM potentials
are both ignoring any angular dependency. Some technical difficulties have been observed in the
application of a many body central force potentials to defect related problems, mainly because in
the formation of dislocations, and also at the vicinity of defects such as grain boundaries there are
some regions with a structure far from the ideal lattice. For transition metals and their alloys,
directional bonding might have a significant effect on the response of material, and this effect is
more severe in the case of having a non-perfect lattice. By this, implementing a Finnis-Sinclair
potential for studying the NiTi system has to be accompanied with special caution. The third
potential selected here has the angular dependency, which is presumably more accurately for
studying defects in NiTi system. However, since none of these potentials has been specifically

trained for studying defects in NiTi system, our results in the following sections will show in most
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cases the central force EAM potentials are even more accurate. Although in some cases the MEAM

potentials is more accurate compared to the EAM potentials.

Large-scale Atomic/Molecular Massively Parallel Simulator (LAMMPS) [167] is utilized for
performing the simulations, and Ovito [168] visualization tool is used for post-processing the
results of MD simulations. Two EAM and one 2NN MEAM potentials (Section 3.2.1) for the NiTi
binary alloy are used to compute dislocation energy and SFE. Conjugate gradient method in three
dimensional computational cells is used to minimize the structural energy. The boundary condition
used for computing SFE is periodic, periodic and free surface in the x (glide direction), y (in the
glide plane), and z (perpendicular to the glide plane) directions, respectively. For calculating the
dislocation energy, the three dimensional periodic computational cells are used. All the molecular
dynamics simulations to calculate the SFE (Section 3.3) and dislocation energy (Sections 3.4 and
3.5) are performed at the temperature T = 0 K. More details of the simulations are given in each

section.

A perfect crystal is made of stack of atom layers, which are arranged in a regular sequence. A
stacking fault is a planar defect which interrupts the regular stacking sequence in the crystal [67].
Hence, stacking fault terminates the perfect stacking sequence in the crystal. The energy per unit
area associated with this planar defect is called stacking fault energy [67]. In this section, stacking
faults are created in a perfect NiTi structure, and the subsequent fault energies are investigated.
Two blocks of atoms are used in two sets of MD simulations in which the top half of the crystal is
rigidly displaced, while the lower half remains fixed. The displacement is applied along the x
direction (glide direction) for (011)[100], (011)[111], (011)[011], and (001)[100] systems.
Two different configurations are considered and before applying the displacement in one set of
simulations the crystal is relaxed in three directions (relaxed structure), while in the other set the
crystal is only allowed to relax in z direction (unrelaxed structure). The cell sizes in these systems
are ~46 X 46 x 44 A. After each incremental displacement in the x direction, the crystal is
allowed to relax in the z direction, and then the stacking fault energy is calculated. The results
obtained from the three selected potentials in MD simulations are compared to the DFT results

provided by Ezaz et. al [6]. In their study, DFT calculations are performed to examine the
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generalized stacking fault energy curves for {001}, {211}, and {001} planes. The slip directions
considered in DFT calculations are (100), (111), and (011). It has also been shown that the DFT

results are consistent with the experimental observations of dislocation slip [6].

The stacking fault energy curves for the relaxed structures and unrelaxed structures are shown in
Figure 3-1 and 2, respectively. The horizontal axis shows gliding distance, and the vertical axis
denotes stacking fault energy per unit area, mJ/m?. The SFE curves exhibit a semi-sinusoidal
shape as expected and predicted by DFT calculations [6]. For the relaxed structures of
(011) [100], (011) [111], (011) [011], and (001) [100] systems, the SFE curves obtained from

each potential are shown in Figure 3-1(a), (b), (c) and (d), respectively.

For (011)[100] system, the stacking fault energy, y,s, predicted by DFT is 142 mj/ m?2.
Comparing the SFE results of the three considered potentials, all the MD simulations predict a
higher energy, although the EAM with 7, = 4.2 A predicts a closer value to the DFT calculations.
However, for (011)[111] system, the stable stacking fault energy, Ysf» computed by all the three
MD simulations is approximately 515 mJ/m? which is identical to the calculated energy from
DFT. The resulted unstable stacking fault energy, y,,s, of DFT for this system is 660 mJ/m?. The
unstable stacking fault energy computed by 2NN for this system is remarkably higher
(~1300 mJ/m?), while both the EAM potentials predict an energy very close to the DFT
calculations. For both (011) [011] and (001) [100] systems shown in Figure 3-1(c) and (d), the
EAM potential with the smaller cutoff radius underestimates the SFE while the 2NN potential
overestimates the energy. The EAM potential with r, = 5.2 A° predicts almost the same value as

DFT calculations in the former system, yet, it overestimates the energy in the latter.

In the SFE curves of the unrelaxed structure shown in Figure 3-2, both the 2NN potential and the
EAM potential with smaller cutoff radius, overestimate the SFE. The EAM potential with the
larger cutoff radius predicts the SFEs of (011) [111], (011) [011] systems (Figure 3-2(b) and
(c)) very close to the DFT calculations, while it still overestimates the energy for (011) [100] and
(001) [100] systems (Figure 3-2(a) and (d)).
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Figure 3-1. Stacking Fault Energy curves obtained from DFT calculations and MD simulations for NiTi relaxed structure with three
different potentials: EAM with 7, = 4.2 A, EAM with 1, = 5.2 A, and 2NN MEAM with , = 5 A. Four systems are considered to
compute the SFE with the three different potentials: (a) System (011) [100], (b) System (011) [111], (c) System (011) [011],
and (d) System (001) [100].

As observed, the 2NN potential overestimates the energy in all the simulations and except for the
stable stacking fault energy in (011) [111] system, all the other predictions are not in a good
agreement with the DFT calculations. This is highly affected by the training set of the potential,
and by considering more defects related parameters in the training set, the accuracy of this MEAM
potential can be significantly improved. In contrast, both the EAM potentials compute consistent
results with the DFT calculations. Moreover, as expected, the EAM potential with the larger cutoff
radius results in energies slightly closer to the DFT, compared to the EAM with the smaller cutoff
radius. Considering the considerable computational cost associated with adding extra neighbors in
the potential with a large cutoff, and the small differences between the results of the two EAM
potentials, the EAM potential with the smaller cutoff radius can be considered as an efficient and

accurate choice. Considering the stacking fault energy, and a comprehensive set of defect related
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parameters in the training procedure of any of these potentials could significantly improve the

predicted values for SFEs. This is the topic of a future communication by the authors.
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Figure 3-2. Stacking Fault Energy curves obtained from DFT calculations and MD simulations for NiTi unrelaxed structure with

three different potentials: EAM with 1. = 4.2 A, EAM with 7, = 5.2 A, and 2NN MEAM with 7, = 5 A. Four systems are

considered to compute the SFE with the three different potentials: (a) System (011) [100], (b) System (011) [111], (c) System
(011) [011], and (d) System (001) [100].

3.4 Dislocations Structure and Energy

The generalized SFE curves are primary factors in predicting the microstructural properties of

materials. For instance, the SFE curves are responsible for determining the core width, stacking

fault width, and mobility of dislocations [79]. Moreover, they can be used to predict the dislocation

slip [80]. The maximum shear stress required to rigidly move one plane of atoms on the adjacent

plane, which is called theoretical critical shear strength, can be obtained by taking the maximum

slope of the SFE curves [67, 80]. In this section, several possible dislocation slip systems are
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investigated and the dislocation energy of these systems are computed by the three potentials

described in Section 3.2. Then, the calculated energies are validated against theory of elasticity.

There are two main issues associated with MD simulation of dislocation structures. First, the
minimum number of dislocations in a fully periodic simulation cell should be two, i.e. a dislocation
dipole should be considered. This way, the net burger vector in the periodic simulation cell will be
zero and the periodicity can be applied to the boundaries. Second, it should be considered that the
two dislocations in a dipole not only interact with each other but also interact with their periodic
images. Hence, extra calculations of strain, forces, and energy should be considered. Cai and
Bulatov [191] have developed a code (MD++) in order to simulate dislocation dipoles by
considering both these issues. They have established a mathematically consistent and numerically
efficient procedure for regularization of the lattice sums and the corresponding image fields [192].
This code has been used to construct the initial structure of all the dislocations in the present work,

while all the energy calculations are performed by LAMMPs with the details given in Section 3.2.

The dislocation dipole structure is created in an atomistic simulation cell with full 3D periodic
boundary conditions. As the first step in simulating a dipole containing two edge dislocations, a
rectangular atomic cell with an orthogonal box is created. Then, a layer of atoms is removed and
all other atoms are displaced according to the linear elastic displacement field of a dislocation
dipole in a periodic cell [67, 193]. The displacement field of an infinite edge dislocation in an

isotopic elastic medium is represented as [193]:

_ b Xy
u,(x,y) = o [H(x,y) + 20— 02 T yz)]' (3-10)
b [1-2v (x% —y?)
uy(x, y) = _% [m ln(xz + yz) + 2102 + yz)l, (3-11)
u,(x,y) =0, (3-12)

where b is the burger vector (in x direction). Poisson’s ratio and the angle between x axis and the
vector connecting the origin to point (x, y, 0) are denoted by v and 8, respectively. After applying
the displacement field, the structure is exported to LAMMPS. Then, the structure is relaxed using

the conjugate gradient relaxation method and the energy of the dislocation dipole is calculated. It
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is worth noting that in all cases, the energy of a system with defects is compared against a perfect

system with the same number of atoms to calculate the excess energy of the defects.

The energies of dislocation dipoles as a function of separation distance are shown in Figure 3-3
for (011)[100], (010)[100], and (011)[011] systems. The results from MD simulations are
compared and validated against calculations from elasticity theory. The energy of one dislocation
based on theory of elasticity is expressed as [67]:

Gb? R
Eel(edge) = m In (a), (3-13)

where b, G, v, R, and 1, are burger vector, shear modulus, Poisson’s ratio, crystal radius, and core
radius, respectively. The crystal radius in each dipole, is considered as half of the separation
distance, i.e. the distance between two dislocations. The core radius depends on the burger’s
vector. We consider the values of b/3 for (011)[100] and (010)[100] systems, and 4b/10 for
(011)[011] system for the core radius, and use the following expression from theory of elasticity

to calculate the core energy [67, 180]:

Ecore(edge) = % [1 +In (2:;0)]. (3-14)

By the selecting the above mentioned values for the core radius, in all the systems the calculated
core energies are ~10% of the dislocation energy, which is constant with the expected value from
theory and experiments [194]. The dislocation energies calculated from MD simulations and the
theoretical expression for different separation distances of (011)[100], (010)[100], and
(011)[011] systems are shown in Figure 3-3(a), (b) and (c), and the corresponding structures
(around one of the dislocations in the dipole) are shown in Figure 3-3(d), (e) and (f). The 2NN
potential in all the three systems, significantly overestimates the dislocation energy. In the
(011)[100] system, the two EAM potentials predict almost same values of energy, yet slightly
higher than the elasticity results. However, in (010)[100] system, the results of the EAM potential
with 7, = 5.2 A are in a good agreement with the elasticity results, but the EAM potential with the

lower cutoff radius still overestimates the energy.
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Figure 3-3. The energy of edge dislocations in a dipole as a function of separation distances (R is half of the distance between two

dislocations in a dipole) for (a) (011)[100], (b) (010)[100], and (c) (011)[011] systems computed by EAM with 7, = 4.2 A,

EAM with 7, = 5.2 A, and 2NN MEAM with r, = 5 A potentials. The relaxed dislocation structures are shown for (d) (011)[100],

(e) (010)[100], and (f) (011)[011] systems.
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In contrary, for (011)[011] system, the EAM potential with 7, = 4.2 A predicts the same results
as elasticity theory while the other EAM potential overestimates the energy. We will focus on the

two EAM potentials in the rest of this study.

In this section, three relatively low energy dislocation systems in B2 NiTi alloy were discussed. In
some dislocation systems with higher energies dislocation can dissociate into partials. Through
dissociation, the dislocation splits into partial dislocations with a stable equilibrium distance and
comprising smaller burger vectors. In the next section dislocation dissociation for (011)[111]

system will be discussed.

Dislocations may decompose into perfect dislocations with smaller burger vectors, and a stable
equilibrium distance. This procedure happens in order to reduce the total energy of the system. It
has been shown through DFT calculations that dissociation is energetically favorable in

(011)[111] systems [6]. The burger vector dissociation in this system is expressed as:
a(111) - a(100) + a(011). (3-15)

During the splitting procedure, two main energies interact with each other. The first energy is due
to the repulsing interaction between the two partial dislocations. This energy changes
approximately proportional to 1/d, where d is the distance between the partial dislocations.
Moreover, as a result of the splitting procedure, a stacking fault appears between the two partial
dislocations with energy proportional to d. The partial dislocations tend to reduce the distance d
to minimize the stacking fault energy, while having a larger distance will minimize the replacing
energy. Hence, there is an equilibrium distance between the partial dislocations, which corresponds
to the minimum total energy. In this study, in addition to studying the structure and energy of
dislocation dissociation in NiTi, we also perform MD simulations with two EAM potentials to find
the equilibrium distance between the partial dislocations in the above mentioned system. A series
of MD simulations are performed with each potential, and the energy is calculated as a function of
the distance between partials to obtain the equilibrium distance resulting in the minimum structural
energy. The selected trial distance varies between 5.5 A and 10.5 A to find the lowest energy
configuration. The energy as a function of the partials distance is shown in Figure 3-4(a), and the

equilibrium distance is obtained at d = 7.95 A for both the potentials.

46



The dissociated dislocation is created with the distance of 7.95 A between the two partials in the
(011)[111] system. It is worth nothing that although the initial dislocation is from edge type, the
two partials are both mixed with edge and screw components. In order to apply the elastic theory
displacement field on the structure, MD++ code is once utilized to create each partial dislocation,
and the displacement of all the atoms are calculated. Then the displacements on all the atoms
resulting from each of the two partial dislocations are superposed to obtain the structure with the
displacement field corresponding to both the partials. This structure is exported to LAMMPS, and
relaxed using the conjugate gradient relaxation method. The final structure of relaxed dissociated

dislocation is shown in Figure 3-4(b).

Two sets of MD simulations are performed using the two EAM potentials. As a result, after energy
minimization the disregistry and density curves are obtained and shown in Figure 3-4(c) and (d),
respectively. The disregistry curve shows that both the potentials predict very close values for the
distribution of disregistry. The density curves in Figure 3-4(d) illustrate two peaks revealing that
the dislocation is split into two partial dislocations. The distance between the two peaks are 7.4 A
and 8.09 A for the EAM potentials with 7. = 5.2 A and 7, = 4.2 A, respectively, which are very

close to the pre-considered equilibrium distance 7.95 A.

In this section, the stress distributions around the dislocations in the dipoles calculated by MD
simulations are studied. A representative core structure close to one of the two edge dislocations
in a dipole, as well as the selected path of atoms for plotting the normal stress oy, data along y
direction, are shown in Figure 3-5(a). The obtained normal stress distributions are shown in Figure
3-5(b-d). The normal stress is computed using the two EAM potentials, and compared against the

stress field from the theory of elasticity for three different systems in this figure.

Based on the theory of elasticity, the stress field around an infinite long straight dislocation can be

expressed as [67]:

Gb (3x% +y?)

= — 3-16
1 2m(1 —v) Y (x2 4+ y2)?’ (3-16)
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Gb (x% —y?)

= 3-17
72 =1 —v) Y & +y2)? 3-17)
Gb (x*=y%)
= 3-18
%12 2n(1 —v) x (x2 +y2)? G-18)
Gbv y
033 = V(011 + 032) = (3-19)

T rx(1—-v) (32 +y2)

For an edge dislocation, all the displacements and strains in z direction are zero, representing a

plane strain deformation.
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Figure 3-4. (a) The energy configuration results for the trial MD simulations to find the equilibrium distance between the two partial

dislocations, (b) the relaxed dissociated dislocation structure, (c) disregistry and (d) density vs. scaled distance curves obtained

from EAM potentials with 7, = 5.2 A and 1, = 4.2 A.

Among the normal stress components, the largest one is gy, which acts parallel to the slip vector.

The slip plane is defined as y = 0.
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The maximum compressive stress, and the maximum tensile stress act above and below the slip
plane, respectively [67]. Figure 3-5(b-d) show the variations of normal stress in austenite NiTi at
the vicinity of different edge dislocations along the y direction. Predicted by the MD simulations,
the stress distribution in all the cases approaches to zero correctly when the distance from the core
increases. In (011)[100] and (010)[100] systems, the EAM potential with 7, = 4.2 A slightly
overestimates the stress while the other potential predicts almost identical stress curves to the
elasticity theory results. However, in the (011)[011] system, both the potentials predict the

stresses very close to the theory of elasticity.
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Figure 3-5. (a) The core structure and the selected path for reading the normal stress o1, data along y direction, and the normal
stress distribution along the vertical path from the simulations using EAM potentials with 7, = 5.2 A and r, = 4.2 A compared to

the elasticity solution for (011)[100] (b), (010)[100] (c), and (011)[011] (d) systems.

The contour plots of g;; and ag;, around the dislocations in a dipole structure for the selected three
systems are shown in Figure 3-6. The contour plots obtained by the two EAM potentials are very
similar, and for the sake of brevity only those obtained from the EAM potential with smaller cutoff

radius are presented here. MD simulations are clearly predicting the expected shape of stress
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distributions, and the change of signs around the dislocation tips in all the systems for both the

normal and shear components.

(01T)[100] (010)[100] o11)[011]
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Figure 3-6. Contour plots of a;; and gy, at the vicinity of edge dislocations in three dipole systems: (011)[100], (010)[100], and
(011D)[0T1].

The results shown in Figure 3-5 and Figure 3-6, clearly show the accuracy of both the EAM
potentials for predicting the stress distributions at the vicinity of edge dislocations in NiTi austenite

phase. Also the observed match between MD results and the theoretical calculations shows the
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applicability of predictions by the theory of elasticity in calculating the energy and stress of edge

dislocations in NiTi.

Molecular dynamics (MD) simulations are utilized to study the defects in austenite NiTi alloys.
Three different potentials, two EAM with different cutoff radii and one 2NN MEAM, are selected
and the accuracy of each potential is investigated by studying the stacking fault energies, and also
the energy, structure and stress distribution of edge dislocation in austenite NiTi. A high-energy
dislocation is also considered and the dislocation dissociation is modeled with the MD simulations.
In each case, the results of each potential are compared against the elasticity theory and the density
functional theory calculations at the atomistic level. Our results shed light into some unknown
aspects of defects in austenite NiTi, which will benefit studying the origins of unrecoverable strains
accumulated in NiTi during cyclic loading, and also help us better understand the grain boundaries
in SMAs. Through our results, it is shown that although none of the selected potentials are
particularly trained for studying defects in NiTi, they are accurate in predicting defect-related
properties, although for some properties one of the potentials might be preferred and more precise

compared to the others.
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Chapter 4. NiTi Shape Memory Alloys as Shock Wave Energy Dissipative

Materials

4.1 Energy Dissipation and Phase Transformation Caused by the Structural

Vibrations in NiTi Alloys

4.1.1 Overview

Energy dissipation in aluminum plates coated with a thin layer of Nickel-Titanium (NiTi) alloy
subjected to a shock loading is studied in this chapter. Finite element simulations are performed to
investigate the energy dissipation capability of aluminum plates coated with a NiTi layer, when
the structure vibrates by exerting and removing a concentrated transverse force at the center. When
the energy of incident shock waves caused by cavitation bubbles is strong enough, the energy
dissipation due to global structural vibrations can complement the energy dissipation due to the
phase transformation. The computational results show that the observed energy dissipation in the
experiments (performed in collaboration with MInDS group from department of biomedical
engineering and mechanics at Virginia Tech) is exclusively caused by the shock wave propagation,
not the transverse vibrations, and also investigate the details of energy dissipation for both NiTi

and AI-NiTi composite plates subjected to a cyclic transverse load at the center [195].

4.1.2 Material Modeling

For analyzing the SMA and aluminum plates coated with a thin SMA layer, finite element
simulations are used. Three-dimensional constitutive relations are utilized and an appropriate user
subroutine (UMAT) is written in the commercially available finite element program ABAQUS
that enables this code to model SMA structures using solid elements and some two-dimensional
elements. The details of implementing the constitutive equations in a displacement based finite
element formulation are given in [196], and many case studies for validating the model are

presented in [197-199]. The model is briefly reviewed in the following.

The phenomenological macroscopic SMA constitutive model is based on postulating the total

Gibbs free energy (G) of a polycrystalline SMA as [200]:
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G(a,T,g’,§)=—ia:S:a—%a:[a(T—%)+g’]+
(4-1)
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where, o, T, T,, ¢, & and f(&) are the Cauchy stress tensor, temperature, reference
temperature, transformation strain, martensite volume fraction, and hardening function,
respectively. The parameters S, a, ¢, p, s, and u, are defined as effective compliance tensor,
effective thermal expansion coefficient tensor, effective specific heat, density, effective specific
entropy and effective specific internal energy at the reference state, respectively. Any effective
material properties P is defined as: P = P + £(AP) where P* is the same property in austenite

phase and AP =P" —P* is the difference in that property between martensite and austenite

phases. The hardening function is defined as:

Lo e (e €0
f(&)= (4-2)

;pb’fz -, )8 <0

where, pb”, pb", s and u, are material constants for transformation strain hardening. The

upper condition in the equation represents the phase transformation from austenite to martensite
and the lower case stands for reverse phase transformation. The constitutive relation of shape

memory material can be obtained by using the total Gibbs free energy as

e=—p0dG/ooc=S:0+a(T-T,)+¢&" and the evolution of the transformation strain tensor is

related to the evolution of the martensitic volume fraction as &' = I'¢. Transformation tensor

related to the deviatoric stress is defined as:

r= c (4-3)
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where, H.,&", o', 0 and £”are the maximum uniaxial transformation strain, the value of
transformation strain at the reverse phase transformation, the deviatoric stress tensor, the second

deviatoric stress invariant and second deviatoric transformation strain invariant, respectively.

The transformation function which controls the onset of direct and reverse phase transformations
can be defined as:
T-Y, E>0
o= . (4-4)
-r-Y, £<0
where Y is the measure of internal dissipation due to microstructural changes during phase
transformation and the thermodynamic force, 7, is obtained by using the second law of

thermodynamics on the local entropy production as:

7z=a:F+%a:AS:0'+Aa:0'(T—]}) )
(4-5)
+pAc{(T—75)—T1n(§j}pAsOT—%—pAuO

0

The transformation function denotes the elastic domain in the stress-temperature state which

means when @ <0, the material response is elastic and the martensitic volume fraction is not

changing (& = 0). During the forward phase transformation from austenite to martensite (£ >0)

and the reverse phase transformation from martensite to austenite (f <0), the state of stress,

temperature and martensitic volume fraction should remain on the transformation surface which is
characterized by @ =0. The transformation surface in the stress-temperature state is represented
by two separate faces which are related to £=0, and & =1. For developing an incremental
displacement based finite element formulation, the tangent stiffness and thermal moduli tensors
are required. In order to obtain these tensors, the constitutive model of SMA material should be

linearized and represented as the following incremental form:
do=3:de+RdT (4-6)

In addition, rewriting the constitutive equation in the differential form and applying the evolution

equation leads to:
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a’g=S:d0'+adT+[AS:0'+Aa(T—T0)+1":|d§ (4-7)
The derivative of the transformation function with respect to stress tensor is:

90 | AS:e+Aa(T-T)+I, $>0

v _ ' (4-8)
06 | —AS:o-Aa(r-T,)-T, £<0
The consistency condition (®=0) can be written as:
d@zaﬁzdo-+6£dT+a£d§=0 (4-9)
oo oT o0&

The differential of the martensitic volume fraction, d &£, can be eliminated between Equation (4-7)

to (4-9). Rearranging the obtained equation in the form of Equation (4-6) gives the continuum

tangent moduli tensors for the forward and reverse phase transformations as:

-1
SZC—(C:aE@C:an @:C:agiag
oo oo )\ oo oo 0&

-1
) [
oT oo )\ 0o oo 0¢&

(4-10)

where the symbol ® represents the tensor product, C =S ', and parameter F stands for (+) in

the forward and (-) in the reverse phase transformations.

Details of implementing the calculated Jacobians and the constitutive equations into the user
subroutine (UMAT) in the finite element program are given by Qidwai and Lagoudas [196] as a
computational step-by-step algorithm. For algorithmic details of the time integration procedure for

a rate-independent single-crystal constitutive model for SMAs, readers are referred to [201].

In the present study, the FE model simulates the phase transformation and energy dissipation,
which occur during vibration-induced deformations in both NiTi and NiTi coated Aluminum plates
for comparison purposes. Material properties in the presented constitutive model for NisoTiso are
calibrated by using the experimental results presented by Jacobus et al. [202]. The obtained

properties are reported in our previous work [7]. The responses of material in a uniaxial tensile
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test obtained from the calibrated model and experiments are compared in Figure 4-1, and it is
shown that the model is correctly predicting the critical features in the response, including the

transformation strains, hysteretic response, and the transformation strain.
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Figure 4-1. The responses of material in a uniaxial tensile test obtained from the calibrated model and experiments [35].

Rectangular plates of 61.4x42.4x2 mm (the same dimensions as the samples used in the
experiments) are considered in the finite element model. Two sides of the plates (the 61.4 mm
sides) are clamped in all directions, and the other two sides are left free, consistent with the
experiments. Three dimensional quadratic brick elements with reduced integration (element
C3D20R in ABAQUS) are used in the finite element model of the plates. A convergence analysis
is performed for choosing the appropriate number of elements. By refining the mesh, the stress
and force in the force-displacement responses are tracked to find the appropriate mesh. The stress
distribution and force values are considered to be converged when the maximum differences by
refining the mesh are smaller than 0.1 MPa and 10 N, respectively. The convergence is achieved
by using ~ 10000 elements in the model, which has been used in all the finite element simulations

in this study.

4.1.4 Energy dissipation in a vibrating SMA plate

Simulating the shock wave propagation in SMA materials is practically difficult since the
constitutive equations developed for SMA material are based on the quasi-static behavior.
However, a quasi-static simulation can be used to investigate if the observed energy dissipation in

the experiments is originating from the structural vibrations or the stress wave propagation in the
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NiTi alloy. As the first step, a NiTi plate with the dimensions and boundary conditions given in
Section 4.1.3 is considered, and a central force is applied to the plate. The central force is
simulating the pressure applied by the water jet in the experiments, with the difference that the
force is applies with a remarkably lower rate in the simulations to study the structural vibrations
caused by that force. The load is applied in multiple cycles of loading-unloading and the force
versus transverse deflection of the plate center is calculated, as shown in Figure 4-2(a).The
dissipated energy in each cycle can be measured by calculating the area inside the hysteresis

graphs. The energy dissipations are found to be 0.0405, 0.2880, 0.8340, 1.4704 and 2.2421]J
for 0.5, 1, 1.5, 2 and 2.5 mm transverse displacements, respectively. As expected, the hysteresis

area grows when the transverse displacement at the center increases (see Figure 4-2(b)). This can
be justified, as more regions of the plate will contribute to the energy dissipation caused by the
phase transformation. The observed trend of the decrease in the dissipated energy with decreasing
the central deflection clearly shows that for the case of having a transverse deflection in the order
of micrometers, the energy dissipation caused by the global deflections of the plate and structural
vibrations will be zero. Recorded transverse deflections in the experiments (in the order of

4 —6 um) clearly proves that the observed energy dissipation in the experiments is exclusively

caused by the phase transformation cycles activated through shock wave propagation in the
material. It is worth noting that in the experiments, if the energy of the incident shock is remarkably
larger, or the plate geometry allows larger deflection (i.e. the plate side to the thickness ratio is
smaller), the vibration-induced energy dissipation will also be activated besides the shock wave
energy dissipation. Another question that can be answered by the computational simulations is that
how efficient the system will be if instead of using a plate made of NiTi, a plate made of elasto-

plastic material coated with a thin layer of NiTi is used.

This design, as used in the experiments in this chapter, will be remarkably cost effective,
particularly if the energy dissipation efficiency is retained by an acceptable amount. The efficiency
of a system made of a plate coated with a NiTi layer can be predicted by studying the phase
transformation distribution in the NiTi plate as shown in Figure 4-2(c). As expected, the phase
transformation is activated at the center of the plate (due to the maximum displacements) and the
clamped area (due to the stress concentration, as shown in Figure 4-2(d)). Tracking the phase

transformation and stress distributions in the cross-section (Figure 4-2(e) and (f)) demonstrates
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that the upper and lower layers of the plate have the most significant contributions in the energy
dissipation, and the phase transformation is highly concentrated in these areas. Therefore, we have
also considered an Al plate coated by NiTi layers in order to investigate the behavior of the plate
under the same loading conditions. In the next section the energy dissipation when a thin NiTi
layer is coated on the surface of an aluminum plate is studied computationally, and the efficiency

is compared with the case of having the whole thickness made of NiTi.
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Figure 4-2. (a) Force versus deflection for center transverse displacements of 0.5, 1, 1.5, 2, and 2.5 mm in the NiTi plate, and (b)

energy dissipation for different center displacements in the NiTi plate. The energy dissipation for each displacement is obtained by
calculating the area inside the corresponding hysteresis force-deflection graphs. (c) Contour plot of phase transformation and (d)
Von Mises stress distributions in the NiTi plate. (e) Distribution of the phase transformation and (f) Von Misses stress in the cross-

section of the plate. All the contours are plotted for the center transverse deflection of 2.5 mm.

4.1.5 Energy dissipation in a vibrating SMA composite plate

A composite plate, with exactly same boundary conditions and dimensions as the plate simulated
in Section 4-1-4 is considered, while 75% of the thickness is made of aluminum and the remaining
25% 1s NiTi. Aluminum layer is modeled using an elastic-perfectly plastic material with yield

strength o, =234 MPa. The plate is subjected to the same cyclic loadings as the plate of Section

4.1.4 and the force-deflection at the center of composite plate is shown in Figure 4-3(a). The areas

under the force-displacement curves are calculated for center displacements of 0.5, 1, 1.5, 2 and
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2.5 mm, and the corresponding energy dissipation values for these displacements are obtained as

0.0776, 0.6980, 1.7500, 3.1000 and 4.8000 J, respectively. As shown in Figure 4-3(a), in all the

cycles, after unloading the structure, some residual deflection is remained at the center of the plate,
which is caused by the plastic deformation in the aluminum layer. It can be concluded that the
portion of the calculated energy dissipation for each displacement is the contribution of the plastic
deformation in the Al layer. To study the contribution of phase transformation in dissipating the
energy, we consider three plates with the same total thickness, while one of them is made of NiTi,
one is made of elasto-plastic Al with 25% of its thickness being replaced by NiTi, and the third
one is a composite plate with 25% of the thickness made of NiT1 and the rest of thickness made of
an elastic aluminum in which any plastic deformation is ignored in it. The force deflection curves
for these plates are shown in Figure 4-3(b) for a center lateral deflection of 1 mm applied to all of
them. The energy dissipated for the elastic Al plate coated with NiTi layer is 0.110 J, while the
values for the NiTi plate and elasto-plastic Al plate coated with NiTi are 0.2880 and 0.6980 J,
respectively. Comparing the elasto-plastic and elastic Al plates coated with a NiTi thin layer,
shows that the amount of dissipated energy is reduced from 0.6980 J to 0.110 J when the plastic
deformation energy dissipation is eliminated by ignoring the plastic deformations in the Al layer.
This result shows that most of the energy dissipation in AI-NiTi composites is due to the plastic
deformation in the Al layer. In addition, comparing the results for the case of the whole thickness
made of NiTi and the elastic Al-NiTi plates, shows that approximately 38% of the energy
dissipation capability is retained when only 1/4 of the thickness is made of NiTi. Considering the
significant cost efficiency in using NiTi layers instead of plates made of NiTi, these results confirm
using composite plates with NiTi coatings as being a promising method to design efficient energy

dissipating devices.

Figure 4-3(c) shows the comparison between the energy dissipation of the same three plates as
those studied in Figure 4-3(b), by applying a larger deflection on the plates. Shown in this figure,
for the center displacement of 2.5 mm, the energy dissipation values are 2.2421,4.8000 and
4.6900 J for the NiTi, elasto-plastic AI-NiTi and Al plates, respectively. Similar to the case of 1
mm central deflection, the elasto-plastic AI-NiTi plate is the most efficient system for dissipating
the energy, while the residual deflections after unloading the structure remain a significant

disadvantage for this system.
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Figure 4-3. (a) Force-deflection for Al-NiTi plates subjected to center transverse displacements of 0.5, 1, 1.5, 2, 2.5 mm. (b, c)
Comparison between the Force-deflection curves for a NiTi, an elasto-plastic AI-NiTi, and an elastic AlI-NiTi plate subjected to the
1 and 2.5 mm center transverse deflections. (d-f) Distributions of the plastic strain, phase transformation, and Von Misses stress in

the cross-section of elasto-plastic-NiTi plates subjected to the 2.5 mm transverse deflection at the center of the plate.

The plastic strain, phase transformation and Von Misses stress distributions in the cross-section of
an elasto-plastic Al plate coated with a NiTi layer are shown in Figure 4-3(d-f) for the center
deflection of 2.5 mm. As expected, the plastic deformation concentrated in the Al layer and the
phase transformation in the top NiTi coating layer show the contribution of this layer in the

observed energy dissipation.

4.1.6 Conclusions

The unique property of SMAs in dissipating the energy of shock loadings is investigated using
complementary experimental and computational frameworks. An experimental setup is designed
and implemented for generating spark-generated collapsing bubbles near a plate surface under
water and producing a water jet; where the jet leads to a shock loading applied to the geometric
center of the plate. Two different composite plates are considered in the experiments; one made

by bonding a NiTi thin layer to an aluminum plate and another one with bonding an aluminum
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thin layer, with the same length, width and thickness, to a separate but identical aluminum plate.
These two composites are subjected to almost identical cavitation-induced shock loads and their
responses are compared. The effects of energy dissipation through the phase transformation in
NiTi-bonded plate on damping the transverse deflections and in-plane strains are investigated. A
high-speed camera, a hydrophone, a laser Doppler vibrometer and multiple strain gauges are used
to characterize the generated bubbles and the mechanical response of plates. The experimental
results clearly show that the NiTi coating layer, even for the thickness of the order of one-tenth of
the base structure, can effectively damp the stress shock waves in the structure. Using a set of
computational simulations, it is shown that if the incident shock wave is strong enough to cause
global vibrations in the structure, the phase transformations originated from the deflections of the
structure can also contribute to the energy dissipation and damp the response of the structure. The
results provide us a better fundamental understanding about the observed excellent erosion
resistance of NiTi alloys and the efficiency of using a thin layer coating of NiTi on various

structures to improve their cavitation resistance in different applications.

In this section, the energy dissipation and the phase transformation caused by the stress wave
propagation in single crystal and polycrystalline NiTi alloys under shock wave loading are
investigated through molecular dynamics method (MD). MD method, due to its convenient capture
of details at atomic level and reveal of intrinsic deformation mechanisms in materials, is a superior
candidate to study the microstructure and dynamic response of materials under shock wave
loading. The dynamic response of various metals and alloys subjected to shock loading through
MD method are extensively investigated [103-112] while the investigations on the NiTi alloys are
limited to two studies. Lagoudas et al. [113] studied the wave propagation problem in a cylindrical
polycrystalline NiTi rod induced by an impact loading through finite element method. Yin et al.

[107] investigated phase transformation of NiTi nano pillar subjected to shock loading.

The dynamic response of material is strongly dependent on microstructural properties such as
lattice orientation, grain sizes and grain boundaries and to the best of our knowledge, the effects

of these microstructures on the stress shock wave propagation in NiTi alloys are not studied yet.
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Therefore, in the present research, we also investigate the effects of lattice orientations on the stress
shock wave propagation. Moreover, the effect of grain sizes and grain boundaries on the stress
shock wave propagation and phase transformation propagation in polycrystalline NiTi under shock

loading are investigated.

A series of molecular dynamics simulations are performed to investigate the effects of
nanostructure on the shock-induced stress wave propagation in NiTi alloys using a many body
interatomic potential, originally developed by Lai ef al. [203] and subsequently improved by
Zhong et al. [93]. The potential function has been modified with cubic polynomial interpolations
to smooth the discontinuities near the cut-off radius. Through multiple case studies, it has been
demonstrated that the results of MD calculations are in a good agreement with the experimental
results and also ab initio calculations [40, 93]. This potential is adopted in our work. The total
potential energy of NiTi is expressed as Equation (3-1) and the modified function is shown in
Equation (3-3). The coefficients for this potential have been calculated and reported by Zhong et
al. [93] for cut-off radius 7, = 4.2 A.

In the present work this widely used potential along with large-scale atomic/molecular massively
parallel simulator (LAMMPS) [167] is utilized for performing the simulations, and Ovito [168]
visualization tool is used for post-processing the results of MD simulations. The MD simulations
are performed for six different 3D computational cells with the average size of 500 X 500 x 500
A which are periodic only in x and y directions. In order to simulate the computational cells, three
different single crystals with shock directions aligned with [001], [111], and [110] crystal
orientations, and three polycrystalline structures with average grain sizes of 13.5, 18.4 and 25 nm
are considered. The single and polycrystalline structures are stabled in the austenite phase. The
polycrystalline cells are created using Vorronoi Tessellation algorithm [204]. After creating the
single and polycrystalline bulks, the structural energy is minimized using conjugate gradient
method. Then, thermal equilibrium is applied to the system using time integration on Nose-Hoover
style non-Hamiltonian equations of motion in canonical (nvt) ensembles to set the temperature at
T =350 K for 100 ps. After temperature equilibrium, the system is set to temperature and pressure
free using nve ensemble. In order to simulate the shock loading, in a circular area with diameter

of 100 A, 5 layers of atoms with total thickness of 2.2 nm at the bottom of the bulk system is
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subjected to the wall/piston [26] loading condition. The wall/piston loading duration is 3 ps with
the speed of 7 A/ps. Figure 4-4 shows a single crystal and a polycrystalline NiTi bulks subjected
to the wall/piston loading condition. Finally, after removing the load, the system is equilibrated
for 5 ps to let the stress wave propagates through the structure. The results of stress wave
propagation and phase transformation, in different oriented single crystals and polycrystalline

structures with different grain sizes are discussed thoroughly in the following sections.

z:[110],
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0 3 8 1(ps)
Figure 4-4. Schematic representation of the single crystal and polycrystaline bulks subjected to the shock wave loading.

4.2.3 Stress wave propagation and phase transformation in different crystal orientations

4.2.3.1 Stress wave propagation

In this section, in order to study the effect of lattice orientation on the shock-induced stress wave
propagation, three NiTi single crystals with shock loading directions aligned with [110], [111]
and [001] crystallographic directions are simulated. The other two orthogonal directions have been
taken as [110] [001], [211] [011] and [100] [010], respectively. The evolution and propagation
of the normal and shear stresses in the bulk material are shown in Figure 4-5 and 6, respectively.
The first two columns in Figure 4-5 correspond to the normal stress distribution during the loading

and the last three columns represent the stress propagation in unloading (when the shock load is
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removed as shown schematically in Figure 4-4). For all the three single crystals, two shock wave
fronts are detected which start to propagate in almost half-circular patterns. The outer circle
corresponds to the elastic shock wave front and the inner one represents the inelastic shock wave
front, since the elastic shock wave has higher propagation velocity than the inelastic one [205]. As
it will be discussed in Section 5, the inelastic deformation is a combination of permanent plastic
deformation and forward austenite to martensite phase transformation. Comparing the three crystal
orientations, the elastic wave front which has the magnitude of around -7 GPa is propagated farther
in the crystal with the [111] shock direction. This result was expected since [111] slip direction
contains the greatest number of atoms per length in body-centered-cubic (BCC) structures. It is
well stablished that, since elastic material constants in an anisotropic material depend on the
direction, elastic wave propagation velocity in an anisotropic material also depends on the
direction. That is the reason that the shock wave fronts do not show a hemispherical surface. The
elastic material constants of austenite NiTi alloy, which is an anisotropic medium, reported by
Brill et al. [206], are C;, = 144 GPa, C;; = 112 GPa, and C,4 =22 GPa. The velocity of the normal
mode of elastic stress waves through the crystallographic directions of < 110 >, < 111 >, and
< 001 > can be calculated as [207]:

Cnci10> = Jl/zp (Ci11 + Ci3 + 2Cyy), (4-11)

Cne1tr> = \/1/3/) (Cy1 +2C15 +4Cyy), (4-12)

4-13
Cneoo1> = «/ 1/P C11, 13

where, p and c,, are density and normal mode elastic wave propagation velocity, respectively. The
calculated values of ¢, for the three directions are 4804, 4836, and 4707 m/s. The maximum
calculated velocity belongs to the second direction < 111 > which is in agreement with the
contour plots of Figure 4-5. Right after the onset of unloading, another elastic shock wave initiates
and starts to propagate [205]. The unloading wave which is faster than phase transformation wave
contributes to the drop in the phase transformation stress peak from -25 GPa to -10 GPa, when it
reaches the phase transformation wave front. A portion of the unloading wave reflects back
towards the wall when it hits the inelastic wave front, and then it again reflects back towards the

loading direction [205].
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Figure 4-5. Normal stress wave propagation of the three single crystals for shock directions aligned with [110], [111], and [001].

The stress values in color bars are in GPa.

As a result of these several reflections, dark orange area in the contour plots of t =6 ps and t = 8

ps, where the normal stress is positive, shows the propagation of the unloading elastic wave.

Figure 4-6 shows the propagation of shear stress waves. Unlike the normal stress waves which
initiate and propagate from the circle surface, the shear stress waves initiate from the peripheral of
the circle. In a 2D view like Figure 4-6, the wave initiation region appears as a pair of points where
in one of them the shear stress is positive and in the other one negative. Similar mechanism as in
normal stress wave propagation happens for shear stress wave propagation. The first two columns
in Figure 4-6 show the initiation steps and the last three columns represent the propagation steps.
Due to the different shock source geometries of shear and normal stress waves, the shear stress

wave propagation pattern appears to be more complicated than the normal stress.
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Figure 4-6. Shear stress wave propagation of the three single crystals for shock directions aligned with [110], [111] and [001].

The stress values in color bars are in GPa.

Figure 4-7 shows the normal stress wave propagation (for convenience, the values of the
compressive and tensile stresses are shown positive and negative, respectively) over length for
different times in the shock direction. Figure 4-7(a) illustrates the evolution of maximum peak
stress in the bulk of crystals, for the three orientations, over the time of simulation. The maximum
normal stress values for all the crystal orientations show rapid increase shortly after the start of
loading. However, for the first orientation, [110], (showing in blue), the maximum stress drops
quicker than the other two directions. Right after the end of loading (3 ps) the stress drops at an
almost constant rate for all the directions. The curves reach constant values after 6 ps. Figure
4-7(b), (c) and (d) show the distribution of normal stress along the length of the crystals at different
times of simulation for the three single crystals with different shock directions [110], [111] and

[001], respectively.
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Figure 4-7. (a) Maximum of normal stress wave during loading and propagation time for three different oriented single crystals.

(b) Normal stress wave propagation for x:[110], y:[001], z:[110] single crystal. (c) Normal stress wave propagation for

x:[211],y:[011],z: [111] single crystal. (d) Normal stress wave propagation for x: [100], y:[010], z:[001] single crystal.

For the majority of the curves, two distinctive peaks can be observed. The left peak corresponds

to the phase transformation shock wave front and the right peak to the elastic shock wave front.

As time passes, these two peaks move to the right (the loading direction), but since the elastic wave

moves faster than the phase transformation, the two peaks take apart. From the time and locations

of these peaks, the shock wave propagation speed for elastic and phase transformation waves can

be calculated for the three crystal orientations. The phase transformation shock wave speeds are

calculated as 1229.5, 1025 and 568 m/s, and the elastic shock wave speeds calculated as 5563,

5797 and 5241 m/s for the first [110], second [111], and third [001] orientations, respectively. The

elastic wave speeds calculated from the MD simulations are in agreement with the values

calculated from Equations (4-13), (4-14) and (4-15). The maximum phase transformation speed is
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for the shock direction [110], and the maximum elastic wave speed is for the shock direction

[111].

At the first three curves (1-3 ps) the phase transformation peaks are at high levels (above 14 GPa).
This high stress level propagates the phase transformation and plastic deformation through the
bulks. Although from 1 ps to 3 ps some drop in the peak of stress is observed, which could be due
to energy dissipation through phase transformation and plastic deformation. However, as discussed
before, at the onset of unloading, another elastic wave with an opposite direction starts to propagate
at the elastic wave speed. At the time of ~4 ps, this unloading wave partially reaches the phase
transformation peak and therefore, causes a significant drop in the stress level. This is why at the
time of 5 ps the phase transformation peak drops below 5 GPa for all the directions. This unloading
wave then partially reflects back to the wall and again reflects back towards the loading direction.
As a combination of these several interactions of unloading elastic wave with the phase
transformation wave, this peak drops even more up to the point that for the first orientation, the
compressive normal stress drops below zero. Same observation was reported in [205]. Figure 4-8
shows the maximum recorded stress values correspond to elastic wave front at different times and
their corresponding positions over the length of the crystals, for the three considered crystal
orientations. The calculated stress values are obtained from averaging over the cross-sections of
the middle cylinder along the loading direction. It can be seen that the third orientation shows the
highest stress level and the first orientation the lowest. In Figure 4-8, the first crystal shows greater
decay in elastic wave front peak compared to the other crystal orientations. To clarify, at the length
of 200 Angstrom, the stress in the first orientation drops under 5 GPa, while for the other two
directions the stress level is around 10 GPa. Moreover, as shown in Figure 4-7(b) the first crystal
also shows greater drop in inelastic wave front peak which causes the shortest phase transformation

region along the loading direction and it will be discussed more in the next section.
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Figure 4-8. Decay of normal stress wave for the three single crystals with shock directions aligned with [110], [111] and [001].

4.2.3.2 Phase transformation propagation

For an austenite NiTi alloy to transform to a B19’ martensite phase, a specific strain condition is
needed. The deformation matrix which defines the required deformations of phase transformation
from austenite phase to martensite phase is called deformation gradient matrix F. The deformation
gradient matrix is calculated for the martensitic phase transformation from B2 austenite phase to
B19° martensite phase of NiTi alloys [41, 93] and using this matrix, the Lagrangian strain matrix
can be calculated which gives the required strain components for martensitic phase transformation.

The Lagrangian strain matrix of atom i is expresses as [208]:

1
m=3 (FF" =D (4-14)
In order to detect inelastic deformations, Von Mises shear strain definition is utilized. This strain

condition which is a good measure of local inelastic deformation can be expressed as [208]:

(nyy - nzz)z + (nxx - 7722)2 + (nxx - nyy)z) (4-15)
6

mMises = \/(nyzz + Nxs® + nxyz +

Using the required Lagrangian strain matrix for martensitic phase transformation, the threshold
value of n;M¥¢s is calculated as 0.11, which is also compatible with the reported value in [209].
The regions correspond to this value of Mises shear strain will have a completed phase
transformation to martensite, any region with an equivalent shear strain above this threshold, could

have a combination of phase transformation and plastic deformation. Von Mises strain distribution
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in the three crystal orientations were calculated and shown in the contour plots of Figure 4-9. The
green colored regions are just above 0.11 and the red colored areas correspond to the strain levels
of 0.2 and above. These regions in the plots show the atoms which have a combination of plastic

deformation and phase transformation.

Comparing the contour plots of t=4 ps and t=8 ps, it can be seen that some areas are green first,
but they return to blue at the end. These regions are the areas in which the forward phase
transformation has propagated with no plastic deformation, and the phase transformation has been
reversed back to austenite. The remaining areas, which has not returned back to austenite at the
end of t = 8ps, are either martensite regions which need more time to recover to austenite, or the
regions in which have experienced a plastic deformation during the stress wave propagation. If the
simulation is extended to a very long time, the remaining areas with pure plastic deformation and
phase transformations can be distinguished, as the martensite areas will transform back to austenite

and the equivalent strain will become zero, while the plastic regions will hold a nonzero strain.

The difference in the contours of the three different orientations is due to the difference in their
shear stress wave propagation patterns shown in Figure 4-6. The contour plots of Figure 4-6 are
almost coinciding with the contour plots of Figure 4-9, revealing that phase transformation and
plastic deformation in NiTi are prominently governed by shear stress, which means when the shear
stress in slip planes reaches the critical value, slip happens and those affected regions are
permanently deformed. Moreover, when a defect such as plastic deformation is generated in the
structure, that can be a trigger for phase transformation propagation. So, we can say that those red
colored regions show the plastic deformation due to slippage on slip planes and also they show the

phase transformations which happen due to the presence of the defects.
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Figure 4-9. Von Mises shear strain parameter which shows phase transformation propagation and plastic deformation in three
different oriented single crystals under shock loading. Von Mises shear strain values 0 and 0.11 correspond to regions with austenite
and martensite phases, respectively. The values between 0.11 and 0.2 show regions with combined phase transformation and plastic

deformation.
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That’s the reason that we see some of the red colored regions returned to blue at the end of the
simulation. In Section 5 we will study the most favorable slip systems of the single crystals with
x:[100] y: [010] z: [001] as a representative crystal structure and we will investigate the activated
slip systems due to the shock loading. Furthermore, we will propose a method to distinguish the

plastic deformation and phase transformation in the structure under shock loading.

In order to study the effect of grain sizes on the stress wave propagation, three polycrystalline NiTi
with different average grain sizes of 13.5 nm, 18.4 nm, and 25 nm are simulated. It is worth noting
that the selected size of grains, which actually represent nanocrystalline material, is due to the
restrictions in using MD simulations for large systems. However, it is expected that the
fundamental findings will be expandable to polycrystalline structures s with larger grain sizes, with

an acceptable accuracy.

The evolution and propagation of the normal and shear stresses in the bulks are shown in Figure
4-10 and Figure 4-11, respectively. As it is mentioned in the previous section, the first two columns
correspond to the stress distribution during the loading and the last three columns correspond to
the stress distribution after removing the shock loading. In Figure 4-10 for all the three
polycrystalline structures, two shock wave fronts are initiated and started to propagate in almost
half-circular patterns, same as the single crystals. The outer circle corresponds to the elastic wave
front and the inner one represents the inelastic shock wave front, since the elastic shock wave has
higher propagation velocity than the inelastic one. Right after the removing the shock loading, the
unloading elastic shock wave initiates and starts to propagate. The unloading wave which is faster
than phase transformation wave contributes to the drop in the phase transformation stress peak
from -25 GPa to -10 GPa, when it reaches the phase transformation wave front, dark red area in
the contour plots of t =6 ps and t = 8 ps, where the normal stress is positive, shows the propagation
of the unloading elastic wave. Comparing the stress wave propagations in three different
polycrystalline structures, it can be seen that the drops of shock wave fronts increases by

decreasing the grain sizes.
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Figure 4-10. Normal stress wave propagation in polycrystalline structures of NiTi for three different grain sizes: 13.5 nm, 18.4 nm,

and 25nm. The stress values in color bars are in GPa.

Moreover, by decreasing the grain sizes, the grain boundaries volume fraction in the bulk
structures is increased and these grain boundaries not only damp the stress shock wave
propagations, but also cause many reflections of shock stress waves. Since, in fine grain sizes the
volume fraction of grain boundaries increases, then they can damp the stress waves more compare

to the coarse grain sizes.

Figure 4-11 shows the propagation of shear stress. The shear stress wave initiates at the peripheral
of the cylinder which is a circle. In a 2D view like Figure 4-10, the wave initiation region appears
as a pair of points where in one of them the shear stress is positive and in the other one negative,
same as single crystals. It can be seen that the shear stress wave front decreases after t =4 ps when
it reaches the first grain boundary in the shock direction and similar mechanism as normal stress

wave propagation happens for the shear stress wave propagation in polyscrstals.
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Figure 4-11. Shear stress wave propagation in polycrystalline structures of NiTi for three different grain sizes: 13.5 nm, 18.4 nm,

and 25nm. The stress values in color bars are in GPa.

Figure 4-12(a) illustrates the evolution of maximum peak stress in the polycrystalline NiTi, for the
three grain sizes, over the time of simulation. The maximum normal stress values for all the grain
sizes shows the same trend. However, during the loading it can be seen that the normal stress
decrease by decreasing the size of grains. As it is mentioned in the previous section, this can be
due to increasing the volume fraction of grain boundaries in the bulk structure and the reflections
from grain boundaries. These grain boundaries act like an obstacle for stress wave fronts in the
shock direction. Figure 4-12(b), (c) and (d) show the distribution of normal stress along the length
of the bulk structures at different times of simulation for the three different grain sizes. At the first
three curves (1-3 ps) the phase transformation peaks are at high levels (above 13 GPa). This high
stress level propagates the phase transformation and plastic deformation through the bulks.

Although from 1 ps to 3 ps some drop in the peak stress is observed, which could be due to energy
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dissipation through phase transformation and plastic deformation and also it could be due to
presence of grain boundaries which act like an obstacle for shock stress wave. At the time of 4 ps
and after that, the peak of elastic wave and phase transformation wave for the coarse grain are

greater compared to the other grain sizes.

However, as discussed before, at the onset of unloading, another elastic wave with an opposite
direction starts to propagate and at the time of 4 ps, this wave partially reaches the phase
transformation peak and therefore, causes a significant drop in the stress level. This is why at the

time of 5 ps the phase transformation peak drops below 5 GPa for all the grain sizes.
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Figure 4-12. (a) Maximum of normal stress wave during loading and propagation time for three polycrystalline structures with
three different grain sizes: 13.5nm, 18.4 nm, and 25 nm. (b) Normal stress wave propagation for average grain size of 25 nm (c)
Normal stress wave propagation for average grain size of 18.4 nm. (d) Normal stress wave propagation for average grain size of

13.5 nm.

Figure 4-13 shows the maximum recorded stress values correspond to elastic wave front at
different times and their corresponding positions over the length of the considered polycrystalline

structures. The calculated stress values are obtained from averaging over the cross-sections of the
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middle cylinder along the loading direction same as single crystals. It can be seen that the coarse
grain size overally shows the highest stress level and the fine grain size the lowest. In Figure 4-13,
the grain size 13.5 nm shows more decay in elastic wave front peak compared to the other
polycrystalline structures. For instance, at the length of 100 Angstrom from the surface on which
the shock loading is applied, the stress in the grain size 13.5 nm drops under 10 GPa, while for the
other two polycrystalline structures the stress level is still above 10 GPa. In addition, the grain
sizes 13.5 nm and 18.4 nm show greater drop in inelastic wave front peak compared to the 25 nm.
In the next section, the phase transformation propagation and plastic deformation in these

polycrystalline structures will be discussed.
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Figure 4-13. Decay of normal stress wave for three polycrystalline structures with three different grain sizes: 13.5nm, 18.4 nm, and

25 nm.

4.2.4.2 Phase transformation propagation

As it is mentioned before for an austenite NiTi to transform to a B19’ martensite, there is a
threshold in the equivalent Von Mises strain which is equal to 0.11. Above this strain threshold,
the state of the material could be a combination of phase transformation and plastic deformation.
The Von Mises strain propagation for the three polycrystalline NiTi with different grain sizes are
shown in Figure 4-14. This parameter shows both phase transformation and plastic deformation
propagation. At the time of 8 ps, which is 5 ps after removing the shock loading, some of the
regions with phase transformation are recovered back to austenite. More time is needed to capture

all the regions in which all the phase transformation is recovered in the structures. However, but it
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is not possible in practice due to the computational restrictions. In order to solve this problem in
the next section we propose a method to distinguish the regions with plastic deformation and phase
transformation in the single crystal and polycrystalline NiTi alloys. It can be seen in Figure 4-14
that the size of phase transformed regions decrease by reducing the size of grains in polycrystalline
structures. As it is expected, grain boundaries volume fraction increases when the grain sizes
decrease and these grain boundaries as obstacles prevent the phase transformation propagation in
the polycrystalline structures. It can be seen that the phase transformation and plastic deformations
initiate at the loading region and they start to propagate but they are stopped when reaching the
grain boundaries. Also, the pattern of phase transformation shows that when the phase
transformation and plastic deformation reach the grain boundaries they prefer to propagate through
the boundaries, over penetrating to the neighbor grain. Since, grain boundaries are kind of defects
in the structure and they are a summation of several dislocations, they could trigger the plastic
deformation and phase transformation propagation and deploy them to propagate through the

boundaries.
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and plastic deformation.
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4.2.5 Interaction between plastic deformation and phase transformation
In this section, two methods are used to distinguish the plastic deformation and phase
transformation due to shock loading in NiTi single crystal x:[100] y: [010] z: [001], which is

selected as a representative direction.

Section A

—Section A, y = 300 é
= Section B, y =250
Section C, y =200 A

Section B . Section C

500 WY

(¢) Overlaid Sections

400
300

200

100 6
0

0" 100 200 300 400 500

Figure 4-15. (a) Single crystal of NiTi with crystal orientations of [100] [010] [001]. (b-d) Plastically deformed region on x-z
planes at y = 200, 250, and 300 A. (e) Overlaid plastically deformed regions. (f) Plastically deformed region from theory of
plasticity.
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In the first method, after applying the shock load for 3 ps, the load is removed and we give the
structure enough time (200 ps) to relax and let all the martensitic phase transformation returns to
austenite phase and only plastic deformations remains in the structure. Figure 4-15(a) shows the
single crystal under shock loading. It is worth noting that the load is applied on a circle (with its
center at x =y = 250 A) on the lower surface. Three sections A, B and C are shown in this figure
which correspond to the beginning, middle and the end of loading regions. The permanently
deformed regions are illustrated at these three sections in Figure 4-15(b), (c) and (d), respectively.
The overlaid sections which shows all the permanently deformed regions is shown in Figure
4-15(e). In the second method, we consider the most favorable slip systems of a B2 NiTi alloy
structure [6, 80]. These slip systems and the corresponding critical stress values are expressed in

[80]:

Table 4-1. Critical shear stress values of B2 NiTi alloys in austenite phase for the (011)[100] and (011)[111] slip systems.

Slip Plane Slip Direction (Tshear)critical (GPa)
(011) [100] 0.71
(011) [111] 1.2

The shear stress in these slip planes are calculated every 0.1 ps for the total time of simulation and
in each slip system which shear stress reaches the critical value, slip happens and the corresponding
region is assumed to experience a plastic deformation which is permanently deformed. Figure
4-15(f) shows the superposition of those permanently deformed regions. This contour plot also
illustrates the intensity of the slippage during the time of simulation which means the red colored
areas show those regions that the slip systems were activated more than once during the time of
simulations. Comparing Figure 4-15(¢) and (f), it can be seen that there is a good agreement
between the two methods. We could say that in order to detect and distinguish the plastic
deformation and phase transformation in the NiTi structures under shock loading, we could use

the second proposed method since it is computationally cost effective.

In this work the energy dissipation and the phase transformation caused by the stress wave

propagation in single crystal and polycrystalline austenite NiTi alloys under shock wave loadings

81



are investigated. Molecular dynamics (MD) simulations are utilized as a superior method to study
the effect of microstructures such as lattice orientations, grain sizes and grain boundaries on the
patterns of stress wave and phase transformation initiation and propagation at the atomistic level
in NiTi alloys. A criterion based on equivalent shear strains is used to detect the inelastic
deformation in the NiTi structures. This parameter is used to detect the regions with martensitic
phase transformation and plastic deformation. Regions with phase transformation and plastic
deformation in the structures are distinguished by implementing two proposed methods. It is
expected to observe the dissipated energy in NiTi structures being caused by both phase

transformation and plastic deformation.

The distinctive performance of seismic and passive control devices developed by NiTi alloys relies
on their hysteretic pseudoelastic response [102, 210-212]. NiTi alloys pseudoelastic response is
based on their capabilities of changing their crystallographic structure between a low-symmetry
martensite phase and a high-symmetry austenite phase in response to either mechanical or thermal
loadings. The hysteretic pseudoelastic response of NiTi alloys [97, 100, 101] provides ideal energy
dissipation and damping capabilities. Furthermore, NiTi alloys are superior candidates to be used
in structures under high-strain-rate and shock wave loadings. In recent years, the dynamic response
of various metals and alloys subjected to shock loading, in absence of phase transformation, have
been extensively investigated [103-112, 213]. There have been a number of studies on the dynamic
behavior of NiTi alloys subjected to high-strain-rate loadings computationally and experimentally
[113, 205, 214-223] but the experimental investigations are barely reported due to the limitation
of measurement devices to capture the complicated transformation and plastic behavior of NiTi
alloys at very high-strain-rates loads. The limitations of experimental researches and also the
distinctive ability of Molecular Dynamics (MD) method to capture the fundamental details of
intrinsic deformation mechanisms at the atomic level, make it a superior candidate to study the
dynamic response of NiTi alloys under shock wave loadings. Among the computational studies,
there have been some computational works at the atomistic level. Yin et al. [107] investigated the

phase transformation of NiTi nano pillars subjected to shock loadings using MD simulations. Also,

82



we have recently studied the response of single and polycrystalline NiTi alloys subjected to shock
loadings using MD simulations at the atomistic scale, and the effects of lattice orientations, grain
boundaries and grain sizes on the shock wave propagation and shock-induced phase transformation
propagation are investigated [224]. Since shock wave loading is a high-strain-rate loading
condition, the dissipated energy in NiTi alloys can be due to both plastic deformation and phase
transformation, and in spite of these computational efforts, there is still a need to understand if the
major portion of the dissipated energy is due to phase transformation or plastic deformation.
Therefore, in this work, the dynamic response and stress wave propagation behavior under shock
loading for two different material systems, NiTi alloy and Al, are studied using MD simulations
at the atomistic scale. Moreover, the dissipated energy due to plastic deformation and phase

transformation are calculated and compared for both materials.

A series of molecular dynamics simulations are performed to investigate the dissipated energy
caused by plastic deformation and phase transformation in NiTi alloys and Al under the shock-
induced stress wave. Two many-body interatomic potentials are used to simulate NiTi and Al
structures. The Al potential with cut-off radius r, = 6.287 A is developed by Mishin et al. [225].
The functional form of this potential follows the form of the embedded-atom method (EAM). The
method they used for developing this potential was based on experimental data and ab
initio calculations and improved by rescaling the interatomic distances. They also obtained the
optimum parametrization of the potential by alternating the fitting and testing step which included
a comparison between the ab initio structural energies and those predicted by their potential [225].
The NiTi potential is originally developed by Lai et al. [203] and subsequently improved by Zhong
et al. [93]. The potential function has been modified with cubic polynomial interpolations to
smooth the discontinuities near the cut-off radius. Through multiple case studies, it has been
demonstrated that the results of MD calculations are in a good agreement with the experimental
results and also ab initio calculations [40, 93]. This potential with cut-off radius 7. = 4.2 A is
adopted in our work. The more details of total potential energy, pair interaction function and the

modified embedding energy function of NiTi alloys are described in [224].

In the present work these two widely used potentials along with large-scale atomic/molecular

massively parallel simulator (LAMMPS) [167] are utilized for performing the simulations, and
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Ovito [168] visualization tool and MATLAB are used for post-processing the results of MD
simulations. Two sets of MD simulations are performed for NiTi and Al. One set includes 3D
computational cells of NiTi and Al pillars with the average size of 50 x 50 x 1000 A. The other
set contains 3D computational cells of NiTi and Al bulks with the average size of 400 X 400 X
500 A. The computational cells for the second set of simulations are periodic only in x: [110] and

y: [001] directions and the shock direction is aligned with z: [110] direction.

After creating the single and polycrystalline bulks, the structural energy is minimized using
conjugate gradient method. Then, thermal equilibrium is applied to the system using time
integration on Nose-Hoover style non-Hamiltonian equations of motion in canonical (nvt)
ensembles to set the temperature at T =350 K for 100 ps. After temperature equilibrium, the system
is set to temperature and pressure free using nve ensemble. In order to simulate the shock loading
in bulk systems, in a circular area with diameter of 100 A, 5 layers of atoms at the bottom of the
bulk systems are subjected to the wall/piston [26] loading condition. The wall/piston loading
duration is 3 ps with the speed of 7 A/ps. In pillar systems for simulating the shock loading, similar
to the bulk systems, 5 layers of atoms at the bottom of the pillars are subjected to the wall/piston
[26] loading condition for the loading duration of 3 ps. However, for the pillar systems, different
velocities are used. In order to have an equal maximum stress levels for NiTi and Al, the velocity
is assumed as 1 A/ps and 2 A/ps for NiTi and Al, respectively. Besides, to have an equal input
deflection for both systems, the velocity is considered as 3 A/ps. Figure 4-16(a) and Figure 4-25(a)
show a pillar and a single crystal NiTi subjected to the wall/piston loading condition, respectively.
Finally, after removing the load, the bulk and pillar systems are equilibrated for 5 ps and 20 ps,
respectively to let the stress wave propagates through the structures. The results of shock stress
wave propagation through pillar and bulk systems are shown in the following sections. Also, the
phase transformation and plastic deformation propagation and the corresponding energy

dissipation are discussed thoroughly in the following sections.

Figure 4-16(a) illustrates the NiTi pillar and the wall/piston loading condition. However not shown

here, Al system experiences similar loading condition. As expected, the first atomic layers under
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the shock loading condition undergo large stress and deformation. Subsequently, the stress wave
is guided along the loading direction (z- direction). Figure 4-16(b) shows the propagation of stress
wave through the pillar at times 1 ps to 21 ps. The stress wave front can be identified as the areas

with higher density of dark blue color, since the normal stress wave is intrinsically compressive.

Besides the linear elastic deformations, the high level of stress propagating along the nano-pillars
have the potential to impose inelastic energy dissipating deformations; plastic deformation for Al,
and plastic deformation and martensitic phase transformation for NiTi system. For NiTi pillars
shown in Figure 4-16, the basic difference between the deformations due to phase transformation
and plastic deformation is their stability after removing the stress. Figure 4-16(c) shows a cross-
section of the pillar at the place of the peak stress for t = 13 ps, and Figure 4-16(d) is the cross-
section at a place along the pillar where the peak stress has passed by. The B19’ martensite
structures has formed at the cross-section with the peak stress level, confirming that phase
transformation propagates along the pillar under propagating shock stress condition. However, the
structure of NiTi at the cross-section of Figure 4-16(d) is purely B2 structure, showing that as the
stress peak passes by, the structure at that cross-section has undergone the martensitic

transformation followed by a revere transformation.

In contrast to phase transformation, the plastic deformation does not disappear as the stress peak
leaves. Therefore, at the times quite larger than the loading time, the remaining deformation will
be plastic deformation. Figure 4-16(e) shows the propagation of plastic deformation inside the
NiTi pillar. To confirm that the deformation is due to plastic behavior, the simulation is extended
up to t = 403 ps. The only region that plastic deformation is observed in the NiTi pillar was the
first 50 A close to the loading area. The plastic deformation is along the shear planes shown in

Figure 4-16(a).
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Figure 4-16. (a) Schematic representation of the NiTi pillar subjected to the shock wave loading. (b) Shock stress wave propagation
in shock direction during the loading and unloading. (c) Martensitic phase transformation due to shock stress wave propagation in
the cross-section at z =500 A. (d) The reverse martensitic phase transformation (Austenite phase) in the cross-section at z= 120 A.
(e) Von Mises shear strain parameter which shows the plastic deformation and phase transformation propagation. In this case after
enough time of propagation, 400 ps, we still can see the red areas which means these areas represent the plastic deformation in the

pillar.
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Figure 4-17 shows the shear Von Mises strain propagation which represents the plastic
deformation propagation in Al pillar under shock loading. As it is mentioned before, the plastic
deformation does not disappear as the stress peak leaves. Therefore, at the times quite larger than
the loading time, the remaining deformation will be plastic deformation. Same as NiTi pillar, to
confirm that the deformation is due to plastic behavior, the simulation is extended up to t =403 ps

and it can be seen that the remaining deformation (red regions) are plastic deformation.

Plastic Deformation Propagation
—>

t=1ps t=2ps t=3ps t=103ps t=203ps t=303ps t=403ps

o S

[001) 0 0.1

Figure 4-17. Von Mises shear strain parameter which shows the plastic deformation propagation in Al pillar under shock loading.
In this case after enough time of propagation, 400 ps, we still can see the red areas which means these areas represent the plastic

deformation in the pillar.
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Figure 4-18 shows the normal stress distribution along the pillars for Al and NiTi systems, for the
set of simulations with same input loading velocities (3 A/ps). Figure 4-18(a) shows the average
normal stress over time at the first two atomic layers. The peak stress for both material systems
occurs around the time of 3 ps, when the input loading drops to zero, and then almost suddenly,
the normal stress drops. As shown, the peak stress is higher for NiTi when the loading velocity is
the same for both material systems. This was expected, since the density of NiTi is higher than
Al’s and therefore, the linear momentum of the atoms in the NiTi structure is higher, resulting in
developing higher stress inside the NiTi structure. Figure 4-18(b) shows the maximum normal
stress traveling through NiTi and Al pillars as a function of time. As mentioned, the maximum
stress has a higher value in the NiTi system. However, as time increases, the peak stress drops
significantly in the NiTi structure, compared to the Al system. This could be due to the damping
effect of phase transformation in the NiTi system. This effect is more evident comparing the graphs
of Figure 4-18 (c¢) and (d). Figure 4-18(c) and (d) show the normal stress distribution along the
pillars at different times (from 1 ps to 11 ps) for NiTi and Al, respectively. Besides the significant
drop in the stress peak in the NiTi, these figures show that the peak stress travels faster inside Al
than inside NiTi, as for example at t = 11 ps, the stress peak is at ~400 A in the NiTi pillar and at
~600 A in the Al This result was also expected, due to the fact that stress in pillars travel at the
sound speed. The sound speed is proportional to the square root of elastic modulus over density,
and since austenite NiTi and Al have almost the same elastic moduli, higher density of NiTi would

lead to slower stress wave propagation.
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Figure 4-18. The corresponding results represent the stress wave propagation in NiTi and Al pillars when an equal deflection 9 A
is applied to the systems. (a) Normal stress wave during loading and propagation time in the first two atomic layers in NiTi and Al
pillars. (b) Maximum normal stress wave propagation during loading and propagation time in NiTi and Al pillars. (¢) Normal stress
wave propagation over length in different time of simulation for NiTi pillar. (d) Normal stress wave propagation over length in

different time of simulation for Al pillar.

In order to provide a better comparison of stress propagation in NiTi and Al systems, another set
of simulations are performed where the peak stresses at both NiTi and Al systems are in the same
range (~ 3 GPa). Normal stress distributions, as a result of this set of simulations, are shown in
Figure 4-19. The input velocities applied to the structures are 2 and 1 A/ps for Al and NiTi
systems, respectively. The significant drop in the peak stress for NiTi is more pronounced in the
graphs of Figure 4-19(b) where at the time around 15 ps, the max stress for NiTi has drop to the
third of its peak value, while in the Al it has been dropped slightly.

&9



~
Qo
~
~
=3
~

= =
=} + i
3 — Nickel-Titanium Pillar | & 2
A —— Aluminum Pillar 2
= &
wn n
5 3 2
: :
z zZ
§ 1
=

1 I O
0 5 IOT' ( )15
ime (ps
(c) (d)
3r 1 A ; ; _
e e 3ps Nickel-Titanium Pillar A3 Alyminum Pillar
< <
=¥ — 1ps =¥
e — 3ps &
22r Sps 2 2
(0] (0] r B
= 11 ps — 7ps =
i ps
gl :
Z \ Z 1t :
NI raa a aens N (I~ N
Vi Qﬁ“‘ \\//_/-’\,\__/
0 200 400 600 800 1000 O 200 400 600 800 1000
Length (A) Length (A)

Figure 4-19. The corresponding results represent the stress wave propagation in NiTi and Al pillars when 1 A and 2 A deflection
is applied to the NiTi and Al systems, respectively. (a) Normal stress wave during loading and propagation time in the first two
atomic layers in NiTi and Al pillars. (b) Maximum normal stress wave propagation during loading and propagation time in NiTi
and Al pillars. (c) Normal stress wave propagation over length in different time of simulation for NiTi pillar. (d) Normal stress
wave propagation over length in different time of simulation for Al pillar.

As a result of wave propagation through the material systems, which is shown in Figure 4-18 and
Figure 4-19, the material structures undergo repetitive loadings and unloadings. For austenite NiTi,
these repetitive loadings and unloadings will lead to recurring martensitic direct and reverse phase
transformations. Considering the stress-strain behavior of the superelastic NiTi, the area of the
hysteresis loop between the loading and unloading curves is the amount of energy per unit volume
dissipated through a phase transformation cycle. Besides, some strains cannot be recovered during
unloading, indicating the energy dissipation due to plastic deformation. As a result, the input
energy due to the external force, i.e. work applied by the shock loading, will be transformed into

the kinetic energy due to velocity and elastic energy, and some of it will be dissipated through
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plastic deformation and phase transformation. The percentage of the energy dissipation can be

calculated as [205]:

P(t) - (K() =W (D)

P (4-16)

D(t) =

Where P is the external work applied by the shock loading, K is the kinetic energy, and W is the
stored elastic energy inside the material. P and K can be calculated using the following equations

[205]:

t 4-17
P() = f 5(0,6) (0, ¢) dt @-17)
0
L (4-18)
K(t) = 1/2f p (v(x,7))? dx
0
And the stored elastic energy in a regular elastic material can be calculated as [205]:
’ 4-19
W(r) = 1/2j a(x,1) €¢(x,7) dx (4-19)
0

Where €€ is the elastic strain which is 0/ E where o is stress and E is the elastic modulus. This

equation is used for Al pillar, in order to calculate the amount of stored elastic energy. However,
in this study, the amount of stored energy in superelastic NiTi is considered as the amount of
energy that returns to the system, if the stress is removed. In that case for each stress condition the
area underneath the unloading portion of stress-strain curve is considered as the stored energy. The
amount of dissipated energy due to phase transformation is also considered to be the area inside
the hysteresis loop of the stress-strain curve for the corresponding maximum stress. In the case of
the stress beyond the failure stress in NiTi, in addition to the energy dissipated through phase
transformation up to that point, the amount of energy dissipation due to plastic deformation is
calculated as the area under the loading portion of stress-strain curve minus the hysteresis loop
area right before the failure stress, minus the stored elastic energy of martensite NiTi calculated at
that specific stress. It should be noted that all the calculated energies, except the external work, are
per unit volume of the pillars and in order to have them comparable with the external work they

need to be multiplied by the volume of the pillars.

Using the methods described, the external work, elastic energy, kinetic energy and energy

dissipation percentage for the NiTi pillar is calculated over time and shown in Figure 4-20(a-d),
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respectively. It can be seen that elastic and kinetic energies show sudden increase from zero at the
start of loading, and then decrease over time. The energy dissipation ratio however tends to go to

100% as time extends.
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Figure 4-20. (a) Work done by applied force to the NiTi pillar. (b) Stored elastic energy in the NiTi pillar. (c) Kinetic energy in the
NiTi pillar. (d) Total shock stress wave dissipated energy in NiTi pillar.

Moreover, the accumulative energy dissipation during different time steps due to phase
transformation and plastic deformation is shown in Figure 4-21(a). It can be seen that after first 3
ps of the simulation, almost no energy is dissipated through plastic deformation. Figure 4-21(b)
shows that, approximately 80 percent of the total work is dissipated due to phase transformation
and plastic deformation both which is in agreement with the result shown in Figure 4-20(d). During
the loading (from 0 to 3 ps), the dissipated energy is due to phase transformation and plastic
deformation but the plastic deformation has more portion compare to the phase transformation as
shown in Figure 4-21(b). After loading and during unloading, the dissipated energy due to plastic

deformation is remained constant but the dissipated energy due to the phase transformation is
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increased over time because the shock stress wave travels through the pillar and causes phase

transformation.
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Figure 4-21. (a) Dissipated Energy due to phase transformation and plastic deformation in NiTi pillar. (b) Dissipated Energy due

to plastic deformation and phase transformation and total external work in NiTi pillar.

Using the same approach, the external work, elastic energy, kinetic energy and energy dissipation
percentage for the Al pillar is calculated over time and shown in Figure 4-22(a-d), respectively.
The general trend for the change of the energies is somehow similar to the NiTi’s. However,
comparing the graphs of dissipation energy in NiTi, Figure 4-20(d), with the one in Al, Figure
4-22(d), reveals that NiTi has dissipated more energy than Al at a given time. For example, at the
time of 200 ps, Al has almost 65% energy dissipation, but NiTi has more than 80% of the total
energy dissipated. Besides, the slope of the energy dissipation curve for NiTi is larger than Al’s,

showing that NiTi dissipates the energy faster than Al.
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Figure 4-22. (a) Work done by applied force to the Al pillar. (b) Stored elastic energy in the Al pillar. (c) Kinetic energy in the Al
pillar. (d) Total shock stress wave dissipated energy in Al pillar.

4.3.3.2 Three dimensional shock wave propagation through bulk material

Wave propagation through nano pillars and bulk materials have some similarities and some
differences. In nano pillars, the wave energy is guided along one dimension and stress wave front
faces same cross-section. On the other hand, for shock wave propagation through bulk materials,
the wave propagates into a 3-D space where the stress wave front gets larger as the wave goes
farther into the material. As a result, the maximum stress peak drops faster in the bulk materials
than in the nano pillars. Figure 4-23(a) shows the maximum normal stress in the bulks of NiTi and
Al over time. Comparing this graph with the graphs of Figure 4-18(b) and Figure 4-19(b) reveals
that the maximum normal stress due to the shock wave loading drops faster in a 3D space than in
the 1D space. Maximum shear stress inside the bulks of NiTi and Al over time is also presented in

Figure 4-23(b). Similar to the normal stress, the shear stress in NiTi drops faster than in Al does.
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This could be due to capability of the NiTi to dissipate energy through stress driven phase

transformation.
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Figure 4-23. Maximum normal stress wave propagated in NiTi and al bulk systems under shock loading. (b) Maximum shear stress

wave propagated in NiTi and Al bulk systems.

It is well known that the propagation speed depends on the crystal orientation [207, 224].
Therefore, due to the 3D nature of wave propagation in the bulk materials, the stress wave front
will not form a full semi-sphere. Figure 4-24(a) and (b) show the normal and shear stress
distribution, respectively, in NiTi and Al bulks over time. Due to the differences in crystal structure
and orientation, the stress distribution is quite different in NiTi and Al structures. The normal stress
propagation in Al is more concentrated towards the centerline, while it is more spread in NiTi
structure. More importantly, the shear stress distribution in NiTi has a butterfly shape at the cross-
section shown in Figure 4-24(b) and in Al has a cylinder shape. As discussed in [224], the shear
stress propagation dictates the deformation patterns inside the bulk of material. As mentioned
earlier, besides the pure elastic deformation, the deformation in NiTi is a mixture of phase
transformation and plastic deformation, while it is just plastic deformation in Al structure. Inferred
from Figure 4-24, although the normal and shear peak stresses drop over time, they are still high

enough to propagate phase transformation and plastic deformation.
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Figure 4-24. (a) Normal stress wave propagation of the NiTi and Al structures. The stress values in color bars are in GPa. (b) Shear

stress wave propagation of the NiTi and Al structures. The stress values in color bars are in GPa.
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Figure 4-25 shows the loading condition and deformation propagation in the NiTi bulk material.
Similar to the observation in the case of the NiTi pillar, the deformation is a mixture of martensitic
phase transformation and plastic deformation. Formation of B19’ phase, shown in Figure 4-25(a),
confirms the energy dissipation through phase transformation. As an indicator of phase
transformation, von Mises shear strain was calculated where the values less than 0.11 indicate
austenite phase in NiTi, and values above 0.11 indicate the regions with B19’ martensite or regions
with permanent plastic deformation. Figure 4-25(b) and (c) illustrate the contour plots showing
von Mises shear strain taken from two perpendicular cross-section planes along the loading
direction during different times through the simulation. As mentioned before, the wall piston
loading is applied at the first 3 ps of the simulation and at the time of 3 ps, the loading is removed
and the rest of the simulation belongs to the dynamic response of the material to the applied
loading/unloading condition. Comparing the contour plots of t =3 ps and t = 6 ps in Figure 4-25(b)
and (c), it can be seen that some areas with large von Mises strain at t = 3ps (the area with green-
cyan color) has lost their strain at t = 6 ps. This indicates that, once the stress is dropped in that
region martensitic phase transformation is reversed. Figure 4-25(d) shows a 3D view of the
deformation pattern over time showing a mixture of plastically deformed and martensitic phase
transformed regions. This figure shows how this deformation is propagated through the structure,
and is shrunk in some areas, over time. It is worth mentioning that comparing the deformation
pattern shown in Figure 4-25(b-d) with the shear strain propagation patterns of Figure 4-24(b) for
NiTi reveals that shear stress dictates the deformation pattern, both the phase transformation and
the plastic deformation. This is well discussed in [224] where different crystal orientations of NiTi

structure is studied.
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Figure 4-25. Von Mises shear strain parameter which shows phase transformation propagation and plastic deformation in NiTi bulk
system under shock loading. Von Mises shear strain values 0 and 0.11 correspond to regions with austenite and martensite phases,

respectively. The values between 0.11 and 0.2 show regions with combined phase transformation and plastic deformation.
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Figure 4-26. Von Mises shear strain parameter which shows plastic deformation in Al bulk system under shock loading. Von Mises

shear strain values between 0.11 and 0.2 show regions with plastic deformation.

Figure 4-26 shows the deformation propagation behavior in the Al bulk structure. Figure 4-26(a)
and (b) show the contour plots of von Mises shear strain at two perpendicular cross-section planes

along the loading direction at different times through the simulation. It can be seen that
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deformation pattern in Al is different than the pattern in NiTi. This is due to their difference in
crystal structure and orientation. Another important difference in the deformation propagation
behaviors in Al vs. in NiTi is that in the Al structure, the deformation is permanent, in another
words purely plastic, while in NiTi structure the deformation is growing at some areas and
shrinking at other areas confirming that the deformation is a mixture of plastic deformation and
phase transformation. Figure 4-26(c) shows a 3D view of the deformation pattern over time. This
deformed region in Al keeps growing as time goes by while the deformation in NiTi, shown in
Figure 4-25(d), starts to shrink after certain time. This phenomenon reveals that plastic
deformation in Al is less capable of damping the shock wave energy compared to phase
transformation in NiTi. Hence, superelastic austenite NiTi alloy is a great candidate when shock

wave energy attenuation and minimizing the deformation are desired.

In this study molecular dynamics simulations were utilized to study the behavior of pseudoelastic
NiTi under shockwave stress loading conditions in comparison to aluminum. At the first set of
simulations, nanopillars of austenite NiTi as well as Al were modeled to study one dimensional
(1-D) shock wave propagation through the two different material systems. Compressive shock
stress loading was applied to the system using a wall-piston method. The wave propagation and
deformation mechanisms were observed to be very different in NiTi and Al. Plastic deformation
and forward and reverse martensitic phase transformation were observed along the NiTi nanopillar
contributing to energy dissipation, while obviously, the only energy dissipating mechanism was
plastic deformation in Al pillars. The plastically deformed region in NiTi was the region close to
the loading area, while in Al, the plastic deformation was propagated though the pillar. Besides,
the peak stress in NiTi damped more quickly in NiTi pillar compared to in Al, revealing the
capability of NiTi in shock wave energy attenuation.

The energy dissipation through phase transformation and plastic deformation were calculated and
it was revealed that phase transformation mechanism dissipated larger portion of shock wave
energy compared to plastic deformation. In fact, the plastic deformation happens at the initial few
picoseconds of the simulation, and consecutive forward and reverse martensitic phase
transformations are responsible of the energy dissipation for the rest of the simulation.

Three dimensional (3-D) shock stress wave propagation was also studied, through MD simulations

of NiTi and Al bulk material systems. Same energy damping behaviors as observed in pillars were
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observed in bulk material systems. 3-D nature of shock wave propagation was observed in both
NiTi and Al systems where normal and shear stress propagation patterns were captured. It was
observed that shear stress propagation pattern dictates the deformation patterns both for plastic
deformation, in NiTi and Al, and phase transformation in NiTi system. The main difference
between the deformation mechanisms in the two material systems was the reversibility of
deformation in NiTi, for most of the deformed regions, as a result of reverse martensitic phase
transformations. Comparing this behavior to the aluminum’s, this results in the conclusion that
NiTi is capable of dissipation large amount of shock wave energy and minimize the permanently

deformed regions resulting in maintain the shape very close to the original structure.
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Multiscale mechanics of the lateral pressure effect on enhancing the load
transfer between polymer coated CNTs is published in Nanoscale journal and
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Chapter S. Graphitic Structures as Reinforcement in NiTi Shape Memory Alloys

5.1 Multiscale Mechanics of the Lateral Pressure Effect on Enhancing the Load

Transfer Between Polymer Coated CNTs

5.1.1 Overview

While individual carbon nanotubes (CNTs) are known as one of the strongest fibers ever known,
even the strongest fabricated macroscale CNT yarns and fibers are still significantly weaker than
individual nanotubes. The loss in mechanical properties is mainly because the deformation
mechanism of CNT fibers is highly governed by the weak shear strength corresponding to sliding
of nanotubes on each other. Adding polymer coating to the bundles, and twisting the CNT yarns
to enhance the intertube interactions are both efficient methods to improve the mechanical
properties of macroscale yarns. Here, we perform molecular dynamics (MD) simulations to
unravel the unknown deformation mechanism in the intertube polymer chains and also local
deformations of the CNTs at the atomistic scale. Our results show that the lateral pressure can have
both beneficial and adverse effects on shear strength of polymer coated CNTs, depending on the
local deformations at the atomistic scale. In chapter 5 we also introduce a bottom-up bridging
strategy between a full atomistic model and a coarse-grained (CG) model. Our trained CG model
is capable of incorporating the atomistic scale local deformations at the larger scale, which enables
the model to accurately predict the effect of lateral pressure on larger CNT bundles and yarns. The
developed multiscale CG model is implemented to study the effect of lateral pressure on the shear
strength of straight polymer coated CNT yarns, and also the effect of twisting on the pull-out force
of bundles in spun CNT yarns.

5.1.2 Models and Methods

Molecular dynamics simulations of polymer coated CNTs and CNT bundles are performed at two
different length scales (full atomistic and coarse-grained), and the two scales are bridged together
by a bottom-up approach. Both the full atomistic and CG simulations are performed using Large-
scale Atomic/Molecular Massively Parallel Simulator (LAMMPS) [226]. The full atomistic
framework is used to investigate the fundamental aspects of the interaction between the CNTs,
coated with PMMA oligomers as used in practice to enhance the shear strength of CNTs. We

particularly target studying the effect of lateral pressure on the deformation mechanisms at the
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atomistic level. A bottom-up approach is then utilized to train the CG model capable of studying
shear interaction between CNT bundles coated with PMMA oligomers. The dimensions of the
bundles, length of the oligomers, and the density of polymer chains on the surface are identified
using some recently reported experimental measurements [227]. In this approach the effect of
lateral pressure is incorporated in the CG model by modifying the parameters at the mesoscale by

using the atomistic scale results. Details of the bridging the two scales are given in Section 5.1.4.

A series of full atomistic simulations are performed using classical MD at room temperature to
study the effect of lateral pressure on the shear strength of CNTs in the presence of PMMA fillers,
and also to find the pressure-dependent interaction between the mesoscopic bead-spring models.
The chemical and mechanical behavior of CNTs and the atoms in the PMMA are described by the
ReaxFF, with a near quantum mechanical accuracy [228, 229]. Validity of implementing this
force-field to study various aspects of mechanical response of CNTs and polymer coated CNTs
have been extensively studied in our previous computational works [227, 230-232]. The advantage
of using a reactive force-field over other possible options in this study is the capability of ReaxFF
to capture possible bond braking and formations, which is more probable in our case studies due
to the severe lateral loads applied to the system. Motivated by our recent experimental works [227],
PMMA oligomers are modeled as chains consisting 8 repeating units [233, 234]. In the full
atomistic models two (10,10)-(16,16) double-walled CNTs (DWNTs) with the length of 10 nm are
considered parallel to each other, and eight chains of PMMA oligomers are covalently bonded to
the outer carbon nanotubes in each DWNT (see Figure 5-1(a)). It is worth noting that the selected
length for the DWNTs is remarkably smaller than the typical length of CNTs in yarns and bundles.
However, as discussed in Section 5.1.3, atomistic simulations on this representative system shed
light into various aspects of complicated deformation mechanisms in polymer coated CNTs
subjected to a lateral pressure. Bottom-up trained CG models are used to study larger systems
consisting longer CNTs. Simulations are performed under a canonical (NVT) ensemble

(temperature control by a Berendsen thermostat [235]), with a time step of 0.1 fs.

104



(@)

(b) _
£

€

2INssal] [BIe |

<€

sy
Surpeor| Jeays

0 20 40 60 80
Time(ps)

Figure 5-1. Interconnection between lateral pressure, local deformation mechanisms, and the shear strength between two parallel
PMMA-coated DWNTs. (a) The system consists of two DWNTSs and 16 chains of oligomers between the CNTs, eight covalently
bonded to the outer surface of each DWNT. (b) A cylindrical indenter applied a lateral pressure to the DWNTs, and (c) the shear
strength between the nanotubes is calculated by pulling one of the CNTs. (d) The lateral pressure is calculated using the indenter
reaction force, and the shear strength is obtained for various lateral pressures (see Figure 5-2). (e) Lateral pressure affects the shear
strength through atomistic scale local deformations in the polymer chains, and CNTs cross-sections (see Figure 5-4 for more

details).

5.1.2.2 Coarse Grained Model

The molecular level interactions of adjacent CNTs have been extensively investigated using full
atomistic methods [232, 236-240]. However, modeling bundles consisting a large number of CNTs
is computationally expensive at the atomistic level, particularly for relatively long CNTs or for the
case of having multiple CNTs in the bundle. The addition of an adhesive oligomer, as studied in
this chapter, also adds additional computational expense to the full atomistic simulations. Hence,
we select using mesoscopic bead-spring methods as a beneficial approach to simulate arrays of
oligomer-coated CNTs [241-243]. This model has been proven to be a valid and efficient approach
to simulate a variety of different configurations of CNT yarns and bundles, and even polymer
coated CNTs [227, 231, 242, 244]. In this chapter, we implement a two-stage procedure for training
the bead-spring parameters, starting with finding these parameters at zero lateral pressure on the
CNTs, and then the parameters are modified to incorporate the effect of lateral pressure (see

Section 5.1.4).
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The CG zero-pressure parameters for the (10,10)-(16,16) DWNTs are adopted from the parameters
previously reported as; equilibrium bead distance 7, = 10 A, tensile stiffness k, =
2000 kcal mol"*A~2,  equilibrium  angle 6, = 180°, Bending stiffness kg =
45000 kcal mol~'rad~2, and dispersive parameters o = 22.63 A, € = 21.6 kcal mol~'. For more
details about extracting these parameters from a full atomistic model, the reader is referred to
[245]. The mentioned parameters have been implemented in a variety of mesoscale models and
the accuracy of the constructed models is studied extensively in a series of previous works [227,
231, 242, 244]. The axial and bending stiffness between the repeat units in the PMMA oligomer
(C50,Hg) are adopted from Naraghi et al. [227]: 1y = 2.5 A, k, = 11.76 kcal mol~*A~2, 9, =
180°, kg = 23.5 kcal mol~*rad 2. Several full atomistic simulations are performed to calculate
the weak interactions between PMMA monomers together, and also between the DWNT beads
and the monomers as: o = 4.7 A, € = 1.13 kcal mol~'for the monomer-monomer interaction and
0=1256A¢=2.17kcalmol~! for the DWNT-monomer interaction. The calculated
parameters are smaller than those reported in [227], and more close to the values obtained and
optimized by a MARTINI force-field [246]. The main reason for the observed differences between
the calculated energy well depths at equilibrium, €, is because we have calculated this value by
separating adjacent macromolecules (monomers-monomers, and monomers-DWNTSs) in three
different directions and have averaged the calculated energy barriers. Our simulations show that
the selected approach results in a better match between the full atomistic and CG models,
particularly in the problem studied in this chapter because when the lateral force is applied to the
polymer-coated CNTs, the monomers approach each other and the CNTs from different directions
in space (see Figure 5-1(b, €)). More details of the CG model and the methodology of updating the

weak interactions as a function of lateral pressure are given in Section 5.1.4.

Applying a lateral pressure, specifically by twisting the CNT yarns, has been experimentally
proven to enhance the intertube shear strength between CNTs and consequently improve the
mechanical properties of manufactured yarns. In this section we implement full atomistic
simulations to investigate the deformation mechanisms in both the polymer chains and CNTs at
nanoscale. We also target unraveling how the lateral pressure enhances the shear strength, and

particularly answer the question if there is an optimum value for the lateral pressure corresponding
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to the maximum possible increase in the shear strength. Full atomistic simulations of this section,
combined with the CG models in the following sections will target investigating the effect of lateral

pressure in polymer-coated CNTs at different length scales.

At the atomistic level a polymer-CNT system as shown in Figure 5-1(a) is constructed. The system
consists of two DWNTs and 16 chains of oligomers between the CNTs, eight covalently bonded
to the outer surface of each DWNT. The system is constructed with the PMMA oligomers being
parallel and close to each other, and equilibrated for 20 ps before loading. To simulate a uniform
lateral pressure a cylindrical indenter is modeled around the system as shown Figure 5-1(a). The
indenter’s radius is reduced by time and compresses the CNTs as shown in Figure 5-1(b) from the
axial view. After compressing the Polymer-CNT to a defined radius, a shear force is applied to the
upper CNT while the bottom one is fixed. The pulling force is applied using steered molecular
dynamics (SMD), whereby the center of mass of the group of atoms at the end of pulled tube is
connected by a harmonic spring to a dummy node which is moving with a constant speed in the
axial direction [247]. Some works have been reported recently on studying the effect of loading
rate on the mechanical response of hydrogen-bond assemblies in proteins and biological materials
[248-250]. However, compared to proteins, where the number of hydrogen bonds is extremely
large, our model is less sensitive to the loading rate. For the simulations we have considered a rate
of 1E — 6 fs™1. In order to study the feasibility of using this rate, simulations are also performed
with 10 times faster and 10 times slower loading rates. The peak shear forces at these load rates
are found to be within 5%, difference, so the 1E — 6 fs™? rate is selected to optimize the accuracy
and computational efficiency. The same rate has been also adopted in similar recently reported

works (i.e. see Bratzel et. al. [231]).

The procedure of compressing and pulling is shown in Figure 5-1(c) for a representative value of
lateral contraction. The reaction force of indenter is monitored during the contractions and pulling
stages to calculate the average lateral pressure applied to each CNT (see Figure 5-1(d)). It is worth
noting that for calculating the lateral pressure, the total force has to be divided by the contact area
between two CNTs. While the length of contact area is easily found (as it is equal to the length of
CNTs), the width cannot be accurately calculated, and will be changing as the force is increased.
For this reason, we will report the results for force per unit length in the following sections, and

the term lateral pressure will be used to indicate to this force per unit length value. The reaction
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force increases during the compression until reaching the maximum value, which corresponds to
the end of the compressing procedure. During the pulling procedure, the reaction force is almost
constant with some minor fluctuations. The lateral force applied to each CNT, P;, is approximated
by the average of the indenter reaction force during the pulling step, as shown schematically in

Figure 5-1(d).

The oligomers in the contact area between the CNTs are shown in Figure 5-1(e).
Due to compression, this area changes and some of the oligomers are pulled out from the area
between the CNTs. Therefore, the interaction between the oligomers and CNTs changes, and it

will change the lateral shear force value.

Trajectory of the lateral shear force versus relative displacement along CNTs axis for different
compressing pressures is shown in Figure 5-2. For all the cases, the lateral force reaches a
maximum value, which corresponds to the shear strength, and then decreases. As shown in this
figure, having a lateral pressure improves the shear strength by increasing the maximum shear
force during sliding of CNTs on each other. However, increasing the lateral force above a critical
value starts weakening the shear strength between CNTs. Also, the lateral pressure significantly
affects the toughness. It is worth noting that the term toughness is usually used as the area under
the stress-strain curves. However, as we are studying the force-displacement response of CNTs in
shear loading, this term will be used for addressing the area under the force-displacement curves

in the following sections of this work.
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Figure 5-2. The lateral shear force versus relative displacement along CNTs axis for different lateral compressing pressures.

108



Variations of the maximum shear stress, and the toughness (defined as the area under the force-
deflections curves) are shown in Figure 5-3. By investigating the change of both the maximum
force and the energy, four different regions are distinguished as shown in Figure 5-4. In the first
region (I) both the shear strength and energy increase by raising the lateral pressure up to a
maximum value. This raise in the shear strength can be better understood by tracking the
deformation mechanism of CNTs and polymer chains as shown in Figure 5-4. Applying the lateral
pressure in this region causes the polymer chains filling the space between the two CNTs, and

particularly increases the contact area between PMMA and the CNTs (also see Figure 5-1(e)).

Further increasing the lateral pressure above this critical value will start pushing the polymer
chains out of the intertube region (see Figure 5-4 II), which consequently leads to a drop in the
shear strength and the toughness as seen in region II in Figure 5-3. In the third region, the high
lateral pressure squeezes all the polymer chains out of the intertube space, however, since the
CNTs start contacting each other, the shear strength slightly increases. In this region, the toughness

value is not following the shear strength, and a sharp drop is observed in the energy.

(b)l .8
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Figure 5-3. Variations of (a) the shear strength, and (b) the toughness as functions of lateral pressure. Local deformations in regions
[ to IV are shown in Figure 5-4. In the first region (I) both the shear strength and energy increase by raising the lateral pressure up
to a maximum value, caused by increase of the interface area between CNTs and polymers. Increasing the lateral force in region I1
pushes the polymer chains out of the intertube regions and decreases both the shear strength and energy. Further increasing the
lateral pressure (region III) is associated with a direct contact between CNTs, which makes a slight increase in the shear strength,
while the energy keeps lowering. At very high lateral pressures (region IV), CNT cross-sections deform severely and both the shear

strength and energy drop.

This phenomenon can be justified by the change of deformation mechanisms from the case of

having polymer chains in the intertube regions (I and II), to the case at which the polymer chains
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are not contributing in the shear deformation mechanisms. Further increasing the lateral force into
region IV in Figure 5-3 and 4, leads both the shear strength and the energy to increase. This
phenomenon is mainly governed by the excessive deformations observed in the cross-section of
CNTs. At very high lateral force levels, the CNTs cross-sections buckle and this irreversible
deformation mechanism is associated with a drop in the shear strength. We had previously studied
such a response in pristine CNTs in detail with a similar approach, and the obtained results in

region IV for the polymer-coated CNTs is consistent with those findings [232].

P=0.25 N/m P=0.62N/m P=1.12N/m P=2.05 N/m : P=3.77 N/m

Figure 5-4. Local deformations of the CNTs and polymer chains at various levels of lateral pressure. These atomistic deformation

mechanisms are directly connected to the change of shear strength and toughness as shown in Figure 5-5.

5.1.4 Bridging Mesoscale to the atomistic level

The results presented in Section 5.1.3 reveal the basic deformation mechanisms behind the
complicated correlation between the lateral pressure applied to polymer-coated CNTs and the
shear strength of these CNTs while sliding on each other. Implementing such a full atomistic
framework is not practically possible to study large systems mainly because of the substantial
increasing of the computational costs when the number of atoms in the system increases. CG
modeling techniques facilitate simulating larger yarns and bundles made of several CNTs.
However, by implementing a CG model several important aspects of the deformation mechanisms
at the atomistic level, such as those studied in Section 5.1.3, will be missed in modeling yarns and
bundles in which the polymer-coated CNTs are subjected to a lateral force (i.e. due to the twisting).
In this study, we overcome this drawback and bridge the two length scales by re-training the CG

model parameters as a function of the lateral pressure.

As shown in Section 5.1.3, the cross-section deformations in both the CNTs and the polymer
chains filling the intertube space play a significant role on the mechanical response. As shown in

Section 5.1.3, the cross-section deformations in both the CNTs and the polymer chains filling the
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intertube space play a significant role on the mechanical response. As shown in Section 5.1.3, the

cross-section deformations in both the CNTs and the polymer chains filling the intertube space

play a significant role on the mechanical response.
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Figure 5-5. Matched force-displacement responses obtained from full atomistic simulations and the coarse-grained model for four

representative lateral pressures. CG parameters are updated as a function of the lateral pressure (see text for details).

These atomistic-scale deformations will affect the CG parameters k,, for both the DWNT and

polymer chains, and also the vdW parameters ¢ and & for DWNT-DWNT, oligomer-oligomer
and DWNT-oligomer interactions. In a similar approach to study the effect of twisting on the
response of pristine CNT yarns, we have recently shown that selecting the dominant properties
and updating them in the CG model will provide an accurate computational framework [232].
Through running sensitivity analysis and tracking the change of shear strength by varying these
parameters we found the energy well depth & for the DWNT-oligomer, and oligomer-oligomer
interaction having the most significant effects on the shear strength of polymer-coated DWNTs.
In order to update these parameters as a function of lateral pressure, a training set consisting the
five shear loadings as studied in Section 5.1.3 is considered. The zero-pressure CG parameters are

obtained with the standard method explained in Section 5.1.2.2. For each lateral pressure the
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selected two CG parameters are updated to minimize the error in the force-deflection trajectories

obtained by the full atomistic and CG models.
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Figure 5-6. (a) A schematic of the full atomistic and CG models, and (b) calculated vdW parameters as a function of the lateral
pressure. These parameters are used in the CG model in order to incorporate the effect of local deformations into the mesoscale

model.

Samples of the matched force-displacement responses for four different lateral pressures are shown
in Figure 5-5. While the force-deflection response obtained from full atomistic models is smooth,
there are multiple fluctuations in the CG model results. This phenomenon is mainly because in the
full atomistic model the contact between oligomers is distributed at several locations with a large
number of atoms interacting with each other (i.e. see Figure 5-1), while in the CG model the contact
is approximated by the interaction between a smaller number of beads, each representing a cluster
of atoms (see Figure 5-6(a)). However, the results are in an acceptable agreement, and particularly
the maximum shear force is predicted accurately in the CG model. It is worth noting that the
changes in the force-displacement response at different lateral pressures originate from the local
deformations at the cross-section of CNTs and the polymer chains filling the intertube space at the
atomistic level. Hence, if the vdW parameters are not updated in the CG model, the force-
deflection response in the CG model will be independent of the lateral pressure. The required vdW
parameters for matching the full atomistic and CG models are shown in Figure 5-6. These
parameters are used in the following sections to accurately study the mechanical properties, and

particularly the shear strength of large polymer coated CNT bundles, and also twisted yarns made
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of polymer coated CNT bundles. It is worth noting that the CG model is not trained for cases where
the lateral force per unit length is larger than a critical value of P=1.2 N/m. As discussed in Section
5.1.3 and shown in Figure 5-4, for lateral forces larger than this critical value, the CNTs collapse
and the cross-section undergoes a sever deformation. As we will show in the following sections,
even in cases that a large lateral force is applied to bundles, the number of CNTs that share the
total lateral force increases and the force per unit length on each individual CNT is not larger than

this critical value.

The question to be answered in this section is how the lateral pressure will affect the shear strength
between two bundles made of several CNTs, and coated at the outer surface with the PMMA
oligomers. We have recently implemented experimental and computational studies to investigate
the shear strength between two PMMA coated CNT bundles as a function of the overlap length
[227]. In this chapter, we implement our bottom-up trained CG framework to investigate the effect
of lateral pressure on the shear strength between these bundles. It is worth noting that applying a
lateral pressure to a set of two overlapped bundles is not practical in experiments. However, CNT
bundles are subjected to a lateral pressure when used in yarns made of twisting several CNT
bundles. Our results in this section will provide novel mechanistic insights into the deformation
mechanisms involved in the loading of CNT bundles and yarns. In the next section, we will also

study a twisted yarn made of PMMA coated CNT bundles.

Molecular dynamics models are constructed inspired by the polymer-coated CNT bundles used in
our previous experimental work [227]. The CG model of each polymer-coated CNT bundle
consists of 113 hexagonally packed tubes, and polymer crosslinks are oriented perpendicular to
the bundle surface as shown in Figure 5-7(a and b). The configuration of polymer chains in this
model is slightly modified compared to the previous work [227] by modeling longer chains at the
intersection of two bundles, and also considering a slight penetration of polymer chains into the
surface of bundles at the intersection. These modifications are consistent with the experimental
observations, and also improve the match between computational and experimental results (for the
case of no lateral pressure), as will be shown in the sequel. Two bundles with identical lengths

(which represents the overlap length) are equilibrated on each other at 300 K for 1 ns as shown in
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Figure 5-7(a). After equilibration, a cylindrical indenter compresses the bundles laterally, with a

similar method used in the full atomistic models as explained in Section 5.1.3.
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Figure 5-7. (a) Schematic of two parallel CNT bundles coated with PMMA oligomers. (b) a cylindrical indenter is used to apply a
lateral pressure to the bundles, and (c) a lateral force is applied to one of the bundles to study the shear strength between the bundles
in presence of various lateral pressures. (d) The total lateral pressure is calculated from the indenter force, and cross-section view
(b) is used to obtain the approximate lateral pressure on each CNT. The shear strength for various lateral pressures is shown in

Figure 5-7 for two overlap values, and (e) calculated zero-pressure shear strength is compared against available experimental data.

At the end of compression step, one end of the lower bundle is clamped and a pulling force is
applied to the other end of the top bundle using SMD (see Figure 5-7(c)). Each simulation has
been done twice. Once, the original CG parameters are used and the force deflection is recorded
as shown in Figure 5-7(d). The total lateral force on the bundle is then calculated. Front view of
the bundles is investigated to find the number of CNTs in contact with each other at the interface.
Dividing the total lateral force by the number of CNTs in contact gives the lateral force on each
CNT in the bundle. Using the results of Section 5.1.4 (see Figure 5-6) the updated CG parameters
are obtained for the observed lateral pressure. A second simulation is then run for each case with
the updated CG parameters, which incorporates the effect of lateral pressure deformations at the
full atomistic level. In order to validate the computational model, experimental results [227] for
various overlaps with no lateral pressure are used as shown in Figure 5-7(e). As shown in this

figure, despite various complexities of the problem, the maximum shear force obtained from the
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CG model is following the experimental results with an acceptable accuracy for the trend obtained

from three representative different overlap values.

Two overlap lengths of 100 and 240 nm are selected to study the effect of lateral pressure on the
shear strength of bundles. The 500 nm overlap is only considered for the case of having zero lateral

pressure, and the effect of lateral force is only studied for two overlap values of 100 and 240 nm.
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Figure 5-8. The effect of lateral pressure on the shear strength of polymer-coated CNT bundles for two overlap lengths of (a) 100
and (b) 240 nm.

This is mainly because as the length increases, the simulations become extremely time consuming,
and for a common cross-section having larger lengths will not give much new fundamental
understanding about the deformation mechanisms. By changing the amount of compression
induced by the cylindrical indenter, different values of lateral pressure are applied to the bundles,
and the shear strength is calculated as a function of lateral pressure for both the overlap lengths as
shown in Figure 5-8. A similar trend, compared to the full atomistic models for two CNTs, is
observed for the bundles with different overlaps. The shear strength is improved by increasing the
lateral pressure up to an optimum level of pressure. Increasing the lateral pressure above this
optimum value will weaken the shear strength, due to the local effects which have been observed
at the atomistic scale, and are incorporated in the CG model by our scale bridging method. These
simulations reveal the existence of an optimum lateral pressure for maximizing the shear strength
between bundles, and the developed framework can be used as a tool to investigate an optimum
configuration with improved shear strength. In practice, the lateral pressure can be applied to the

adjacent bundles in a yarn of fiber made of CNTs by twisting the yarns. In the following section
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we study a representative case study, to show the applicability of the developed framework in

designing yarns and fibers made of polymer coated CNT bundles.

In practice, CNT bundles are used to make yarns and fibers, and it has been shown that the strength
of fabricated fibers can be enhanced by twisting the fiber up to an optimum twist angle [251-253].
The improvement in the strength is directly related to the lateral pressure that is applied to the
CNTs in a twisted yarn, which enhances the shear strength between the nanotubes with a similar
mechanism to the cases studied in Section 5.1.5. As shown in the previous sections, the shear
strength improvement in presence of a lateral pressure will be even more significant in case of
having polymer coating on the surface of bundles. In this section we consider a case study to show
how the atomistic-scale deformations and the shear strength enhancement between individual
CNTs are related to the strength of a twisted yarn. For this purpose, we implement the bridging
between the meso- and atomistic scales to study a yarn made of 19 bundles with length of 240 nm
as shown in Figure 5-9. The CG model parameters are all the same as those explained in Section
5.1.5. The bundles are all coated at the surface with chains of PMMA oligomers, each containing
8 mers (See Figure 5-9(a)). Polymer-coated CNT bundles (each consists of 113 hexagonally
packed tubes) are initially located in a closed pack arrangement as shown in Figure 5-9(b), and the
system is equilibrated at 300 K for 1 ns. After equilibration, a cylindrical indenter compresses the
bundles laterally, with a similar method used in the previous sections to guarantee the contact
between adjacent bundles in the yarn (Figure 5-9(b)). The cylindrical indenter is then removed and
the system is again equilibrated for 1 ns. It is worth noting that compared to the system studied in
Section 5.1.5, the bundles in this twisted yarn have a lower concentration of polymer coating to
reduce the computational cost (the yarn model consists approximately 2 million beads representing

the CNTs and PMMA mers), while there will be no significant effect on the studied concepts.

Two identical yarns are considered, one with the initial straight yarns and one obtained by twisting
the whole set of bundles around the axis as shown in Figure 5-9(¢). One of the bundles at the outer
surface is colored with blue in this figure to show the twisting of the yarn. In order to calculate the
lateral pressure on each nanotube in the bundles we consider an approximate method based on a
simplified model developed for textile fibers and yarns [254]. In this model an analytical

expression is calculated for the relative stress defined as P/or, where parameters of and P
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represent the specific stress in the fibers in a direction parallel to the fiber axis and the specific
stress in the lateral direction, respectively. It is shown that the distribution of relative stress is a
function of radial position r/R for different values of « in a yarn. To simplify the problem, we
consider a uniform distribution for the relative stress in the cross-section by calculating the average
value of this parameter from the center to the outer surface of the yarn. As an example for ¢ = 30°
the average value of relative stress can be approximated as 0.13 (see Figure 4-6 in [254]). By
considering a stress in the fibers direction as ~400 MPa, the specific stress and force in lateral
direction between two bundles in the yarn would be ~52 MPa and ~162.25 N, respectively. For
the considered yarn in this section with a length of 240 nm the force per unit length is

approximately 0.67 N/m.
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Figure 5-9. A twisted yarn made of polymer coated bundles to calculate the pull-out force in presence of the lateral pressure caused
by the twisting in the yarn. (a) The untwisted yarn is made by closed packing 19 polymer coated bundles with length of 240 nm,
(b) using a cylindrical indenter to help the polymer chains interact with each other, and equilibrating the system after releasing the
indenter. (c¢) The yarn is then twisted (one of the bundles in the outer layer is shown with blue), and (d) one of the bundles in the
middle layer (shown with red color) is pulled out from both the twisted and untwisted yarns. The CG parameters are updated as a
function of lateral pressure caused by the twisting (see text for details). (¢) Comparison of the pull-out force shows an approximately

25% improvement in the force by twisting the yarn.
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The calculated approximate lateral force per unit length is used to calculate the updated vdW
parameters (see Figure 5-6). The untwisted yarn is simulated with the original vdW parameters,
and the updated parameters are assigned to the twisted yarn. A pull-out test is simulated in both
cases to study the effect of twisting on the shear strength between bundles in the yarn. One of the
bundles is selected (shown with red color in Figure 5-9(d)), one end of all the other bundles is
clamped and a pulling force is applied to the other end of the selected bundle using steered
molecular dynamics. As shown in Figure 5-9(e), twisting the yarn increases the shear strength or
the maximum of the pull-out force by ~ 25% (the simulations are very time consuming because of
the large system which is studied, and the loading is stopped after finding the maximum shear
stress). It is worth noting that a significant part of this increase in the shear strength is particularly
caused by the atomistic scale deformations and increase of the contact area between the polymer
and CNTs, which is incorporated in the system by updating the vdW parameters. If these
parameters are not updated and the system is solved for both the twisted and untwisted yarns,
simulations will show a very small change in the shear strength which is unrealistic. This
framework can be used to investigate an optimum twisting angle for yarns and fibers, depending

on the manufacturing parameters.

In this investigation the effect of lateral pressure on the shear strength of polymer coated carbon
nanotubes (CNTs) is studied. Our molecular dynamics (MD) simulations shed light into the
deformation mechanisms in both the polymer chains and CNTs, and reveal the complex correlation
between the shear strength and the lateral pressure on each CNT. It has been shown that while
increasing the lateral pressure enhances the shear strength between CNTs due to increasing the
contact area between the polymers and nanotubes, there is a specific lateral pressure at which
increasing the lateral pressure above that value will weaken the shear strength. This loss in the
shear strength is shown to be interconnected with the local deformations of CNTs at the atomistic

scale.

A bottom-up bridging methodology is developed to train the mesoscale model using the MD
simulations, while the atomistic scales local deformations in the polymer chains and CNT cross-
sections are also transferred into the larger scale by adjusting the vdW interactions in the CG model

as a function of the applied lateral pressure to each CNT. This bottom-up multiscale approach is
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used to study the effect of lateral pressure on the shear strength of straight polymer coated CNT
bundles in presence of a lateral pressure on the bundle. The framework is also implemented to
investigate how twisting a CNT yarn can affect the pull-out force of a bundle from a spun yarn,

offering new avenues for materials design.

5.2 A Nanocrystalline Nickel-Graphene Nanoplatelets Composite: Superior
Mechanical Properties and Mechanics of Properties Enhancement at the

Atomistic Level

5.2.1 Overview

A relatively easy-to-fabricate nanolayered metal composite with superior mechanical properties is
introduced. The matrix is a nanocrystalline nickel in which the grain size is engineered to optimize
the strength, and monolayer particles of graphene are embedded into the matrix as reinforcing
interlayers. Atomistic-scale deformation mechanisms, and mechanics of hindering the dislocations
propagation by graphene nanoplatelets with different configurations in the nanocrystalline metallic
matrix are investigated by molecular dynamics simulations. Molecular dynamics findings are
utilized to engineer the nanostructure of metal matrix composite. Nanocrystalline nickel-graphene
nanolayered systems with optimum mechanical properties are identified, and fabricated with a
novel and cost-efficient method. The nanostructure of the fabricated composites is examined via
electron microscopy, and their mechanical performance is inspected via nanoindentation tests. The
experimental results show that a nickel graphene nanolayered system with 14% areal coverage of
graphene particles at the interlayers has improved the hardness of the nanocrystalline nickel by

almost 40%.
5.2.2 Materials and Methods

5.2.2.1 Computational Modeling

A series of molecular dynamics (MD) simulations are performed to investigate the effects of
various designs on the mechanical performance of nickel-graphene composites. An accurate
modified embedded atom method (MEAM) potential for nickel-graphene, developed by Uddin et
al. [255], is used in this chapter. In the MEAM potential, the total energy of the system is given

as:
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E= Z lFi(pi) +§ Z Siiovij(Rij)|, (5-1)

where F; , §;; and ¢;;(R;;) are embedding function for an atom i, screening function and the pair

interaction between atoms i and j which are separated by a distance R;;, respectively. Parameter

ij
p; 1s the electron background density. The electron background density at each site is computed
by combining several partial electron-density terms for various angular contributions with weight
factors t(™ (h = 0 — 3). Each partial electron density is a function of atomic configuration and
atomic electron density. The atomic electron densities p*™ (h = 0 — 3) are given in the form:

peM(R) = po exp| M (rE -1)] (5-2)

where p, and S are the atomic electron-density scaling factor and the decay length, respectively,
and both are adjustable parameters. 7, is the nearest-neighbor (NN) distance in the equilibrium
reference structure. The coefficients of this potential for nickel-graphene system are calculated and

reported by Uddin et al. [255].

All the molecular dynamics simulations in chapter 5 are performed at the finite temperature T =
300 K using time integration on Nose-Hoover style non-Hamiltonian equations of motion in
isothermal-isobaric (NPT) ensembles. Large-scale atomic/molecular massively parallel simulator
(LAMMPS) [167] is utilized for performing the simulations, and Ovito [168] visualization tool is
used for post-processing the results of MD simulations. Two 3-D periodic cells of nickel are
created in two different sizes, 500 X 500 x 500 and 250 x 250 x 250 A. For each periodic cell,
two types of polycrystals, possessing 10 grains and 100 grains, are created using Voronoi
Tessellation algorithm [204]. As a result, two polycrystalline samples with average grain sizes of
24.8, 11.9 nm are obtained from the bigger cell seize, and two polycrystalline samples with

average grain sizes of 12.4 and 5.9 nm are modeled using the smaller cell size.

The MD simulations are performed for four different embedded graphene configurations: (a) no
graphene, (b) layerwise-arranged graphene particles, (c) layerwise-arranged graphene full sheets
representing continuous large sheets of graphene in the matrix, and finally, (d) randomly oriented

graphene particles in the grains. The graphene inserts are first embedded into the polycrystals and
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then the overlapped nickel atoms are deleted. This method of incorporating the graphene particles
into a polycrystalline metal will put the graphene inserts inside the nickel grains, not necessary in
the grain boundaries. This assumption of graphene arrangements inside the metal grains is not far
from reality, since the exceptionally low thickness of monolayer graphene would allow

continuation of epitaxial [256] metal crystal growth [133, 135].

The systems are equilibrated at T = 300 K for 20 ps. After equilibrium, the simulation boxes are
deformed in compression about 10% of their original size in z direction, which is perpendicular
to the graphene planes, during 100 ps and 50 ps loading times. These two loading conditions
represent the strain rates of 10° and 2 x 10°1/s. For simulating the materials performance under
indentation loadings, a 3-D computational cell of nickel-graphene with the size of 250 X 250 X
250 A with 10 grains is modeled and a spherical indenter with radius of 50 A is utilized to indent
the system. The system is periodic in x and y directions. After equilibration at T = 300 K for
20 ps, the system is compressed by the indenter in z direction for 100 ps and then unloaded for
100 ps while the two bottom atomic layers are fixed. More details of implementing MD to study
metallic systems, and particularly tracking the structural changes in the crystal structure are

reported in our recent works [95, 96, 257].

Note that the compression loading along z-direction (perpendicular to the graphene nanosheets)
was chosen for the main MD simulations in favor of consistency between the numerical and
experimental studies (as it is discussed in Section 5.2.2.3). However, since the material system
introduced in this study is anisotropic, several MD simulations with both the tensile and
compressive loadings along the three different directions are performed to clarify the contribution
of graphene particles in strengthening the designed nickel nanolayered composites under various
modes of deformation. MD simulations results are reported and discussed in Section 5.2.3.1 as

well as in the supplementary document [258].

Figure 5-10 summarizes the steps towards fabricating the nickel-graphene nanolayered composites
and how electron microscopy is employed to characterize the fabricated composites. As shown in
the figure, circular wafers of Si <100> single crystal with diameters of 25.4 mm, by
UniversityWafer Inc., are used as substrates for fabricating the nickel-graphene nanolayered

composites. A PVD-250 E-beam evaporation system, by Kurt J. Lesker Co., is employed for metal
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thin film depositions. As the first layer, a 20 nm thick film of titanium is deposited over the clean
silicon wafers in order to improve the adhesion between the material and the substrates. Then, a
150 nm thick layer of nickel is deposited over the titanium coated silicon wafers at 2.0 A/s
deposition rate under 5.0x10° Torr pressure. The deposition rate is monitored in-situ by a crystal
thickness monitor mounted inside the PVD-250 chamber. After nickel deposition, the silicon
wafers are taken out of the E-beam evaporation chamber in order to start the graphene layer

insertion procedure.

The graphene layer insertion procedure is performed via spin-coating of aquatic dispersions of
graphene flakes over nickel coated wafers. The aquatic solutions contained four different
concentrations of graphene flakes; 0.025, 0.050, 0.075, and 0.100 wt.% graphene in water. The
desired concentrations are obtained from adding deionized (DI) water in a 1.0 wt.% research grade
graphene water dispersion, by US Research Nanomaterials Inc. According to the specifications by
the vendor, the graphene nanoplatelets possessed 0.55-1.2 nm thickness, which corresponds to
mono and double layer graphene, and 1-12 pm diameter. The graphene dimensions are confirmed
later with electron microscopy. The spin-coating procedure is performed at 2000 rpm speed for
40 s. As aresult of spin-coating the various graphene concentrations various coating configurations

of graphene flakes over the nickel metal deposited samples are obtained.

After this procedure, the graphene coated samples are put back in the E-beam evaporation chamber
to deposit another layer of 150 nm thick nickel over the samples. The graphene and nickel
deposition cycles are repeated three times more in order to obtain the designed nickel-graphene
nanolayered composites. At the end of the sample preparation procedure, the samples possess 5
layers of 150 nm thick nickel metal. Between each two neighbor nickel layers, a thin layer of
graphene particles is embedded. The samples are labeled as R (reference), D (dilute), M (medium),
H (high), and SH (super high) representing the corresponding contained graphene dispersion
concentrations. In other words, the samples named D, M, H, and SH undergo the spin-coatings of
graphene dispersion concentrations of 0.025, 0.050, 0.075, and 0.100 wt.%, respectively, and the

R sample do not have any graphene layer.

A LEO (Zeiss) 1550 field-emission scanning electron microscope (FE-SEM) is used to examine
the quality of the graphene coatings over the nickel layers. The same FE-SEM system is used to

see the cross-section of the nanolayered composites to confirm the uniformity of the nickel layers
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and probe their crystallinity. The coated silicon wafers are freeze-fractured using liquid nitrogen
in order to prepare their cross-section for the electron microscopy. TEM samples are also prepared
and a JOEL 2100 transmission electron microscope (TEM) is employed to study the crystalline
structure of the nickel layers. Selected area diffraction patterns (SADP) are obtained to confirm

and quantify the crystallinity of the nanolayered nickel samples.
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Figure 5-10. Schematic sketch of the nickel-graphene nanolayered composites fabrication. E-beam evaporation is used to deposit
the first nickel layer on the silicon substrate. Graphene particles dispersion in water is spin-coated over the nickel layers. The whole
process is repeated four times to achieve 5-layered nickel-graphene composite nanolaminates. Scanning electron microscopy is
used to investigate the quality of the graphene particles spread over nickel layers, as well as the cross-section of the fabricated

composites. Transmission electron microscopy is used to evaluate the crystallinity of the nickel layers.

5.2.2.3 Nanoindentations

A NanoTest®, by Micromaterials Inc., is used to perform nanoindentation tests on the fabricated
nickel-graphene nanolayered composites in order to study the effect of different graphene particles
at the interlayers on the elastic modulus and hardness of the composites. The load-controlled
nanoindentation tests are performed using a diamond Berkovich indenter tip at three maximum
load levels of 5.0, 10.0, and 20.0 mN. Nine indentations are done per each load case under fixed
20 s loading, 5.0 s dwell period at maximum load, and 20 s unloading times. The load-depth data

is recorded during the nanoindentation tests and the data is corrected for thermal drift using a 30 s
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dwell period at 10% maximum load. The data is analyzed using Oliver-Pharr method [259, 260]

to obtain the hardness and reduced modulus of the nickel-graphene composites.

5.2.3.1.1 Strengthening Mechanisms and Grain Size Effect

Compressive stress-strain curves, for the atomistic simulation models under compressive loadings
at 10° 1/s strain rate, are shown in Figure 5-11 for four different average grain sizes. Figure 5-11
(a) shows the compressive stress-strain behavior when there is no graphene inside the
polycrystalline nickel grains, while Figure 5-11(b) and (c) represent the results when graphene
particles and graphene full sheets are added, respectively, as layers into the nanocrystalline nickel
structures. Strength is indicated by flow stress values shown in Figure 5-11(d). The flow stress is
calculated as the average of the stress values obtained from the stress-strain curves beyond the
strain level of 0.07 after which the stress-strain curves for almost all the material systems exhibit
a plateau-like behavior. Comparing the results of nickel nanocrystals with no graphene, it can be
seen that as the average grain size decreases from 24.8 to 11.9 nm, the flow stress increases, and
as the grain size decreases further to 5.9 nm, the flow stress drops. These results are in agreement
with the reported values in the literature [143-146]. This phenomenon is due to different
deformation mechanisms in nanocrystalline metals, where at coarser grain sizes (>12 nm) plastic
deformation is mostly governed by dislocations nucleation and growth through the grains,
representing the so called Hall-Petch effect, while at finer grain sizes (<12 nm) the role of the
atomic sliding at the grain boundaries in the plastic deformation gets more highlighted, illustrating
a reverse Hall-Petch effect. Since the simulations start at a dislocation-free situation, for coarse-
grained nanocrystal systems, high stress is needed to nucleate dislocations inside the grains.
However, as dislocations start to move inside the grains, due to the large grain sizes, significant
plastic deformation occurs and stress is released to some extent. That is the reason for the
compressive stress-strain curves of the coarse-grained models to demonstrate an overshot peak

[147].
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Figure 5-11. Compressive stress-strain response of the nanocrystalline nickel layered systems with different average grain sizes
(GS) under compression loading at the strain rate of 10° 1/s for the systems with (a) no graphene, (b) graphene particles, and (c)
layered graphene full sheets. (d) Flow stress obtained from the stress-strain curves at different average grain sizes of the
nanocrystals. It is evident that the pure nanocrystalline nickels with the average grain size of ~12nm possess the optimum grain
size to have the highest flow stress under compressive loads. Both the graphene particles and graphene full sheet interlayers have

strengthening effects on the nanocrystalline nickels with different average grain sizes.

It is well stablished in the literature that, nanocrystalline metals reach a maximum strength at an
average grain size in which the Hall-Petch deformation regime transfers to the reverse Hall-Petch
regime [147]. For nickel nanocrystals, this cross-over which is corresponding to the maximum
possible strength, occurs around 10-12 nm average grain size [148], which is evident from the
results of Figure 5-11. However, when graphene layers are added into the nickel nanocrystalline
structure, the strength of the nanocrystals improves even further. This improvement in the strength
is achieved at all the grain sizes reinforced with both the layered graphene full sheets and the nickel

particles interlayers.

Inferred from the results of Figure 5-11(d), the improvement in flow stress via adding the layered
graphene sheets is more pronounced in the coarse-grained structures where ~40% improvement
was obtained. The mechanism behind this significant improvement can be observed in Figure 5-12.
As shown in the top row in Figure 5-12, as the applied strain goes beyond 0.055, the nucleated
dislocations tend to grow through the grains up to the point that they are hindered by the grain
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boundaries. However, at the presence of graphene interlayers (second row of Figure 5-12), the
growing dislocation loops are almost fully trapped by graphene sheets at earlier stages of their
propagation. This mechanism limits the plastic deformation explaining the significant
strengthening effect of layered graphene sheets. Similar trend is observed in the nickel

nanocrystals reinforced with layers of graphene particles (third row of Figure 5-12).
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Figure 5-12. Deformation steps of nanocrystalline nickels with average grain size of 24.8 nm reinforced with no-graphene (first
row), layered graphene sheets (second row), and graphene particles (third row) interlayers under compression strain loading up to
0.10. The dislocations travel through the grain as the strain increases unless they are stopped by grain boundaries (in the first row),

layered graphene (second row), and graphene particles (third row).

Taking a closer look at a cross-sectional cut from the graphene reinforced nanocrystals, provided
in Figure 5-13, reveals the interaction between graphene layers and dislocation motions. As shown
in Figure 5-13(a) and (c), the dislocations, grown inside the grains on top and below the graphene

layer, are fully stopped when they met graphene.

However, in the presence of graphene particles, shown in Figure 5-13(b) and (d), some dislocations
are fully, and some partially, hindered by the graphene flakes. These dislocation motion stoppage
mechanisms have caused the compressive stress-strain response of the nanocrystal systems to
delay the onset of yielding (Figure 5-13(d)), resulting in exhibiting higher flow stress. Therefore,
as quantitatively shown in Figure 5-11(d), 14% and 40% improvements in the strength of the nickel
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nanocrystal with an average grain size of 24.8 nm were obtained via reinforcing with layered

graphene sheets and graphene particles, respectively.
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Figure 5-13. Strengthening mechanism in the nanocrystalline nickels with average grain size of 24.8 nm reinforced with (a and c)

layered graphene sheets and (b and d) graphene particles. It is shown that how dislocations motions are fully stopped by graphene

sheets and partially stopped by graphene particles. (¢) Comparative compressive stress-strain curves of the systems reinforced

differently. It is evident that graphene interlayers have raised the flow stress.

In case of nanocrystals with finer average grain sizes (e.g. 11.9 nm) similar strengthening effects

can be observed when the reinforcing graphene interlayers are added into the systems. Figure 5-14

shows these nanocrystals under compressive loading, revealing how the deformation mechanisms

set as compressive strain increases.

In the case of nanocrystalline nickels with the average grain size of 11.9 nm, the governing plastic

deformation mechanism is a mixture of Hall-Petch and reverse Hall-Petch effect. Hence, compared
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to the coarse-grained systems shown in Figure 5-12 and Figure 5-13, the reinforcing graphenes,
embedded into the fine-grained systems of Figure 5-14, act slightly different in strengthening the
system. Figure 5-15 shows a magnified view of cross-sectional cuts from the graphene reinforced
nickel nanocrystalline systems under high compressive strain. Similar to the systems with coarser

grain size, growing dislocations are trapped by graphene sheets and particles.
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Figure 5-14. Deformation steps of nanocrystalline nickels with average grain size of 11.9 nm reinforced with no-graphene (first
row), layered graphene sheets (second row), and graphene particles (third row) interlayers under compression strain loading up to
0.10. The dislocations travel through the grain as the strain increases unless they are stopped by grain boundaries (in the first row),

layered graphene (second row), and graphene particles (third row).

Furthermore, since atomic sliding at the grain boundaries is another plastic deformation
mechanism at nanocrystals of this grain size, it can be seen that dislocation buildups due to atomic
sliding at grain boundaries are stopped by graphene layers. Particularly, in Figure 5-15(b) graphene
particles are deformed slightly to prevent the atoms at the grain boundaries from sliding.
Comparing the systems with the graphene particles and layered graphene sheets, the latter system
has a greater chance to contribute to the strengthening mechanism. Therefore, in the compressive
stress-strain curves illustrated in Figure 5-15(e), the system with the layered graphene exhibits
higher flow stress than the system with graphene particles. However, the graphene particles were

also successful to fully or partially block the dislocation growth.
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Figure 5-15. Strengthening mechanism in the nickel nanocrystals with average grain size of 11.9 nm reinforced with (a and c)
layered graphene sheets and (b and d) graphene particles. It is shown that how dislocations motions are fully stopped by graphene
sheets and partially stopped by graphene particles. Additionally, dislocation buildups at the grain boundaries due to atomic sliding
are stopped by the graphene inserts. (¢) Comparative compressive stress-strain curves of the systems reinforced differently showing

graphene interlayers successfully increase the flow stress of the nanocrystalline nickel.

5.2.3.1.2 Strengthening effects of graphene particles under other modes of deformation

As mentioned in Section 5.2.2.1, two more series of MD simulations are performed on the material
systems with the average grain size of 12.4 nm, which in the first one, the tensile strain, and in the
second one, compressive strain is applied along the three principal directions. The tensile and
compressive stress-strain curves are shown respectively in Figures S1 and S2 of the supplementary

document [258] for the models with and without layered graphene particle reinforcements. The
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tensile and compressive flow stress values for each stress-strain curve are calculated and presented
in the bar chart of Figure 5-24 [258]. For all the loading modes and directions, the nanocrystalline
nickel shows improvements in the flow stress due to existence of graphene particle interlayers.
This strength improvement can be attributed to the dislocation blocking capabilities of the

graphene particles explained in Section 5.2.3.1.2.

Figure5-25 illustrates a comparison between the stress-strain response of the material systems in
tension and compression [258]. For both the systems with and without graphene reinforcements,
the compressive strength is higher than tensile strength. This tension compression asymmetry has
been reported in the literature for nanocrystalline metals [261, 262]. This is due to the fact that in
the nanocrystalline metals, dislocations emission is more difficult to occur under the existence of
compressive stress than under tensile stress [261, 262]. However, the existence of the interlayer

graphene nanosheets has increased the strength both in tension and compression.

5.2.3.1.3 Loading Rate Effect
In addition to the aforementioned atomistic simulations performed at 10° 1/s strain rate, a series
of simulations are also performed at 2 X 10° 1/s strain rate, in order to study the effect of loading

rate on the strengthening mechanisms of graphene interlayers.
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Figure 5-16. Compressive stress-strain behavior of the nickel crystalline systems reinforced with no graphene, graphene particles,
and layered graphene sheets under slow loadings at the strain rate of 10° 1/s and faster loading at of 2 X 10° 1/s strain rate. The
curves for the higher strain rate loading illustrate overshoots. However, these overshoots are followed by drops in stress level.

Regardless of strain rate, the graphene interlayers successfully increase the flow stress at nanocrystalline nickel composites.
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Figure 5-16 shows the compressive stress-strain curves for the system with average grain size of
24.8 nm with different configurations of graphene interlayers at the two abovementioned strain
rates. As well-stablished in the literature [147], when the strain rate increases, higher stress is
needed to be built up to nucleate dislocations from the grain boundary sources, and as strain
increases further, significant plastic deformations and therefore a drop in the stress level appears
due to growing the dislocation inside the grains. This phenomenon is more evident in coarser-
grained polycrystals. Therefore, a jump in the stress-strain curves associated with a distinctive
peak can be seen for the systems with no graphene interlayers. However, at the lower strain rate,
the existence of graphene interlayers, especially the layered graphene sheets, stops the nucleated
dislocations from growing, resulting in maintaining the stress level. Hence, the reinforcing

capabilities of the graphene interlayers are more significant at lower strain rates.

5.2.3.1.4 Random Orientation of Graphene Dispersion

As discussed in the previous sections, when the graphene sheets or particles are distributed
layerwise and perpendicular to the loading direction inside a nickel nanocrystalline systems,
significant improvements in the strength of the nickel nanocrystals can be achieved. A series of
simulations are also performed to examine the effect of nickel particle inserts, as they are randomly
oriented inside the nickel nanocrystals, on their mechanical strength. Although fabricating such a
configuration is practically very difficult, our simulations will show the efficiency of the system if
graphene particles are randomly arranged inside the grains. Figure 5-17(a) presents the
compressive stress-strain curves of atomistic models with two different average grain sizes, with
and without randomly oriented nickel particles, under the fast loading condition along z-direction.
It can be seen that almost no improvement in the strength of the nanocrystalline systems is evident.
The compressive stress-strain curves of the same material system with the loading along x- and y-
directions are also presented in Figure5-26 [258]. The role of graphene inserts in the deformation
mechanism is shown in Figure 5-17(b-e) and Figure5-27 [258]. Similar to the graphene interlayers
in the previous simulations, the graphene particles have successfully blocked some dislocations
from propagating (Figure 5-17(e) and Figure5-27 (c, e and f)). However, some dislocations have
initiated from the tip of the graphene inserts (Figure 5-17(d) and Figure5-27(a)). In nanocrystalline
metals, since the grain sizes are too small, there is no enough space for dislocations to initiate and

grow inside the grains [147].
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Figure 5-17. Performance of the nanocrystalline nickel samples with two different average grain sizes reinforced with randomly
oriented graphene particles under fast loading rate. (a) Compressive stress-strain response. (b) Graphene arrangement inside a
nickel nanocrystal. (¢) Cross-sectional cut showing graphene/dislocation interactions. (d) Graphene particles with dislocations
initiated at their tip. (¢) A graphene particle that has stopped dislocations motion. Inferred from the stress-strain curves, the

deteriorating and strengthening effects of randomly oriented graphene particles cancel out each other.

Furthermore, the MD simulations start from a defect-free grains condition [147]. Therefore,
dislocations tend to initiate at the regions where a discontinuity in the crystalline structure exists;
i.e. from the grain boundaries or from the tip of the graphene inserts. When the graphene inserts
are arranged in a layerwise order inside the nanocrystalline matrix, a dislocation initiated at the tip
of a graphene nanosheet has a relatively high chance to be blocked by the graphene nanosheets
placed in the next interlayer region. In contrary, the material system reinforced with randomly
oriented graphene nanosheets does not optimally benefit from this capability. Therefore, the

layerwise arrangement of the graphene particles inside the material system plays a key role in
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strengthening the material. In the case of randomly oriented graphene reinforcements, the
dislocation initiating and dislocation blocking contributions of the graphene particles have
cancelled out one another’s effect on the strength of the system resulting in no significant change

in the compressive stress-strain behavior.

5.2.3.1.5 Nanoindentation

In order to study the effects of reinforcing graphene interlayers under more complicated loading
situations a series of atomistic models are developed to simulate the response of graphene
reinforced systems to a nanoindentation loading. Comparing the simulations with real-life
indentation loadings, the simulations loading rate is much higher. However, it is shown in the
literature [139, 263] that for the average grain size of 4.9 to 12.1 nm and indentation depth of
around 2.7 nm, the nanoindentation simulations are in a good qualitative agreement with

experimental results. Therefore, satisfying these conditions, our study is qualitatively valid.

Our simulated nanocrystalline nickel systems are only reinforced with graphene particles, not full
sheets of graphene. However, various areal fractions of particles are introduced into the models,
as low, medium and high densities. The developed atomistic models, under indentation loadings,
are shown in Figure 5-18(a-c). Figure 5-18(a), which is the system with no graphene particles,
shows how a high density of dislocations are developed under the indenter head and propagated
through the thickness of the polycrystal. Low density of graphene particles, in Figure 5-18(b),
however, has partially blocked the dislocations. In contrast, the model with high density of
graphene particles in Figure 5-18(c) shows the effect of graphene particles to block the attack of
dislocations to the lower layers of nickel nanocrystal. This is the reason that in the load-depth
curves of Figure 5-18(d), the nickel-graphene systems with medium and high graphene particle

contents shows higher required loads for indentation to a given depth.
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Figure 5-18. Nickel nanocrystals reinforced with (a) no graphene, (b) low and (c) high areal coverage of graphene particles under
indentation loadings. (d) Load-depth curves of the nanoindentation simulations showing that the simulation with medium and high

densities of graphene interlayers, on average, require higher levels of indentation force at a certain penetration depth.

5.2.3.2 Experimental Results

As previously discussed, nickel-graphene nanolayered composites inspired by the results
molecular dynamics simulations are tried to be fabricated. The fabricated composites possess
various areal coverages of monolayer graphene particles at their interlayers. The composites
undergo nanoindentation loadings to determine an optimum areal coverage of graphene particles

able to strengthen the nanocrystalline nickels at a high level.

5.2.3.2.1 Graphene interlayers

The nickel films covered with different concentrations of graphene dispersions are studied under
FE-SEM, shown in Figure 5-19, to examine their graphene coverage. As shown in Figure 5-19, as
graphene concentration increases, the areal coverage over the nickel layers increases. The FE-SEM
micrographs, taken from different zones and with different magnifications, are analyzed using an
image processing tool called, Imagel, to quantify the areal coverage of graphene particles in the

interlayer regions. As the result, D, M, H, and SH sample configurations demonstrated
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13.7+0.59%, 22.2+1.00%, 26.2+1.89%, and 34.3+0.44% graphene areal coverage, respectively, in
their interlayer regions. However, with increase in the graphene concentration, more agglomerated
graphene flakes remain on the nickel surface. These agglomerates in the interlayer regions
potentially provide unwanted discontinuity in the nanolayered composites structures which can
limit the capability of the graphene layer in interlocking the dislocations growth inside the
structure. However, when the nanolayered composites are under loading conditions and
dislocations grow in a metal layer, wider areal coverage of graphene flakes increases the desired

chance of dislocations being stopped.

Figure 5-19. The nickel films covered with different concentrations of graphene dispersion. D, M, H, and SH are undergone the
spin-coatings of graphene dispersion concentrations of 0.025, 0.050, 0.075, and 0.100 wt.%, respectively, and the R sample did not
have any graphene layer. Graphene agglomerates can be observed as graphene content in the dispersion increases, as shown in the

magnified picture.

5.2.3.2.2 Nickel layers

The crystalline structure of the nanolayered nickel composites is shown in the micrographs of
Figure 5-20. Bright field TEM images of a deposited nickel layers, shown in Figure 5-20(a and b),
confirms that the nickel layers possess a polycrystalline structure with grains diameters of ranging

from few nanometers up to 40 nm. The average grain size of the nanocrystalline structure is

measured to be 18.3 nm, which is close to the optimum grain size corresponding to the strongest
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nickel nanocrystalline structure (~12 nm). The selected area diffraction pattern (SADP), shown in
Figure 5-20(c), exhibited three complete shining rings revealing that the grown nano-grains have
no preferred crystal orientations. Circle Hough transform (CHT) analysis of the SADP is
performed to calculate the interplanar spacing (d-spacing) associated with the distinct circles. It is
revealed that the calculated interplanar lattice spacings correspond to the ones known for FCC

nickel.

The layered structure of the designed nanolayered composites is shown in the cross-sectional SEM
image of Figure 5-20(d). The magnified inset illustrates the crystalline structure from the side
view. The nickel nanosized grains can be observed in this picture. The grain sizes detected in this

SEM micrograph is similar to the ones in the TEM images of Figure 5-11(a).

Figure 5-20. Transmission electron microscopy (TEM) images of nickel thin layers show at different magnifications in (a) and (b).
The grain size is ranging from few nanometers up to 40 nm with an average size of 18.3 nm. (c) Selected area diffraction patterns
(SADP) revealing the nanocrystalline structure of the nickel layers corresponding to FCC nickel structure with no preferred crystal
orientation. (d) and (e) Cross-sectional scanning electron microscopy (SEM) images of the nickel nanolayered composites at two

different magnifications.
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5.2.3.2.3 Nanoindentation

The representative load-depth curves of the load-controlled performed nanoindentation tests are
plotted in Figure 5-21(a), (b) and (c) for maximum indentation loads of 5.0, 10.0, and 20.0 mN,
respectively. Strengthening effect of graphene particles at the interlayers can be seen for the nickel-
graphene systems with low graphene content (Dilute), for which at a given input load, the nickel-
graphene system has undergone less penetration depth. In contrary, the nickel-graphene systems
with the highest graphene particle contents (Super High), underwent deeper penetration. From the
load-depth curves for all the individual indentations, average hardness and reduced moduli of the
samples are obtained and shown in Figure 5-21(d) and (e) respectively. For almost all the load
cases, the nickel-graphene systems with dilute, medium and high contents of graphene particle
interlayers exhibit improvements in hardness. Particularly, 39% improvement in the hardness of

nanocrystalline nickel is observed for the dilute sample at the maximum load of 10.0 mN.
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Figure 5-21. The representative load-depth curves of the load-controlled performed nanoindentation tests for maximum indentation
loads of 5.0 mN (a), 10.0 mN (b), and 20.0 mN (c). Average of the obtained results; (d) hardness, and (e) reduced modulus. The
nickel-graphene nanolayered composite with ~13.7% areal coverage of graphene particles at the interlayers is the optimum

configuration with the highest improvements in the hardness.

The capability of the graphene particle interlayers in blocking the dislocations inside the nickel
grains, as observed in the numerical simulations, can be the main reason for the hardening effects

observed in the experiments. However, for the super high content of graphene particles, an evident
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drop in hardness can be observed. This can be due to the existence of graphene agglomerates in
the interlayer regions shown in Figure 5-19. In summary, the high concentration of graphene
particles in the solution used in fabricating this specific sample configuration is the reason behind

decrement in hardness.

The reduced modulus is calculated using a curve fitting at the unloading part of the load-depth
curves. Taking the standard deviation into account, no significant change was observed in the
reduced modulus of the nickel-graphene nanolayered composites. Retaining the elastic modulus
confirms that this method of integrating the graphene nanosheets has not changed the interatomic

bonding in the nickel nanocrystalline structure [264].

In the present work, we introduced a new nickel-graphene nanolayered composite system in which
instead of reinforcing large individual graphene sheets in the interlayer area, monolayer graphene
flakes are spread inside the interlayers. In this composite only a fraction of the interlayer area
(13%-30%) 1s covered. This graphene-metal nanolayered composite system is relatively easy and
cost-effective to fabricate in large scales. At the first steps of this study, a systematic investigation
on the effect of various graphene reinforcement configurations on the nickel-graphene systems
performance is performed by utilizing a series of atomistic simulations. The molecular dynamics
simulations of various nanocrystalline nickel-graphene systems are performed, for the first time,
for a polycrystalline system under both compression and nanoindentation loadings to reveal the
effects of metal average grain size, simulation cell size, graphene reinforcements’ configuration,
and loading rate. It is revealed that at a certain average grain size range (~12 nm) the
nanocrystalline nickel illustrates a maximum strength. This is due to the fact that plastic
deformation mechanism transfers from a Hall-Petch regime, governed by dislocation growth inside
the grains, into a reverse Hall-Petch regime, governed by atomic sliding at the grain boundaries.
Our atomistic simulations were successfully able to capture this transfer in the deformation
mechanisms. It is also revealed that graphene full sheets and particles can effectively hinder
dislocations growth and atomic sliding, fully or partially, resulting in strengthening the material
system under compression. However, when graphene particles were randomly oriented inside the
polycrystalline nickel, no meaningful change in the strength was observed. Moreover, the

molecular dynamics simulations of nanoindentation loadings confirmed the role of graphene
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particle interlayers in hardening of material system via hindering the dislocation growth through
the metal grains. Inspired by the results of the atomistic simulations, the best applicable nickel-
graphene nanolayered systems (with an average grain size of 18.3 nm which is very close to the
optimum grain size corresponding to the maximum strength of nickel polycrystals) are identified
and fabricated. The fabricated nickel-graphene nanolayered composites are mechanically
characterized with nanoindentation experiments to quantify their hardness. The experimental
results show that a nickel graphene nanolayered system, with only 14% areal coverage of graphene
particles at the interlayer, has improved the hardness of the nanocrystalline nickel by almost 40%.
As the result of this investigation, it is confirmed that the introduced material system benefits from
both the nanocrystallinity of the metal as well as the strengthening effects of the graphene

interlayers.

5.2.5 Supplementary Document
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Figure 5-22. Tensile stress-strain response of the nanocrystalline nickel layered system with average grain size of 12.4 nm
reinforced with graphene particles under different loading directions. x- and y-directions are in the graphenes’ plane, and z-direction

is perpendicular to the graphenes’ plane.
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Figure 5-23. Compressive stress-strain response of the nanocrystalline nickel layered system with average grain size of 12.4 nm
reinforced with graphene particles under different loading directions. x- and y-directions are in the graphenes’ plane, and z-direction

is perpendicular to the graphenes’ plane.
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Figure 5-24. Flow stress obtained from the stress-strain curves of the nanocrystalline nickel layered systems with average grain
size of 12.4 nm reinforced with graphene particles under different loading directions. x- and y-directions are in the graphenes’

plane, and z-direction is perpendicular to the graphenes’ plane.
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Figure5-25. Comparison between the tensile and compressive stress-strain response of the nanocrystalline nickel layered systems
with average grain size of 12.4 nm reinforced with graphene particles under different loading directions. x- and y-directions are in

the graphenes’ plane, and z-direction is perpendicular to the graphenes’ plane.
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Figure5-26. Compressive stress-strain response of the nanocrystalline nickel reinforced with randomly oriented graphene particles

under loadings in three different directions x, y and z.
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Compressive Loading in y Direction

Figure5-27. Randomly arranged graphene particles inside a nickel nanocrystal under compressive loading in both x and y directions.
(a) Graphene particles with dislocations initiated at graphene nickel interface. (b) Graphene particles with dislocations initiated at
graphene tips and graphene nickel interface. (c) A graphene particle that has stopped dislocations motion. (d) Graphene particles

with dislocations initiated at graphene tips. (e, f) A graphene particle that has stopped dislocations motion.

5.3 A Nanocrystalline NiTi-Graphene Composite: Mechanics of Properties

Enhancement at the Atomistic Level

5.3.1 Overview

NiTi alloys possess two stable lattice structures at different stress or temperature conditions due to
their two unique properties, the shape memory effect and the pseudoelastic response. These
properties enable them to change their crystallographic structure between austenite and martensite
phase in response to either mechanical or thermal loadings. The hysteretic pseudoelastic response
of NiTi alloys [97, 100, 101] provides an ideal energy dissipation and damping capabilities for
these alloys and make them a superior candidate to be used in passive control devices [210-212]
to damp the energy in high-strain-rate and shock loading conditions [102]. As it was discussed in
the previous sections, NiTi alloys show interesting behavior under shock wave loading condition.
It was revealed that the dissipated energy is due to both plastic deformation and phase
transformation and the small portion of the energy dissipation is due to plastic deformation. Since,
the plastic deformation is an undesired phenomenon and in order to prevent the propagation of the

plastic deformation in the NiTi alloys under loading, graphene nanoplatelets (GNPs) are used to
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make a metal matrix composites (MMCs) which is capable of interlocking dislocations and
preventing the propagation of plastic deformations. Carbon based nanomaterials, such as graphene
GNPs or graphene nanosheets (GNSs) have outstanding mechanical strength and stiffness. Beside,
great mechanical properties of GNSs, their unique 2D geometry has encouraged their application
in a recently new type of metal matrix composites, metal nanolayered composites [135]. Metal
nanolayered composites with high density interlayers have been shown to be capable of
interlocking dislocations [265]. In our recent work [265], we performed molecular dynamics
simulations of various nanocrystalline nickel-graphene systems, for a polycrystalline system under
compression loadings to reveal the effect of graphene reinforcements on the mechanical properties.
We revealed that graphene full sheets and particles both can effectively hinder dislocations growth
and atomic sliding, fully or partially, resulting in strengthening the material system. Hence, using
GNPs as a reinforcement in material systems are preferred since it is more cost-effective. In this
work, we study the effect of adding GNPs to polycrystalline NiTi alloys on mechanical properties.
Moreover, the interaction of the graphene particles with plastic deformation propagation in NiTi

alloys are studied at the atomistic scale.

A series of molecular dynamics (MD) simulations are performed to investigate the effects of
adding graphene particles on the mechanical properties of polycrystalline NiTi alloys. In order to
define the interaction between Ni and Ti atoms, the many body interatomic potential, which was
originally developed by Lai et al. [203] and subsequently improved by Zhong et al. [93] are used.
The details of the potential function and the corresponding parameters are explained in Section
3.2.1. The coefficients for this potential have been calculated and reported by Zhong et al. [93] for
cut-off radius 7, = 4.2 A. In order to define the interaction between C atoms, CH.airebo potential
is used. Moreover, LJ parameters 0.125 eV, 2.05 A and 0.327 eV, 2.1 A are used to define the

interaction between Ni-C and Ti-C atoms, respectively.

In the present work the hybrid pair-style of eam and airebo potentials and 1j parameters are used
and Large-scale atomic/molecular massively parallel simulator (LAMMPS) [167] are utilized for
performing the simulations, and Ovito [168] visualization tool is used for post-processing the
results of MD simulations. The polycrystalline cells are created using Vorronoi Tessellation

algorithm [204]. The four different periodic computational cells with the average size of 500 X
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500 x 500 A and the average grain sizes of 10.5 13.5, 23 and 27.5 nm are considered. Using
these computational cells, two sets of MD simulations are performed. One set of simulations
includes the four polycrystalline NiTi structures and the second set contains the four
polycrystalline NiTi-graphene composites made by adding the graphene particles in to the
polycrystalline NiTi alloys.

Figure 5-28 shows the stress-strain behavior of the pure nanocrystalline NiTi and graphene particle
reinforced nanocrystalline NiTi systems under compression loadings. As mentioned earlier, the
nanocrystalline systems have four different average grain sizes of 10.5, 13.5, 23, and 27.5 nm
whose stress-strain curves are shown in Figure 5-28 (a) to (d), respectively. The materials are
loaded up to the strain of 0.15 at 7.5 X 108 1/s strain rate. It can be seen that at the early stage of
loading less than 0.02, the curves show a linear elastic behavior expected from austenite NiTi. As
the strain increases, the material systems show the martensitic phase transformation behavior.
Beyond certain strain level, the stress drops, showing the failure of the material as a result of plastic
deformation. The maximum stress level is referred to as strength. Beyond this strain level at the
bulk material failure, the material shows a flow behavior indicating the propagation of plastic
deformations throughout the NiTi structure. Inferred from the curves of Figure 5-28, the presence
of graphene particles increases the strength of NiTi nanocrystals for all system with different
average grain sizes. Besides, graphene particles did not change the overall shape of the strain-
stress curves confirming the fact that this arrangement of graphene reinforcements do not have any
effect on the phase transformation capabilities of nanocrystalline NiTi. This is more evident at the
curves of Figure 5-28(c) and (d) for the coarser grain sizes (23 and 27.5 nm), where the curves of
the pure NiTi and NiTi-graphene systems coincide up to the strain level of 0.06. However, for the
fine grain sizes of 10.5 and 13.5, the stress level for the graphene reinforced systems gets a little
bit higher than the pure NiTi systems after the initial linear portion. This could be due to the
difference in the deformation regimes at finer vs. coarser grain size NiTi systems, which will be

discussed in the coming sections.
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Figure 5-28. Compressive stress-strain responses of the nanocrystalline NiTi and NiTi-graphene systems under compression

loading at the strain rate of 7.5 X 108 1/s for grain sizes of (a) GS ~ 10.5 nm, (b) GS ~ 13.5 nm, (c) 23 nm and GS ~ 27.5 nm.

Figure 5-29 shows the maximum stress that different material systems withstand, i.e. strength. As
discussed in [147, 265] for polycrystalline metals, it is well stablished that as the average grain
size gets smaller, the material gets stronger. This phenomenon, which is called Hall-Petch effect,
is due to the plastic deformation regime controlled by dislocations’ propagation inside the grains.
In this mechanism, a dislocation initiated due to defects inside a grain, propagates through the
grain until dislocation reaches the grain boundary and stops. The larger the grain, the longer the
distance a dislocation could travel before it is trapped at the grain boundary, and therefore, the
material experiences more plastic deformation. Hence, the polycrystalline with larger grain sizes
show lower strength. The Hall-Petch effect is valid as long as plastic deformation mechanism is
governed by the dislocation propagation inside the grains. However, at very fine grain sizes
(usually less than 20 nm), the plastic deformation propagation is different, where due to the high
volume ratio of grain boundary regions, the governing plastic deformation is atomic slip at the
grain boundaries. For this regime of plastic deformation, as the average grain size goes smaller,

the volume ratio of the grain boundaries gets higher and therefore, the material experiences more
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plastic deformation, resulting in lower strength. This effect is called inverse Hall-Petch. As a result
of these plastic deformation mechanisms, there exists an average grain size for every
polycrystalline metal in which it shows a maximum strength. Inferred from our simulations and
the results shown in Figure 5-29, the nanocrystalline NiTi with the average grain size of 20 nm is
stronger compared to the other nanocrystals with the other grain sizes. At this range of grain size,
the plastic deformation regime is a mixture of both the Hall-Petch and inverse Hall-Petch regimes.
Via reinforcing the nanocrystalline NiTi with graphene particles, the strength is improved for both
the Hall-Petch regime (GS > 20nm) and inverse Hall-Petch regime (GS < 20 nm). However, this
strengthening effect is more pronounced at coarser grain sizes. This could be due to the excellent
capability of the graphene particles in blocking the dislocations inside the grains. The interesting
observation from these results is that using the graphene particles, the strength has been improved

beyond the maximum possible strength for NiTi.

I NiTi I NiTi-Graphene

Strength (GPa)

10.5 13.5 23 27.5
Grain Size (nm)

Figure 5-29. Comparison of the strength of the nanocrystalline NiTi and nanocrystalline NiTi-graphene composite with average

grain sizes of 10.5, 13.5, 23 and 27.5 nm.

The same strengthening effect of graphene particles is observed at the flow stress of NiTi
structures, shown in Figure 5-30. Flow stress is calculated as the average stress after the maximum
stress is passed. At this stage, the plastic deformations propagate severely through the structure
and the existence of graphene particles would stop and deflect them, resulting in maintaining the
higher stress level. The graphene particles show strengthening effects on the nanocrystalline NiTi

at all the average grain sizes.
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Figure 5-30. Comparison of flow stress in the nanocrystalline NiTi and nanocrystalline NiTi reinforced with graphene particles for

different grain sizes of 10.5, 13.5, 23 and 27.5 nm.

Figure 5-31, shows the graphene particles’ contribution in the shear strain propagation, i.e. plastic
deformation, in the NiTi nanocrystalline structures with different average grain sizes. The left
column in Figure 5-31 shows the grain structures, exposing the boundaries. The middle column
shows the shear strain distribution at the NiTi structures under compressive loading at € = 0.10,
and the right column shows the same thing at graphene particles reinforced NiTi structures.
Comparing the shear strain distribution at the pure NiTi structure with different grain sizes (the
middle column of Figure 5-31) it can be seen that for the fine grain sizes (a, and b), the high shear
strain is mostly at the grain boundaries, and for the coarser grain sizes (c, and d), the high shear
strain representing the plastic deformation can be seen at the dislocations propagating inside the
grains. This is the difference between the inverse Hall-Petch, and Hall-Petch plastic deformation
regimes. Comparing the shear strain distribution in the pure with the reinforced NiTi systems with
the GS of 10.5nm (Figure 5-31(a)) reveals that, the graphene particles located on the grain
boundaries has hindered the shear strain on the boundaries. This strengthening mechanism
prevents atomic slip at the grain boundaries, which is dominant at the inverse Hall-Petch regime.
However, at the Hall-Petch regime where the dislocation propagation inside the grains is dominant,
the graphene particles block the dislocation from propagation, fully or partially. This can be seen
in Figure 5-31(d) corresponding to the NiTi nanocrystalline structure with average grain size of

27.5 nm.
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Figure 5-31. Plastic deformations propagation blockage in the nanocrystalline NiTi-graphene with average grain sizes of 10.5, 13.5,

23 and 27.5 nm.

The evolution of shear strain distribution in nanocrystalline NiTi with average grain size of 10.5

nm is shown in Figure 5-32.
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Figure 5-32. Strengthening mechanism in the NiTi nanocrystals with average grain size of 10.5 nm reinforced with graphene

particles. Von Mises shear strain parameter shows that how dislocations motions are fully stopped by graphene particles.

Additionally, atomic layers slidings are stopped by the graphene particles at grain boundaries.

The pure and graphene reinforced NiTi are sown in Figure 5-32(a) and (b) respectively. It can be
seen that at the early stage of loading (¢ = 0.045) the shear strain develops mostly at the grain
boundaries. It would be worth mentioning that at the MD simulations, since the grains are modeled
defect free, the plastic deformation should initiate at grain boundaries. In reality also, for very fine
crystals, since the grain boundaries hold high volume ratio of the total structure, the plastic
deformation occurs mostly at the grain boundaries. However, when a graphene particle is placed

at a grain boundary, development of shear strain and plastic deformation is delayed by that
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graphene particle at that boundary. For example, shown in the middle column of Figure 5-32(b),
the magnified graphene particle has stopped the high shear strain at the grain boundary, while in
the graphene-less structure with the same average strain, shown in the middle column of Figure
5-32(a), the same grain boundary has developed high shear strain. The shear strain developed at

the grain boundaries would trigger the defects inside the grains.
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Figure 5-33. Strengthening mechanism in the NiTi nanocrystals with average grain size of 23 nm reinforced with graphene particles.
It is shown that how dislocations motions are fully stopped by graphene particles. Additionally, atomic layers slidings are stopped

by the graphene particles at grain boundaries.
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As the loading increases, this defects propagate inside the grains as dislocations and eventually
stop at the front grain boundary. At the existence of graphene particles inside a grain, the
dislocations propagation could be blocked by them. For example, Figure 5-32(b) shows how a
graphene particle has blocked a propagating dislocation at € = 0.135. The capability of the
graphene particles to hinder the plastic deformation mostly at the grain boundaries is the main

strengthening mechanism at the inverse Hall-Petch regime.

The plastic deformation progression in NiTi structure with the average grain size 23 nm is shown
in Figure 5-33. As also seen in the finer grain sizes, the shear strain initially grows faster at the
grain boundaries than inside the grains. Comparing the NiTi and NiTi-graphene systems at € =
0.0825, the shear strain at the grain boundary in the middle of the figure in NiTi system does not
exist in the NiTi-graphene system. It reveals that existence of graphene delays increasing the shear
at the grain boundaries. Another example is shown in the magnified picture of the graphene particle
in Figure 5-33(b) at € = 0.0825. An example of the capability of the graphene particles at
hindering the dislocation propagation is shown in Figure 5-33(b) at € = 0.135. However, the
contribution of graphene particles in the plastic deformation propagation could be complicated.
For example, dislocations could trigger at the edges of the graphene particles too, which could be
deteriorating the strength. However, the resultant contribution of graphene particles strengthens

the NiT1 structure.

In the present work, we introduced a NiTi-graphene composite system in which graphene particles
are spread inside the material. The molecular dynamics simulations of nanocrystalline NiTi-
graphene composites with four average grain sizes of 10.5, 13.5, 23 and 27.5 nm are performed
under compression loading to reveal the effect of average grain sizes and graphene reinforcements
on the mechanical properties. The simulations revealed that at the average grain size of 20 nm, the
nanocrystalline NiTi illustrates a maximum strength. This is due to the fact that plastic deformation
mechanism transfers from a Hall-Petch regime, governed by dislocation growth inside the grains,
into a reverse Hall-Petch regime, governed by atomic sliding at the grain boundaries. Our atomistic
simulations were successfully able to capture this transfer in the deformation mechanisms. It is
also revealed that graphene particles can effectively hinder dislocations growth and atomic sliding,

fully or partially, resulting in strengthening the material system under compression.
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In Section 4.2, the energy dissipation and the phase transformation caused by the stress wave
propagation in single crystal NiTi were studied and the effects of lattice orientations on shock
stress wave propagation in three different oriented single crystalline NiTi alloys were investigated.
Moreover, the effect of microstructures such as grain sizes and grain boundaries on the shock stress
wave propagation and phase transformation propagation in polycrystalline NiTi were studied. In
addition, in order to compare the dynamic behavior of NiTi alloys with an ordinary metal like Al,
a series of MD simulations were performed. The dynamic response and 1D and 3D stress wave
propagations of the two material systems under shock loading were investigated. As an important
achievement, the dissipated energy due to plastic deformation and phase transformation were
calculated for both materials. It was discussed that, the small portion of the dissipated energy of
NiTi alloys are due to plastic deformation. In this section and in order to reduce the amount of
energy dissipation due to plastic deformation in NiTi alloys, we propose a new nanocrystalline
NiTi-graphene composite which is capable of blocking the dislocations and plastic deformations.
In the current work, the interaction of graphene particle and shock stress wave in single crystalline
NiTi-graphene composites under shock wave loading are investigated through molecular dynamics
method. Therefore, three different arrangements of the graphene particles are considered and
added to the NiTi single crystals. The three NiTi-graphene composites are subjected to the shock

loading and the results are compared to the behavior of the single crystal NiTi under shock loading.

A series of molecular dynamics (MD) simulations are performed to investigate the interaction of
graphene particles and shock stress wave in single crystalline NiTi alloys under shock loading. In
order to define the interaction between Ni and Ti atoms, the many body interatomic potential,
which was originally developed by Lai ef al. [203] and subsequently improved by Zhong et al.
[93] are used. The details of the potential function and the corresponding parameters are explained
in Section 3.2.1. The interaction between C atoms is defined by CH.airebo potential and the LJ
parameters of Ni-C and Ti-C atoms are considered as 0.125 eV, 2.05 A and 0.327 eV, 2.1 A,

respectively. Therefore, in the present work the hybrid pair-style of eam and airebo potentials and
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1) parameters along with Large-scale atomic/molecular massively parallel simulator (LAMMPS)
[167] are utilized for performing the simulations, and Ovito [168] visualization tool is used for
post-processing the results of MD simulations. The 3D computational cells, periodic in x and y
directions with the average size of 500 X 500 x 500 A and three different arrangements of
graphene particles are considered. Hence, two sets of MD simulations are performed. One set of
simulations includes the three single crystalline NiTi structures and the second set contains the
three single crystalline NiTi-graphene composites. The corresponding results will be discussed in

details in the next section.

As mentioned in the previous section, one NiTi single crystal and three different configurations of
NiTi single crystal reinforced with graphene particles are modelled. Figure 5-34 shows the above
mentioned configurations, as well as shock stress loading applied on the material systems. The
pure NiTi structure is shown in Figure 5-34(a), and the NiTi-graphene arrangement A, which has
five layers of single graphene particles in the middle of the NiTi structure, is shown in Figure
5-34(b). The NiTi-graphene arrangement B, which has 5 layers of 3 by 3 graphene particles
perpendicular to the loading direction, is illustrated in Figure 5-34(c), and NiTi-graphene
arrangement C, which has 5 layers of 3 by 3 graphene particles parallel to the loading direction, is
shown in Figure 5-34(d). The loading condition is such that a linear force is applied the middle
section of the models for 3 ps and then the force is suddenly removed, applying an unloading shock
wave to the systems. This loading condition is similar to [224] and the purpose of different NiTi-
graphene configurations is to investigate the effect of graphene on the different aspects of shock
load propagation through NiTi pseudoelastic material, as well as the stress distribution, phase

transformation and plastic deformation.
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Figure 5-34. (a) Schematic of NiTi single crystal under shock wave loading. (b) NiTi-Graphene structure with graphene
arrangement A. five layers of graphene particles are added to the NiTi alloy on at the center of the crystal structure. (b) NiTi-
Graphene system with graphene arrangement B. Fifteen graphene particles are on x-z plane and this arrangement are repeated two
more times on y direction. (¢) NiTi-Graphene system with graphene arrangement C. nine graphene particles on x-z plane and this

arrangement is repeated four more times on y direction.

Figure 5-35 illustrates the compressive normal stress propagation over time, along the loading
direction across a middle cylinder (with radius 5 nm) for the simulated material systems. Figure
5-35(a-d) respectively corresponds to the pure NiTi, NiTi-graphene arrangement A, NiTi-graphene
arrangement B, NiTi-graphene arrangement C. The general behavior of normal stress propagation
in a single crystal NiTi is well-explained in [224]. As discussed, a shock wave loading in NiTi
produces two distinct peaks propagating at different speeds. As shown in Figure 5-35(a), the right
peak which travels faster is the elastic wave and the left peak is the inelastic wave, i.e. a mixture
of plastic deformation and phase transformation. At time between 0 and 3 ps, the loading is applied
and right after t = 3 ps the load is removed and the unloading elastic wave starts to propagate.

Comparing the material systems, the interference of graphene particles in the traveling waves can
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be observed. For example for the NiTi system, at t =4 ps, the elastic peak is at ~ 250 A, while for
NiTi-graphene arrangements A and B, the peak is at ~ 220 A. The reason is that for a wave to
travel that far into the NiTi-graphene systems, it should pass two graphene particles laid in front
of the wave and therefore, this delays the wave propagation. In addition, the compressive elastic
wave reflection from the graphene particles produces a tensile elastic wave traveling backwards.
This tensile elastic wave neutralizes the inelastic wave to some extent. This is the reason that the
phase transformation wave fronts in NiTi-graphene A and B have lower peaks than in the pure
NiTi system. Interestingly, the elastic wave speed in the NiTi-graphene arrangement C is same as
in the NiTi1 system. This is due to the specific arrangement of graphene particles where no graphene
particles are laying perpendicular to the loading direction. An interesting observation in the normal
stress distribution of NiTi-graphene C system is that the peaks are not as distinctive as the other
systems. This could be due to fact that the nature of the wave propagation is in 3D and the graphene
particles parallel to the loading direction reflect the wave back into the middle section of the cell.
These multiple reflections from multiple graphene sheets around the middle section smoothens the

normal stress distribution curves.
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Figure 5-35. (a-d) Normal stress wave propagation during loading and propagation time for NiTi and NiTi-Graphene systems with

three different arrangements of graphene.

Figure 5-36 shows 2D contour plots of normal shock stress wave propagation through the material
systems. As mentioned earlier, the first 3 ps belongs to the loading portion of the simulation, and
the rest belong to the unloading and wave propagation. It can be seen that for the pure NiTi system,
during the loading, e.g. t = 2 ps, the wave front has traveled farther compare to the rest of the
material systems. The reason is the resistance of the graphene particles against the traveling wave.
During the wave propagation stage, which is t > 3 ps, peak stress is somehow accumulated at the
vicinity of the graphene particles. This is due to the extra stiffness that graphene particles bring to
the NiTi matrix. The existence of graphene particles has caused the stress distribution to be less
uniform throughout the material, compared to the pure NiTi. This phenomenon is more evident at
t=4 ps, where the dark blue spots can be observed around the graphene particles. These high stress
regions at graphene particles indicates the resistance of graphene particles against strain and

deformation.
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Figure 5-36. Normal stress wave propagation of NiTi single crystal and NiTi-Graphene composites for shock direction aligned
with [110]. (a) Stress wave propagation in NiTi single crystal. (b) Stress wave propagation in NiTi-Graphene A. (c) Stress wave

propagation in NiTi-Graphene B. (d) Stress wave propagation in NiTi-Graphene C. The stress values in color bars are in GPa.

Figure 5-37 shows the shear stress propagation through the pure NiTi as well as NiTi-graphene
systems. As discussed in [224], the shear stress initiates around a circular edge, representing the
edges of the piston by which the shock loading is applied. The shear stress is the driving stress for
both the plastic deformation and the phase transformation. Since generally, if the shear stress along
the slip planes goes beyond certain value it would plastically deform the material. Furthermore, if
the shear stress, on the phase transformation preferred plane, goes beyond certain level, martensitic
phase transformation occurs in an austenite NiTi. Therefore, the shear stress distribution somehow

dictates the plastic deformation and phase transformation propagation distribution. Comparing the
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contour plots of Figure 5-37(b-d) to Figure 5-37(a) we can see that due to the existence of graphene
particles the smoothness of the stress distribution is been compromised. Although almost no
difference between the stress distributions of NiTi-graphene systems of arrangement A and B
(Figure 5-37(b and ¢)) can be observed, NiTi-graphene arrangement C has trapped the propagation
of shear strain. This could be due to the special arrangement of graphene particles for this

configuration where they are laid parallel to the loading direction trying to guide the wave to stay

in the middle.
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Figure 5-37. Shear stress wave propagation of NiTi single crystal and NiTi-Graphene composites for shock direction aligned with

[110]. (a) Stress wave propagation in NiTi single crystal. (b) Stress wave propagation in NiTi-Graphene A. (c) Stress wave

propagation in NiTi-Graphene B. (d) Stress wave propagation in NiTi-Graphene C. The stress values in color bars are in GPa.
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The shear shock stress distributions of Figure 5-37 gives a preview of what to expect for

deformation propagation through the material systems.

Figure 5-38(a-d) show the propagation of shear strain, presented as Von Mises shear strain
parameter, inside the pure NiTi, NiTi-graphene arrangements A, B, and C, respectively. The Von
Mises shear strain parameter indicates the plastic deformation and phase transformation in the NiTi
systems. Comparing the contour plots of NiTi with the NiTi-graphene arrangements A and B, it
can be clearly seen that graphene particles have limited the inelastic deformation travel distance
inside the NiTi matrix. The deformed region in NiTi-graphene systems of A and B are smaller
compared to pure NiTi deformed region. This shows the capability of the graphene particles to
resist against plastic deformation. Although the distance that the plastic deformation has travelled
along the z-direction is almost the same for NiTi and NiTi-graphene A and B systems, the effect
of graphene particles on the wings of the deformed region is undeniable. Besides, the light blue
colored regions, indicating the phase transformation, disappear faster in the graphene reinforced
systems compared to the reference system. This shows that the stress level is lower in those regions
allowing for reverse martensitic phase transformation. Another observation is the insignificant
difference between the performances of arrangements A and B in blocking the inelastic
deformations. However, the NiTi-graphene arrangement C performs differently. The graphene
particles are placed parallel to the loading direction and therefore the graphene particles tend to
guide the plastic deformation to stay in the middle region. For example, the left wing of the
deformed region is fully recovered at t = 8 ps after it interacts with the graphene particle on the
left side. Besides, along the z-direction, the middle graphene particle is loaded parallel to its plane
and it resists the deformation by buckling. As a result of this deformation in the middle graphene
particle, the inelastic deformation along the z-direction is almost cut in half, compared to the pure

NiTi system.
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Figure 5-38. Von Mises shear strain parameter which shows plastic deformation and phase transformation propagation in NiTi and

NiTi-Graphene systems during shock loading.
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In conclusion to the observed performance of the graphene particle reinforcements inside the NiTi
matrix, it can be seen that although the same shock stress is applied to the systems, the graphene
particles absorb the shock stress energy and limit the plastic deformation into a confined region.
In fact, at the early stages of the loading, they transfer the shock wave energy into internal energy,

which appears as high stress at graphene particles.

Figure 5-39 shows the maximum normal and shear stress recorded in the material systems
(including the graphene particles). As mentioned earlier, the maximum stress recorded in the
structures belong to the graphene reinforced systems, and specifically at the graphene particles. It
is worth mentioning that however the stress values at graphene particles are high, due to the

outstanding strength graphene, they do not fail and help reinforcing the NiTi matrix.
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Figure 5-39. (a) Maximum of normal stress wave during loading and propagation time for NiTi and NiTi-Graphene systems. (b)

Maximum of shear stress wave during loading and propagation time for NiTi and NiTi-Graphene systems.

5.4.4 Conclusions

In this work, one NiTi single crystal and three different configurations of single crystalline NiTi-
graphene composites are modelled. The three configurations of NiTi-graphene composites are: A,
which has five layers of single graphene particles in the middle of the NiTi structure, B, which
contains 5 layers of 3 by 3 graphene particles perpendicular to the loading direction, and C, which
has 5 layers of 3 by 3 graphene particles parallel to the loading direction. The results of MD
simulations show that graphene particles have restricted the inelastic deformation inside the NiTi
matrix. The plastically deformed region in NiTi-graphene systems of A and B are smaller
compared to pure NiTi. This shows the capability of the graphene particles to limit the plastic

deformation propagation. In addition, in the NiTi-graphene arrangement C, where the graphene
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particles are placed parallel to the loading direction, the graphene particles tend to guide the plastic
deformation to stay in the middle region. Although the same shock stress is applied to the four

different systems, the graphene particles absorb the shock stress energy and limit the plastic

deformation into a confined region.

162



Chapter 6. NiTi-Nb Composite as a Superelastic and High Hysteresis Material

As mentioned previously, NiTi shape memory alloys have received increasing attention in the
recent years, due to their two unique properties, shape memory effect and superelasticity. Also, it
has been discovered that NiTi alloys possess a high damping capability due to the martensitic
phase transformation or twinning-detwinning transformation, which make these alloys a superior
candidate for using as damping materials in different engineering fields. But possessing low yield
strength is a problem associated with NiTi alloys which can limit their applications. Therefore, it
becomes an urgent task to develop a new NiTi based alloy which has both a high yield strength
and a high damping capacity appropriate for working in different mechanical and thermal loading
conditions. In this study, it is shown that Nb is a superior candidate to make a NiTi based composite
due to the compatibility between its microstructure and NiTi’s [163, 164] . In addition, it is
illustrated that NiTi-Nb is a perfect composite with a high damping capability and yield strength.
In this regard, NiTi-Nb composite is investigated at the atomistic scale using molecular dynamics

methods for the first time.

A series of molecular dynamics simulations are performed for three different periodic
computational cells with the average size of 600x600x500 A to simulate the NiTi, Nb and NiTi-
Nb single crystalline structures. The orientation of the single crystal structures is: x:[110],
y:[110] and z: [001]. In order to define the interaction between Ni, Ti and Nb atoms, an accurate
EAM potential is developed by MultiSMATrt group. This potential is built by combining these two
potentials: NiTi potential by [165] and NiTiNb potential by [266]. This EAM potential along with
large-scale atomic/molecular massively parallel simulator (LAMMPS) [167] are utilized for
performing the simulations, and Ovito [168] visualization tool is used for post-processing the
results of MD simulations. In order to investigate the superelasticity and the shape memory effect
of NiTi-Nb composite (25% Nb and 75%NiTi), two different loading conditions are considered.
After creating the single crystalline structures, the structural energy is minimized using conjugate
gradient method. Then, in the composite structure with austenitic NiTi, thermal equilibrium is

applied to the system using time integration on Nose-Hoover style non-Hamiltonian equations of
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motion in isothermal-isobaric (npt) ensembles to set the temperature at T = 350 K. After the
equilibrium, the structure is loaded (under tension) and unloaded at 6 X 10~* 1/s strain rate. While
in the NiTi-Nb composite with the martensitic NiTi alloy, after applying the same thermal
equilibrium, the temperature of the system is set at T = 500 K, then the structure is cooled down
and the temperature is set at T=100 K. In the next step, the structure is loaded (under tension) and
unloaded at 6 X 107* 1/s strain rate and finally, the structure is heated up to T=500 K. the results
of the MD simulations for NiTi, Nb and NiTi-Nb composite are shown and discussed in the

following sections.

As mentioned in the previous section, for the first step of the study, a series of MD simulations are
performed to evaluate the behavior of pure superelastic NiTi, pure Nb, and NiTi/Nb composites
under tension loading. Figure 6-1 shows the stress-strain behavior of the material systems under
tension loading. It can be seen that Nb shows an initial linear behavior before strains around 0.05
and then starts to deviate from linearity, which is due to the start of local plastic deformations. On
the other hand, NiTi behaves differently. After the initial linear response, which corresponds to the
elastic deformation of austenite NiTi, the NiTi starts to undergo martensitic phase transformation
locally starting at the strain around 0.015 up to the point where it is fully transformed to martensite
NiTi. The plateau in the middle the stress-strain curve is the indicator of phase transformation
region. The NiTi-Nb composite system however, shows a mixture of the pure NiTi and the pure
Nb responses. The initial response of the composite system is linear with a stiffness between
austenite NiTi and Nb. This response stays almost linear up to the strain of around 0.02. As the
strain increases the stress-strain response shows a plateau, indicating the appearance of phase
transformations in the NiTi. The high stiffness of Nb is responsible for delaying the start of
martensitic phase transformation. The slope of the stress-strain curve starts to increase at higher
strain levels, indicating that the martensite NiTi shares the major portion of NiTi content of the

composite.
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Figure 6-1. Stress-strain behavior of Nb, NiTi and NiTi-Nb composites under tension loading.

The extraordinary behavior of NiTi-Nb composite is revealed when the load is removed from the
material system. Figure 6-2 shows the stress-strain behavior of pure austenite NiTi, pure Nb, and
austenite NiTi-Nb composite material systems under a full loading-unloading cycle, up to 0.075
strain. The NiTi fully recovers from the applied strain, illustrating a hysteresis loop showing the
absorbed energy due to forward and reverse martensitic phase transformations. The pure Nb
however cannot recover from the applied strain. In fact, around 0.03 permanent plastic strain
resides in Nb while stress goes back to zero. However, the austenite NiTi-Nb composite system
recovers fully from 0.75 strain, showing a pseudoelastic behavior with a large hysteresis loop. This
behavior was observed experimentally in [163, 164]. The mechanism behind this phenomenon is
that NiTi matrix starts to undergo martensitic phase transformation and when the phase
transformation Leuder bands reach the vicinity of Nb, the lattice strain in Nb increases significantly
above the average applied strain [164]. Although this strain is well beyond the elastic strain
capacity of Nb, after unloading when the martensitic phase transformation is reversed, this strain
recovers and no permanent deformation remains in Nb. In other words, Nb shows a superelastic
behavior when it is laminated in between the NiTi matrix. As a result of this mechanism, the NiTi-

Nb composite represents a superelastic material system with a large hysteresis loop.
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Figure 6-2. Stress-strain hysteresis behavior of Nb, NiTi and NiTi-Nb composite.

6.3.2 Shape memory NiTi-Nb composites

The next series of simulations investigates the behavior of shape memory NiTi-Nb composites
under a full mechanical and thermal cycle. Figure 6-3 shows the stress-strain response of pure
shape memory NiTi and NiTi-Nb material systems. As mentioned in the methods section, the
material systems are initially stabilized at 500 K to make sure that the NiTi structure is fully
austenitic. Then, the temperature is dropped down to 100 K, which is well below the martensite
finish temperature to establish a fully shape memory NiTi in both the pure NiTi and NiTi-Nb
composite material systems. Afterwards, the material systems are loaded in tension up to the strain
of 0.075 and subsequently, unloaded to a stress free state. As the final step in the simulations, the
temperature is again raised to 500 K. Figure 6-3 shows the mechanical response of the systems to
illustrate their hysteresis loops. As shown in the figure, the pure NiTi shows an initially linear
response, which corresponds to a pure elastic deformation of twinned martensite, up to the strain
around 0.007 where the material system locally undergoes reorientation of martensitic structure,
i.e. detwinning. During the formation of detwinned martensite, the stress value remains almost

constant up to the point that NiTi structure is saturated by detwinned structure. Beyond this point,
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the stress increases showing the elastic response of detwinned martensite. During the unloading
step however, NiTi remains in the detwinned martensite phase. This is the reason that the
unloading portion is almost completely linear and the material has a residual strain at the stress
free state. In order to bring the material to the original shape, the structure is heated up to the
austenite finish temperature and as a result, the residual strain disappears and the hysteresis loop
almost closes. Similar behavior is observed in the stress-strain curve of NiTi-Nb composite
material system. The high stiffness of Nb however, delays the start of detwinning process and
heightens the stress level of the material system. As a result of this effect, the hysteresis loop of

NiTi-Nb is significantly larger than pure NiTi.
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Figure 6-3. Shape memory effect of NiTi and NiTi-Nb composites.

Figure 6-4 shows the temperature-stress-strain response of the NiTi-Nb system under thermal and
mechanical loading. The consecutive steps at the simulation are shown as points A to F,
respectively. The shear strain conditions of the material system at different loading steps are shown
in the contour plots of Figure 6-4. The material system is stabilized at a stress free condition at 500
K, represented as point A. In this temperature, the NiTi is at austenite phase. The arrangement of
Ni and Ti atoms confirms the material phase to be austenite. The temperature drop to 100 K causes

the NiTi to show a martensitic phase transformation. Twinned martensite can be observed in the
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NiTi structure of point B. Closely located twin boundaries shows the twinned martensite structure.
The material is loaded in tension afterwards, to reach to the point C where detwinned martensite
starts to form locally. At point D, the NiTi is almost saturated with detwinned martensite.
Comparing the magnified image of point D to the one of point B confirms the reorientation of
martensite NiTi to decrease the number of twin boundaries. One important material structure
change in point D is the appearance of plastic deformation in the form of dislocation propagation
inside the NiTi structure, shown as the high shear stress lines which are red areas in the contour
plot. The material structure in point E is basically same as in point D, except some elastic strain is
recovered. The material structure after heating, shown as point F is transferred back to austenite.
However, the strain is not fully back to zero because of permanent plastic deformations happened
during the mechanical loading. The magnified image of point F shows how NiTi crystalline
structure is defected. The purple atoms of Ni are arranged along the arrow, but two atoms are

replaced by the pink atoms of Ti representing dislocation inside the NiTi material system.
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Figure 6-4. Stress-strain-temperature behavior of NiTi-Nb composites.

6.4 Conclusions

In this study, NiTi-Nb composite material systems are simulated using molecular dynamics, in
order to investigate their mechanical response at the atomistic level. The first series of simulations
investigates the response of superelastic NiTi-Nb composite system in comparison to the pure
superelastic NiTi and pure Nb. The material systems underwent a cycle of loading/unloading up
to the strain of 0.075. The pure Nb showed a high tensile modulus, but after unloading, a large
permanent plastic strain remained in the Nb structure. Pure NiTi structure however underwent a
full forward and inverse martensitic phase transformation cycle and the strain was fully recovered.

Superelastic NiTi-Nb composite material system on the other hand, not only recovered from the
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high applied strain of 0.075, but also showed a very large hysteresis loop, multiple times of the
pure superelastic NiTi’s. The shape memory NiTi-Nb was also studies in the next set of the MD
simulations. Comparing the response of pure shape memory NiTi to the shape memory NiTi-Nb
composite response, it was revealed that the composite system shows a similar behavior as the
pure NiTi in addition to a very large hysteresis loop. However, slight plastic deformations were

observed in the NiTi matrix.

In conclusion, for both the superelastic and the shape memory regimes of the NiTi matrix, the
existence of Nb as a reinforcement enables the material system to show a very high hysteresis
response with the capability of recovering large deformations. This outstanding performance of
this material system makes it a great candidate for vibration attenuation and energy dissipations

applications.
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Chapter 7. Conclusions and Contributions

In chapter 2, molecular dynamics (MD) simulations and density functional theory (DFT)
calculations were utilized to investigate the energy and structure of symmetric and asymmetric tilt
grain boundaries (GBs) in austenite NiTi shape memory alloys. The grain boundaries excess
energies were calculated as a function of the inclination and misorientation angles. The structural
units at the grain boundary were identified and the correlation between the structure and grain
boundary energy was studied. It was shown that the Read-Shokley model can predict the energy
of low angle tilt grain boundaries in NiTi with an acceptable accuracy by considering appropriate
dislocation core radii at different orientations. Two representative symmetric GBs were studied by
DFT calculations. The MD results were validated against DFT, and the electron charge density
distribution at the grain boundaries were compared with the bulk material to study the bonding

strengths at the grain boundaries.

In chapter 3, MD simulations were utilized to study the defects in austenite NiTi alloys. Three
different potentials, two EAM with different cutoff radii and one 2NN MEAM, were selected and
the accuracy of each potential was investigated by studying the stacking fault energies, and also
the energy, structure and stress distribution of edge dislocation in austenite NiTi. A high-energy
dislocation was also considered and the dislocation dissociation was modeled with the MD
simulations. In each case, the results of each potential were compared against the elasticity theory
and the density functional theory calculations at the atomistic level. Our results shed light into
some unknown aspects of defects in austenite NiTi, which will benefit studying the origins of
unrecoverable strains accumulated in NiTi during cyclic loading, and also help us better
understand the grain boundaries in SMAs. Through our results, it was shown that although none
of the selected potentials were particularly trained for studying defects in NiTi, they were accurate
in predicting defect-related properties, although for some properties, one of the potentials might

be preferred and more precise compared to the others.

In the first section of chapter 4, the unique property of SMAs in dissipating the energy of shock
loadings was investigated using complementary experimental and computational frameworks. An

experimental setup was designed and implemented for generating spark-generated collapsing
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bubbles near a plate surface under water and producing a water jet; where the jet leaded to a shock
loading applied to the geometric center of the plate. Two different composite plates were
considered in the experiments; one made by bonding a NiTi thin layer to an aluminum plate and
another one with bonding an aluminum thin layer, with the same length, width and thickness, to a
separate but identical aluminum plate. These two composites were subjected to almost identical
cavitation-induced shock loads and their responses were compared. The effects of energy
dissipation through the phase transformation in NiTi-bonded plate on damping the transverse
deflections and in-plane strains were investigated. A high-speed camera, a hydrophone, a laser
Doppler vibrometer and multiple strain gauges were used to characterize the generated bubbles
and the mechanical response of plates. The experimental results clearly showed that the NiTi
coating layer, even for the thickness of the order of one-tenth of the base structure, can effectively
damp the stress shock waves in the structure. Using a set of finite element computational
simulations, it is shown that if the incident shock wave is strong enough to cause global vibrations
in the structure, the phase transformations originated from the deflections of the structure can also
contribute to the energy dissipation and damp the response of the structure. The results provide us
a better fundamental understanding about the observed excellent erosion resistance of NiTi alloys
and the efficiency of using a thin layer coating of NiTi on various structures to improve their

cavitation resistance in different applications.

In this second section of chapter 4, the energy dissipation and the phase transformation caused by
the stress wave propagation in single crystal and polycrystalline austenite NiTi alloys under shock
wave loadings were investigated. MD simulations were utilized as a superior method to study the
effect of microstructures such as lattice orientations, grain sizes and grain boundaries on the
patterns of stress wave and phase transformation initiation and propagation at the atomistic level
in NiTi alloys. A criterion based on equivalent shear strains was used to detect the inelastic
deformation in the NiTi structures. This parameter was used to detect the regions with martensitic
phase transformation and plastic deformation. Regions with phase transformation and plastic
deformation in the structures were distinguished by implementing two proposed methods. It is
expected to observe the dissipated energy in NiTi structures being caused by both phase

transformation and plastic deformation.
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In the last section of chapter 4, MD simulations were utilized to study the behavior of pseudoelastic
NiTi under shockwave stress loading conditions in comparison to aluminum. At the first set of
simulations, nanopillars of austenite NiTi as well as Al were modeled to study one dimensional
(1-D) shock wave propagation through the two different material systems. The wave propagation
and deformation mechanisms were observed to be very different in NiTi and Al. Plastic
deformation and forward and reverse martensitic phase transformation were observed along the
NiTi nanopillar contributing to energy dissipation, while obviously, the only energy dissipating
mechanism was plastic deformation in Al pillars. The plastically deformed region in NiTi was the
region close to the loading area, while in Al, the plastic deformation was propagated though the
pillar. Besides, the peak stress in NiTi damped more quickly in NiTi pillar compared to in Al,
revealing the capability of NiTi in shock wave energy attenuation. The energy dissipation through
phase transformation and plastic deformation were calculated and it was revealed that phase
transformation mechanism dissipated larger portion of shock wave energy compared to plastic
deformation. In fact, the plastic deformation happens at the initial few picoseconds of the
simulation, and consecutive forward and reverse martensitic phase transformations are responsible
for the energy dissipation for the rest of the simulation duration. Three dimensional (3-D) shock
stress wave propagation was also studied, through MD simulations of NiTi and Al bulk material
systems. Same energy damping behaviors as observed in pillars were observed in bulk material
systems. 3-D nature of shock wave propagation was observed in both NiTi and Al systems where
normal and shear stress propagation patterns were captured. It was observed that shear stress
propagation pattern dictates the deformation patterns both for plastic deformation, in NiTi and Al,
and phase transformation in NiTi system. The main difference between the deformation
mechanisms in the two material systems was the reversibility of deformation in NiTi, for most of
the deformed regions, as a result of reverse martensitic phase transformations. Comparing this
behavior to the aluminum’s, results in a conclusion that NiTi is capable of dissipation large amount
of shock wave energy and minimize the permanently deformed regions resulting in maintaining
the shape very close to the original structure.

In the first section of chapter 5, the effect of lateral pressure on the shear strength of polymer
coated carbon nanotubes (CNTs) is studied. Our MD simulations shed light into the deformation
mechanisms in both the polymer chains and CNTs, and reveal the complex correlation between

the shear strength and the lateral pressure on each CNT. It has been shown that while increasing
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the lateral pressure enhances the shear strength between CNTs due to increasing the contact area
between the polymers and nanotubes, there is a specific lateral pressure at which increasing the
lateral pressure above that value will weaken the shear strength. This loss in the shear strength was
shown to be interconnected with the local deformations of CNTs at the atomistic scale. A bottom-
up bridging methodology was developed to train the mesoscale model using the MD simulations,
while the atomistic scales local deformations in the polymer chains and CNT cross-sections were
also transferred into the larger scale by adjusting the vdW interactions in the CG model as a
function of the applied lateral pressure to each CNT. This bottom-up multiscale approach was used
to study the effect of lateral pressure on the shear strength of straight polymer coated CNT bundles
in the presence of a lateral pressure on the bundle. The framework was also implemented to
investigate how twisting a CNT yarn can affect the pull-out force of a bundle from a spun yarn,

offering new avenues for materials design.

In the second section of chapter 5, we introduced a new nickel-graphene nanolayered composite
system in which instead of reinforcing large individual graphene sheets in the interlayer area,
monolayer graphene flakes are spread inside the interlayers. In this composite only a fraction of
the interlayer area (13%-30%) is covered. This graphene-metal nanolayered composite system is
relatively easy and cost-effective to fabricate in large scales. At the first steps of this study, a
systematic investigation on the effect of various graphene reinforcement configurations on the
nickel-graphene systems performance was performed by utilizing a series of atomistic simulations.
The molecular dynamics simulations of various nanocrystalline nickel-graphene systems were
performed, for the first time, for a polycrystalline system under both compression and
nanoindentation loadings to reveal the effects of metal average grain size, simulation cell size,
graphene reinforcements’ configuration, and loading rate. It was revealed that at a certain average
grain size range (~12 nm) the nanocrystalline nickel illustrates a maximum strength. This is due
to the fact that plastic deformation mechanism transfers from a Hall-Petch regime, governed by
dislocation growth inside the grains, into a reverse Hall-Petch regime, governed by atomic sliding
at the grain boundaries. Our atomistic simulations were successfully able to capture this transfer
in the deformation mechanisms. It is also revealed that graphene full sheets and particles can
effectively hinder dislocations growth and atomic sliding, fully or partially, resulting in
strengthening the material system under compression. However, when graphene particles were

randomly oriented inside the polycrystalline nickel, no meaningful change in the strength was
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observed. Moreover, the molecular dynamics simulations of nanoindentation loadings confirmed
the role of graphene particle interlayers in hardening of material system via hindering the
dislocation growth through the metal grains. Inspired by the results of the atomistic simulations,
the best applicable nickel-graphene nanolayered systems (with an average grain size of 18.3 nm
which is very close to the optimum grain size corresponding to the maximum strength of nickel
polycrystals) were identified and fabricated. The fabricated nickel-graphene nanolayered
composites were mechanically characterized with nanoindentation experiments to quantify their
hardness. The experimental results showed that a nickel graphene nanolayered system, with only
14% areal coverage of graphene particles at the interlayer, has improved the hardness of the
nanocrystalline nickel by almost 40%. As the result of this investigation, it was confirmed that the
introduced material system benefits from both the nanocrystallinity of the metal as well as the

strengthening effects of the graphene interlayers.

In the third section of chapter 5, we introduced a NiTi-graphene composite system in which
graphene particles are spread inside the material between the layers of NiTi matrix. The molecular
dynamics simulations of nanocrystalline NiTi-graphene composites with four average grain sizes
of 10.5, 13.5, 23 and 27.5 nm were performed under compression loading to reveal the effect of
average grain sizes and graphene reinforcements on the mechanical properties. The simulations
revealed that at the certain average grain size (~ 20 nm), the nanocrystalline NiTi illustrates a
maximum strength. This is due to the fact that plastic deformation mechanism transfers from a
Hall-Petch regime, governed by dislocation growth inside the grains, into a reverse Hall-Petch
regime, governed by atomic sliding at the grain boundaries. Our atomistic simulations were
successfully able to capture this transfer in the deformation mechanisms. It was also revealed that
graphene particles can effectively hinder dislocations growth and atomic sliding, fully or partially,

resulting in strengthening the material system under compression.

In the last section of chapter 5, one NiTi single crystal and three different configurations of single
crystalline NiTi-graphene composites were modelled and examined under shock stress wave
loading. The three configurations of NiTi-graphene composites were: A, which had five layers of
single graphene particles in the middle of the NiTi structure, B, which contained 5 layers of 3 by
3 graphene particles perpendicular to the loading direction, and C, which had 5 layers of 3 by 3

graphene particles parallel to the loading direction. The results of MD simulations showed that
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graphene particles have restricted the inelastic deformation inside the NiTi matrix. The plastically
deformed region in NiTi-graphene systems of A and B were smaller compared to pure NiTi. This
showed the capability of the graphene particles to limit the plastic deformation propagation. In
addition, in the NiTi-graphene arrangement C, where the graphene particles were placed parallel
to the loading direction, the graphene particles tend to guide the plastic deformation to stay in the
middle region. Although the same shock stress is applied to the four different systems, the
graphene particles absorb the shock stress energy and limit the plastic deformation into a confined

region.

In the last chapter, NiTi-Nb composite material systems were simulated using molecular dynamics,
in order to investigate their mechanical response at the atomistic level. The first series of
simulations investigated the response of superelastic NiTi-Nb composite system in comparison to
the pure superelastic NiTi and pure Nb. The material systems underwent a cycle of
loading/unloading up to the strain of 0.075. The pure Nb showed a high tensile modulus, but after
unloading, a large permanent plastic strain remained in the Nb structure. Pure NiTi structure
however underwent a full forward and inverse martensitic phase transformation cycle and the
strain was fully recovered. Superelastic NiTi-Nb composite material system on the other hand, not
only recovered from the high applied strain of 0.075, but also showed a very large hysteresis loop,
multiple times larger than the pure superelastic NiTi’s. The shape memory NiTi-Nb was also
studied in another set of MD simulations. Comparing the response of the pure shape memory NiTi
to the shape memory NiTi-Nb composite response, it was revealed that the composite system
shows a similar behavior as the pure NiTi in addition to a very large hysteresis loop. However,
slight plastic deformations were observed in the NiTi matrix. In conclusion, for both the
superelastic and the shape memory regimes of the NiTi matrix, the existence of Nb as a
reinforcement enables the material system to show a very high hysteresis response with the
capability of recovering large deformations. This outstanding performance of this material system

makes it a great candidate for vibration attenuation and energy dissipations applications.

The main contributions of this dissertation can be summarized as:
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The microstructure and energy of the grain boundaries in NiTi SMAs is studied for the first

time,

Defects in the NiTi crystalline structure are investigated. Deformation mechanisms in

presence of dislocations and the stacking fault energies are studied in these alloys.

The performance of NiTi under shock wave loading and vibrations, their vibrations
attenuation and energy dissipation capabilities are examined using computational modeling

at the atomistic scale for the first time.

The effect of graphitic structures, as reinforcements, on the performance of metal matrix
composites under static and shock stress wave loading conditions is investigated at the

atomistic scale.

Deformation mechanisms in superelastic and shape memory NiTi-Nb composites and their

outstanding mechanical properties are studied at the atomistic scale for the first time.
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