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Size Effect in Polymeric Materials: the Origins and the Multi-physics
Responses in Ultrasound Fields

Kaiyuan Peng

(ABSTRACT)

The size effect in the thermo-mechanical behavior of polymeric materials is a critically impor-
tant phenomenon and has been the subject of many researches in past decades. For example,
polystyrene (PS), a widely used polymeric material, is brittle at the bulk state. When the
dimensions decreases to the nanoscale, such as PS in nanofibers, their ductility becomes
orders higher than their bulk state. In recent years a number of diverse applications, such
as scaffolds in tissue engineering, drug delivery devices, as well as soft robotics, are designed
by utilizing the unique properties of polymers at nanoscale. However, the inside mechanism
of the size dependency in polymeric materials are still not clear yet. In this dissertation, sys-
tematic computational and experimental studies are made in order to understand the origins
of the size effect for one- and two-dimensional polymeric materials. This framework is also
expanded to investigate the size-dependent multi-physics response of functional polymeric
materials (shape memory polymers) which are actuated by high-intensity focused ultrasound
(HIFU). Our computational studies are based on molecular dynamic (MD) simulations at
the atomistic scale, and experimentally-validated finite element models at the bulk level.
From bottom-up direction, molecular dynamics can reveal the mechanisms of the size effect
in polymers at molecular level, and help predict properties of the bulk materials. In this
research, MD simulations are performed to track the origins of the size-effect in the mechan-
ical properties of PE and PS nanofibers. In addition, the size-dependent thermal response

of functional polymeric films is also studied at the atomistic scale by utilizing molecular



dynamics simulations to predict the thermal properties and actuation mechanisms in these
materials when subjected to HIFU fields. From top-down direction, experiments and finite
element analysis, are also conducted in this research. An experimentally-validated finite
element framework is built to study the mechanical response of shape memory polymers
(SMPs) triggered by HIFU. As an external trail towards application fields, a SMP compos-
ite with enhanced shape memory ability and also a two-way SMP are synthesized. A smart
gripper and also a self-rolling structure are designed by using these SMPs, which approves
that these SMPs are good components in designing soft robotics. Finally, The influence of
evaporation during fiber forming process is investigated by molecular dynamics simulation.
It is found that the formation of the microstructure of polymeric fibers at nanoscale depends

on the balance of stretching force and evaporation rate when the fiber is forming.



Size Effect in Polymeric Materials: the Origins and the Multi-physics
Responses in Ultrasound Fields

Kaiyuan Peng

(GENERAL AUDIENCE ABSTRACT)

Thermomechanical properties of a thin fiber, a thin film and a cube made of a polymer are
significantly different. Although, based on the extensive research that has been performed in
recent years our understanding of this size-dependency is advanced to a great degree in the
past decades, there are still many unanswered basic questions that can only be addressed
by performing computational and experimental investigation at different length scales, from
atomistic up to bulk level in polymers. In this research we target exploring some unknown as-
pects of the size dependency in the thermomechanical properties of polymers by investigating
their deformation mechanisms at different length scales. As the first step, we will investigate
the mechanical properties of polymeric fibers. For these fibers, the mechanical properties
are strongly connected to the fiber’s diameter. The prevailing hypothesis is that this size
dependency is closely related to the thickness of the surface layer of the nanofibers. Our
results show some unknown origins behind the size dependency of the mechanical properties
in polyethylene (PE) and polystyrene (PS) nanofibers, which originate from the deforma-
tion mechanisms at the atomistic scale. In addition, not just the mechanical properties, the
thermal properties and response of functional polymers subjected to an external stimulation
are also related to their size. For example, the thermal conductivity of a fiber, a sheet and a
cube may be significantly different. Our study shows the thermal responses of different poly-
mers triggered by ultrasound are also different. The size and the type of the polymers will

both have influence on the final temperature in the polymeric materials, when the polymeric



materials are heated by same ultrasound source. We also have applied our computational
and experimental frameworks to investigate this phenomenon. In addition, we also used a
new shape memory polymer composite and a two-way shape memory polymer on designing
soft robotics-like structures. Overall this research indicates that both mechanical response
and thermal responses of polymers are highly related to their dimension. Taking advantage
of these unique size effects, and by tailoring this property, diverse devices can be made for

being used in a broad range of applications.
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Chapter 1

Brief Introduction

In this chapter, an overview of each topic in this dissertation is provided. Started with
investigating the origins of the size effect of polymeric nanofibers, polyethylene (PE) and
polystyrene (PS) nanofiers are simulated by molecular dynamics. The mechanisms of the
size effect of PE and PS nanofibers are found differently, although similar aspects also exist.
Next, our methodology is then applied to investigate the size-dependent thermomechanical
response of functional polymers subjected to an external stimulus (high-intensity focused
ultrasound (HIFU) in this case). In chapter 3, an experimentally-validated finite element
framework is developed to study the thermal response of functional shape memory poly-
mers (SPMs) under ultrasound field. This computational framework at macroscale helps
the design of the controlled drug delivery (CDD) systems. Moreover, the mechanisms of the
thermal effect of polymers in HIFU Fields are then studied at molecular level. It is found the
viscoelastic response under specific vibrating frequency is a vital point associated with the
thermal effect of polymers under HIFU. In additions, a shape memory polymer composite
with enhanced shape recovery ability and also a two-way shape memory polymer are synthe-
sized. A smart gripper and a self-rolling structure are designed, which shows SMPs are good
candidates in engineering fields. Finally, the influence of the evaporation during nanofiber

formation process in chapter 7. The detailed introductions for every topic are followed.
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1.1 Size effects in the mechanical properties of PE and

PS nanofibers

Mechanical properties of ultra-fine polymeric nanofibers are highly size-dependent and the
mechanisms for causality of the size dependency is still not quite clear. To unravel the
unknowns, we investigate the origins of this size dependency at the atomistic level. By
using molecular dynamics (MD) framework, for PE nanofibers, two fabrication methods are
utilized in this study to prepare non-drawn and hot-drawn fibers, in order to investigate the
two distinguished mechanisms for size dependency in PE nanofibers. One is rooted in the
effect of surface chains which is intrinsic to low dimensional materials and the other is the
chain alignment induced by drawing during fiber fabrication process. Our results show that
the size dependency is not chiefly attributed to the effect of surface polymeric chains, but
rather strongly relates to the chain alignment in nanofiber’s microstructure. The atomistic
study shows that non-drawn nanofibers have a dense core covered by a less dense shell layer,
but interestingly, our investigations reveal that the core-shell structure itself will not result in
the remarkable increase of modulus and strength when diameter of the fiber drops down. By
testing the hot-drawn fibers, we found the size dependency mainly originates from the chains
alignments. In addition, by examining the energy evolution associated with the bond lengths,
bond angles and dihedral angles at the atomistic scale, our results show that the dihedral
angles play a vital role in the size-effect. Our results also show the the orientation-induced
crystallization is monitored on hot-drawn fibers at 300 K, which makes the semicrystalline

fibers become stiffer but less ductile.

Unlike the semicrystalline PE nanofiber, PS nanofibers are usutally amorphous. Here, we
investigate the role of chain alignment and backbone bond length on the diameter dependence

of individual amorphous polystyrene (PS) by molecular dynamics (MD) simulation. For the
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first time, the diameter of the modeled nanofibers in MD can be directly comparable to the
experimental scale. We observed a linear increase of ultimate strength and an exponential
increase of Young’s modulus when reducing the nanofiber diameter to a certain onset value.
The increase of ultimate strength is found to be more related to the linearly increased chain
alignment while the variation in Young’s modulus is directly attributed to the exponentially
increased backbone bond length. The parameter “normalized diameter” is also introduced to
evaluate the extent of chain confinement in nanofibers. Finally, MD simulation is validated
by comparing with experimental results, and a annealing model demonstrating the evolution

of molecular structure with diameter is proposed.

1.2 Shape memory polymers in HIFU fields

As mentioned, the size effects in polymeric materials are not limited to the mechanical
response, in an external stimulus fields, the thermal response of SMPs is also size-related.
In chapter 3, we present an experimentally-validated acoustic-thermoelastic framework for
modeling the high-intensity focused ultrasound (HIFU)-induced thermal actuation of shape
memory polymers (SMPs). The feasibility of using SMPs stimulated by HIFU for designing
controlled drug deliver (CDD) systems is also investigated. SMPs represent a new class of
materials that have gained increased attention for designing biocompatible devices. These
polymers have the ability of storing a temporary shape and returning to their permanent
or original shape when subjected to external stimuli such as heat. In this work, HIFU is
used as a trigger for noninvasively stimulating SMP-based systems. HIFU has a superior
capability to localize the heating effect, thus initiating the shape recovery process only in
selected parts of the polymer. The multiphysics model optimizes the design of a SMP-based

CDD system through analysis of a filament as a constituting base structure and quantifies
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its activation under HIFU. Experimental validations are performed using a SMP filament
submerged in water coupled with the acoustic waves generated by a HIFU transducer. The
modeling results are used to examine and optimize parameters such as medium properties,
input power and frequency, location, geometry and chemical composition of the SMP to

achieve favorable shape recovery of a potential drug delivery system.

1.3 Polyethylene in HIFU fields

Experiments and the macro-scale computational model in chapter 4 show that high-intensity
focused ultrasound (HIFU) is a promising stimulus which has a superior and unique capa-
bility to induce localized heating and achieve temporal and spatial thermal effects in the
polymers, noninvasively. When polymers are subjected to HIFU, they heat up differently
compared to the case they are subjected to heat sources directly; however, the origins of this
difference are still entirely unknown. We hypothesize that the difference in the macroscale
response of polymers subjected to HIFU strongly depends on the polymer chains, compo-
sition, and structure, i.e., being crystalline or amorphous. In this work, this hypothesis
is investigated by molecular dynamics studies at the atomistic level and verified by exper-
iments at the macroscopic scale. The results show that the viscoelasticity, measured by
stress-strain phase lag, the reptation motion of the chains, and the vibration-induced local
mobility, quantified by the root mean square fluctuation (RMSF) contribute to the observed
difference in the HIFU-induced thermal effects. This unravels the unknown mechanisms
behind stimulating the polymers by HIFU, and paves the way in front of using this method

in future applications.
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1.4 A SMP composite with enhanced shape recovery

ability

As mentioned, shape memory polymers have received extensive attention to be used as
actuators in a broad range of applications such as medical and robotic devices. Their ability
to recover large deformations, and their capability to be stimulated remotely have made
SMPs a superior choice among different smart materials in various applications. In chapter
5, a ductile SMP composite with enhanced shape recovery ability is synthesized. This SMP
composite is synthesized by a mixture of acrylate-based crosslinkers and monomers, as well
as polystyrene (PS) with UV curing. The composite can achieve almost 100% shape recovery
in 2 seconds by hot water or hot air. This shape recovery speed is much faster than typical
acrylate-based SMPs. In addition, the composite shows excellent ductility and viscoelasticity
with reduced hardness, which can lead to good thermic response when the composite is
remotely actuated by high intensity focused ultrasound (HIFU). Besides, molecular dynamics
(MD) simulations are performed for understanding the curing mechanism of this composite.
With the combination of the experimental and computational works, this study paves the

way in front of designing and optimizing the SMP devices.

1.5 A two-way shape memory polymer for soft actuator
applications
Chapter 6 explore the potential applications for SMPs. In this chapter, the SMPs with

reversible shape recovery property (two-way shape memory) are highly desired. In chapter 6,

a crosslinked poly(ethylene-co-vinyl acetate) (cPEVA) based two-way shape memory polymer
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is synthesized using dicumyl peroxide (DCP) as the crosslinker. Moreover, the influence
of the DCP concentration on the mechanical properties and the two-way shape memory
properties is systematically studied. More importantly, soft actuators made by cPEVA with
an optimal DCP concentration can perform gripping and self-rolling movements, indicating
that the resultant cPEVA SMP is capable of producing large output force and recovering
from large deformation. Additionally, finite element simulations are also conducted to further
understand the underlying mechanisms in the complex behavior of actuators based on cPEVA
SMP. This work provides important insights in designing smart materials with external

stimulus responsive programmable function for soft actuator applications.

1.6 The effect of evaporation during nanofiber forma-

tion process

Polymeric nanofibers are unique one-dimensional materials formed by the solidification from
viscous polymeric solution. Their continuous structure, nanoscale dimension and relative
ease of preparation process make them valuable materials in many engineering applications.
However, the investigation on the inner microstructure of nanofibers by direct experimental
methods is still challenging. There are still contradictory views on the core-shell structure of
the nanofiber. Some researchers found the nanofibers have a dense core with less dense shell
area, Some other researchers found the core area is less dense. In chapter 7, we use molecular
dynamics simulation to investigate the roles of evaporation rate and the stretching forces.
The results indicate that the formation of the network structure of nanofibers are because of
a balance of evaporation and stretching. When the evaporation is dominant, nanofibers tend
to form a tabulated structure will less dense core area. When the stretching is dominant,

there is a compacting phenomenon, and the fiber will have a denser structure.



Chapter 2

The origins of size dependency of

polymeric nanofibers

2.1 Size effect of PE nanofibers

2.1.1 Introduction

In the field of polymer engineering, the technology of polymeric nanofiber fabrication has re-
ceived extensive attention during the past two decades, mainly because of the unique features
of nanofibers, and the low cost of production process for these fibers [1-4]. As a new class
of one dimensional materials, polymeric nanofibers can be used in diverse applications, such
as scaffolds in tissue engineering, drug delivery devices, and polymer carbon nanotube com-
posites [5-7]. Particularly, with diameters ranging from 10 to 500 nm, polymeric nanofibers
exhibit high surface area to volume ratios, high tensile strengths, reduced glass transition
temperatures, as well as unique size-dependent mechanical responses. These remarkable
properties, which are closely related to polymeric nanostructures, have been widely studied

by different experimental and computational methods in the past few years [8-15].

To elucidate the nanostructures and corresponding mechanical properties of polymeric nanofibers,
a broad range of experimental works and molecular dynamics (MD) simulations have been

reported recently. Pisignano and co-workers [16] evidenced that a core-shell structure is

7
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formed with a dense core and less dense shell, due to the dominant stretch rate during the
fiber formation process. Barber et al. [17] studied the elastic modulus of individual elec-
trospun polyvinyl-alcohol (PVA) fibers. Their results indicated an increase in the elastic
modulus, as the fiber diameter decreases. A bead-spring model for generic glassy polymers
has been developed by Shan Tang, et al. [18], by which the core-shell system consisting of a
dense core embedded in a less dense polymeric shell has been successfully simulated. How-
ever, the size-dependent mechanical properties are still needed to be quantitatively studied
by that model. More recently, Cai et al. investigated the microstructure and mechanical
properties of PAN/SWNTs nanofiber, their results showed the hot-drawing approach can

enhance the alignment of the polymeric chains and SWNTs in nanofiber [19].

Based on the reported experimental and computational investigations, multiple explanations
have been reported to explain the size-dependency of elastic modulus and tensile strength in
polymeric nanofibers. Among these, two justifications are prominent and compatible with
some experimental observations; (i) the effect of core-shell structure, in other words, the
effect of surface chains which is intrinsic to low dimensional materials and (ii) the effect of

chain alignment, which are both related to the size as discussed in the following.

The core-shell justification relates the fiber’s size dependency to the size of core and shell in
the fiber’s cross section. As the fiber size decreases, the energy at the core area increases [20],
and consequently the surface-to-core ratio changes in the fiber. This explanation considers
this ratio being the origin of the observed size dependency in the parameters. Although
this explanation is supported by some theoretical calculations, experiments have claimed
that the surface effect cannot explain the dramatic increase in the elastic modulus by itself
[21, 22]. More recently, it has been suggested that the chain alignment which stems from the
processing induced size-dependent microstructure might attribute to the size dependency

and enhancement in the mechanical performance [19, 23]. Based on this idea, it is sug-
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gested that the hot-drawing process during fabrication of polymeric fibers acts as a critical
step for creating high performance nanofibers [24]. For instance, when a hot polyethylene
(PE) filament is drawn at very high hot-drawing ratios from the solution, the amorphous
PE filament re-orients in the drawing direction and solidifies after cooling down [25]. By
theoretical analysis, this kind of well-orientated nanofiber could reach a very high tensile
strength [26]. However, although the interaction of chain alignment and size dependency
has been observed in multiple experimental works, many of the fundamental mechanisms

behind this interaction are still highly unexplored.

In this section, we adopt MD to study the interaction between the effect of surface polymeric
chains (core-shell structure), the chain alignments and the size dependency in polyethylene
nanofibers at the atomistic level. In order to investigate the mechanisms for size dependency,
a verified united atom model is utilized and two fabrication methods (fiber with hot-drawing
and without hot-drawing) are used to prepare two types of nanofibers that have differently
initial microstructures. Diverse structural characteristics of these two structures, such as
density profile, chain orientation, internal energy evolution and orientation-induced crystal-
lization, as well as the mechanical properties, are studied to find the relationship between

the fiber’s internal microstructure and the related mechanical response.

2.1.2 Models and methods

We use the united atom model to generate the studied nanofibers. The interatomic potential
we employed in this chapter is based on a united atom model for PE which was proved to
accurately capture the physical properties of PE melt and PE crystallization process [27, 28].
This interatomic potential has two contributing components: bond interactions and non-

bond interactions. The bond parts consisting of bond stretching, bond angle and dihedral
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angle are represented as follows:
Epona(r) = ky(r — 1)

Eangle(e) = k@(e - 00)2

3

Einearal(¢) = Z Ci(cos(9))'

=0
where, for PE, k, = 350 kcal/mol is the harmonic bond stretching coefficient, ro = 0.153 nm
is the average bond length. k = 60 kcal/mol/rad® refers to the stiffness constant for the
bond bending (angle) interaction, 8y = 1.911 rad is the equilibrium angle. The dihedral
angle equation is described as a multi-harmonic format with four constant coefficients as

Co = 1.553, C7 = 4.06, Cy = 0.867, C3 = —6.48 kcal/mol. ¢ is the dihedral angle. The

non-bonded interaction is given by a Lennard-Jones potential as,
Epy(r) = 4e[(a/r)"* = (a/r)°]

where € = 0.401 nm and ¢ = 0.112 kcal/mol. All the simulations are performed by us-
ing a large-scale atomic/molecular massively parallel simulator (LAMMPS), a widely used
molecular dynamics code from Sandia National Laboratories [28]. The motion equation is
integrated by Velocity-verlet algorithm with a time step t = 1 fs. A Nose-Hoover thermostat

and barostat is used to control the system temperature and pressure.

Before creating the initial structure and performing mechanical test for PE nanofibers, to
test the validity of the ability of this united atom model to capture the mechanical behavior
of PE polymer, first we compared the results obtained from this united atom interatomic
potential with the results obtained from a model with a PCFF force field, a classical potential

force filed for the full atomistic model, separately to run simple tensile tests on a cubic PE
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system as verification purpose. The initial chain structure of this cubic system is constructed
by amorphous cell section based on the PCFF force field. The constructed structure is a bulk
disordered systems containing carbon and hydrogen atoms in pre-equilibrium conformation
mimicking realistic amorphous PE polymer. The well-constructed structure with periodic
boundary conditions is then equilibrating at 600 K under zero pressure in the NPT ensemble
and subsequently cooling down to 100 K. After the temperature quenching down to 100 K,
a glassy state is obtained and finally the uniaxial tensile test is implemented to predict the
stress-strain relationship. For the comparison of mechanical properties between full atomistic
model and united atom model, another bulk cubic structure is also generated by deleting
all the hydrogen atoms in the previously constructed amorphous structure. Every bead in
the new structure is regarded as the hydrogen atoms are combined with the carbon atoms
to which they are attached, which is exactly the same as the definition of the united atom
model. Following the same simulation procedures, a stress-strain curve is obtained at the

end.

The stress-strain curves for the bulk PE system deformed at 100 K based on united atom
model and full atomistic model are compared in Figure 2.1. As shown in Figure 2.1a, the
full atomistic bulk PE system contains 6,000 carbon atoms and 12,040 hydrogen atoms with
a total number of 18,040 atoms. Figure 2.1b shows the united atom bulk PE system with
6,000 atoms in total, since a methylene or methyl group are treated as a united atom. From
Figure 2.1c, noticeable fluctuation in stress-strain curve can be seen for full atomistic model
while the curve for united atom model arises and proceeds more smoothly. The reason
may come from the well-known fact that the thermomechanical properties might be altered
in the united atom model due to the altered dynamics and loss of degree of freedom. It is
evidenced that the results predicted by the two models match within an acceptable accuracy.

The discrepancy of the stress-strain responses are within acceptable range, particularly, if
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Figure 2.1: Stress-strain response of polyethylene (PE) deformed in uniaxial tension at 100
K. (a) Schematic representations of full atomistic PE system and (b) united atom PE system.
(c) Stress-strain response of bulk PE polymer based on these two models.

we are focusing on the young’s modulus and yield strength, which are the key features for

comparison of nanofiber’s size-effect.

The PE nanofibers are fabricated by the following method. First the initial structure is
built by a self-avoiding random walk method [29, 30]. The randomly orientated polymer
chains are placed inside a cylinder volume with the periodic boundary condition only in z
direction (the fiber axial direction). Non-periodic boundary conditions are applied along x
and y directions of the simulation box (the box dimensions in x and y are two times larger
than the diameter of the constructed fiber). Under these conditions, the nanofiber can keep

its cylindrical shape upon further equilibrium.

The nanofiber systems are then treated by two different methods, without hot-drawing and
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with hot-drawing. For the first method (without hot-drawing), the cylindrically shaped
nanofiber is relaxed and equilibrated following a sequence of steps. Initially, the fiber is
equilibrated at 500 K in the NVT ensemble for 1 ns, which the temperature is above the
melting temperature of PE. Next, a NPT dynamics is followed to decrease the temperature
from 500 K to 100 K under zero pressure in z direction. During this cooling step, the fiber
is allowed to adjust its density by changing the length and the radius. After the glassy PE
nanofiber obtained, a NPT ensemble is run to remove its internal stress in z (the axial)
direction before uniaxial deformation is performed. Upon this fabrication method, the fiber
systems consisting of 20 to 4200 chains with the same chain length (301 monomers per
chain) in a total of 6,020 to 1,264,200 united atoms are prepared for the purpose of modeling
differently sized amorphous nanofibers. The results of the diameters of nanofiber systems are
ranging from 5 nm to 30 nm. Then, the stress-strain relationship is obtained by a uniaxial
tensile test along z-direction, when the simulation box is deformed at a constant engineering

strain rate under NVT ensemble.

As for the second fabrication method, hot-drawing is applied when fiber is forming to em-
ulate the procedure of making hot-drawn fibers in the experiments. The initial structure
is composed by 700 polymer chains with 301 monomers per chain and thus 210,700 united
atoms contained in the nanofiber system. An equilibrium process is firstly performed at 500
K similar to the first method. Thereafter, a linear increased force is added to all atoms in the
simulation system along fiber axial direction. Traditionally, by giving an additional push to
atoms in a specific direction, this method is usually used to emulate the fluid flow in a chan-
nel. Here, we employ this method to simulate the hot-drawing process, which the as-spun
fiber were stretched by hanging weights in a furnace [19]. A cylinder wall is implemented at
the mean time to help the decrease of the nanofiber size and regulation of nanofiber shape.

The conformations of the hot-drawn structures are saved at different hot-drawing ratios as



14 CHAPTER 2. THE ORIGINS OF SIZE DEPENDENCY OF POLYMERIC NANOFIBERS

initial structures for the further cooling step. By this method, at low strains, larger diameter
fibers are obtained, while increasing the strain results in smaller diameter fibers. Thus, after
hot-drawing, nanofibers will have different sizes. Uniaxial tensile test simulations are then
performed on these differently sized fibers at 100 K. Decreasing the temperature from 500
K to 100 K in NPT ensemble for 500 ps, the final state of hot-drawn fibers have a diameter
of 10, 12, 12.5 and 19 nm. Finally, the mechanical tests are performed on these differently
sized fibers under 100 K.

After testing the mechanical response for non-drawn and hot-drawn fibers at 100 K, the
effect of temperature on stress-strain behavior was further investigated. The 10 nm fibers
are deformed at 300 K and then the results are compared with the corresponding results
at 100 K. Additionally, in order to monitor the crystalline structure inside fiber, two fibers
which are both prepared by the hot-drawing method but have different hot-drawing ratios
are running under npt ensemble for another 10 ns at 300 K. Finally, the tensile tests are

performed on the fibers at 300 K similar to previously mentioned procedure.

2.1.3 Comparison of non-drawn and hot-drawn fibers

The results presented in this section reveal the structural deference and corresponding pro-
nounced mechanical property change of nanofibers prepared by the two different fabrication
methods. In Figure 2.2a, representative snapshots of final structures of 10 nm PE fibers pre-
pared by both methods are displayed for comparison. Different chains are displayed using
different colors. Without hot-drawing, Chains are randomly orientated and distributed in
the system. The random molecular jumble lacks the long-range order, thus the nanofiber
is in amorphous state. However, treated by the hot-drawing, it can be seen clearly the PE

chains are well ordered along fiber’s axial direction.
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Figure 2.2: (a) Representative snapshots of the 10 nm polymeric nanofiber with and without
hot-drawing and (b) the distribution of the chain orientation parameter P of 10 nm nanofiber
without hot-drawing and with hot-drawing. P, = 1, P», = 0 and P, = —0.5 refer to perfect
alignment in the z-direction, no significant alignment and normal to z-direction (see text for
details). (c) Stress-strain response of uniaxial tensile test for 10 nm non-drawn and drawn
nanofiber at 100 K. The post-peak curves are shown in dash line because the curves after
the maximum load cannot be captured experimentally which is an instable state for the
nanofiber.

To quantitatively evaluate the chain alignment of the nanofiber, a chain orientation param-

eter Py, is introduced and calculated by the following equation [23, 30, 31],

Py, = §005(02-)2 —

1
2 2

where 6; is the angle between z-direction and the vector from atom ¢ — 1 to nearby atom i+1
alone the same chain. In this manner, the results of P, = 1,P,, = 0 and P, = —0.5 refer
to the well alignment along z-direction, lack of significant orientation and perpendicular to

z-direction, respectively. The histograms of the distribution of the chain orientation along
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fiber axial direction (z-direction) for both systems are shown in Figure 2.2b. Without hot-
drawing, chain orientation parameters for all chain segments fall in a range from —0.25 to
0.2, with a peak value around 0 in the histogram, reflecting insignificant alignment in the
fiber structure. With hot-drawing, a range from 0 to 0.6 with a peak value around 0.4
for the parameter P, can be seen from the histogram, which indicates chains have aligned
orders along z-direction. This observation shows that the hot-drawing treatment can lead to

a strong alignment in fiber’s microstructure.

Having conducted the structural analysis on the two systems, uniaxial tensile test is then
performed to measure the stress-strain behavior at a strain rate of 5 x 10° s~!. The
results are displayed in Figure 2.2c. Surprisingly, not only the young’s modulus increases
significantly, but also a threefold increase of the yield strength of hot-drawn fiber is observed
compared to that of non-drawn fiber. Interestingly, since the diameter of fibers for both

systems are around 10 nm, by neglecting the slightly density change, this threefold increase

is largely attributed to the enhanced chain alignment.

2.1.4 Non-drawn fibers with different sizes

Known that the chain orientation plays an important role in determining fiber’s mechanical
properties, the question to be answered in this sections, is what the reason behind fiber’s
size-effect is. In section 2.1.4, fibers are fabricated by the first method, fibers with diameters

range from 10 to 30 nm are made without hot-drawing.

First, we examine the inner structure of the fiber, the nanofibers are divided into 25 to 150
cylindrical layers for the diameters of fibers ranging from 10 nm to 30 nm, in which each
layer has identical thickness of 0.1 nm. The numbers of the atoms in each layer are counted

and then divided by the corresponding shell volumes which can be defined as the number
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Figure 2.3: (a) The schematic graphs shows the nanofiber is divided into multiple concentric
layers. (b) Normalized density of PE nanofiber at T=100 K, along the radial direction from
the center to surface and normalized density distribution on the fiber’s cross-section with
diameters equal to (c) 10 nm (d) 20 nm (e) 30 nm. In each case a dense core and less dense
shell structure is shown (the color bar shows the normalized density).

density of polymer beads. Figure 2.3 shows the normalized number densities along radius
for differently sized fibers. As shown, the densities of inner layers spontaneously fluctuate
around a constant value that refers to the bulk density of PE. Due to the surface tension
of the nanofiber, clearly, the density in the inner area is higher than the outer area, which
can be regarded as a core-shell structure (For nanofibers made with polymer-solvent system,
some experimental results show that the constructed fibers may have soft core embedded
with hard shell structure, since solvent molecule will be trapped inside due to fast solvent

evaporation on surface. However, when evaporation rate is not dominant, experiments show
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fibers have a higher polymer density in the center which results in a dense core, and less

dense shell structure).

For fibers with 10 nm diameter, the density remains constant up to = 0.6, beyond this

T
Tmax

point, the density drops down quickly which can be defined as the shell (surface) area. As the
diameter of the fiber increases, the shell to core ratio decrease. Similar results are reported by
Shan Tang et al. [18], they use a bead-spring model to emulate a glassy nanofiber system, the
core volume fraction is increasing from 57.76% to 84.64% for fibers with increased diameter

from 19.78 to 98.36 in reduced LJ units.

To illustrate the cross-sections of the fibers in a more straightforward way [32], density
profiles of the fiber systems are demonstrated in Figures 2.3c-e. Clearly, the core area
become dominant with increase of the fiber size, while the thickness of the shell layers are

not varied significantly.

Mechanical tests are also performed on these fibers to investigate the effect of surface chains
on fiber size dependency. Fibers in three different sizes, with diameters 10, 20, and 30 nm
are deformed at 100 K with a constant strain rate 5x 10° s~! and the results are compared
in Figure 2.4. Need to note that for all tensile tests performed in our study, we keep the same
strain rate. It is observed that young’s modulus and the yield strength of differently sized
fibers do not change significantly. It can be noticeable that by using the first method, the
resultant polymeric fibers are under close chain alignment level but with different diameters.
Thus, the effect of surface chains is isolated and investigated in the section. The result reveals
that for different diameter fibers of similar chain alignments, although the ratio of core-to-
shell area changes, this structure change itself will not result in a significant enhancement in

fiber’s young’s modulus and ultimate strength.

The potential energies associated with the non-bonded interaction, bond stretching, bond
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Figure 2.4: (a) Stress-strain response of amorphous PE fibers with diameters of 10, 20, and
30 nm at 100 K temperature. (b), (¢) and (d) shows the energy decomposition of non-drawn
PE fiber with different diameters. The majority of increase in total energy is associated with
the increase in non-bonded energy.

angle and dihedral angle for the above four fiber systems are shown in Figures 2.4b-d. From a
general view, the energy decomposition curves follow a similar trend in the energy evolution
progress. The major increase of the total energy comes from the increase of non-bonded
interaction energy, while others play a less important role, particularly in elastic region.
As the bond angles stay near the equilibrium value of 109.5°, the angle energy remains
nearly constant. The bond energy slightly decreases as the bond lengths move towards the
equilibrium length. The dihedral energy increases slightly after the elastic regime and then

decreases when the necking begins because of the transformation of global minimum trans
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conformation to local minimum guache® conformation.
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Focusing on the elastic region, the increase in non-bonded energy of fibers with smaller

diameters are slightly lower than that of with larger diameters due to the core-shell ratio.

However, such kind of variations cannot quantitatively explain the pronounced size effect

that observed in the experiments.

Further discussions will be provided in the following

sections to reveal the correlation between the size-effect and fiber internal structure.

(a) 400

300 -

Stress (MPa)

100

200 r

— 10 nm
—12.5nm
— 15nm
— 19 nm

e
M"w

0.2

0.4 0.6
Engineering Strain

0.8

(b)

Fraction of Chains

0.1

g
=)
G

<)

10 nm

12.5 nm

=
%

=3

e
=3
G

15 nm

19 nm

0.5 1 0.5 0
Chain Orientation Parameter

0.5

Figure 2.5: (a) Stress-strain curve for 10, 12, 15, and 19 nm hot-drawn nanofibers and (b)
chain orientation parameter of hot-drawn nanofibers.
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2.1.5 Hot-drawn fibers with different sizes

To confirm the correlation between the dependency of properties to the size and the inner
chain orientation, the prepared nanofibers which are hot-drawn to different strain levels are
deformed by uniaxial tensile tests. The stress-strain curves are provided in Figure 2.5a. It
is clearly shown that with decreasing the fiber diameter (increasing the hot-drawn ratio),
the young’s modulus and the yield strength increase rapidly. Comparing the results for 10
and 19 nm fibers, a nearly triple increase of corresponding properties is observed as shown

in Figure 2.6a.

As shown in Figure 2.5b, Figure 2.6a and Figure 2.6b, nanofibers with increasing hot-drawing
ratio have decreasing diameter and increasing chain orientation parameter. In other words,
higher hot-drawing ratio leads to formation of thinner fibers with more aligned polymeric
chains in the microstructure. In figure 2.5b the corresponding distribution of chain orien-
tation parameter for all chain segments in each fiber is shown. The majority of the values
of orientation parameter are ranged from 0.15 to 0.6 (for 10 nm fiber), 0.1 to 0.5 (for 12.5
nm fiber), 0 to 0.4 (for 15 nm fiber) and 0 to 0.3 (for 19 nm fiber). Not surprisingly, on
average, the chains tend to align when the fiber is drawn to higher strain level. The average
values of chain orientation parameter obtained in our results are relatively lower compared
to the Herman orientation factor obtained from experiments on hot-drawn nanofibers [19].
The reason is that the nanofiber size and the length of chains used in MD simulation are
limited. To reach a higher Herman orientation, system needs to be large enough to provide
enough entanglements in amorphous phase resulting in polymers with longer chain lengths
having higher degree of alignment [30]. In addition, the method used to calculate the chain
orientation parameter in MD simulation is slightly different from the method about Herman
orientation parameter calculation obtained from experiments [19, 33]. The size dependency

of nanofibers can also be described by normalizing the diameter by the characteristic length
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scale of the material [34]. In this study, since all nanofibers are composed by same length
polymeric chains (same molecular weight), there is a positive linear correlation between the

actual diameters and normalized diameters for the fibers.
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Figure 2.7: Young’s modulus versus diameters and corresponding chain orientation parame-
ter for hot-drawn fiber. (b) Chain orientation parameter as a function of hot-drawing ratio.

The evolution of fiber internal energies during the tensile test is also analyzed. According to
Figure 2.7, the energies associated with the non-bonded interactions follow a similar trend
when strain evolves. For a thinner fiber, dihedral energies have a sharper rising gradient,
and the angle energies also curve up when the tensile test starts. The bond energies exhibit
pronounced decrease at elastic region as the length of the bonds approaches its equilibrium
value. For thicker fibers, the curves of dihedral energies remain flat at small strains, bond

energies decrease steadily and angle energies keep almost unchanged during the whole strain
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evolving process. Focusing on elastic regime (up to 0.05 strain), as zoom-in figures are
displayed at the top right corner on each subplot, it is noticeable that the dihedral energy
plays a vital role in the elastic regime. Note that the dihedral potential chosen in the present
work has three staggered positions, one trans and two gauche states. The global minimum
of the dihedral potential is at 0°(trans) and two local minima are located at -120°(guache™)
and 120°(guache™), respectively. The trans-guache barrier in this potential is 3.3 kcal /mol
while the cis barrier is at 5.0 kcal/mol [27]. In the hot-drawing process, the drawing force can
help the conformations with a dihedral angle between 0° and 60° bypass the trans-guache
barrier and finally reach the 120°(guache™) conformations. The dihedral angles further keep
increasing when the tensile test is beginning and have a trend of approaching the much
higher energy conformation states of dihedrals angle between 120° and 180°, that’s why for

the hot-drawn fibers, the dihedral energy curves up immediately at the elastic regime.

Normalized density distribution of the cross-section of the hot-drawn fiber is also obtained
and shown in Figure 2.8. From Figure 2.8, it can be seen the hot-drawn fibers have core-
shell structures as well, but apparently this is not the main reason behind its size dependent
properties. Based on the results shown in Figures 2.5, 2.6 and 2.7, we can conclude that the
size-effect of nanofibers is closely related to fiber nanostructure of chain orientations, par-
ticularly, the dihedral angle has a significant role in accounting for the enhanced mechanical

properties of PE nanofibers when the fiber size decreases.

Interestingly, a lot of experimental studies also show a three-fold increase in young’s mod-
ulus of thin nanofibers compared to that of bulk polymer [22, 35, 36]. Naraghi et al. [15]
reported the mechanical properties of polyacrylonitrile (PAN) produced under different elec-
trospinning conditions. For fibers with a diameter larger than 400 nm, their experimental
work shows a value of about 2 GPa for the fibers, which are close to the value of bulk PAN

polymer. When the diameter of the fiber decreases to 200 nm, young’s modulus increases
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Figure 2.8: The density distribution of the cross-section of the hot-drawn fibers with different
diameters

to 6 GPa. Another example for PAN fiber is reported by Dimitry Papkov et al. [37], where
the results of tensile tests show dramatic increase when nanofiber is finer than 200 — 500
nm as the yield stress is about 200 MPa for a fiber with diameter of 260 nm but increases
to about 500 MPa for a 138 nm fiber. These observations are compatible with our find-
ings, although our simulations are investigating fibers with smaller diameters. Considering
smaller diameters in this study is due to the inevitable limitations on MD simulations be-
cause of computational cost. We adopt relatively short polymeric chains and only up to
30 nm diameter fibers can be reached, while in experiments fibers are comprised of larger
molecular weight polymeric chains and finally have larger diameters. However, from an-

other perspective, in our simulation when drawing is applied in order to form thinner fiber,
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the chain orientation evolution process resemble the mechanism that polymeric chains are
aligned when hot-drawing approach is utilized in experiments [19]. We find the trend shown
in our results is comparable to the experimental observations, and for the first time, the
results shed light into the importance of the dihedral angle on PE fiber size effect by MD

simulation.

2.1.6 Temperature dependence

The effect of changing temperature on the mechanical properties of polymeric fibers has been
extensively studied. However, the interactions between core-shell structure, chain alignment,
mechanical properties, and temperature are still highly unexplored. In this sections, we study
the effect of changing the temperature on the mechanical properties of non-drawn fibers with

a core-shell structure, and also fibers with highly aligned chains, fabricated by hot-drawing.

Figure 2.9a shows the corresponding stress-strain curves at 100 K and 300 K for a 10 nm non-
drawn fiber, which indicates the mechanical property of this nanofiber has a clear dependence
on the temperatures. At 100 K, the stress curves rise up nearly linearly with increased strain
before reaching the yield point. The stress then undergoes a decrease because of necking and

fiber breakage. However, no apparent stress decrease is observed for the stress-strain curve

at 300 K.

Figure 2.9b shows the representative snapshots of the 10 nm amorphous PE nanofiber (with-
out hot-drawing) deformed under 100 K and 300 K temperatures, respectively. At 100 K,
necking starts to form on the surface of the nanofiber at strain 0.4 and propagates over the
surface upon further deformation, as shown in the figure corresponding to strain 0.6. The
necking phenomenon is much less pronounced at 300 K, compared to the case of 100 K when

the geometries of fibers are compared at the same strain levels. This phenomenon is reason-
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Figure 2.9: (a) Stress-strain curve for 10 nm non-drawn PE nanofiber at different temper-

atures and (b) representative snapshots of the hot-drawn PE nanofiber during the uniaxial
tension at various engineering strains.

able because the material becomes soft and ductile when temperature increases. Moreover,
Sezen et al. [20] reported that the glass transition temperatures are around 150 K for amor-
phous PE nanofiber by using the same force field, so actually one of the fibers is deformed

below glass transition temperature while the other is above glass transition temperature in

our case.
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Figure 2.10: (a) Stress-strain curve for 10 nm hot-drawn PE nanofiber at different temper-

atures and (b) representative snapshots of the non-drawn PE nanofiber during the uniaxial
tension at various engineering strains.

Temperature dependence is also investigated for a 10 nm hot-drawn fiber as shown in Figure
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2.10. Not like the amorphous 10 nm fiber, the drawn fibers reach their yield point at strain
0.1 both for 100 K and 300 K. Although the values of yield strength are different at 100 K and
300 K, the stress evolution curves have similar patterns in general. Looking at the snapshots
in Figure 2.10b, stable necking can be observed for both cases, and we find the neck length
become longer compared to the neck of amorphous 10 nm fiber at 100 K. Comparing Figures
2.9 and 2.10, it shows that changing the temperature has a more significant on the mechanical
properties of amorphous fibers as it significantly affects the stress-strain response and also
the deformation in the fiber. While in fibers with aligned chains, although the strength is
changed by temperature, the overall deformation mechanisms remain similar at low and high

temperatures.

2.1.7 Effect of hot-drawn induced crystalline structure

In addition to the results of the increase of strength and modulus for hot-drawn fiber in
section 2.1.5, another interesting part is the toughness change due to the hot-drawing. Some
recent studies have explored the relationship between the nanofiber’s microstructure and the
toughness of the corresponding fibers. For instance, Cai et al. prepared nanofibers by hot-
drawing approach experimentally and they found fibers with large drawing ratio to have high
strength but low ductility, thus toughness was relatively low compared to the as-fabricated
fibers [19]. To investigate the microstructural evolution and toughness of the hot-drawn
fibers at room temperature, we tested two fibers with hot-drawn ratio of A =1 and A = 6.7

at 300 K (close to the room temperature).

For fiber with the hot-drawing ratio of 1, it means the fiber is not drawn and the inside chains
are almost disordered which is similar to the microstructure of the fiber prepared by the first

fabrication method (without hot-drawing). It can be seen from Figure 2.11a, the non-drawn
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Figure 2.11: (a) The stress-strain curve for fibers with A = 1 and A = 6.7 at 300 K. (b)
The evolution of chain orientation parameter for these two fibers during tensile test. (c)
The diameters and corresponding crystallinities of these two fibers and the representative
snapshots shows the crystalline phase and amorphous phase for the fiber with A = 6.7.

fiber demonstrates the elastic-perfectly plastic property to engineering strain of 1. On the
other hand, by hot-drawing, the fiber becomes stiffer while the ductility is lost. Comparing
these two stress-strain curves, it is interesting to notice that increasing the hot-drawing ratio
does not enhance the toughness of the nanofiber. Non-drawn fiber is amorphous prior to
tensile loading for which the orientation parameter is zero. During loading, the orientation
parameter increases steadily as the chains tend to align along tensile loading direction. For
fiber with hot-drawing ratio of 6.7, chains are already in an aligned state before loading, and
the orientation parameter grows within the first 0.1 engineering strain and then almost keeps

flat for the post-peak regime. Analyzing the stress-strain curve, the stress of the hot-drawn
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fiber will increase sharply in the first 0.1 strain regime and then start to drop down, which
refers to fiber fracture or instability in the experiment. While the orientation parameter
curve has a plateau after 0.1 strain, we note that one of the possible reasons might be that
the aligned chains start to slide between each other, thus any further tensile loading cannot

lead to more aligned chains.

Another reason for the loss of ductility of hot-drawn fiber may come from the crystalline
structure in the fiber. From the table in Figure 2.11c, we can easily find that the hot-drawing
induces the formation of crystalline structure. A representative snapshot of nanofiber with
A = 6.7 is also shown in Figure 2.11c. The crystalline region is represented in red while
the yellow and white atoms refer to the amorphous region. More details about the method
on the calculation of crystallinity can be found in Ref [23]. Although crystalline regions
are not very thick, they distribute heterogeneously inside the fiber. The mobility of the
polymeric chains in the crystalline domain will reduce which finally causes the loss of ductile

for hot-drawn fiber.

2.1.8 Conclusions

MD simulations are performed by utilizing a united atom model to study the microstructure
and corresponding mechanical properties of PE nanofibers. The united atom model is first
validated by comparing the results of this model against a full atomistic simulation for
uniaxial tensile tests. To investigate the origin of nanofibers size-dependent mechanical
properties, nanofibers are formed by two methods; with hot-drawing, and without hot-
drawing. Amorphous PE nanofibers can be formed without hot-drawing and thus lead to a
core-shell like structure after cooling down to 100 K. Regardless of the increased fiber size,

the thickness of the shell layers vary slightly which results in the discrepancy in the fraction
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of the core and shell regions for differently sized polymeric nanofiber systems. Interestingly,
even with such core-shell structures, the results of the tensile test cannot capture the size-
effect feature when the axis-direction deformation are applied on differently sized fibers.
Therefore, we can conclude that the core-shell structure (the effect of surface polymeric
chains) is not the main reason for nanofiber’s size dependent mechanical response. A hot-
drawing process is then utilized for fiber’s preparation. Comparing the structure of the
non-drawn and hot-drawn fibers after cooling down, our results show that the alignment
of the chains is significantly enhanced after drawing. With fiber’s diameter decreasing, the
hot-drawn nanofibers show a dramatic increase in young’s modulus and yield strength. The
corresponding energy evolution plots demonstrate that the dihedral angles play the most
important role in this size-dependent mechanical response.The results show that the size
dependency is not chiefly attributed to the core-shell structure, but rather strongly relates
to the chain orientation in the nanofiber system as well. In addition, the formation of the
crystalline structure is observed for hot-drawn fiber around room temperature, the results

show the hot-drawn fiber become stiffer while their ductility become lower.

2.2 Size effect of PS nanofibers

2.2.1 Introduction

The hot-drawn PE nanofibers contains orientation-induced crystalline structure when fibers
cool down and solidify. In other words, PE nanofibers are usually considered as semi-
crystalline nanofibers. As an another commonly used polymer, most polystyrene (PS) is
amorphous and have brittle mechanical response at their bulk state. When the size of the

polymer scales down to nanometer, like PS nanofiber, the mechanical responses change dis-
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tinctly. Unlike PE nanofibers, PS nanofibers are usually fabricated at room temperature,
and the final as-spun fiber is in an amorphous state. PS nanofibers behave ductile with
enhanced modulus and strength when their diameters drop down below the certain “on-
set” dimension, which might be closely related to the molecular weight of their composite
chains. Such an ability of improving ductility and mechanical behavior simultaneously makes
nanofibers a promising composite for functional materials, such as armor fabrics and scaf-
folds in tissue engineering [38-40]. From another perspective, with the understanding of the
“onset” mechanism, one can use nanofibers to design applications for target properties from

a bottom-up manner with the choices of proper raw composite and external environment

[41, 42].

In general, the mechanism and the corresponding structure variation when the size of the
nanofiber drops are still not quite clear. The foremost hypothesis about this diameter de-
pendence is the change of inside polymeric chain orientation, the layered core-shell structure
in nanofiber, as well as the crystallinity degree of the fiber [43, 44]. For orientation, Saeed et
al. found the signs of anisotropy (5% - 20%) along the electrospun PS fiber axial direction
through small-angle neutron scattering (SANS) technique [45]. Arinstein et al. observed a
linear increase of orientation degree of crystallites for Nylon 6.6 nanofibers [46]. Papkov and
his co-workers reported simultaneously strong and tough polyacrylonitrile (PAN) nanofiber
which the major property improvement is observed under ultrafine diameter (< 250 nm).[47]
Regarding fiber core-shell structure, contrary models have been proposed to describe the
density and chain orientation distribution. The results by Urszula et al. indicated the ori-
ented polymer chains are majorly located in the shell area of the fiber [48], while Andrea
and their co-workers showed the nanofiber might have a dense core with aligned chains [49].
In addition, the pioneering work by Vao-soongnern et al. reported the structural properties

at the molecular level of polymer chains inside nanofibers [50, 51]. On the other hand, the
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morphology of the fiber (whether they have crystalline or amorphous microstructure), also
plays an important role in their mechanical properties. For crystalline or semi-crystalline
nanofiber, typically, the modulus and strength can be enhanced after annealing since the

polymer chain re-orient and form crystal structure when the fiber is heat treated [45, 52].

Due to the ultrafine dimension of the nanofiber, bundles of nanofibers are usually needed
for examining the microstructure, including chain orientation and crystal structure. The
limitation of requiring bundles is the relatively high noise-to-signal ratio. In addition, when
examining the alignment, it is hard for the experimental technologies to distinguish between
the orientations of the inside polymeric chains and the orientation of nanofibers itself. Addi-
tionally, with the bundle, an average value of nanofiber diameter is utilized while the actual
values might be dispersed, which may result in most of the signals come from thick fiber and

thus lead to a biased result [53].

To evaluate the degree of nanofiber crystallinity experimentally, the typical method is X-ray
diffraction (XRD) which relies on the specific diffraction pattern generated by the interac-
tion of X-ray with crystal structures. However, for amorphous nanofibers, such as fibers
fabricated using atactic polystyrene (PS) solution, although the PS backbone is oriented
when nanofiber formed, the overall amorphous structure cannot show significant pattern
under X-ray. As far as we know, there are a few emerging technologies that might be able to
capture the backbone orientation. However, no single technologies currently could provide

a comprehensive understanding of the onsite mechanism in ultrafine amorphous nanofibers.

Furthermore, the final state of electrospun or drawing suspended nanofibers remains non-
equilibrium due to the fast solvent evaporation [54, 55]. Because of the stretching force
during fabrication, the length of bonds on the backbone may have some tiny elongations and
then are locked when fibers solidify. Since the deformation of the covalent bonds can supply

a very strong force which is orders higher than van der Waals forces, the pre-elongated bonds
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in the as-spun nanofibers would result in a significant variation in the modulus. However, to
the best of our knowledge, so far present experimental technologies cannot directly perceive

this type of slight elongation at covalent bond level.

The experimental dilemmas make molecular dynamics simulation an excellent alternative
way to investigate the nanofiber structure and mechanism [56, 57]. As a broadly used com-
putational tool in nanoscale, molecular dynamics simulation can track the position of every
atom during the entire simulation time, which makes the evaluation of chain orientation and
local morphologies in nanofiber much painless compared to experimental methods. More-
over, although the molecular dynamics simulation have difficulties on reaching very large
system size which is attributed to the limited computational resources, by using the coarse-
graining (CG) model and implementing periodic boundary condition in fiber axial direction,
we are able to simulate PS nanofiber with diameters comparable to the actual experimental

scale.

In this chapter, we study the diameter dependence and corresponding onset mechanism of
individual nanofiber of atactic PS via molecular dynamics simulation. A recently devel-
oped CG potential force field [58], which is thermomechanically consistent and temperature
transferable, is used to emulate PS nanofibers with diameters ranged from 150 nm to 300
nm. From our model, we observed the exponential increase of young’s modulus and linear
increase of ultimate strength when fiber diameters decrease. The effect of the molecular
weight of the PS chain on diameter dependence is also investigated. We further extract the
chain orientation parameter and average backbone bond length and then disassemble the
effect of them on the modulus and strength. Finally, after comparing with experimental re-
sults, we propose a schematic model describing the onset mechanism on diameter dependent

mechanical response of amorphous nanofibers.
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2.2.2 Simulation method

All simulations are performed by using the open-source molecular dynamics package, LAMMPS
[59]. We implement the recently developed two-bead type CG methodology to build our PS
nanofiber systems. Unlike the traditional one-bead type CG method, this mapping scheme
distinguishes the backbone beads and side-chain beads. As shown in Figure 2.12a, the back-
bone bead (in magenta) is centered at the alkyl carbon bonded to the phenyl ring, while the
center of the side-chain bead (in cyan) is located at the center of mass of the phenyl ring.
In this way, the bond structure is more similar to the full atomistic model and provides a
physically consistent molecular orientation when the fiber is forming. Detailed methodology

and the functional form of the potential force field can be found in Ref [58].

As shown in Figure 2.12b, the PS nanofibers are made through the following steps. First,
the initial structure is built by a self-avoiding random walk method within a rectangular
box. The dimensions of the box (side lengths) are carefully chosen in order to make all long
polymeric chains have enough space to walk randomly without overlap. Here, we utilize the
concept of normalized diameter D,,,,, defined as the ratio of fiber diameter to the root mean
squared end-to-end distance of a single unperturbed polymer chain at bulk state R*, [60, 61],
to help with the selection of the size of the initial rectangular box. Noted that at melt state,
R?, is positively proportional to the molecular weight (MW) of individual polymeric chain,
R, o< M W12, We take D,,rm > 13 for the criteria that amorphous bulk-like state occurred.
In this study, the nanofibers are composed of atactic PS chains with MW of 300,000 (1333
chains in the system) and 600,000 g/mol (667 chains in the system), separately. To meet the
criteria, the side length of rectangular boxes is required no less than 500 nm for the MW of
300,000 g/mol and 700 nm for 600,000 g/mol. Next, the randomly orientated polymer chains
inside the rectangular volume with the periodic boundary condition in x, y and z-direction

are equilibrated at 750 K for 4 ns, followed by two annealing process (each takes 1 ns) from
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Figure 2.12: Schematics of (a) Polystyrene atomistic to coarse-graining mapping scheme, (b)
the fabricating procedure of PS nanofibers with different diameters via molecular dynam-
ics simulation, (c) the rendered nanofiber showing the morphology of chain distribution of
modeled nanofiber.

750 K to 300 K.

Second, the periodic boundary condition is turned off in x and y directions. In the meantime,
the simulation box expands twice in these directions compared to the original one, such that
the molecules no longer interact with their counterparts in the expanded directions. Now,
the periodic boundary condition is only applied in the z-direction (nanofiber axial direction).
Under these conditions, the temperature firstly increases from 300 K to 750 K, and then the
nanofiber is equilibrated at 750 K for 4 ns. A cylindrically free surface would spontaneously

grow up upon further equilibration. After the cylindrical shape formed, the nanofibers are
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cool down to 300 K again.

Third, to control the final diameters of the nanofibers, a cylindrical wall potential is applied.
As started, the temperature is increased back to 750 K, and then an NPT ensemble is followed
to maintain the temperature at 750 K with zero pressure in the z-direction. During this NPT
dynamics, the diameter of the cylindrical confinement slowly decreases down to different
values while the nanofiber is allowed to adjust their density by changing the length in the
z-direction. After the temperature drops down to 300 K, the glassy nanofibers with different
diameters are obtained and the wall confinement is removed. An NVT ensemble is then
performed at 300 K for 1 ns. Subsequently, an NPT ensemble is run to remove the internal
stress in the fiber axis before the uniaxial tensile test is performed (The density profiles of
every nanofiber system are in Figure 2.13). Last step, the stress-strain relationship of the
nanofibers is obtained by tensile tests along z-direction that the simulation box is deformed
at a constant engineering strain rate under the NVT ensemble of 300 K. The engineering rate
is 2.5 x 10 s7! and the temperature damping factor is 400 fs. For the calculation of stress
in the nanofiber, per-atom stress tensors are firstly calculated and summed for all atoms,
since per-atom array values are in the form of pressure*volume, the values are divided by
the volume of the nanofiber to get actual stress in the nanofiber along the z-direction. For
every nanofiber system, the entire simulation procedures (including steps 1, 2 and 3) take

around 154 hours on 384 CPUs.

There might be slight concern about the geometry of the nanofibers in Figure 2.12b, since the
300 nm nanofiber looks rather short than a continuously long fiber. The reason is due to the
limited computational resource, the maximum simulation system we can achieve contains
8,000,000 beads which lead to an upper limit on the volume of the system. For 300 nm
nanofiber, the rather large diameter constrains the length of the fiber we could carry out.

In theory, periodic boundary condition on axis means that nanofibers are infinitely long. To
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Figure 2.13: Density vs. radius profile from the center to the edge of the nanofiber with
the molecular weight of 300,000 g/mol. For 150 nm and 175 nm nanofibers, the density
oscillation at the edge is because of the confinement. The increased fluctuation in density
near r 0 is a consequence of poorer statistical sampling.

validate there is no influence on the stress-strain response, fibers with the same diameter
but different lengths are tensile tested under the same strain rate. The result (in Figure
2.14) shows that the length of the fiber doesn’t affect the stress-strain response as long as

the periodic boundary condition in the z-direction is applied.
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Figure 2.14: Stress-strain response for amorphous PS nanofiber of 165 nm and 495 nm long
in the z-direction with the representative snapshots of 30 nm amorphous PS nanofiber in
different lengths inserted.

In Figure 2.12¢, different PS chains are rendered by different colors, we found that chains

have a trend of orienting parallel to the fiber axis. It is worth mentioning that the degree
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of orientation is closely associated with nanofiber diameters. Detailed results and discussion

will be provided in the next section.

2.2.3 Normalized diameter

The nanofibers with polymer chains of MW of 300,000 g/mol and diameters ranged from
150 nm to 300 nm were molded. The fibers with the chains of 600,000 g/mol and diameters
ranged from 210 nm to 300 nm were also prepared as a comparison. Figure 2.15 and Table

2.1 show the stress-strain curves and corresponding mechanical properties of the nanofibers.
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Figure 2.15: Stress vs. strain curve for PS nanofibers of (a) MW = 300,000 g/mol with
diameters ranged from 150 nm to 300 nm and (b) MW = 600,000 g/mol with diameters
ranged from 210 nm to 300 nm (we think it is much more insightful to plot the stress-strain
curve until the maximum stress/load, because in experiment the post-peak load cannot be
captured experimentally, and it lead to an instability. For readers’ reference, the raw data
of the stress-strain curves are shown in Figure 2.16 and the snapshots of nanofibers during
tensile tests are provided in Figure 2.17).

Focusing on the nanofibers with diameters ranged from 200 nm to 300 nm, it is clearly noted
that the nanofibers with the same diameter, but different lengths of composite polymeric
chains have different mechanical responses. Such a variation can be linked to the normalized
diameter in the confined polymeric system. As briefly mentioned in the simulation method

part, D,orm is the ratio of fiber initial diameter (Dj,iia) to the root mean squared of
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Table 2.1: Mechanical properties of simulated PS nanofiber systems.

Molecular weight Nanofiber diameter Young’s modulus Strain at break Stress at break

(g/mol) (nm) (GPa) (Mpa)

300,000 150 11.72 0.07 647.30
300,000 175 6.09 0.29 430.70
300,000 200 3.56 0.45 427.37
300,000 250 3.34 0.65 314.15
300,000 300 3.25 0.81 236.14
600,000 210 9.64 0.28 661.85
600,000 225 5.62 0.42 630.63
600,000 250 3.78 0.58 636.66
600,000 300 3.43 0.84 482.45

chain end-to-end distance, R!,. Based on the works of Fetters et al. [62, 63], we have
R*, = v/0.43TMW. Need to note that R*, here is the end-to-end distance for unperturbed
chains in polymer melts. It doesn’t refer to the specific end-to-end distance for polymeric
chains in the confined nanofiber system. The calculated D,,,,, for the nanofibers in our case

are listed in Table 2.2 below.

Table 2.2: The parameters used in the calculation of normalized diameters of PS nanofibers.

Molecular weight Nanofiber diameter End-to-end distance Normalized Diameter

(g/mol) (Dinitiar,nm) (Ree,nm) (Drorm,nm)
300,000 150 36.2 4.1
300,000 200 36.2 5.5
300,000 250 36.2 6.9
300,000 300 36.2 8.3
600,000 210 51.2 4.1
600,000 250 51.2 4.9
600,000 300 51.2 5.9

From Figure 2.15, nanofibers demonstrate higher ultimate strength when their diameters de-
crease, no matter what the molecular weight of their composite chains is. However, compar-

ing Figure 2.15a with Figure 2.15b, the mechanical performance of the same sized nanofibers
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Figure 2.16: The stress-strain curve for nanofibers of chains of 300,000 g/mol without
smoothing. The smoothness is simply a result of the very large system sizes. In the Fig-
ure, we think it is much more insightful to plot the stress-strain curve until the maximum
stress/load, because in experiment the post-peak load cannot be captured experimentally,
and it led to an instability

behaves distinctively when they are made by different lengths of PS chains. When the diam-
eters are fixed, the increase of young’s modulus and strength of the fibers can be attributed
to the larger molecular weight of their composite chain. In other words, fibers with the
same size but made by the longer polymeric chain are more confined. Associated with the
normalized diameter, the smaller value of D,.,,, imply stronger molecular confinement in
individual nanofiber, which will also lead to distinguished chain conformation compared to

the chains in the bulk state.

A clearer understanding of the relationship between D, and mechanical properties of
nanofibers emerge upon grouping the results of Figure 2.15 and Table 2.2. When the values of
Dorm are close to each other, as compared between 200 nm nanofiber with MW=300,000 g/-
mol and 300 nm nanofiber with MW=600,000 g/mol (Do > 5 in both cases), they exhibit
quantitatively similar modulus and strength. Notably, when D,,,.,, > 5, the nanofibers show
a pronounced stress plateau region between the elastic extension and post-strain-hardening

regime. As D,,., decreases, the nanofibers tend that the stress sharply increases at the
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Figure 2.17: The snapshots for 150 nm and 250 nm PS nanofiber during tensile tests, periodic
images in the z-direction are included for clarity. The boxes here are drawn as guides to the
eye (It is not the simulation box used in the MD simulation).

initial strain stage until nanofiber breaks, thus there is no stable necking region existing.
Therefore, it is worth to say that although the parameter D,,,.,, cannot provide any detailed
information about molecular orientation or bond length, D, is still a representative factor
that can evaluate the status of spatial confinement and expect the mechanical response of

the nanofibers.

2.2.4 Molecular orientation

To quantify molecular chain orientation strictly, we introduce the Herman orientation pa-
rameter, P, as calculated by equation 1, where, 6; is the angle between z-direction and the
vector from bead i-1 to nearby bead i+1 along the same backbone. The orientation pa-

rameter takes the value of 0 for an entire amorphous distribution, 1 for the perfect parallel
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alignment between chains and -1/2 when chains are perpendicular to each other.
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Figure 2.18: The correlation of (a) nanofiber diameter vs. ultimate tensile strength (MW
= 300,000 g/mol and MW = 600,000 g/mol) and (b) corresponding nanofiber diameter vs.
chain orientation parameter (MW = 300,000 g/mol MW = 600,000 g/mol).

It can be observed in Figure 2.18 that the orientation parameter increases from 0.2 to 0.6
when diameter drops, which indicates chains have aligned order along fiber axial direction.
The molecular orientation of both nanofibers (MW=300,000 and MW=600,000) have sim-
ilarly linear evolution patterns. Interestingly, by extracting the values of ultimate tensile
strength and group them together, we find the correlation between diameter and strength
is also linear. The analogous evolving pattern of strength and orientation as a function of
diameter can be explained by the following reasons. During the tensile test, the mechanical
response is mainly determined by the combination of van der Waals forces and resistant
forces provided by covalent bonds. The resisting forces by chemical bonds are much stronger
than the van der Waals forces, actually it is the dominant force determining the overall
stress response. As we know for polymers, the tensile stretching process would lead to the

rearrangement of the chain orientation [64]. For amorphous PS, the initial chain orientation
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parameter is 0, and the stress response mostly relies on the intermolecular forces. As the de-
formation continues, chains aligned and disentangled, so the stress increases until fractures
occur due to chain disentanglement. For PS nanofiber, the stretch of the oriented structure
leads to the deformation of covalent bonds from a very early stage. Therefore, higher chain
alignment makes for larger ultimate strength. On the other hand, because of the disen-
tanglement from the aligned structure, nanofibers with a larger value of chain orientation

parameter exhibit lower breaking strain.

Contradicting to some existing explanations about the mechanism nanofiber size effect,
from our results, although the molecular orientation has a significant effect on the ulti-
mate strength, it plays a relatively less important role in determining the young’s modulus

of the nanofiber. Detailed discussion is presented in the following sections.

2.2.5 Young’s moduli

As a typical size-effect of nanofiber, the young’s modulus increases exponentially when the
diameter of the nanofibers drops down below the “onsite” diameter (shown in figure 2.19).
The young’s moduli along the nanofiber axis are determined by the stress-strain curve in
the elastic region from Figure 2.15. We observed an increment from 3 GPa to 12 GPa when
diameter drops from 300 nm to 150 nm for nanofibers with the MW of 300,000 g/mol. As a
counterpart, the young’s moduli of nanofibers (MW=600,000 g/mol) rise from 3 GPa to 10
GPa as the diameters decrease from 300 nm to 210 nm. It needs to be mentioned that when
the diameter of the nanofibers (MW=600,000 g/mol) drops below 210 nm, the geometry of
the nanofiber system starts to become unstable. This is the reason why the result shown

here does not cover the same diameter range.

In our cases, the onset diameters are around 200 nm and 250 nm for the nanofiber of PS
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Figure 2.19: The correlation of nanofiber diameter vs. Young’s modulus for fibers with (a)
MW = 300,000 g/mol and (b) MW = 600,000 g/mol. (c) Diameter vs. the average length
of bonds along PS backbone (MW = 300,000 g/mol), (d) diameter vs. bond length (MW =
600,000 g/mol).

MW of 300,000 and 600,000 g/mol respectively. We can claim that the onset diameters are
associated with the MW. The higher the MW of PS we used, the larger the onset diameter
would be. This statement is qualitatively consistent with the experimental results reported
by Marie and co-workers [43], they used high molecular weights of PS chain to make the

fiber and then found the nanofibers have an impressively large onset diameter.

In order to rationalize the origin of the increase of Young’s modulus, the change of average
bond length between the backbone beads (beads type A) is tracked. Surprisingly, the up-

turn points for bond length increment are around 200 nm and 250 nm for two nanofibers
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separately, which is perfectly consistent with the onset diameter of Young’s modulus. As
briefly mentioned in section 2.2.4, there were some explanations stating that the dominant
reason for the change of Young’s modulus is the chain alignment. However, from our stud-
ies, we think the most direct reason for it is the bond elongation along the backbone. By
analyzing Figure 2.18 and Figure 2.19 together, since the increase of the chain orientation
parameter is rather linear than exponential, it cannot thoroughly explain why the trend of
the young’s modulus climbing sharply after a certain point. A proper picture of the onset
mechanism might be the interplay of chain alignment and bond elongation. During the fiber
fabrication process, the polymeric chain starts to be aligned and disentangled due to the
stretching or drawing force. To a certain point, parts of the aligned polymer chains would
have a high chance of being directly extended. On account of the very fast evaporation,
some extended chains are locked and staying in a non-equilibrium state after solidification.
When the uniaxial tensile test is performed, the resisting force from the elongated covalent
bonds is extremely strong. Thus it results in the rapid growth of the stress response at the
early strain stage. To make sure there is no systematic “drift” during the calculation of the
bond length and provided clearer evidence that the bond length is the most direct reason
for the enhancement of Young’s modulus, the plot of the evolution of bond length vs. time
at 300 K before the tensile test is provided in Figure 2.20, and the change of bond length

during tensile stretching is shown in Figure 2.21.

2.2.6 The onset mechanism for nanofiber diameter dependence

Our aim now is to cross-validate the specific onsite mechanism for the diameter dependent
modulus and strength of amorphous nanofiber. From Figure 2.22a and Figure 2.22b, ex-
perimental results are shown here in order to compare with our simulation results. Xu et

al. reported the stress-strain curves of as-spun amorphous polycarbonate (PC) nanofibers
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Figure 2.20: The evolution of backbone bond length vs. equilibrium time at 300 K (right
before the tensile test).
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Figure 2.21: The evolution of backbone bond length vs. strain during the tensile test.

[65]. Kolluru and co-workers demonstrate the mechanical response of annealed amorphous
PS nanofibers [61]. It is noteworthy that the significant distinction between the nanofibers
before and after annealing is the change of Young’s modulus. For as-spun nanofiber, the
young’s modulus sharply increases as diameter decreases. However, the values of Young’s
modulus fall closely for annealed nanofibers regardless of thickness. One thing we need to
mention before we go further is that, unlike the crystalline nanofibers that the annealing
process will trigger the formation of crystal phase and then enhance the overall mechanical
properties of them, the annealing process may lower the mechanical properties of amorphous

nanofiber since high temperature makes the inside chains re-oriented.
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Figure 2.22: Stress-strain curves for (a) as-spun amorphous PC nanofibers and (b) annealed
amorphous PS nanofibers. (c) The stress-strain relationship of annealed PS fiber by MD
simulation and corresponding (d) bond length, (e) chain orientation parameter, and (f) end-
to-end distance extracted from the as-spun and the annealed nanofiber.

By performing MD simulation, the as-spun PS nanofiber of MW=300,000 g/mol (stress-
strain curve in Figure 2.15a) was annealed. The nanofibers are heated up from 300 K to 750
K in 1 ns, then an NPT ensemble is performed at 750 K for 4 ns with zero pressure in fiber
axial direction, finally the temperature drops back to 300 K in 1 ns. The corresponding stress-
strain curves are shown in Figure 2.22¢ while Figure 2.22d and Figure 2.22e demonstrate the
bond and information of the annealed nanofibers. We found the stress-strain curve trend
from MD simulation (Figure 2.22¢) is qualitatively consistent with the experimental results
(Figure 2.22b). The variation in specific values comes from the high strain rate used in the
tensile test via MD simulation. We further confirmed that the bond length of all nanofibers
with different thicknesses is returned back to its equilibrium length (Figure 2.22d). The chain
orientation parameter and fiber diameter still have a linear correlation for annealed fiber,

but certain values are relatively lower than in as-spun nanofibers because partial relaxation
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happened during the annealing process. The end-to-end distance of chains in these confined
nanofiber systems (along the z-direction), (R)., is presented in Figure 2.22f. Contrary to
the bond length, (R..), shows a linear correlation with respect to the nanofiber diameter

before and after annealing.
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Figure 2.23: The evolution of the bond, angle and dihedral energies during the tensile
test for (a) 150 nm as-spun nanofiber, (b) 300 nm as-spun nanofiber, (¢) 150 nm annealed
nanofiber and (d) 300 nm annealed nanofiber. (e) The schematic representation of the
annealing mechanism regarding the molecular orientation and backbone bonds length in the
PS nanofiber.

To further understand the roles of these descriptors (bond length, chain orientation and end-
to-end distance) during the nanofiber annealing process, the evolutions of energetic terms
during pulling are shown in Figures 2.23a to 2.23d. For 150 nm as-spun nanofiber, the bond
energy exhibit a pronounced increase at the elastic stage (strain < 0.1). However, after the
annealing, the bond energy is kept almost flat at the initial pulling stage and then smoothly

grows up. Considering Figure 2.23 and Figure 2.22f together, we find the significant drop of
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Young’s modulus has few connections with the chain orientation, but the bond energy (bond
length) plays a much more important role. In general, an overall picture of the microstructure
evolution of amorphous nanofibers is sketched to present the proper chain organization before
and after the annealing procedure. In Figure 2.23e, the initial thick fibers are composed of
isotropic disordered chains with bonds around equilibrium length. As the fiber diameter is
reduced through drawing or electrospinning process, the inside chains will be aligned along
the fiber axis, and some of the bonds will be extended out of its original equilibrium length
(middle of Figure 2.23e). Such kinds of solidified as-spun nanofibers will show an increase in
modulus and strength, simultaneously. After annealing, the bond length will return to the
equilibrium state. Meanwhile, the overall chain alignment reduces as well, but might still be

in a more oriented state than the state in thick fiber (or bulk state).

2.2.7 Conclusion

The diameter dependent mechanical properties of individual PS nanofiber with MW in the
range of 300,000-600,000 g/mol and diameter of 150 nm to 300 nm were studied via molecular
dynamics simulation. To the best of our knowledge, it is the first time MD simulation study
of PS nanofiber has reached the size directly comparable to the one can make in experiments.
We introduced the parameter D,,,,.,, to represent the extent of chain confinement in nanofiber
and found the stress responses of the nanofiber not only have diameter dependence, but
they are also associated with the molecular weight. PS nanofibers with close values of
D,orm follow master curves that capture the effect of diameter and chain length scale on the
stress-strain relationship for individual PS nanofiber. We also investigated the interplay of
chain orientation and bond length on nanofiber mechanical properties. An increasing chain
alignment when reducing nanofiber diameter increases the ultimate strength of nanofibers.

The exponential increase of Young’s modulus is more directly originated from the increase
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of covalent backbone bond length rather than the linear increase of molecular orientation.
To validate this statement, experimental stress-strain results of as-spun fibers and annealed
fibers were presented and also the modeled PS nanofibers with MW of 300,000 g/mol were
adopted for annealing via MD simulation. The stress-strain evolution pattern of PS nanofiber
with and without annealing from simulation excellently fits with the experimental results.
By extracting the morphology information of this annealed nanofiber from simulation, it is
convinced that both chain orientation and bond length will affect the modulus and strength
of PS nanofiber, but the backbone bond length plays a more significant role on determining

Young’s modulus of PS (amorphous) nanofiber.



Chapter 3

Shape memory polymers in HIFU
fields

3.1 Introduction

Size effects of polymeric materials are not limited to the pure mechanical response alone. For
instance, when the functional polymers (shape memory polymers in this case) is in a external
stimulus field, their thermomechanical response is also highly size-related. In the field of
medicine, controlled drug delivery technology has received extensive attention during the
past three decades [66], mainly because of numerous advantages of this technology compared
to the conventional methods [67]. Despite significant recent achievements, controlled drug
releasing systems still face major challenges in practice including chemical issues involved
in synthesizing biocompatible drug containers, reducing the releasing time of drugs in the
body, delivering the drugs at a targeted location and utilizing a safe and noninvasive trigger
to initiate drug release [68, 69]. It is found the shape memory polymers (SMPs) have a
good feasibility for designing CCD system. So in this chapter, we leverage the experimental,
analytical and computational techniques to investigate the feasibility of using shape memory
polymers (SMPs) and high-intensity focused ultrasound (HIFU) for designing a CDD system.
The design is used in a conceptual novel mechanism for simultaneously opening the drug

container and pushing the particles out, which will significantly improve the rate of drug
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releasing at a targeted location.

Smart materials are engineering materials that have one or more properties, which can be
changed by external stimuli such as temperature, electric field, magnetic field or stress [70-
73]. SMPs are a relatively new class of smart materials that have the ability of storing a
temporary shape and returning to their permanent or original shape [74] when subjected to
external stimuli such as heat, light or ultrasound [75-79]. Compared to other shape memory
materials such as shape memory alloys [80-82] and shape memory ceramics [83], SMPs
are light weight, inexpensive, and can recover large deformations [84-86] in a controlled
manner. Development of SMP-based devices for medical applications such as stents for
cardiovascular systems and self-tightening sutures has gained a lot of attention recently [68,
74, 87, 88]. Xue et al. [89] developed self-expandable stents which exhibited shape recovery
at body temperature at a much faster rate compared to the best known self-expandable
stents. Because of these advantages, during the past decade, SMPs have received increased
interest in biomedical applications [90] and advancing CDD systems [91]. At present, the
commercially available drug release devices still lack the capability of delivering drugs in a
spatially and temporally controlled manner [92]. The combination of SMPs and CDD leads
us to a multidisciplinary research in order to reduce the drug side effects in patient body
and frequency of taking drugs by patient, which means having more reliable and accurate

treatment.

The shape memory effect of SMPs relies heavily on the external trigger provided. For
use in in vivo applications, thermal activation through body heat has often been relied
upon to trigger shape recovery [69]. However, there is a need for more flexible stimuli as
compared to fixed body heat temperature. Consequently, noninvasive triggers such as light
[93-95], magnetic field [96, 97|, electrical field [98, 99] and radiofrequency wave [97] have been

employed. These triggers require special components such as magnetic or florescent particles
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to generate response, which can compromise the biodegradability and biocompatibility of
SMPs. Thus, use of a safer and effective trigger is of utmost importance to achieve remotely
controlled shape recovery. The use of FU an as external stimulus fulfils the above criteria.
The underlying mechanism involves focusing ultrasound into a tight spot in domain area
of millimeter scale, which causes selective and controlled heating of the medium at the
spot. This localized heating also eliminates the need of incorporating special or responsive
particles in the medium as shape deformation occurs due to heating caused by viscous

shearing oscillation of molecules under ultrasound.

Employing high-intensity FU has been researched for biomedical purposes for many years
[100, 101]. The higher penetrating ability of acoustic waves as compared to light has been
used for selective tissue necrosis in controlled volumes. Studies have been conducted re-
porting the use of ultrasound in acoustic energy transfer systems [102-105] and for drug
delivery [106-108] especially from polyelectrolyte micro-containers [109], multilayered cap-
sules [107, 110] and polymer micelles [111-114]. In their study, Kost et al. [108] irradiated
ultrasound on a polymer matrix for releasing drugs entrapped in the matrix. Liu et al. [115]
and Han et al. [116] conducted proof-of-concept experiments using FU to demonstrate shape
recovery process of SMPs and obtain various intermediate shapes with the help of FU. The
research done in recent years demonstrating the effect of FU on shape recovery behavior of
polymers has been experimental in nature. The very limited literature lacks fully coupled
modeling efforts to analytically solve the underlying problem and optimize a SMP-based
CDD design.

In this chapter, for the first time, we perform a multiphysics analytical and numerical mod-
eling to optimize the design of a SMP-based drug delivery system and quantify its activation
under FU. This model provides the foundation for designing and testing SMP capsules, an

example of which is schematically shown in Figure. 1. Therefore, by using HIFU we are able
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to release the loaded drug in a switchable manner.

Permanent shape Te ape Shape recovery

FU thermal
actuation

_

__ Heating and
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Figure 3.1: 3D (top) and 2D (bottom) schematic representation of the concept for shape
memory polymer (SMP) container under focused ultrasound (FU) irradiation. From left
to right: the SMP container with a permanent shape is loaded with the particles then
heated and deformed to a temporary shape. When delivered to the desired location, the
container undergoes shape recovery under FU-induced thermal actuation and releases the
loaded particles.
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In this chapter, we implement a comprehensive set of analytical, numerical and experimental
studies to design, analyze and test a coupled FU and SMP representative mechanism at a
millimeter-scale framework. The model studies the acoustic-structure interaction of FU with
SMP-based filaments to establish the relationship between input parameters (such as input
power and frequency) with the acoustic, thermal and stress fields and shape recovery of
SMPs. Medium properties such as absorption and nonlinearity, which significantly affect
the pressure field of a propagative wave [117], are studied to analyze their influence on the
shape memory behavior of polymer. The analytical-numerical model is validated through
experiments using a high-intensity focused transducer in a water tank. Various concepts can
be considered for the design of a SMP container subjected to FU, similar to the example
shown in Figure 3.1, while the modeling effort is focused on the special case of a filament,

as fundamental element of any container, stimulated by FU.
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3.2 Theory

To design a SMP-based drug delivery system, development of a robust theoretical model
which predicts the HIFU induced acoustic and thermal fields and subsequent mechanical
behavior of SMP is essential. In this work, we present multiphysics acoustic-thermoelastic
modeling for ultrasound actuation of SMP filaments. The analytical-numerical model is di-
vided into three interconnected parts. The first part studies the focused acoustic pressure
field in a multilayer domain which includes a SMP filament submerged in fluid. The tem-
perature distribution of the polymer obtained from the second part is given to the third part
which provides a framework to predict the mechanical stresses developed in SMPs and con-
sequent shape recovery. A mechanical model is formulated by a compressible neo-Hookean
constitutive equation, which assumes the SMPs behave as a thermoelastic material and
predicts the thermally induced shape memory effect under FU. The constitutive model is
numerically implemented in a user material subroutine (UMAT) in ABAQUS to model the

deformation of the filament.

The effects of focused ultrasound on soft tissues are well documented [118-120]. A math-
ematical formulation to analyze the effects of ultrasound on tissues is given by Penne’s
Bioheat equation which models the transfer of heat and generation of thermal field in the
tissue domain. In this work, similar framework is used to evaluate the temperature rise of
the polymer as a result of FU heating. The modified Penne’s Bioheat equation for SMP is
given as [121],

T

Chm— = T+ H
pCh, 5 kT +

where heating rate H is given by,

k
1
H=— Re(ay,)pn
o 2=
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and p, Ch,, and Kk denote the density, specific heat capacity and thermal conductivity of
polymer. Parameter ¢,, denotes the sound speed in polymer and denotes the pressure field
associated with each harmonic predicted by KZK equation. The thermal equation is coupled
with KZK equation through heating rate H. Heating rate takes into account the cumulative

heating by all harmonics.

Having obtained the temperature distribution above, in this part, a SMP filament is mod-
eled to predict the shape recovery process under focused ultrasound by applying the obtained
thermal boundary conditions. SMPs are categorized as semi-crystalline shape memory poly-
mers (CSMPs) and glassy shape memory polymers (GSMPs). GSMPs have both amorphous
and glass regions, with defined as the glass transition temperature above which the SMPs
exist in amorphous form. In this study, the selected constitutive model takes into account
the stress-strain response which depends on thermal expansion of polymers to predict the
glass transition of GSMPs [122-124]. The constitutive model involves four steps, the loading
(amorphous phase), cooling (phase transition), unloading (glassy phase) and heating (phase
transition) of the polymer filament. The constitutive model is numerically implemented in
a user material subroutine (UMAT) in ABAQUS, a commercial finite-element software, to
model the deformation and shape recovery of an L-shaped filament which is thermally acti-
vated by FU. The governing equations calculating the stresses during the whole cycle and

the evolution rules for the glass volume fraction are given in the following [124].

SMPs above the glass transition temperature show the characteristics of an elastomer. The

stress o in the amorphous part of the SMPs is given as,

o= —Ciol + peBy,

where ¢ is the Lagrange multiplier due to the constraints of incompressibility, I is an identity
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tensor, By, is the left Cauchy stretch tensor and p, is the shear modulus of the amorphous
phase. Here By, is related to deformation gradient in amorphous phase, Fy, , as By, =
Fy,, F,, ", The stored energy function for the amorphous phase, ¥, is given as

1
U, = Clo(leqg —3) + —(J, — 1)
D,

where C1g = p,/2 and Dy = 2/K, are the coefficients related to shear modulus and bulk
modulus, , of the amorphous phase, respectively. Here I, = tr(By,) and J, is the volume

ratio that can be determined by J, = det(By, )2

During cooling, as the temperature goes below the glass transition temperature, the glassy
phase starts forming and both amorphous and glassy phase coexist at the same time. The

stress for cooling phase of the cycle is given by
o =—cl + (1= h)paBra + pghBy,

where fi4 is the shear modulus of the glassy phase and h is the glassy volume fraction. By

is left Cauchy stretch tensor which is related to deformation gradient in glassy phase, ¥, as,

1
U, = Cy(lc, — 3) + F(Jg —1)?
2

where Cy and Dy = 2/K,, are the coefficients related to shear modulus and bulk modulus,

K, of the glassy phase respectively, and I¢, = tr(By,).

In the heating phase, SMPs return to the original shape as the temperature goes above 7.

Due to the melting of glassy phase, the final state of the material is stress free and is given
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by p = 0. The activation criterion for heating (starting of phase change) is governed by,

(1 = h)paBr, + pghBy, = cl

In a thermomechanical cycle, the change of glassy volume fraction controls the strain storage
and release. Consistent with experimental results [123], this volume fraction is assumed to
be a function of temperature only. Based on this assumption, a phenomenological function

is given by [125],
1
1+ exp(E=L)

€

where T, is the reference temperature [126] at which the recovery stress has a maximum
value. Here € is the parameter determining the width of the phase transition zone. In this
study, we set T,, = 328 K and € = 1.5. These two parameters are obtained from curve-fitting

of the experimental results in previous literatures [126].

To implement the constitutive model in ABAQUS, UMAT provides the updated stress and
the local tangent stiffness matrix, . Here R is a fourth-order tensor which is termed as
the Jacobian matrix and provides the relationship for the stress and strain. The required

Jacobian matrix format is given as
1 or’
~ JoD

where 77 is the Jaumann rate of Kirchoff stress defined as 77/ = Jo + o7. R is given as,

R = [1 - h(T)|Re + W(T)R,

R, which relates stresses to strains thus predicting shape recovery based on the detailed

derivation given by Barot. [127] The shear modulus of the amorphous and glassy phases, 1,
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and p,, are given as y, = E,/2(1+v,) and p, = E,/2(1+v,) where v, = 0.49 and v, = 0.40
are Poisson’s ratios for the rubbery and glassy phases, respectively [90]. The bulk modulus,

K, and K, are given as K, = E,/3(1 —2v —a and K, = E,/3(1 — 2v,).

3.3 Experimental results and model validation

3.3.1 Experimental setup and SMP filament preparation

Experiments are conducted for a flat 25 mm long, 3 mm wide, 1.5 mm thick TBA-DEGMA
polymer filament. The HIFU transducer rests on the bottom of the tank (Figures 3.2a and
b). The tank of water is filled to a depth such that the focal point of the HIFU transducer is
located at the surface of the water. Special care is taken to ensure the water doesn’t spray
when the transducer is activated, and that the exposure power is low enough to prevent
sample degradation. In an attempt to prevent acoustic interference, a rigid sample holder
is placed outside of the tank to suspend the SMP sample at the surface of the water. The
sample is suspended in a way such that the lower surface is submersed in water, and the
upper surface is exposed to air. The thermal imaging camera is fixed so that the images are
focused around the exposure area of the FU, as shown in Figure 3.2. The camera has an
imaging rate of once every four seconds. Duration of sinusoidal exposure is 20 continuous
seconds, with most thermal measurements reaching 40 seconds to capture cool down. Data
is processed with FLIR Tools software. Exposure power can be varied within the sample

damage range. Figure 3.2c shows shape recovery of a SMP filament exposed to FU.

The monomer and the crosslinker that are utilized for fabrication of the SMP filament during
the experiments are Tert-Butyl acrylate (TBA) and Di (ethylene glycol) dimethacrylate

(DEGMA) (molecular weight 550) respectively. The photo-initiator used for the UV curing
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e
HIFU transditcer ,‘

Figure 3.2: (a) Ilustration of experimental setup; (1) the transducer resting on the bottom
of the tank, (2) shape memory polymer sample is suspended by the sample holder at the
surface of the water, (3) thermal imaging camera directed at the focal point of the transducer
(indicated by a red circle), (4) and (5) the water tank, and the stand. (b) Experimental setup
and (c) shape recovery of a SMP filament exposed to HIFU at different time steps during
20 seconds of HIFU exposure.

process is 2,2-Dimethoxy-2phenyl-acetophenone. All chemicals are purchased from Sigma-
Aldrich, and are not altered prior to use. Molds are created with dimensions of 150 mm
x 100 mm from clear ultra-scratch resistant acrylic, and sealed with Loctite silicon sealant.
Thickness of polymer filaments developed is varied as per the needs of the experiment, but
is typically 1.5 mm. Curing is completed with a 100 W Blak-Ray B-100 AP High Intensity
UV Lamp.

Depending on the desired composition, TBA is mixed with DEGMA in different volumetric
ratios of 80-20; 90-10; 95-5; and 100-0, respectively. The crosslinker-monomer combination is
mixed well for ten minutes with a stir plate after adding 1 wt% photo-initiator. The mixture
is then transferred to the acrylic molds for curing. The UV light exposure lasts 20 minutes
for each mold. The prepared SMP is then removed from the mold. All SMP samples have a
permanent shape of a flat rectangle. The SMP film is cut to the desired geometry by either

scoring the material or use of a rotary tool.
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Dynamic mechanical analysis (DMA) is done for each of the aforementioned compositions.
DMA measures storage modulus (Figure 3.3a), Tan delta (Figure 3.3b) and stiffness (Figure
3.3d); the ratio of the loss modulus (Figure 3.3c) to the storage modulus (Figure 3.3a) is
the Tan delta and is often called damping. It is a measure of the energy dissipation from a
material. A TA Instuments-Q800 DMA is used with an oscillation rate of 1 Hz. The data is
collected in steps, and the temperature is ramped at a rate of per minute. DMA analysis and
the preliminary experiments for shape recovery behavior show that 95%TBA-5%DEGMA is
the most suitable composition and is used for all further experiments and theoretical analysis
in this chapter. The preliminary tests show that the other compositions are either too brittle

to be used practically or are easily damaged even at low input power to the transducer.
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Figure 3.3: (a) Storage modulus, (b) Tan delta, (c) loss modulus and (d) stiffness curves
obtained from DMA tests for different compositions.

A hot disk thermal constants analyzer is utilized for evaluating thermal properties of the
SMP filament. The hot disk hardware consists of a Keithley 2000 voltmeter, a Keithley 2400
sourcemeter, a Hot-disk bridge, and a computational device. After fabrication of SMP films,

14 disks of 15 mm diameter and 1 mm thickness are cut with a rotary tool. These sheets
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are clamped tightly in the sample holder for testing. The measurement method is verified
with solid porcelain and sheets of PMMA with known thermal properties. The values of
mechanical and thermal properties extracted from DMA analysis and hot disk experiment
for 95%TBA-5%DEGMA are reported in Table 3.1. These values are later used in the
entire research work for theoretical and experimental analysis of SMP filaments. The results
obtained from DMA tests are also used to set the values of following parameters for the

mechanical modeling in ABAQUS as C70 = 0.28, C50 = 375, D; = 0.072 and D, = 0.00054.

Table 3.1: Mechanical and thermal properties of 95%TBA-5% DEGMA polymer.

Property Value
T, 72 °C
Density, pp, 1100 kg/m?
E, 1.66 M Pa
E, 2100 MPa

Thermal conductivity, k  0.175 W/m/K
Specific heat capacity, Cy,, 1050 J/kg/K

3.3.2 Experimental results and acoustic-thermoelastic model val-

idation

Figure 3.4 shows the thermal images of the polymer to demonstrate the temperature rise
with respect to time corresponding. The heating of polymer is due to absorption of acoustic
energy as a result of viscous shearing exerted by ultrasound focused waves and subsequent
release of energy in the form of heat [115]. In the images, the highly concentrated spot in
the center has the maximum temperature while the immediate surroundings outside of the
focal spot has significantly lower temperatures. This shows a sharp temperature gradient
from center to the edges of the polymer demonstrating the highly localized heating effect

of focused ultrasound. As seen in the temperature curve in Figure 3.4b, after 20 s, the
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ultrasound is switched off and the polymer immediately begins cooling down which is shown
by the sharp temperature decay. This ability to change the temperature of the polymer in
short range of time shows the capability of focused ultrasound to control the heating effect

which is an important parameter to consider in designing of SMP-based CDD systems.

t=0s, T=231.0°C

Figure 3.4: Thermal images of the SMP filament exposed to ultrasound at the focal point
of the transducer and the corresponding deformation with time; here i denotes the initial
angle at temporary shape and f denotes the final angle after shape recovery. The red and
blue triangles define the highest and lowest temperature locations in the image (the triangles
only account for the portion of the image within the circle).

Having validated the acoustic-thermal model results and identified the mechanical and ther-
mal parameters, a three dimensional filament is modeled to investigate the shape recovery of
SMPs thermally induced by FU. The simulations of SMP’s recovery process are performed by
using a commercially available finite-element software package in ABAQUS (version 6.14,

Dassault Systems Simulia Corp., Providence, RI, USA), with a user material subroutine

(UMAT).

The SMP filament is modeled in ABAQUS using the properties given in Table 3.1. For
the filament, the symmetry in x-direction and y-direction is applied to nodes that are on
the central cross section and perpendicular to the x-y directions. Referring to Figure 3.5,

a punch and a die, defined as analytical rigid parts, are also introduced for modeling the
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loading process. The die is fixed and the punch is constrained in x and y directions, p, =0
and g, = 0, while only z-direction movement is allowed. Contact between the punch/die
parts and the filament is modeled as frictionless and we assume there is no thermal transfer

between punch/die parts and the filament.

The initial temperature is set above the glass transition temperature and the filament is
deformed at different angles ranging from 60°to 120°. After cooling and unloading, ultra-
sound thermal field data from acoustic-thermal model is imported and applied as a mapped
temperature distribution field in the finite-element model, ABAQUS, to simulate the heating
stage of the mechanical model, at 6 W power as shown in Figure 3.5. The thermal field data
is exported from 0 to 20s, divided into 4 sub steps (0-1, 1-5, 5-10, and 10-20 s) and applied as
boundary conditions successively in the heating stage in the model. The inset in Figure 3.5
compares the experimental and model predicted values of change in deformed angle against
time for a filament with temporary initial angle of 60o. According to Figure 3.5 and Table

3, the simulation results show a good agreement with experiments.

Table 3.2: Experimental and simulation predicted change in initial angle (degree) upon shape
recovery process of the SMP filament.

Final angle Angle change
Initial angle Model Experiment Model FExperiment
60 84.06 85 24.19 25
90 110.14 110 20.23 21
120 135.38 135 15.52 15

3.3.3 Effects of various parameters

Simulations are performed to explore the effects of polymer constitutive composition on the

shape recovery behavior of SMP filament at a fixed ultrasound actuation power. Reference
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Figure 3.5: Graphical representation of four stages specified in the mechanical model (Sec.
II.D.). The SMP is first deformed into a temporary shape and cooled down, followed by
unloading. It is then heated by the temperature distributions obtained from the acoustic-
thermal model to facilitate shape recovery; the color bar is temperature in K. The inset
shows the experimental and model predicted values of change in deformed angle of the SMP
filament vs. time.

temperature, T,., and the elastic modulus of amorphous phase, F,, are the two parameters to
be considered as variables in the simulations, while all other parameters are kept constant.
Figure 3.6a shows that the onset of shape recovery is delayed for the SMP with higher
characteristic recovery temperature (7, = 328 K'), however the recovery ratios do not show
a uniform trend. Figure 3.6b shows that the SMP with higher elastic modulus in rubbery
phase gives better shape recovery and therefore achieves larger change in initial angle. The
reason is that the polymer with high elastic modulus (hard material) has a higher stored
energy under the same deformation during loading stage as compared to a softer polymer
with lower elastic modulus. Since for different compositions, the elastic moduli in glass phase

are same, the polymer with larger stored energy has a better recovery ratio.

In Table 3.3, the results from simulation show that the glass transition temperature increases

with increasing the crosslinker content since the heavier crosslinking will require more energy
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Figure 3.6: (a) Final angle vs. time for various (a) recovery temperature and (b) elastic
moduli of amorphous phase.

to begin transition, which is consistent with Figure 3.3. This will also lead to lesser shape
recovery as samples with higher 7, and more crosslinking will restrict the chain relaxation
and limit the shape recovery process [128]. It is worth to emphasize that in Figure 3.6, the
reference temperature and elastic modulus of amorphous phase are the only parameters which
are varied in the simulations which is not the case in Table 4 (both reference temperature

and elastic modulus are different for various compositions).

Table 3.3: Simulation predicted final angles (degree) upon shape recovery process for various
polymer compositions.

%TBA-%DEGMA T,[°C] Final angle Angle change

70-30 91 85 15.52
80-20 82 110 20.23
90-10 72 135 24.19

To study the effect of geometric parameters and input power on the thermal effects and
shape recovery behavior of polymers, simulations are performed for varying thickness, width,
initial angle of bending curvature of the filament and input power to the transducer. Figure
3.7a shows the final angle (the angle of the deformed area after undergoing shape memory
behavior) with time for a 3 mm wide filament with initial deformation of 60°at 6 W of input

power for varying thickness. The change in final angle and therefore shape recovery is more
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in thicker filaments. The reason behind this trend is the increase in the available sample
volume with increased thickness for absorbing heat, resulting in increased bulk temperature
of the exposed sample and therefore more shape recovery [128]. Thus, thickness plays an

important role in determining shape memory behavior of a given filament.

Figure 3.7b explores the effect of change in width of polymer filament on shape recovery
behavior for a 1.5 mm thick filament with initial bending curvature of 60°at 6 W. The
increase in width delays the onset of shape recovery and decreases the amount of shape
recovery. It is observed that angle recovery onset time is related to the temperature at
the edge nodes. Since the filaments have different width, the time taken by edge nodes of
filaments with larger width to reach glass transition temperature is more. Thus, a larger
width increases the zone of phase transformation and requires more time and energy to
transform the overall exposed area and initiate the shape recovery, along with lesser change

in initial angle.

The simulations of the filaments for various initial radii of curvature are conducted for a 3
mm wide and 1.5 mm thick filament heated at 6 W power of focused ultrasound. Figure 3.7c
shows that even though the filaments have almost same onset time, a sharper bending area
leads to a larger deformation. Since the filaments have same width, the time for edge nodes
on central cross section to reach the glass transition temperature is approximately the same.
Hence, the filaments with different bending radius but same width have almost same recovery
onset time. However, for a sharper bending area, the spreading phase transformation zone
easily covers the whole bending area which results in a larger deformation for the sharper

filament.

Figure 3.7d shows the final angle with respect to time at various input powers. The thickness
of the polymer filament is kept constant at 1.5 mm and initial angle of 60°is used for all

powers. It is seen that higher input power results in higher shape recovery (more change in
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initial angle) of the polymer. This is expected as the increase in power will result in increase
in absorption of energy, due to higher internal friction and therefore increase in energy
subsequently released as heat [128]. As power increases, the bulk temperature crosses T, at

an earlier time step thus initiating early shape recovery.
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Figure 3.7: Final angle vs. time for various (a) thickness and (b) width of the SMP filament,
(c) initial bending curvatures of the deformed area, and (d) transducer input powers.

3.3.4 SMP container design

The theoretical model in this research aims to develop a mathematical framework for opti-
mizing and evaluating the role of different input parameters, geometrical configuration, and
medium properties on shape memory behavior of polymers through experimental validation.
The efforts lead to propose a design for an ultrasound activated drug delivery container. A

possible design for such a container is shown in Figure 3.8. The 0.3 mm wide (diameter)
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container is a 2D representation of Figure 3.1 and is composed of 0.01 mm thick layer of 95%
TBA-5% DEGMA kept at the focal point of the ultrasound transducer. Figure 3.8 shows
the simultaneous displacement of the valve and diaphragm with time and the intermediary
stages due to shape recovery under HIFU at 6 W. The color contour gives the temperature

distribution inside the container.

Figure 3.8: Thermal distribution of a container kept at focal point of the transducer; the
color bar is temperature in K. The intermediary stages represent the movement of the valve
with time due to shape recovery under FU.

The design proposes a novel mechanism for simultaneously opening the drug container and
pushing the particles out, which will significantly improve the rate of drug releasing. The
movement of valve with respect to diaphragm is shown in Figure 3.9a. Figure 3.9b shows
the normalized velocity (normalization is done with respect to the maximum velocity) of the
diaphragm and valve is maximum within first five seconds suggesting the maximum release
of drug particles occurs within first (Figure 3.9) seconds of ultrasound exposure. The time
at which the normalized velocity attains maximum can be manipulated by varying the input
power or geometric parameters of the container. Since the diaphragm velocity is lower than
the valve velocity as shown in Figure 3.9¢, the drug release of particles is expected to be
uniform, unhindered and regulated. It is worth noting here that we are only showing a

proof of concept and the developed experimental-computational framework can be utilized
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Figure 3.9: (a) Angular displacement of valve vs. transverse displacement of diaphragm of
the container, (b) normalized velocity vs. time for diaphragm and valve, and (c) velocity vs.
time for diaphragm and valve for the time range when they attain maximum.

for designing various ultrasound activated drug delivery containers, specifically tailored for
different applications depending on the size of drug particles, target time for releasing the
particles, and the size/shape of the container. This is the topic of a future communication

by the authors.

3.4 Conclusions

This chapter aims to present a combined acoustic-thermal-structural model to predict the
shape recovery behavior of polymers under focused ultrasound. The numerical model pro-
vides the basis for designing spatially and temporally controlled drug delivery (CDD) sys-

tems. A theoretical framework is used to predict acoustic pressure field due to focused
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transducers, and the acoustic model is coupled with a thermal model to predict the devel-
oped temperature field due to focused ultrasound. The thermal field is then coupled to the
mechanical model which solves for the stresses developed in the polymer and predicts the
shape recovery of the system. Experiments are conducted to validate the numerical model.
In addition to successful model validations against 3D finite-element simulations, a study
on the effects of several system parameters is performed. The model is used to explore the
effects of medium properties (nonlinearity and absorption), geometrical properties (thick-
ness, width and initial deformation of the polymer filament) and input parameters (power
and frequency) on shape recovery behavior of the polymer. The results show that while
input source frequency has more influence on nonlinearity, input power plays a major role in
achieving high temperature rise rates and thereby faster onset and increased shape recovery.
Observations related to medium properties show that the coefficient of nonlinearity of the
medium plays a significant role in distorting the waveform and generating more harmonics,
thus increasing the energy deposition at the focal point and enhancing the shape recovery
behavior. Our results will pave the way for introducing a more efficient drug delivery cap-
sules at meso to nanoscale, and will shed light into the details of utilizing focused ultrasound

for stimulating SMP-based mechanisms in drug delivery applications.



Chapter 4

Polyethylene in HIFU fields

4.1 Introduction

Chapter 3 explores the feasibility of SMPs for designing medical devices. However, when
polymers are heated in HIFU fields, the mechanism of the size-dependent thermal effect
is still not clear yet. In this chapter, we investigate two factors, the types and the sizes
of the polymers, to the thermal effect induced by HIFU. As we know, stimuli-responsive
polymers, i.e., shape memory and shape-changing polymers, have been intensively inves-
tigated for their applications in controlled drug delivery [129-132], sensing and biosensing
[133, 134], smart coating [135], soft robotics [136, 137] and flexible electronics [138, 139].
The choice of an environmental trigger for stimulating polymers is one of the critical factors.
Although direct heat is one of the most commonly used triggers, it is not always practical
and safe, especially for heat-sensitive applications [140-142]. Consequently, other forms of
noninvasive actuating mechanisms such as irradiation (UV, IR, and solar), magnetic field,
electric current, among others, have come to the forefront [143-151]. However, most of these
triggers significantly lower the efficiency of the responsiveness of the polymers. As an alter-
native to the conventional stimulus type, it has been shown that the polymeric materials
are ultrasound-stimulus-responsive, with controlled multifunction [131, 152]. High-intensity
focused ultrasound (HIFU) is an entirely different and promising stimulus due to its superior

and unique capability. HIFU could induce localized heating and achieve temporal and spa-

72



4.1. INTRODUCTION 73

tial effects in polymers, by adjusting the geometric and chemical properties of the polymer,
ultrasound frequency, exposure time, intensity as well as the position of ultrasound focusing,

all while being noninvasively.

HIFU transmits and focuses acoustic energy from a transducer into a small focal volume. The
sound waves are directed to interact with polymer chains in a selected area, heat the polymers
locally, and cause a significant thermal effect on the focal point, while the surrounding area
is not significantly affected. When the mechanical waves pass through the polymer matrix,
damping loss will occur due to viscous shearing and relaxation. Ultrasonic waves, as one
kind of mechanical wave, can make a polymer behaves in a pattern of forced vibration, and
thus exert alternative stress at every chain of the polymer matrix. For viscoelastic polymer
materials, change of strain will lag behind that of stress, which induces the internal friction,
and the energy absorption during HIFU absorption. The energy absorption pattern has two
types, one part of the energy is dissipated and transformed into heat, and the remaining
part is stored by elastic deformation of polymer chains. The ultrasound energy converts
to heat through the internal friction, which induces the temperature rise of the polymer.
This localized heating eliminates the need to incorporate individual or responsive particles
employed for use noninvasive triggers [25]; therefore, ultrasound can be considered one of
the most potent modalities for spatiotemporal stimulation of polymers in an on-off switch

manner.

Unlike conventional heating, it has been observed that different polymers possess different
HIFU-induced thermal effects [153]. However, the research related to the fundamental mech-
anisms behind this phenomenon, particularly at the atomistic scale, is still limited. Liu et
al. reported the heating rate and equilibrium temperature for HIFU heated polyethylene
(PE), poly(methyl methacrylate) (PMMA), Polycarbonate (PC), polystyrene (PS), Nylon-6

(PA-6) and polypropylene (PP) [154]. Without any evidence, they hypothesized that the
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variation in heating effect for different polymers could be attributed to the different internal
friction between their macromolecular chains. Bruinewoud also investigated the ultrasound-
induced thermal effect of a set of polymers, including PMMA, PUR PEVA. They thought the
ultrasonic attenuation might be a key factor [155]. Coralie and co-workers reported the cor-
relation between the particle velocity distribution and PMMA heating effect by HIFU [44],
and they concluded the particle velocity distribution and the sample thickness determine
the heating response of the polymer. Although these experimental results indicate that the
ultrasound-induced thermal effect in polymers are affected by many factors, to understand
the mechanisms completely only by experiments is extremely challenging. This is because
tracking the interaction between the polymer and ultrasonic waves at the atomistic scale by
the experiments is very difficult. As an alternative, here, we utilize computational models
to explore how the HIFU triggers thermal actuation of polymers, and how the atomistic
structure of the polymer interacts with the representative mechanism. Molecular dynamic
(MD) simulations have been shown as a unique tool for studying the thermal properties
of polymeric materials [136, 141, 146, 156, 157]. The trajectory history of every atom in
the polymeric system during the ultrasonic actuation, as well as the evolution of the chain

orientation can be recorded.

We investigate the ultrasound-induced thermal effect at the atomistic scale by MD simulation
(using the LAMMPS package [145]). Related experiments were also performed to support
the findings of the computational model. We will particularly focus on exploring the role
of chain arrangement and structure on the thermal effects. Amorphous polyethylene and
crystalline polyethylene are modeled as a counterpart. In the following section, we regard
amorphous polyethylene as low density polyethylene (LDPE), and crystalline polyethylene
is represented by high density polyethylene (HDPE), shown in Figure 4.1. To our best

knowledge, this is the first study on the ultrasound-induced heating effect of polymeric



4.2. METHODS 75

materials at the atomistic scale, which can explain the observed responses at the macroscale.

Figure 4.1: (a) Experimental setup of the polymer filament with fixed-free boundary condi-
tions exposed to harmonic acoustic pressure at 0.5 MHz; the geometric center of the filament
is located in the focal area. (b) Heat gun setup.

4.2 Methods

4.2.1 Experimental scenarios

Before delivering the results from MD simulation, we show two experimental scenarios about
actuating the polymers with HIFU and direct heat are shown here. Firstly, in Figure 4.1a,
a PE filament with a dimension of 125 x 25 x 2.38 mm was suspended by a holder at the
surface of deionized water. Next, the filament was exposed to harmonic acoustic pressure
field at 0.5 MHz generated by a modified H-104-4 A SONIC Concepts HIFU transducer. The
transducer, actuated with 30 V voltage at 6 W input power, was turned on in continuous

mode for 30 seconds. The geometric details of the modified HIFU transducer are listed
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in Table 4.1. The distance between the transducer and the filament is 50 mm, which was
adjusted by a positioning system, to make the geometric center of the filament located at
the focal area of the transducer. The water level in the tank was maintained, such that
the bottom part of the filament was submerged in water and the focal point of the HIFU
transducer located at the central portion of the filament. The power of the transducer is

maintained below a threshold level (10 W) to prevent degradation of the sample.

Table 4.1: The geometric details of the modified H-104-4 A SONIC Concepts HIFU trans-
ducer.

Outer Diameter Intensity Focus Watts Focal Width (dia.) Focal Length
64mm 3,267.56 W /cm? 3.02 mm 50 mm

A FLIR C2 thermal imaging camera was fixed to capture thermal images focusing on the
exposure area of the HIFU. The camera has an imaging rate of around 0.25 Hz. The duration
of ultrasonic actuation is 30 continuous seconds, with most thermal measurements reaching
40 seconds to make sure the entire thermal history is captured. Data is processed with FLIR
Tools software. For the direct heat method, the sample was suspended 80 mm above a heat
gun in Figure 4.1b. The exhaust temperature of the hot air was set at 180 °C, to make the

temperature rises by hot air and ultrasound comparable.

4.2.2 Simulation methods

In the following sections, we regard amorphous polyethylene as LDPE and crystalline polyethy-
lene as HDPE, shown in Figure 4.2. In the MD simulation, the polymeric systems were
built by a self-avoiding random-walk algorithm initially, then equilibrated under different
conditions to create an amorphous structure (LDPE) and a crystalline structure (HDPE)

separately. The details of the equilibration conditions are discussed as follow.
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To avoid the influence of molecular weights (chain lengths), both systems contain 576 chains
with chain length N=400, in a total of 230400 atoms. For LDPE, the initial geometry is first
melted by increasing the temperature from 300 to 500 K. The system is further annealed
back to 300 K, followed by an equilibration through NPT ensemble until the density reaches
the targeted value (0.9 g/cm3). To form the HDPE structure, the system is melted at 500 K,
then pre-stretched along the z-direction. After that, the oriented melt is suddenly quenched
down to 330 K, then an NPT ensemble runs for 60 ns at 330 K to guarantee the crystallization

grows sufficiently. Finally, the system is cooled down to 300 K and equilibrated again.

The simulation domain (shown in Figure 4.2), which is periodic in x and y direction, contains
polymeric materials on a substrate. Polymeric chains are rendered in different colors to
show the structure variation. We use the potential force filed for polyethylene-like material
[158, 159], a cutoff distance of 10.0 A for the Lennard-Jones interaction and 1 fs as the time

step for all simulations.

Figure 4.2: Schematics of (a) typical ultrasound-induced heating setup, and MD simulation
setup for (b) LDPE and (c) HDPE system.
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As mentioned early, the temperature rises for HDPE and LDPE are similar manner by
direct heat. Therefore, it is interesting to use MD simulations to explore the reasons why
the heating rate varies when they are subjected to HIFU. In the simulation, the substrate
is vertically oscillated at multiple frequencies to imitate the mechanical vibration caused by
ultrasonic waves. The substrate is maintained at 300 K to physically represent the heat
sink at room temperature, while no temperature restriction is placed on the polymer system
(NVE ensemble). The velocity of the substrate in the z-direction is vy = Aw cos(wt), where
A is the amplitude and is the frequency. A summary of all parameters applied in the MD
simulations is listed in Table 4.2. With regard to HIFU specification, the amplitude and

frequency here are proportional to the ultrasound input power and frequency.

Table 4.2: The parameters applied in the MD simulations.

Frequency (GHz) Amplitude (nm) Duration (ns)

Case 1 8.33 0.5 1
Case 2 11.1 0.5 1
Case 3 12.5 0.5 1
Case 4 8.33 2.0 20

4.3 Results and Discussions

4.3.1 experimental results

The samples were exposed to the ultrasound or hot air for 30 s, the temperature changes
for HDPE and LDPE are shown in Figure 4.3a. For all the cases, the initial temperatures
are ranging from 25 to 27 °C (the room temperature). Heating by hot air, the temperatures
for HDPE and LDPE are ramped almost linearly, with R? = 0.9988 and 0.9997 separately.

However, when the samples are stimulated by HIFU, the temperature rises are nonlinear



4.3. REsuLTts AND Discussions 79

and saturated after 15 s. In the initial 5 s, the rate of temperature increase for LDPE and
HDPE are 2.2 °C's~tand 0.88 °C's~separately, so the observed temperature rate for LDPE is
larger than HDPE by an amount of 150%. The equilibrium temperature for LDPE, after 30
s exposure to HIFU, is 48 °C which is 10 °C higher than that of HDPE. Figure 4.3 b-e show
the induced thermal field of the HDPE and LDPE filaments when t=25 s. In the image,
the spot in the center has the maximum temperature. This indicates the thermal effect of

focused ultrasound on PE materials is highly concentrated and localized.
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Figure 4.3: (a) temperature vs. time for HDPE and LDPE induced by HIFU (solid lines) or
heat gun (dot lines). Thermal images of (b) HDPE and (c) LDPE filaments under ultrasound,
(d) HDPE and (e) LDPE filaments under hot air when t= 30 s.

4.3.2 Molecular dynamics simulation

We systematically study the thermal effect of HIFU on HDPE and LDPE across a wide range
of oscillation times, amplitudes (A) and frequencies (f). The temperature evolution with a
time duration of 1ns for A = 0.5 nm, as well as f = 8.33,11.1,12.5 GH z are shown in Figure

4.4a-c. In Figure 4.4d, the substrate is oscillating for 20 ns at A =2 nm and f = 8.33 GHz.
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Upon Figure 4.4a-c, we found the frequency increase raises the polymer temperature in
general. In addition, in comparison of Figure 4.4b and c, the heating rate for LDPE is
higher than that of HDPE, which is consistent with the experimental results. It is also
interesting to note that although the temperature rise in Figure 4.4a is almost negligible due
to the relatively low frequency, the accumulated thermal effect becomes considerable when
the amplitude and time scale enlarge at the same frequency, which results in a prominent
temperature rise as shown in Figure 4.4d. The applicable HIFU frequency ( MHz) is orders
of magnitude smaller than that in the MD simulation ( GHz), but we believe that the MD
simulation here is able to replicate the heating mechanism in a manner which is consistent
with the actual experiment. Firstly, although acoustic energy with higher frequencies is
lost more along the beam path before reaching the target, the mechanism of the vibration-
induced heating is not dependent on that. The frequency-dependent energy absorption
efficiency of the sample is beyond the scope of this work. Secondly, because of the limit of
computational resources, the time scale of most MD simulation is at the range of several
nanoseconds (107% s). This is a very common problem in almost all MD simulations, but
researchers show molecular dynamics simulations are able to capture the critical mechanism
for ultrasonic actuation problems. Therefore, we believe our MD results can shed light on

the mechanism at the macroscale.

Now the open question is why HDPE and LDPE, with the same chemical composition and
chain length, respond differently to the same external excitation. By using MD simulations,
we are able to provide a qualitative description of the ultrasonic actuation mechanism in a
top-to-bottom manner, in which the microscopic picture of the HIFU-induced vibration is
described at different scales from the entire polymer system, single polymeric chain down
to single atoms. For the entire polymer system, the heat is generated by the viscoelastic

damping, which is highly dependent on the polymer viscoelasticity. Since viscoelasticity
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Figure 4.4: Temperature vs. time curve for 1 ns at frequencies of (a) 8.33 GHz, (b) 11.1
GHz, (c¢) 12.5 GHz, and (d) for 20 ns at a frequency of 8.33 GHz.

is frequency-dependent, the phase lag between stress and stress curves is also related to

frequency. The dissipated energy per cycle that transferred into heat can be given as the

following energy density function:

2m

7
W = 0060/ sin(wt) cos (ft — 0)dt
0

where o is the amplitude of stress, ¢ is the amplitude of strain, f is the frequency, @ is
the phase lag between the stress and strain curves. Note that the energy into heat W is in
direct proportion to oy, €y, and 6. The frequency f is set to be 8.33 GHz and 12.5 GHz as

shown in Figure 4.5. Figures 4.5a and c represent the results for HDPE while Figure 4.5b
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and d represents LDPE.
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Figure 4.5: The evolution of stress curves (in red) and strain curves (in blue) and their phase
lag at a frequency of 8.33 GHz for (a) HDPE and (b) LDPE, plus at a frequency of 12.5

GHz for (c¢) HDPE and (d) LDPE. Zoom-in graphs to show the phase lag between stress
and strain curves are inserted.

The temperature difference between HDPE and LDPE at 8.33 GHz is negligible, and results
in subtle phase lags between strain curves and stress curves for both LDEP and HDPE as
seen in Figure 4.5. When the frequency increases to 12.5 GHz, LDPE shows an apparent
temperature increase. Correspondingly, there is a significant lag between the stress and
strain curves in Figure 4.5d (shown in the zoom-in plot). Contrary to LDPE, the phase lag
change for HDPE between 8.33 GHz and 12.5 GHz becomes slightly larger (Figure 4.5¢).

Besides, the oscillating amplitude of stress/strain curves, at 12.5 GHz is prominently larger
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than that at 8.33 GHz. Moreover, the stress/strain amplitude for LDPE is larger than that
for HDPE at the specific frequencies. Figure 4.6 shows the relationship between the position
of the oscillated substrate and the stress of the polymer at 12.5 GHz. whether the stress
change can follow the substrate movement. We can find there is a more pronounced phase
delay between the substrate position and the polymer stress curve (labeled as §) for LDPE
in Figure 4.6b than that for HDPE in Figure 4.6a . Hereby, the LDPE is expected to be
more difficult to follow the external vibration, such as by ultrasonic actuation, which may

cause more viscous internal friction and then generate more heat.
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Figure 4.6: The evolution of substrate movement (in blue) and stress (in red) for (a) LDPE
and (b) HDPE at the frequency of 12.5 GHz.

To investigate the differences in the thermal effects of the two PE systems in terms of
quantities at the polymeric chain level, we first perform the topological analysis on the
systems by using the Z1 method. This method is used for identification of entanglement
and calculation of the entanglement length. By performing Z1 analysis, the movement of
single polymer chains, the number of interior "kinks”, Z, and the entanglement length N,
are introduced here. Z is proportional to the number of entanglement per chain, while N, is
defined as the ratio between chain length N and the number of entanglements. For crystalline

PE, Z = 4.052 and N, = 79.136, while for amorphous PE, 7 = 4.806 and N, = 68.870.
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When polymers react to the vibration induced by ultrasonic waves, the entanglements will
continuously be created and lost due to the contour length fluctuation (CLF) of the primitive
chains. Regarding the reptation mechanism in the tube model, the movements of polymeric
chains will also lead to a constraint release (CF) when polymeric chains are crawling out of
the tube. When CLF and CF happen, the more entangled chains in amorphous PE tend to

generate more heat than the less entangled chains in crystalline PE.

49 , : 203
LDPE
48 202
S z
~, 47 ~, 201
x o
~ ~
46 — — —833GHz] 200 | — — —833 GHz]
12.5 GHz 12.5 GHz
45 . . : . 199 t . : t
0 200 400 600 800 1000 0 200 400 600 800 1000
Time (ps) Time (ps)
22 T T T T 72 r r , .
(d) HDPE
215 | 715 )
~ | ~,
21 o Tl
= ~
205 ¢ — — —833GHz | 70.5 ¢ — — —833GHz |
12.5 GHz 12.5 GHz
20 - ‘ - - 70 - : : -
0 200 400 600 800 1000 0 200 400 600 800 1000
Time (ps) Time (ps)

Figure 4.7: The evolution of substrate movement (in blue) and stress (in red) for (a) LDPE
and (b) HDPE at the frequency of 12.5 GHz.

The evolution of averaged chain end-to-end distance, (R.. ), and radius of gyration, (R,), for
all polymeric chains in both amorphous PE and crystalline PE systems during actuation are
reported in Figure 4.7. From Figure 4.7a and b, it is found the values of end-to-end distance

of amorphous PE increases while that of crystalline PE decreases. It shows that the random
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polymeric coils in amorphous PE tend to extend while the more aligned chains in crystalline
PE are crimped slightly. The evolution of radius of gyration in Figure 4.7¢ and d provides
evidence to this micropicture of polymeric chains when it is excited by the ultrasonic wave.
Grouping Figure 4.7a-d, the movements and geometric changes of polymeric chains are more
significant at a higher frequency (12.5 GHz) that at a lower frequency. Comparing between
the amorphous PE and crystalline PE at the same frequency, the conformational fluctuation
of polymeric chains in amorphous PE is more pronounced than crystalline PE, which is the

reason for the different ultrasound-induced thermal effects at chain level.

Focusing on the vibration of single atoms, we believe that the discrepancy in the ultrasound-
induced motion of atoms in HDPE and LDPE causes the observed difference in their tem-
perature change, since the temperature is a measurement of the average kinetic energy of the
system. To examine this hypothesis, we introduce the root mean square fluctuation, RMSF
[151, 160, 161], of every PE monomer in the system to evaluate the vibration-induced local

mobility of HDPE and LDPE. The expression of RMSF takes the following format:

T

1
RMSE = (; Z _(Tz(t) - ri,mean)2
t=1

Figure 4.8 shows that the overall RMSF value is lower when the polymer is excited by a
lower frequency external vibration. Compared between HDPE and LDPE, the flexibility of
HDPE with the crystalline structure is much less than that of the amorphous LDPE. The
chain movement inside HDPE is less active, which may cause less friction with surrounding
chains. It means less heat will be generated due to the internal friction, thus HDPE is less

heated by focused ultrasound compared to LDPE.
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Figure 4.8: RMSF values of HDPE and LDPE at frequencies of (a) 8.33 GHz and (b) 12.5
GHz.

4.4 Conclusion

In this work, the HIFU-induced thermal effect on PE was systematically studied by experi-
ments and MD simulations. From the experiments, we found the heating rate of amorphous
LDPE is remarkably larger than the crystalline HDPE under focused ultrasound with the
same acoustic power. To investigate the mechanisms behind this phenomenon, MD simula-
tions were performed. In a top-down manner, the mechanisms were investigated at different
conformational scales. At the entire system level, we found the frequency-dependent vis-
coelasticity is the direct factor. It was shown the amplitude of cyclic stress oq, strain ¢,
and the corresponding phase lag 6, determine the ultrasound-induced thermal effect on PE.
When the polymers react to ultrasonic waves, LDPE has a larger phase lag ¢ than HDPE,
and results in a larger heating rate. With the increase of frequency, the increases of oy and
€p are the proximate causes of fast heating in response to the HIFU. Second, at the molecular
chain level, we found the thermal motion of chains in LDPE is larger than HDPE by ana-
lyzing the conformational quantities, the end-to-end distance and radius of gyration. Last,

the parameter RMSF indicates the atoms inside LDPE are more flexible than HDPE on
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average. In conclusion, this study can establish a rigorous link between molecular constitute
and macroscopic mechanical properties, i.e., between polymer chemistry and viscoelasticity,

for optimal processing, design, and application of polymers in the HIFU fields.



Chapter 5

A ductile SMP composite with

enhanced shape recovery ability

5.1 Introduction

Shape memory polymers (SMPs) are a class of smart materials which can store one or more
intermediate shapes and recover to their permanent shape when subjected to an external
stimulus [162-165]. The ability of being responsive to multiple stimuli [166] enable SMPs
a superior choice for applications in soft actuator and soft robotics [167, 168]. For certain
types of SMPs [169], being biodegradable and biocompatible also make them potential can-
didates in biosensing [170, 171], and controlled drug delivery fields [172-175]. SMPs can
be usually categorized into several types, namely, chemo-/thermo-responsive [176-180], and
photo-responsive SMPs [181]. When temperature rises, the thermo-responsive SMPs ab-
sorb heat to accomplish shape recovery due to the inner phase transition or components
softening/transition [177]. Compared to traditional shape memory materials, such as shape
memory alloys [182, 183] and shape memory ceramics [184], SMPs are flexible, inexpensive,
lightweight, and consequently applicable in a broad range of devices. Because of these ad-
vantages of SMPs, the study of their properties has received extended attentions in the past

several years.

Among multiple types of SMPs, acrylate-based AB copolymer networks, obtained from

88
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monomers and crosslinkers copolymerization, have remarkable advantages such as the bio-
compatibility [185, 186], relative ease of preparation,[187] and 3D /4D printability [188-190].
For instance, Yu et al. demonstrated a photopolymer printable tertbutyl acrylate (tBA)-co-
di(ethylene glycol) dimethacrylate (DEGMA) network [191]. By using the stereolithography
apparatus (SLA) technology, thermo-responsive acrylate-based SMPs with complex geom-
etry can be fabricated. Hongzhi and co-workers also presented a four-dimensional printing
method to fabricate acrylate-based SMPs [192]. G. Jerald et al. synthesized a type of SMPs
by using tBA and poly (ethylene glycol) dimethacrylate (PEGDMA). The synthesized SMP
sample can recover from the deformed shape (a deformed M-shape filament) to the perma-
nent shape (a straight filament) in 45 seconds after being completely immersed in 55 °C/min
hot water. By adding diurethane dimethacrylate (DUDMA) to the existing tBA-PEGDMA
SMP matrix, the shape recovery rate of this SMP network become around 20 seconds for

full recovery [193].

Despite many works reported on fabricating efficient SMPs, experiments have shown that
fulfilling a 100% shape recovery within a few seconds (< 10 s) is still challenging. If
SMPs have large recovery percentage and fast response, it will make them a good candidate
for being used as remote actuators. One example is the high-intensity focused ultrasound
(HIFU) induced in vivo drug delivery system, because HIFU can remotely and noninvasively
actuate SMPs. However, the actuation is usually slow, and the recovery percentage is low,
which emerges the need for new classes of SMPs with large recovery percentage and a fast
response. We have recently investigated the influence of chemical composition of SMPs on
HIFU-induced shape recovery [172, 194-196]. In these works, tBA and DEGMA were used
as monomer and crosslinker to synthesize SMPs. It was shown the chemical composition
(the ratio of monomer to crosslinker) has a significant effect on the final shape recovery

ratio of SMPs (Need to note that selecting a proper programming temperature can also help
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optimize the shape recovery performance even without modifying its composite [197, 198],
but we choose to tune the chemical composite in this work). Tuning the composition ratio
could help achieve a higher shape recovery ratio after a 20 second continuously ultrasonic
exposure. However, the maximum recovery ratio was around 20%. In our recent study,
it was found that the HIFU-induced thermal effect for polymers is closely associated with
the viscoelasticity of materials [199]. The viscous damping caused by the HIFU results in
obvious heating difference. The computational works indicated that more heat is generated
in viscoelastic amorphous polymers when they are subject to HIFU compared to crystalline

polymers.

Therefore, to design more efficient HIFU-induced SMP devices, the targeted properties of
SMPs fall into two aspects. On one hand, the actuation of SMPs should be efficient, which
means sufficient heat can be accumulated at relatively low acoustic power exposure. On the
other hand, SMPs should have adequate recoverability, which is closely associated with the
elastic part (the cross-linking in the thermoset material). It refers that the SMPs can achieve
fast full recovery, such as a 95% or more recovery ratio within 10 seconds, when subject to

traditional heat sources (like hot water or air).

In this chapter, an acrylate-based polymeric composite with a superior shape memory abil-
ity is synthesized. This composite can achieve almost 100% shape recovery ratio within 2
seconds under hot air/water. From the DMA test, it is observed this composite also have
relatively large viscoelasticity, which may lead to good thermic response triggered by HIFU.
Nanoindentation tests are also conducted to further explore the related mechanical properties
of this composite. Additionally, molecular dynamics (MD) simulations are also performed
to study the reasons behind these properties at the atomistic scale by investigating the

crosslinking mechanism for the curing process of this composite.
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5.2 Materials and Methods

Tertbutyl acrylate (tBA), di(ethylene glycol) dimethacrylate (DEGMA), polystyrene (PS)
pellets with typical molecular weights of M,, = 35,000, toluene (anhydrous, 99.8%) and the
photo-initiator 2,2-dimethoxy-2-phenyl-acetophenone were purchased from Sigma-Aldrich
and used as received condition without further alternation. Molds are ordered from Allied
High Tech Products, Inc. In a typical experiment, tBA (monomer) and DEGMA (crosslinker)
were firstly mixed at a weight ratio of 85:15, followed by 1 wt% photo-initiator added into
the solution. The solution was then fully stirred for 20 min. In addition, 1.5 g PS pellets
were added into 8.5 g of toluene. The solution was stirred at 50 °C for 2 hours to make PS
pellets fully dissolved. The prepared tBA-DEGMA solution and PS solution were mixed at
a weight ratio of 85:15 (2.55 g tBA-DEGMA solution and 0.45 g PS solution in this case)
and stirred for another 20 min. Afterwards, the resultant mixture was cured in a Teflon
open mold (without cap) with 365 nm UV light exposure for 15 minutes. The prepared
SMP composites, namely, tDPS, were post-cured inside the fume hood for 24 h. The tDPS
sample is cut into 10 mm x 2 mm X 1 mm strip for the mechanical tests and 25 mm x3 mm
x 1 mm for the shape recovery test. The entire synthesis procedures are shown in Figure 5.1.
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Figure 5.1: Schematic showing the processing steps to prepare tDPS composite.
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To provide a comparison between tBA-DEGMA SMP (we will call it tD in all following sec-
tions for convenience), PS and the tDPS samples, pristine tD and PS samples were obtained
by UV curing and drop casting method separately. Detailed synthesis method for tDs is
in our previous paper [172]. For PS samples, 1.5 g PS pellets were dissolved into 8.5 g of
toluene. The well-mixed solution was then dropped on a 25 mmx25 mm mica substrate
(Highest Grade V1, Ted pella). A pristine PS film can be easily peeled off from the mica

substrate after 24 h solvent evaporation in fume hood.

The uniaxial tensile tests and dynamic mechanical analysis (DMA) were measured by a
universal testing system (MTS Tytron 250). The tensile tests were performed with strain
rate 0.0067 s~! (displacement control). In addition, dynamic mechanical thermal analysis
is also done by a TA-Q800 DMA tester (TA Instruments, USA) to measure the storage
modulus, loss modulus and tan delta for the samples. The oscillation frequency is 1 Hz,
and the temperature is increased at a rate of 2 °C/min Differential scanning calorimetry
(DSC) measurements were performed on a TA-Q200 DSC tester (TA Instruments, USA).
The samples in the aluminum pans were analyzed under nitrogen condition at a heating rate
of 5 °C/min. Testing cycles were run from 30 to 120 °C. In addition, the mechanical tests
in the out-of-plane direction of the samples were conducted by a nanoindenter (Hysitron
TI950, Eden Prairie, MN, USA). The peak load 500 uN was held for 1 s with a loading
and unloading rates 50 uN/s. The depth at the peak loading is small enough to maintain a

quasi-static state.

Molecular dynamics simulations were performed to investigate the crosslinking mechanism
during the curing process of tDPS and tD. All simulations are implemented by the molecular
dynamics simulator LAMMPS [200]. Two simulation systems, one contains tBA, DEGMA
and PS monomers/chains, and another only contains tBA and DEGMA, were created by

using the open-source package Moltemplate [201, 202] and Packmol [203, 204]. The post-
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processing is processed by the software Ovito [205]. Each simulation takes around 4 hours

on 48 CPUs.

5.3 Results and discussion

Samples made of PS, tD and tDPS, prepared by the methods described in the previous
section are shown in Figure 5.2a. From DSC and DMA measurements (Figure A.1 - A.5),
the glass transition temperature of PS is 95 °C, and the transition ranges of tD and tDPS
samples are from 60 °C to 80 °C. Notably, although PS and tD are transparent polymers,
tDPS, as a combined composite of PS and tD, is a type of white material with relatively
low transparency. These samples are then cut into strips to perform uniaxial tensile test.
It can be found that PS and tD are brittle while tDPS is a ductile material. As shown
in Figure 5.2b, the stress of PS increases dramatically at the initial regime of strain and
breaks at a strain level of 0.03. A pronounced increase also presents at the early stage of
the stress curve of tD. The tD yields at a stress of 10.5 MPa, then breaks at 0.3 strain. In
contrast, tDPS shows a significantly different stress-strain response. The material stiffness
decreases prominent with an extended ductility. The young’s modulus of PS, tD and tDPS
are 597.24 MPa, 270.12 MPa, and 39.55 MPa, respectively. The maximum stress of tDPS
during tensile test is 1.5 MPa, and the sample can be elongated to a strain of 1 without
breaking. The possible reasons for this mechanical response variation will be investigated

later by MD simulation.

The programming and shape recovery process of tDPS sheet is shown in Figure 5.3. The
initially flat (permanent shape) tDPS sample is deformed to an angle of 5°. The deformed
shape (intermediate shape) is programmed for 10 seconds. After the load releases, the bended

sample will return to an angle of 50° automatically, because of the elastic component in the
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Figure 5.2: Digital image (a) and Stress-strain curves (b) of the PS, tD, tDPS samples.

material [197]. Subsequently, a regular hair dryer is used to apply hot air to the sample. As
shown in Figure 5.3, it is observed the filament will return to their its initial shape (A = 175°)
within 2 seconds after heating by the hair dryer. In another scenario, the deformed composite
is immersed into hot water (temperature 65 °C), that sample also shows a very fast recovery
to its original shape (flat shape, A = 175°). Notably, although bending has some limitations
to characterize shape memory effect, such as the strain in bended area is not uniform [206].
However, bending is one of the most common-used and straightforward way to evaluate the
performance of shape memory effects quantitively. Here, we still use bending and tracking

the change of bended angle to characterize the shape recovery ability of the samples.

The synthesized tDPS is able to achieve good temporal and spatial effects. From Figure 5.3,
tDPS sample has almost 100% shape recovery, which is 5 times more than the maximum
shape recovery of tD (20%) shown in our previous work [172]. A very quick response (recovery
in 2 seconds) is also observed when direct heat is applied. The better recover degree can be
due to the improved thermal processability [164]. These results show that the tDPS has a

remarkably better recovery ability compared to tD.

The tensile stress hysteresis loop of the tDPS sample is shown in Figure 5.4a. The test was

performed with loading/unloading rate is 0.0067 s~ without any peak load holdings. The
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Figure 5.3: Illustrations of the programming and recovery of the tBA-PS sheet sample. See
text for details.

large areas in the hysteresis illustrates the high viscoelasticity of the composite, given the
fact that the loading and unloading locus will overlap for ideal elastic material [207, 208].
To further explore the mechanical properties of tDPS, the DMA test is performed. A 10%
pre-strain is firstly applied on the sample, then the sample is subjected to cyclic loading and
unloading with constant strain rates. The frequency is 1 Hz and the amplitude is 10% strain.
In Figure 5.4b, there is a 56.14° phase lag between the stress-strain curves on average, which

again indicates the high viscoelasticity of the tDPS sample.

It is worth noting that the viscoelasticity makes tDPS having a great potential for being
actuated with HIFU. The vibration induced damping loss and viscous internal friction inside
tDPS may result in obvious heating effect, even when the power level of the trigger (HIFU)
is relatively low. In this way, the “onset” shape recovery temperature can be reached when
subject to lower level acoustic power, which helps to avoid the unpredictable damage inside

the polymer and easier actuation for soft actuator applications.

As shown in Figure 5.5a, the reduced Young’s Modulus of the PS, tD and tDPS samples

are 4.46, 3.72, and 0.02 GPa separately. Figure 5.5b compares the hardness of PS, tD
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Figure 5.4: (a) Stress hysteresis loop of tDPS composites and (b) corresponding phase lags
between stress and strain by DMA test.

and tDPS samples by nanoindentation. Figure 5.5¢ shows typical loading-unloading curves
for the samples during the nanoindentation test. The tDPS sample shows a much larger
indentation depth (displacement in the indenting direction) at the peak loading, because
hardness depends on stiffness and strength. Grouping Figure 5.5a-c, these results correspond

well with tensile tests results in Figure 5.2b.
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Figure 5.5: The reduced Young’s Modulus (a), the hardness (b), and the load-displacement
profiles (c) of the samples by nano-indentation tests.

A question that needs to be answered here is why tD and tDPS show totally different
mechanical properties. As mentioned, tD is synthesized from the mixture of DEGMA and

tBA, while tDPS is cured from the mixed solution of DEGMA, tBA, and PS. We hypothesize
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PS plays an import role during the UV curing procedure, and investigate the potential
mechanism with MD simulations. Figure 5.6a displays the schematic of UV curing process
(191, 192]. The monomers of tBA would polymerize together into long chains, and finally
form the crosslinked network with the crosslinkers DEGMA. Two MD simulation boxes
are created with periodic boundary conditions in x, y, and z directions. Each simulation
box contains 288 tBA monomers and 27 DEGMA crosslinkers (the mass ratio of tBA and
DEGMA molecules are 85:15), separately. One of the boxes also has 27 short PS chains
(chain length N = 8) inside. There are 1 active polymerization sites on every tBA molecule
and 2 active crosslinking sites on DEGMA. A distance-based bond creation criterion for the
polymerization and crosslinking is used. Specifically, a new bond will form when the distance
of two active sites is shorter than 4.5 A. Note that the new bond can only form between
different molecules. To avoid sudden energy jump, which may result in non-equilibrium,
the system will then equilibrate by NVT (constant substance amount N, constant volume V,
temperature and constant temperature T) and NPT (constant substance amount N, constant
pressure P, and constant temperature T') ensembles, as well as energy minimization process.
After the systems reach equilibrium again, a new iteration can be started. CVFF potential
force file [209] is used in all MD simulations. The motion equations in the simulations are
integrated by velocity-Verlet algorithm with a timestep of 1 fs. The temperature is held at

330 K by Nose-Hoover thermostat with a damping constant of 0.1 ps.

The schematic representation of the polymeric system after polymerization and crosslinking
(iteration = 100) is illustrated in Figure 5.6b. The polymerized and crosslinked sites are
highlighted in yellow and orange, respectively. Figure 5.6c and d show the evolution of the
number of crosslinked and polymerized sites. Grouping Figure 5.6b-d, it is found that the
added PS can hinder the polymerization and crosslinking processes by 9.77% and 23.64%,

separately, which prevent the mixture form a tightly crosslinked network during the curing
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Figure 5.6: (a) Schematics of polymerization and crosslink of tBA (monomer) and DEGMA
(crosslinker) during polymer UV curing process. (b) Representation of tDPS (tBA-DEGMA
+ PS) and tD (tBA-DEGMA) system in simulation box. Periodic boundary conditions are
applied in x, y and z directions. (c) and (d) show the evolution of crosslinked sites and
polymerization sites for these two systems for the entire curing process (iteration from 0 to
100).

process. Notably, the PS chain length in MD simulation is much shorter than in real exper-
iments, so the quantitative values (9.77% and 23.64%) here only provides a lower boundary
threshold. The decreased polymerization and crosslinking rates will result in shorter molec-
ular chains and looser networks, which enables larger local molecular mobilities. Hence, the
tDPS has a lower stiffness and hardness compared to the well-crosslinked tD. Additionally,
short chains and the loose network can also yield to more liquidus behaviors, in other words,
higher viscoelasticity. On the other hand, it is worth noting that pristine PS is a brittle ma-
terial with relatively high stiffness. This is because lots of entanglements are inside the pure
PS system. For tDPS in this case, PS chains are much less entangled due to the obstructs

of tBA and DEGMA, which finally makes tDPS a ductile material.



5.4. CONCLUSIONS 99

5.4 Conclusions

In this study, a novel shape memory composite tDPS is synthesized, and systematically
studied by experiments and molecular dynamics simulations. The composite exhibits en-
hanced shape recovery ability, which can reach almost 100% recovery ratio in 2 seconds
triggered by hot air or water. From corresponding mechanical tests, the composite shows
reduced hardness and relatively high viscoelasticity. Moreover, molecular dynamics simula-
tions are also used to study the related mechanisms. It is found the added PS can lower the
polymerization and crosslinking ratio during curing process, in which alters the mechanical
properties. Overall, these results indicate tDPS a promising material for the application of
shape memory polymer based devices, and the corresponding computational works paves the

way in front of understanding the mechanism and optimizing the design for SMP devices.



Chapter 6

A two-way shape memory polymer for

soft actuator applications

6.1 Introduction

Soft actuators made by soft smart materials have attracted tremendous interests owing to
their great potential for the robotic applications [210, 211]. They are capable of generating
desired motions and forces/torques, such as gripping [212], climbing [213], running [214] and
leaping [215], under external stimuli. Among the smart materials, shape memory polymers
(SMP) have been extensively studied due to their extraordinary advantages, including large
output forces, simple manufacturing, and low cost [216]. Although SMPs have the ability
to recover to the permanent shape under external stimuli (e.g., heat, light, pH, electric
field, etc), a large majority of SMPs only have irreversible shape recovery property without
re-programming applied, which is also known as “one-way shape memory effect” [217]. In
general, the irreversible shape memory effect of SMPs hinders their practicability for further

applications.

SMPs with reversible shape memory effect (aka. two-way shape memory effect) have been
recently investigated due to their shape-programmable behavior, showing a broad applica-
bility in soft actuators and robots. The liquid crystal elastomers (LCE) is one of the most

widely used two-way SMPs because of their large deformation recovery as large as 300% [9].

100
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For example, Ware et al. [218] synthesized a liquid crystal elastomer which can form com-
plicated 3D structures upon heating and recover back to original flat shape automatically
when cooled to room temperature. Shahsavan et al. [215] fabricated a kind of light-actuated
liquid crystal gels which can accomplish many complex motions, such as walking and leaping.
However, the inherent low stiffness of the LCE (usually less than 1 MPa) generally becomes
a serious hindrance for the soft actuators requiring high load capacity [219]. Therefore, the
crosslinked poly(ethylene-co-vinyl acetate) (cPEVA) based two-way shape memory polymer
owing a relatively higher stiffness may be a promising candidate for using in soft actuators

adapting to a diverse range of applications.

The poly(ethylene-co-vinyl acetate) (PEVA) are usually utilized as adhesive and structural
materials due to their outstanding adhesion property [220] and remarkable mechanical prop-
erties [221], respectively. Recently, the two-way shape memory effect of cPEVA based poly-
mers has been unveiled by Behl et al [222]. Subsequently, they are attracting a great deal
of attention for applications in the soft actuator domain. On the other hand, the as-formed
cPEVA as one copolymer network exhibits high stiffness which enables the final systems
to realize the desirable forces and torques output. Up to date, several studies have been
performed on the cPEVA based two-way SMPs. For example, cPEVA based thin film with a
well-designed pattern and reversible thermally-induced actuation has been successfully fab-
ricated by Liu et al [223], which may be beneficial for the potential soft actuator miniature.
Yang et al. [224] studied the use of hierarchical chiral cPEVA fibers to fabricate artificial
muscles. Hui et al. [225] and Gao et al. [226] also found that the different crosslinker
combinations can significantly affect their two-way shape memory behavior, mechanical and
thermal properties. However, to the best of our knowledge, the cPEVA based two-way SMPs

as one kind of smart materials for various applications have not been sufficiently explored.

In this work, cPEVA samples using dicumyl peroxide (DCP) as the crosslinker have been
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successfully fabricated. The effect of the DCP concentration on the mechanical properties
at different temperatures and the two-way shape memory behavior is systematically stud-
ied. On the other hand, the cPEVA samples can be tailored into multiple shapes depending
on the predefined ways (e.g., spiral and screw shape). More critically, cPEVA based soft
actuators, including a gripper and a self-rolling structure, are also manufactured, indicat-
ing that the as-synthesized cPEVA possesses not only large output force, but also excellent
shape recovery property. Furthermore, finite element analysis is also conducted to study the
related mechanisms controlling the self-rolling motion. This investigation provides impor-
tant insights in designing smart materials with high performance for a variety of advanced

applications.

6.2 Materials and methods

The PEVA pellets with 18 wt% vinyl acetate (VA) and the DCP are purchased from Sigma-
Aldrich without further treatment. Figure B.1 illustrates the cPEVA preparation procedure.
Firstly, 2 g PEVA pellets and different amounts of DCP (i.e., 2 wt%, 4 wt%, 6 wt%, and
8 wt%) are mixed in 20 mL of toluene (anhydrous, 99.8%, Sigma-Aldrich) at 70 °C with
magnetic stirring for 2 h. Then the solution is transferred into a Teflon mold, and air dried
in a fume hood for about 2 days. When the toluene is fully evaporated, the bulk PEVA
and DCP mixture is collected and loaded in an aluminum mold which is pre-applied with
demolding agent. Finally, the cPEVA sheet sample can be obtained after curing in a hot
press (Genesis, Wabash, IN, USA) at 200 °C with 20 bar pressure for 15 min.

The mechanical properties of the cPEVA samples are measured by a dynamic mechanical
analyzer (Q800 DMA, TA Instruments). The tensile tests of the samples obtained with

different DCP concentrations are performed at both room temperature (i.e., 25 °C and 70
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°C. The storage and loss moduli of the sample with 6% DCP are swept from 25 °C to 85
°C at 10 Hz by dynamic mechanical analysis (DMA) test. The XRD profiles of the samples
are measured by an x-ray diffractometer (PANalytical x’pert pro). The differential scanning
calorimetry (DSC) tests of the samples are conducted using a commercial DSC unit (Q200

DSC, TA Instrument) with a heating/cooling rate 5 °C/min in running N2.

6.3 The effect of DCP concentration

The influence of the crosslinker (DCP) concentration on the mechanical property of cPEVA
is firstly investigated. Figures 6.1a and b display the typical stress-strain curves of the
c¢PEVA samples obtained with different DCP concentrations (i.e. 2%, 4%, 6%, and 8%) at
25 °C and 70 °C, respectively. As shown in Figure 6.1a, all the samples have similar Young’s
Modulus (15 MPa), and all the samples yield at about 2.5 MPa and 25% strain. This implies
that the DCP concentration has an insignificant effect on the elasticity and yielding stress
of the cPEVA. Wang et al. [227] found that the elasticity and yielding of cPEVA are mainly
determined by its crystallinity. Improving the crystallinity by increasing the content ratio of
the polyethylene (PE) to VA results in the mechanical properties enhancement of cPEVA.
This also means that the DCP concentration cannot significantly alter the crystal phase of
cPEVA. However, it can be noted that the ultimate strains of the cPEVA samples decrease as
the DCP concentration increases. For example, when the strain is larger than 350%, the 2%
DCP sample does not break and is well-maintained, while the other samples are fractured
(i.e., the 4% DCP sample, 6% DCP sample, and 8% DCP sample break at 350%, 280%,
and 220% strain, respectively). This may be because a higher crosslinking concentration
results in more interactions between the polymer chains to prevent them from sliding over

each other. Similarly, Figure 6.1b shows that the ultimate strains decrease from 300% to
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50% with the DCP concentration increasing from 2% to 8% at 70 °C. On the other hand,

the cPEVA samples exhibit reduced mechanical properties at 70 °C compared to the room

temperature. For example, the Young’s Modulus is reduced to 3.3 MPa, and the yielding

points (0.45 MPa) become less clear.
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Figure 6.1: The stress-strain curves of the cPEVA samples with different DCP concentrations
at (a) room temperature and (b) 70 °C. (¢) The XRD profiles of the 6% DCP sample (red)
and a commercial polyethylene sample (blue). (d) Three DSC cycles of the 6% DCP sample

(black, Cycle 1; red, Cycle 2; blue, Cycle 3).

The XRD patterns of the cPEVA and pristine PE samples are shown in Figure 6.1c to

further investigate the nature of their crystallinity. For the cPEVA sample, the peaks at

21.1° and 23.2° match well with the previous studies by Wang et al. [227] and Aradhya et al.
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[20]. The polyethylene sample has two prominent peaks at 21.6° and 24.0°, corresponding
to the (110) and (200) diffractions, respectively [228, 229]. The similar peaks and intensities
between these samples imply that the crystal phase in cPEVA mainly depends on the PE
content. However, it is also clear that the XRD patterns of cPEVA exhibit both peak shift
and broadening compared to pristine PE. The reason may be that the VA content of cPEVA
can significantly alter the crystal structure of the PE content. Figure B.2 shows the XRD
profiles of the cPEVA samples with different DCP concentrations. In general, the XRD
peaks are very similar among all samples, implying again the DCP concentration would not

significantly alter the crystal structure of cPEVA.

Figure 6.1d presents the typical DSC curves of the 6% DCP sample based on three heat-
ing/cooling cycles. There are minimal changes in the melting temperatures, indicating high
thermal repeatability and stability of cPEVA. Figure B.3 illustrates the DSC curves of the
cPEVA samples with different concentrations. It can be noted that increasing the DCP
concentration shifts the melting point to a lower temperature. Gao et al. [226] reported
that the crosslinker concentration can significantly affect the crystallinity of cPEVA which
dominates the melting and consolidating behavior. Hereby, the shifting-down of the melting
point in this work may be attributed to high crosslinker (e.g., DCP) concentration induced

weakening the crystallinity of the cPEVA.

The influence of the DCP concentration on the two-way shape recoverability of samples is
also studied. The thermally induced shape memory behavior (e.g., opening and recovering) of
the cPEVA samples can be visually demonstrated in Figures 6.2a-d. Here, the bent samples
are heated in hot water at 75 °C and cooled in cold water at 25 °C. It can be found that both
the 2% and 6% DCP samples tend to recover back to the permanent shape when dipped in
the hot water bath. However, the 6% DCP sample shows a nearly complete recovery with

a fast response, while the deformation of the 2% DCP sample cannot be fully recovered in
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even longer cooling time. The measured shape recovery ratio as a function of cooling time is
displayed in Figure 6.2e. It is obviously observed that the 6% DCP sample can fully recover
within 2 s, while the 2% DCP sample only has around 60% shape recovery ratio after 4 s.
This means that the 6% DCP sample exhibits relatively higher recovery speed and shape
recoverability compared to 2% DCP sample. It is concluded that the shape memory behavior

of cPEVA in our work is highly dependent on the DCP concentration.
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Figure 6.2: The digital images of the two-way shape memory effect of the bended 2% (a,
heating; b, cooling) and 6% (c, heating; d, cooling) DCP samples. (e) The shape recovery
ratios of the 2% and 6% DCP samples as a function of cooling time. Digital images of the
(f) spiral and (g) screw shape of 6% DCP sample.

As aforementioned, increasing DCP concentration can enhance the two-way shape memory
effect in terms of the response time and shape recoverability (see Figure 6.2e). However,
correspondingly, the mechanical properties (especially strength at high temperature) will be
significantly compromised (see Figures 6.1a and b). Further increasing the DCP concentra-
tion leads to the sample fracture during the programming process at a high temperature (e.g.,
95 °C). Hereby, 6% could be the optimal DCP concentration for the trade-off between the

mechanical and shape memory property. Figures B.4a and b further illustrate the two-way
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shape memory effect of the 6% DCP sample. The recoverable angle can be up to 30°, which
is roughly three times larger than the previous study by Gao et al. [218]. Furthermore, we
found that the two-way shape memory effect of the 6% DCP sample is still well maintained
undergoing successive heating/cooling cycles. This indicates that the as-synthesized cPEVA

sample possesses high thermo-mechanical stability.

Furthermore, the shape memory effect of cPEVA samples with multiple shapes (e.g., spiral
and screw shape) has also been successfully proved (see Figures 6.2f and g). Figures Sdc
and d exhibit that the spiral shape has an approximately 900 overall shape recovery. The
two-way shape memory property of the screw shape is demonstrated in Figures B.4e and f.
It can be seen that the end of the sample in the screw shape can spin freely and recover
for more than one revolutions driven by the temperature. This indicates that the cPEVA
samples own good designing versatility in terms of their programmable architectures, which
may benefit the related applications in soft actuators which are intended to perform complex

motions.

Figure 6.3: (a) The digital image of the cPEVA gripper, where the inset shows the optical
image of the venus flytrap. (b) The process of the cPEVA gripper closure when cooling
naturally in air. Grasping (c) and lifting (d) of a marker pen cap.
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6.4 Applications in soft actuators

Soft actuators based 6% DCP sample are fabricated to further demonstrate the designing ver-
satility of as-synthesized cPEVA. As shown in Figure 6.3a, a Venus flytrap-inspired cPEVA
soft gripper with teeth assisting gripping has been fabricated. Figure 6.3b display the closure
process of the cPEVA gripper initiated by natural cooling in air. Here, the gripper gradually
closes in air followed by opening upon heating in 75 °C water. Notably, the closure speed
of ¢cPEVA gripper in air is much slower than the responsive speed of bending/opening in
hot/cold water bath. This means that the cPEVA is actuated by temperature difference
instead of the heating/cooling rate. However, the response speed is significantly dependent
on the heating/cooling rate. As shown in Figure 6.3b, the cPEVA gripper can completely
return back to its original shape when fully cooled. Figures 6.3c and d show that the cPEVA
gripper is able to grasp a regular marker cap. This indicates that the large output forces
of cPEVA enable the corresponding soft actuators and robots adapting to complex systems
requiring high load capacity, which may be advantageous over other two-way SMPs, such as

liquid crystals.

Additionally, a cPEVA self-rolling structure in a pentagon shape (1.7 cm in edge length and
2 cm in depth) is manufactured with the 6% DCP sample (see Figure B.4a). The self-rolling
pentagon structure can indicate the output torque magnitude. On the other hand, it is also
a basic concept which can be further expanded with more sophisticated structures [230]. The
pentagon frame is made by regular cardboard, and each side has a bended cPEVA serving as
the actuators. The total mass of the structure is 5 g while each cPEVA is around 0.74 g. The
self-rolling process is visually demonstrated in Figures 6.4a-h. In this work, the structure is
rolling on a hot surface with 90 °C. Notably, the structure is able to roll for more than one

revolutions as shown in Figures 6.4a-h.
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For the first rolling step, the 1st cPEVA actuator closely contacted the hot surface is heated,
leading to the cPEVA opening. Figures 6.4a and b display the first rolling step is initiated
by the cPEVA actuator opening. As shown in Figures 6.4c and d, when the opening angle
of the 1st cPEVA is large enough to elevate self-rolling structure to an unbalanced state, the
structure will roll one step forward. Subsequently, the next (2nd) cPEVA actuator contacts
the hot surface and is actuated by heating. In the meantime, the previous (1st) cPEVA
actuator detaches from the hot surface, which causes shape recovery (cPEVA folding) due to
cooling. In this manner, the structure realizes self-rolling on the surface step by step driven

by the temperature change.

Nonetheless, in order to initiate the second self-rolling revolution period, it is necessary to
cool down the hot surface. As abovementioned, the cooling rate of cPEVA is relatively low
in air. Therefore, the hot surface should be cooled when the 5th cPEVA actuator starts to
contact the surface, as shown in Figure 6.4e. In this way, as shown in Figures 6.4f and g,
the subsequent (1st) cPEVA can be gradually cooled and recovers back to its initial bended
shape. Then the surface is heated up to 90 °C again, and the second self-rolling revolution
period is initiated. Figure 6.4h displays the first self-rolling step in the second revolution
period. Consequently, the structure can move forward step by step by iterating the previous

process.

To investigate and understand the mechanisms of the self-rolling, a simulation with finite
element analysis is conducted. The simulation model is illustrated in Figure B.5b. The
simulation is implemented by a commercial finite element software Abaqus (version 6.14,
Dassault Systems Simulia Corp., USA) with a user material subroutine (UMAT). The modi-
fied UMAT calculates the updated stress and the local tangent stiffness matrix of materials,
in order to model the deformation and shape recovery of SMPs. Related details can be

found in our previous study which provides a typical constitutive model for SMPs in the
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finite element simulation [231]. Figures B.5¢ and d show the input properties of materials
including the storage modulus, loss modulus, and Tan Delta sweeping with temperatures
for the simulation. The DMA properties are measured with 6% DCP sample at 10 Hz.
The results correspond well with the previous study by Wang et al. [227]. Figures 6.4i-k
show the self-rolling process simulated by the finite element method. It is notable that the
cPEVA actuator starts to open up when contacting the hot surface, which resembles the
experimental results. Furthermore, the internal stresses are generated, which is attributed
to the shape recovery. As the temperature increases, the internal stresses start to gradually
propagate up in the hinge area, corresponding to the heat transfer direction. Therefore, it
can be speculated that the localized internal stresses inspired by heating serve as the driven
force for the cPEVA opening. As shown in Figure B.5e, when the center of the pentagon
surpasses the reference line (dashed), the structure will roll one step forward due to the
loss of balance. In summary, the self-rolling structure made by cPEVA indicates that the
cPEVA is able to produce large output force and recover shape from large deformation.
This study may provide important insights in preparing smart materials for advanced soft

actuator applications.

6.5 Conclusion

In this chapter, a crosslinked poly(ethylene-co-vinyl acetate) based two-way shape mem-
ory polymer has been successfully synthesized by using dicumyl peroxide (DCP) as the
crosslinker. Moreover, the effect of the DCP concentration on the mechanical properties and
the two-way shape memory properties has also been systematically studied. It is observed
that increasing DCP concentration can enhance the shape memory effect but weaken the

mechanical properties. Finally, the 6% DCP ¢cPEVA with high responsive speed and shape
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Figure 6.4: The first several steps of the pentagon sample self-rolling on a 90 °C hot surface
(a-d). The pentagon sample cools down in air (e, f). The sample is reheated again (g).
The second self-rolling cycle initiates (h). One single self-rolling step is simulated with finite
element method (i, j, k).

recoverability is found to be the ideal material for the fabrication of soft actuators. Addi-
tionally, soft actuators made by cPEVA| such as the bio-inspired gripper and the self-rolling
structure can perform complex motions, which indicates that the as-prepared cPEVA has the
ability to produce large output forces and recover shape from large deformation. Further-
more, finite element simulations are also conducted to investigate the mechanisms controlling
the self-rolling behavior. It is found that the realization of self-rolling is due to the internal

stress propagation which is activated by temperature-induced shape memory behavior. This
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provides important insights into the design of smart materials for the potential soft actuator

applications.



Chapter 7

The effect of evaporation during

nanofiber formation process

7.1 Introduction

Polymeric nanofibers are unique one-dimensional materials formed by the solidification from
viscous polymeric solution. The widely used fabrication methods for production of polymeric
nanofibers are electrospinning, cold-drawing, hot-drawing, etc. Their continuous structure,
nanoscale dimension and relative ease of preparation process make them valuable materials
in many engineering applications, including heat conversion, energy harvesting, biomedical
engineering, as well as controlled drug delivery. Their microstructure and the corresponding
mechanical properties, including the molecular orientation, forming of crystalline structure
and the size effect, as well as the so-called core-shell structure also make them a very inter-

esting nano-material in research fields.

It has been reported that when the diameter of the nanofiber keep decreasing, the cor-
responding mechanical properties; e.g. Young’s modulus and ultimate strength changes
significantly, especially when the diameter is dropping below a critical value. We call it
the size effect of nanofibers, and this critical value is defined as "onset” diameter. Many
experimental and theoretical works indicate these changes in the mechanical properties of

the nanofibers are strongly associated with the variation in the microstructre at nanoscale.
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The experimental studies of the structure of nanofibers can be mainly categorized into two
parts, measurement of a bundle of fibers and measurement of a single fiber. The measure-
ment of bundle can provide the information about the fiber aliment at macroscale. With the
help of XRD and IR, the crystallinity and the chain orientation of nanofibers can also be
partially investigated. Due to the relatively high noise-to signal ratio, these experiments can
only provide a qualitatively analysis. Studies at single chain level provide more insightful
and direct information, and can pave the way in establishing a rigorous link between the
unique size effect of mechanical properties of nanofibers and the evolution of microstructure
inside nanofibers. However, all these studies are non-dynamics structural analysis. It is still
difficult to investigate the dynamic formation process of nanofibers, which the final structure
of nanofibers will be heavily depending on the formation factors, such as the drawing force

and solvent evaporation ratio.

Recently, it has been reported that the fiber internal nanostructure strongly depends on the
elongation or stretching force during the fiber fabrication process. By utilizing the trans-
mission electron microscopy (TEM), infrared, Raman and small-area electron diffraction,
researchers found polymeric nanofibers usually have a core-shell structure, as schematically
shown in figure 7.1 [16, 17]. However, the results indicated contradictory views on the de-
tailed micro-structure distribution about the core-shell structure. Stachewicz and co-works
[17] reported that electrospun fibers have a composite structure consisting of a shell region
of aligned polymer chains surrounding a bulk-like isotropic core. The anisotropic shell re-
gion has higher density than the core region. On the other hand, Camposeo et al. [16]
investigate the nanoscale spatial variation of the polymer density. They found polymeric
nanofibers present a dense internal core embedded in a less dense polymeric shell. Inter-
estingly, nanoscale mapping the fiber Young’s modulus demonstrates that the dense core is

stiffer than the less dense shell area.
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Anisotropic surface

Bulk-like region

Figure 7.1: Hlustration of the core-shell structure of polymeric nanofibers.

A hypothesis has been proposed that the network conformation during fiber fabrication
process depends on the balance between stretching and evaporation. Dominant evaporation
can cause rapid solidification of the jet surface, retarding evaporation from the core, and
resulting in a tubular structure. On the other hand, dominant strain rates will cause higher
polymer density in the center due to stretching. However, due to the changeling from the
experimental side. This hypothesis have not been fully validated yet. There are still many

debates in this field.

In this chapter, the influence of evaporation on nanofiber forming process is investigated by
molecular dynamics simulation. First, two coarse-grained models, a coarser Kremer-Grest
bead-spring model [232] or a two-bead per monomer coarse-graining model [233], will be
used separately to evaluate which one would be better fit for capturing the fiber formation
phenomenon. To simulate the evaporation more accurately and physically, MISC package
in Lammps is used to simulate the evaporation process, M solvent atoms/molecules will be
deleted every N steps. By adjusting the values of M and N, the evaporation rate is under

control. Detailed simulation procedure is presenting in the following sections.
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7.2 Generic polymeric model

7.2.1 Models and potential force fields

All the simulations are performed by using the open-source molecular dynamics simulation
software, Lammps. We employed a well-known generic polymeric bead-spring model, which
is based on Lennard-jones (LJ) potential. The potential force filed we used it here have
two components, the bond interaction and the non-bond interaction. The pair potential

(non-bond part) can represent by the following governing equation,
E = 4e[(a/r)"* = (a/r)’]

where o is the bead diameter, r is the distance between two beads and e is the binding

energy. The bond interaction can be represented as,
E = —0.5KRy*log[l — (r/Ro)?] + 4e[(a/r)*? — (a/r)°] + ¢

where K = 30¢/0? and Ry = 1.50 is the maximum possible bond length for FENE bond.

The initial geometry of the system is generated by the self-avoid random walk algorithm.
Polymeric chains are randomly placed inside the cubic simulation box. Next, periodic bound-
ary conditions are turned on in all three dimensions (x, y, z directions). A series of quenching
process are performed in order to equilibrate the whole system. After the system reach equi-
librium, random positioned solvent atoms (LJ liquids) are also put inside the system. The
system goes under a second round equilibrium again. After that, periodic boundary condi-
tions are turned off in x and y directions, and the corresponding directions are expanded

2 to 3 times. Next, we apply a NPT ensemble in z-direction. Under these conditions, the
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system can form a cylindrical shape.

The polymer/solvent systems are then treated by cylindrical wall confinement. the cylinder
diameter decrease from 600 to 23.10 slowly. For these polymer chains, bonds between
two different chains are allowed to swap following Monte Carlo rules using the Boltzmann
acceptance criterion. The purpose is to equilibrate the polymer chain conformations more
rapidly than dynamics alone would do it. When the whole systems are fully equilibrated,
we decrease the temperature from 7' = 1.0¢/kp to T' = 0.1¢/kp. To mimic the fiber drawing
and evaporation process, a wall potential with attractive potential is put below the bottom
end of the as-made cylindrical system and a force is added at the top part of the system.
The illustration of the setup is shown in Figure 7.2. "fix evaporation” command in Lammps
are used to mimic the evaporation process. When the solvent is flying to the outer surface

of the nanofiber (targeted region), one particle will be deleted every one timestep.

Force

Substrate

Figure 7.2: Illustration of the nanofiber drawing setup.
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7.2.2 Results and discussion

Figure 7.3 shows the final cylindrical system in equilibrium state before stretching and evapo-
ration. It can be observed that the initial geometry of the cylindrical system is in amorphous
state. While some solvents are attached at the surface of the fiber, there are also many sol-
vent beads inside the system. This is similar like the fiber solution in dilute state at the

beginning of drawing (fabrication by drawing) state.

(a) (b)

Figure 7.3: Cylindrical system in equilibrium state before pulling and evaporation

In the following two cases, we fixed the evaporation rate. Two different forces are added in
the top part of the fiber, which indicate fast-stretching and slow-stretching. Although the
evaporation rate is unchanged, but we can still categorised these two cases as: 1. evaporation
is dominant; 2. stretching (drawing) force is dominant. Figure 7.4a shows the final geometry
after applying a relatively small force. To clarify the distribution of the solvent beads inside
the fiber, the radius of the beads in the nanofiber are set to 0.01¢ in Figure 7.4b. It is shown
the solvent beads at the surface of the nanofiber are evaporating fast, which cause a rapid
solidification. Interestingly, although the evaporation is very fast, there are many liquid

beads trapped inside the core area of the nanofiber. Such kind of phenomena will cause
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a less dense core area of the nanofiber and a dense shell area, which result in a tabulated

nanofiber structure.

Figure 7.4: Stretching with a relatively small force.

When the stretching force is relatively large. the nanofiber is elongated fast, as shown in
Figure 7.5a. We can find there are two points which are significantly different between
this case and the former one. First, when the drawing force is large, there is a compacting
phenomenon. The diameter of the nanofiber becomes thinner. In this way, some liquid
beads which are previously trapped inside the nanofiber are squeezed out. Another point
is that there are some tiny voids on the surface of the as-spun nanofiber. These voids will
also help the liquid beads fly outside. Note that these tiny voids may disappear in the real
experiments due to further relaxation. In Figure 7.5b, we can monitor that there are much
less liquid beads inside the nanofiber at the elongation section. In addition, if we compare
the molecular orientation of the nanofiber in these two cases, we can find the nanofiber
made by slow drawing tend to have a more amorphous structure. However, the chains are
more aligned when the nanofiber is suffering from a fast stretching. Thus, we can claim the

nanofiber made by fast stretching will have a denser structure compared to the fiber made
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(a) (b)

Figure 7.5: Stretching with a relatively large force.

by slow stretching.

In conclusion, the formation of the microstructure of nanofibers depends on the balance be-
tween the drawing force and the evaporation rate. By using molecular dynamics simulation,
it is found that when the evaporation is dominant, fiber tend to form a tabulated structure
with less dense core embedded with more dense shell layer. However, when the stretching
force is dominant, the fiber may form a denser structure with chains more aligned. These
molecular dynamics simulation results are consistent with hypothesis which is proposed in

the previous experimental study.



Contribution

1. The origins of the size effects in PE and PS nanofibers are found differently. For PE
nanofibers, our results show that the increased chains alignment and the formation of the
crystalline structure are the main reasons for the increase of the strength and modulus of
PE nanofibers. For PS nanofibers, which are usually amorphous without any crystalline
structures, the increased chain alignment and backbone bond length are two critical reasons.
The increase of ultimate strength is found to be more related to the linearly increased chain
alignment while the variation in Young’s modulus is directly attributed to the exponentially

increased backbone bond length.

2. For the first time, the diameter of the modeled PS nanofibers in MD could be directly

comparable to the experimental scale.

3. For the first time, an experimentally-validated acoustic-thermoelastic mathematical
framework for modeling the focused ultrasound -induced thermal actuation of shape memory
polymers is presented. The results from our finite element framework fits the experimental

data very well.

4. For the first time, the influence of the evaporation during nanofiber formation process
is investigated by using molecular dynamics simulation. Our results validate the hypothesis
that the microstructure of the nanofiber is because of the balance of drawing force and the

evaporation rate during fiber formation process.

5. The HIFU-induced thermal effect on PE was systematically studied by experiment and
molecular dynamic simulation. We found that the HIFU-induced thermal effect is different

for HDPE and LDPE. The heating rate of amorphous LDPE is remarkably larger than the
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crystalline HDPE under focused ultrasound with the same acoustic power. By using the MD
simulation, it is found that the frequency-dependent viscoelasticity is the most influential
factor. We believe that this study can establish a rigorous link between molecular constitute

and macroscopic themomechanical properties in HIFU field.

6. A shape memory polymer composite with enhanced shape recovery ability and also a two-
way shape memory polymer are synthesized. A smart gripper and a self-rolling structure are

designed. Our results prove that SMP materials are good candidates in soft robotics field.
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Appendix A

Supporting Information for Chapter 5

Appendix A here represents the supporting information for Chapter 5, A ductile SMP com-
posite with enhanced shape recovery ability”. Samples made of PS, tD and tDPS, prepared
by the methods described in Chapter 5 are running for DSC and DMA tests. Figures A.1 -
A.3 show the DSC curves for PS, tD and tDPS samples. To reveal the switch temperature

of the tD and tDPS samples, corresponding DMA curves are shown in Figures A.4 - A.5.
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Figure A.1: The DSC curves of the PS samples.
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Figure A.2: The DSC curves of the tD samples.
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Figure A.3: The DSC curves of the tDPS samples.
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Figure A.4: Storage modulus and tan delta obtained from DMA tests for tD sample.
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Figure A.5: Storage modulus and tan delta obtained from DMA tests for tDPS sample.



Appendix B

Supporting Information for Chapter 6

Appendix B here represents the supporting information for Chapter 6, A two-way shape
memory polymer for soft actuator applications”. Figure B.1 illustrates the cPEVA sample
preparation method. Figures B.2 - B.3 show the XRD and DSC results for the cPEVA
samples with different concentrations. The recoverability of the cPEVA sample is described

in Figure B.4. Figure B.5 focuses on the FEA model of the self-rolling structure.

H Heat and pressure

PEVA DCP miXing Solvent evaporation Heat and press for Curing

Figure B.1: The schematic of the cPEVA preparation.
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Figure B.2: The XRD profiles of the cPEVA samples with different DCP concentrations.
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Figure B.3: The DSC curves of the cPEVA samples with different DCP concentrations.
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cooling

Figure B.4: The recoverability of the 6% DCP sample can be as large as 300 for bended
shape (a, b). The spiral shape can recover about 900 (¢, d). The end of the screw shape can
spin for larger than 1 revolution (e, f).
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Figure B.5: The digital image (a) and simulation model (b) of the pentagon sample. The
sweeping of the storage modulus (blue) and loss modulus (red) of the 6% DCP sample (c),
and the Tan Delta (d) with temperatures. (e) The sample center surpasses the reference line
(dashed) and the pentagon shape becomes unbalanced.
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