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Chapter 3.0 MATERIALSAND CHARACTERIZATION DATA

The HDPE films utilized in the studies described in chapters 4.0~7.0 of this document
were kindly provided by Hoechst Celanese Cooperation. All the films are based on two resins,
designated as Resin 1 and Resin 2, respectively. Both resins have the same number average
molecular weight of 14,600g/mol, but different weight average molecular weight of 150,000 and
290,000g/moal, respectively. Many characterizations have been performed by the supplier as well
as in a previous doctoral study that focus on processing-structure relationships for these films
The following introduction is presented as a brief summary on these studies. More detailed
information can be obtained from ref. 1.

The HDPE films were produced by melt extruding the two resins through an industrial
scale blown-film system with a blow-up ratio of 1.0 (uniaxial), as schematically shown in Fig. 3.1.
Four processing parameters (shown in Fig. 3.1) have been manipulated to promote different
crystalline orientation states and morphologies for the melt-extruded HDPE films. They include:
1) the melt temperature at the exit of the die; 2) the quench height which is the distance from the
die exit to the cooling ring; 3) the air flow rate in the cooling ring; 4) the line speed at which the
melt-extruded film is collected. The effects of these parameters on the final structure of the melt-
extruded films have been well studied previously. It needs to be pointed out that the term uniaxial
is used here to emphases the nature of the morphologies generated by the met-extrusion,
although there is a degree of thinning-down in the transverse direction (TD) (thickness direction)
of the extruded films.

Under comparable processing conditions, the melt-extruded films bsed on Resin 1 and
Resin 2 possess similar high crystalline orientation state and near zero amorphous orientation state
but different morphological features. Resin 1 films tend to have a stacked lamellar morphology
with crystalline lamellae stacked with their normals more or less along the machine direction
(MD). The morphology for Resin 2 films contains, in addition to the stacked lamellae, a
distinguishable amount of row-nucleated fibril structures along the MD. As stated above, in both

cases, the amorphous phase is essentially at an unoriented state.
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Figure3.1  Schematic drawing of the melt extrusion processing used for the preparation of the
the HDPE films used in this dissertation study'.
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The effect of molecular weight distribution on the morphological features of the melt-
extruded HDPE films have been investigated. By fitting the complex viscosity data to the
Carreau-Y asuda equation, it was found that the characteristic relaxation time, which is an index of
molecular relaxation time in the melt state at 190C, are 81sec and 526sec for Resin 1 and Resin
2, respectively. It was concluded that the somewhat higher orientation and the distinct presence of
the row-nucleated fibril structure in Resin 2 film is due to the much longer melt relaxation time
possessed by this material. For the Resin 1 film, on the other hand, the relative small melt
relaxation time allows a lower orientation state and, more importantly, the absence of (at least
visually) the row nucleated fibril structure.

These two “model” morphologies employed in this dissertation research are uniaxially
oriented well-stacked lamellar morphology, either with or without the distinct presence of row-
nucleated fibril structures. Figures 3.2a and b and 3.3a and b present the TEM and AFM
micrographs for the two kinds of morphologies. The detailed procedures for these experiments
will beintroduced in chapters 4.0~7.0. One can see the stacked lamellae morphol ogy for the Resin
1 film (Figs. 3.2a and 3.3a) and the distinct presence of fibril or row-nucleated fibril structure in
the matrix of stacked lamellae for Resin 2 film (Figs. 3.2b and 3.3b). WAXS experiments with the
X-ray beam parallel to the machine direction (MD), transverse direction (TN) and normal
direction (ND) are presented in Figs. 3.4a-d and Figs. 3.5a-d for films based on Resinl and Resin
2. From these WAXS patterns, it can be concluded that both films were essentialy uniaxially
oriented with respect to the MD. Additionally, sharp reflection spots at the equator were observed
for the Resin 2 films (Figs. 3.5c and d), and they arise from the highly oriented row-nucleated
fibril structuresin the materials.

In addition to the melt-extruded films, two kinds of annealed films, tension-annealed films
and free-annealed films, were also used in this study. The former are films that were annealed by
passing the corresponding melt-extruded films through an oven, under a small amount of tension
(ca. 3% strain) at 120°C with a line speed that allowed the materials to stay at this temperature
for ca. 20min. The latter are films that were annealed by ssimply putting the melt-extruded filmsin

an oven at 120°C for 20min without applying any force. As noted in an earlier study, these two
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Figure3.2

TEM micrographs for (a) the tension-annealed film of Resin 1 and (b) the

tension-annealed film of Resin 2.
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Figure 3.3

AFM images for (a) the tension-annealed film of Resin 1 and (bjhe

tension-annealed film of Resin 2.
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Figure3.4  WAXS patterns for the tension-annealed film of Resin 1 with X-ray beams
directed at (b) MD, (c) TD and (d) ND
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Figure3.5 WAXS patterns for the tension-annealed film of Resin 2 with X-ray beams
directed at (b) MD, (c) TD and (d) ND.
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kinds of annealed films are different, not only in their final orientation state but also in
morphological features such as degree of perfection and thickness of the crystalline lamellde

The orientation of the HDPE films has been thoroughly investigated by a variety of
techniques, including birefringence, WAXS, and infrared dichroism Generally, orientation of a

polymer chain is defined by Hermans orientation function which has the following formuta
1
f ==(83<cos’0 >-1 3.1
5 ) (3.2)

in which® is the angle between the chain axis and a reference axis (usually the machine direction),
and <cos’0> means the average value of cos0 over space. Therefore, if all the chains are perfectly
orientated along the reference direction, then® = 0° and f = 1. On the other hand, if all the chains
are oriented perpendicular to the reference direction, then® = 90° and f = -0.5.

Optical birefringence is a simple way to study the overall orientation of a polymer. For
semicrystalline polymers, however, since the material have multiple phases, i.e. a crystalline phase
and a amorphous phase, this technigue needs to be used in conjunction with others to provide a
description of the orientation state for each phasé. Total birefringence (A) of a semicrystalline
polymer can be expressed as

A= X O N +@1-X)O,, N +A,, (3.2
where f. and fa, are the crystalline and amorphous orientation functionsA°’. and A, are the
intrinsic birefringences for perfectly uniaxially oriented crystalline and amorphous phas@om 1S
the form birefringence due to the distortion of the incident light wave at asymmetric phase
boundaries, and X. is crystallinity. AssumingA°. =0.058 and A%y, =0.200 and the contribution of
Do is Negligiblé’, the orientation of the HDPE films has been characterized. Combining the
birefringence data with those from WAXS, it has been shown that the amorphous phase is
basically in anear unoriented state for the films based on Resin 1 and Resin 2.

WAXS is a another common way to investigate the orientation of the crystalline phase.
According to Stein, et a, orientation functions for the crystal a and b-axes of an orthorhombic

structure, like that for HDPE, in uniaxial orientation condition can be determined by utilizing the
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azimuthal intensity distribution of the (200) and (020) reflections by applying the following

equation
f, = %(3@05292003 SN 50 > 1) (3.33)
1 .
f, = E(:BB:OSZGOZOEK SN 0 > —1) (3.3b)

where 0,00 and By are the Bragg angles for the (200) and (020) reflections, <siA,> and
<sinfigo> represent the intensity distribution of the (200) and (020) reflection arcs. Often, the
sine square average values are estimated by the half-width of the appropriate reflection arcs®.
Since HDPE has an orthorhombic unit cell, the crystal c-axis is perpendicular to both a and b-
axes, therefore, the orientation of the crystal c-axis, i.e. chain axis, can be obtained by

f+f +f =0 (3.4)

The crystalline orientation function calculated by this way for the HDPE films are shown in Table
3.1. It should be pointed out the calculation of the orientation function for the films based on
Resin 2 did not take into account the highly concentrated reflection spots at the equator, which
are due to the row-nucleated fibril structuresin the materials.

IR dichroism has also been used for the purpose of orientation determination. This
technique has the capability of detecting the orientation state for each individual componerit. In
this technique, an orientation function for a specific chromophoric group can be calculated by the
following®*
_D,+2.D-1

D,-1 D+2

f

(3.5)

where D is the dichroic ratio defined as A/Ag, with A and Ag being the IR absorbances with
polarized IR beam parallel and perpendicular to sample's reference direction, Dis the intrinsic
dichroic ratio and it can be calculated by O = 2cot?B, with B being the angle between the
transition moment of the chromaophoric group and the chain axis (D= « for PE). For the case of
HDPE, by utilizing absorptions at wavenumbers of 720cni" and 730cmi*, which correspond to a
rocking vibration of -CH,- in the crystalline phas&**?, and 1368cni*, which is a characteristic
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band for the amorphous phasé™*?, the orientation functions for the amorphous phase have been
calculated” and also included in Table 3.1

Table 3.1 also lists the crystallinity and some brief remarks on the structural features for
the precursor and tension-annealed HDPE films. The crystallinity data (mass-based) were
generated by DSC, choosing AH; (heat of fusion for PE crystal) = 293Jg". The well-defined and
very comparable structures for the HDPE films based on the two resins, in terms of orientation
state and crystallinity, allows for a clear demonstration and a fair comparison for the structure-

property relationship, as will be presented in chapters 4.0~ 7.0.
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Table3.1 Orientation state, percent crystallinity and structual features for HDPE
films (1 mil thick) used in this dissertation study.

Sample fe fa Xe Structural Features
WAXS IR DSC
R1-pre 0.67 0.03 0.60 Stacked lamellae
——————————————————————————— without a distinct presence of
R1-anl 0.80 0.04 0.67 row-nucleated fibril structures
R2-pre 0.71 0.04 0.61 Stacked lamellae

___________________________ with a distinct presence of
R2-anl 0.81 0.03 0.71 row-nucleated fibril structures
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Chapter 4.0 ORIENTATION DEPENDENT MECHANICAL PROPERTIES AND
DEFORMATION MORPHOLOGIES FOR UNIAXIALLY MELT EXTRUDED HIGH
DENSITY POLYETHYLENE FILMS HAVING AN INITIAL STACKED LAMELLAR
TEXTURE *

Abstract

Mechanical properties and the associated plastically deformed morphologies of high density
polyethylene films were investigated by tensile testing, WAXS and TEM. Uniaxialy oriented films
having a well-defined stacked lamellar morphology, both with and without row-nucleated
structure were deformed at three angles, 0°, 45° and 90°, with respect to the original machine
(extrusion) direction. A distinct orientation dependence of the mechanical properties was
observed and this dependence has been related to the different morphologies developed during the
plastic deformation processes. It was shown that lamellar separation, lamellar shear and lamellar
break-up were the dominant initial deformation mechanisms for the respective 0°, 45° and 90°
deformations. As a result, the 45° and 90° deformations generated a final microfibril morphology
oriented along the stretch direction; while the 0° deformation resulted in broken (mosaic) blocks
of crystalline lamellae. The presence of distinct row-nucleated crystaline fibrils in the initia
structure stiffens the material in the 0° deformation; however, it significantly limits the ability of
the materials to cold draw at the 90° deformation. Morphological models were proposed to
explain the plastic deformation process for the different deformation angles, as well as for the

deformation behavior of semicrystalline polymers with an isotropic spherulitic morphology.

* This chapter, formatted as required, has been submitted toJournal of Materials Science for publication.



Hongyi Zhou Chapter 4.0 Tensile Deformation 71

4.1 Introduction

Polymers represent a very important and till rapidly growing class of engineering
materidls. Among them, semicrystaline polymers are of particular interest. Often, their
remarkable drawability makes it possible to highly orient them in the solid state. Solid state
processing techniques, such as drawing fibers or stretching films, depend upon the plastic
deformation characteristics of the given polymer. During solid state processing, macromolecular
chains are often preferentially oriented along a specific direction, e.g. the machine direction, so
that the final products possess the desired properties at this particular orientation, this generally
being the loading direction in most applications. From an engineering point of view, in order to
manipulate the final properties of the materias, it is important to understand the physica
orientation process and therefore to be able to control the orientation state of both the crystalline
and amorphous phases. On the other hand, the detailed molecular rearrangement in the process of
plastic deformation is also an interesting topic for fundamental research. Thus, it is not surprising
that there has been a tremendous amount of research that has been focused on this area [1-10].

Semicrystalline polymers that crystallize under quiescent conditions often have a
spherulitic morphology. For these unoriented semicrystaline polymers, there are three basic levels
of microstructures that are important in the deformation process [11]: 1) the 2 to 204 level, which
represents the interactions between neighboring chain segments in both the crystalline phase and
the amorphous phase; 2) the 100 to 300A level, which represents the thickness of the crystalline
lamellae and of the amorphous layers between the crystalline lamellag; 3) the 0.5 to 100 um level,
which represents the dimension of larger scale superstructures such as spherulites, which are
complex arrangements of crystalline lamellae and amorphous regions. Therefore, semicrystalline
polymers possessing a spherulitic morphology must be regarded as microstructura and
mechanical complex systems, as depicted in Fig. 4.1 (according to ref.12), in which al the three
levels of structure influence the deformation process. Certainly, there are cases where all the
above three levels are not always present such as, for example, semicrystalline polymers that have

already undergone extensive drawing.
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Figure4.1 A schematic drawing that shows the complexity of the deformation of

spherulitic morphology.
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A variety of experimental techniques have been utilized to investigate the morphological
changes during the plastic deformation process at the three structural levels: optical microscopy
(OM) [13], scanning electron microscopy (SEM) [14-17], transmission electron microscopy
(TEM) [18-27], atomic force microscopy (AFM) [28-30], electron diffraction (ED) [31-32], small
angle light scattering (SALS) [34], wide angle X-ray scattering (WAXS) and small angle X-ray
scattering (SAXS) [34-50], small angle neutron scattering (SANS) [51-54], infrared spectroscopy
(IR) [41,55], Raman spectroscopy (RAM) [41,45,56], electron paramagnetic resonance (EPR)
[57], differential scanning calorimetry (DSC) [58], dynamic mechanical thermal analysis (DMTA)
[59], stress-strain deformation [60], and microhardness [61]. Most of the studies quoted above
have utilized high density polyethylene (HDPE) as a model material due to its high commercia
importance but also due to its relatively simple backbone chemica structure and relatively better
understood crystallization behavior and morphology as well.

In the following paragraphs, and utilizing HDPE as the principal example, a brief overview
is provided to summarize the current understanding about the deformation mechanisms and the
final morphologies for semicrystalline polymers, obtained primarily by X-ray scattering and
electron microscopy studies. More thorough and detailed reviews can be obtained from refs. 1-10,
especidly refs. 2,3,8. By combining the use of SAXS and WAXS, either real time or via post
deformation investigations, it has been possible to detect the deformation processes at the
crystalline lamellae and amorphous interlayer level as well as at the crystalographic level. With
the help of electron microscopy, particularly TEM, more details of the localy deformed
morphologies of crystalline lamellae have been observed and have generaly confirmed the
deformation mechanisms proposed based on X-ray scattering experiments.

According to the theory of crystal plasticity, which was originaly developed for metals,
plastic deformation at the crystallographic level can be achieved by three different mechanisms -
these being dlip, mechanical twinning and martensitic phase transformation [34-36]. Furthermore,
the plastic deformation of semicrystalline polymers has also been considered as a decrystallization
process, defined as mechanically induced destruction of crystalline lamellae (unfolding) followed

by a recrystallization process [17,51]. These two interpretations have been supported by some
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experimental results, but neither have successfully explained all the experimental observations. It
appears that, at least for HDPE, yielding at or near room temperature is basically controlled by
crystal plasticity processes; while for large post-yielding deformations, decrystalization and
recrystallzation are involved. However, by examining the fina morphology of the deformed
material, it seems impossible to distinguish the mechanisms by which the deformation may have
occurred. Therefore, other techniques such as mechanical testing have to be used in conjunction
with scattering and microscopy to better understand this topic.

dip:  When the resolved shear stress on a particular dip plane in specific dip directions
for a given crystal is larger than that of the critical shear stress for the dip system, dislocation
motion occurs. The speculations about the existence of disocations in polymer crystals has been
confirmed by the formation of moiré fringes between crystalline lamellae as well as by direct
observation by electron microscopy [32]. The long-chain nature of polymer crystals requires that
the most preferred dip plane contains the polymer chains-meaning that the dlip planes must be of
the { hkO} types - assuming that the c-axisis parallel to the chain axis and chain folding is of tight-
folds - such that the polymer chains remain unbroken during dip. Slip can be either in the chain
direction (chain dip), which is the dominate event, or perpendicular to the chain direction
(transverse dip), which is further restricted to the chain-folding planes to prevent the disruption
of the chain folds of the crystalline lamellae. It is expected that chain dip must be influenced by
the nature of chain folding, such as fold tightness, chain re-entry, etc. It is also expected that
crystallization kinetics can affect the feasibility of chain dip, i.e., it is certainly easier for chain dip
to take place if the crystallization is confined within regime |, as compared to the cases of regimes
Il and Il - assuming the crystallization can be described by the regime theory [62].

From the WAXS and SAXS studies on stretched HDPE [35,39], chain dip has been
proposed to occur by two different routes for a dip system to achieve the same amount of strain.
Deformation can be introduced by fine dip, where a small amount of dip occurs equally on a
large number of parallel planes. On the contrary, the deformation can also be generated by course

dip (block dip), where dip takes place on fewer number of planes with a large amount of dip.
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Microscopically, fine dlip results in a change of the angle between the molecular chain axis and the
normal of the crystalline lamella, whereas for course dip this angle remains unchanged.

Mechanical twinning and martensitic phase transformation: According to the
theory of crystal plasticity, other deformation modes, namely mechanical twinning and martensitic
phase transformation, can also produce plastic strain. Mechanical twinning is characterized by
shearing part of a crystal with respect to a shear plane which is common for both the product and
the parent crystals. The result of this is the formation of a mirror symmetry with respect to the
shear plane. Martensitic phase transformation is a strain-induced phase trangition, where the
product phase and the parent phase share a common invariant plane and/or a common invariant
direction. Mechanical twinning has been detected on rolled HDPE by WAXS [34,36], and the
development of a monoclinic crystalline phase as aresult of a martensitic phase transformation has
also been found in the same study [36] as well as others for the cold-drawn PE [41,44-47,49].

Again, the long-chain nature of polymers limits the shear and invariant planes for the
mechanical twinning and martensitic phase transformation to the {hk0} types. For HDPE, the
proposed shear planes include {310} and {110}, which result in lattice rotations about the chain
axis by 55° and -67°, respectively. For martensitic phase transformation, the orthorhombic
crystalline structure (a = 0.742nm, b = 0.495nm, and ¢ = 0.254nm) is transformed into the
monoclinic crystalline structure (a = 0.809nm, b = 0.479nm, and ¢ = 0.254nm, y = 107.9°) a a
shear strain of either 0.201 or 0.318, corresponding to two types of shear that can most favorably
result in the transformation from the orthorhombic unit cell to that of the monoclinic unit cell
[63]. It is necessary to point out, however, that the amount of strain produced by the latter two
deformation modes is less than that from chain dip.

Decrystallization and recrystallization processes: According to this proposa, the
dominant mechanism for yielding and further plastic deformation for semicrystalline polymers are
sequential events of partial or local melting, stretching of the melted polymer chains, and
recrystallization under the applied stress. When a polymer yields, the local temperature may rise
through viscous heating in that region that undergoes necking, and this may cause the melting of

crystalline lamellae in the necked region. The chains in the melt are then stretched towards the
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direction of the applied stress, and finally recrystallize into an oriented microfibrillar crystalline
phase. This process continues as necking proceeds along the specimen. By this route the origina
(spherulitic) structure is converted into a highly oriented microfibril structure which contains
aternating crystalline lamellae and amorphous regions.

At the crystalline lamellae and amorphous layers level, semicrystalline polymers can be
regarded as consisting of crystalline lamellae separated by an amorphous phase and held together
by tie chains, athough the nature of the chain-folding surface and the adjacent amorphous phase
as well as the exact physical state of the tie-chains are still not completely understood due to their
complex dependence on chain structure, crystallization kinetics, processing, etc. In light of the
above consideration, three deformation modes, namely lamellar shear, lamellar separation and
lamellar rotation, have been postulated as being associated with the deformation at this structural
level.

Lamellar shear: This deformation mode involves a smple shear of the amorphous
regions between the crystalline lamellag, with the shear direction being paralel to the latera
direction of the crystalline lamellae. This deformation mode has been observed by SAXS for
rolled HDPE [38]. It is believed that this deformation mode is relatively easy to induce since the
amorphous phase is in a rubbery state at ambient temperature for HDPE. Also, it is interesting
that WAXS and SAXS results suggest that, during the deformation process, lamellar shear and
chain dip, which are relatively easy to promote, are in competition, i.e., lamellar shear induced
rotation of crystalline lamellae towards the applied stress direction and chain dip induced rotation
of chains towards the same stress direction provide constraints on each other [37].

Lamellar separation: In the same experiments in which lamellar shear has been
proposed [37,38], the total change in the long-spacing calculated from the SAXS data did not
match with that due to chain dip (corrected by chain tilting); therefore, lamellar separation was
proposed and has successfully explained the experimenta results. This deformation mode has
been shown to be especially valid in the deformation of hard-elastic fibers due to the specid
stacked lamellar morphology possessed by these fibers [25]. For HDPE, this deformation mode
was found to be highly reversible, and this was believed to be due to the rubbery state of the
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amorphous phase [37]. In the case of hard-elastic fibers, the processes of elastic bending of the
crystalline lamellae as well as an opening or splaying of the amorphous phase between the
crystalline lamellae (resulting in alocalized decrease in density) have been proposed [25].

Lamellar rotation: The existence of this kind of deformation mode has initially been
speculated to explain the fact that semicrystalline polymers can be deformed relatively easily,
regardless that they rarely possess five independent dlip systems which are necessary for a crysta
to be deformed based on crystal plasticity theory [64]. Later, such deformation was indeed
observed by SAXS [37] and SEM [14] on stretched HDPE. In order to accommodate any
structural distortion, it is often necessary for the crystalline lamellae to rotate in the process of
deformation [6]. For HDPE, the rubbery amorphous phase makes this much easier to occur at
room temperature. Therefore, athough lamellar rotation does not produce any mgor strain by
itself; rather, it serves as an important process in which the crystaline lamellae can adjust
themselves during the deformation process to generate a larger amount of strain in the amorphous
phase.

Based on both X-ray scattering and electron microscopy studies, several morphological
models have been proposed to describe the plastic deformation process for semicrystalline
polymers, more specifically the drawing process that transforms an isotropic spherulitic structure
into a microfibril structure [65-70]. All the models share some of the basic deformation stages,
while the differences lie in the elements of the final morphology as well as their origins. The basic
deformation processes have been proposed as follows:. the stressed spherulitic lamellae shear into
crystal blocks by chain dip; then the crystal blocks rotate such that the polymer chains align
towards the local principal stress directions. During this trangition, the crystal blocks decrease in
width, by chain dip and/or lamellar break-up (unfolding of crystaline lamellag), until a
microfibrillar structure is formed, which is the basic structural element of these models.

In Peterlin’s model [65], the microfibrils are considered as being composed of aternating
crystal blocks and amorphous regions connected by taut tie-chains. Therefore, the modulus of a
drawn semicrystalline polymers along the drawing direction is proportional to the number of the

taut tie-chains which serve as load transfer agents. Similar models have also been proposed by
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Prevorsek [66] and Fischer [67], in which the amount of the taut tie-chains was related to the
draw ratio of the respective drawn material. However, Porter [68] and Clark [69] suggested a
different kind of extended-chain model, in which the microfibrils are considered as a extended-
chain crystalline phase with chain ends being incorporated into the crystaline phase as defects.
This type of model has been used to explain the ultra-high modulus of the ultra-drawn fibers.
Furthermore, Ward [70] proposed a third kind of model, which somewhat combines both features
of microfibril models and the extended-chain model, i.e., the morphology of highly drawn
semicrystalline polymers consists of stacks of crystalline lamellae linked by short crystalline
bridges, in which polymer chains are in an extended-chain conformation. This model has also been
used to explain the enhanced modulus of highly drawn fibers.

Given the above mentioned massive, fruitful and sometimes imaginative investigations,
there is still aneed to 1) clearly display or observe the development of the morphological changes
during the deformation process for general semicrystalline polymers, and more importantly, 2)
closely relate the observed morphology to the relevant mechanical properties of the materials. In
most of the deformation studies for semicrystalline polymers, the WAXS and SAXS results have
not been directly related to mechanical properties, i.e., the samples used for the mechanical tests
and those for WAXS and SAXS experiments were either different or the same but without
knowing the precise amount of strain. Although there were studies in which such an effort has
been made [43,47], they lacked direct support from either electron microscopy studies or
mechanical testing. For the TEM studies, the majority of the investigations have utilized specialy
prepared ultra-thin ultra-drawn films that are suitable for direct TEM observation [32]. Although
such films are excellent for direct visualization, they have often possessed a shish-kebab
morphology, and the presence of the shishes certainly influences the deformation morphology and
mechanical property of the films (see later discussion in this paper as well). Therefore, the
conclusions drawn from the studies that have made use of the ultra-thin ultra-drawn films need to
be further confirmed by comparable investigations by utilizing other more conventiona
morphological systems. Additionally, it is dso hard to conduct mechanical tests on ultra-thin
films, athough such a measurement has been reported [20].
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In the study now presented, HDPE films having simple and well-defined stacked lamellar
morphology, either with or without a distinct presence of row-nucleated fibril structure, have been
utilized as model materials to elucidate and demonstrate the morphological changes during the
process of plastic deformation. In addition, the microscopic morphologies developed during the
deformation, as revealed by WAXS and TEM, have been related to the macroscopic properties,
as measured by direct tensle tests. The samples for the WAXS and TEM experiments studies
were deformed to specific amount of stain according to the corresponding stress-strain curves.
The mechanical properties have been explained by the development of the deformation induced
morphologies. The specific morphological features of these films also allowed us to carry out
plastic deformation at different orientations with respect to the origina machine direction, it is
possible, therefore, to not only present a model structure-property study about the effect of
orientation on the deformation morphology and the mechanical properties, but also to partialy
mimic the heterogeneous (position-dependent) deformation process that one encounters in the
spherulitic morphology. Furthermore, with the availability of comparable materials either with and
without the presence of a distinct row-nucleated fibril structure, it is aso possible to understand

how the mechanical property and the deformation morphology are influenced by this structure.

4.2  Experimental

Materials: The HDPE materials used in this study were based on two resins having the
same number average molecular weight of 14900g/mol but a different weight average molecular
weight of 150,000g/mol (Resin 1) and 290,000g/mol (Resin 2). The 1 mil thick melt-extruded
films were kindly provided by Hoechst Celanese Co. Both precursor films (melt-extruded films)
and annealed films (passing the same precursor films through a heating oven at 120°C with certain
on-line speed, under ca. 3% strain, that alows the material to stay at this temperature for ca
20min) were investigated. Films based on Resin 1 are designated as Pre-1 and Anl-1 for the
precursor and annealed films, and films based on Resin 2 are designated as Pre-2 and Anl-2 for

the precursor and the annealed films. Under similar extrusion conditions, both precursor films
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were quite highly uniaxially oriented. This was quantified by determination of the Hermans
orientation function, f., for the crystaline phase using X-ray scattering, where f is defined as

f :£(3< cos’0 > -1)

2 (4.1)

In equation 4.1, the quantity <cos’0> represents the average value of cos’0, with 8 being the
angle between the c-axis in the crystal (chain axis direction) and the MD. The crystalline
orientation function (f.) calculated from the WAXS patterns are 0.67 and 0.71 for the respective
Pre-1 and Pre-2 films. The corresponding annealed films (Anl-1 and Anl-2) had a slightly higher
crystalline phase orientation state, with f. increased to 0.80 and 0.81, respectively. The films based
on the Resin 1 (both Pre-1 and Anl-1) had a stacked lamellar morphology with no sign of row
structures as detected by both WAXS and TEM; whereas the films based on Resin 2 (both Pre-2
and Anl-2) possessed a morphology which contained a very distinguishable amount of row-
nucleated fibril structures in the matrix of stacked lamellae - the existence of the row-nucleated
fibril structure having been verified by both WAXS and TEM. A detailed investigation on the
morphology and orientation state of the undeformed “as processed” HDPE films used in this
study has been recently published elsewhere [71,72].

Mechanical properties and plastic deformations: Stress-strain curves for all the
HDPE films were obtained by utilizing an Instron (Model 1122) at ambient conditions with a
crosshead speed of 15mm/min. Dogbone shape samples of 23mm x 8mm were used for the stress-
strain tests, and they were cut directly from the HDPE films at one of three angles, 0°, 45° and
90°, with respective to the origina machine direction (MD). Tensile tests were carried out for
samples at each angle and are designated as 0°, 45° and 90° deformations accordingly. For each
stretch angle, samples with different amounts of plastic deformation (just beyond the yield point,
the break point, and one or two points between the two extremes) were obtained by stretching the
dogbone samples up to specific (engineering) strains as determined from the corresponding stress-
strain curves. These deformed samples were then used for the WAXS and TEM studies.

Wide angle X-ray scattering (WAXS):  All the WAXS experiments were performed by
utilizing a Philips tabletop X-ray Generator (Model PW1720) with CuK,, irradiation (A=0.154nm)
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and equipped with a standard vacuum sealed Warhus photographic pinhole camera. The
instrument was operated at 40KV and 50mA. For undeformed films, stacks of multiple layers of
films were used as samples for the experiments. For deformed (stretched) films, however, in order
to minimize the effect of misalignment in stacking the samples, only a single layer of films with
known strains were used as samples for the experiments. In this case, the sample was stretched to
adesignated strain and held for certain period of time to allow ca. 30% of the instantaneous stress
to relax - this large amount of relaxation is due to the “springy characteristic” of these somewhat
hard-elastic type materials and it has also been noted by others [25]. The same samples were
saved for later use in the TEM study.

Transmission Electron Microscopy (TEM): The samples for TEM studies were
prepared from the stretched samples possessing a specific amount of strain. These samples were
stained with chlorosulphonic acid at 60°C for 6 hours, and then they were washed with sulfuric
acid and water. In order to prevent the samples from curling in the staining process, the samples
were clipped between two glass plates while staining. However, the sample still shrunk somewhat
after staining due to the large amount of plastic deformation the sample had underdone within the
prior mechanical test. The stained samples were embedded in an epoxy resin and cured at 65°C
overnight. The embedded samples were microtomed at room temperature with a diamond knife;
thin sections of ca. 80nm were collected and used for the TEM study. The microtoming direction
was paralel to the stretch direction (SD). The TEM studies were performed using a Philips
EM420 microscope operated at 100KV .

4.3 Results

Figure 4.2 shows the WAXS patterns for the Pre-1 and Pre-2 films, with the incident X-
ray beam perpendicular (a and c) and parallel (b and d) to the MD. It can clearly be seen that the
crystalline phase of the two films are well-oriented aong the MD - with the (110), and (200),
reflections more or less concentrated towards the equatoria region (a and c), where the subscript

0 stands for the orthorhombic crystalline structure of HDPE (to differentiate the reflections from
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Figure 4.2 WAXS patterns for the Pre-1 (aand b) and Pre-2 (c and d) films. aand c for X-ray
beam perpendicular to the MD, and b and d for X-ray beam parallel to the MD.
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the monoclinic structure, as will be seen later). From Figs. 4.2b and d, one sees that the (110),
and (200), reflections are quite uniformly distributed azimuthally-implying a random orientation
state of the crystaline lamellae in the plane perpendicular to the MD. Therefore, the c-axis (chain
axis) in the crystal can be considered as quite uniaxialy oriented with respect to the MD (i.e.
cylindrical symmetry). In addition, the WAXS patterns for the Pre-2 films (Fig. 4.2c) shows
highly concentrated reflections at the equator superimposed on broader or more azimuthally
spreaded reflections of the same Bragg planes - implying the existence of a second population of
highly oriented crystalline structures along the MD. No such high intensity spots were observed
for the Pre-1 film (Fig. 4.2a). It should be pointed out that the calculation of the crystalline
orientation function (fc), which is based on the azimutha position of the reflection arcs in the
WAXS patterns, did not take into account these latter azimuthally concentrated reflection spots
for the R2 films.

Figures 4.3a and b present the TEM micrographs for the Anl-1 and Anl-2 films,
respectively. Sample Anl-1 displays a stacked lamellar morphology; while for sample Anl-2, row-
nucleated fibril structures are unambiguoudy revealed in addition to the well stacked lamellae.
The same kinds of morphologies were observed for the respective precursor films of Pre-1 and
Pre-2, except that 1) the contrast for the precursor films is not as sharp as that for the annealed
films, and 2) the average thickness of the crystalline lamellae for the precursor films is less than
that for the annealed films. The increase in lamellar thickness for the annealed films is due to
lamellar thickening in the annealing process at 120°C for ca. 20min, and it has also been detected
by SAXS, AFM and DSC in an earlier study [73]. The existence of the row-nucleated fibril
structure observed within the R2 film morphology is responsible for the high intensity scattering
spots at the equator of the WAXS patterns for these materials, such as Fig. 4.2c for the Pre-2
film.

Stress-strain Curves of the HDPE Films:  Shown in Figs. 4.4a and b are the stress-
strain curves at the 0°, 45° and 90° deformations for the Pre-1 and Anl-1 films, respectively. The

same form of data for the Pre-2 and Anl-2 films are shown in Figs. 4.4c and d. These data, which
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Figure4.3 TEM micrographs for the Anl-1 (a) and Anl-2 (b) films.
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Figure4.4 Stress-strain curves for the Pre-1 (a), Anl-1 (b), Pre-2 (c) and Anl-2 (d) films.
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are very reproducible, clearly demonstrate the dramatic differences in the mechanical properties of
these films - particularly those with and without row structures and those with and without
thermal annealing. The properties of Young's modulus (E), yield stress (oy) and strain (&), cold-
drawn stress (og) and strain (g4), break stress (o) and strain (g,), determined from these curves
are listed in Table 4.1 and will be discussed later. It needs to be pointed that, although the data
presented in Table 4.1 is only for one group of samples at the three orientations, the observed
mechanical behavior at each orientation is very representative and can be reproduced in the range
of +6%.

For the 0° deformation, after yielding, which in this case is denoted by where a deviation
from initial linearity occurs, al the samples displayed a significant degree of strain hardening,
indicated by the large positive slopes following yielding. That is, no neck formation was found
over the entire deformation. However, strain-whitening was found in the neighborhood of yielding
for all the samples. For the 90° deformation, all samples displayed a very different yielding style -
a sharp “ conventional” yield peak, as compared with the case of 0° deformation, and necked at
very early stages of the deformation (less than 5% strain), and then underwent cold drawing to
different amount of strains for different samples. Eventually, the samples broke in a “brittle’
fashion with no or a dight amount of strain hardening. Also noticed is the uneven feature of these
stress-strain curves in the drawing region, particularly for the Pre-1 and Pre-2 films. The 45°
deformation showed a behavior which is similar to those of unoriented semicrystalline polymers
with a spherulitic morphology, i.e., a well-defined local yielding maximum, strain softening, cold
drawing, and finaly strain hardening before failure. Necking took place by shear at ca 45°
inclined with respect to the SD. At the last stage of deformation, the samples failed by tearing
dowly at the end of the clamps, shown as downward tails at the end of the respective stress-strain
curve.

WAXS Results: Figures 4.5a, b and ¢ are the WAXS patterns for the Pre-1 films
deformed at the 0° stretch to strains of 15%, 100% and 180%, respectively. Comparing these
WAXS patterns with that pattern from the respective undeformed sample (Fig. 4.2d), it can be



Hongyi Zhou Chapter 4.0 Tensle Deformation 87

Table4.1. Young's modulus (E), yield stress (o,) and strain (g,), cold-draw stress (ag), breaking
stress (o) and strain (gp) for the four HDPE films investigated. (The values listed here
were only for one sample whose stress-strain curves are shown in Fig. 4.4)

Properties at
different orientation]  Pre-1 Anl-1 Pre-2 Anl-2
00 330 920 392 1500
E (MI'a) 45 250 430 395 460
90 750 940 1040 1600
a0 35 35 55 56
oy (MPa) | 45 23 27 28 31
a0 30 35 33 28
00 8 6 10 8
&y (%) 45 14 9 3 11
Q0 3 3 15 3
00 X X X X
Gy (MPa) 45 22 32 26 28
90 22 3z 26 27
00 72 98 82 102
o, (MPa) 45 ~26 >33 >38 >335
o0 =24 32 30 27
0o 220 185 170 125
£ {%) 45 >350 >380 >410 >360
o0 =960 350 185 32
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Figure4.5 WAXS patterns for the Pre-1 film for the 0° deformation at (a) €=15%, (b) €e=100%
and (c) €=180%.
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Figure 4.6 WAXS patterns for the Pre-2 film for the 0° deformation at (a) €=15%, (b) e=50%
and (c) €=120%.
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seen that there is a trend to increase the orientation state of the crystalline phase, manifested by
the more concentrated (110), and (200), scattering intensities in the equatorial region.
Additionally, it can also be seen, from Fig. 4.5c¢, that there is an extra weak reflection developed
inside the (110), scattering, which is the (100),, of the monoclinic crystalline phase of HDPE due
to the martensitic phase transformation. Figures 4.6a, b and ¢ are the WAXS patterns for the Pre-
2 films deformed at the 0° stretch to strains of 15%, 50%, and 120%, respectively. In addition to
the same trend showing an increase in the orientation state of the crystalline phase in the process
of plastic deformation, the decrease (Fig. 4.6b) and disappearance (Fig. 4.6¢) of the intense
scattering spots at the equator were also clearly noticed. Interestingly, the existence of the (100),,
reflection is not observed at the highest strain of 120%.

For the 90° stretch, the samples necked immediately at ca. 3-5% strain, and what followed
was the expansion of the neck along the entire length direction of the sample. It was expected that
samples in the necked region should essentially possess the same kind of morphology regardless
of strains. The WAXS patterns for the 90° stretch for the Pre-1 and Pre-2 films are shown in Figs.
4.7a and b, respectively; they show basically the same genera highly oriented state of the
crystalline phase with respect to the SD, which is now perpendicular to the original MD. It isalso
noted that the monoclinic crystalline phase exists in the necked region.

Figures. 4.8a-c and Figs. 4.9a-c present the morphologica changes for the 45° stretch for
the Pre-1 and Pre-2 films, respectively. For the Pre-1 film, at 30% strain (Fig. 4.8a), there was no
significant change in crystalline orientation that has been found by WAXS. However, at a strain of
60% (Fig. 4.8b), the WAXS patterns became asymmetric, seeing the (110), reflections in Fig.
4.8b. The crystalline orientation state in this case is not much different with that at 30% strain -
judged by the “spreading” of the (110), reflection; but the rotation of crystalline lamellae towards
the SD is suspected - such a rotation can be speculated by a change in the angular position of the
(110), reflections with respect to the SD (as shown in Fig. 4.8b). At afurther strain of 180% (Fig.
4.8c), a new symmetric scattering pattern with respect to the SD is now established. Again, the
monoclinic crystalline structure was observed for the sample with 180% strain. A similar trend of

the formation of a new orientation state along the SD was aso observed for the Pre-2 film, as
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Figure 4.7 WAXS patterns for the Pre-1 (a) and Pre-2 (b) films at 90° deformation. Both SD
and MD are vertical.
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45

MD

Figure 4.8 WAXS patterns for the Pre-1 film for the 45° deformation at (a) €=30%, (b) €=160%
and (c) €=180%. Both SD and MD are shown in the figure.
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Figure 4.9 WAXS patterns for the Pre-2 film for the 45° deformation at (a) €=25%, (b) €=50%
and (c) €=150%. Both SD and MD are shown in the figure.
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shown in Figs. 4.9a, and in this case the rotation of crystalline lamellae with respect to the SD,
based on the above conjecture, took place at the early stages of the deformation (Fig. 4.93).

TEM Results: Figures 4.10a and b present the TEM micrographs for the Anl-1 and
Anl-2 films at the 0° deformation with individual strains of 100% and 50%, respectively. For the
stacked lamellar morphology (the Anl-1 film), broken blocks of the crystalline lamellae are
observed (Fig. 4.10a); while for the row containing morphology (the Anl-2 film), the localized
break-up of row-nucleated fibril structure is observed (shown by arrows in Fig. 4.10b). It is
noticed that the crystaline lamellae in the deformed samples (Fig. 4.10) are not as well-defined as
those in the undeformed samples (Fig. 4.3), likely because of the large amount of defects in the
crystalline lamellae due to plastic deformation. Samples with smaller amount of strains (just
beyond the yield point) were also investigated, but no significant changes could be seen by TEM,
possibly partially due to some sample shrinkage during the staining treatment.

Figures 4.11a and b present the dramatic morphological changes at the sharp boundary of
the necks for the Anl-1 and Anl-2 films at the 90° deformation. The top and bottom portions of
each of these micrographs represent the necked and un-necked regions, respectively. There are
also transition regions between the necked and un-necked regions, but the detailed features can
not be well-resolved. For the Anl-1 film (Fig. 4.11a), the un-necked region shows the origina
stacked lamellar morphology oriented aong the MD; while the necked region displays
considerable void fraction and broken white lines (shown by arrows A in Fig. 4.11a) oriented
along the SD - these lines may be an indication of a microfibril crystalline phase. For the Anl-2
film (Fig. 4.11b), the un-necked region shows the crystalline lamellae and the row structures along
the SD; while in the necked region, more and larger voids along the SD are seen without the
presence of the broken white lines. The crystalline lamellae in the un-necked regionsin Figs. 4.11a
and b do not look the same as the those in Fig. 4.3 since the microtoming direction in this case is
perpendicular to the MD. Additionally, the plastic deformation can also influence the lamellar
morphology, as mentioned in the case of the 00° deformation.

Figures 4.12a and b present the TEM micrographs for the Anl-1 and Anl-2 films stretched
at a45° deformation. For the Anl-1 film (a), at low strain (ca. 25%), “shear banding” type
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Figure4.10 TEM micrographs for the Anl-1 film (&) at 100% deformation and Anl-2 film (b) at
50% deformation. Arrows indicate broken row-nucleated structures.
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Figure4.11 TEM micrographs for the 90° deformation for the Anl-1 (a) and Anl-2 (b) films
showing the boundary of necked and un-necked regions. Arrows A point at broken
white lines which indicate the presence of microfibril crystalline material, and arrow

B points at broken line which is drawn to represent the sharp boundary between the
necked and un-necked regions.
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Figure4.12 TEM micrographs at the 45° deformation for the Anl-1 at €=25% (&) and Anl-2 at
€=30% (b). Arrowsin (b) represent localized broken row-nucleated fibril structures.
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Figure4.13 TEM micrographs at the 45° deformation for the Anl-1 film at €=180% (&) and Anl-
2 film at e=150% (b).
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features are observed, which is an implication of lamellar shear deformation. However, for the
Anl-2 film (b), localized break-up of the row structures is noted. Again, the crystalline lamellae
become deteriorated, and the morphology observed by TEM becomes also less and less well-
defined as the deformation proceeded. Finaly, at a strain of 200%, a highly oriented morphology
was observed for both the Anl-1 and Anl-2 films (Figs. 4.13a and b). However, the expected
microfibril crystalline structure was not observed, and other fine textures in these micrographs can
not be addressed ambiguously, due to the absence of the original MD. However, by using the
knife marks on the samples and/or samples edges as a indication of the SD, the rotation of the
crystalline lamellae can indeed be distinctly inferred.

4.4 Discussion

Young's Modulus at Different Orientations: The variation in mechanical
properties listed in Table 4.1 can be explained by the specific initial morphologies and also those
developed during the deformation processes of these HDPE films. We will first address the
Young's modulus, since it depends on the low deformation elastic behavior of the materials.
Structural models for the HDPE films will be established according to the morphological features
of the films and will also be utilized in the discussion of the other properties associated with the
plastic deformation of the materials.

For the films based on Resinl (Pre-1 and Anl-1), the crystaline lamellae are uniaxialy
oriented with the lamellar normal preferentially aligned parallel to the MD. Therefore, as a first
approximation, these specific materials based on Resin 1 can be considered as a “laminated
composite” of a hard crystalline phase and a soft amorphous phase stacked along the MD. At the
0° deformation, the material can be considered as the composite being deformed in an iso-stress
case, i.e., the crystalline phase and the amorphous phase are deformed in series; therefore the
modulus is dominated by that of the soft amorphous phase. On the other hand, at the 90°
deformation, the material can be considered as the composite being deformed in an iso-strain case,

i.e., the crystalline phase and the amorphous phase are deformed in parallel; therefore the modulus



Hongyi Zhou Chapter 4.0 Tensile Deformation 101

is dominated by that of the hard crystalline phase. Thus, athough the modulus of the crystalline
phase (lamellae) at the 90° orientation (perpendicular to the chain direction) is much less than
that at the 0° orientation (more parallel to the chain direction), the modulus for the sample at the
90° orientation is higher than that for sample at the 0° orientation. As for the 45° deformation,
since there is a maximum resolved shear stress in the plane of the crystalline lamellae, interlamellar
shear is the most probable deformation event, and this results in a even smaller modulus at this
particular orientation than those for the 0° and 90° deformations.

For the films based on Resin 2 (Pre-2 and Anl-2), in addition to the uniaxialy oriented
stacked crystaline lamellag, many row-nucleated fibril structures also exist, as observed directly
by TEM. From previous studies concerning HDPE films having a shish-kabob morphology, three
different structural models have been proposed, i.e., interlocking lamellae [74], fiber reinforced
composite [75] and crystalline network [76]. we select to use the fiber reinforced composite
model in this study, since it best represents the structural features of these materials shown by the
TEM micrograph in Fig. 4.3b; additionally, this model is closely coupled with the laminated
composite model proposed for the stacked lamellar morphology.

The row structures in the films based on Resin 2 serve as reinforcement fibers having a
large aspect ratio (Fig. 3b) in the MD, and this give rise to the higher modulus at the 00°
deformation, as compared with that for the films based on Resin 1 (the Pre-2 film versus the Pre-1
film as well as the Anl-2 film versus the Anl-1 film). However, a the 90° deformation, the
strengthening effect of the row structures (fiber reinforcements) is not as effective as for the 00°
deformation; therefore, the increase in Y oung's modulus at this orientation is not as significant as
that for the 00° deformation-again comparing Y oung’s modulus for the Pre-2 film versus that for
the Pre-1 film and those for the Anl-2 film versus the Anl-1 film. For the 45° deformation,
although limited by the existence of the row structures, lamellar shear still dominated in the initia
stage of the deformation, and this gives rise to the lowest modulus of the three deformation
orientations. We redlize that the above analysis is somewhat qualitative and may not be fully
correct due to the small difference in the crystaline orientation state (f. values) possessed by these

two films.
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Plastic Deformation Morphologies at Different Orientations: Other properties,
namely yield stress (oy) and strain (&), cold-drawn stress (og) and strain (g4), and break stress (oy)
and strain (g,), are related to the plastic deformation behavior of the materials. As can be seen
from the stress-strain curves in Fig. 4.4, the mechanical behavior of the films strongly depended
on the orientation of the deformation, and they will be discussed separately below. Other factors,
such as molecular weight distribution, thermal annealing and orientation state of the crystalline
phase, will also certainly affect these properties, however, they will not be discussed in this report.

1) 00° deformation: Considering the “laminated composite’” model proposed earlier
for films based on Resin 1, its deformation aong the MD direction would occur by lamellar
separation. Such a deformation mechanism can be justified by the appearance of strain whitening
for samples stretched along the MD direction and the disappearance of such a phenomenon for
relaxed samples upon remova of the stress. Similar statements have been made from the
deformation studies on other hard-elastic polyethylene [25] and polypropylene [77], which have a
similar morphology to the Resin 1 samples deformed along the MD direction. Lamellar separation
cause crystalline lamellae to “open-up” or splay, and this results in the strain-whitening shown by
al the samples. As the deformation proceeded, the crystalline lamellae have to be deformed to
generate higher strains, and this promotes the yielding of the sample. Since the c-axisin the crystd
is more or less oriented along the stress direction (MD), chain dip is the dominant deformation
mode for the crystaline phase, especialy [100] chain dlip. The dip of the crystalline phase also
causes the large degree of strain hardening, as shown in the stress-strain curves.

As mentioned earlier, chain dlip can be achieved by either fine dip or course dip; however,
the physical process for both types of dip is the same, i.e. the diding between chains in polymer
crystals. For fine dip, the diding is between chains in the same crystal unit cell; whereas for the
course dip, the diding is believed to be between chains at the boundary of the mosaic blocks
within the crystalline lamellae [78]. The result from TEM observations (Fig. 4.10a) suggested that
course dip has taken place, and by doing this the crystalline lamellae were fragmented into much

smaler crystal blocks, which likely originate from the mosaic blocks within the crystalline
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lamellae. The same observation of course dip induced fragmentation of large crystalline lamellae
has also been made by others[14]

As for the films based on Resin 2, the existence of row-nucleated fibril structure obviousy
affected the initial stage of the deformation, as shown by the higher values of Y oung’s modulus.
However, the basic plastic deformation processes described above were not expected to change.
Once the yield point was passed, the row structures began to break up gradualy at certain
localized points (see Fig. 4.10b), indicating that the fibril structure is not likely to be of a complete
extended-chain type crystalline phase [79]. The strengthening effect on the further plastic
deformation became less and less. From the stress-strain curves, the films with and without row
structures had similar behaviors from yield point to break point, i.e., the degree of strain
hardening (dope of the curve) for the Pre-1 and Pre-2 films and for the Anl-1 and Anl-2 films
weresimilar.

2) 90° deformation: At this orientation, since the c-axis (chain axis) in the crystalline
lamellae was more or less perpendicular to the direction of the applied stress (SD), the
deformation on the level of the crystalline lamellae and amorphous layers, via lamellar separation,
lamellar shear and lamellar rotation, was significantly limited. Therefore, the samples yielded
sharply after a small amount (3-5%) of iso-strain elastic deformation of the crystalline phase and
amorphous phase, and what followed was the localized break-up (decrystallization) of the
crystalline lamellae, by transverse dip in the crystal. During the decrystallization process, polymer
chains are pulled-out of the crystalline lamellae and realigned and recrystallized parallel to the SD,
which is perpendicular to the original MD. The pull-out of the chains is basically a cold-drawing
process and, therefore, it occurred as a horizontal plateau in the stress-strain curves at the 90°
deformation.

However, the films based on the two resins behave very differently. As shown in the
stress-curves, those having the stacked lamellar morphology showed a large degree of cold-
drawing; while those having the row morphology showed only a very limited amount of cold-
drawing. This difference can be explained by the different kinds of morphologies developed for
the respective films, as reveded by the TEM micrographs shown earlier in Fig. 4.12. For the
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stacked lamellar morphology, there is no rotation of the crystaline lamellae in the un-necked
region, and the chain pull-out alows a deformation strain as high as 1000% for the Pre-1 film
(shown by the stress-strain curve). The same lamellar break-up via chain pull-out has also been
noted by other authors [18,19]. However, it was seen that the row-nucleated fibril structure in the
un-necked region were oriented along the SD, and such a rotation of shish structure has also been
reported by other authors based on TEM studies on specialy prepared ultra-thin and ultra-drawn
HDPE films [24]. It was speculated that the rotation of the row-nucleated fibril structure is very
limited thus the cold-drawn strain induced was also very small. Hence within this context, it seems
that the crystalline network model for the row morphology serves better to explain the
constrained rotation of the row-nucleated fibril structures and associated stacked lamellae.

3) 45° deformation: As mentioned earlier, interlamellar shear was the dominate
deformation mode at the early stage of the deformation at this orientation. Also this corresponded
to alarger observed yield strain and lower yield stress, as compared to the deformations at the 00°
and 90° orientations. To accommodate the lamellae shear, however, chain dlip, either fine or
course, takes place through the dliding of tie-chains, and this corresponds to the yielding of the
crystalline phase. A closer examination of the stress-strain curves at the 45° orientation indeed
showed a hint of double yielding. Double yielding has been reported previoudy for HDPE
[80,81], and in that case the two yield points were speculated to originate from lamellar shear and
the subsequent deformation of the crystalline phase, respectively.

In the process of yielding, lamellar rotation occurred as a result of lamellar shear and/or
chain dip, and the re-orientation of polymer chains towards the SD, which is at 45° away from the
original MD, was shown by the WAXS patterns (Figs. 4.8 and 4.9). At this stage of the
deformation, crystaline lamellae began to break up due to the competitive constraint between
lamellar shear and chain dip, as aso proposed by other authors [63]. The break-up of the
crystalline lamellae is essentially a cold-drawing process by chain dip within the crystalline
lamellag, as in contrast to the pull-out of chains as in the case of the 90° deformation. Indeed, the
stress-strain curves showed a horizontal plateau in this region of strain. It is interesting to notice

that the cold-drawing stress for the same sample at these two stretch orientations (45° and 90°)
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were aimost identical. However, the cold-draw strains at the 45° deformation seemed to be higher
than that at the 90° deformation, due to a greater degree of chain-dip rather than chain pull-out.

Plastic Deformation of Spherulitic Morphology: Due to the complex arrangement of
the crystalline phase and amorphous phase in this particular crystal texture, the deformation of a
spherulite is highly heterogeneous, as already depicted earlier in Fig. 4.1. At the polar region, the
crystalline lamellae are deformed as in the situation of the 90° deformation; while at the equatorial
region, the crystalline lamellae are deformed as in the case of the 00° deformation, the inclined
region in the spherulite resembles the 45° deformation. Using the stress-strain curvesin Fig. 4.4 as
a genera guide, it can be conjectured that the break-up of a spherulite occurs first in the polar
region since the 90° deformation results in lamellar break-up at the smallest strain level, followed
by the splaying of the equatorial region where the 00° deformation lamellar separation causes the
materials to yield by course dip with the formation of craze, and by the distortion of the inclined
region in which the 45° deformation induces lamellar shear and lamellar rotation. The above
argument is supported by direct observations from polarized optical microscopy [16] and SEM
[13,58,82].

However, large amounts of intercrystalline links and geometrical constraints are expected
between crystalline lamellae within a spherulite [83]; therefore, the orientation dependence of the
plastic deformation in different regions of the spherulite is not as sharply different as those noted
here for the HDPE films having the stacked lamellar textures. Also, due to the often prevalent
twisting of the crystalline lamellae during the growth of the spherulite [84], lamellar rotation is
believed to take place initialy in al the regions of the spherulite [16], and this results in a small
amount of initial homogeneous (pseudo-affine) deformation of the spherulite initially.

The above discussion can be summarized by the following schematic drawings in Fig.
4.14, showing the deformation at the three angles for the stacked lamellar morphology. For the
00° deformation (a[14]), lamellar separation induces the fragmentation of the stacked lamellae by

chain dlip, and this process shown as a strong strain hardening event in the corresponding stress-
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Figure4.14 Schematic drawings that show the molecular mechanisms and corresponding stress-

strain curves for the stacked lamellar morphology under 00°, 45° and 90°
deformations.

strain curve (b). For the 90° deformation, plastic strain is generated by lamellar break-up via chain

pull-out (e [19]), and this event corresponds to a large amount of cold drawing as shown by curve
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f. For the 45° deformation, the mechanisms may include many molecular processes such as chain
dip, chain tilt, lamellar break-up, etc (c [2]), and the corresponding stress-strain curve (d) is aso
somewhat between those for the 00° and 90° deformation. Hence, while this deformation is more
complex, it is likely more “ generic” to that observed for semicrystalline polymers having a

spherulitic morphology when deformed above their glass transition temperatures.

45 Conclusions

By carrying out plastic deformation studies on HDPE films having well-defined stacked
lamellar morphology, with and without row-nucleated fibril structures, we have shown that the
mechanical properties and morphological changes are strongly dependent on the angle of the
deformations with respective the original orientation direction. Comparing the mechanical
properties obtained from tensle tests and the deformation morphology from WAXS and TEM at
specific strain, amodel structure-property investigation has been presented.

Stretching paralel to the MD results in lamellar separation, followed by break-up of the
crystalline lamellae via chain dip in coarse fashion. The existence of the row-nucleated fibril
structure increases the Y oung's modulus in this particular orientation, but the strengthening effect
reduces as deformation proceeds due to the localized break-up of the row structures. Stretching
perpendicular to the MD causes the crystalline lamellae to break-up or rupture by chain pull-out.
The effect of row-nucleated fibril structure is to ater the chain pull-out into the rotation of the
row-nucleated fibril structure, and this results in a large cold-drawing for the stacked lamellar
morphology and a small amount of cold-drawing for those with distinct row-nucleated fibril
structures. When the stretching is between the above two extremes, lamellar shear is the dominate
initial deformation mode, followed by chain dip that can eventually cause lamellar break-up. The

row-nucleated fibril structure does not display a major influence at this particular orientation.
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Chapter 5.0 ORIENTATION ANISOTROPY OF THE MECHANICAL a
RELAXATION OF HIGH DENSITY POLYETHYLENE FILMSHAVING A WELL
DEFINED STACKED LAMELLAR MORPHOLOGY *

Abstract

Dynamic mechanical experiments were conducted on melt-extruded uniaxially oriented high
density polyethylene films having a well-defined stacked lamélar morphology. Samples were cut
at different angles with respect to the original machine direction (MD) and tested by increasing

the temperature from 20 to 130 °C at a heating rate of 0.5°C/min in the frequency range from 0.01
to 10Hz. Samples before and after the dynamic mechanical tests was also investigated by using
WAXS, SAXS and DSC. Oscillating paralle (C°) and perpendicular (90°) to the MD gaverise to
a single Tand dispersion peak, while oscillating at angles between the above two extremes

generated a secondary dispersion peak at lower temperatures, with a maximum relaxation strength

occurring at 45° orientation. It was concluded that, for the 0° and 90° orientations, the
mechanical dispersion arise essentially from the crystalline phase, and it contains the contributions
of earlier recognized intralamelar (o) and intracrystalline (o) relaxations. For the 45°
orientation, the mechanical dispersion is believed to originate from an activated interlamelar shear
motion that is related to the characteristics of the interface between crystalline lamdlar and

amorphous phase.

* The chapter, formatted as required, has been submitted to Macromolecules for publication.
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51 Introduction

Under dynamic small strain studies, polyethylene (PE) displays at least three mechanical
relaxations, designated as a, 3 and y in the order of decreasing temperature, in addition to the
meting point. * The y relaxation, displayed by bulk crystallized linear and branched PE and
solution grown PE single crystal mats, is found in the temperature range of -150 °C to -120°C.
The 3 reaxation, distinctly displayed only by bulk crystallized branched PE, is in the temperature
range of -30°C to 10°C. Thea relaxation, shown by bulk crystallized linear and branched PE and
solution grown PE single crystal mats, is in the temperature range of 30°C to 120°C.*® As
expected, all peak positions increase with frequency, and each may be influenced by thermal
history.

The origins of the three mechanical rdaxations have been extensively studied in the past. #
22 Although some detailed molecular assignments are still open to debate, the reality of the basic
relaxation processes are clear; these have been well summarized by Boyd. ** The a and B
relaxations are commonly attributed to the reaxation mechanisms in the crystalline phase and
amorphous phase, respectively; the y relaxation is, according to different authors, due to the
localized motions of either chain ends or branches associated with the amorphous phase *°
although originally, it was proposed to arise also from the crystalline phase. ° Complementary
didectric relaxation studies on the respective a, 3 and y relaxations in PE have also been carried
out and well-summarized.

The mechanical a relaxation for HDPE covers a wide temperature range from 30 °C to
120°C, and the calculated activation energy is a somewhat “ diffuse” value, ranging from 90kJ/mol
to more than 300kJmol. ** In addition, the mechanical dispersion, as measured by Tand, is not
symmetric, as exemplified by the data in Fig. 5.1 that were obtained for a compression molded
slow cooled unoriented HDPE film utilizing the same resin that was used to produce the uniaxially

oriented HDPE films that will be the focus of this report. All these facts have led to the

assumption that the major mechanical a relaxation consists of several sub-relaxations, and thisis
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known as the multiplicity of the mechanical a relaxation for HDPE. At least three sub-relaxations,
namedy a,, o, and ay, in the order of increasing temperature, have been proposed. "%

The resolution of the mechanical a relaxation into two components was first reported by
Nakayasu, e a. ” The sub-rdaxations were designated as mechanism | (later o, ) at lower
temperatures and mechanism |1 (later a,)) at higher temperatures, and they were stated to display
activation energies of 117kJmol and 210kJmoal, respectively. The authors suggested that the a
process was associated with intercrystalline (grain boundary) relaxation phenomena, and the a,
process was related to intracrystalline (single chain) reaxation phenomena. The existence of a
third sub-relaxation at even higher temperature was also speculated, but no molecular assignment
and activation energy were provided by the authors.

By comparing the dynamic mechanical test data for mdt crystallized HDPE films, which
showed two relaxation peaks (o, and a,,), with that of PE single crystal mats, which showed only
one relaxation peak (a,), Takayanagi, et al. concluded that the o, mechanism was complicated
thermorheologically; however, the a;, mechanism was viewed as a thermorheological simple
process. ¥ Their justifications were based on the construction of the master curves (based on
the loss modulus E”) for both relaxations. The construction of master curves for the ay, relaxation
needed only horizontal shifts; whereas, for the a, rdaxation, both horizontal shifts and vertical
shifts were needed. By plotting horizontal shift factors versus reciprocal temperature, the
activation energies for the a, and a,, relaxations were found to be 125kJmol and 192kJmoal,
respectively - these values being close to those expressed above. The authors suggested that the
deformation of intermosaic regions within the crystalline lamdlae was the origin of the a,
relaxation, and the oy, relaxation arose from the rotational oscillation of polymer chains in the
crystal lattice.

Dynamic mechanical tests (paralle to the orientation axis), dynamic X-ray scattering
experiments, and NMR experiments for oriented PE films have been carried out by McCrum, et
al, ™' Stein, et a. ** and Ward, e al. ™ These authors concluded that interlamellar shear, or
interlamellar slip, was the origin of the a, relaxation, and it was sensitive to the morphology of the

specimens used. The q, relaxation was bdieved to originate from the viscous nature of polymer
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chain motions in the crystal lattice at high temperatures, including twisting motion about the c-
axis as well as transitional motion along the c-axis.

Since most of the studies dealing with the mechanical o relaxation were performed on
HDPE having spherulitic morphology or initially spherulitic texture prior to deformation, it has
therefore been difficult to give unambiguous interpretations of the relaxation mechanisms because
of the structural complexities of the spherulites or remnants of that texture. Depending on the
local orientation of the lamellae and associated interlamellar amorphous layers, all types of inter-
and intra- lamellar motions might be expected to take place in the specimen during the dynamic
mechanical test at the appropriate frequency and temperature. Therefore, it is desirable to utilize
materials having a more ssimplified and well defined morphology to carry out dynamic mechanical
experiments, with the hope that such morphologies may assist a better definition the nature and
origin of a given mechanical relaxation.

Matsuo, e al, '’ Ogita, et a *® and Ohta, et al. *° also carried out dynamic mechanical
experiments and creep experiments for ultra-high molecular weight polyethylene ( UHMWPE) that
had been ultra-drawn into fibers. These authors showed the existence of the third relaxation ( ayy),
in addition to the a, and a,, relaxations. It was suggested that the a,,, rdaxation was related to the
transition from the orthorhombic phase to the hexagonal-packed phase at high temperatures.
Furthermore, by using fibers at different draw ratios (orientation states), it was shown that the
strength of the ay, relaxation (along the fiber axis) became smaller with increasing draw ratio and
finally reached zero at a draw ratio of 400. In addition, the calculated activation energy of the a
relaxation changed with the orientation state of the fibers. Therefore, the strength of the a
relaxation was suggested to be reated to the anisotropy of the crystal lattice potential. The q,
mechanism, however, was suggested to berdated to an intralamedlar grain boundary phenomenon
that was associated with a rotational motion of crystal grains in the direction of external
excitation.

Since most of the dynamic mechanical tests were done by isochronal scans at specific
heating rates, it has been suspected that the morphology of the specimen might have been changed
during the experiments; therefore, it is desirable to carry out the tests isothermally. By doing
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isothermal dynamic mechanical tests for HDPE and lightly crosslinked low density polyethylene
over a wide region of frequency (10 to 1Hz), Amparo, e al. concluded that the multiplicity of
the mechanical a relaxation was due to the size (thickness) distribution of the crystalline lamellae.
2022 1 other words, these researchers proposed that the a; and a, relaxations originate from the
same molecular mechanism (defect motions in crystalline lamellae) within thinner and thicker
crystalline lamdlae, respectively. The confusion about the multiplicity of the mechanical a
relaxation, according to the authors, were mainly due to the fact that the lamdlar thickness
distribution was probably changed at high temperatures during the isochronal dynamic mechanical
measurements.

The review of literature on the mechanical a relaxation for HDPE has shown that the
long-standing controversy has not been resolved. Two principle reasons are: 1) the complex
morphologies of the specimens, and 2) the speculated morphological changes during the dynamic
mechanical tests. More specifically addressing the former, in the case of a spherulitic morphology,
the inter- and intra- lamelar motions can always happen simultaneously during the dynamic tests,
and this could result in the concurrence of both the o, and a, reaxations. For the fibril
morphology possessed by the UHMWPE ultra-drawn fibers, the existence of the chain-extended
crystalline phase and the orientation state of the ordered amorphous phase must certainly have
some influence on the mechanical a reaxation. In addition, the morphology of the samples
before- and after- dynamic mechanical tests are not to be expected to be exactly the same due to
lamelar thickening, etc; thus, it should be further investigated to assure the effects of such
morphological changes on the mechanical a relaxation.

In the study presented here, melted extruded uniaxially oriented HDPE films were used,
and mechanical oscillations were applied at different orientations with respect to the original
machine direction (MD). In contrast, for the case of UHMWPE ultra-drawn fibers, the original
MD is the only possible oscillation direction. Oscillation in different directions may excite specific
relaxation processes due to the different molecular motions generated, and this in principle may
make it easier to understand the separate relaxation processes. |1sochronal tests were carried out in

this study, since it has the advantage of covering a large range of temperatures. In this case,
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morphological features for the specimens before- and after- dynamic mechanical tests were also
investigated.

On the other hand, the orientation anisotropy of any mechanical dispersion itsdf is an
important issue for many polymers that are used at an oriented state (such as packing films, etc.)
in engineering applications. For example, the damping character of a material, which is closdy
coupled to the dynamic mechanical dispersion, may be more or less activated at different
orientations with respect to the loading direction and therefore influence the character of the
energy dissipation ability of the material. Therefore, it is also the purpose of this study to provide

dynamic mechanical test data that reflect information on this issue as well.
5.2  Experimental

Materials: The linear HDPE homopolymer resin studied had a number average
molecular weight and a weight average molecular weight of 14,600g/mol and 150,000g/moal,
respectively. The 1 mil thick met-extruded films were kindly provided by Hoechst Celanese Co..
Under the film extrusion processing conditions, the crystalline phase became quite highly
uniaxially oriented with the c-axis along the MD. This was quantified by determination of the
Hermans' orientation function, f., for the crystalline phase using X-ray scattering, where f. is
defined as

i =1(B<cos’0 > 1)

2 (5.1)

In equation 5.1, the quantity <cos?0> represents the average value of cos®0, with 8 being the
angle between the c-axis in the crystal (chain axis direction) and the MD axis. The amorphous

phase, however, had no significant orientation as determined from a previous study. * In the
present study, both met-extruded film (precursor film) and annealed precursor films were used.
Two different kinds of annealed films were used. One was provided by Hoechst Ceanese Co.,
where annealing was done by passing the precursor films through an oven at 120 °C with certain

on-line speed that allowed the materials to remain at this temperature for ca. 20min. Since there
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was a small amount of tension (ca. 3% strain) associated with this process, this kind of annealed
film will be referred as tension-annealed films. In addition, free-annealed films, produced simply
by annealing the precursor films without tension at 120°C for 20min were also used.

Dynamic Mechanical Analysis: Samples (5cm wide and 10cm long) for dynamic
mechanical tests were carefully cut directly from the HDPE films at different angles with respect
to the original MD, with 00° being paralld and 90° perpendicular to the MD. The dynamic
mechanical parameters of storage modulus (E’), loss modulus (E”), and loss factor (Tan &) were
determined using a Selko DMS instrument (Mode 210). Temperature was increased from 20 to
130°C at a heating rate of 0.5°C/min. Frequencies covered a wide range from 0.01 to 10Hz.
During the experiments, the applied tensile force was kept small to assure a linear viscodastic
response from the specimen.

WAXS and SAXS:  All the WAXS experiments were performed by utilizing a Philips
tabletop X-ray Generator (Modd PW1720) equipped with a standard vacuum-sealed Warhus
photographic pinhole camera. The instrument with a CuKa radiation (A=1.54A) was operated at
40KV and 20mA. Single layer film and stacks of films were used as the specimens for the
experiments. A Kratky glit-collimated camera was used for the SAXS experiments. In this case,
the scattered intensity was monitored by a one-dimensional position sensitive detector and
corrected for sample thickness, counting time, transmission and standardized to a Lupolen based
standard. In all the SAXS experiments, the specimen’'s MD was aligned paralle to the width's
direction of the sample holder so that X-ray scans were along the MD (MD scans).

Differential Scanning Calorimetry: DSC experiments were carried out by using a Selko
DSC instrument (Modd 220C). A hesating rate of 10°C/min was used. In all the experiments, the
samples weight was kept constant (ca. 5mg). An estimate of lamedlar thickness and its
distribution were obtained by applying the Gibbs-Thomson equation to the DSC data, * and the
heat flow versus temperature curves were transformed into plots of reative probability versus
lamellar thickness by using the same equation as proposed by the authors of reference 19. In the
calculations, the heat of fusion of the crystal phase and free energy of basal surface of the
crystalline lamelae used were 290.10°¥m® and 90.10°J¥n?, and the equilibrium melting
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temperature was chosen as 145.5°C. % [A detailed study on the applicability of DSC to determine
the crystalline lamdlar thickness and its distribution has recently been carried out by the same
authors of this report and submitted for publication. *]

Transmisson Electron Microscopy: Samples for TEM study were treated by
chlorosulfonic acid at 60°C for 6 hours; then, they were washed with sulfuric acid and water and
dried overnight. The stained samples were embedded in an epoxy resin and cured at 65 °C
overnight. The embedded samples were microtomed at room temperature by cutting along the
MD. The microtomed thin sections of ca. 80nm thick were used for the TEM observations after
being treated by uranyl acetate. All the TEM work was performed by using a Philips EM420
instrument operated at 100kV.

5.3 Results

Figure 5.2 shows the WAXS patterns for the tension-annealed film used in this study. It is
obvious from these patterns that the crystalline phase is quite well oriented with the c-axis along
the MD (c and d). In addition, the patterns also illustrate that the a- and b-axes are principally
uniformly distributed in the plane perpendicular to the MD (b), which contains the transverse
direction (TD) and the normal direction (ND) of the film. The Hermans' orientation function for
the crystalline phase (f), calculated from the WAXS patterns, are 0.67, 0.80, and 0.68 for the
precursor film, tension-annealed film, and free-annealed film, respectively. The TEM micrograph
shown in Fig. 5.3 presents a direct visualization of the well defined stacked lamelar morphology
possessed by the same films whose WA XS patterns were shown in Fig. 5.2. TEM experiments for
the precursor film and the free-annealed film revealed the same kind of well defined stacked
lamelar morphology, except that for the precursor film, the crystalline lamellae were somewhat
thinner and displayed less contrast than those of the annealed films. No distinct difference was

observed between tension- and free- annealed films by TEM.
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a
b
c

Figure5.2 WAXS patterns for the tension-annealed film with X-ray beam paralld to the a)
MD, b) ND and c) TD.
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Figure5.3 A TEM micrograph showing the stacked lamellar morphology for the
tensile-annealed film. M D represent the machine direction.
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Anisotropy of the mechanical a relaxation:  The relaxation behavior for the precursor
film determined at different orientations with respect to the MD are presented in Fig. 5.4. These
data clearly show the anisotropy (orientation dependence) of the mechanical o relaxation. For the
0° oscillation (dynamic mechanical test parallel to the MD), only one single dispersion peak was
observed, at approximatey 84°C at 0.1Hz. The 90° oscillation (dynamic mechanical test
perpendicular to the MD) also showed only one dispersion peak, but this time the peak occurred
at ca. 96°C at the same frequency - a distinctly higher temperature than that of the O ° oscillation.
For all the other orientations investigated, a secondary dispersion peak at low temperatures was
found. The existence of the secondary peak was confirmed by duplicating the experiment for the
same type of sample to make sure that it was not coming from experimental errors. The strength
of the secondary dispersion peak was dependent on the sample orientation in the DMTA
experiment, with a maximum in dispersion strength occurring at ca. 45° orientation. However, the
temperature of the secondary dispersion peak remained essentially unchanged with sample
orientation. It is worth noticing that, although the intensity of the major peak and that of the
secondary peak varied with sample orientation, total dispersion (the area under the whole Tan &
curve) remained basically constant for all sample orientations when compared in the temperature
range investigated.

The results of Tand at the frequency of 0.1Hz for all the orientations are shown in Fig.
5.5, where Tand is plotted against temperature and orientation. Again, the orientation dependence
of the mechanical a relaxation is clearly shown. We now address some features of the relaxation
peaks in Fig. 5.5, the first being the calculation of the respective activation energies. In order to
do so, master curves were constructed. From the Arrhenius-type plot of horizontal shift factors
versus reciprocal temperatures utilized in constructing these plots, the activation energies were

obtained. Mechanical loss modulus (E”) were used in the construction of master curves sinceit is
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Figure 5.4 Mechanical relaxation for the precursor film at different orientations (angles shown on

each plot) with respect to the original MD.
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Figure5.5 Tand surface plot for the precursor film showing the orientation dependence of the

mechanical a relaxation at 0.1Hz frequency.
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a single variable as compared to the mechanical dispersion Tand, which is dependent upon both
the storage modulus (E’) and loss modulus (E”).

The loss modulus for the 0°, 45° and 90° oscillations are shown in Fig. 5.6. For each
orientation, a master curve based on the loss modulus was constructed by shifting each individual
curve to the reference temperatures horizontally and then vertically to obtain the best
superposition. The master curves thus obtained are shown in Fig. 5.7. It can be seen that the
superposition was quite good, except at lower frequencies; this is especially true for the case of
the 45° oscillation. It is noticed that these master curves are somewhat diffuse, which is very
representative of its expected behavior based on past studies of high density polyethylene. ***8
However, the orientation dependence behavior is till obvious, i.e., those for the 0 ° and 90°
oscillations had a broader and flatter peak while that for the 45° oscillation showed a broad
dispersion with the existence of two sub-peaks.

Figure 5.8 represents the corresponding horizontal shift factors (at) and vertical shift
factors (bt) for the construction of the master curves at the three orientations. The horizontal shift
factors were plotted against reciprocal temperature to calculate activation energy, and the vertical
shift factors were plotted against temperature to take into account of the change of modulus with
respect to temperature. It is evident that the vertical shifts became larger at temperatures higher
than 110°C, and this suggests that the time-temperature superposition is not valid and therefore
consistent with the poor superposition of the master curves shown in Fig. 5.7. Therefore, all the
data used in the calculation of the activation energy were at temperatures beow 110 °C. The
slopes of the linear regions on these plots were obtained by using linear regression when the R
values were larger than 0.99. The calculated activation energies are shown on the Arrhenius plot
at each orientation.

Effect of conditions of thermal annealing on Tand: The Tand plot similar to
that of Fig. 5.5 for the tension-annealed film is presented in Fig. 5.9. Once again, at the 0° and 90°
orientations, Tand showed only one overall relaxation peak, with the O ° orientation displaying the
peak at alower temperature than that of the 90 ° oriented sample at the same frequency. A
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Figure 5.9 Tand surface plot for the tension-annealed film showing the orientation
dependence of the mechanical o relaxation at 0.1Hz frequency.
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secondary relaxation peak existed at all other orientations, with a maximum occurring at the 45 °
orientation. For a given orientation, other noticeable features as compared to Fig. 5.4 are: 1) the
strength of the primary dispersion was decreased, and 2) the primary relaxation peaks became
broader.

In Fig. 5.10, Tand (at 0.1Hz) has been plotted against temperature for the melt-extruded
film (pre), tension-annealed film (T120), and free-annealed film (F120) at the three orientations of
0°, 45° and 90°. In addition to the above-mentioned differencesin Tan 9, the effects of tension in
the annealing process deserve particular attention. For the free-annealed samples, the major
change observed rdative to the behavior of the precursor sample was a decrease in dispersion
strength; for the tension-annealed samples, a distinct shifting of the dispersion peak to higher
temperatures occurred, in addition to a decreased dispersion intensity, especially noted for the O °
orientation. For the case of the 45 ° orientation, the low temperature relaxation remained basically
intact, with all data overlapping for the three films. However, there were subtle changes for the
high temperature relaxation- this being a shift to higher temperatures for the free-annealed

samples, and a disappearance of the relaxation maximum for the tension-annealed samples.

54 Discussion

Assignments of mechanical a relaxations in this work: For the cases of 0° and 90°
oscillations, the oscillations during the dynamic mechanical tests involved the deformation of the
crystalline phase and the amorphous phase as well. Due to the specific stacked lamellar texture,
the HDPE film used in this study can be considered a laminated composite composed of with
stacks of crystalline layers and amorphous layers. It needs to be noted that such a treatment is
based on the same considerations as the two variants (paralld and series) of the Tagayanagi
model; % however, the wel-defined stacked lamellar morphology of the samples provides a good
judtification of the above simplification. Therefore, at the 0° orientation, the two phases
principally deform in series, while at the 90° orientation, they deform more in parallel. During the
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experiments, however, the amorphous region isin arubbery state; therefore, the dispersion peak

is not expected from the amorphous phase and must therefore come from the crystalline phase. It

has been seen that the 0° and 90° oscillations were associated with activation energies of 118 or
121kJmol and 185 or 195kJmol (Fig.5.8) for the low and high temperature relaxations,
respectively. Since these values matched well with the literature for the activation energies for the

o, and a,, relaxations, they are believed to be the mechanical a relaxation originating from the
crystalline phase. In the above discussion, any tilt of crystalline lamellae with respect to the MD
and that of the folded polymer chains with respect to the lamelar base surface have not been
taken into account.

Comparing the temperature of the relaxation peaks shown at both the 0 ° and 90°
orientations, it was noted earlier that the 90 ° orientation showed a well-defined relaxation peak at
a somewhat higher temperature than that of the O ° orientation. From the above discussion, it was
shown that o, and a;, processes were activated in both orientations; thus, the relaxation at each
orientation contained the contributions from both the o, and o, processes. Therefore, we suggest
that the higher temperature o, process is the dominate relaxation at the 90° orientation; whereas,
the lower temperature a, process dominates the relaxation process at the O © orientation.

At a 45° orientation, a low activation of 88kJmol was found for the low temperature
region (84°C at 0.1Hz), in addition to a 190kJ/mol which corresponds to the ay, relaxation that
occurs in the high temperature region (96°C at 0.1Hz). This particular orientation allows
interlamellar shear to occur easily because of the maximum resolved shear stress of the applied
oscillation stress on the plane of the lamellar surface. Therefore, we conjecture that interlamellar
shear gives rise to the dispersion with the activation energy of 88kJmol. The symmetric feature of
the secondary relaxation strength with respect to the 45 ° orientation provided further proof for
this justification, since the resolved shear stress possesses the same kind of symmetry. # If the
interlamellar shear indeed happened, the tie chains have to dlip within the lamelae to
accommodate the interlamellar shear, and thisintralamdlar dlip give rise to the a;, relaxation with

an activation energy of 190kJ/mol.
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As mentioned above, while the amorphous phase is within the rubbery region, it will not
generate a dispersion peak. Clearly, however, upon cooling, the vitrification of the amorphous
region would be expected to introduce a mechanical relaxation. Since the interlamellar shear is
basically a friction motion between crystalline lamellae and neighboring amorphous regions, the
interfacial region, including the basal surfaces of the crystalline lamellae and adjacent constrained
amorphous phases, is believed to be the cause of the interlamelar shear dispersion. Such a
judgment has been also proposed by others based on the very long relaxation time (1 [11000sec.)
of the mechanical o rdaxation. %

Effects of morphological changes on the mechanical a relaxation: As addressed
earlier, it has been speculated that the morphology of the sample might change during the dynamic
mechanical experiments and therefore be responsible for the observed multiplicity of the
mechanical a relaxation. In order to verify if this has occurred, samples before and after the
dynamic mechanical experiments were characterized by WAXS, SAXS and DSC. In all the
experiments, samples from the precursor film at the three orientations, namely 0°, 45° and 90°
orientations, were used. The data indeed showed that there were some morphological changes
caused by the dynamic mechanical tests as will now be considered.

WAXS patterns in Fig. 5.11 showed that the 0° oscillation has resulted in an increase in
the orientation of the crystalline phase (a and b where f. increased from 0.67 to 0.76); whereas,
the 45° and 90° oscillations showed almost no effect of the dynamic mechanical tests on the
orientation state of the crystalline phase reative to the precursor film- compare ¢ and d with a.
The increase in f. for the sample at 0° oscillation is not a surprising, since it was basically
“annealed” under a dynamic tensile stress, just as the tension-annealed film which also developed
a higher value of f during its annealing process. It is speculated that the cause of thisincreasein f.
for both samples is due to the ease of translational motions of the chain axis in the crystal when a
stress is applied along the original orientation axis. SAXS data (scanned along the MD) in Fig.
5.12 also showed the morphological changes caused by the dynamic tests at the three different

orientations. SAXS profiles from samples after the dynamic tests showed a more well defined
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a b
C d
Figure5.11 WAXS patterns for the precursor film before (a) and after the dynamic mechanical
test at the 00° (b), 45° (c) and 90° (d) orientations.
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Figure5.12 DCS scans for the precursor film before and after the dynamic mechanical

test at the 00°, 45° and 90° orientation.
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Figure5.13 SAXS (MD scan) data for the precursor before and after the dynamic mechanical
test at 00°, 45° and 90° orientations.



Hongyi Zhou Chapter 5.0 Mechanical o Relaxation 139

secondary scattering peak compared to the sample before the tests. In addition, the first order
scattering peak was also “sharpened” for each sample after the dynamic mechanical test. The peak
positions also shifted to somewhat smaller scattering angles, indicating an increase in the long
gpacing for samples after the test; however, the differences between the three orientations was not
major.

DSC results (Fig. 5.13) showed that there were increases in melting point and percent
crystallinity after the dynamic mechanical tests for all the three orientations. The increase in
melting point at all the three orientations was also about the same (ca. 1.5 °C). In terms of percent
crystallinity, the 0° orientation had the largest amount of increase (16%), followed by the 90 °
orientation (14%) and by the 45° orientation (6%), these values also implied different degrees of
perfection for the crystalline lamellae after the tests. The lamdlar thickness distribution curves
calculated form the DSC data are presented in Fig. 14. Clearly, lamdlar thickness increased as a
result of the dynamic mechanical tests, however, the differences among the three orientations
were not significant, especially for the 0° and 90° orientations. It is realized that the calculated
lamellar thickness and its distribution based on the DSC data at this heating rate may not be
precise, as concluded from a detailed investigation on this issue that will be published elsewhere,
» however, the above statement about the relative comparison of lamellar thickness and its
distribution for samples before and after the dynamic mechanical tests is valid.

Recalling the Tand data for precursor film obtained at the 0° and 90° orientations, which
were presented in Fig. 5.10, they show the same peak height but occur at slightly different
temperatures. The peak height of the dispersion is usually related to the concentration of mobile
defects and the amount of crystalline phase, and the peak temperature has been noted to be shifted
to larger values for the thicker crystalline lamdlae. *** From the DSC data, samples after the 0°
and 90° oscillations showed basically the same change in heat of fusion (rdated to the amount of
crystalline phase and defect concentration) and meting temperature (related to the thickness of
the crystalline lamellae), and therefore the mechanical dispersion would have the same peak height
and temperature as well. Although the same peak height was indeed observed in Figs. 5.10a and
c, the expected same peak temperature was not observed. Therefore, it is believed that the
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Figure5.14 Lamdlar thickness distribution calculated from the DSC data for the precursor film
before and after the dynamic mechanical test at the 00°, 45° and 90° orientations.



Hongyi Zhou Chapter 5.0 Mechanical a Relaxation 141

difference of Tand for these two cases is not caused by the changes of morphology before and
after the dynamic mechanical experiments; rather, it is mainly due to the different contributions
from the a; and a,, relaxations activated in the two different orientations.

For the 45° orientation, we have tentatively assigned the low temperature relaxation to an
interlamellar shear process, which is caused by the frictional nature of the shear moation.
Therefore, the possible effects of the morphological changes due to the tests should be reated to
the changes in the interfacial region, instead of only the amount of amorphous phase in the
sample. This argument is supported by the data in Fig. 5.10b, where three films ( precursor, free-
annealed and tension-annealed) with different final percent crystallinity (61%, 70% and 76%)
displayed the same low temperature relaxation peak (ca. 42°C at 0.1Hz). We did not proceed
further on this issue because of the limited knowledge at present about the crystalline
lamellag/famorphous interface in this material.

It is worth pointing out that the interlamellar motion and/or dispersion have been proposed
by many authors before, "% but the activation energy of 88kJmol has not been reported
previously. Obviously, the amount of shear motion is very limited for samples having spherulitic
morphology and fibril morphology as compared to the samples having a stacked lamelar
morphology under the 45° oscillation; therefore, it is not possible for the interlamellar shear
dispersion to stand out as a maor dispersion mechanism. In addition, as discussed above, the
activation energy of the interlamelar shear dispersion is dependent on the nature of the
crystalline/amorphous interface, which is not commonly addressed in the literature as well; thus, it
is not surprising that the activation energies from different studies were not the same.

Molecular origins of mechanical a relaxations: As pointed out earlier, the origin of the

4 and a number of molecular

mechanical a reaxation has been extensively investigated,
mechanisms have been proposed, including those that treat this relaxation as a property of the
interior of the crystal and those that regard it mainly as arising from surface effects. ** For the
multiplicity of this relaxation, the basic assignments are 1) a, is related to the interlamdlar shear
or intralamellar mosaic-block shear, and 2) a,, is rdated to the interchain motion in the crystalline

phase due to the anisotropy of the crystalline lattice potential. In addition, according to some
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authors, the multiplicity of the mechanical a relaxation is due to the distribution of crystalline
lamellae thickness distribution, i. e, the different relaxation peaks correspond to the same
molecular mechanism taking place in crystalline lamellae of different thickness. From our
experiments, the same film showed distinctly different mechanical relaxation behavior by simply
changing the direction of the dynamic oscillation with respect to the MD, regardless of the same
lamellar thickness distribution at all the orientations before (same film) and after (0° and 90°
orientations) the experiments. This means that the change of Tand cannot result only from a
distribution of lamellar thickness; rather, the anisotropy of the mechanical a relaxation is also
directly related to different kinds of molecular mechanisms that are excited due to the different
orientation of the oscillation direction.

In this study, the ay, relaxation has been found more prominent at the 90 ° orientation than
that at the O° orientation. That is to say that the o, relaxation is more clearly observed when the
applied excitation is perpendicular to MD, i.e. the chain direction. These results are consistent
with those obtained from the studies on the UHMWPE ultra-drawn fibers, where the a,, relaxation
strength was found reduced with increasing draw ratio. '™ Therefore, the a; reaxation is
believed due to the extreme anisotropic nature of the crystal lattice potential of the crystalline
phase. In this case, incoherent lattice vibrations (crystal disordering transition) at high temperature
results in greater chain motion-either rotational motion about the c-axis or translational motion
along the c-axis. %%

It has been shown by others that interlamellar shear indeed promotes mechanical
relaxation, but it is not the a, relaxation per se. It is known that interlamellar shear is the origin of
the B rdaxation in low density polyethylene (LDPE), * and this B reaxation has even been
postulated to correspond to the glass transition temperature of the amorphous portion in the
LDPE. * Y, for the case of HDPE, the same relaxation which might therefore correspond to the
glass transition temperature of the amorphous portion in HDPE is hardly seen. Possible reasons
for this are: 1) the amount of amorphous phase is limited, and 2) the glass transition temperature
isavariable,* changing from the amorphous phase which is highly constrained such that the glass

transition temperature is shifted to high temperatures (so-called Ty) to the unconstrained core
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amorphous phase which preserves a low glass transition temperature (so-called Tg). The
interlamellar shear in HDPE is an interfacial frictional event; unlike the case of the[3 relaxation in
LDPE which corresponds to the amount of bulk amorphous phase, it is dependent upon the

characteristics of the interface. It should be noted that the 3 relaxation has also been investigated
by dynamic mechanical rdaxation * as well as didectric rdaxation studies.  However, the
activation energy for this 3 transition, which is calculated by the authors utilizing the Arrhenius

equation, %%

was found to be higher than that of the a relaxation. Therefore, it is unlikely that
such a B relaxation, denoted as B, by the original authors, % is the same as that addressed in this
study which is believed to be induced by interlamelar shear.

Thus, it is believed that the a, process should be regarded as an intralamelar process. As
proposed by Tagayanagi, et al, ®%° the inter-crystal-mosaic-block shear is the origin for such a
relaxation. It was further suggested by Kawai, et a. ¥ that the intralamdlar relaxation is
associated with the reorientation of crystal grains within the crystalline lamellae about the a- and
b-axes. However, it should be pointed out that the existence of a mosaic-block texture within the
crystalline lamellae, as originally proposed based on the SAXS studies for fibers ** has been

questioned by some authors. “**

55 Conclusions

Dynamic mechanical tests were carried out on melt-extruded uniaxially oriented HDPE
films at different orientations with respect to the original MD which displayed anisotropy of the
mechanical a relaxation. In addition, the morphology of the samples before and after the dynamic
mechanical tests were also investigated. It was confirmed that the multiplicity of the mechanical a
relaxation is indeed due to different molecular mechanisms rather than caused by the distribution
of crystalline lamdlar thickness. For the 0° and 90° orientations, the mechanical a, and qy
relaxation processes were observed; whereas, for the 45 ° orientation, an interlamelar shear
related relaxation was generated as well as the mechanical a, reaxation. The o, relaxation is

bdieved to be a intracrystalline process, and it is rated to the anisotropy of the crystal lattice
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potential. The , rdaxation is anintralamellar process and it is related to a grain-boundary motion
within the crystalline lamdllae. The interlamdlar shear relaxation is related to the area and nature

of the interface between crystalline lamellae and the amorphous phase.
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