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Abstract

Planar defects such as free surfaces and grain boundarmastats andalloys play
important roles affecting many material properties such as fracture toughness, corrosion resistance,
wetting, andcatalysis Their interactions with point defects and solute elements also play critical
roles on governing the microstructural evolution and associated property changestanals
This work seeks to use atomistic modeling to obtain a fundamental understanding of many surface
and interface related propertiesdgophenomena, namely: orientatidependent surface energy of
elementaimetalsand alloys, segregation of solute elements at grain boundaries and their impact
on grain boundary cohesive strength, gretontroversiakluggish diffusion in both the bulk and
grain boundaries of high entropy alloys. First, an analytical formula is derived, which can predict
the surface energy of amybitrary(h k |) crystallographic orientation in both bodgntereecubic
(BCC) and facecentereecubic (FCC) pure metals, ugimnly two or three lowndex (e.g., (100),

(110), (111)) surface energies as input. This analytical formula is validated adabist
independensingle elemensurface energies reported in literatarecalculated by the present

author and it proves to be highly accurate easyto use This formula ighenexpanded to include



the simplecubic (SC) structure and testadainst4542 surface energies of metallic alloyfs
different cubic structures, and good agreement is achieved for most 8asend, the effect of
segregation of substitutional solute elements on grain boundary cohesive strength in BCC Fe is
studied. It is found that the bulk substitution energy can be used as an effective indicator to predict
the embrittlement or strengthegipotency induced by the solute segregation at grain boundaries.
Third, thecontroversivacancymediated sluggish diffusion in an equiatoR@NiCrCoCu FCC

high entropy alloy is studied. Many literature studies hpestulate that the compositional
complexity in high entropy alloys could lead to sluggish diffusion. To test this hypothesis, this
work compares the vacanayediated seffliffusion in ths modelhigh entropy alloy with a
hypothetical singleelement material (called averageom material) that has similar average
properties as the high entropy alloy but without the compositworaplexity. The results show

that the seldiffusivities in the two bulk systems are very similayggestingthat the
compositional complexity in the high entropy allayay not besufficient to induce sluggish
diffusion in bulk high entropy alloyBased on the knowledge learned from the bulk altbg
exploration of the possible sluggish diffusion has been extended to grain boundaries, using a
similar approach as ithe study of self-diffusion in bulk. Interestinglythe results show that
sluggish diffuson is evidentat a 5(210) grain boundar in the high entropy alloy due to the
compositional complexity, especially in the low temperature regime, which is different from the
bulk diffusion. The underlyingmechanismgor the sluggish diffusiorat this grain boundary is

discussed
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General Audience Abstract

Human beings havatilized metalsand alloysfor over ten millenniaand learnedmuch
from them Based on thaccumulated knowledgéheyhave countless applicationsonr current
daily life. However, here is still much to learfor improving our current technology and even
openng newopportunities Throughoutmost ofhistory,our understanding ahese materialeas
largely obtained througlempiricalexperimentatiorand refinng theminto theories andcientific
laws. Nowadays due to the advancemenits computer simulationswe can learrmore by
modelingthe behaviors ofmetalsand alloysat the lengthand timescalesthat are either be too

arduouscostly, or currently impossiblexperimentally

This work aims atusing computermodelingto studysomeimportantsurface/interface
relatedphysical behaviorandpropertiesn metakand alloysat the atomistic scal€&irst,this work
intends todevelop arobustsurface energy modéh an analytical fornfor any crystallographic
orientation.Surface energy isn importanimaterialproperty for many surfaeeelated processes
such adracturing,wetting, sintering,catalysis, anarystalline particleshape Surface energy is
different at different surfaceorientations, andpredicting this difference is important for
understanding thessurface phenomenaSecond,the effect of solute segregation on grain
boundary cohesive strength studied Most commonly usedhetallic materialsonsist of many
smallcrystallinegrainsand te borders betweghemare called grain boundarieshich are weak

spots for fractureThe minimum energy required to s@iboundaryis called the grain boundary

iv



cohesive strengtiThe presence cfolutes or impuritieat grain boundariesan further alter the
cohesive strength better understanding of this phenomena will eventualp us develomore
fractureresistant materials. The third project deals withpibssiblesluggishretardediffusion in
high entropy alloys, which contain five or more principiidying elementand have many unique
mechanical, radiationesistant, and corrosieresistant propertiesMany researchers attribute
these unique properties to telow speciediffusion in these alloys, buts existence is still
controversialThis workstudies the atomitevel diffusion mechanism#n an FeNiCrCoCuhigh
entropy alloybothin bulk (graininterior) and at grain boundaries in ordeidigtermindf sluggish

diffusion is present and its causes.
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Chapter 1. Introduction
This work is divided intathree projects that explore the energetics and kinatidhe
surfaces and interfacés metals and alloys, using atomistic modeling methddie effects of
surfaces and interfaces become more impodsihte system or grain sizecomes smaller

1.1Development of Analyticaburface Energy Moded
The first projectis focused orthe formulation of analyticalmodel that can predict the
surface energy oélemental metals, ordered and disordered alleyg BCC, FCC, and SC

structures.

Surface energy islosely related téhe minimum energy required to splé material It is
importantfor fracturing,grain boundarglecohesion, roughening, faceting, crystal growth, particle
shape and many other phenome3wrface energy is anisotropic because it depends on the surface
crystallographic orientation. The anisotropy is critical for
predicting the equilibrium shape of a crystalline particle.
Surface energy is commonly obtained using the
measuring of the contact angle of liquid droplets
showvn in Fig. 1.1 This techniquél] uses the relationship
between the solid/liquid, liquid/vapor and solid/vapor
interfaces. This relationshigtates thathe energy of the

solid/liquid plus the liquid/vapor interfaces is equal to the

Figurel.1 Water droplet at DWR , _ _ , N
coated surfaceThis image was solid/vapor interface in the horizontal direction. The

attributedto the Wikipediacommons  solid/vaporinterface energys another definition for the
by Brocken InagloryunderCC BY-

SA 3.0 surface energy. This method for obtaining the solid/vapor
interfaceenergyis only valid at the melting temperature,

therefore it cannot distinguish the surface energies of different orientaticrslelr to obtain only

the surface energy, the vibrational entropy and the configurational entropy have to be estimated.

The uncertainty of this method makesdliificult to obtain surfacerientationdependent energies

andonly the average surface energy of the material in question can be obtained. Other methods

for obtaining surface eness such as cleavage fractuf®], or the zerecreep method3] also

suffer from uncertaintiehatars oo | arge t o esti mate the surfac


https://sites.google.com/site/thebrockeninglory/

The lack of experimental data can be alleviated through the use of computational methods.
For exampleVitos et al [4] usal the atomic sphere approximation along with the generalized
gradient approximation to produce a database ofital@x surface energies for 60 metals. The
materials projecf5] now has surface energy data for a vast number of materials. However, such
atomic calculations are very tire®nsuming if one wants to know the surface energies of different

crystallographic orientationa different materials

In this work we try to develop an analytical formula that only needs 3 surface energies for
bcc or fce crystals as input parameters. The formula can then predict the surface energy of any
arbitrary (h k l)crystallographic orientation. This formula would be useful to obtain the shape of
small particles using the Wulff construction, or as a step in the calculation of surface properties
such as catalytic capacity or even bulk properties such as fractureésagimt fatigue resistance.

We usel255independensurface eneigs reportedn the literatureor online databasand 3102
surface eneiigscalculatedn this workto test the developed formula. This is all done in depth

chapter 2.

Chapter 3 exparsthe model to include the simple cubic structanel test the model for
the case obrdered and disorderamncentrate@lloysincluding highentropy alloysn all three
structuresin concentrated alloys, surface energy depends on not only the surface orientation, but
also the atomic configurations at the surfacéotal of 4542 surface energieballoysreported in

literature or calculated in this wogte used to test the model.

1.2 Grain Boundary Segregation and Cohesive Strength

Grain boundary cohese strength can be stronglyfluenced bythe solutédmpurity
segregationSolutes that weaken said cohesion facilitatigtle intergranular fractre, which in
turn leads to material failures. A greater understiang of the effect of solute segregation is

therefore importanfor predictingmaterial safety and reliability

Experimental methods for obtaining the change in grain boundary cohesion caused by
solute segregation often separate the boundary through intergranular brittieefrabile
measuring the energy for the split and then analyze the average chemical composition of the new
surfaces through Auger electron spectrosd6pyThis approach is limited to brittle material®n



the other hand, computational studies can simulate different types of grain boundaries with
different solute concentratiorf§-9]. These methods are limited though by system size and

different approximations depending on the method.

Grain 1

Grain 1
°o\Po 00, d
0 ¥/ 0

i

— > xy Lost
- bonds

0 ¥/p0®

Grain 2

Grain 2

Figure 1.2 The split of a grain bounddmeaks thdondsalong
the boundary

In this work, the effect of different solutes on the colesitrengthsat different bcc Fe
grain boundaes are studiedand linked to the bulk substitution energy of the solute. The bulk
substitution energy is the energy difference by replacing an atom with a solute atom in the bulk
compared to the perfect bulkhe bulk substitution energy directly compares the strength of the
solutesolvent bonds to the solvesblvent bonds, and this comparison can be used to estimate
whether the solute will embrittle strengthen the grain boundary cohesion. Theretfioeestrength
of the solutebroken bondgFig. 1.2)as a result o$plitting the grain boundary has important

effect in grain boundary cohesion. Thistadied inchapter.



1.3 Sluggish Diffusion in aModel High Entropy Alloy

High entropy alloys(HEASs) are novel materials that forgo the idea of one or two main
elements in conventional alloys to at least five major elements. These new alloys show promise in
highfracture toughnesshermal stability, highemperature strengtietentionand other properties
[10-12]. The reason ipresumablydue tothe 4 core effects of high entropy alloys: high entropy,

sluggish diffusion, severe lattice distortion and cocktail effddk

Sluggish diffusion is highly desirabfer some applicationas itcould be the underlying
reason for thehigh-temperature structural stability and higgmperature strengthetention
However, here is no conclusive study that has determined what causes sluggish diffusion in high
entropy alloysin fact, manyexperimentastudies do not see]it4, 15} The best cagd 6] reports
a strongsluggisheffect if the comparison is done in the normalifedmologou¥ temperature
scale. Daw and Chandrogs/] conductedmolecular dynamic simulations of vacancy migration

in differentconcentrated alloys includingEAs and onlyobservedhesluggishness a few cases.

Our goal in this work is telucidate if the sluggish diffusion exists in HEAs and understand
the underlying mechanism$o achieve thismolecular dynamic simulatiorgre conducted to
study vacancymediated diffusionboth in bulk and at a grain boundary the equiatomic
FeNiCrCoCumodelHEA. The results areompareé with its Average Atom potentiaounterparts
to determine if the diffusion is sluggishhe Average Atom potential is used to model a fictional
material that has the same average properti@s te bulk HEA. This method allows an ideal
comparison as the Average Ataonaterial is lack oEompositional complexgswhile theyexists
in the HEA. The different local compositioimsthe HEAare thought to create local trapping sites.

The trapping sites are expected to slow down diffusion.

This projects divided irto two parts chapter$ and6 respectively. The first repabulk

diffusion simulations as a baseline while the second regrain boundary diffusion simulations.



Chapter 2. A New Analytical Surface Energy Model for Arbitrary (h k I)
Surfaces in BCC and FCC Metals

2.1 Abstract

A new analytical surface energy model (E@) that is free of adjustable parameters has
been developed to accurately predict the surface energies of arbitrary (h k I) crystallographic
orientations in both BCC and FCC pure metals, using only (100), (110) and (111) surface energies
as input. The formlation is established by expanding the original brelxend model up to thed
nearest neighbor shell and considering the surface relaxation effect. In addition, this model consists
of only one single formulger crystal structure, overcoming the geometric complexities in
previous models in which multiple equations are needed for different surface groups. The
analytical model has been validated through the comparison with 4357 independent surface
energies. Thesdata include the energies of 517 unique surfaces per metal in Fe, Cr, W, Cu, Ni,
and Al (a total of 3102 surface energies) that are calculated through our molecular dynamic
simulations, and excellent agreement is obtained. The validation data alsoe irk266
independent surface energies in literature or online database for up to 46 BCC and FCC metals
that were calculated by either molecular dynamics or density functional theory. The agreement is

still very good for most of the data, demonstrating theistness of our new model.



2.2Introduction

Surface energy is originated from the atomic bond breaking at a free surface. For fracture,
it is the minimum energy per surface area required to split a solid into two free surfaces. It is a
fundamental material property that influences the shape ofesirgktals[18], resistance to
fracture[2, 8], sintering[19], roughenind20], wetting[20], faceting[21], and other properties or
processes of solids. For example, Pd nanoparticles are used for catalyzing the oxidation of formic
acids[22]. The (111) and (100) facets are the two main facets in FCC nanoparticles due to their
relatively low surface energies, with (111) being much more present but (100) being better for the
catalyzation. With sufficient orientatiesiependent surface energy alabne can determine the

equilibrium shape of a nanoparticle using the Wulff cons{@g;t24]

There are many methods for experimentally measuring the average surface energy of
materials. Some methods are particularly suitable for specific material types. For example,
cleavage experiments can be used for brittle matd@alsvhile zeracreep experiments can be
used for ductile material@]. Other methods include measuring the contact angle of a liquid
droplet on a surfac5], extracting solid surface energy from liquid surface tension and solid
liquid interface energjl], determining the elastic modulus of submicrometer powder assemblies
[26], and studying the equilibrium shape of a crysta[l&é]. However, there are arduous and
expensive challenges for experimentally measuring the surface energy of a specific
crystallographic orientation. Some challenges can include, for example, the need for a sufficiently
large perfect flat surface, the oxidatimyer removal, and a sterile environment to prevent surface
oxidation. Because of these challenges, there is a severe dearth of experimentally measured
orientationdependent surface energies in literature. As a result, most of the experimental surface
energies are the average (isotropic) values. Even though some oriediggiemdent surface
energies had been reported in experiments, they were typically only feindew surface
orientations, such as (100), (110), or (111) in cubic matef2als 28] On the other hand,
computational methods can offer alternative ways to obtain orien@¢pendent surface

energies.

Atomistic-scale computer modeling methods such as molecular dynamics (MD) and
density functional theory (DFT) are widely used for calculating materials surface energies of

different crystallographic orientatiof, 5, 24, 2932]. For example, Tran et al. conducted high



throughput DFT calculations and obtained the surface energies of more than 100 polymorphs of
about 70 elements for the Miller index up t§23]. Zhang et al[31] used MD simulations with
modified embeddedtommethod (MEAM) potentials to calculate 38 surface energies in each of
10 facecentereecubic (FCC) metals Cu, Ag, Au, Ni, Pd, Pt, Al, Pb, Rh, and Ir. Later Wen and
Zhang [32] conducted MD simulations using modified analytical embeddedtrmethod
(MAEAM) potentials to calculate 24 surface energies in each of 12 BCC metals Li, Na, K, Rb,
Cs, Fe, W, Mo, Cr, Ta, Nb, and V. In addition, there is a large amount of surface eat@rgy d
online databases. For example, the Materials Prffed one of the largest repositories for many
material properties that are calculated through DFT modeling, including surface energies. In this
work, a total of 4357 surface energies from the Materials Prfg¢hote many of its surface
energy data ar e [R4),Zhanglet af3id], Veéeh et @[B2], &s svellwourlown

MD simulation results will be used to test and validate the analytical surface energy model

developed in this work, as discussed later in this manuscript.

Although the atomistic modeling techniques are very powerful for-thighughput
calculations of surface energies, they still have many limitations. For example, a new simulation
needs to be conducted for each surface orientation and each materialtitmathei accuracy of
MD results strongly depends on the quality of the interatomic potentials, while DFT can only
handle small system sizes and thus-lodex surface orientations. Therefore, it would be very
useful to develop some theoretical or anafftrnodels that can accurately predict surface energies
while only use some basic material properties as input. Previously, researchers have developed
different types of surface energy models. The theoretical jellium ni88glor its improved
version by Lang and Kohi34] requires fundamental knowledge of materials such as the electron
density, the effective potential, and the electrostatic potential. They reported an average of 25%
deviation from the experimental liquid surface tension data, which are only for averfage sur
energies and not orientation dependent. A structural unit model proposed by Mutasa and Farkas
[35] can calculate the surface energy of any (h k 0) surface in both FCC and BCC metals if the
energies of the (100) and (110) surfaces are known. Wang ¢B64lthen extended the
aforementioned formula to calculate any (h =lksurfaces in both FCC and BCC. However, this
model cannot predict the surface energy of any arbitrary (h k I) surface. Some other models are
based on the concept of broken bonds because the surface energy is primarily attributed to the

number of brokeibonds at a surfag87, 38] The brokerbond model tracks the number of broken

7



bonds at a (h k I) surface. Friedel et[8P] were the first to present a broken bond formula for
predicting surface energies. Later Mackenzie €f3dl. corrected some errors in this model and
showed how to derive it. Gakanakis et[40, 41]showed that their modified broken bond model
worked well for noble FCC metals. Other researchers, including Nicf##gswang et al[43]

and Jiang et aJ44], have sought to improve the model for their applications. In these broken bond
models, the main input is the energy of a broken bond, which is not well defined. Typically, this
energy is approximated as the cohesive energy per atom divided by the nidiriBerearest
neighbors (NNs), as applied in these stuflzds 37, 44] However, the underlying assumption of

this treatment is that the energy of a broken bond is the same as that of an unbroken bond. In other
words, the surface atoms have no relaxation. In addition, this treatment also assumes that the bond
energy is onlyan outcome of pair interaction while ignoring the mdmogy effects, which
typically exist in metals. As a result, the bond energy or other parameters in the model often need
to be empirically adjusted2, 43] or the original model needs to be modifj2dl, 44] Moreover,

the formula becomes more complex if more NN shells are added, which will be shown in the

Methods section.

This work proposes two new ideas to both generalize and simplify the Hookelrmodel,
especially when more NN shells beyond tAfENIN shell are included. Both ideas will be explained
in detail in the Methods section. The first i
model[37] so that it is no longer complicated by the addition of more NN shells. Although our
new model can easily incorporate as many NN shells as desired, this work shows that the inclusion
of the 3% NN shell is sufficient for accurately predicting the (h k 1) surface energies in many BCC
and FCC metals. The second idea is to use some basic surface energies such as those of (100),
(110), and (111) surfaces rather than the cohesive energy as inpud. thisi approach, the
aforementioned limitations in the brokbond models such as ignoring the surface relaxation and
manybody effects can be solved. In addition, the new model is truly analytical as it does not
contain any adjustable parameters. After the new analytical model is developed, the resultant
formula iscompared to 4357 surface energy data that are calculated from atomistic modeling for
validation. To obtain such data, MD simulations with EAM potentials are conducted in this work
to calculate the surface energies of 517 unique surfaces in each of@@aadtals (Ni, Cu, Al)
and three BCC metals (Fe, Cr, W). In addition, the-8#élrulated surface energies of 38 surfaces
in each of 10 FCC metals (using the MEAM potential) by ZH&igiand 24 surfaces in each of

8



12 BCC metals (using the MAEAM potential) by WER] are used as additional data for
validation. Finally, the DFpredicted 587 surface energies of 46 BCC and FCC metals in the
online Materials Project repositof$] are also used for validation. The agreement between our
new model and these independent data is excellent in most cases.

2.3Methods
2.3.1Background of the brokenbond model

First we do a little background review of the brokem nd model from Macke
[37] work. The most basic step of the brokeand model is to determine if a bond is broken at a
given (h k I) surface. Here the refence point is an atom (0,0,0) on a flat (h k I) surface. Due to the
cubic symmetry of BCC and FCC structures, only surfaces@ith'Q & mare considered.
This reduces the total number of possible surfaces by a factor of 48. Before the surface is created,
the reference atom is surrounded by an ideal number of neighboring atoms within a given cutoff
distance and each of them forms a bond withreference atom. The bond is along the direction
[ui vi wi], where i represents the ith surrounding atdhre dot product between the surface normal
and the bond direction, [h k §[u vi wi], can be used to determine if the bond is broken. The
result of the dot product falls into three groups of values: negative, zero, and positive. In this work,
a negative value means the neighboring atom i is below the surface or in the bulk (an unbroken
bond), a zero value means the neighboring atom i isaight surface (an unbroken bond), while

a positive value means the neighboring atom i is above the surface (a broken bond).

There are 12ANN atoms and 6" NN atoms for an atom in a bulk FCC crystal. Since all
the surfaces under consideration are limitedo 'Q & 1 only some of those bonds can
ever be broken (i.e., the dot product can have a positive value), namely: ¥2([110], [121][]110
10], [011], [0%1]) for the F'NNs and [100], [010], [001] for the"2NNs in an FCC crystal. On
the other hand, there are 8 INs and 6 2 NNs for an atom in a bulk BCC crystal. Similarly,
only 5 of F'NN bonds and 3 of the"®NN bonds can ever be broken. They are: ¥%([111}1[11
[1-11], [1-1-1], [-111]) for the  NNs and [100], [010], [001] for the"?NNSs in a BQ crystal. It
should be noted that for some (h k I) surfaces the dot products with these bonds can still be negative
(for BCC) or zero (for both BCC and FCC). In such cases, the bonds are not broken.



If the broken bonds from botlitand 29NN shells are included, the surface energy formula
for the BCC and FCC structures are:

0 .
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wheref _ is the surface energy, = [h k [] is the surface normag; $= NQ Q a isthe

magnitude ofj, is the volume per atom (1/2%for BCC and 1/4 & for FCC, where @is the

lattice constant)Q is the energy of the®INN bond and ‘O is the energy of the"?NN bond. It

should be noted thalackenzie et al[37] did not provide a simple way to obtdih or”, so Eq

(2.1)is not easy to use. The region 1 for BCC structure is'@®gr 'Oz & 11 while region 2 is

for "z 'Oz & T The need for 2 regions for th& KINs in the BCC structure is to ensure that

only up to half of the ENN bonds (i.e., 4) can be broken at the same time. If more NN shells are
included, there could be a need for even mor e
this work, which is discussed in more detail later in this subsection. Everythitmthis point

can be found i n NB3]cakheuglzitiisenot straightdorward ®© undesstalkd how

Eq. @.1) is derived In the following, we attempt to provide sufficient details about how to derive

Eq. 2.1) and lay the ground for improving the model.

In Eq. @.1) for FCC, there are tweectors: [2 1 0] for theINNs and [1 1 1] for the"®
NNSs. This is obtained by adding the directions of all possible broken bonds for each NN shell. So
for the B'NN shell,%([110] + [101] + [161] + [1-10] + [011] + [0%1]) = [210]; and for the @
NN shell,[100] + [010] + [001] =[111]Her e we <cal l ed these vectors
( S B B)j,®,q], Where j represents the jth NN shell..E21) can be thought of as the energy
per broken bond multiplied by the number of broken bonds ptrcguarea in each NN shell (i.e.,
the density of broken bonds). This will be explained more when we propose the second idea of

this work. Part of the information needed for the density of broken bonds is the sum of the dot
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products of the broken bonds with Note that because the constraintdf Q & m, the dot
product ofg with any of the FCC %Land 29NN breakable bonds can only result in either zero
(not broken) or positive (broken); therefore, mathematically the sum of each individual dot product
will be the same as the dot productofvith the SBB. This is a great shortcut and the reason why
Eq. 2.1) is simple for FCC.

The region problem in the BCC structaeses from having too many bonds that can be

possibly broken by a flat (h k I) surface, if (h k I) follod® Q & 71 As previously
mentioned, 5 out of 8INN bonds in the BCC structure can be broken by all possible (h k 1)
surfaces. Clearly a flat surface can only break a maximum of half the NN bonds for a central atom
right at the surface. Therefore, only 4 or less out of ti&MNLbonds can be broken at any given
(h k 1) surface for the BCC structure. The twdNN bonds along the 1J2-1-1] and 1/2§111]
directions cannot be broken at the same time, as they are opposite to each other. The dividing
surface forthe two regions satisfié€z "z & 1, which is perpendicular to tHg2[1-1-1] and
1/2[-111] bonds Therefore, region 1 i&x O & 1 and region 2 ISz ‘@ a 71 As
mentioned earlier, the separation of two regions ensures that only a maximum of 4 bonds can be
broken at once in each region. However, it also forcesZD). o become a pieesise function
for the BCC structure. So in region 1 the SBB is; fB, qu] = ¥%2([111] + [131] + [1-11] +[1-1-
1]) = [2 0 0] for the ¥ NN shell andoz, pz, ¢¢] = [100] + [010] + [001] = [111] for Z'NN shell,
respectively. Sinc&/2[1-1-1] and 1/2}111] cannot coexist in the same region, in regite2SBB
becomego1, p1, qu] = Y2([111] + [121] + [1-11] + [-111]) = [111] for the ¥ NN shell, which is
the same apy, P, ] = [111] for the 29NN shell.

Now it is necessary to discuss the region problem when more NN shells are included and
our proposed solution. ThéNN shell for BCC has 12 bonds, out of which only up to 6 bonds
can be broken so there is no region problem. As a result, the formula can be easily expdhded to 3
NN shell for BCC if the 8 NN bond energy is supplied. However, this is not the case for FCC.
There are 243NN bonds for FCC and 15 of them can be broken even when the constraint of
"Q Q & mis applied. Thereforehe region problem also emerges for the FCC structure
when the 3 NN shell is includedThere are 6 out of the 15 breakable bonds in thal8 shell
having their opposites, in other words 3 pairs:1*4[ 2] and %2 [21 -2], Y[-1 2-1] and %%[1-2 1],

%[-1 2 1] and Y2[2-2 -1]. Given that there are 8 possible combinations taking one of each pair,
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there could be up to 8 regions to account for fA&BI breakable bonds in FCC. Although it is
found that only 5 of them are needed, they still complicate the formulation significantly. In
summary, the original brokdmond model has two major limitations: (1) different geometric
regions need to be treateifferently and the complexity increases as more NN shells are included;
(2) the bond energies of different NN shells (€@y.for the F*NN bond and ‘O for the 24NN

bond in Eq.2.1)) are difficult to calculate separately and accurately. In addition, the bond energies,
which are usually calculated based on the cohesive energy in a bulk crystal, may not contain the

surface relaxation contribution.

2.3.2First idea for improvement

To solve the multipleegion problems, it is proposed that one more step is added for the
dot product process to find if a bond is broken or not. Since the region problem is caused by pairs
of opposite bondssuch asl/2[1-1-1] and 1/2f111] in the # NN shell in BCC, the dot product
between [h k I] and each of opposite bonids.,(x =[h k I] Qui vi wi]) is processed with the
following equation:

Y= & (2.2

If the dot product x is positive (i.e., a broken bond), then the processed dot product is unaffected:
y = X. If the dot product x is zero or negative (an unbroken bond), then y = 0 so that this unbroken
bond will be ignored. Using EqR ), at most one of the opposite bonds (and also the correct one)
will be kept as a broken bond for any given (h k I) surface, because the opposite bonds always give
opposite or zero dot products. For other breakable bonds that always lead to positieedot ze
products wih [h k I] (recall’Q "Q & 1), such asui vi wi] = 1/2[111], 1/2[11-1], 1/2[1-11]
in the P'NN shell in BCC, they are added directly in the SBB. For exarfplep:, c] = 1/2[3 1

1] for the above three breakable bonds.

Applying this additional step, the BCC portion of EZ 1] changes to a single equation:
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After some rearrangements, the above equation has a simpler form:

2 S 3 S »
(g T - 0P il T il < P P @ forBCC. @3b)

Using this method, only one or none of the two opposite bdigdd {1-1] and 1/2{111])
will affect the SBB for any (h k ). Therefore, different regions are no longer needed. Similarly,

the procedure can be applied to tffeoB as many NN shells as desired.

2.3.3Second idea for improvement
The second idea proposed in this work is to obtain the strength of the broken bonds from a
few basic surface energies so that the aforementioned surface relaxation efigetsiet! bond

energies, and maryody interaction problems can be solved.

The contribution of each NN shell to the surface energy in Ef)) ¢an be seen as the

product of the energy per broken bond multiplied by the geometric information of the surface.

Here the expressior?'—?ﬁ%hz ﬁl) is extracted from EQ.2(1) and defined as the density of

broken bonds per area of a givgrr [h k [] for the jth NN shell:

n P
; —=OtMmm 2— @4

where  is the density of broken bondQepresents the jth NN broken bond}(2", 39 NN,

etc. ), and [h k 1] i's the surf ac ey sorfacenaad . Her
¢ M M is the SBB for the jth NN broken bond. For example, in Eq.) for the FCC structure,
[210] is the SBB for theSINN broken bonds and [111] is the SBB f6f RN broken bonds.

In the following example, we show how to obtain the geometric information of the (311)

surface in an FCC crystal in two ways. In the first approach, we directly count the number of
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broken bonds in each surface layer and divide it by the surface area. An atom in the (311) FCC
surface (z direction) has 5'NN and 3 29 NN broken bonds in the first surface layer,S2NIN

and 1 29 NN broken bonds on the second surface layer, an¥f NI broken bond in the'
surfacelayer. Theseadd up to 7 ¥ NN and 5 2¢ NN broken bonds over all surface layers per
atom. In the corresponding grain x=;3] @, y=[0,1;1] ® , z=[3,1,1]& , the surface area in the

x-y plane is/ic ¢ z V¢ , the number of atoms in the entire grain is 88, and the number of layers

parallel to the surface is 11. So there are 8 atoms per layer. Fot Kigs] this gives

n z M z
L W
and for the 2 NNs: = sz_ -=— Each of the above two broken bond densities is

the number of jth NN broken bonds per surface area calculated directly from the geometry. In the

second approach, we use the SBB (E&4) to calculate the density of broken bonds for each NN

hh ~ o~ o o hh ~
———Ochpft 21X —z1¥d —, §  ———DOplplp z 1T

shell: j

@ =7 (&) — Both approaches give the same results but the latte2@gs more

convenient as it uses an analytical equation.

Letbébs examine the two approaches for cal cul
example. The first approach directly counts the number of broken bonds in each surface layer and
divides it by the surface area of the grain. In order to count thb@uof broken bonds in each
layer for a central atom, one would have to do the dot product with every possible bond at each
surface layer and a positive value means one broken bond. It also needs the informatign of the
oriented grain, namely thesizeot he ot her 2 di mensions to calc
second method, which is the SBB method, obtains only the final number of jth NN broken bonds

per area through an indirect approach. It adds the distance of every jth NN breakable bond from

theq surface and divides it by the atomic voluwg, where is 1/2® for BCC

or 1/4¢ for FCC. In the SBB method, a positive dot product signifies not only its broken status
but also its distance from the surface, which gives the information of all broken bonds in different
surface layers. This is why there is no need to count the nurhjierNN broken bondsn each

layer or know x and y dimensions of the grain to calculate the grain surface area. Therefore, the

second approach is more convenient.
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After the density of broken bonds for a (h k I) surface is defined through the SBB method
(Eq.2.4), the next step is to obtain its surface energy with a few known surface energies as input
such as those of (100), (110), and (111). This improvement avoids calculating the 1NN bond
energy (k) and fitting the empirical factor J for the 29NN bond energy in Eq2(1). In addition,
since these basic surface energies already contain the surface relaxation effect, it is expected that
the new model is more accurate. This is done through a matrix equation Ax = b, where b is an
array of known surface energies, x is armamf the energies of the broken bonds in different jth
NN shells, and A is anx j square matrix that contains all the geometric information (i.e., density
of broken bonds per area). Héj & wWe ue@er@is@&nto]

to avoid confusionX is solved througlio 6 & which is:

® i f E i [
W i F\ E é [

8 8 § E & g o+ @9
W R E E R [

where® is the broken bond energy for th&NIN, & is the broken bond energy for th&¥ RIN and
so on until the inclusion of jth NN shell reaches the desired accuracy; is the known surface
energy of QQa 1 is the known surface energy °Qa , and so on. Ona@is obtained

from the known surface energies, it can be used to obtain any (h k I) surface energy through the

final formula:
I F W 5o E oW, (2.6)
Equation 2.6) is the surface energy formula. Now a warning and a clarification of the real

meaning ofin Egs. €.5) and 2.6) should be made. It was previously mentioned dhas the

energy of the NN broken bonds. This is practically correct but technically incorrect. In the FCC,
there are 121NNs but there are also 12'4Ns in the same directions but twice the distance
(e.g., [1/2,1/2,0] vs. [1,1,0]). This means that according to Eq.24), and therefore)

in Eq. €.5) will fail as they are not linearly independent. If we have 4 surface energies as input,
Eq. @.5) should solve foy, @, @ andw and 6 should be a 4 by 4 matrix with the

corresponding brokehond densitieso should be ignored as it is essentially paxboih the FCC
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structure. This is why we chose to definethetwoindéxeso and fAj 0: because al
of iterations of i and j need to be the same f

In short, the real meaning af should be
w O O O E 0O, (27)

which is the sum of all the energies per broken bd&gig the NN shells that have the same
coordinates until infinityc also has repeated NN shells, the next one in the FCC i§'tN&IS.

Al t hough we candét prove it at present, we t hi
shells are included. Therefor@, can only include the information of shells that are linearly
independent, or the inverse will fail. In practice, this is not a problem for both BCC and FCC
structures, because the inclusion of up to tHeN8I shell gives sufficiently accurate results as

shown in the Results section; however, it is something to be considered if more accuracy is desired.

Although it is straightforward to solve Eq2.4 1 6) numerically to calculate the (h k I)
surface energy, the surface energy can also have an analytical solution. This can be beneficial as
interested readers may use the analytical expression to directly calculate the surface energies of
arbitrary suréce orientations based on the known-ladex surface energies. For example, here
we present the analytical formulas if we have the known (100) and (110) surface energies and
consider the broken bonds up 9 RNs for BCC and FCC crystals,

CcQ Q a s Q s M Q oQ o s Q Q osr
mQ 1Q a
0t 6 61 28)

N Q od Nc 'Q ca
[ o MR AT oeps s
M Q o

WéEEi oqaO@ o 1
INnMackenzie et al .[87, ontybrokerebondsbup to thé'i shelll
are considered. In addition, the original equation is not straightforward to use becandé &e
difficult to obtain[43]. To further improve the accuracy, this work also considers the broken bonds

up to the ¥ NN shell. This requires three known surface energies. As a natural choice, (100),

(110), and (111) surfaces are used. The resultant analytical formulas are:
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It should be noted that the structural unit model for (h k 0) surfaces developed by Mutasa

and Farka$35], which is based solely on structuraiormation, can be reproduced by E28] if
| = 0 condition is applied.

2.4. Acquisition of independent validation data

These analytical surface energy models (EG®) (and 2.9)) will be tested with the
literature data reporteay Zhang[31], Wen[32] for 38 MEAM and 24 MAEAM surface energies
for many FCC and BCC elements that were calculated by MD (668 data). Thedlkilated
surface energies for 46 BCC and FCC elements collected by Materials Pfojetil also be
tested (587 data). In addition, we also want to test the analytical models for the fully relaxed
surfaces over a wide range of surface orientations using our own data. To achieve this, MD
simulations were conducted using LAMMIP45] to calculate the surface energies of all unique
(hkl) surfaces that follow théQ Q@ & mandia @ & ¢ 18 criteria. Under these
constraints, 517 unique surfaces are found for a BCC or FCC crystal. Three BCC and three FCC
crystals will be tested so there are 3102 surface energies calculated in this work. Overall, a total of
4357 surface energies reportedifarature and calculated in this work will be tested against our

analytical models.

The respective potentials for simulating the 517 surfaces per element in this work are Fe
[46], Cr[46], and W[47] for BCC, and N{48], Cu[48], and Al[49] for FCC. Periodic boundary

conditions are applied along the x and y axes but not in the z axis so that the [h k I] orientation is
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the surface normahll sides of each grain were ensured to be equal or larger than 2 nm to minimize
the finite size effects. All surfaces were relaxed through the conjugate gradient minimization

implemented in LAMMPS. The formula used for calculating the surface energy is

[ (2.10)

wherel s the surface energy of the simulated (h k I) free surface, E is the total energy of the
surfacecontaining grain after relaxatioi® is the bulk cohesive energy per atom of the element,
0 is the number of atoms in the grain, @nd is the surface area of the grain. The area needs

to be multiplied by a factor of 2 to account for both the +z-arfcke surfaces of the grain.

2.4Results
2.4.1Comparison of models having different NN shells

The first comparison of our new surface energy models @8). for up to 29 NNs and
Eq. 2.9) for up to & NNs) is with the literature MD databtained by Zhan§B1] and Wen[32]
for 38 MEAM FCC and 24 MAEAM BCC surfaces in each metal (total 668 surface enefgies).
comparison should shed light on how many NN shells are necessary for the combination of Egs.
(2.5) and 2.6) to be reliableThis comparison also includes thka ¢ k e rodgina dadel (Eq.
(2.1)) up to the £ NN (so” = 0). For Eqg. .1), the ' NN broken bond energy per area is
q,ho Tcm O IME P & 0 iy ¢m , whereO is the cohesive energy of each
element is the volume per atom (1/2°%for BCC and 1/4 & for FCC) and ais the lattice
constant. I't should be noted t hariginahmodeEhere mi n a't

to account for shared bond#/e noticed that Fishman et 1] did the same modification
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Figure2.1. Comparison of Eqs2(l), (2.8), and 2.9) with the MD data obtained by Zha[f]]

and Wen[32]. Equation 2.1) is only used up to*INNs so” = 0 and a denominator of 2 is also
added to the modeEquation 2.8) is up to 2 NNs, and Equatior2(9) up to 3 NNs. (a)

Testing Eqg. 2.1) with all the BCC data, (b) Testing EQ.§) for all BCC data, (c) Testing Eg.

(2.9) with all BCC data, (d) Testing E®.{) with all the FCC datdge) Testing Eq. 2.8) for all

FCC data, (f) Testing Eq20) with all FCC data. In each stigure, the solid line shows a

perfect agreement between the model predictions and actual data while the dashed lines show a
+5% deviation.

It is clear from Figure®.1(a) and2.1(d) thatMa ¢ k e nmodekfr.sR.1) with” = 0)
predictions have large discrepancies with the surface energies calculated by MD evebatiough
data setby Zhang[31] and Wen[32] have no relaxatianTheMa ¢ k e mmodele usisg broken
bond energies provided solely by cohesive energies, does not account for relaxation and should
then predict these two data sets better than all the other relaxed data shown in tiitsevoitken
Figures 2.1(a) and 2.1(d) show thiashould only be used as a fistder approximation, which
had been used as suf@i, 40, 41, 44]Clearly, the sole use of thé& NN broken bonds is not
sufficient for predicting accurate surface energies. Although this model can be extended%o the 2

NNs with” | 0, the parametér needs to be empirically fitted and it is material dependent, as
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shown by Wang et al43]. In addition, the broken bond energy is derived only from the cohesive
energy in a bulk crystal so that it does not contain any surface relaxation information. In contrast,
Egs. (2.8) and 2.9) are based directly on the surface energies so that the surface relaxation effect
is naturally included.

Figures2.1(b) and?2.1(c) show the model predictions by EQ.§) using the (100) and (110)
surface energies as input for BCC and FCC metals, respectively. It clearly shows tlza8)Eq. (
which includes broken bonds dPANs, works much better for BCC than FCC. The reason could
be that the BCC structure is simpler than the FCC and the (110) surface is the most packed plane
in the BCC structure. The appendix includes thig&lll formulas using either (100), (110), or
(111) surface energy as input and tileer up to 2 NN formulas using (100) and (111) surface
energies as input. ThH@“NN formula using (100) and (111) as input predicts better results than
Eq. @.8) for the FCC structure (not shown), possibly because the (111) surface is the most packed
plane in the FCC structure. Interested readers can test these additional formulas to see if they meet

their satisfaction.

Figures2.1(c) and 2.1(f) show the model predictions by th& BIN formula (Eq. 2.9))
using the (100), (110), and (111) surface energies as input for BCC and FCC metals, respectively.
It unequivocally shows that the more NNs and input surface energies are included, the better the
model prediction. Compared to the cases with only twiasarenergies as input, the predictions
for the BCC surface energies are slightly better while those for FCC ones improve significantly.
Therefore, the results show that mleEq. .9) gives satisfactory results for both BCC and FCC
structures, which includes broken bonds ugtdi8ls and requires three surface energies as input.

Its robustness will be tested further in the next two sections.
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2.4.2Model validation using MD data from this work
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Figure2.2. Comparison of Eqs28) and 2.9) with MD data obtained from this work,
containing 517 surface energies for each of the six eleniétis Eq. 2.8) is up to 2¢NNs

using (100) and (110) surface energies as input, while2/).i§¢ up to 3 NNs using (100),
(110), and (111) surface energies as in@tComparison of Eq2(8) to all BCC data; (b)
Comparison of Eq.29) to all BCC data; (c) Comparison of E8.9) to all FCC data; (d)
Comparison of Eq.2(9) to all FCC data. In each sfigures, tle solid line indicates a perfect
agreement between the model predictions and MD data, and the two dashed linesS¥ow a
deviation.

Figure2.2 shows the comparison of EqR.8) and 2.9) to 517 surface energies for each
of the six metalsKe, Cr, W, Ni, Cu, Al calculated by our MD simulations, more than ten times

the amount per element shown in Rdl. Figure2.2 continues the trend that the more NNs are
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included the better prediction for both BCC and FCC metals, although all data are fully relaxed in
this case. Figur@.2 also shows that EcR.8), which includes broken bonds up to tH&NINs and

uses (100) and (110) surface energies as input, predicts more accurate surface energies for BCC
than FCC. However, Eq20), which includes broken bonds up to ti&NNs and uses (100),

(110), and (111) surface energies as input, predicts nearly perfect surface energies for FCC metals,
although the predictionor BCC metals are very accurate as well. Like the comparison with
literature MD data in the previous section, the comparison with our own MD data also shows that
Eq. 2.9) is more robust than Eq.8) for both BCC and FCC metals. Therefore, in the following
section only Eq.4.9) will be further tested against DFT data.

2.4.3Model validation using online DFT database
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Figure2.3. Comparison of Eq2(9) with the independent DFT data obtained from the Material
Project repository for three BCC and three FCC melidge Eq. 2.9) is up to 8 NNs using
(100), (110), and (111) surface energies as iffpuComparison of Eq2(9) to BCC data. The
red arrow indicates an abnormal data point in the databése(310) surface in Fe. The open
red circle is our newly calculated value for this surface using DFT. (b) Comparison @t%Eq. (
to FCC data. In each siigure, the slid line shows a perfect agreement between the model
predictions and DFT data while the dashed lines sho®?&deviation.
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The results shown in Fig2.1 and2.2 demonstrate that our analytical model (E29))
can predict nearly identical surface energies as the independent MD results for arbitrary (h k I)
surfaces in both BCC and FCC metals using only three basic surface energies (i.e., (100), (110),
(111)) as input. However, the empirical potentials usedMD may not fully capture the
complexity of the surface relaxation. On the other hand, DFT calculations might give more
accurate surface energies, although the accuracy could be influenced by the calculation details
such as the system size. To test owlital model against the DFT data, the Dédlculated
surface energies of different metals in taterial Project repositor{5] are utilized for the
comparison. Figur2.3 shows the comparisons between the model predictionsXB)).4nd DFT
data for the same BCC and FCC elements as irRRgOverall, the agreement between the model
predictions and DFT data is very good, as most of the data are within or ne&f4haeviation
from the perfect agreement. One notable exception iB#® surface in BCC Fe, for which the
DFT result is significantly larger than the model prediction, as indicated by the red arrow in Fig.
2.3(a).Similar to the comparisons with the MD data obtained in this work (Eigs.& 2.2d), the
agreement is also better for the FCC metals than the BCC metals. However, it is obvious that the
model predictions have larger discrepancies for the DFT data than the MDldateould be due
to the more complex physics included in DFT calculations than in MD simulations such as electron
interactions and magnetism. However, it is also possible that some of the DFT data reported in the

Materials Project database ¢aim some uncertainties or errors.

To test if the largest outlier in Fig.3(a) is caused by an error in the database, we have
conducted DFT calculations to obtain the surface energy of a (310) surface in BCC Fe using the
Vienna Ab initio Simulation Package (VASH30]. In our DFT calculations, the simulated
reference bulk structure is oriented along the x = [0 0 1], y = [1 3 0];& £0Q] crystallographic
directions with the lengths of 8.4Q 8.96A, 8.96A, respectively. A vacuum gap of s added
in the z direction t@reate two free surfaces. The number of Fe atoms is 60. The plane wave cutoff
energy is 500 eV. The PerdieBurke Ernzerhof (PBE) functiongb1] of Fe (3d4s)) is used to
describe the electron exchangmrelation interactions. The Gaussian smearing method is used
with a Sigma value of 0.05 eV. Thex%x5 k-point mesh is used for both bulk and surface
containing structures. The spin polarization is activated to include the magnetic effect. The
magnetic state is assumed to be ferromagnetic with an initial magnetic momentos ©hé

energy convergence criterion is'1@V and the force convergence criterion is 0.012eWhe
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reference bulk structure is allowtalhave a fulvolume relaxation. After two surfaces are created
from the relaxed bulk structure, the cell shape and volume are fixed and only atom positions are
allowed to relax. Similar as in MD simulations, E&.10) is used to calculate the surface energy.
Our calculated surface energy is 2.512)Awvhich falls slightly outside th#5% deviation range,

as shown by the open red circle in RA@(a). In addition, we have downloaded the rarthogonal

Fe (310) surface structure from the original autborsw [24] &nd relaxed it using our approach
(with a much larger 4point mesh). The calculated surface energy is 2.52. ¥herefore, the
outlier of Fe (310) surface shown in F&3 is likely due to an error in the original data. This result
demonstrates that the analytical model can also be used techexdsthe accuracies of surface
energies obtained experimentally or computationally. However, the robustness of the model is
highly dependent on the accuracies of the input (100), (110), and (111) surfaceeirekye

(2.9). If any of them has a large error, the resultant model predictions would be highly inaccurate.
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Figure2.4. Comparison of Eq2(9) with the independent DFT data obtained from the Material
Project repository for 46 BCC and FCC crystalste that some crystals are not in their ground
states. Some crystals appear in both BCC and FCC datadg@t<Comparison between the
predictions of Eq.4.9) and the DFIcalculated surface energies in BCC crystals, with (a) for
surface energies as a group less than 0.8alioh(b) for those as a group above 0.2J(oi d)
Comparison between the predictions of EXP)Y and the DFcalculated surface energies in

FCC crystals, with (c) for surface energies as a group less than 8 #nd/ifd) for thee as a

group above 0.9 Jinin each sulfigure, the solid line shows a perfect agreement and the
dashed lines showi% deviation. The symbols use colored numbers for easy identification of
different elements.

Figure2.4 shows the surface energy datasets for 46 out of 51 elements currently available
in the online database of Material Projgd&jsfor BCC and FCC structures. The 5 FCC datasets

excluded either do not have all three (100), (110), or (111) basic surface energies or include extra
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values outside of the cubic symmetry such as different surface energy values for (110) and (101)
surfaces. Among the 46 elements tested here, some datasets have two different values for the same
surface orientation because one of them is for the recotestraarface. To avoid confusion, the
nonreconstructed values are used in this work while the reconstructed values are ignored. It is
remarkable that the model predictions for most of the elements stay withib%herror. There

are, however, a few elemsrhaving notable outlier values. They are BCC Mg (#5) and Tl (#9) in

Fig. 2.4(a), BCC Be (#0) in Fig. 4(b), FCC Co (#12), V (#13), Mo (#14), Nb (#15) in Fig. 4(d).
There are two possible reasons that together may explain the outliers: a) the structures of these
elements in DFT calculations are not in their ground states at Ptke lDFT data may contain

some errors or abnormal values, because for some elements thepeloked BCC (110) surface

or the FCC (111) surface is not the presumed loerstgysurface for their respective structures.

The abnormal Fe outlier in Fig.4 (b) (the same one as in F&3 (a)) has been discussed already.

The elements with most outliers in the BCC structure shown irREab) are Mg, Tl, and Be.

These 3 out of the 19 elements shown in Ei(ab) are the only ones having the HCP structure

as their ground state at 0 K. Therefore, it is possible that the BCC structure is unstable for these 3
elements in DFT calculations. In the DFT dataset, the (211) and (3&&)esuin Tl, and the (211)

and (321) surfaces in Mg have lower surface energies than their respective (110) surface energies,
which contradicts the convention that the clogestked (110) surface has the lowest energy in
BCC metals because it has fewesimber of broken bonds per surface area. Note in2E¢g-b)

Sr and Yb have the FCC rather than BCC structure as their ground state. Howe\v28) Eapnd(

DFT data agree well for the two elements, suggesting that their metastable structures were

correcty modeled in DFT.

For the FCC structure, the agreement betweenZ9). &nd DFT data is excellent when
the elements have relatively small surface energies ZHi(.)) i only a few surface energies are
slightly outside of thet5% deviation. For those elements with relatively large surface energies
(Fig. 2.4(d)), the discrepancies between E2P) and DFT data are significant for some elements,
although decent agreement is still achieved for the rest of fieenelements with many outliers
in Fig.2.4(d) are Ru, Co, V, Ma\Ib. It should be noted that the ground state structures of all these
five elements are not FCC: Ru and Co are naturally HCP while V, Mo and Nb are naturally BCC.
Therefore, it is likely that the metastable FCC structure was unstable for these elemagts du
DFT calculations. The DF€alculated surface energies of these elements also seem abnormal. For
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example, the three basic surface energies in Co are close to each other: 2{6¢ (1), 2.42

J/n? for (110) and 2.48 J/fdor (100), while some of other surfaces have abnormally high energies
such as 3.43 J/m3.64 J/mM and 4.36 J/mfor (310), (331) and (210) respectively; these high
energies are also the highest outliers for Co. V and Mo have the (210) surface with the lowest
energy, while normally it is the highesbergy surface in the FCC structure because it has the most
15' NN broken bonds pearea. For Nb, none of the two lowestergy surfaces is the presumed
(111) surface: 0.98 JAfor (322) and 1.51 J/(332) respectively, while all other 11 surfaces
have much higher energies in the range of 1.99 to 2.33 Jime DFT data for Ru have better
agreement with the model prediction than the other four elements (Co, V, Mo, Nb) and the
deviations are withir10%. However, for some other elements (Ce, Hf, La, Y, Zr, Li, Na) Eq.
(2.9) and DFT data agree well even though their ground state stsiateraot FCC. Here Ce, Hf,

La, Y, and Zr are naturally HCP, while Li and Na are naturally BCC. Nevertheless, it is evident
that Eq. 2.9) and DFT data agree well for those elements at their ground state structures, and the
large discrepancies are only from those metastable structures. Therefore, the model prediction can
be used for cross validation of the calculated for measured surfacges, like we did for the

(310) surface in BCC Fe shown in Fity3(a).

3.4. Predicting equilibrium nanoparticle shapes using more surface energies
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Figure2.5. Predictions of the equilibrium nanoparticle shapes fa) @CC Fe, and () FCC

Cu using the Wulff plots. For each element, the first Wulff plot uses thedaktlated (100),

(110) and111) surface energies from the Material Projects repository, the second one uses all
the available DFT data in the repository, and the third one uses the surface energies predicted by
our model (Eq.4.9)) for surfaces satisfyingg @ a <6.

As mentioned in the Introduction, surface energy anisotropy can affect the equilibrium
shape of a nanoparticle, which can be predicted by the Wulff plot. In the conventional Wulff plot,
typically only the three (100), (110), and (111) basic surface exseage used for BCC and FCC
crystals. As shown by Tran et 4], the equilibrium shape can change if more surface energies
are included. Since our model can predict the energy of any arbitrary (h k I) surface, we attempt to
predict the equilibrium shape ofreanoparticle in BCC and FCC metals when many candidate
surfaces are considered. The WulffPfEX], a python package, is used to predict the equilibrium
shapes. The BCC Fe and FCC Cu are selected as the representative metals for the two crystal
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structures, respectively, as shown in &&. For each element, three Wulff plots are constructed.

The first oneuses the DFTtalculated (100), (110), and (111) surface energies from the Material
Projects repository, same as in the conventional approach. The second one uses all the available
DFT data reported in the Material Projects repository, abdt Qurfacesrmeergies each. The third

one uses the surface energies predicted by our modeR(&)y).for surfaces satisfyingo ™ @ &

< 6. This includes 28 unique surfaces, although some of them do not appear in the Wulff plot. It
can be clearly seen that for each element the equilibrium shape of a nanoparticle has noticeable
changes as more surfaces are included, especially for BCC FE&(&&rs). The equilibrium shape

for the FCC Cu (Fig.5d-f) does not change much, possibly due to the dominance of {111} and
{100} surfaces in the FCC crystals. Since only a limited number of surfaces are surveyed in the
DFT calculations, some higgnergy surfaces reported in the Materials Projects repository can still
appear in the Wulff plot. Using our surface energy model, all surfaces are surveyed as long as they
satisfy the condition offa ™ Q@ & < 6. As a result, only the surfaces that meet the Wulff plot
construction criterion can appear in the plot. Therefore, it is expected that our surface energy model
(Eq. 2.9)) can provide a more complete set of surface energy data for the Wulff plot construction
and predicting the equilibrium shapes of nanoparticles, which could motivate interested readers to

conduct experiments to validate the model predictions.

2.5Discussion

This work demonstrates that our analytical model (E@)) can predict accurate surface
energies of any arbitrary (h k |) orientatioi® ( Q & ) for both BCC and FCC metals using
only three basic surface energies as input: (100), (110), and (111). The choice of these three surface
energies is for convenience because they are commonly available for many metals. However, other
surface energies maso be used as input. Equati@®] is derived from Eqs2(2, 2.4-6) and
includes the broken bonds up to tH&NN shell. If other surface energies are used as input, the
analytical form of Eq.4.9) needs to be modified accordingly, or one may nigaky solve Eq.
(2.5) and calculate the surface energy fiem @.6). In terms of the number of different NN shells
(which is the same as the number of input surface energies), this work shows that an accurate
model should include at least up to tHfeNIN shells. The accuracy of the model may be improved
further if more NN shells such as th® dr 5" NN shell is included, but the complexity of the
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model will increase significantly. In addition, it will require four or five surface energies as input,
which may not be available for some metals. Therefore,Z%).i6 recommended for calculating

the surface energies in both BCC and FCC metals as it balances accuracy, convenience, and
complexity. Although this work focuses on cubic structures, the methodology described in Egs.
(2.2,2.4-6) could be extended to other orthogonal structures such as tetragonal and orthorhombic
structures. For neorthogonalstructures such as hexagonal close packed (HCP) structure, the
modification of the model may be narvial, but in principle similar ideas can be used. Interested

readers may try to extend Eq8.2, 2.4-6) for those nostubic structures.

This work compares the analytical model (E19)) with a wide range of surface energy
data. They include the literature data based on different types of interatomic potentials (e.qg.,
MEAM, MAEAM), our own data based on EAM interatomic potentials, and the online Materials
Project database based on DFTour data, 6 elements and 517 surfaces per element are studied.
In the DFT data, 46 elements are included. Therefore, in general our analytical model is robust for
a diverse dataset of surface energies. the data obtained from interatomic potentials, the
agreement between EQ.Q) and surface energy data is excellent. For the DFT data, the agreement
is also decent for many elements. However, there are large discrepancies when the structures of
some elements are not in their ground states. We suspect that the metastable sifubnses
elements may be unstable in DFT calculations so that the DFT data contain some uncertainties or
errors. Even if an element is in its ground state, the DFT data cdu@bstain some errors. For
example, we have demonstrated that the Id&Culated (310) surface energy in BCC Fe, which
is an outlier in Fig2.3(a), contains an error. Therefore, the analytical model developed in this
work (Eq. @.9)) can be used to not only predict the surface energies, but alseclceagsthe

accuracy of existing surface energies that are obtained either experimentally or computationally.

In this work, Eq. 2.9) is only tested for elemental BCC and FCC metals. It is unclear if the
model can also be applied to concentrated alloys such asehigipy alloys. In concentrated
alloys, the elements can form either ordered structures (e34l,With a L1, structure) or random
solid solutions. Previously, Mutasa and Farj@tq developed an analytical model forsNi that
can predict anyh( k 0) surface energieXY "Q ) using (100) and (110) surface energies as
input. By setting=0inEq.28) f or the FCC structure, our mod

model. Therefore, it is expected that our analytical model &9))(may also work for ordered
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alloys, although future tests are needed to prove this. If an alloy forms a random solid solution, the
surface energy depends on not only its crystallographic orientation, but also the atomic
configuration of alloying elements on the surface. As a rakelenergy of each surface may have

a range of values. However, the mean surface energy of each surface could still be predicted by
our model. Future tests are needed to evaluate if2E).¢an be extended to concentrated alloys

including high entropy &ys.

The analytical model (Eq2Q)) is based on the unrelaxed surface geometry (i.e., the
number of broken bonds of each surface). One implicit assumption is that the surface structure
does not change significantly after relaxation so that the number of broken bonds remains
unchanged. Aother implicit assumption is that each broken (or unbroken) bond in the same NN
shell has a similar energy. For metals, valence electrons become free electrons so that a broken
bond may not cause significant energy changesafhy unbroken bonds. The good agreement
between Eg.4.9) and DFT data indeed underscores this expectation. However, for materials with
covalent or ionic bonds, the broken bonds may cause complex charge redistribution on the
unbroken bonds and thus change their energies significantly. In addition, signdicéate
reconstruction in such materials could also occur (e.g., Si). Therefore, while it is expected that our

analytical model may work well for metals, it may not for covalent or ionic materials.

2.6Conclusions

In this work, a new analytical surface energy model (E§))is developed for both BCC
and FCC pure metals, which can predict the surface energies of arbitrary (h k |) surfaces using
only (100), (110), and (111) surface energies as input. No empirical fitting is involved in the model
development. The model issed on the concept of broken bond model but with some important
improvements. First, the model is generalized to include broken bonds of more NN shells but
simplified in the formulation. As a reluit does not need to deal with the complexity of different
geometric zones even if more NN shells are included. Second, the model uses a few basic surface
energies rather than the-defined bond energy as input so that the surface relaxation effect is
naturally included. In addition, unlike in the original broken bond model that has adjustable
parameters, our model does not have such ambiguity. Our model is validated by 4357 independent

surface energies calculated by MD and DFT from different souregdading the 3102 surface

31



energies (517 surface energies per metal) for 6 BCC and FCC metals directly calculated by MD in
this work, and 1255 surface energies in up to 46 BCC and FCC metals calculated by MD and DFT
in literature or online database. The excellent agreement betlveemddel predictions and
independent data is remarkable, demonstrating the robustness of this model. Some discrepancies
do exist, but they are likely induced by possible uncertainties or errors in DFT data because they
mainly come from those metals with tastable structures. Therefore, the model can be used to

not only predict the orientatietlependent surface energies in different metals, but alseanresk

the existing data obtained from experiments or simulations.

These improvements make the model much easier to use, and most importantly, they make
the model predictions more accurate than the original brbkad model. The methodology for
developing our model is presented in Eds2,(2.4-6), from which numerous formulations of
surface energy models can be developed, depending on the number of included NN shells and
input surfaces energies. The methodology could be extended toub@nstructures such as
orthorhombic and HCP structurd@his work chooses EqR Q) as our recommended model, which
includes broken bonds up t& 8IN shell and uses the (100), (110), and (111) surface energies as
inputs. It is expected that this model can be useful for the scientific community as itis-aasy
and highly accurate. The model could also be used to predict surface energies iratatce

alloys, although this expectation needs to be tested in the future.

32



2.7 Appendix
Model for the £ NNs only and the (100) surface energy as input:
cQQ & ¢sQ Q s
Qo Q a

»

"QED OO

I "Q¢ 006 6 (2.A1)

"
Model for the ¥ NNs only and the (110) surface energy as input:

cQQ a sQ Q &
R @ &

QED OO

A "0t05 6 (2.A2)

Model for the #NNs only and the (111) surface energy as input:

cQQ & sQ Q &
Lo Q Q&

-4

"QED OO

[

= "Q€ 00 0 (2.A3)

Model for the # NNs and 2¢ NNs and with the (100) and (111) surface energies as input:

Mo'Q c™@ a s'Q Q o cQ Qa sQ Q. ,.,...
i — Qe ® 0O
oM Q «a

Q¢ 06 6 (2.A4)

The model for the INNs and 2¢ NNs and with the (110) and (111) surface energies as
input cannot be done analytically for BCC because the A matrix cannot be inversed.

33



Chapter 3 Assessment of AnalyticaBurface Energy Model forany Arbitrary
(h k1) Surfacesin Ordered and DisorderedConcentrated Alloys

3.1 Abstract

Recently, an analytical surface energy model has been developed, which can predict the
energies of arbitrary (h k 1) surfaces in BCC and FCC elemental metals with an impressive
accuracy. The model uses the geometric information of surface broken boodbe@tnearest
neighboring shell, and only requires three basic surface energies ((100), (110), (111)) as input.
Based on this success, this work aims to assess if this analytical model can be extended to ordered
and disordered concentrated alloys vathbic structures, in which the surface energy depends on
the atomic configurations. First, the model predictions for ordered/disordes&daNd NiFe as
well as disordered NiFens binary alloys are tested against with the data calculated from our
molecular dynamic (MD) simulations. Second, similar tests are made for two equiatomic high
entropy alloys with randomly distributed compone@<CoMnFeNi and FeNiCrCoCln all these
assessments, the agreement between the model and MD data is excellerdfrdéngpthat the
analytical model is applicable for both elemental elements and concentrated alloys. Finally, the
assessment is conducted for around 900 surface energies of ordered alloys or intermetallic
compounds that are reported in the online datahad@ch cover a wide range of cubic symmetry
structures, including the simple cubic structure and its derivatives. Decent agreement is still found
between the MD data and respective model because most of the data fall within 10% error, even

though the disrepancies could also be caused by the uncertainties in the database.
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3.2Introduction

Surface energy is a fundamental property that directly influences many material processes
and phenomena such as fract|{#®], corrosion[54], catalysig55], crystal growtH56], particle
shapg[57], etc. There are many techniquegrieasure thaverage surface energy a material
[58]. However measuringhe surface energsfor different crystallographic (hkl) planes is much
more challenging. Computational techniques are seen as viable alternatives and the vast majority
of the different(h k I) surface energy data in the literature are obtained through[#2er82, 36,
59]. Two of the main computational techniques are density functional theory (DFT) and molecular
dynamic (MD) simulations. While DFtalculationsare more accurate, they are limited to only
small sample sizegypically up t0o200 atoms). MD simulations can handle a larger number of
atomsge.g.,around a few million, but their accurasiyonglydepends on the interatomic potertial

used.

Chapter 2 or aecent work by theresentauthors[60] haspresented an expanded and
improved brokerbondbasedfully analyticalsurface energynodelfor BCC and FCC elemental
metals.This model usethe energies of th@00), (110 and(111) surfacesas inputand thercan
predictthe surface energy of amybitrary(h k 1) orientation that follow&) "Q & 1 which
includes all possible crystallographic orientationshrough the cubic symmetry The model
inherently uses the number of broken bonds of th&"1, and & nearest neighbor (NN) shells per
surface area for either BCC or FCC crystals. The model was tested thoroughly4gfzaisstface
energy data for elemental metals obtained through DFT andibtined fronthe literaturd32,

36], onlinedatabasef4], and our own calculation&ood agreement has been achieved for most

of cases, demonstrating the robustness of the analytical model for elemental metals.

This work seeks to further test the model for more generas osedered and disordered
concentratednetallic alloyswith cubic symmetriesAlloys are of vital importance for current and
future technologs and applicationsin particular, concentrated alloys including high entropy
alloys are promising materials as they have many unique propétbesever, knowledge of
surface eneligs and their anisotropy in metallic alloysscant compared to single element metals.

For example, the authors have faaind any reportedurface energgtata for DF Fcalculated cubic
alloys that includes more than the 3 basic surfaces (100, 110 and 111). This is likely due to the
all oysdé need for | arger samples than sinngl e
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addition, the surface energy in concentrated alloys depends on not only the surface orientation, but
also the atomic configurations at the surface. Therefore, multiple calculations should be conducted
for a surface in order to obtain a statistically megfuhvalue.There is a MD database of surface
energies for BCC, FCC and SC ordered alloy structures, namely-B&ijd$]. Howeverwe have

not find anyliterature resultor online databastr surface energies disordered alloys. This

work will test the model in threeepresentativeases. First, the comparisenmade betweethe
modelandthe surface energiesf 517 unique(h k 1) surfaces that follokQ Q & mand
waQ Q & ¢ 18 criteria inordered and disordereddi and NsFealloys the comparison of the

model witha disordered NjoFeso (NiosFens) alloy is also included. Seconthe test is made for

the caseof equatomic high entropy alloysith randomly distributed componentSrCoMnFeNi

and FeNiCrCoCuAll the data used for these two casesobtained in this work by employing

MD simulationsthrough LAMMPSJ[62]. The interatomic potentials for these two high entropy
alloys are specially made for the F€&ahdom solid solutions with thegjuatomiccompositionand

have been used extensively in many applicat[68s68]. The third case will use th#arvisFF

[61] databasdor many ordered alloysThe symmetry groups based on the BCC, FCC and SC
structures included in the database a48r, la-3d, F43m, Fd3m, Fm3m, R43m, Pm3n and

Pm3m. They comprise a total of 71 alloys chosen with 13 surface energies each, although many
of them have the same chemical formula with differing interatomic potentials. The alloys excluded
report at least one neigge surface energy, which is an unphysical ressiit implies instantaneous
fracture Our recentnodel[60] already has formulas for BCC and FCC symmeftaébough their
applicability for concentrated alloys need to be tested hireefore, the SC formula need to be

derived and provided in this work.

3.3Methodology

Chapter 2 oOur previous work[60] hasdiscussed at lengtabouthow to derive the
analyticalmodel for BCC and FCC, accounting for the broken bonds per area up td Mg 3
shell. Here, the model for SC structure up to tHeN® shellis alsoderivedbut only a brief
summay is provided.The detailsarereferred toChapter 2 oour previous wor§60]. The model
needs the sum of breakable bonds (SBB)dpq] for each jth NN shell that is to be considered.

As the more NN shellareconsidered, the accuracy of the model shbeltinproved. For SC, the
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first NNs are:[100], [-100], [010], [0-10], [001], [00-1]. When each is dotted with thg k ]
surface normal directionf any given surfacenderthe constraiiQ Q & 1 only[100],
[010], and [001] can give possiblypositive dot product, which signifies a broken bond above the
surface. The SBB for theé'NN shell is thenfos, p1, cu] = [100] + [010] + [001] = [111]. FoBBB

of the 29NN shell:[02, p2, ] =[110] + [101] + [101] + [1-10] + [011] + [0%1] = [420]. For the

39 NN shell:[111], [11-1], [1-11], [1-1-1], and[-111] can be broken, but only 4 of them at the
time. The bonds at {1-1] and[-111] are opposite to each other so tlvayanot be broken at the
same time for angh k 1) surface so thepartial SBB of the 3% NN shellis: [0, ps, ¢g] = [111] +
[11-1] + [1-11] = [311] and the other twlareakablebonds will be added at the moment of the dot

product in a special manner explained later. The model is:
I FoW 5o E Foo. (3.1)

The! is the(h k|) surface energyw is the energy of the jth NN broken bond;, contains
the geometric information of the jth NN broken bonds per area, and it is obtained by using the
SBB(¢mM M )in

n h h

; ———0tmm z— (32)

wherew is the lattice parameter andis the volume per atomy( for SC). In the case of SC, only
the 39 NN shell has a SBB that needs the followapgcial treatmenwhere’O " :

” >~ 0 $ 390 $ O s 30
N 020 k] T . (33
h IpIp C C S s (33)

This modification uses y=()/2, which ensures that the correct broken bond (eithésI[JLor
[-111]) contributes while the contribution of the other is zero. Now thatall are definedthe
last step is to solve fab through the linear algebra equatidr = b. Here, b is an array of known

surface energies, x is an array of the broken bond energies for the jth NN shells, and Ajis an i

square matriXi.e., i = j)that contains all the density of broken bonds per ieweachNN shell.

Here we use A1 0 to represent ith surface and

Solving for x througlo 0 @ which is:
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All parts necessary for Eq3.1) are obtained through E@.2-4) and now for SC symmetry it
gives the following analytical form:

[

? (3.5)

WEEi oo @ o .

For completeness, the BCC and FCC models f@mapter 2 orour previous work are also

provided:
LW

r el O R N (36)
m n n B m m

r v v ; 38 28 2 QE068 (37)
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To obtain the validation data for the moddD) simulationswereconducted to calculate
517 surface energies @ach concentrated alloy. These alloys &@C NizAl and NisFe ordered
and disordered binary alloys, disorder€@€C NisoFeso (NiosFens), and equatomic FCC
CrCoMnFeNi and FeNiCrCoChigh entropy alloysin the form of random solid solutions
(disordered alloys)rheLAMMPS [62] simulation packageas used for all MD calculations. The
respective interatomic potentidis these alloys are taken from Ref89-72]. Since the surface
energy depends on the atomic configurations in disordered concentrated atbysudace for
all disordered alloys were simulated three times in order to obtainstia¢isticalaverage and
standard deviation. All surfaces were created by turning off periodic boundary conditions along
the z axis and all surface grains were larger than 4 x 4 x 4 nm toselbidteractionshetween

two surfacesnd to obtain more conclusive statistics. The lattice parasfeteXizAl and NiFe,
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regardles®f theirorderedor disorderedtructuresare the ones that give ttmvestbulk cohesive

energy in their ordered fornthe formula used to obtain the surface energy is
[ —_— (3.8)

wherel is the surface energy of the simulated (h k I) free surtaegs the total energy of the

surfacecontaining grain after relaxation® is the bulkof the grain before the surfaces are

createdand0 is the surface area of the grain. The area needs to be multiplied by a factor of 2

to account for both the +z arzlfree surfaces of the grain.

3.4Results and Discussion
3.4.1Binary Ordered and Disordered Alloys

2.4+ *Ni3Al | -disNi50Fe50
Ni3Fe . «disNi3Al ,
disNi3Fe

N
N
T

Data ( //m?)

1.8} !
L a) P b)
1.6_ ,/I » /"
150 1.75 2.00 2.25 150 175 2.00 2.25
Model ( J//m?) Model ( J//m? )

Figure3.1. Comparison of the FC@odel in Eq. 8.7) with the 517 uniquéh k I) surface

energies thatfolloklQ Q@ & mandQ Q & ¢ 18 criteriain (a) NisAl and NigFe
binaryorderedalloysand(b) NizAl, NisFeand NioFeso disorderedhlloys. The solid line is a
guide for a perfecaigreement between the model and MD dakee dashed lines shax®%
deviations Error bars for one standard deviation are shown for each data point in a slightly
lighter colorbut most of them are smaller than the symbol.size

Figure 3.1 shows the comparison between the model and the MDfatakanary alloys
calculatedn this work. The data for all &rdered or disorderealloys agreesplendidly well with
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the model because most of the data are witthi@ dashed lingsvhichare 5%deviations from the
perfect agreemenfThe surface energies of dNe are similar in their ordered and disordered
structures. The surface energies fogAliare around 0.3 J/ftower for the disordered case than
the ordered case. This is partly a result from the higher bulk eperggtomin the disordered
case, around4.5 J/nt, compared to the ordered cohesive energyd@3 J/m. The disordered
NisoFeso alloy has about thearre surface energy range assRNg probably due to a coincidence,

becausehey are different element compositions.

3.4.2High Entropy Alloy Comparison

2.2F - - ,,
« CoNiCrFeMn FeNiCrCoCu

N
o

=
N

150 175 2.00 150 1.75  2.00
Model ( J//m?) Model ( J//m?)

Figure3.2. Comparison of the FCC model in E§.7) with the 517 uniquéh k |) surface
energies that folloklQ Q & mandQ 'Q & ¢ 18 criteriain (@) CoNiCrFeMnand

(b) FeNiCrCoCuhigh entropyalloys. The solid line is a guide for a perfegreementThe
dashed lines showb% deviations Error bars for one standard deviation are shown for each data
point in a slightly lighter colgralthough most of them are smaller than the symbol size

Figure 3.2 shows outstanding agreement between the modéiBndata for thewo high
entropy alloysin their random solid solution configurationk is important to note that all
disordered alloys ifrigures3.1 and3.2 have small standard deviations (shown as error bars and
as high as 0.02 JAnwhich implies thathe vast majority of th8 surfaceenergies calculated for
each surface are within + 0.02 3/of each other. The standard deviations are influenced by system
size, and all the surfacstudiedin this work are larger than 4nfmdnm,which puts it in the realm

of thousands of atonis the grain This system size is well out of DFT readhis is a significant
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result because it shows that the surface energy does not vary much by a disordered composition,
if sufficiently largesurfacesre use@nd the distribution of atoms are truly randdsnfortunately,

the high-entropyalloys are only modelled in the FCC structure. There is a need for more inter
atomic potentials fonigh-entropyalloys in other cubic structures for further model testing.

3.4.3Database data comparison
2.5

[ eMg7AI2 -Al4Ni3 o iy P
e asmAZmAICUImAIFes B8 mg'® ,’, @FesC . AICo  aMg3Al /'
—_ ‘A #AlFe2 AN Ve e s e
~ 207 {95 R
E . 2 B Mg3Al - Sm3Al "
= 2ot '
> 15¢ . 2+
a
2 Struct Struct
(o] 1 0 | 1 ructure ructure
[ Structure oF-43m 1 oP-43m
el-43m +Fd-3m +Pm-3m
0.5 a) +la-3d . b) sFm-3m ) =Pm-3n
1 2 1 2 1 2 3
Model ( J/m?) Model ( J//m?) Model ( J//m?)

Figure3.3. Comparison of the models with the surface energies data for cubic alloys in the
JarvisFF database. Part a) compares the BCC model irB6g.t¢ the data for-#3m and la3d
alloy structures. Part b) compares the FCC model inZE®). o the data for83m, Fd3m, and
Fm-3m alloy structures. Part c) compares the SC model in3&).t0 the data for83m, Pm
3m, and Pn8n alloy structures. The solid line is a guide for a pedgotementThe dashed
lines showt10%deviations

Figure 3.3 shows the comparison of the model with the ordered alloy data in theB&arvis
database. The comparison shows that while most of the data fall wi®adeviations there are
many alloy compositions where the model appears to predict pdbitydoes not mean that our
model prediction is inaccurate, because the original data could have somelgogstingly,
Fig. 3.1(a) is missing the IA8m structure. This is because all alloy compositions that begin in that
structure relax to the P4/mmm tetraglostaucture and are, therefore, not included. Note also that
some alloy compositions are labelled once but have more data points than others. This is because
there are 71 alloy compositions but many of them are repeated with different potentials; there are
only 34 unique compositions. Each alloy composition hgk &k3) surface energies per inter
atomic potential used. The challenge of using MD data is that mosiatotaic potentials are
made for specific applications and even compositidssa resultthe accuracy of their results for

other compositions is unknowWn3]. This work only excluded alloy compositions that had at least
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one surface with negative surface energy, no other accommodation was made. For example, none
of the 6 potentialg72, 7477] (with [75] showing values for both the original and updated version),
used for AlNis in Fig. 3.3(a) focuses on the specific composition ofMik and the model fit is
atrocious. The same 6 potentials are also usé®)ir8.3(b) where they have differing degrees of
success, such as the largest errd¥idf.eam.alloy[76] being 12% whileNiAl02.eam.alloy[77]

has an error as large as 85%. Importantly, our results 8t differ from the database results and

our results agremuch better with the mode{Fig. 3.1) This could be a result of the database
allowing the surfaces to relax their volume and/or different lattice parameters used. There are
around 5 alloy compositions Ifg. 3.3(c) where about half the dadi® not fit well. Overall, the
model 6s prediction is remarkable for most wun
the potential is not spedized for that composition. One final note, the 2g;7 formula inFig.

3.3(c) is as it appears in the database but the chemical compositionAtsMg

3.5Conclusiors

This work setout to compare a newly improved and simplified brekendbased surface
energymodel withindependent MRiata for orderednd disordered concentratatbyswith cubic
symmetries Theanalyticalmodel only needs thaput of the surfacenergieof the(100), (110,
and(111) surfaces for the material in questidiinen t can use its inherent geometric information
of the number of broken bonds parrfacearea up to the™NN shell to calculate the surface
energy for anyh k |) orientation. The formula®r the BCC and FCC structures had been derived
in the previous work60], and the formula for the SC structure is derived in this work. The external
data from the JarvBF database islsoused for the modeéstand most othemagrees decently
with the model predictiongvithin 10%). The authors could not find sufficient data for different
(h k 1) surface energies in disordered alloys in the literature, therefore, we employed MD
simulations for two case studiédizAl and NgFeordered vs disorderadloysand the equatomic
CrCoMnFeNi and FeNiCrCoCudisorderedhigh entropy Hoys. 517 unique surfaces were
calculated for eachlloy and their agreement with the model is splendid. It is also found that the
ordered and disordered e have around the same surface energies while ordesatl Hdis
around 0.3 J/mhigher energy than its disordered version. All surface energy data calculated in
this work were only simulated in their FCC structure, which is #tellestructure. Further model
testing should be donEmore surface energy data for disordered alloys in other cubic structures

are available.
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Chapter 4 First Principles and Molecular Dynamics Study of Effectsof Solute
Segregationon Grain Boundary Cohesive Strength ima-Fe

4.1 Abstract

Steel 6s mechanical properties such as resi
local atomic composition of its grain boundaries (GBs). Tdgregation of alloying elements or
impurities at GBsalters the local chemical composition, whitlay reduce or enhance the GB
cohesive strengthin order to elucidate the potency of solute embrittlement/strengthening, the
solute effect is linked to a soluselvent property. The proposed sotstdvent property is the
substitution energy because it is a diggor of the bond strength of the solgelvent bonds that
are broken during GB decohesion in the dilute lilnithis work, we uséensity functional theory
and molecular dynamid® study the changes of GB cohesive strength dueetsubstitutional
segregation ofl, V, W, Cu, Ni and Ciin the£3(111),F3(112) andZ §012) GBs using the Rice
and Wang model and compared said change with the substitution energy. The results show that
the substitution energy of the solute in the bulk is a great indicator of the behavior of the solute at
the GB when the solute is atthe GBsegtegaon ener gy 6s | ocal mini ma c
GB and in the first layer of the surface. It is also found that W, V and Cr enhances the GB cohesive

strength in all 3 GBs while Cu consistently reduces it.
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4.2 Introduction

Ferritic andmartensitic steels are important structural materials. Future applications for
these steels, such as ifi generation nuclear reactors, requires them to have good resistance to
intergranular brittle fracture in extreme conditions. It is well known that alloying or impurity
elements can drastically change mechanical properties. One of the reasons is thegelgétion
and corrosion at the GB, which can either embrittle or strengthen the cohesion. A severe example
of the dangers of temper embrittlement @tress corrosion is the catastrophic failure of the steam
turbine fail ur e[78h Undamstanding teeyrelaffoa between theA@B solute and
GB cohesive strength is important for designing steels with superior resistance to temper

embrittlement.

Computational studies have been an invaluable tool in understanding the relation between
the GB segregated elemeahd GB cohesive strength because they provide details of the
mechanism at play in the atomic and electronic §¢8 Many of these studies use the Griffith
criterion[80] to calculate the GB cohesive strength as the energy per area required (G) to split the
GB into two free surfaces (FS). From an atomistic point of view, the GB cohesive strength is the
minimum energy needed to break the bonds between the atoms at thieogiradiary interface.

GB energy and FS energy in Egl aref and’ respectively.

o q 7 (41)

The Rice and Wang modf1] defines the change in GB cohesive strengid ) as the
difference between the GB cohesive strength of the GB with the sdute) to the GB cohesive
strengthof the pure material@ multiplied by the area (Ajo be the difference between the FS
segregation energy)( ) and the GB segregation ener@y ( ):

30 0 08 O © 4.2)
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L e ] leteak[79] compiled much of the availablierature data and concluded that
computational studies generally agree well with experimental results over whethleteawill
reduceor enhance GRBohesion Unfortunately, howevet, e j ktalk79] also showed that the
computationatlata on the same solute can vapytooneorder of magnitudel e | ktalk79]
argue that this discrepancy in the data may arise from different minimization schemes or
magnetism consideratioffhis discrepancy in the data makes it difficult to clearly find which
solute and solvent properties affect the GB cohesive strength. This work will try two possible
reasons for the data discrepancy, first by comparing the results of two different n{Bfaodsd

MD) and second by using the MD data to showstrresults of different solute position criteria.

In order to explain how solute segregation causes the embrittlement or enhancement of GB
cohesion, Seal82] used a regular solution based analysis to propose that the difference between
solute and solvent elemental sublimation energies, and atom size are the most important causes.
The solute/solvent sublimation energy represents the sabliiée/solventsolvert bond strength
and their difference is an estimate of the strength of the ssdlitent bond, which if lower than
solventsolvent bond it should embrittle the GB cohesion because less work is required to break
the bonds across the GB. The atom size pmant because larger solutes could cause local strain
that may facilitate the GB fracture.e j ando [B3] compared the'Oreported in the literature
to the difference between sublimation energies of the solute and solvent to show a trend that agrees
with Seahdés anal \8d]icadculate@ thduppemimitohtide st&in bauskd by the
atom size mismatch and determined that the bond strength difference is the more important of the
two causes. Gibson and Sch[84] also compared theO available in the literature to the
difference between cohesive energies of solute and solvent which also showed a trend that
confirms Seahdés analysis. Both trends are und
data reported by e j ktalk9].

This work will comparesOto the bulk substitution energy. The substitution energy is calculated
O O O 43)

As the difference between the energy of the bulk withsardmestitutional impurity©@ ) t o t he
energy of t@e.pristine bulk
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The substitution ener gy 3Othanuhe diffedlercesbetween b et t
sublimation enthalpies or cohesive energies because (1) it directly describes theabotute
bonds in the appropriate crystal structure of the solvent, (2) the strain caused by the atom size

difference is already included.

The solutes in this study afd, V, W, Cu, Ni and CrThese metallic solutes can be found
in steel as alloying elements or impurities and form metallic bonds avie with the small
exception of Al, as Yuasa et[85] determined that its bond is partially covalent. Yuasa &l
determined, using first principles, that the Ridlang formula predicts Al as a cohesion enhancer
while dynamic loading predicts embrittlement. Note that the-Rieeg formula does not include
plasticity while dynamic loading does. HE6] found that Al has a detrimental effect through the
use of Auger electron spectroscopy (AES) and t
loading.Yuasa and Mabuclilsoused first principleslynamic loadingalculations to predict that
Cu embrittled87] the GB Nachtrab and Choi8] used AES and determined that Cu embrittles
austenitic grain boundaries, but decided that it was througk@@gation with Tin and Antimony
Cr is used in steels to provide surface corrosion resistance but it can form carbides that embrittle
the GB[89]. Shang et al used firgrinciples DMol methodo conclude that \J90] and Cr[91]
enhance GB cohesive strengtRajagopalan et 92] determined through molecular statics
simulations that V will enhance the @Bhesion. Oksuita et 3] found that 1% or 3% addition
of V increased the Ductile to Brittle Transition Temperature (DBTT) but the 0.3% decreased it.
Farkas et al used molecular dynamics to conclude that Cr decreases the GB cohesive strength while
Ni enhances i[94]. Norstrom and Vingsb{95] found enhancement by Ni in martensinic steels
Lee et a[96] found through AES, scanning electron microscopy and tension tests that W increases

the GB cohesion.

This work will study the effect of substitutional segregatioAlpf/, W, Cu, Ni and Cin
the £3(111),#3(112) andZ §012) GBs through the Rice and Wang model using both Density
Functional Theory (DFT) and Molecular Dynamics (MD). Comparing DFT and MD results could
demonstrate one order of magnitude discrepancies in the effect of the same solute, such as those
compilated and repted byL e j ktalkr9]. All possible solute positions in the GB and FS will

be calculated through MD so that th® of different solute position criteria used in the literature
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are calculated and compared, it could also be a reason for the data discrepancy compilated and
reported by e j ktalk9].

The discussion will consist of (1) the segregation energy behavior at the GB and FS of each
solute, (2) the differera’O obtained following different solute position criteria at the GB and FS,
(3) the comparison &FOobtained through DFT and MD and (4) the relation betvee@and the

bulk substitution energy.

4.3 Methods

4.3.1MD details

Themolecular dynamic simulationgere performed ihAMMPS [45] with semi empirical
embeddeeéaitom method (EAM) potentials for the & [46], FeCu [48], FeNi [48] andFeW
[97] systems while=e-P [98], Fe Al [99] and FeV [100] used EAM form due to Finnis and
Sinclair.

The simulation cells were obtained through the Coincidence Site Lattice (CSL) method,
both top and bottom grains in tk&Bs with the zdirection as the normal. The grains were then
duplicated until the supercell wisger than 20 Aalong the GB plane and 40normal in order
to avoid seHatom and both GBs interactions. The system was minimized for each potential using
the PolakRibiere[101] version of the conjugate gradient method and tdieensional periodic
boundary conditions on the GB structures obtained by-bgitly motion of the bottom grain by
0.1A steps along the x and y directions up to a full CSL cell translation. The resulting GB structure
with the minimum energy after4plane translations is then separated along the z direction in 0.1

A intervals in order to find the minimum energy and optimal pure Fe configuration.

For the FSs, the unrelaxed top grain of BB supercell with the same larger than
20x20x20A dimensions was minimized with the conjugant gradient method but with only periodic
boundary conditions in the x and y dimensions. The results for the GB energy and GB cohesive
strength in pure BCC Fe are shown in Table Figure4.1 shows the relaxed GB structurésese
GB energies are in good agreement with results from Rajagopalai®2} al
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, Grain Boundary Cohesive Strength
Grain Boundary Energyfd ) -
(ufa )

Orientation Potential used:

Potential used: Potential usedf46], | Potential used:

[98], [99],
[46], [48], [97] [48], [97] [98], [99], [100]
[100]

S3(111)ppTt 1.28 1.31 2.71 2.62
S3(112)ppt 0.30 0.31 3.47 3.39
S5(210[p Tt T 1.08 1.11 2.58 2.47

Table4.1. GB energy and cohesive strength for$8€111),S3(112) ands5(210)GBs in the
MD calculations for all the different potentials used.
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Fig. 4.1 Relaxed GB structures. The two colors show the two lattice planes.

The GB and FS segregation energy was calculated for every possible substitutional position
up to6 A away from the GBor FSplanein the fully relaxed GB and FS systerdd| possible
segregation positions were tested in order to calcthate’O of different solute position criteria

used in the literature and compare if their differences are large enough to be a possible reason for

the data discrepancy compilated and reported eyj ktalk’9]. The GBO

segregation energy is calculated by
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whereO s the total energy of the GB or FS with the substitutional eler@nt, is the total
energy of the pristine GB or F®, is the substitution energy from Ed.3).

4.3.2DFT details

The first principle calculations were performed in VABB, 102]using thegeneralized
gradient approximation (GGAhroughthe PerdewBurke-Ernzerhof parametrizatigp1]. A 0.2
MethfesselPaxtonsmeaf103] and the cubff energy of 400 eV were used in all GBs. The number

of atoms, Kpoint mesh and GB energy are reported in Tdlde

The supercells were also obtained from the CSL method butfavB2uum was added
along the normal of the GB to allow for the relaxation of the distance between the two grains and
in order to lower the number of supercells calculated. The supercells with the grain boundary and
the two surfaces were compared to a swglewath only two surfaces and the same number of
atoms, as W(1104] did. The inplane translation reported by Wang efld5] were used. After
the relaxation of the pure Fe GBs, the volume was held constant for all solute substitutions. Note
that unlike the MD calculations, not all possible solute segregation positions were calculated in
the GBs and FSs. Fig.2 shows the solute segregation positions calculated. Other yl@®&s
107] only reportz*Oas the result of the solute at the outmost layer of the FS and the center of the
GB andtesting only the most important solute positions saves computationalZcfixt?) had
three possible solute positions because although position 1 and 2 are in the same layer, their local

environment is different enough bave a different segregation energy.

N of atoms| KPOINTS | GB Energy(ura )
S3(111) | 72 Ax4x1 1.58
S3(112) |48 4x4x1 0.46
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S5(210) | 40 3x6x1 1.61

Table4.2. N of atoms and KPOINTS used in the DFT calculations along with the resultant GB
energy

Figure4.2, relaxed GBand FS structures with the solute placement numbered. Only one solute
atom was used at any one time. The two colors show the lattice planes.

The FS segregation can be directly calculated by modifying formula 3 to be
O O o z 45)

where’O is the single grain system with the impurity at the FS wiile instead has the

impurity in the bulk. The GB segregation energy is calculated from formula 3.
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The DFT and MD»Oresults will be compared to elucidate whether one order of magnitude
discrepancies in the effect of the same solute, such as those compilated and reporef bye k

al [79] could be explained through the use of different computational methods.

4 4Results and Discussion

4.4.1GB and FS segregation

In order tobetter understand the change in GB cohesive strength by substitutional
segregation, we first study the GB/FS segregation energy at every possible position within 6
Angstroms A negative segregation energy is favorable.

S3(111) S3(112) S5(210)
0.6 15 0.6,
‘ T | ¥
-1.05 1 2 3 4 5 0204 1 2 3 4 5 ~065 3 2 3 4 5
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Figure4.3. MD results of ggregation energy of impurities or alloying elements at theGES
on each position available within 0.6 nm of the @B-S
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The MD results show that the spatial variation of segregation energy has two main
differences in behaviors between GB and FS segregation. The first difference is that the
segregation energy at the first layer in the FS tends to be quite larger, at ieaststiarge, with
the exemption of Ni and Al, than all other positions in the FS and GB. This implies that if it is
assumed that the solute position is right at the surface after decohesion, then it is known if the
element will enhance or embrittle the @Bhesion according to E¢1.1). The second difference
is that the GB segregation has a local minimum in the two closest layers of the GB, the only
exception beindy/ in S5(210).Wu et al[104] observed the same local minimum within the first 2
layers in their Wbased GBsegregation studies. Wu ef{2404] explained this behavior by stating
that oversized atoms tended to segregate at the GB plane while undersized atoms segregated one
layer away from the GB plane in‘ased GBs. Most of the solutes used in this study have similar

atomic sizes with the excepi of W, which behaved as Wu predicted.

The DFTsegregation energesults shown inFig. 4.4, also shows a generally larger FS
segregation energy but not as decisive as in the MD results. Not enough solute positions were
tested to determine if there is local minimum within 2 layers. The substitution energy is included
in Fig. 4.4 to show the slight energy variation caused by the different concentrations. Ni has the

largest energy variation in the 111 orientation when compared to the other two.
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Figure4.4. DFT results of segregation energy of impurities or alloying elements at the GB, FS.
Thesubstitution energy for every concentration is also included.
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The DFT and MD results tend to agree whether the solute prefers to segregate in the bulk
or the FS. In the GB, DFT predicts that the solutes do prefer to be in most positions at the GB
while MD shows many unfavorable positions for solute segregation.

4.4.2Change ofGrain Boundary Cohesive Strength by Different Position
Criteria

The change in GB cohesive strength by segregation is defined by the Rice and Wang model
(Eg. 4.1) as the difference between the segregation energy of the FS and the segregation energy of
the GB. According to the model, a solute with higher (more unfavorable) FS segregation energy
than GB segregation energy will enhance the GB cohesion andarisa It is worth mentioning
that this model is limited to low solute concentrations as it does not account forssuiee
interactions. Although there are m@ng, 84] computational studies of GB cohesive strength in
the literature that use the Rice and Wang model, there is no discussion on the different solute

position criteria used, as far as the authors are aware.

There are at least three different criteria used in the literature for the position of the solute
at the GB and at the FS. All three criteria fulfill the Rice and Wang mdtelthree are criteria
are (1) the position at the GB with the minimum segregation energy and the position at the FS with
the minimum segregation energy, (2) the position at the GB with the minimum segregation energy
and keeping that same position at ti& B3) the middle of the GB and at the surface of the FS.
For simplicity, critera (1) will be referred to as MiNin, criteria (2) as MirSame and (3) as Mid
Surf.

The Mid-Surf criteria is the first criteria used to calculate the change in GB cohesive
strengtiil08] through the Rice and Wang model and has been widely used9§iné&, 106,
109]. It may be widely used because it puts the solute directly in the assumed fracture path, which
is the GB plane, and it only requires the calculation of the GB and FS segregation at one position
which saves computational resources. The-Blame criteria asimes that the solute in the GB
will be at its most favorable position, which may be at a sublayer instead of the GB plane but will
not have the energy necessary to diffuse from that position in the FS. Studies that use this criteria

tend to report the chge in GB cohesive energy for the solute at every [84e010] Studies that
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use the MirMin criterig111-113] implicitly assume that the solute will be at its most favorable

position in the GB and will have enough energy to diffuse to its most favorable position at the FS.

The use of different solute position criteria can yield, as this work shows ir.Big.
significantly different results of GB cohesive strength even with the same methodology. Note that

only MD data was included. These are a few observations frord.big.

Whether the solute embrittles or enhances the GB cohesive strength is criteria dependent for Ni,
Crand V

The magnitude in GB cohesive strength of the distinct criteria can be three to six times
different The Mid-Surf criteria always predicts the largest change in GB cohesive strength in this

case. This is due to the large FS segregation energy for the solute at the surface.
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Figure4.5. ChangeinGBC®E) caused by Al , Cr, Cu, Ni, V ar
(E3a¥3(ER@@n)d E5(210) GBs -bin Mn+Same ang MitBorf t he Mi n
criteria. The scale is given for every element to allow easy comparison between different criteria.

The first two observations present a hurdle for studies that seek to find a correlation
between solute or solvent properties, such as the difference in cohesive energies by Gibson and
Schui84]or t he di fference 1 n sub[B3] tnghe change ireGBer gy
cohesivestrength because the solute or solvent properties do not change with solute position
criteria but the change in GB cohesive strength can change. Both studies do show a general trend
but the variation in values in their collected data is large. Gend Hi@&jland Gibson and Schuh
[107] have models that predict the change in GB cohesive strength but they are only valid with the
Mid-Surf criteria. This work will report the change in GB cohesive strength with the assumption
that the solute will be in the most energetically favorable pwostiithin the first two layers of the

GB and will be at the surface after decohesion.

4.4 .3Relation between Fand the Substitution Energy

Previous works have sought to attributaterial properties of the solute or solvent to the
origins of grain boundary embrittlement. SE#j affirmed that the embrittlement is caused by
the difference in the bond strength, which is estimated from the difference between sublimation
ent hal pies of solute and s[83]comparedthec@repdriedin om s i
the literature to the difference between sublimation energies of the solute and solvent to show a
trend that agrees with $38d]adicdlated the appey Isnit ef the Gi b s ¢
strain caused by the atom size mismatch and determined that the bond strength difference is the
more important of the two causes. Gibson and J&4jilalso compared theO available in the
literature to the difference between cohesive energies of solute and solvent which also showed a
trend that conf i r n¥l4] Staea hhatsembattemnénty cciurs because ofc h
different bonding types, such as covalent bonds between element$ vatctrons and metal,
which cause the bonds to lose their flexibility which in turn reduces the necessary plastic work to
fracture the grain boundary and disrupts the neighboring metallic bonds. Schweinfgist5t al
decided that GB embrittlement is mostly only an effect of the strain caused by the different atomic

size, in the case of Bismuth in Cu. In contrast to Schweinfest, Duschfrlé] alecided that the
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embrittl ement caused by Bi srketoh biomdGu bwd sveteme
Cu. Given the difficulty to isolate the effect of the bond type, bond strength or atomic size to
correlate it to the GB embrittlement, we decided to compaeliange in GB cohesiatrength

to the simpler point defect that already has the effects of the bond type, bond strength and atomic

size: the bulk substitution energy. The results are shown idBig.

The criterion used for-Oin Fig. 4.6 is for the solute to be at the most favorable position
within the first two layer of the GB and at the outmost layer of the FS. This criterion allows for
the different solutes to be at the same position so they can be compared with each other while the
FS position is the one with the most broken bonds.4&shows that there is a good correlation
between the change in GB cohesive strength and the bulk substitution imergyain outlier is
CrinS3( 1,12whpelhrapto stem from the quite higher
The correlation in the MD results passes close to the origin point, which indicates that a positive
or negative substitution energy directly predicts whether the solute will strengthen or embrittle the
GB. The correlation in the DFT results does not plassigh the origin and the results are slightly

more scattered. This could be a result of magnetic cataih interactions.
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Figure4.6. Comparison of the change in GB cohesive strersgih &énd the bulk substitution
energyfor S3(111),S3(112) andsS5(210)
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A good correlation betweewO and the substitution energy éxpected as most effects
caused by bond type, bond strength or atomic size at the bulk should also occur at the GB. Different
GBs have quite different slopes and this is thought to be the result of different GB geometry. The
results show that a positivaulz substitution energy generally predicts a decrease in the GB
cohesion and vicgersa. If this correlation exists in other systems, it should simplify the study of
the originof GB embrittlement because the effect of the property, such as the straed tgus
differing atomic sizes, can first be studied in the point defect. The correlation does not hold in the

other MinSurf and MinaMin criteria, likely because of different solute positions being compared.

4 5Conclusion

This work used molecular dynamics and density functional theory simulations to study the
change of GB cohesive strength due to the substitutional segregafgrvoiw, Cu, Ni and Cr
in theZ3(111),F3(112) andZ §012) GBs. The segregation energy at the outmost layer of the FS
was generally larger than the segregation energies at other positions in the FS and the GB. The GB

segregation energy tends to have a local minimum at the middle of the GB or the first sublayer.

Thechangen GB cohesive strengthf £3(111),3(112) andZ $012) GBs was calculated
based on three differesblute positiortriteria used in the literatur€he comparison of the results
for the different criteria with the same solute show great solute position criteria dependence. Ni,
Cr and V either strengthened or embrittled the GB cohesion depending on the criteria used. Cu
embrittled the GB by all thresiteria while W and Al consistently strengthened it.

The changein GB cohesive strengtis compared to the bulk substitution energy for all
GBs and a good correlation is shown for all solutes. The effect of different GB geometry can be
seen in the different slopes of the correlations. The bulk substitution energy can be used to predict

whether a solute will embrittle or strengthen the GB.
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Chapter 5.Influence of compositional complexity orspeciediffusion behavior
in high entropy solid-solution alloys

5.1 Abstract

Detailed comparative ateculardynamic simulations of the diffusion proceasa model
quinary equiatomic FeNiCrCoCu FCC alloy are presented. Vacancy assisted diffusion is studied
by a statistical technique obtaining distributions of vacancy formation and migration energy
values. In addition, vacancy migration is simulated usitecular dynamics at high temperatures
and monitoring mean square displacements over time. To assess the role of compositional
complexity, the results are compared to corresponsimglations in each of the pure individual
components of the alloy as well ash e c or r e s p o n dd potentiafivatly smilar g e  at «
properties to the alloy buio compositional randomnedhe comparison shows that the diffusion
kinetics in the random alloy is not slower than in the average atom material or the average of the
component s, I ndicating that compositional fl
diffusion. The results areompared with experimental dater seltdiffusion in similar high

entropy alloys.
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5.21ntroduction

The fAhigh entropyo or A mulclass ofpnetallic matepiadsl el e me

can exhibit unique mechanical behavior. In particutampositionally complexlloys with

the facecentered cubic (FCC) structure present strength that increases with decreasing
temperature while maintaining good ductiljfy2]. At high temperatures, HEAs still maintain
good strength while conventioni@conel and Haynesuperalloys soften significant[jt17],

making HEAs promising candidates for highe mper at ur e appl i cati ons.
diffusion of alloying elements due to the presence of at@cade energy tragd18] has been
postulated as possibly responsible cause for many unique properties in HEAs such as the
aforementioned mechanical behavior as well as good creep resistance and slow oxidation
kinetics[10, 11, 119, 120]Tsai et al[16] performed the first HEA diffusion couple experiment
using CoCrFeMnNi that showed sluggish diffusion with the temperature scale normalized by
the melting temperature. However, the existence of sluggish diffusion is subject to much
discussior[14, 121, 122]as many following studies of the same and different systems have
not shown significant sluggish diffusidd23-131]. Instead, others have reported that only
interdiffusion is slower[132-136]. It has been claimed that increasing the number of
components (and thus the compositional complexity) in the HEA does not necessary yield ever
slower diffusion[127, 128, 137]Rather the choice of components can have a great impact in
the diffusivity, such as Mn in the Cantor alldy]. Similarly, Jin and cavorkers[138] pointed

out thatdiffusion in medium and high entropy alloys strongly dega&mdspecific constituents.

Mehta et al.[139] compared the magnitude of interdiffusion coefficients of individual
elements in AICo-Cr-Fe-Ni-Mn alloys to the interdiffusion coefficients in relevant quinary,

guaternary, and ternary solvdrmdsed alloys. Interdiffusion coefficients were not necessarily
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lower in FCC AtCo-Cr-Fe-Ni-Mn alloys; thereforgno sluggish diffusion was observedtiiis

FCC HEA In a separate papgr40] they reported experimental measuremsraf chemical

and tracer diffusion coefficienend concluded that diffusion was macessarily sluggish in
Alo25CoCrFeNi highentropy alloy In a recent review, Dabrowa et fl41] concludedthat

there is no experimental evidenghich would support the existence of the sluggish diffusion

in HEAs on the level of tracer and sdiffusivities. Neverthelesghey pointed out that our
current state of knowledge on the diffusion in HEAs is still far from compMttgough many

of the aforementioned studies indicate that sluggish diffusion may not exist in HEAs, some
other studies show that sluggish diffusion does exist under certain circumstances. Osetsky and
co-workers[142] argua that coupled percolation and compositiependent barriers for
vacancy jumps within different subsystems in mediamd highentropy alloyscan lead to
sluggish diffusionChen at al[135] reported interdiffusiomesultsin Al-Co-Cr-Fe-Ni-Ti HEA
indicaing that the sluggish diffusion effect exists for only some of the components present

the complex alloy. Recently, Daw and Chandi{d3$ developed and applied several possible
criteria for evalwuating fisluggishnesso in 57
small portion of alloys exhibit possible sluggish diffusion. Interestingly, the existence of such
sluggish diffusion is naissociated with the increasing compositional complexity but is related

to lattice mismatch. Therefore, the existence of sluggish diffusion in HEAs is still
controversial. There are a few possible reasons for such a controversy. First, no clear
comparisore t andard has been proposed to define whe
or not. Many studies have relied on comparison of HEA diffusion with the elemental diffusion

of Ni or other components in the FCC structure and other alloy combinations. Second

comparing different alloys at the same temperature may not be accurate as the vacancy
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concentration and migration barriers vary for alloys with different melting temperatures. Third,
the measured diffusivities in HEAs are outcomes of synergetic effects of compositional
complexity, lattice mismatch, and interactions of different alloyingnelgs (the sealled

i cockt alfl3])olf ormefeffeet s more dominant, the sluggish diffusion (if exists) could

be turned on or off. Therefore, development of a strategy that can isolate these effects may

help us better understand the possible sluggish effect in HEAs.

In the present paper we propose a different method to clearly isolate the effects of
compositional complexity in the diffusion behavior of HEAs. Our technique is based on
molecular dynamic (MD) simulations of vacaragsisted atomic jumps in a complex gllo
and in a single component HfAaverage atomo syst
complex alloy. The former has the compositional complexity while the latter does not. A
technique to develop interatomicerpongenati ams
system has already been proposedMayvenne and cavorkers[143]. Besides studying
vacancy formation and migration energies using the static method, we also follow the atomic
jumps of a vacancy in a direct way, monitoring the mean square displacements as a function
of time. Therefore, we can address the issue of hewedmpositional complexity influences
species diffusion through correlation effects. In the following sections we report the details of
our methodology, results for the statistical study of vacancy formation and migration energies,
and diffusion results &m monitoring mean square displacements in large scale molecular
dynamic simulations at various high temperatures. The results are reported for a) each of the
alloy components in the pure FCC form, b) the complex quinary HEA system, and c) the

correspondig average atom material. The comparison of the three sets of results clearly
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isolates the effects of the compositional complexity. Finally, we compare the results with

available experimental data for diffusion kinetics in similar alloys.
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5.3Methods

5.3.1lInteratomic potential for the model HEA
A recently developed EAM (Embedded Atom Meth¢i#4] interatomic potential was

used for the HEA simulatiorj$1]. This potential represeshighly idealizednteractions that
weredeveloped to depidome basitrends in the values of significant alloy properties. While
these model interactions cannot accuyatepresent a particular alloy, they are the ideal way

of studying trends, indicating how certain material parameters inflibaceerall properties

of HEAs. The potential set used here is for afoeanponentEe-Ni-Cr-Co-Cualloy in an FCC
structure characterized by atomic sizes that differ in no more than 3% and is developed to have
binary heats of mixing of no more than 0.7 kJ/mole, well within the range of existence of these
alloys (5 < YHmix < 5 kJ/mol)[145]. The parameters usedatch somebasic elasticand
thermodynamic propertieas well as theize mismatches of binaFCC mixturesn the Fe-
Ni-Cr-Co-Cu system The method for generating the potential is similar to those used in
previous worl{146], but is based on FCC phases being stable for all pure compoiaigs.

is particularly important for the present work, since we aim at comparing diffusion results with
the corresponding ones in the pure FCC components. In other words, this requires all pure
component potentials to be stable in the FCC structure. Focaimponents that are not
experimentally stable in the pure FCC form (e.g., Fe, Cr, Co), first principles calculation data
were utilized.The details of the potential are reportedpireviocus work [71]. The most
important findings for the perfect lattice equiatomic quinary alloy isttieastandard deviation

in the individual nearest neighbor bond lengths was found to be in the range of 2% of the lattice
parameter.Table 5.1 reproduces some of the relevant properties calculated for the pure

components using this HEA potential, as reported in refergtije Some properties of the
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equiatomid-e-Ni-Cr-Co-Cu alloy predicted by the HEA potential are listed in Tdhke

Fe Ni Cr Co Cu Average | Std Dev
Values

a (&) 356 |352 |353 |3.55 [3.62 |3.556 1.1(%)
Econ 440 |4.45 |[4.20 |4.41 |354 |4.20 9.1(%)
(eV/atom)
B (eVB ) 106 |(1.13 |1.00 [1.35 |0.86 |1.08 16.7(%)
Cu(evB ) |1.19 [154 [1.24 [165 |1.06 |1.34 18.6(%)
Ci2(ev/B ) [1.00 |0.92 |0.88 |1.20 |0.76 |0.95 17.2(%)
Cas(eV/B ) [0.48 |0.78 |0.70 |0.89 |0.48 |0.66 27.4(%)
E/ (eV) 161 [1.61 [1.41 [1.36 [1.19 |1.44 12.4(%)
EbccErec (V) [0.11 | 0.15 [0.10 [0.08 [0.22 [0.13 42.0(%)
EnepErec (€V) [0.01 [ 0.02 [0.01 [0.01 |0.01 |[0.01 37.3(%)
Tm (K) 2730 | 2210 | 1930 | 2190 | 1175 | 2047 24.8(%)

Table5.1: Selected properties predicted by the HEA potential for the pure components in the
FCC structurg71].
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5.3.2The Average Atom potential

Ackland and Vitek[147] were among the first to consider the energetics of random
alloys in the context of fitting manyody potentials. FCC binaries based on Ag, Au, and Cu
were addressedhcluding the statistical nature of the species concentration. More recently,
analytic expressions up to 2nd order moments for rapkicies alloys have been deriy&di8-
151]. The opposite route is also possible, namely, using a-spéties interatomic potential,
to determine a consistent singl®om interatomicpotential representative of articular
random alloy composition. Such a view was explored by Varvenne awdréers[143] and
is referred to as an fAaver ag otentialbanaveragede nt i al 0
out all the local compositional and structural fluctuations of the true random alloy. By
comparingthe material properties computed for the average and actual random alloys, it is
possible to isolate the effects of the random compositional fluctuations. Varvenne-and co
workers[143] showed that the average atom potential can be quantitatively accurate for a wide
range of random alloy propertiesléring and Curtin[152] studiedthe finitetemperature
thermodynamic properties of the averagem potentialto determine if the averaggom
potential can alsorepresent the important finkemperature propertiesf the true random
alloy. Using a thermodynamic integration approachyfoendt hat t he c atiicepl ex al |
constantas well aslastic constants are wglledicted by the averaggom potential over a
wide temperature range. Thus, yheoncluded that thaverageatom potential is a valuable
strategy for modetig complexalloys at finite temperaturebklere weutilize anaverage atom

potential corresponding to the equiatomic quinary Heéyived using their method.

Table 5.2 shows some basic properties predicted by the average atom potential,

compared with the average of the component properties, as well as the properties predicted by
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the potential for the HEA complex mixture. The data show that the overall properties predicted
by the average atom potential are indeed in quantitative agreement with the average results
obtained for the HEA alloy, within 10%. For a more complete and aatesomparison, the

table includes vacancy formation and migration energies, calculated as part of this work with
the method as described in Sectmf.3. Note that the HEA has a range of values for the
vacancy formation and migration energies (indicabeg °o0)fidue to its compositional

fluctuations.

Average off Random| Average Atom

components HEA potential
a (nm) 0.3556 0.3555 0.3554
Econ(eV) 4.20 4.20 4.20
B (GPa) 173 169 189
C11(GPa) 214.4 224.8 245.3
C12(GPa) 152 140.8 160.8
Cas (GPa) 105.6 107.9 107.9
E/ (eV) 1.44 1.420.16 1.43
E" (eV) 0.98 1.030.17 1.03
Tm (K) 2047 2070 2130

Table5.2: Selected properties predicted by the potential for the HEA mixture, compared with the
average of the component properties, as well as the properties predicted by the average atom
pot ent i°@anges dhowe in fiacancy formation and migration energies for the Random
HEA are the calculation results over a large number of possible local configurations.
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5.3.3Calculation of vacancy formation and migration energies
We used the LAMMPS molecular dynamics c¢ti&3] to obtain three results at 0 K: the

vacancy formation energy and migration barrier, and the activation energy for vacancy
mediated selfliffusion in the system. The first is calculated by comparing the digital sample
with the energy of the respective samplith one less atom. The digital samples are the five
elements in their pure states, the AA and HEA. The vacancy migration barrier was obtained
through theNudged Elastic Ban@NEB) method[154] for all casesThe migration barrier
calculated from the NEB method will be compared with the dynamic MD simulation that will
be described in the next section. The activation energy fed#tl§ion can be obtained by
adding the vacancy formation energy and the migmabarrier, following thesame approach

used by Daw and Chandrd43]. We do this and compare it with the experimentally measured

activation energies in similar HEAs.

Since the vacancy formation energy in the HEA is different at every atomic site, the mean
vacancy formation energy was calculated from 5000 different element distributions for each
element, 25000 cases total. Similarly, the mean migration energy in thewdEAalculated
through the NEB method for each atom type over 5000 different surrounding neighbor jumps to
the vacancy, also 25000 cases total. In the cases of pure elements and the AA, only one vacancy
formation energy is required for each atom type bsedhe neighbors are the element itself. The
same is true for the migration energy of each pure element or the AA calculated using the NEB

method.
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5.3.4Direct observation of vacancy migration at hightemperatures

The actual diffusion of a vacancy was simulatgtth a timestep of 1fgn an NPT (constant
number of atoms, pressure, and temperature) ensemble aidlogeHoover barostat and
thermostat[155]. The external pressure was maintained at zero bars. Periodic boundary
conditions were employed in all threar@esiardirections.The simulations were performed in
a digital samplehat contained 5760 atoms before a vacancy was introduced. In order to get
statistically meaningful results, five random distributions of the equiatomic elements in the

HEA alloy case were tested for each temperature.

The digital samples began at 600 K with one vacancy introduced, the temperature then
was risen to 700 K in 1 million steps (1 ns) and held constant for 10 million steps (10 ns) with
snapshots taken every 100 thousand steps (0.1 ns). The temperaturerwelevthted again
by another 100 K in 1 ns and held constant for 10 ns. This was repeated until the last
temperature held constant was 2000 K. We defined the starting point for counting jumps when
the temperature was held constant in order to avoid volalaeation fluctuations. The tested
temperatures for the AA, HEA and pure elements were fromi 78000 K with a 100 K
interval, with 5 random distributions for the HEA of equiatomic composiWga chose the
simulation time so that #otal diffusion length of the vacancy was about three lattice
parameters. This is similar to the standards used by Daw and Chgddijods addition, we
confirmed the linearity of the MSD plots as a function of time, as an indication that the chosen

times were adequate.

The diffusion coefficient was calatked by keeping track of the total movement of the

atoms as the vacancy moves over time and the use of the equation:
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where thedY Qi the mearsquare displacement (M3Dver all atoms in the system and is also
commonly calculated in MD. In the case of the five different random distributions for the HEA,

MSD was obtained for each case and the overall MSD was the a\/@age. is the diffusion

coefficient obtained directly from the simulations. To obtain theds&lision coefficient O

has to be normalized by the vacancy concentraéan (=) in the system and the equilibrium
vacancy concentration, as donglib6]. This work used the vacancy formation energy to estimate

the equilibrium vacancy concentratio)( A @D 'O FQ"Y). The final selfdiffusion

coefficient is calculated by

O w0 Tw . (5.2)
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5.4Results

5.4.1Vacancy formation and migration energies

Vacancy formation energies were calculated using the standard molecular statics method for
each of the components in their pure forms and HEA as well as the average atom material. The
results are shown in Table 3. For completeness, the cohesive enargahfoase are also shown,
indicating the general trend that the vacancy formation energies are higher for materials of larger
cohesive energy values. In particular, the vacancy formation energy obtained for Cu is significantly
lower than those for the lwér four pure components, consistent with its significantly lower
cohesive energy. Most importantly, the results show that the vacancy formation energy obtained
for the AA (1.43 eV) material is very close to the average of the vacancy formation energies fo

the five pure components, as given by the rule of mixtures (1.44 eV).

In the case of the complex HEA alloyere is a distribution of vacancy formation energies
since the vacancy formation energy depends on the chemical complexity in the vicinity of the
vacancy. For this case, 25000 different vacancy configurations were analyzed as mentioned in
Section5.3.3. The results are shown in Figiré, as a probabilistic distribution of various values
of the vacancy formation energy. The results in this figure can be fitted to a Gaussian normal
distribution, and we obtained thakthverage vacancy formation energy in the HEA alloy is 1.42
eV with a standard deviation of 0.16 eV. This is included in TaBl¢the summarizedesults are
alsoincludedin Table5.2), where it is clear that the averagdue for the HEA is very clode the
averageof the correspondingpure element$l.44 eV), using the rule of mixtures. The average

value is also very similar to that found for the AA potential (1.43 ¥X& conclude that the average
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vacancy formation energy the HEAIs the same as that in the AA potential, but it has a statistical

variation that can be characterized by a standard deviation of about 10% of the average value.

Element | Cohesive| Vacancy o Vacancy Migration
_ Migration _ ,
or Energy Formation FormationEnergy | Energy in HEA
' Energy (eV) .
Material (eV) Energy (eV) in HEA (eV) (eV)
Fe 4.4 1.61 1.09 1.48+0.14 1.27+0.16
Ni 4.45 1.61 1.28 153+0.14 1.12+0.17
Cr 4.2 1.41 0.96 1.42+0.15 0.99+0.17
Co 4.41 1.36 1.03 1.34:0.14 1.07+£0.17
Cu 3.54 1.19 0.51 1.32+0.15 0.72+0.16
Average 4.2 1.44 0.98 1.42+0.16 1.03+0.17
AA 4.2 1.43 1.03 - -
HEA 4.2 - - 1.42+0.16 1.03+0.17

Table5.3. Cohesive energies, and vacancy formation and migration energies for each
component

to the average of theo mp o n e nt0s .r anTghee ffor

n its

pure FCC

crystal,

HEA

a l

t he
| oy

deviation obtained from the Gaussian distribution, originated in the various possible
configurations of the alloy.

AA mat
repres

Vacancymigrationenergies were calculated using MEB method[154] for each of the

componentgin both HEA and their pure FCC crysta#s)d the average atom materias shown

in Table5.3. Note that he summarizedesults arealsoincludedin Table5.2. We see that, as

expected, in generdhe vacacy migrationenergies are higher for materialshoher cohesive

enegy values, similato the vacancy formation energies discussed above. Most importetly,
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results show that the vacaneygrationenergy obtained for the AA material is very close to the

average of the vacanayigrationenergies for thpurecomponentsgiven by the rule of mixtures.

The chemical complexity of the atoms around a vacancy resultistriution of vacancy
migrationenergies in the HEAwhere the vacancy migration energy depends on the nature of the
element type jumping to a neighboring site as well as the chemical complexity in the vicinity of
the initial and final vacancy positions. In order to obtain this, 25000 different compakition
configurations were analyzed, 5000 for each jumping atom type to the vacancy, as discussed in
Section5.3.3. The results are shown kgure5.2, as probabilistic distributions of the overall
vacancy migration energies as well as for individual elements in HEA. The results in this figure
can also be fitted to Gaussian normal distributions and we obtain an average value for the migration
energy ofeach of the components in the HEA, as well as the corresponding standard deviation.
These values are included in Tabld8. The average vacancy migration energy in the HEA alloy
is 1.03 eV with a standard deviation of 0.17 eV. This average V@kery close tdie averagef
five pure elementf.98 eV), and the same as that found for the AA potential (1.03 eV). However,
the important difference between HEA and the AA potential is that the vacancy migration energy
in the HEA alloy has a statistical variation that can be characterized by arstaleviation of

around 15% of the average value.
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Fig. 5.1 Distribution of vacancy formation energy values (histograms) found for the HEA,
together with fits (lines) to Gaussian norrdadtributions. The distributions of both total and
individual elements are shown.
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Fig. 5.2 Distributions of vacancy migration energies (histograms) in the HEA complex alloy,
with fits (lines) to Gaussian normal distributions. The distributions of both total and individual
elements are shown.

5.4.2Direct calculations of species diffusivities by MD

To further compare the vacancy migration behavior in different metallic systesfsljowed
the mean square displaceme(@SDs) for all atoms as a function of tima a wide range of
temperatures. This was done for each of the five components in their pure crystals, the average
atom material, and the complex HEA alloyor the HEA mixture five different random
distributions of the alloying components were consideréal understand the rolef different
random distribution®f the component elemends vacacy migration As expected, the MSDs

follow a linear dependence with the simulation time in all c&sgare5.3ashows theMSD results
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as a function of time for the HEA mixtura differenttemperaturesFigure 5.3b shows the
correspondindISD results for the AA potential at each temperature. There is only one line per
temperature as there is only one possible composition for the AA material. These results indicate
no sluggish diffusion effect, sinder the same temperature, the HEA actually shows greater

average displacements than the AA material.

The values for vacancy mobility obtained in this way are taken to be the most accurate to
represent the higtemperature dynamics of the system. This is the case even in pure materials
where the migration energies obtained from dynamic simulations mapmespond exactly to
the calculated values of saddle point energies using the NtaBcmethod. This is even more
important for the alloy system, where there is a distribution of migration energies. Following the
actual migration of the vacancy at highperatures is necessary to fully understand the role of

compositional complexity.
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Fig. 5.3 (a) Mean square displacements (MSDs) of all atoms as a function of time for the HEA
complex alloy at different temperatures. At each temperature, the five different lines represent
five different atomic configurations in the HEA that were tested to sa$se=ffects of the initial
starting configurations. (b) MSDs of all atoms as a function of time for the AA material at
different temperatures.
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5.4.3Single element diffusion behavior

In order to obtain the@verall or seHkdiffusivities that can be compared to experiments, the
results of following vacancy migration need to be combined with an estimate of the equilibrium
vacancy concentration at each temperature. We used the method descfis] (Bq. 6.2)).

The equilibrium point defect concentration is estimated from the previously calculated vacancy
formation energies. For the components in the HEA, their averaged vacancy formation energies
are used. In this way we can obtain the Arrhenius plots for overaitities. The results for the

five component elements in their pure FCC forms as well as the average atom material are shown
in Figure5.4a. Figures.4b shows the diffusivity values obtained for each of the components in

the HEA complexalloy.

Comparing the results of Figures 4a and 4b, it is clear that Cu diffuses slower in the alloy than
when that component is pure. Fe also diffuses slightly slower in HEA while Ni is slightly faster.
Yet others (Co, Cr) have diffusivities in the alloy thatsimeilar to those of the pure components.
Differences are clearly expected because we have the vacancy migrating in a different
environment. In the case studied here, the most significant effect is seen for Cu. In order to assess
the overall effect of thecompositional complexity, it is necessary to compare the average
diffusivities in the alloy with the averages of iusivities of the pure components, or even in a
more accurate comparison, with the diffusivity observed in the average atom material. The

comparison will be discussed in the next section.
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Fig. 5.4 (a) Arrhenius plots of the diffusivities for all the pure components and the average atom
(AA) potential. (b) Arrhenius plots of diffusivities for the individual components in the HEA
alloy. Note in both figures the diffusivities are normalized by lieemhal vacancy concentration
using Eq. (2).

5.4.4Comparison of dffusion in the HEA, the AA material and the
component averages

The comparison of our results for the diffusivities in the complex alloy with those in the
average atom material is showrHigures 5.5a andb.5b. These results are given in the Arrhenius
form first with the absolute temperature and then withhib@ologougemperature (i.eT/Tm).

The error shown in Figurg5 is three times the standard deviation of the 5 diffusivities obtained
from the 5 different HEA compositional distributions at each temperature. The comparison clearly
indicates thathe diffusionbehavior in the HEA alloys remarkably similar to that ithe AA
material In particular when theomologougemperature scale is used (Figbreb), the HEA has
almost identical diffusivities with the AA material. Therefore, there is no clear sluggish diffusion
observed for our model HEA. The results demonstrate that the compositional complexity does not
imply sluggish diffusion in the equiatomidEASs, at least for the HEA system and atomic

configurations studied here.
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Furthermore, a total of three Asluggish di
diffusion behavior in the HEA with that in pure components, which are also shown in Fdiares
and5.5b. These criteria, along with others, were listed in the recent work by Da@remdiross

[17]. The three criteria used here are as follows:

1. Thearithmeticaverage of the activation energi€y @nd preexponential factordp).
2. The geometric average of the diffusivities according to the following equation:
z , T
000 B © . (5.3)
3. The geometric average of the component diffusivities obtained from the Arrhenius

relation at the normalizeBw/T (homologouytemperatures.

The first and second criteria are different applications of the rule of mixtures. The property of an
ideal mixture is expected to be the average of the properties of the components. The first criterion
averages the activation energies andexgonential &ctors. The second criterion averages the
diffusivities geometrically according to Ecb.8). The third criterion accounts for the different
equilibrium vacancy concentrations of the components at the lsame&ogoudemperatures and
avoids the extrapolath beyond the melting pointhe melting temperaturé$m) used herevere
theequilibriumtemperatures for each system that maintained a stationanfigal@linterface in
anNPTensemble, which are reported in Talidsand5.2. Even with these three different criteria,
Figure5.5 shows that the average diffusivities of the five pure components are very close to that
of the HEA, in particular when the comparison is made at the absolute temperature scale (Figure
5.5a). When thehomologoustemperature scale is used (Figiwréb), the HEA shows slight

sluggish behavior at lolwomologougemperatures. However, the difference is relatively small.
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Therefore, we conclude that overall there is no significant sluggish diffusion effect in our model
HEA. This is surprising in spite of the fact that the alloy is made of components characterized by
vacancy formation energies that vary by as much as 30%n@mdtion energies that vary by over

a factor of 2.

It is alsopossible to interpret the lack of sluggish diffusion in the complex alloy based on the
seltdiffusion activation energy, which is the sum of vacancy formation and migration energies.
As shown in Tablé.3, the vacancy formation energies obtained for the congllex (here the
mean value is used for HEA) and AA material are very similar, and also similar to the prediction
of the rules of mixtures based on the values for each of the components5:Baddbo includes
the data obtained from a staNEB calculation of vacancy migration energies, and the conclusion
is the same: the vacancy migration energies obtained for the complex alloy (here the mean value
is used for HEA) and AA material are very similar, and also similar to the predictioa oilds
of mixtures based on the values for each of the compariEmesefore, the activation energy is

similar between the HEA, AA material, and the average of pure components.

We can also compare the vacancy migration energies obtained from the dynamic atomic
displacement simulations in different systems. This comparison is shown inr6Eabl&e results
from static NEB calculations are also shown for completeness. The values of the migration
energies from the dynamic calculations show the same result: the migration energy obtained for
the complex alloy is very similar to that of the AA nrée and also similar to the prediction of
the rules of mixtures based on the valuesetieh of the pure components. A similar conclusion
can also be obtained using the static NEB results. Again, these comparisons demonstrate that

sluggish diffusion may not exist, as least for the model HEA studied in this work.
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Element Migration energy Migration energy from

or from staticNEB DynamicDiffusion

Material Calculation (eV) Simulation(eV)
PureFe 1.09 1.24
PureNi 1.28 1.62
PureCr 0.96 1.23
PureCo 1.038 1.07
PureCu 0.51 0.56
Average 0.97 1.14

AA 1.03 1.19

HEA 1.03 1.17

Table5.4: Comparison of vacancy migration energies obtained from the dynamic diffusion
simulations as well as those calculated using the NEB method in different systems.
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Fig. 5.5 (a) Comparison of the diffusion behavior in the HEA alloy with that in the AA material

as well as the average of the pure components at different absolute temperatures in two criteria:
First the average of their individual activation energies (Q) anéxypenential factors (§),

second the geometric average (&) of their extrapolated diffusivity at each temperature. (b)
Comparison of the diffusion behavior in the HEA alloy with that in the AA material as well as

the average of the pure compamits at different homologotismperatures (T/H). The melting
temperatures were thhemperatures for each system that maintained a stationanfiqaldi

interface in NPT. In both figures the error shown is estimated from the five different initial

compositional configurations in the HEA.
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5.4.5Comparison with experimental data.

The results shown above for this model HEA indicate that there is no sluggish diffusion effect

that can be attributed to the chemical complexity of the alloy. However, the accuracy of the

diffusivities reported is only as good as the model interatomimpataeitilized. It is therefore

important to compare our results for activation energies with experimental values reported in the
literature As mentioned earlier, here the activation energy is the sum of vacancy formation energy

and migration energy (fdiEA the mean values are used). This is because the experimental self

diffusion activation energy contains both vacancy formation and migration partkave a

straightforward comparison with the experiments, the unit of activation energies is converted from
eV to kd/mol. This comparison is presented in T&de In general, the activation energies from
our simulations are slightly lower than their experimental counterparts. Our modeling indicates

that the elements with low activation energies in theie garms (e.g., Cu) tend to increase their

activation energies in the HEA, and vice versa (e.g., Ni).

Element| Q in Pure Element] Qin HEA | Q in Pure Element Q in Similar HEA
(kJd/mol) (kJd/mol) (kJ/mol) (kJ/mol)
(this work) (this work) (Experimental) (Experimental)
Fe 26282 26398 284[157] 262-310[16, 157, 158]
Ni 29296 255791 og5[157] 282:317[16, 157, 158]
Cr 22243 23253 - 254-309[16, 157, 158]
Co 2%242 23255 Hggx (HCP)[157] 283-306[16, 157]
Cu 16869 19230 210[159] 147[129]
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*Pure Co is in the HCP structure in the experimental study.

Table5.5: Comparison of our results for the elemental activation energies in pure components
and in HEA with available experimental d§i®, 122, 129, 152459]. The lower (higher) bound

in the second and third columns is the activation energy obtained by adding the vacancy
formation energy and the migration energy obtained from NEB (MD).

5.5.Discussion

This work seeks to determine if this HEA exhibits sluggish diffusion by comparing its diffusi
kineticswith the correspondingAA potentialas well as the average of the pure elements. The
comparison between the AA material and HEA is to isolate the effects of compositional
complexity, since many average properties in the two systems are very similar. For exaample, t
vacancy formation eneigs of these systemare reported ifable5.2 andFigure5.1 as1.42 eV
for the HEAwith a standard deviation of @&V, anaveragef 1.44 eVof the corresponding pure
elementsand 143 eVfor the AA potential Similarly, the vacancy migration barriers of the three
systems, calculated with the NEB method, also have similar results, namely: the HEA is 1.03 eV
with a standard deviation of 0.17 eMjile theaverageof thecorrespondingure elements 0.98
eV and for the AA potential it is 1.03 eV. Calculating the migration energies in a dynamic way
based on mean square displacements yields the same conclusion: the migration energies are 1.17
eV for the HEA, compared witth.19 eV for the AA material. All the defect energetic values
computed in the present work using the static method point out to the agreement of vacancy
formation and migration energies in the alloy with the expected values from the simple arithmetic
averaing on the pure components as showed in TaBle-urthermore, the three different criteria
used to average the puremponent results of the kinetic simulations agree closely to the HEA
and AA results, as shown in Figusé. Both methods support thikear conclusion that there is
no sluggish diffusion effect that can be attributed to the compositional complexity of the alloy. We
note that the migration energies obtained using the dynamic calculation are somewhat higher than

those calculated using th&EB method (Tablé.4). Possibleeasons for this discrepancy (e.g., the
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presence of multiple jumps at high temperatures) were discussed by Lorenzi and Hc0gssi
However, Daw and Chandrofk/] found good agreement between both methods in their recent

work. Regardless, both methods in this work show no sluggish diffusion effect.

The important difference in vacancy formation and migration energies is that, while the
averages are the same, the values obtained for the complex alloy present a statistical distribution.
We have found that this distribution can be well represented®gussian normal distribution
with a standard deviation of about 15% of the average values. The argument for expecting sluggish
diffusion in HEA is the trapping of the diffusing species in low energy configurations. The
distribution of values found heredeed includes larger values that can induce trapping effects.
However, the distributions that we find also include lower values that may cause the opposite
effect, accelerating diffusion. Accelerated vacafi®/l, 162]diffusion has been found in dilute
alloys. The fact that our distributions are normal in nature may explain why the trapping effects
seem to be canceled on average by@agping, accelerating effects by configurations with lower
vacancy migration eneiks. In this work, we have simulated HEA with five random
configurations. However, it is possible that some other configurations could still lead-to non
Gaussian distributions of vacancy migration and formation energies, and thus result in sluggish

diffusion. The search of such configurations can be an interesting future research topic.

Although our results indicate that there is no sluggish diffusion on average, they clearly show
that individual components in the alloy can diffuse slower than in the pure component. We find
that this is averaged out by other components diffusing fasteriththe pure component. This is
simply an effect of the vacancy formation and migration process being affected by the different
atomic environment in the alloy. The important result of our simulations is that these effects tend

to average out when alllay components in the complex alloy are considered. In the case studied
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here, Cu is the element that is seen to diffuse slower in the alloy than in its pure FCC form. This
is most likely related to the fact that Cu is the element with lowest vacancy formation and migration
energies among all the components. This can also belated with the fact that it is the
component with the lowest cohesive energy. This effect is balanced in our model HEA alloy by
Ni, which diffuses faster in the alloy than that in its pure FCC form. Therefore, if a HEA does not
have such balancing elents for cancelling out, the species diffusion in HEA could be slower or
faster than the average of pure components. This expectation is consistent with the conclusions in
previous experimental studies that some special components may be more impaoaféedting

the overall diffusivity, such as Mn in the Cantor al[@¥].

The results for our dynamic simulations of the individual components in the HEA compare
well with independent experimental data in terms of activation energies for vacancy diffusion, as
shown in Tables.5. The agreement seems reasonable except for Cu. Cu in HEAs is severely
understudied15], with the only data point beifd29] where Cu is not a main component but a
small soluteln addition to the comparison with available experimental data, our results can be
compared to values obtained by first principle techniques such as density functional theory (DFT).
There is no previous data on the specific HEA studied in this work, howikeeagreement in the
pure element cases and similar alloys is encouraditell and Papaconstantopoulfik63],
reported that a vacancy formation energy of 1.18 eV for Cu. Our value of 1.19 eV is in excellent
agreement. For Ni, Gong et §l64] reported values between 1.4 and 1.45 eV and cited several
other studies works with values between 1.37 to 1.81 eV. Our value of 1.61 eV is around the
average of their cited works. Chen et [A65] reported the DFT obtained vacancy formation
energy of the FCC FeCrCoNEA of every element in their pure FCC state and also every element

in the HEA. Their pure FCC elemental state results are Fe 1.58, Cr 1.61, Co 1.70 and Ni 1.89 eV.
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Our values are Fe 1.61, Cr 1.41, Co 1.36 and Ni 1.61 eV. For their HEA, the values are Fe 1.89,
Cr1.62, Co 1.85 and Ni 1.41 eV. For our HEA they are Fe 1.48, Cr 1.42, Co 1.34 and Ni 1.53 eV.
This is a reasonable agreement, given that our HEA composittudes Cu which has a much

lower vacancy formation energy than the other elemets. migration energies Angsten et al.

[166] reported FCC Fe 1.38, Ni 1.03 and Cu 0.72 eV. Our values are FCC Fe 1.09, Ni 1.28 and
Cu 0.51 eV.Overall, the agreement between this modeling work and independent DFT and
experimental results is very reasonable, in spite of the fact that the interatomic potentials used here
are empirical in nature and are not expected to reproduce precisely thetadieg. Rather, they

are designed to study trends and in the present work they are employed as such.

If the simulation time is long enough, it is possible that atoms may experience some extent
of reordering. However, our results do not show any discernible reordering as a result of vacancy
diffusion. This was checked by analyzing the local distributidch@tlements during the diffusion
process. The OVITQL67] visualization software was also used to confirm that no new ordered
phases were formed during the process. Unfortunately, the diffusion times we can access are
indeed shorter than would be required to observe ordering and we cannot rule out the ordering
effects at longer times. In addition, although our times are adequate to study the comparative
diffusion behavior, they are also not adequate to study saturation effects of vacancy diffusivity, as

observed by Osetsky et[468].

The lack of the sluggish diffusion should be interpreted in the context of the limitations of
the interatomic potential used here for the FeENiCrCoCu HEA. In SeeBdnwe have mentioned
that the binary heats of mixing predicted by this potential are less than 0.7 kJ/mole, which is well
within the typical range o6 < mixa H kJ/mol for HEA alloyg145]. However, the relatively

low heats of mixing make our system close to an ideal solution in terms of the heat of mixing,
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possibly affecting the sluggish diffusion effect. Therefore, our observation of the absence of
sluggish diffusion does not necessarily extend to systems witideahheats of mixing. Using
model interatomic potentials as a representation of such a cosysliem, clearly has limitations

and thus the comparison with the average atom material is critical in providing understanding of
the composition complexity effects. It is important to note that even if the potential used here
models a nearly ideal solati, the diffusion parameters of the components are widely different,
particularly the component Cu presents much lower vacancy formation and migration energies.
This variation means that sluggish diffusion can in principle be expected, because the witancy
follow a local minimum energy path as opposed to a random walk. The important point we make

is that it was not observed.

In order to better understand the vacancy migration process, and the reasons why we do
not observe sluggish diffusion, we have performed a separate analysis of the total number of atomic
jumps observed in a sample of 499 atoms and one vacancy duringsasib@utation at various
temperatures. A vacancy jump is assumed to occur when an atom moves more than 0.26 nm, which
is checked every 100 fs. The results show that the total number of jumps in the HEA is significantly
higher than in the AA at all temperats tested, from 1500K to 2000K. The ratio varies smoothly
from about 40% more jumps in the HEA at 2000K to over twice the number of jumps at the lower
temperatures. The majority of the observed jumps in the HEA case correspond to Cu atoms
jumping into thevacancy. This clearly is related to a complex energy landscape, with lower
migration energies for Cu as compared to the other elements. This larger number of total jumps in
the HEA counterbalances the expected trapping effects resulting from the vackmeing a

local minimum energy path in the HEA instead of the random walk in the AA.
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Overall, our results point out to the complexity of the diffusion process in HEA alloys. This
complexity has also been pointed out by several other groups. For example, Wang afé3]Vang
recently considered the possible range of activation energies for the lattice diffusion-in high
entropy alloys. Their results highlight the complexity of diffusion pathways in these complex
concentrated alloys. Thomas and Pafaig] also pointed out the need to account for the full
nature of the energy landscape rather than the migration barrier alone. They concluded that these
random landscapes can indeed produce trap environments resulting in sluggish diffusion, but that
vacancy diusion in these complex alloys is not necessarily sluggish. The present results, using
the approach of comparing with the average atom case, also indicate that the complexity does not

necessarily result in sluggishness.

5.6Conclusion

In this work weproposed a@approach for evaluating the existence of sluggish diffusion in the
complex equiatomic FeNiCrCoCu model HEA through molecular dynamic simulations. The new
approach compares vacancy diffusion for the HEA with that in the corresponding AA (Average
Atom) potetial, which averages the equilibrium properties of the atoms. We encountered no
sluggish diffusion, on average. Comparison with the average diffusion values of the alloy
components as inspired by the rule of mixtures also showesluggish diffusion overall, with
some components diffusing faster and other slower than in the corresponding pure FCC structures.
We find that the vacancy formation and migration energies in the HEA alloy present a range of
values that can be well regsented by a Gaussian normal distributiims distribution results in

a complex energy landscape, including both trapping and antitrapping sites, whose effects can
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average out in the alloy. We concluded that thid@¢t®e one possible reason for why there is no

sluggish diffusion in some HEA systems.
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Chapter 6 Molecular Dynamics Studies of Sluggish Grain Boundary Diffusion
in Equiatomic FeNiCrCoCu High Entropy Alloy

6.1 Abstract

Molecular dynamic simulations are conducted to study thedgélsion process along an
<100>KE5(210) symmetric tilt grain boundary 1in
alloy (HEA), for the directions both perpendicular and parallel to the tdt Bor comparison, the
grain boundary diffusion process is also quantified for each of the pure components of the HEA.
Most importantly, the results are compared with the diffusion along the same grain boundary using
the correspondi n gtialittayhas sngla avarage buk prpperties but no
compositional randomness as in the HEA. These comparisons show that-thiuseth in the
HEA grain boundary is slower than in the average atom material as well as the average of pure
componentsisggesting that a fAsluggisho diffusion ef
the HEA. This effect is significant at low temperatures but diminishes at higher temperatures,
indicating that the grain boundary sluggish diffusion is likely temperatdependent.
Interestingly, the grain boundary sluggish diffusion behavior is different from the bulk diffusion
that was studied previously using the same methods and interatomic potentials, in which no
significant sluggish diffusion effect was observe®ur further analysis suggests that the
combination of the Atrapping effecto by- compo:
D diffusion paths at this special grain boundary is responsible for the observed grain boundary

sluggish diffusion.
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6.2l ntroduction

Reliable material performance in extreme environments (e.g., elevated temperature, high
stress, harsh irradiation, corrosive condition) is essential to meet thgrewang demands for
energy. High entropy alloys (HEAS) are promising structural matesiadidate4170, 171]for
such applications because they can maintain high strength and phase stability at high temperatures,
and may be resistant to radiation damage and corrosion. These unique properties of HEAs may be
related to some [A72]inclided high docfiguratonal emtfopye distorsed
l attice, cocktail (mi xi ng) effect, and the p
atomicscale diffusion may play a central role on governing these properties because sluggish
diffusion wauld retard defect and microstructural evolution as well as oxidation kinetics. Sluggish
diffusion could be a result of local compositional variation in HEAs, which can create many low
energy sites so that the diffusing elements get trappés]. Maximum local compositional
variation and thus the configurational entropy is obtained when the elements in equal proportions
are randomly distributed in the alloy. The configurational entropy also increases with the
increasing number of elements in egjoimic proportions, which can help stabilize the alloy in a
single phase if the solution is ideal or close to it (i.e., if the heat of mixing is small). One would
logically expect that the more elements in the alloy, the more trapping sites are preshosand
the slower diffusion can be achieved. However, more elements do not always lead to slower
diffusion experimentallyl4, 174] sometimes simpler alloy compositions can diffuse slqivgr
122]. This result is also confirmed through molecular dynamic simulations of vacancy diffusion
in 57 alloys formed from Cu, Ag, Au, Ni, Pd, and[PT]. Therefore, the existence of sluggish

diffusion in HEAs is still under debafé4, 174, 175] Even though there is sluggish diffusion
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reported in the literature for some alldys!, 16, 170, 174, 175 h significant portion of them
depend on if the comparison with pure elements or simpler alloys is done in the absolute or
homologous (T/k, where T, is the melting temperature) temperature scdl@5]. The
homologous (normalized) temperature scale is used for comparing diffusion at the same vacancy
concentrations in the work by Tsai et HI6], which is the first experimental HEA diffusion
measurement. This is important because their CoCrFeNbadior alloy [176] has a lower

melting point than the average of its components. Aiming to provide a more rigorous comparison,
recently the present authdB&6] conducted molecular dynamic simulations of vacancy diffusion

in a bulk FeNiCrCoCu HEA using the embedded atom method (EAM) potgfitjaind compared

the selfdiffusivities with the average of its pure components and most importantly, with its
corresponding Average Atom (AA) potent|éb6, 177] The AA potential provides a hypothetical
element with essentially the same cohesive energy, lattice constant, melting temperature and other
properties as the HEA. The key difference is
therefore a lack of adigurational entropy, lattice strain and local trapping sites, all of which exist

in the HEA. This recent worf66] does not include simulations for simpler alloys, as it is well
established that more elements do not lead to more significant sluggish difflsjdy, 174]

Instead, this recent wofg6] is focused on the comparison of the HEA vacancy diffusion with the

AA vacancy diffusion and found that they have similar bulk-dgftisivities over a wide range of
temperatures, suggesting that vacanmdiated sluggish diffusion is not evident in thedsed

bulk HEA. However, it is unclear if this conclusion can be extended to special microstructures

containing extended defects, such as grain boundaries.

Grain boundary is a planar defect with some excess volume between two grains. In

polycrystalline materials grain boundaries generally serve as highways for mass transport or as
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nucleation sites for phase transitions. Diffusion along grain boundaries can be order of magnitudes
faster than in the lattidd 78] and is a principal driving mechanism of sintering, creep, corrosion,
etc.[179-181]. Experimental techni gue s[l82ornmbvariaterds wi t h
can measure grain boundary diffusion coefficients up to an accurapyrof & i [183].
Although grain boundary diffusion has been experimentally measured in many pure metals and
simple alloys[184-186], there are very limited studies for HEAs. To the best of our knowledge,
there are only two experimental results of grain boundary diffusion in HEAs. The firs{381y
used®Ni isotopes and radiotracer analysis to measure Ni diffusion in both CoCrFeNi and
CoCrFeMnNi (Cantor alloy) HEAs. The authors do not claim sluggish diffusion because the Ni
diffusion in the 5element CoCrFeMnNi HEA is faster than that in pure Ni or simglley Fe

40Ni at high temperatures (> 930 K), although Ni diffusion in this HEA is indeed slower at low
temperatures. On the other hand, the Ni diffusion in tHe¢erhent CoCrFeNi HEA is always
slower than the counterparts in both pure Ni and®Wi at awide range of temperatures tested,
suggesting that GB diffusion in HEAs could be sluggish. This is also another example that more
elements in an HEA do not necessarily mean slower diffusion. It should be noted thelieimebt

Cantor alloy has a lowershan the FetONi and pure Ni, which could be the reason why the grain
boundary diffusion of Ni in the Cantor alloy is faster at high temperatures in the absolute
temperature scale. The second st[iB8] by the same research group is complementary to the
first study[187] as it measures the grain boundary diffusion of other elements in the CoCrFeMnNi
Cantor alloy using the same technique. Their results of Co, Cr and Fe in this HEA consistently
show slower grain boundary diffusion than their counterparts in pure FCC eteamehsimpler

alloys except for Cr in NLOFe19Cr, again indicating that sluggish GB diffusion in HEAS is

possible.
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Although these experiments can provide quantitative values of grain boundary diffusivities,
they explain little of the diffusion mechanisms. Most of the knowledge in grain boundary diffusion
mechanisms has been obtained through atonsstte computatiomatechniques such as
molecular dynamics. Previously, molecular dynamic simulations have been used extensively to
study grain boundary diffusion in pure metals and simple al[@$9191] When adequate
statistics of atomic displacements are collected, molecular dynamics can result in very good
agreement with experimental d4#82]. Furthermore, this method allows understanding of the
specific mechanisms operating in grain boundary diffufl®3] and can take into account the
possibilities of the multiplicity of different structures that can arise for the same grain boundary
[194]. Using this method, Mishin and-@@orkers[193, 195]found that grain boundary diffusion
mechanisms in pure metals are temperature dependent. At low temperatures, the grain boundary
diffusion is controlled by both vacancies and-geférstitials in about the same proporti¢h83],
which is different from lattice diffusion, where vacancies are much more predominant than
interstitials. At intermediate temperatures, a fast diffusion g%88{ is caused by avalanctigpe
generation of point defects at irregular intervals followed by the point defects annihilation and a
period of slow diffusion. As temperature increases, the avalanches become more frequent until the
grain boundary reaches thespnelting stage. In the pmelting stage, grain boundary diffusion
exhibits a stringike group motion that is similar to the collective atomic motion in supercooled
glassforming liquids[196] or superheated bulk crystdl97] and it deviates from the Arrhenius
behavior. It should be noted that molecular dynamics can only directly simulate grain boundary
diffusion with enough statistical accuracy at temperatures highermghan and up to the pre
melting temperatur@d 92]. This is the temperature range that will be used in this work, as discussed

below.
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The aim of this work is to use molecular dynamic simulations to elucidate if the grain
boundary diffusion in an equiatomic FeNiCrCoCu model HEA can be sluggish, even though its
bulk diffusion is not sluggisf66]. The same strategy as in our recent work of bulk diffusion in
the HEA [66] will be used: comparing the grain boundary diffusion in the HEA with its AA
equivalent. The former has the compositional complexity while the latter does not. In adluition,
average diffusivities of the five pure components will also be compared to that ofAdEAfirst
attempt, &55(210)symmetrical tilt boundary is usega model highangle grain boundary in this
work, although more boundaries are needed to be studied in the future to get a complete picture of
the grain boundary diffusion mechanism$iEA. Since molecular dynamics does not require any
a priori assumption of diffusion mechanisms, it is expected that the diffusion mechanisms of this
grain boundary in the HEA will be revealed in this work. The molecular dynamics method also
allows for calculations with different starting distributions of the conepb elements in the grain
boundary so that adequate averages can be computed. In addition, it can study grain boundary
diffusion in different directions within the grain boundary plane. Moeeov can help understand
the role of vacancies in the diffusion process because some grain boundary sites do not support a
stable vacancy. This can be done by comparing results with different vacancy contents in the same

grain boundary, which has beeméan previous studig492-194].
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6.3Methods

6.3.1Molecular dynamics techniques and interatomic potentials: HEA and
Average Atom

The molecular dynamic simulations of grain boundary diffusion are performed using a
<100>55(210) symmetrical tilt grain boundary that contains 9600 atoms. The tilt axis is along
the z direction and the grain boundary normal is along the y direction. The dimensions of the
grain boundary system in the HEA are about 33A x 97A x 36A. Periodic houoconditions
are employed in all directions so that there are two equivalent grain boundaries in the system.
The LAMMPS codd153] is used for all molecular dynamic simulations. The timestep is set
to 1fs. The simulations are performed in an NPT (constant number of atoms, pressure, and
temperature) ensemble. The Nodssover barostat and thermosfa®8] are used to control
the external pressure at 0 bar and temperature at the desired vadlhesEAM [144]
interatomic potential used for the FeNiIiCrCoCu HEA system was developed by one of the
present authors Farkas et al[71]. This potential predicts the standard deviation of bond
lengths for first nearest neighbors up to 2%, a heat of mixif@@®02 kJ/mol for the quinary
alloy, and the differences in atomic size between components are up to 3%. In addition, all the
elemers in the potential are set to be stable in the FCC structure in their pure states. Although
this potential cannot be expected to predict all the properties in the HEA accurately, it presents
an ideal opportunity to study how material parameters affeelltheproperties and to explore
the underlying atomistic mechanisms for defect and microstructure evolution processes. For
example, this potential has been used to study many atomic mechanisms in the FeNiCrCoCu
HEA, including the structure and mobility dfslocationg199], the HallPetch effec{f200],

the temperature effect on plastic inception in uniaxial tension[&&1$ and lattice vacancy
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diffusion [66].

The AA potential (also in the EAM format) averages all the local compositional and
structural fluctuations of a random multicomponent alloy to form an averaged single element.
This treatment was first done for a modelNieCr alloy by Varvenne et a[177]. The
hypothetical element in the AA potential allows isolating/excluding the role of local
compositional variation i n t he all oyods prop
multicomponent counterpart. Recently the present auf6fsollowed the method provided
i n Var v e n[h7&)dosdevelaprtie AA potential corresponding to the equiatomic
FeNiCrCoCu HEA potentigl71] and the same AA potential is used in this work. Table 1
shows our previous resu[B6] of the basic properties predicted by the AA potential, compared
with those of the equiatomic FeNICrCoCu HEA mixture, as well as the average properties of
pure components. For completeness, this table is shown here again. It can be seen that the HEA
and AA potentials predict very similar properties and they both agree well with the averages

of pure components.

't should be noted that currently there is n
HEA research community. For example, Daw eflal] summarized four different criteria of
sluggish diffusion. Il n this work, t wo compari
first one is comparing the HEA and the corresponding AA material. The second one is
comparing the HEA wiesho tohfe tfireul i voef enliexmeunt a
di ffusivities (this is one of Dawds criteria)

than these reference diffusivities, it is considered as sluggish.
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Average of| Random Average Atom

componenty HEA potential
a0 (hm) 0.3556 0.3555 0.3554
Econ (€V) 4.20 4.20 4.20
B (GPa) 173 169 189
C11(GPa) 214.4 224.8 245.3
C12(GPa) 152 140.8 160.8
Cas (GPa) 105.6 107.9 107.9
E/ (eV) 1.44 1.420.16 1.43
E" (eV) 0.98 1.030.17 1.03
Tm (K) 2047 2070 2130

Table6.1: Previous results of the basic properties predicted by the EAM potential for the
FeNiCrCoCu HEA mixture, compared with those by the AA potential, as well as the averages of
pure component propertig®6]. Here & lattice constant; &n cohesive energy; B: bulk

modulus; G, Ci2, Ca4: elastic constants;E vacancy formation energy;E vacancy migration
energy; T: melting temperature.

6.3.2Calculations of seltdiffusivities at grain boundaries

In all grain boundary diffusion calculations, the grain boundary structures are heated
from 300 K with an increment of 100 K within 1 ns (1 million steps). Then the temperature is
held constant for 10 ns, which allows the observation of the diffusion goBeiring the
isothermal heating stage, a snapshot is taken every 0.1 ns for calculating the GB diffusivity

and other analyses. The heating process is repeated until the system reaches 1800 K. At high
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temperatures, significant changes of the grain boundary structure can happen, sueh as pre
melting or a phase change. For example, we have found that for Co at around 1600K the GB
disappeared, resulting in a single crystal HCP block. In the case of @8sticanges, such

as the one mentioned above, the data collection stops. The center of the grain boundary is
determined every snapshot by observing two sections along the normal of the grain boundary
(y direction): the first section begins around 25 A %A which always encompasses the
middle grain boundary even if the grain boundary shifts slightly over time and rising
temperatures, the second section is from 75 A to 25 A where the second grain boundary created
by periodic boundary conditions resideseTd¢enter of both grain boundaries is obtained by
picking the 20 percent of the atoms that had the most grain boundary plane displacement from
the last snapshot and averaging their position along the y direction in each section. The grain
boundary thickness estimated to be 1 nm through the potential energy profile across the
boundary, as discussed below in the Results section. To calculate the GB diffusivity at each
temperature, five independent simulations are performed with different starting velaodies

the average diffusivity and standard deviation are reported. In the five simulations, the
equiatomic HEA grain boundary structure has not only different initial velocities, but also
different random element distributions. Therefore, the statisticgiosnboth ensemble and
configurational averages for the HEA grain boundary. The pure grain boundaries (Fe, Ni, Cr,
Co, Cu, and AA) are also studied, and the statistics are based on five independent simulations
with different initial velocities. To studye selfdiffusion process, no vacancies are introduced

to the pristine grain boundary. However, it is important to determine if additional vacancies
can alter the selfliffusion significantly. In this work, such tests are also performed through

adding onevacancy in the grain boundary for both HEA and AA systems. The results show
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that the additional vacancy does not have a discernible effect on the grain boundary diffusion

within the temperature range studied in this work, as discussed below in the Discussion section.

The selfdiffusion coefficient (D) at each of the two grain boundary plane directions (x
and z) is calculated by tracking the mean square displacement (MIS&)f the grain
boundary atoms in that direction over the time (t) during the 10 ns isothermal heating stage at

each temperature,

o —, 6.1)
where the grain boundary atoms are defined
boundary region. Since the grain boundary thickness is arbitrarily chosen, the diffusivity
calculated fromEq68l) depends on the value of U. Her e
triple product) valug¢l87,202]i s reported to account for the

nm) and the segregation factor s = 1 as it is fordifflision (the concentration is the same in

both grain boundary and bulk),
o i3 $. 6.2)(

The criteria for the diffusivities reported in this work are divided into two groups. The first
group includes the AA and pure element simulations, where only the diffusivities obtained from a
0.98 R or better fit of Eq. §.1) are reported. Thus, the diffusivities reported for the AA are from
800 K to 1700 K, which begins a little less than &%p to the premelting temperature rangefT
= 2050 K for the AA). The second group includes the HEA simulations, from which the
diffusivities of the HEA and eaatomponent are obtained, where its reported diffusivities are the
same as the temperature range reported for the AA. This is because comparing the HEA and AA
diffusivities, activation energies and preexponential factors in the same temperature range is the
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fairest comparisonThe diffusivity error is obtained through the slopes of the upper and lower
worse fits of one standard deviation off the

[203]. This method for error calculation is used for all Arrhenius figures in this work.

6.4Results

6.4.1Grain boundary structure

Figure 6.1a shows a relaxed <108%(210) symmetric tilt grain boundary structure in the
FeNiCrCoCuHEA at 0 K, which has a random distribution of its five components. The structure
is composed of #fAkiteodo st Blacsimiartathosatypicallsfourds 1 nd
in pure FCC metalfl94] as well as that predicted by the AA potential (Fighidd). The relaxed
basic 0 K structures predicted by the potentials are similar for all cases studied. This agreement is
consistent with the work by Utt et §04], who also found that both HEA and AA models resulted
in a similar grain boundary structur@egarding the excess grain boundary volume, we have
calculated that for atoms within 1nm grain boundary thickness. The excess volume per grain
boundary atom is about 3.1% of the lattice atom volume for the HEA and 2.7% for the AA at O K.
So they are similaalthough the HEA boundary has a slightly larger excess volume, possibly
because it has inherently larger distortions (Big). At higher temperatures, the grdboundary
structure can change before significant diffusion occurs at about 800 K. Specifically, the
grain boundary structure with the original A k
combinations of all three structures thateverf ound i n F r[194] after sigrificaatl . 6 s w
diffusion begins, the grain boundary structure becomes more distorted. Overall, the distorted grain
boundary structures in these systems at higher temperatures are found to be similar. For the purpose

of comparing the results betweenr@uwomponents, HEA, and AA material, this is an important
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requirement. To det

ermine if there i s

any

sl

be studied with the same or at least similar grain boundary structure. This study satisfies this

requirement.
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Figure6.1. The relaxed5(210) symmetric tilt grain boundary structure at 0 K, a) for the HEA

for the

and b)

AA mater.i

al, showing

metals. Different colored spheres in a) represent different types of atoms in the HEA.

6.4.2Lattice distortions

For the bulk HEA, the average lattice distortions (deviation from perfect FCC positions) have

Akiteo

been reported to be abo0t07 A, or about 2% of the lattice paramdi&t]. The distortions can

st

be different in the grain boundary region. In order to estimate the differences, we calculated the

differences in atomic positions at the relaxed grain boundary regions in the HEA with respect to

those predicted by the AA potential, whirepresents a single element FCC material with the same
lattice parameteiThe results are shown in Figle2. Far from the boundary the average distortion

values are about 0.07 to 0.08 A, consistent with the 2% distortion in the bulk HEA, as expected

contrast, the distortion values in the grain boundary region are significantly Highes.central

boundary plane some atoms have distortions of up to OMe importantly, the distortions are

much larger in the two next adjacent planes partdléhe central boundary plane, reaching over
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1 A for some atomssigure6.2 also shows the distortion values averaged over groups of 200 atoms
that have the same distance from the boundary plane. The averaged values in the grain boundary
region are about 0.14 A, twice the average values seen in the bulk. These results olwatgtsh

the lattice distortions in the HEA are significantly larger in the grain boundary region than in the
bulk. This can have important effects on the diffusion behavior along the grain boundary, as

discussed later.
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Figure6.2. Lattice distortions as a function of distance from the grain boundary plane (dash line).
Distortionsare calculated as the differences in atomic positions between the relaxed HEA grain
boundary structure and those in the sisgdenponent FCC material gulicted by the AA
potential.Distortions are shown for all individual atoms (filled blue circles) as well as averages
over 200atom groups within the same distance to the grain boundary (thick orange line).
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6.4.3Grain boundary energy and thickness

In order tounderstand the effects of compositional complexity on grain boundary energy,
the grain boundary energigs () at 0 K are calculated for all individual pure components, the

HEA, and the AA material.

The grain boundary enerdy ) is calculated with the formula below,

[ (6.3)

whereOis the total energy of the bicrystal system at @K, is the cohesive energy per atom in

a perfect bulk crystal) is the number of atoms in the bicrystal system @ndis the area

of the grain boundary. The factor of 2 in the denominator accounts for the two equivalent grain
boundaries formed in the bicrystal system due to the periodic boundary conditienssults are
shown in Figureés.3, where the grain boundary energies are plotted as a function of the cohesive
energy. Clearly, the grain boundary energies for the chosen boundaries scale nearly linearly with
the respective cohesive energies for all pure components, HEA, and AA matesi®lA value

is very close tadhe average of the pure components, while the HEA grain boundary energy is
almost identical to the average value of pure components. Note that by design the AA material
has the same cohesive energy as the HEA, and thus their corresponding grain energéey

are very similar. When considering the individual pure components, their cohesive energies vary
and so do the grain boundary energies. Overall, the grain boundary energies in these systems

follow the same trend as the bulk cohesive energies.

In order to determine the grain boundary thickness, Figdrehows the potential energy
profiles of atoms across the grain boundary plane for both HEA and AA material at two different

temperatures: 900 K and 1700 K. Figéré is done by averaging the potential energy per atom
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over groups of atoms everyialong the y axis (perpendicular to the boundary plane) frofk 20

up to 80 A position in the bicrystal, which encompasses the middle grain boundary only. Therefore,
only the thickness of the middle grain boundary is measured, while the second grain boundary
created by the periodic boundary conditions is assumed totheveame thickness. For clarity,

the profile is plotted from its distance from the boundary plane (defined at Thenlargest peak

in each potential energygfile corresponds to the grain boundary region and its width can be used
to quantify the grain boundary thickness. The HEA and AA material have a similar grain boundary
thickness, which is about 1 nm for both systems at both temperatures. However, the mai
difference in the profile between HEA and AA material is that the former has larger fluctuations
in the bulk region (i.e., away from the boundary) due to the compositional variation and thermal
noise, while the later has much smaller variations due tinlype thermal noise. The results
demonstrate that the grain boundary thickness does not significantly vary with temperature or
material. Therefore, in this work, the thickness of the grain boundary is defined as 1 nm for all
temperatures and materialsditd, which is used forthe v a | u 6.2).iOweralk fjom Figures

6.1, 6.3, and6.4, it can be seen that the HEA and AA models predict similar grain boundary
structures, energies, and thicknesses. Therefore, even though the AA model was developed for
matching the bulk properties of HEA, it shows a good transferability for predicting the GB

structure and energetics.
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Figure6.3. Correlation of the grain boundary energy with the cohesive energy for the five
individual pure components, the HEA mixture, and the AA material.
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Figure6.4. Average potential energies of atoms as a function of distance from the grain
boundary plane (at 0 nm) in the HEA and AA material at a) 900 K and b) 1700 K. The GB
thickness is determined to be about 0 = 1 nm

6.4.4. Grain boundary diffusion in HEA and AA material

To obtain the grain boundary seliffusivities, the mean square displacements of the atoms
within 1 nm thickness of grain boundary region are tracked at each tempédfegure6.5 shows
the results of mean square displacements of these grain boundary atoms as a function of time for
the HEA and AA material at the five highest temperatures (130000 K). The mean square
displacements in the two -plane directions parallel (||, wafh is along the z direction) and
perpendicular’(, which is along the x déction) to the rotational axis are plotted separately to
understand the grain boundary diffusion anisotropy, if &ngm these plots, it can be seen that
the AA material results in faster diffusion in bothglane directions because their slopes are

steeper than the counterparts in the HEA.

From the atomic displacement results, Equatiériy @nd 6.2) are used to calculate the D and
P values for the grain boundary sdiffusion in the HEA and AA material. Then the Arrhenius
plots of P values are constructed, as shown in Fi§eln addition, the grain boundary self
diffusivities in all five pure components are also calculated (more details are provided in the
following section) and their averaged values are shown in Fig@réor comparisonHere the
averages of the pure components. (rele of mixtures) are obtained by averaging the activation
energies and preexponential factors of the pure components, respeclilaycorresponding
preexponential factors ¢Pand activation energies (Q) for the HEA, AA material, and average of
pure components are reported in Tahke Figure6.6 shows that the AA material has similar grain
boundary diffusivities as the average of pure components over a wide range of temperatures,
especially in the iplane direction parallel to the rotation axisgiife 6.6b). However, both of
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them have higher diffusivities than the HEA and the differences become more evident at low
temperatures. Thereforghe results show sluggish grain boundary diffusion behavior that is
pronounced at low temperatures but vanishes at high temperatures. The presence of sluggish grain
boundary diffusion in the HEA is in clear contrast to the-sliggish diffusion behavionithe

bulk HEA as the present authors found recef@6], using the same interatomic potentials as in

this work. Note that the temperature dependence of the grain boundary sluggish diffusion has also
been observed experimentally for the CoCrFeMnNi HE87], in which sluggish diffusion is
observedit 800 K (e.g.0 TO ¢ ) while the trend is reverse®( 0 )

above 950 KSince diffusivity decreases exponentially with temperature, it is expected that the
higher activation energy in the HEA (Tal@&) will induce a more pronounced sluggish diffusion

at even lower temperatures such as the room temperature. FrontPalilalso can be seen that

the two inplane directions have similar activation energies arrde e X p o n e nint each | f act

material, indicating that the diffusion anisotropy is not significant in these grain boundaries.
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Figure6.5. Mean square displacements (MSD) as a function of time for the HEA (a and c) and
the AA material (b and d) at different temperatures from 1300/ 0 0 K. H@r eanfiMSD
AMSD | | 0 r eplameensam squaretdispéacements perpendicular and parallel to the
rotation axis, respectively. At each temperature, the five lines represent five independent runs
that are used for statistics.
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Figure6.6. Arrhenius plots of the grain boundary diffusion in the HEA and AA material in both

the (a) perpendiculaft ) and (b) parallel|]) directions to the rotation axis. The averages of five

pure components are also shown in each figure. Compared to the AA material and the average of
pure components, the Asluggisho diffusion in
diminishes at higlkemperatures. Some error bars are invisible because they are smaller than the
symbol size.
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1U Ep DI 45 78 58

1~ Ej 1)I 48 81 56
OoU I jo 3.56E18 3.99E17 1.05E17
0~ 1 jO 4.08E18 4.80E17 9.78E18

Table6.2. Activation energy (Q) and preexponential facte) (? the grain boundary diffusion
in both inplane directions for the AA material, HEA, and the average of pure components.

6.4.5.Diffusion behavior in the pure component grain boundaries

The grain boundary seffiffusivities in all five pure components are also calculated using the
same approach as in the previous section. Since these pure components in the FCC phase have
different melting temperatures, the temperature ranges for stuthgmiffusion are also different
(especially for Cu as its melting temperature is the lowest) and the reported diffusivities meet a
criterion 0of0.98 R or better fit of Eq.6.1). TheAr r heni us pl ots of P for
i n thepltawmoe idni r e ct iFigures.7. dhe eesuitshobthenAA material are also
included for comparison. Tab&3 reports the preexponential factors and activation energies of
these pure components from the Arrhenius fits. Note that F&ggtrenly shows the diffusivities
where the fit of the mean square displacement over time is 8 @8dRtter, hence the value of Fe

at 1100 K is missing.

Figure6.7 shows that the grain boundary diffusivities in these pure components have large
differences. In general, the diffusivities in botkplane directions follow the trendd <O <
O <O <O .Thistrend of grain boundary diffusion is similar as that observed for vacancy
mediated bulk or lattice diffusion in these pure components obtained using the same potential:

0O <O <O ©°0 <O [66]. In both grain boundary diffusion and bulk diffusion,
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Cu has a significantly higher diffusivity than other components at the same temperature. Regarding
the anisotropy of grain boundary diffusion, Ni, Cr and Co essentially have no anisotropy in the
two in-plane directions, as can be seen from the preexpahéatiors and activation energies
shown in Tablé.3. Fe and Cu have a slight diffusion anisotropy, with slightly faster diffusion (or

lower activation energy) in the direction parallel to the rotation tilt axis, as shown in6lable

Out of the five HEA elements, only Ni and Cu are naturally FCC and can easily be
compared with other molecular dynamic studies of the same grain boundary. Mendel@®#j al.
reported that the activation energy of a E5 g
its inclination, ranging from 50 to 110 kJ/mol, and our values for Ni lie within that range (Table
6.3). Frolov and Mishij205]c al cul at ed the activation energy
Cu as 0.48 eV or 46 kJ/mol, which is higher than our 30 kJ/raalbine average result. However,
the discrepancies may be due to a different interatomic potential used in their weeitin Fe
does turn into FCC in the high temperature rag&200 K), but the present authors could not

findanysefd i f fusi vity studies for the E5(210) gr ai
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Figure6.7. Arrhenius plots of the grain boundary diffusion of the five pure components in the
two in-plane directions. The results of the AA material are also shown for comparison. Some
error bars are invisible as they are smaller than the symbol size. (aydtteodiperpendicular

(™) to the rotation axis. (b) The direction parallel (||) to the rotation axis.
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FeU 81 1.45E17
Fe 68 7.06E18
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Ni U 5d 6.27E18
Ni™ 61 7.01E18
Cru 64 2.14E17
cr 67 2.73E17
CoU 53 4.08E18
Co 55 5.02E18
cuy 33 6.31E18
cu 26 2.56E18

Table6.3. Activation energies (Q) and preexponential factogsf(® the two inplane directions
of grain boundary diffusion in five pure components.

6.4.6Diffusion behavior of five individual components in the HEA grain
boundary

The mean square displacements of each of the five individual components in the HEA grain
boundary region are also tracked and their respective diffusivities are calculated. The Arrhenius
plots of these components are shown in FigulBeCompared to the very scattered diffusivities in
purecomponent grain boundaries (Fig@&), these components have more similar diffusivities
in the HEA. The component diffusivities follow theord&: <O °0O °0O <0
In particular, Cus still the fastest diffuser at every temperature as in pure components (Figure 7),
but the differences between Cu and other components are much smaller in the HEA than in the
pure components. In comparison with the AA material, all the componentsHiEthéave lower

diffusivities at temperatures below 1200 K in botkplane directions.

114



Table6.4 shows the activation energies and preexponential factors for all HEA components at
the two inplane directions. In comparison with the results of a@ponent grain boundaries
(Table6.3), all the activation energies in the HEA, with the exception of Fe along the perpendicular
direction, are higher than the counterparts in the pure components although all the preexponential
factors are also higher. In particular, the activation energguoiveraged over two directions
increases about 2.6 timésm the pure Cu value. In addition, all components have similar
activation energies along the twoplane directions, unlike the anisotropy seen for pure Fe and
Cu (Table6.3). Overall, the results indicate that the diffusivities of the individual components in

the HEA are more similar than the large differences observed between pure components.

Since there are no experimental results for the FeNiCrCoCu HEA grain boundaries, the
experimental grain boundary diffusion results in a similar HEA in which Cu is replaced with Mn,
CoCrFeMnNi[188], are used for comparison with our modeling results, as shown in G4dble
Clearly, the activation energies of HEA components calculated in this work are much lower (more
than 2 times) than the experimental values. On the other hand, the experimental preexponential
factors are much higher. In a fecomponent CoCrFeNi HEA (withouCu or Mn), the
experimentally measured activation energy of grain boundary diffusion is about 158[R&Wjol
while the calculated overall activation energy in our CoCrFeNiCu HEA is 80 kJ/mol (@2ple
The calculated activation energies from our simulations are smaller than those measured from
experiments. There could be a few reasons for the discrepancies. First, the FeENICrCoCu HEA
studied in this work contains Cu, which is a faster diffuser aetylleduces the overall activation
energy. Second, the experimental HEA may contain some impurities, which could slow the
diffusion kinetics and increase the aetion energy. In contrast, the HEA studied in this work is

i mpurity free. Third, the activation energy
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symmetric tilt grain boundary, while the experimental value is the average of different types of

grain boundaries. The grain boundary diffusion is sensitive to the details of boundary structure.

For example, in a previous molecular dynamic simulati®i] it is reported that the activation

energy for the E5 grain boundary diffusion
from 50 to 110 kJ/mol.
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Figure 6.8. Arrhenius plots of the diffusion of five individual components in the HEA grain

boundary. The results of the AA material are also included for comparison. Some error bars are

invisible because they are smaller thangyxbol size. (a) The direction perpendicula) (o the

rotation axis. (b) The direction parallel (]|) to the rotation axis.
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1 (ky/mol) | Po(ms) Exp. Q (kJ/mol) in Exp. B (m¥/s) in
(this work) | (this work) CoCrFeMnNi GB[188][CoCrFeMnNi GB[188]
FeU 76 1.68E17
182.2 1.4CE-12
Fe 77 1.73E17
Ni U 81 4.33E17
221 1.42&-10
Ni~ 82 4.79E17
Cry 82 6.24E17
180.6 1.4FE-12
Cr 84 7.01E17
CoU 74 2.40E17
181.5 l.66E-12
Co 77 3.06E17
Cuuy 77 5.95E17
Cu 81 7.72E17

Table6.4. Activation energies (Q) and preexponential factogs@Pthe five components in the
HEA grain boundary along the two-plane directions. The experimental results of a similar
HEA in which Cu is replaced by MGoCrFeMnNi[188], are included for comparison.

6.5Discussion

The primary purpose of this work is using molecular dynamic simulations to study if grain
boundary diffusion in HEAs can be sluggish, through comparing thediseigivity in an
<100>KE5(210)

corresponding AA material. This comparison is ideal because the AA potential models a

symmetric til
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hypothetical single element, which predicts the average equilibrium properties of all components
in the HEA but lacks the effects from compositional randomness present in the HEA. Therefore,
the obtained diffusivity from the AA potential is expected tcclmse to the average of the five

pure components, and this is indeed the case as shown in Figure 6. In contrast, the grain boundary
diffusion in the HEA shows a clear sluggish diffusion behavior in comparison with the AA material
and the rule of mixturesf @ure components, and the sluggish effect is more pronounced at low
temperatures but diminishes at higher temperatures (Fégi)reSince the AA potential represents

a hypothetical single element, there is no experimental equivalent for this comparison. The current
literature[122, 187, 188]compares the HEA diffusivity with pure elements or simple binary or
ternaryalloys which excludes some of the elements used, because it is difficult to have all the
elements in an FCC structure at the tested temperatures for a fair comparison. It should be noted
that our recent studjp6] of lattice diffusion using the same methods and interatomic potentials
did not show a sluggish effect in the bulk HEA. To summarize the difference in sluggish diffusion
between this specific grain boundary and bulk, Figure 9 shows the grain boundasyotetsined

in the present work, together with those obtained for bulk lattice diffusion reported in our recent
work [66]. As expected, grain boundary diffusion is characterized by significantly lower activation
energies than the bulk diffusion. Most importantly, in comparison with the reference AA material,
the HEA lattice diffusion is not sluggish at any temperature @hifas slightly enhanced) while

the HEA of this special grain boundary diffusion is clearly sluggish at low temperatures. In order
to explore the possible reasons for the sluggishness in grain boundary diffusion, two approaches
are pursued: first the I® of vacancies in the diffusion process is studied and second the

examination of the diffusion paths along the grain boundary is conducted.
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The reason for exploring the role of vacancies is that theshuggish diffusion in the bulk
HEA is vacancydriven in the simulation, while the sluggish grain boundary diffusion in this work
is obtained without introducing any extra vacancies. To addnesgoint, we repeat the grain
boundary diffusion simulations, one for the HEA and one for the AA, with an initial vacancy
introduced in each grain boundary. The results are compared to those without extra vacancies
(Figure6.6), as shown in Figur@10. The comparison reveals no significant difference caused by
the presence of a vacancy, at least in the temperature range studigd 1(P00 K), and the
sluggishness at low temperatures is still present after the vacancy is introduced. Therefore, it is
corcluded that the HEA diffusion at this grain boundary is at least not purely driven by the vacancy
hopping mechanism as in the lattice. This is reasonable, since it is known that the grain boundary
diffusion mechanisms are complgd2, 193, 195] The excess volume of the grain boundary
allows the atoms to diffuse along the boundary without the need of extra vacancies. The process
in the case of lattice diffusion is vacancy driven and this difference may help explain why

sluggishness was not obged in the bulk but is observed in the grain boundary case.
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Figure6.10. Arrhenius plots of the diffusivities with (w/) and without (w/0) an extra vacancy at
the grain boundary in the HEA and AA material along theitwplane directions.

To further understand the results, the details of grain boundary diffusion mechanisms are
studied for both HEA and AA material. This is achieved by tracking the atom trajectories during
the diffusion proces® examine the atom diffusion paths. Here the atom trajectories during a time
period of 1 ns are analyzed using the OVITO softa8&] for both systems at a low temperature
(900 K) and a high temperature (1600 K), as shown in Figutdsand6.12, respectively. The
corresponding grain boundary structures are also shown. At 900 K, the grain boundary diffusion
paths lie mainly along the central boundary plane. However, in the HEA case the paths are seen
to circumvent the central plane in somecpks, showing diffusion outside of the central boundary
region (Figures.11b). In contrast, the diffusion paths in the AA boundary have routeg tie
central boundary plane and the two adjacent planes, with no jumps outside the grain boundary

region. (Figuré.11d). The different diffusion routes between HEA and AA suggest the important
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role of compositional complexity on the grain boundary diffusion. Compositional randomness of
components can induce many trapping (low energy) gtgs These trapping effects at the HEA

grain boundary may be even stronger because the grain boundary has significantly large lattice
distortions than in the bulk HEA, as shown in Figai2 Since a grain boundary is also a defect
sink [206], the energy cost for the components to diffuse out of the central boundary plane is
expected to be high. Given that a grain boundary has a 2D geometry, the presence of trapping
sites can inhibit the #plane diffusion along the grain boundary, forcingt@r energy jumps away

from the grain boundary region. As a result, atom diffusion has to go through some alternative but
energetically expensive routes outside of the central boundary plane, as shown i6.Eidurkn

the AA material in which no such gwositiorrinduced trapping sites exist, atoms diffuse mainly
along the faster boundary plane at low temperatures, as shown in Bidgde At high
temperatures (e.g., 1600 K) when the kinetic energies are sufficiently high, more atoms in the HEA
can overcome the trapping sites through botbeintratplane and oudbf-centratplane diffusion,

as shown in Figuré.12b. The oubf-centratplane diffusion also happens at the AA grain
boundary at this temperature, as shown in Figut@d. Therefore, both HEAnad AA grain
boundaries end up with similar diffusion mechanisms at high temperatures. This is likely the
reason why the HEA and AA have different grain boundary diffusivities at low temperatures but

similar ones at high temperatures.

This analysis of the diffusion paths may explain why diffusion is sluggish at this HEA grain
boundary but not in the bulk HEA (see Fig6r®). The key difference is that the bulk diffusion is
in 3D while grain boundary diffusion is 2D. In the 3D bulk diffusion, atoms have many alternative
paths to fiescapedo or fibypasso the trapping sit

pathsfor a vacancymediated diffusion in the bulk FCC crystal. However, for the 2D grain
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boundary diffusion, t he ft r aiplpne diffusion due toghe c an

' imited number of paths in the confined 2D sg
atoms may have to diffuse out of the boundary plane (Figfd) to escape from the trapping
sites, which needs to overcome higiergy barriers due to the grain boundary segregation effect.

Therefore, the sluggish effect is significant for this HEA grain boundary diffusion and the effect

is pronounced at low terepatures, while such effect is not evident in the bulk HEA.
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Figure6.11. Grain boundary structures and diffusion trajectories at 900 K for the HE®) (a
and AA material (¢ d). The sphere colors in (a) represent different types of atoms in the HEA.
Note that at this low temperature, the diffusion paths in the HEA ocam qut of the grain
boundary region while those in the AA material are mainly along the central boundary plane.

This explains why the sluggish diffusion effect in the HEA is significant at low temperatures.
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d)

Figure6.12. Grain boundary structure and diffusion trajectories at 1600 K for the HEB)(a

and AA material (¢ d). The sphere colors in (a) represent different types of atoms in the HEA.
Note that at this high temperature, the diffusion paths in both HEAArgbundaries are

similar. As a result, the sluggish diffusion effect vanishes at high temperatures.

As mentioned in the Introduction, this work only focuses @ @210)symmetrical tilt
boundary as the first attempt. One may naturally ask if the sluggish diffusion effect in this
special boundary also exists in other boundaA#teough we do expect that some boundaries
may show similar sluggish effects as in 8%210)boundary caution should be taken if one
wants to generalize the diffusion behavior of this special boundary to other boundaries, because
grain boundary diffusion mechanism can diffgrsficantly from boundary to boundary. For
example, one of the present authors (Farkas) recently showed that the diffusion kinetics of
different grain boundaries varies dramatically in a polycrystallin€si alloy [189].

Thereforeto fully address this question, ma@gstematic studies are needed in the future to

investigate the diffusion mechanisms in different types of HEA grain boundaries.

6.6 Conclusions
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