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Abstract
The research reported in this dissertation focuses on the response of grain boundaries in
polycrystalline metallic nanostructures to applied strain using molecular dynamics simulations
and empirical interatomic force laws. The specific goalhe work include establishing how
local grain boundary structure affects deformation behavior through the quantitative estimation
of various plasticity mechanisms, such as dislocation emission and grain boundary sliding. The
effects of strain rate artdmperature on the plastic deformation process were also investigated.
To achieve this, molecular dynamics simulations were performed on bofiirtheind quasi2D
virtual samples constructed using a Voronoi tessellation technique. The samples wetedsubjec
to virtual mechanical testing using uniaxial strain at strain rates ranging frsthta@.0’s™.
Seven different interatomic embedded atom method potentials were used in this work. The
model potentials describe different metals with fcc or bcc drgstactures. The model was
validated against experimental results from studying the tensile deformation of irradiated
austenitic stainless steels performed by collaborators at the University of Michigan. The results
from the model validation include a reltechnique for detecting strain localization through
adherence of gold nanoparticles to the surface of an experimental sample prior to deformation.
Similar trends with respect to intergranular crack initiation were observed between the model
and the expements.
Simulations of deformation in the virtual samples revealed for the first time that equilibrium

grain boundary structures can be #panar for model potentials representing fcc materials with



low stacking fault energy. Neplanar grain boundarfgatures promote dislocation as

deformation mechanisms, and hinder grain boundary sliding. This dissertation also reports the
effects of temperature and strain rate on deformation behavior and correlates specific
deformation mechanisms that originate frgrain boundaries with controlling material

properties, deformation temperature and strain rate.
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1 Introduction

Improved structural materials resistant to various environments are key in many applications.
One example is in the area of nuclear energy. The wadd demand for engy is continually
increasing. Of the existing technologies for providing electricity generation, one technology in
particular stands out as having the capability of meeting the demand for power. Nuclear power
plants are a viable, sustainable method of iing basdoad power generation. In the United
States, there are currently 100 operating nuclear reactors providing a significant portion of the
power requiredl]. The initial operating licenses issued to each plant were valid for 40 years. As
the plants age, renewladenses for some of the oldest reactors have been issued for an additional
20 years of operation. Recently, the Nuclear Regulatory Commission has begun researching
whether extending operating licenses beyond 60 years is feasible given the expecteld materia
degradation over the life of the reacta}.

A leading cause of material degradation is its service environment. The environment inside a
nuclear readr pressure vessel includes high pressures, high temperatures, and radiation. Due to
this extreme, corrosive environment, austenitic stainless steel alloysdr®lme the pressure
vessels. Thiaustenitic stainlessteel is subject to both embrittlemt and intergranular stress
corrosion cracking3]. Left undetected, cracks may lead to failure of the pressure vessel. In order
to prevent cracks from develog unnoticed, it is necessary to study the causes of intergranular
stress corrosion cracking in austenitic stainless steel, including the factors that contribute to
intergranular crack nucleation. It is therefore very important to be able to developruewral
materials for these applications. This development requires an understanding of the basic atomic

level processes that control mechanical and environmental response.



Atomistic computer simulation has been used extensively to study mechanietipsopf

crystalline materials and interfacigl that are governed by the microstructatéhe atomic scale
[5-8]. Progressn simulation techniques and advances in computer hardva&esbeen

particularly important in materials witlrain sizes under 100 nnvhere the length scales that

are possible through simulations can reach those of experimental migidjls

Even though there is still a large gap between the time scales that can be achieved by atomistic
methods and those available to experimghdl atomistic modeling can play a critical role in
advancingheunderstanding of microstructure evolutiand mechanical properties, particularly

if simulation results are combined with recent advances in the experimental characterization
tools[15]. The combination of simulation and experiment can provide new insight into critical
phenomena at the atomistic level that can aid in the design and devel@bmew structural
materialg16)].

Realistic simulation of mechanical behavior in metallic materials typically requires the
generation of representative potystalline microstructures in the form of a grain boundary
network. Simulations at the atomistic level require increasingly larger numbers of atoms. These

simulatians are now possible, due to the advancemeavafable computational power.

1.1 Motivation: Materials used in nuclear reactor pressure vessels

Nuclear reactor pressure vessels are made out of carbon steel due to its desirable strength and
low cost. A major drawback to carbon steel is its susceptibility to corrosion by boric acid, which
is added to the water inside the reactor to help control the nuclear reaction. In order to prevent
this corrosion from occurring, a layer of corrosi@sistant austenitic stainless steel is used to

create a barrier between the borated water and the carledrCster time, due to the high



neutron flux, the hot borated water, and high pressures, the stainless steel becomes embrittled
and may develop intergranular stress corrosion cracking. These cracks originate in grain
boundaries, the interfacial regions foumetween ta grains that make up the steel, for reasons
that are not yet fully understoodnder the right conditions these cracks may propagate along
the grain boundary network, ultimately growing large enough to cause failure of the material.
The spedic conditions under which intergranular cracks nucleate and grow are subjects of
intense research. Some key factors that promote the nucleation of intergranular stress corrosion
cracking include the yield stress, the stacking fault energy, and disloeatission, absorption,

and pileups at grain boundaries as noted in Chopra anfilijadn this context, the

relationships between stacking fault energy, yield strength, and dislocation activity at grain
boundaries is clearly of interest. One method by which these relationships may be probed is to
investigate materials with a iggrain boundary density. Nanocrystalline materials present this
opportunity, since with a decreasing grain size, the volume fraction of grain boundary interface
increases. This increasadmber ofgrain boundary interfasgresents a clear way to investig

the relationships between stacking fault energy, yield strength, and dshoasetivity at grain
boundaries. With the increase in tjrain boundary interfacial area, an increase in the variety of
grain boundary structures is available for study.dafe then work to pinpoint the effects of
parameters such as the stacking fault energy, yield strength, and dislocation emission and
interaction with the grain boundary addition, nanocrystalline materials have been shown to
have unique resistance to iatbn effectd18].

It is important to study the factors thatuseantergranular crack initiation, including how local
grain boundary structure affects deformation, what governs lodallgvandary structure, how

guantitative measures of deformation mechanisms change as a function of strain rate, and what



specific atomistic parameters govern overall material deformation. In additionrittaal to

understandhow deformation is affecteat elevated temperature.

1.2 Research goals

This research seeks to use molecular dynamics computer simulations to probe the interrelated
factors leading to crack nucleation and growth in complex grain boundary networks.

Thework proposed heravolvesa basic study of the structure of grain boundary networks and
their mechanical response in materiala atolecular atomistic level. Thsoject requires
descriptions of the interactions between the various atoms that are based on both experimental
data & well as first principle quantum mechanical calculations. Once this description is obtained
the equilibrium atomic configuration around any defect or interface can be calculated through
energy minimization schemes or molecular dynamics techniques. Hied&tformation on

the atomistic configuration of the defective region is then linked to the properties in the material
that are controlled by such defects. In recent years the increased speed of available computing
facilities has allowed us to undertadkege scale massive simulations. It is now possible to
conduct simulations involving millions of atoms and study the structures of defective solids and
their relation with material properties. Furthermore, the new computer architectures and
increasing spads allow the study of defects that are realistic and three dimensional in nature.
These large scale simulations pose new challenges in the ways in which the results can be
visualized and analyzed. Despite recent progress, we are still limited to geaitnsize

nanometer range and deformation rates that are much faster than experiment. The realistic

simulations in this dissertation are relevant to the properties of nanocrystalline materials.



Nanocrystalline materials are used due to their high graindaoy to bulk ratios, allowing this
research to focus on the role of grain boundaries in deformation and crack initiation.
Theoverallgoalof this workis touse largescale simulations to further thaderstandingf
how grain boundary networks contrakechanical response in metallic materials. The specific
goals of the work include
1 Determine two key effects of the stable stacking fault energy:
0 The effect of the stable stacking fault energy on edagrain boundary structure
o Thequantitative estimadin oflocal grain boundary structures deformation
through
A Grain boundary sliding.
A Dislocation emissiorgbsorption, and slip transfer behavior.
A Quantitative estimates of dislocation emission and grain boundary sliding
as functions of
1 stacking fault eergy.
1 strain rate.

1 temperature.

1.3 Dissertation organization

This dissertation is organized into three main sections and a conclusion. The first section is
comprised of chapters 1 throughlt@includes the Introduction (Chapter 1), the background
information and literature review (Chapter 2), and the methods and techniques used in this
research program (Chapter 3). The second section consists of Chapters 4 and 5, which detail the

model validation process, through comparisons of simulation and exp&siri@ese two



chapters have been published in Materials Science and Engineefit®:(8hapter 4) and in the
International Journal of Plasticif20] (chapter 5). In the third section, Chapters 6 through 10,
the main simulation resglof the research are presented. Three of these chapters have been
published at this time: Chapters 6 and 7 in Philosophical Magazja& A22], and Chapter 8 in
Modelling and Simulation in Materials Science Engineef2®). Chapters 9 and 10 will be
submitted for publication shortly. Finally, the major conclusions from this work are detailed in

the conclusions (Chapter 11).

1.4 Researchoverview
There are seval steps necessary in order to successfully complete the investigation of the
factors that contribute to intergranular crack initiation and deformation in nanocrystalline
materials. The initial step is to validate the model against experimental resiftslan
materials:
1 Compare intergranular crack initiation trends in Ni and ¥rLB€r15Ni austenitic
stainless steel, with an emphasis on the angle of the crack grain boundary with respect to
the tension axis and slip transfer in both cracked and urextdmbundaries. (Chapter 4)
1 Compare areas of local strain in excess of the homogenous strain imposed on the sample
to ensure the simulations accurately represent local deformation in experimental samples.

(Chapter 5)

Once the model is validated, the resbaran address issues that are not necessarily accessible to

current experimental techniques. The work proceeds in several distinct steps, as follows:



Determine the relationship between the grain boundary angle with respect to the tensile
axis and its effet on both deformation and crack initiation. (Chapter 6)

Determine how stable stacking fault energies affect the relaxed grain boundary structures
and how that in turn affects deformation through investigation of materials with two very
different stackindault energies. (Chapter 7)

Determine deformation mechanisms in bcc tantalum as a function of strain rate.
Determine the dominant deformation mechanisms as a function of strain rate, and at what
strain rate strain rate effects become pronounced. (Chgpter 8

Determine what interatomic parameter is the governing parameter for specific
deformation mechanisms, grain boundary energetics, and the yield and flow stress shown
in the stresstrain diagram. (Chapter 9)

Quantitatively assess the differences in digiooeemission, grain boundary sliding,

strain rate sensitivity, and activation energies due to elevated temperature. (Chapter 10)
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2 Background and Literature Review

Intergranular stress corrosion crack{i@@SCC) is a persistent problem in aging nuclear power
plants. These are cracks that develop in grain boundaries and grow along the grain boundary,
weakening the material and potentially leading to failure. An example of the consequences of
IGSCC can be fand in the history of the DaviBesse nuclear power plant. On March 5, 2002, a
hole the size of a football was found in the carbon steel reactor vessel head @&d3aeis

nuclear power plant located in northwest Olip Root cause analysis showed that an IGSCC
type crack developed in a control rod drive nozzle in the reactor head. This crack allowed
borated water, water that has had boric acid added to it in order to assist in controlling the
nuclear eaction, to seep through the protective layer of Alloy 600. This borated water then
began corroding the carbon steel from which the reactor head is made. Fortunately, the crack and
corrosion were discovered before a catastrophic failure occurred. Thisseeers the impact

and potential catastrophic consequences of IGSCC in nuclear reactors and the importance of
understanding the factors that contribute to the formation and propagation of these cracks.
Since IGSCC happens in grain boundaries, it is vitadlyortant to understand the role of grain

boundaries in deformation and how they contribute to mechanical behavior.

2.1 Deformation mechanisms in grain boundaries

Grain boundaries are clearly a key factor in both IGSCC and the overall deformation of the
material.Grain boundaries act as both sources of dislocationsamdbute to the strength of a
material by acting as a barrier to dislocation moveniehibiting the motion of dislocations
through grain®locks the onset of plasticity, raising thelgi and flow stress of the material and

thus the strength. Dislocations pile up at grain boundaries when transferring across the boundary
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is impeded. This is known as graddoundary strengthening. Logically, if grain boundaries
contribute to the strength the material, then it stands to reason that more grain boundaries in a
material equates to higher strength. One way to increase the number of grain boundaries is to
reduce the grain size, increasing the volume fraction of material devoted to grainriesumda
polycrystalline material. Two researchers, working independently, separately identified the
strengthening effect of reducing the grain $2€3]. The resulting theory, called the H&etch
effect, is a theory that seeks to explain why the strength of a material increases as grain size
decreases and is described through the following relation:

N ¢ » 4 2.1
Wheryeslt he v jieanmdterialtcanstastsk,is a trengthening coefficient, and d is the
grain size. In theory, this indicates that a material with infinitely small grains would have infinite
strength. This is impossible, howevsince gain sizes at the extreme small end have no-long
range order and are effectively amorphdmmorphous materials have no lergnge order and
lack the organization to support dislocations. Materials with grain sizes in the nanometer range
are possible, andhew interesting and desirable proper{id}s Deformation in nanomaterials
with grain sizes less than about 100 nm is restricted to grain boundary mediated deformation. At
this grain size, FranRead sources are prevented from operating, and thus the only source for
dislocatiors is the grain boundary itself. The study of deformation in nanomaterials allows the
researcher to focus only on factors that affect grain boundary deformation.
The grain boundary network acts as a source of dislocations when the sample is loaded [38].
Tscdhopp and cavorkers [7072] studied the evolution of grain boundaries in copper bicrystals

under uniaxial tension. Spearot andvearkers that reported that areas of larger free volume in

the grain boundary, such a sfavdrddsitesfdE dislosatonu ct ur a
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nucleation [73]. These findings also point out the importance of excess free volume in the grain
boundary as a critical parameter related to dislocation emission. Kinoshita-eatkess [74]

reported that extrinsic grain bodary dislocations are often present in the grain and that the

force required to emit these dislocations is highly dependent on detailed atomic level changes in
the dislocation cores. These lead to a strong dependence on local grain boundary structure and
have a significant effect on the emission process. McPhie andiders [75] showed that
dislocation nucleation is much more likely to occur at defect sites within a grain boundary,
stressing the importance of the local structure of the grain boundamsilass the relaxation

state of the boundary.

2.2 Deformation in nanomaterials

Deformation in nanocrystalline materials is significantly different than deformation in

macroscale materials. With grains that average less than 100nm in diameter, theropkrati
conventional dislocation sources, such as FHRe&d sources, are inhibitgs]. This leaves two

main mechanisms for deformation: grain boundary sliding and dislocation emissiothe

grain boundaries. Grain boundary sliding as a deformation mechanism becomes significant when
dislocation emissioand pileup agrain boundaries is limited by the grain sjgg. The critical

grain size at which this occurs varies, but is generally thought to be in-#@ 2@ rang¢5].

In addition to grain boundary sliding, motiontbe grain boundary normal to the grain boundary
plane has also been observed. Grain boundary sliding and coupled migration have been studied
by multiple researchers, including Cahn e{3l8], Farkas et al.9, 10], and Velasco et a[.1]].
Dislocatian emission as a deformation mechanism at the nanoscale has been investigated through

molecular dynamics in previous studi¥amakov et al. used molecular dynamics to study

12



dislocation emission and twin formation in aluminum nanocry§i&ls de Koenig et al.13]

showed that local grain boundary structure affects the nature of the dislocation interaction,
including slip transfer. Tschopp et Fl4, 15| also studied the effect of local structure on grain
boundary emission, including how structural units inkbendary can dissociate into partial
dislocations which then emit into the grain. Vo e{af] showed that the competition between
dislocation emission and grain boundary sliding at the nanoscale is dependent cizgrand

strain rate.

It has been well established that grain boundary sliding and dislocation emission are significant
deformation mechanisms at the nanoscale, but the relationship between these deformation
mechanisms and the specific atomistic paransghat control remains a topic of investigation.
Experimental research performed by An ef{&r] used high pressure torsion to investigate the
effect of stacking fault energy on deformation in nanocrystalline Cu af @lloys. It was

found that stacking fault energy affected the uniformity of microstructure, with materials that
have high or low stacking fault energies having more microstructural uniformity than materials
with moderate stacking fault energies. Molecular dyareimulations were used by Jin et al.

[18, 19] to study dislocation transmission across twin boundaries in Alad@iNi. Jin was able

to relate the resistance to slip transfer to a resistance parameter R that was dependent upon the
stable and unstable stacking fault energy. Deng E@lexpanded on this work with Au, Ag,

Al, Cu, Pd, and Ni nanowires. Deng was able to show that the unstable stacking fault energy was
directly proportional to the yield stress and to the stress at which leading partial dislocations emit
from interfaces. Simulations by Asaro et[&l1] in Cu, Al, and Ni showed that the ratio of the
stableand unstable stacking fault energies significantly affects the emission of a trailing partial

dislocation from grain boundaries, which in turn affects the equilibrium partial separation
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distance. Stable and unstable stacking fault energies are cletich anithe deformation of
nanocrystalline fcc materials, though work to determine how the stable and unstable stacking
fault energy correlates to both grain boundary structures and subsequent deformation has yet to
be performedChanges in grain boundasyructures due to deformation through both grain
boundary sliding and dislocation emission may also contribute to intergranular crack nucleation,
another known deformation mechanism at the nanoscale.

Intergranular crack nucleation and growth has beenmeddén nanocrystalline materials.
Experimental work by Liu et a]22] in Au thin films with average grain sizes of about 8nm
showed that cracks develop and piggda along the grain boundary network. Atomistic
simulations of both fcc and bcc materials show that cracks in nanocrystalline materials nucleate
through a nanovoid formation and coalescence pr¢28s30]. Nanovoids, once nucleated,

grow through a process of dislocation emission from the nanovoid s{8fa8&|. Eventudly

the nanovoids will attain sufficient size to breach the top and bottom surfaces of the sample,
forming a crack. The newly formed crack can then propagate along the grain boundary network,
significantly weakening the material and contributing to plasttiain. Dislocation emission,

grain boundary sliding, and intergranular crack initiation all contribute to plastic deformation in
the nanoscale and are the subject of the research presented in this work.

The research presented in this work uses moledyfamics simulations to study the behavior

of grain boundaries to applied strain, including factors that favor crack initiation, dislocation
emission and grain boundary sliding. In particular, this work seeks to more firmly establish the
relationship betwen specific deformation mechanisms that originate in the grain boundary and

either the stable or unstable stacking fault energy.
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2.3 Model materials investigated

In order to gain insight into basic mechanisms model materials are chosen, to represgnt a ra

of metals. In this work, four model fcc materials and one bcc model material are investigated.
The fcc materials of interest are copper, aluminum, nickel, and palladium. The work was also
expanded to include bcc tantalum in order to explore deformiatioanocrystalline bcc

materials. These specific metals were chosen due to the availability of accurate interatomic
potentials with differing stable and unstable stacking fault energies, cohesive energies, and
elastic constants. When choosing model malepotentials one should consider their accuracy

or ability to reproduce properties of interest as closely as possible, their transferability, meaning
that they can be used to study a variety of properties for which it was not fit and their
computationakpeed, since faster calculations enable the study of more realistic structures.

The choice of the interatomic potential also depends on the area of intended application. The
model potentials used here were developed to represent aluminum, copperpaltaaym,

and tantalum. We emphasize, that we work with model materials and therefore we have chosen
two different potentials representing Al and two representing Ni. See section 3.3 for a detailed
discussion of thenteratomicpotentials chosen to perfarthese simulations.

In order to investigate the effects of stable and unstable stacking fault energy on deformation,
materials with a wide range of energies are needed. The materials chosen for this work are
aluminum, copper, nickel, palladium, and tantal Experimental values for each material are
shown in Table 1 and compared with the austenitic stainless steel used in chaptersThand 5.
materials chosen have a range of yield strengths, stacking fault energies, and elastic moduli. The
yield strengthis the stress at which plastic deformation begins, the stacking fault energy is a

measure of the excess energy in the material due to stacking irregularities in fcc materials, and
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the elastic moduluis a measure of the resistance of the material to @ @estormation under

applied stress or strain. By comparing the yield strengths, stacking fault energies, and elastic
moduli of the studied materials to those of the austenitic stainless steel, we can choose materials
that have a higher and lower yield sigéh, stacking fault energies, and elastic modulus. This

allows us to more easily isolate the effects of these parameters on deformation and intergranular
crack nucleation.

In this work, we use empirical models for each material. The models are fit tanesipialdata

like that listed in Table 1, including the lattice parameter, the cohesive energy, and the stable

stacking fault energy. Refer to section fBthe specific values used in each potential

Table 1: Experimental material properties for thegenials studied in this work

Crystal Lattice
Metal structure Parameter  9sr (MJ/nf) 0y (MPa) E (GPa)
(fcc/bece) (nm)
Fe-Cr-Ni
Stainless Fcc 0.3589[38] 107 100[38] 136220[39 -
Steels
135[40|
Aluminum Fcc 0.4050[39] 160-200[47]] 40-50[39 62[39]
200[42]
5542
Copper Fcc 0.3615[39] 70[473 209([39] 128[39]
80[40]
132[44]
Nickel Fcc 0.3518[39] 225[42 317[39 207[39
240[40]
Palladium Fcc 0.3890[39] 180[45] 200[46] 21[46]
Tantalum bcc 0.3302[39] - 250[39 186[39
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3 Simulation Tools

Computer simulations offer an attractive method of investigating the atomistic mechanisms
involved in deformatiof nanocrystalline materials that are not possible with experimental
techniques. The choice of simulation technique depends on several factors, including the scale of
the sample being simulated and the specific information desired. There are sevesaicgimul
techniques available, includiradp initio, molecular dynamics, and continudevel simulations.

The smallest scale simulation techniquabdnitio simulations, where the number of atoms is

limited to about 100, but extremely detailed informatioawtlthe quantum states of each

electron associated with the individual atoms is factored in to the calculations. This gives
extremely accurate results, but at the expense of the number of atoms available to the calculation.
Molecular dynamics simulationdl@v for a much larger sample, with greater than a million

atoms included in the simulation. In molecular dynamics, the specific quantum information for
each atom is lost, but the number of atoms considered is greatly increased. In addition to
simulation echniques that consider individual atoms, there are conthienshsimulations,

using finite element analysis techniques to consider sample sizes that approach experimental
scales. The cost for such an increase in sample size is the atéemstinformation available to

both molecular dynamics and ab initio techniques. In this work, molecular dynamics was chosen
as the simulation technique due to the sample sizes of about a million atoms and the availability

of accurate potentials.

3.1 Sample Generatn
The virtual samples used in this work were created using a Voronoi construction technique. Two

types of samples with columnar grains were generated: a fully periodie2idnasimple, and
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thin-film samples with free surfaces in the positive and negatoieections. These samples are

discussed in more detail in the following sections.

3.1.1 Periodic quaskD samples

The quaskD samples were created with periodic boundary conditions in all directions. With
periodic conditions, a large system can be saed by modeling a small part of the overall

sample and tiling images of the sample. These samples have 9 grains of 40nm average diameter
and 719 598 atoms. The periodicity along the z axis is the lattice periodicity in the [1 1 O]
direction common to aljrains. The grain boundaries in these samples are of pure tilt character
around the [1 1 0] axis with random misorientation angles as well as random orientations of the
grain boundary planes. The qu8) samples used with the fcc potentials in this warke been
adjusted to be proportional to the lattice parameter of the simulated metal. Apart from the
simulation box size, the samples are exactly the same. This allows differences in relaxed grain
boundary structure and deformation behavior to be isotatddferences in the interatomic

potential used. Note that the 40nm grain size precludes{Rea#t sources from operating, and
restricts dislocatiomediated deformation to only straigirte dislocations. The dislocation core

is parallel to the periodity in the z direction and thus is normal to the [1 1 0] texture of the

sample.

3.1.2 Thinfilm samples
Two sets of thirfilm samples were generated using a Voronoi process similar to that used to
create the quaglD sample. The first set of samples wesated to simulate bcc tantalum. Two

samples with different sizes were created: one very small, with only three grains, and one an
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order of magnitude larger. The first has three grains with random grain orientations, about 500K
atoms, and a thickness aim. This extremely small sample was created specifically to facilitate
simulations at a strain rate of°$0. A sample one order of magnitude larger, with the same 7 nm
thickness was created in order to ensure that deformation processes observetsirstragle

were not size dependent. This sample contained 30 grains and about 5M atoms. Both samples
were used in simulations with strain rates frorfist@o 10s™ with a goal of identifying the

effect of strain rate on deformation.

The second set ofitirfilm samples was created from orientation imaging microscopy (OIM)

scans of the experimental samples used in chapters 4 and 5. OIM uses scanning electron
microscopy (SEM) technology to determine the grain orientations and grain boundary characters
of experimental samples. In this technique the SEM beam is directed at the surface of the sample
at an angle of 70°. The lattice symmetry is revealed by Kikuchi bands in the backscattered
electrons that impinge a detector placed near the sample. The orieataamt grain can then

be calculated from the Kikuchi band pattern, and the orientations are mapped. By calculating the
angles between the orientations of each grain, the grain boundary character can be deduced. The
Euler angles of each grain and graiil centers estimated from the OIM scans are then used to
create a set of virtual samples thamic the experimental samples as carséen irfigure 1.

The top row shows the OIM information, while the second row shows the virtual samples created
to represnt them. The two sets of samples share Euler orientations for each grain. This implies

that the grain boundary characters should also be similar.
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EBSD OIM Scan of experimental samples

Min  Max
2 15
15 180°

Boundaries: CSL
Sigma
——

T 6 Las
Cluster

Cluster C

Simulation samples from EBSD OIM data

Cluster A Cluster B | Cluster C Cluster D Cluster E

Figure 1: Experimental and simulated samples. Simulated samples were created from EB

OIM data to obtain equivalent grain and boundary orientationsrdwgshows results from OIN

scans with boundary types coded by color. Bottom row shows simulated samples with col

by centresymmetry parametgf] of each atom. Blue indicates perfect lattice, while green ai

red show increasing amounts of lattice disruption. The green atoms in thes iimigcate grain
boundaries and small defects located within the bulk of the dfaperimental OIM scans by
McMurtrey. Simulation images by author.

3.2 Molecular dynamics

Mol ecul ar dynamics (MD) is a si mulfdotceansh t ec hn
motion to calculate the position, velocity, and force on each atom in a given simulated sample at
a defined timestep. These calculations are used to determine how a sample responds to applied

stress or strain. The MD software used in this weitke Largescale Atomic/Molecular

Massively Parallel Simulation written by Steve Plimpton at Sandia National Laborg&jries
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LAMMPS is a featuraich MD software package that is widely considered the standard by
computational materials researchers. LAMMPS il/fparallelized on multiple processors
simultaneously, vastly increasing the computing power that can be used in each simulation.
There are several advantages to MD simulations, including the number of atoms that can be
simulated, the range of temperatuagsilable to the simulation, and the variety of strain rates

that can be used. MD simulations are capable of using up to a billion atoms at very fast strain
rates of (greater than ) or small samples of less than a million atoms at stewvain rate

(less than 1®&™). The limitations of molecular dynamics lie in the fast strain rates and short
timescales available to MD simulations. The equations of motion are integrated with a
femtosecond timestep, leading to simulations that have durationsgdraimpicoseconds to
nanoseconds. This very short timescale prevents theradralign or timedependent phenomena
and presents difficulty with comparison to experiments.

Atoms in MD simulations are treated as hard spheres that react to the attractwave

forces exerted on them by neighboring atoms. In order to initialize a simulation run, the starting
atom positions, types, mass, and interactions are defined as inputs to the software. Next, initial
velocities for each atom in the sample are geeach atom as a function of a given initial
temperature. The first iteration calculates the force on each atom at t = 0. At each successive
femtosecond the positions, forces, and velocities are recalculated for each atom until the total
simulation time hs elapsed.

A NoséHoover thermostat and barostat were used to maintain the temperature and pressure in
the system. The temperature in the system is rescaled periodically by modifying the velocities of

each atom in the system according to the followingtieh:

-0 -0QY 3.1
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Where m is the mass of each atom, v is the velocity, N is the number of atoms in the system, k is
the Boltzmann constant, and T is the temperature. The pressure in each direction is controlled

through the following relation:

0 3.2
Where the first term uses specific terms from the kinetic energy tensor and the second term uses
components of the virial tensadn this equation, the terms i, j, and k equate, y, and zIn
addition to the inputs listed above, an interatomic potential describing the interaction between
atoms is necessary to complete the MD simulation. The potentials used in this work are
described in the next section.
MD was usedhn this work to determine the virtual mechanical response to applied sira@.
output from the software includes the deformed atom positions, the potential energy, and the
stress on each atom. By considering the total stress of the sample (calculated as thkesum o
stress of each atom in the system) as a function of strain, standaréstaessurves can be
developed for each simulation run. From the ststssn diagram, the mechanical properties of
the simulated system can be obtained, including quanstieh as the yield and flow stress and
the elastic modulus. Performing simulations at various strain rates and temperatures allows for
the calculation of both strain rate sensitivities and the determination of Arrhenius behavior.
Through these simple anals techniques, the mechanical properties of simulated samples can be
determined. Stresstrain curves were created for each virtual mechanical test in this work and

combined with more complex analysis in order to detect deformation.
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3.3 Interatomic potentials
Interatomic potentials are a method of defining the interactions between atoms in a simulated
system. The first potentials, such as the Lendartes potential, considered only the interactions
of atom pairs, excluding the interactions between eatam in the sample. This technique is of
limited accuracy in an dody system with metallic bonding. The embedded atom method
(EAM) interatomic potential is a mariyody approach developed by Daw and Ba$Rpand is
used to simute the interaction between atoms in metals. The EAM potential model is an
improvement on the Lennatlbnes mode because the EAM potentials incorporate a term that
considers the effects of all atoms j on atom i.
Interatomic potentials describe how thegrttal energy of the system depends on the
coordinates of all atoms. The total energy of the system in the EAM approach is written as

0O OB Qi -B o i 3.3
Where F is the embedding function tieahsiders the contribution to the electron density at atom
i from all atoms j, and 4 is the pair potent.i
energies are only calculated when atom separation radii are below a specific cutoff radius;
beyord the cutoff radius the interaction energy is considered to be equal to zero.
When developing an EAM potential, the potential function is fit to both empirical and

experimental parameters. These parameters include the lattice pal@ashetiee cohesive

energy(Ep), the vacancy formation ener§® , elastic constanis11l, c12, c44)stacking fault
energy(oskandoys), and any ot her parameters that fall
investigation.

The limitations of EAM potentials arise frothe nature of metallic bonding. EAM potentials

most accurately represent the behavior of fcc systems. EAM potentials have limited effectiveness
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when simulating bcc metals due to both the orbital hybridization and angular nature of some bcc
bonds. Covalarbonds are not well predicted with EAM potentials. Additional potential types
have been developed to address these types of bonds, including the [Ag¢esadf Stillinger

Weber[5] potentials.

3.3.1 Empirical interatomic potentials usedthis work

This work uses five model materials. These are aluminum, nickel, copper, palladium, and
tantalum. The interatomic potentials used for each metal are discussed in detailThelow.
materials selected for this work have a wide range of lgitacameters, cohesive energies,
stacking faulenergiesand unstable stacking fault energi€bis range will make the
correlations between atomistic parameters and deformation behavior easier to identify by

highlighting the differences in behavior at higid low values of each parameter.

3.3.1.1 EAM potentials for aluminum and nickel

In this work, the interatomic potentials of Mishin ef@élland Voter and Chef¥] are used to
describe the deformation afuminum and nickel. To differentiate between the two nickel
potentials and two aluminum potentials, the notations All and Nil shall refer to the potentials
developed by Mishin et al., while Al2 and Ni2 shall refer to those developed by Voter and Chen.
As shown in Table 1, The Mishin et al. potentials more closely match the values obtained
through ab initio techniques, indicating that they should predict behavior that is more
representative of experimental deformation. In this work, we use both the Misthiraed Vote

and Chen potentials in ordersatnascemergiesonf ul |y

deformation.
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Table3: Fitting parameters and ab initio data for the Mishin et al. and Voter and Chen

interatomic potentials for aluminuand nickel. All data fronfi6] except where otherwise noted.

ab initio All  AlI2 ab initio Nil  Ni2

& (nm) 0.405 0.405 0.405 0.352 0.352 0.352
Eo (eV/atom) -3.36 -3.36 -3.36 -4.45 -4.45 -4.45
B (10" Pa) 0.79 0.79 0.79 1.81 1.81 1.81
c11 (14 Pa) 1.14 1.14 1.07 2.47 247 2.44
c12 (1G* Pa) 0.619 0.616 0.652 1.47 1.48 1.49
c44 (16* Pa) 0.316 0.316 0.322 1.25 1.25 1.26
0 (eV) 0.68 0.68 0.63 1.60 1.60 1.56
ase(md/nf) 166, 120144 146 76 125 125 58
ause(mJd/nf) 168180[8-11] 168 93 278316[9,12] 366 225

3.3.1.2 EAM potentials for copper

The EAM potential of Mishin et aJ13] for copper was selected for this work due to the
excellent agreement between the predicted atomistic parametexis amiib calculations.

Mishin et al. used a total of 23 fitting parameterghwa goal of making the potential as accurate
as possible. The experimental parameters inclpid&#a B, the elastic constants cthe phonon
frequewan éga the zondoundary point X, the relaxed vacancy formatioy) éad
migration €n) energies, and the intrinsic stacking fault energy. The Rose equation ¢ d}ate

was used to ensure that the structural energy predicted by the potential was correct.
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Table 2: Fittig parameters and ab initio data for the Mishin et al. copper interatomic potential.

All data from[13] except where otherwise noted.

ab initio Cu
& (nm) 0.3615 0.3615
Eo (eV/atom) -3.54 -3.54
B (10" Pa) 1.383 1.383
c11 (10" Pa) 1.700 1.699
c12 (10" Pa) 1.225 1.226
Ca4 (10" Pa) 0.758 0.762
0 (eV) 1.27 1.272
asr(mJ/nf) 45 44.4

ouse(mJ/nf)  164180[9, 11] 158

3.3.1.3 EAM potential for palladium

The EAM potential developed to represent palladium used in this work is by Foiles and Hoyt
[15]. This potential was specifically developed to more accurately represent the stable and
unstable stacking fault energies in palladium, and thus produce more accurate deformation
behavior in tensile deformation simulations. The fitting parameters used by Foiles and Hoyt
include a, Eo, the vacancy formation energy:;(Bhe elastic constantg,¢he stable stacking

fault energy, the surface energy, and the Rose equation of state.
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Table 3: Fitting parameters and ab initio data for Foiles and Hoyt palladium interatomic

potential. All data fronj15] except where otherwise noted.

Desired Pd
& (nm) 0.389 0.389
Eo (eV/atom) -3.91 -3.91
c11 (16' Pa) 2.341 2.392
c12 (14 Pa) 1.76 1.735
c44 (1G* Pa) 0.712 0.656
0 (eV) 1.54 1.58
asr(mJ/nf) 188 187

ouse(mJ/nf)  260-439[10, 16] 210

3.3.1.4 EAM potential for tantalum

The EAM potential of Li et al[17] for tantalum was selected for this work due to its suitability
for simulations at the temperatures and strain rates chosen for this work. This EAM potential
does not address the angular components of bcc metallic bonding, including the orbital
hybridizationknown to occur in tantalunPotentials that account for the angular bonding in
tantalum should, in theory, more accurately represent the deformation behavior of tantalum
under uniaxial tensiorAn angular dependent potential (ADP) for tantalum has recbadn
developed by Mishin et dl18], however initial testing showed that the ADP potential was too
computationally expensive to be used in this work.

Li et d. used a forceanatching method when constructing this potential that included a wide

range of fitting parameters. The experimental and ab initio data included in the fit ingl&gle a
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B, the unrelaxed vacancy formation energy,(&d the elastic coresits . In addition, the
Rose equation of staf@é4] was used to ensure that the structural energy predicted by thermal

expansion of the unit cell was accurately modeled.

Table 4: Fittig parameters and ab initio data for the Li tantalum interatomic potential. All data
from [17] except where otherwise noted.

Desired Ta

2 (nm) 0.3303 0.3306

Eo (eV/atom) -8.089 -8.089

B (10"Pa) 1942 179.2

c11-C12 (10 Pa) 108.2 103.9

c44 (16'Pa) 874 865

0 (eV) 154 158

3.4 Visualization and analysis techniques

The postprocessing techniques used in this work are the Dislocation Extraction Algorithm
(DXA) by Alexander StukowsKi19] and the slip vector technique written by Garett Tucker and
Jon Zimmermaiji20, 21].

DXA is an exceptionally powerful tool for materials research. DXA analyzes the bond lengths
between pairs of atoms in the system, looKorgoonds that are indicative of lattice disruption.
When atypical bond lengsharefound, the system attempts to find a path through the system
with segments that consist of only thesgpical bond lengths. When such a path is found, the

system will comect the points of the path, indicating the specific limits of the disrupted lattice.
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The region thus marked ke dislocation line. ltisthemsmo ot hed and i dentifi ec
vector. In this way, DXA detects dislocations within the sample. Time gaocess is used to

identify dislocations, stacking faults, and twins in any cubic system, regardless of the crystal
structure. Identified microstructural features are exported in a format suitable for visualization in
Paraview.

In contrast, the slip wtor analysis uses relative displacement vectors to detect crystallographic
slip and twin formation. This software package creates neighbor lists and initial positions for
each atom from a reference configuration. Subsequent configurations from snapiigbisra

strain use these neighbor lists to compare the relative locations of pairs of atoms. Differences in
the location of each atom relative to its neighbors are analyzed at each strain increment.

|l denti fied differences orhdarystallegtaphic slip dr gvinning,t i ¢ Bu
allowing for the identification the deformation mechanism responsible for plastic strain. The
identified slip vectors are output in a format suitable for importing into Paraview for analysis.
Visualization of theesults is achieved through use of OVITZ2], Paraview, and Amira.

Paraview is g@rogram with the capability of displaying various features, including simple
representation of atom positions, to dislocation lines, stacking faults, and twin surfaces. It uses
vector information output by both the DXA and slip vector programs to grdiytdisplay the

desired information. For atomistic analyses, color coding of the individual atoms by centro
symmetry parametégf] allows identification of various lattice features; blue atoms indicate
occupation of a perfect lattice position, while atoms adjacent to stacking faults oeswvfadd
appear green or red, respectively. Through the use of this technique, stacking faults and grain
boundaries are easily identified, making dislocation emission and grain boundary sliding readily

detected.
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3.5 Summary of tools used in this work, wh reference to the corresponding websites.

1. Basic molecular dynamics implementation: LAMMR&w.lammps.sandia.gov

2. Interatomic potential database repositaryww.ctcms.nist.gov/potentials/

3. Dislocation Extraction Algorithmdxa.ovito.org

4. Visualization packages:

a. OVITO: www.ovito.org

b. Amira: www.vsg3d.com/amira/

c. Paraviewwww.paraview.org
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4.1 Abstract

Irradiation assisted stress corrosion cracking may be linked to the local slip behavior near grain
boundaries that exhibit high susceptibility to crackinglBEr15Ni austenitic steel was

irradiated with 2 Me\protons at 360°C to 5 dpa and strained in 288°C simulated BWR
conditions. Clusters of grains from the experiment were created in an atomistic simulation and
then virtually strained using molecular dynamic simulation techniques. Cracking and grain
orientaton data were characterized in both the experiment and the simulation. Random high
angle boundaries with high surface trace angles with respect to the tensile direction were found
to be the most susceptible to cracking. Grain boundary cracking susdagptibgi also found to
correlate strongly with slip continuity, indicating that the strain accommodation at the boundary
is related to cracking resistance. Higher cracking susceptibility was also found at grain
boundaries adjacent to grains with low Schnaickdér or high Taylor factor. The basic trends
reported here are supported by both the experiments and the simuléipnsrds: austenite;

intergranular cracking; localized deformation; strain accommodation
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4.2 Introduction

Austenitic steels are widelysed for structural components in current light water reactors

(LWR), and are candidates for structural components in some Generation IV reactors. In high
temperature water they suffer from susceptibility to irradiation assisted intergranular stress
corrcsion cracking (IASCC). This is a potentially Hieniting problem for current LWRs.

Several irradiationnduced changes have been proposed as likely contributors to the increased
susceptibility to cracking such as radiation induced segregation (RI@tieadiardening and
changes to the deformation mode. Recent resuli$ $how that localized deformation correlates
strongly to IASCC.

Irradiation causes austenitic steels to harden by forming defect clusters that act as obstacles to
dislocation motion uder an applied stress. As dislocations move through the defects, they
annihilate the defects, clearing paths for subsequent dislocations. Dislocations have been
observed to annihilate stacking fault tetrahedra-siten TEM straining, which has been coegl

with molecular dynamics models to explain the process by which dislocations clear defects to
form channels [-8].

Channels appear to originate and terminate at grain boundaries or at free surfaces where they
create steps with heights proportional te tbtal strain in the channel. Channel strains can
approach 100% for total sample strains of only a few percent [9]. Localized strain associated
with the dislocation channels cannot always be accommodated by the grain boundaries through
dislocation emissio, and can lead to grain boundary deformation and cracking. Jiao and Was [1]
recently showed that among the many parameters that could affect IASCC, intergranular
cracking in irradiated stainless alloys correlates best with the degree of localized defoamat

measured by the surface step height (Figure 1). It is likely that the ability of the grain boundary
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to accommodate localized deformation is key to the cracking mechanism, though this connection
is not currently well understood. Thus, measuremeritseofesponse of grain boundaries to
dislocations in intersecting channels during straining in high temperature water are critical to

understanding IASCC.
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Atomistic simulations have been widely used to study the mechanical response of metallic
materials, in particular, the structuand response of grain boundaries and dislocations and their
role in fracture [1012]. Simulation accuracy is dependent upon the interatomic potentials of the
materials being studied, particularly for the emission of dislocations from grain boundaries [1

17]. There have also been significant advances in the development of more accurate interatomic
potentials [18]. The introduction of parallel large scale processing [19] and the accompanying
increase in computer power has made it possible to condud@lvirachanical response tests of
realistic polycrystalline structures. Much progress has been made using these techniques to study
crystalline nanomaterials properties {20]. Changes in the mechanical properties in

polycrystalline materials are controlleg the atomistic nature of defects, including point defects

(vacancies and interstitials), dislocation loops, and grain boundaries [22]. Detailed knowledge of
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the mechanisms of interaction between these dislocations and grain boundaries is particularly
important, as is the role of grain boundaries as a source of dislocations in metallic materials [23
24]. This study combines experimental observations with atomistic molecular dynamics
simulations to understand the relationship between localized stram@tain boundary and

IASCC.

4.3 Experiment
Tensile bars were fabricated from a high purity austenitic steel of base composilidGie

15Ni, which was known to exhibit moderate IASCC [4]. The composition is listed in Table 1.

Table 1: Composition of thaustenitic stainless steel used in this work

Al l oy Cr Ni C Mn Si P
13Cr1513.15.0.01.00. <0.

Rectangul ar areas were fAimarkedo in the gage s
characterized areas could be relocated.crstal orientation in each rectangular section was
characterized using electron backscatter diffraction in the scanning electron microscope (SEM)
[25-26]. From the orientation information, grain boundary misorientation, Schmid and Taylor

factors were dermined. Boundary misorientation is a measure of the difference in

crystallographic orientation of the two grains adjacent to the boundary. The Schmid and Taylor
factors describe the deformation behavior of the grains. Schmid factor describes indiipdual sl
systems, while Taylor factor models deformation assuming that five slip systems are active. A

grain with a high Schmid factor deforms at lower applied stress, and a grain with low Taylor

factor undergoes less shear deformation for a fixed tensile.sdcGhmid and Taylor factor
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values were divided into three bins, low (L), medium (M), and high (H). The bin limits, Table 2,
were created by specifying that each bin have the same number of grains. The boundaries were
then characterized by the pair of Scrand Taylor factors of the adjacent grains that form the

boundary (e.g. a L grain adjacent to a M grain form a LM boundary).

Table 2: Upper limits for Taylor and Schmid factor bins.

Taylor Factor Schmid Factor

Max bin value % of grain§ Max bin value % of grain$

L 2.89 33.3 0.44 34.6
M 3.32 33.1 0.47 33.8
H 3.67 33.6 0.5 31.6

Irradiations were performed using protons accelerated by a tandem patrticle accelerator to an

energy of 2 MeV. Samples were irradiated at 360°C to a dose of 5 dpa at & dateay

approximately 16 dpa/s. The irradiation damage peaked
sample surface, Figure 2. Dose calcul ations w
surface where the damage profile was flat, away from the dap®eak. The temperature was

monitored by a twalimensional thermal imager that tracked surface temperatures of the samples

at high spatial resolution throughout the irradiation.

After irradiation, the tensile bar was strained in a simulated boiling wedetor (BWR) normal

water chemistry (NWC) environment. Water temperature was maintained at 288°C with a

dissolved oxygen concentration of approximately 2 ppm and a conductivity of less than 0.1

eS/ cm. The strain rate f A&¢7sl hetenskebdrwaswas appr
strained to 2% plastic strain in the irradiated region, at which point it was removed and the

cracking behavior was characterized using an SEM to identify cracked boundaries. The oxide
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layer was sufficiently thin so that itdinot obscure the visibility of cracks in the metal. After
characterization, the bar was strained a second strain increment to a total plastic strain of 6%.
Following the second strain increment, the oxide layer was stripped off the sample using a
chemicalstripping process that consisted of two solutions: sodium hydroxide and potassium
permanganate, and a solution of ammonium oxalate. The cracked boundarieslo@tedeand

characterized in a SEM. Examples of cracks are shown in Figure 3.

Qi0002 ' ‘ ' ‘ Figure 2Damage profile for 2 MeV protons in

austenitic steelCalculations were performed
| using the SRIM program. [36]
Figure by McMurtrey and Was.
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Figure 3Examp|es of two types of cracking found in theIBEr15N; alloy after 6% strain in
BWR simulated wateand the chemical oxide strip, (a) long cracks that propagated along tf
boundary and (b) small cracks localized near grain bourdiaslgcation channel intersections.
Figure by McMurtrey and Was.
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The orientations of the grains adjacent to a boundarg weed to determine Schmid and Taylor

factors, and to characterize the cracking behavior in terms of grain boundary type. The location

of the crack on the boundary (mid boundary or at a triple junction) and the angle of the trace of

the crack with respetd the tensile axis were measured directly from the SEM images. Certain

grain boundary characteristics are unevenly distributed and so the data was normalized so as

avoid unfairly weighting the data towards characteristics that were more strongly regmesent

the sample. Examples of this include the boundary type and Schmid factor. The majority of the
boundaries in the sample are either random high angle boundaries (RHABS) or coincident site

| attice boundaries (CSL), wanglevdoundahes (bAB3.th ar e FE
these results, LABs andST boundaries will be grouped together as special boundaries. Though

the Schmid factor for the most favorably oriented slip system was measured to be as low as 0.27,
the vast majority of the grains hadschmid factor greater than 0.45.

There is a statistical error associated with all of the collected data. This error decreases with an
increasing amount of data collected, however, there is a limit to the amount of cracking data that

it is feasible to cltect, so it is important to calculate and include the statistical error with all
cracking data. For binomial distributions, th
the amount of error in the measurements. Standard deviations for binomial distribtgions

calculated using eqn. (1),

y — 1)
where x is the number of positive cases (e.g. cracks of a certain boundary type) and n is the total
number cases examined (e.g. total number of cracks examined).
Slip continuity across grain boundaries was also characterized in the SEM. Dislocatinel€ha

that intersect the sample surface create ledges that are visible in the SEM. When these channels
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appear to be continuous across a boundary (allowing for a change in angle at the boundary) slip

is classified as continuous. If channels intersect thedary on one side, but are not observed to
femergeo from the boundary in the adjacent gr
example of distinguishable continuous and discontinuous slip at a boundary is shown in Figure 4.

If it is possible to detanine the continuity of slip across a boundary then the boundary is

considered distinguishable and used in the data analysis. The number of slip systems activated in

a random sampling of grains was also determined by examining the grains in the SEMi@nd usi

the visible dislocation channels to identify the number of active slip systems.

Figure4. Examples of boundaries with (a) continuous slip and (b) discontinuous slip after ¢
strain in BWR conditions and following the oxide stiijfigure by McMurtreyand Was.

4.4 Simulation
Virtual tensile tests were performed using LAMMPS [19] (Lasgale Atomic/Molecular

Massively Parallel Simulator) software and System X at Virginia Tech. The samples used in this
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simulation were generated using a Voronoi comsitoa technique by specifying the grain

centers and Euler angle data obtained from the OIM imaging. The samples were designed to
mimic 4 clusters of grains chosen at random from the samples used in the experiments. The
simulated grain clusters are showrfigure 5. Each sample contained 5 to 7 grains and the grain
size was approximately 40nm to avoid grboundary sliding as a deformation mechanism. The
small grain size does not allow dislocation multiplication through FRedkd sources midrain.

While much smaller than the grain size of the experimental samples, the grain size of 40 nm is
large enough to avoid most of the particular effects of the-seale, as reported in studies of

the mechanical behavior of nanocrystalline materials [20] These gragillsizes allow for

multiple grains to be atomistically modeled, while still avoiding many of the large effects of
having nanesized grains. The samples are fully periodic in the horizontal and vertical directions,
with the direction orthogonal to théher two left as a free surface. The samples studied in this
work had a total of 70 grain boundaries.

After sample generation, the boundary structure of each sample was relaxed for 50 picoseconds
while being raised to 700K, and then cooled back to 300k.ifiteratomic potential used for

both the relaxation and simulation was the nickel potential of Mishin et al [18]. The LAMMPS
implementation uses a Nes®over thermostat and barostat for temperature and pressure
control. Once relaxation was complete, slaenples are digitally deformed at 300K to induce
dislocation emission from grain boundaries. The periodicity in the direction of tension allows
control of the degree of deformation. The pressure is maintained at zero in the direction
perpendicular to thapplied stress so that the material reacts normally. Simulated strainings were

also repeated at a higher temperature of 700 K and basic trends were found to be the same. The
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majority of the simulations were run at the lower 300 K temperature and theke egsults

used in this analysis.

The samples were strained separately in both the horizontal and vertical directions up to 15% to
observe dislocation emission and crack formation. This is a greater strain level than the 6% used
in the experiments. Thérain rate was 3xF8*, which was the lowest possible given the

available computing power. The high strain rate used in this work illustrates one of the main
limitations of simulated tension tests, making it difficult to observe therraaliyated proceses

during the deformation. Another limitation of this technique is the small sample sizes that
resulted in small numbers of grain boundaries available for study.

In order to analyze the results and compare with experiments, several visualization eschniqu
were used. Results of this simulation work are visualized by-colding the centraymmetry
parameter [27] using OVITO visualization software [28]. By showing only the atoms with a
centresymmetry number greater than 3, only the grain boundariekjregdaults, and

dislocation cores are shown. This technique clearly differentiates between atoms in perfect lattice
conditions and atoms that have a disturbed crystal structure, such as those in grain boundaries
and stacking faults.

A technique was dewvaped to visualize strain localization by creating heterogeneous
displacement maps. The map was calculated by dividing the atomic coordinates of each atom by
the average deformation factor of the sample. The difference between the adjusted coordinates
and te initial coordinates is the heterogeneous displacement of the atom. The magnitude of the
difference indicates the strain experienced by the atom beyond the strain experienced by the
entire sample. This is the heterogeneous strain. Color coding the smseteon the magnitude

of the differences shows the strain localization of the whole sample [29].
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Figure 5Simulation of fcc (nickel) samples showing periodicity in horizontal and vertical
directions. (a) Cluster 13 (b) Cluster 36 (c) Cluster 42 (d¥t€r 70 Figure by author.
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4.5Results

4.5.1 Crackingbehavior

4.5.1.1Experiments

A total of 158 cracks were observed among approximately 260,000 grain boundaries
characterized in the FEBCr15Ni sample after 6% total strain. Figure 6 shows thenabzed
fraction of the cracks for the different boundary types. The majority of the cracks at both strain
increments were at RHABs. No LABs cracked, and only a few of the CSL boundaries were
found to crack.

The more probable location for the crackswasifn d t o b é oium dtalhr ey 0fi miedyi o n
between triple points, shown in Figure 7, irrespective of the strain level, though the distinction
between locations was slightly greater after 6% strain.

The cracks tended to form on boundaries that made tradbs sarface at angles greater than

70° to the tensile direction, as shown in Figure 8.

Figure 6The fraction of cracked boundaries

B 2% stran
B 6% strain according to boundary typ&he values have
0.8 - R a1 been normalized to account for the overall

fraction of boundary types in thamsple.In the
simulations, all the cracks observed occurre:
the RHABs.Figure by McMurtrey and Was.

0.6 -

04 |

Normalized cracked boundary fraction

RHAB Special
Boundary type
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13Cr15Ni, 5 dpa B 6% strain boundaryo between tr
0.8 - : to those that appear at the triple junction
between thregrains.Figure by McMurtrey
and Was.
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Mid-boundary Triple junction
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288°C BWR B 2% suan Figure8 Fraction of grain boundaries that

13Cr15N, 5 dpa B 6% strain cracked as a function of the angle between t
trace of the grain boundary on the sample
surface and the tensile axisgure by
McMurtrey and Was.
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The angle dependenoécracking was strongest after 2% strain, but was still very evident after
6% strain. Schmid and Taylor factors both exhibited correlations with cracking frequency, shown
in Figure 9, respectively. The higher Schmid factor bins demonstrate a trendstéoveed

cracking susceptibility. Cracking susceptibility is significantly decreased at boundaries for which
at least one of the adjoining grains has a low Taylor factor. Taylor and Schmid factors are
inversely related, so an inverse trend in cracking peeted. A grain with low Taylor factor is

likely to have a high Schmid factor, and the boundaries surrounding it exhibit a high cracking

resistance.
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Figure 9Fraction of grain boundaries that cracked as a function (a) Schmid factor pair type

(b) Taylor factor pair types. Fractions at Schmid and Taylor factor pairs were normalized t
account for the frequency of occurrence for each pair type in the safgulee by McMurtrey

and Was.

4.5.1.2 Simulation:

Intergranular cracking was also obseruedimulations. All cracked boundaries in the 4 clusters
were RHABS, consistent with experimental results shown in Figure 6. The angle of the boundary
with respect to the tensile axis showed that most of the cracks occurred in boundaries with angles
greate than 50 degrees. The distribution is shown in Figure 10, which is very similar to the
experimental results shown in Figure 8. Cracking occurred in 22 of the 70 grain boundaries
studied, with 5 boundaries cracking at more than one location. A totaloo&&s occurred

during deformation, with 22 cracks initiating near triple junctions and the remaining 10 initiating

mid-boundary. Figure 11 shows cracking in all samples strained in the horizontal direction to

15%.
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Schmid and Taylor factors for each grain were obtained during the OIMrignafjthe samples

used in the experiment. As the simulations were generated from these scans, the Schmid and
Taylor factors for each simulated grain were gathered from that data. Schmid factors for the
simulated grains ranged from 0.37 to 0.49 with modbfa being above 0.4. The same bins used

to divide Taylor and Schmid factors in the experiments (Table 2), were used in the model. Figure
12 shows the strain level at which a crack appeared vs. Taylor and Schmid factor pair types. A
linear regression waserformed on this data to determine the general trends which show that at
higher Taylor Factors, (pair types MH and HH), cracking initiated at lower strain levels. The
reverse was observed for the Schmid factor with cracking occurring preferentiallyeat low

Schmid factors (pair types LL and LM). A statistical analysis of the regression shows that the
trends may only be stated with a 60% confidence, due to the limited amount of data, and how the
data is scattered. This does still suggest a trend, andrésess are consistent with the

experimental results as shown in Figure 9.
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Figure 11 Examples of cracked boundaries (shown in white) in simulated fcc Ni samples ¢
strain in the horizontal direction. (a) Cluster 13, (b) Cluster 36, (c) Clustend2dnCluster 70.
Figure by author.

53



—
a
o
(=)

Molccular Dynamics Simulation

| L Molecular Dynamics Simulation
14+ Up to 15% strain . a 14 I 1ioto 15%stain > b
.| 27°C @ .
12 12 | 27°C
g 10 ® : 10 * o
2 » ¢ $———3 <
£ 8 : & Z g | P ‘ ¢
; $ o $ . g .
“io6 . 26 ! : L
4 ¢ 4 *

[ 5]
[ 38 ]

IL LM LH MM NMH HH IL LM LH MM MH HH
Schmid Pair Types Taylor Factor Pair Types

Figure 12Strain at crack nucleation vs. (a) Schmid and (b) Taylor factor pair types, in simu
fcc (Ni) clustersThese results are consistent with the experimental trends shown in Figure
Figure by author.
4.5.2 Deformation
4.52.1Experiments:
The ability of a boundary to accommodate strain is believed to be an important element in
cracking susceptibility. A primary mechanism for accommodating strain from impinging
dislocations is the transmission of dishtions into the adjacent grain. In these experiments, the
continuation of a dislocation channel across a grain boundary is indicative of slip continuity and
strain accommodation, where slip discontinuity represents a boundary that has not
accommodated itin and must find another means to relieve the stress built up by the
unaccommodated strain. Slip continuity was observed to vary with both boundary type and grain
boundary trace inclination. Figure 13a shows that slip continuity across special boundaries
about 40% higher than across RHABs. Figure 13b shows that slip continuity was much stronger

at boundary traces that made a low angle with respect to the tensile angle, which is opposite that

of the cracking dependence.
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Figure 13Fraction of boundries exhibiting slip continuity after 6% plastic strain as a functio

(a) boundary type, and (Bngle of grain boundary tradeigure by McMurtrey and Was.

Another property that describes the deformation behavior of the grain is the number of slip
systems that were activated during straining. Dislocation channels in the strained samples were
examined to determine the number of slip systems that were active in a particular grain. Results
were grouped by those with zero or one active slip systemshasel with more than one slip
system active. Approximately half of the grains in the sample had one or no active slip systems,
as shown in Figure 14a. Dividing the grains into the Schmid and Taylor factor bins, the number
of active slip systems is shownhkigure 14b and c, respectively. The Schmid factor bins do not
show much preference to activation of slip systems from one bin to another, but the low Taylor
factor bin does tend to have multiple slip systems active.

4.5.2.2 Simulations:

The simulated sapbes were strained to 15% in the horizontal or vertical directions in separate
deformation runs. Figure 15 shows the stsisgin curves for each of the 4 samples. The
differences between the horizontal and vertical stress directions show that theogradarkes

respond differently to stress in the perpendicular direction. During the deformation of Cluster 36
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in the vertical direction, the sample completely broke apart resulting in no additional strain after
10.3% strain.

In some boundaries, dislocat®from one grain were absorbed by the grain boundary, while a
corresponding dislocation is emitted from that boundary into the adjacent grain. Dislocation
emission in these samples always originated from the grain boundaries and in the form of

Shockley parals. Figure 16 shows an example of boundaries with and without slip continuity.
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Figure 14The fraction of grains (a) with one or no slip systems or with greater than one sli|
system, (b) as a function of Schmid factor, and (c) as a function ofrfagtor.Figure by
McMurtrey and Was.
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Figure 15Stressstrain curves for simulated fcc (N|) samples, showing both tension along tf

horizontal direction (a) and tension along the vertical directiofif)ce by author.

Figure 1) oniuol'sp across grain boundary 3in Cluster 13. b) Lk of slip continuit
across boundary 67 contributed to cracking rediagure by author.

Heterogeneous strain maps [29] created for each sample illustrate that strain localization
occurred near crack imtion sites. The red indicates high strain relative to the overall strain,
while blue indicates little strain relative to the overall strain. As an example, Figure 17 shows the
strain localization in the sample created from Cluster 13 in grain boundaty886, 7.5%, and

9% strain.
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FigurelGrain boundary 67 in Cluster 13 at 6, 7.5% and 9% strain song strain locali
around the boundary before and after crack initiatogure by author.

4.6 Discussion

Both experiment and simulation resushowed that the type of boundary and the trace of the
grain boundary angle with respect to the tensile direction strongly influence cracking behavior. It
should be noted, however, that experiments were conducted in simulated BWR NWC and thus
capture theombined effect of an irradiated microstructure and an aggressive environment.
Irradiated samples strained in an inert environment under the same conditions do not exhibit IG
cracking. Simulations are conducted in what could be considered to be amuirernment.

Hence, cracking in these cases is indicative of the inherent weakness or susceptibility to
decohesion than a true measure of the IASCC susceptibility of the boundary. The model also
does not include compositional effects, as all of the atoemmadeled as identical atoms within

an fcc crystal structure. Nevertheless, the propensity for cracking and the relation between local
strain and cracking provide important insights into the processes that can lead to cracking in a

more aggressive envirorant.
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4.6.1 Dependence of cracking on boundary type and boundary inclination

A high cracking propensity of RHABs and of grain boundaries that are highly inclined to the
tensile axis is exhibited in both sets of results. The high cracking susceptibREyABS is

consistent with other intergranular corrosion studies of austenitic alloy@2[3@pecial

boundaries have a high level of symmetry, smaller changes in atomic spacing from the normal
lattice and less open volume. They also have significantlgd@nergy than RHABs [33]. The

cusps in grain boundary energies at misorientation angles that coincide with special boundaries
have been used to predict a higher cohesive strength in those boundaries, and a decreased
susceptibility to cracking [33]. Regslfrom this study show that RHABs do not transmit strain
across the boundary as well as special boundaries (Figure 13a). The combination of a lower
cohesive strength and a decreased probability of accommodating strain through slip continuity
across the haendary may contribute to an increased cracking susceptibility in RHABs.

Grain boundaries inclined at high angles to the tensile axis will experience a high normal stress
during straining. With a high fraction of cracks occurring at high angles, it istbistathe

normal stress on the grain boundary is a factor in cracking susceptibility. West and Was [34]
found that there was a critical normal stress for intergranular cracking to occur in irradiated
materials. Boundaries perpendicular to the tensilsstleection would be the first to reach that
critical normal stress. Within the boundaries normal to the applied stress, there is a preference for
certain boundaries to crack prior to others. Nishioka et. al. [5] found that cracking occurred when
high nomal stress was coupled with dislocation pileups, which added an additional stress

element to the boundary.
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4.6.2 Linkage between slip continuity and grain boundary cracking

Dislocation pileups may occur where dislocation channels are discontinuoustherbsandary

and strain has not been accommodated. As shown in Figure 13D, slip continuity is highest at
boundaries with the trace of the angle along the tensile axis, and these boundaries are least
susceptible to cracking. The combination of high tersdiiess and low slip continuity leads to

high cracking susceptibility. Figure 18a shows the role of slip continuity in cracking of grain
boundaries that are inclined between 70 and 90° with respect to the tensile axis. For similar grain
boundary inclinatias, cracking is three times more likely at boundaries where slip is
discontinuous than at those exhibiting slip continuity. Slip discontinuity is an indication of the
inability of the grain boundary to accommodate large amounts of strain. This stragsckm
deformation of the boundary, slip in the boundary and rupture of the oxide film above the
boundary, allowing for nucleation of a crack in the underlying alloy as described by the slip
oxidation model for stress corrosion cracking [35]. As notev@bsimulations cannot capture

the effect of the environment, but the relation between IG cracking propensity and slip
localization is essentially the same. Figure 18b shows that in the simulation, cracking at grain
boundaries where slip is discontinuasiseveral times more likely than at boundaries where slip
iS continuous.

The link between cracking and deformation is further supported by trends in Taylor and Schmid
factor pair types at the cracked boundaries (Figure 9). Taylor factor and Schmidbdaictor
describe slip within a grain. A low Taylor factor is indicative of a grain that requires less shear
strain to accommodate the overall tensile strain. For a fixed number of active slip systems, the
shear strain on each slip system is low, and is stardiwith a reduced severity of the localized

strain accumulation at the grain boundary, as shown in Fig. 9b. Similarly, when the number of
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slip systems varies, those grains that exhibit a larger number of active slip systems will also
experience less shestrain per slip system, as shown in Figs 14a and c. The Schmid and Taylor
factor trends are not observed in the simulation result, as the model does not account for
irradiation damage. While dislocation emission is observed to occur, it does nothedelgtee

of localization required to form dislocation channels, as in the case in the experiments.
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2 288°CBWR | 8 27
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Figure 18Fraction of boundaries with (a) surface trace angle between 70 and 90° that hav
continuous slip after experimentally straining to 6% andrfm simulation of 15% strained fcc

(Ni) samplesFigure (a) by McMurtrey and Was. (b) by author.

4.6.3 Location of localized deformation in experiment and simulation

While both the experimental and simulation results show that RHABs and grain boundaries
highly inclined to the tensile axis are most susceptible to cracking, cracks tend to initiate at
different locations. In the simulations, the majority of the cracks initiated at or near triple
junctions. This is likely due to the constraint on deformadibtine triple junction due to the
intersection of multiple grains vs. a grain boundary where only two grains meet. The simulations

provide the sequence of events in crack formation including the location at which the crack

forms. Heterogeneous strain degement maps (Figure 17) of the simulated grain boundary 67
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in Cluster 13 showing significant inhomogenous strain building up at the grain boundary prior to
crack development, starting at the triple junction at 6% strain. At 7.5% strain, a crack initiates
near the triple junction while strain builds up in grain 6 above the crack. At 9% strain, the grain
boundary has cracked due to the buildup of strain. It is significant that that buildup of strain at
7.5% was very noticeably confined to grain 6 priorrexck nucleation. The link between strain
accommodation and cracking resistance is further supported by slip continuity results. Out of the
70 boundaries contained in the simulated samples, 21 showed slip continuity. Of these
boundaries, 2 cracked. The ritsishown in Figurel8b are consistent with experimental results
given in Figure 18a, in that boundaries that cracked are less likely to have the strain
accommodated through slip transmission across the boundary. The experimental results show
that grain boadary cracking occurs between triple points. The experiments also show that strain
is localized through dislocation channels, in particular at the boundaries with discontinuous slip,
where a dislocation channel intersects a grain boundary. This is shéwgura 18 and by the

inverse relationship between slip continuity trends and cracking probability trends (Figure 6 and
Figure 13a, and Figure 8 and Figure 13b). Dislocation channels do not form in the simulations,
so the location of greatest strain is thigle junctions. In experiments, it is the dislocation

channels that are primarily responsible for high strain localization. Therefore, though the location
of crack initiation differs between the experiment and the simulation, both can be explained in
terms of strain concentration. That is, both show that cracking occurs where the boundary is

unable to accommodate the concentrated strain.
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4.7 Conclusions
IASCC in Fe1l3Cr15Ni is caused by a combination of high normal stress acting on the
boundary and thimability of the boundary to accommodate the localized strain from dislocation
channels that form during straining. RHABs with high surface trace angles with respect to the
tensile direction are inherently the most susceptible to cracking due to therogmal stresses
experienced at those angles and the lower cohesion strength of RHABs. Of the RHABs with high
surface trace angles, the cracking preferentially occurs at the grain boundaries where slip is
discontinuous. These boundaries are the leady likemccommodate strain. The ability of the
grain boundary to accommodate stain is dependent on the following properties:
1 Grain boundary type (RHAB or special boundary), with more strain buildup occurring at
RHABS.
1 Grain boundary surface trace angle wibpect to the tensile direction. High surface
trace angles not only experience higher levels of normal stress, but are also less likely to
experience continuous slip across the grain boundary.
1 The ability of the grain to deform to match overall strain @hiéve strain at the
boundary. This is measured by Schmid factor, Taylor factor and the number of activated
slip systems. Grains with a low Schmid factor and a high Taylor factor do not deform
easily and therefore are less able to accommodate stram labwndary.
RHABSs at high angles with respect to the tensile direction and with adjacent grains that have
high Taylor factors and low Schmid factors are the least likely to accommodate strain and the

most susceptible to IASCC.
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5.1Abstract

The interaction of dislocation channels with grain boundaries in irradiated stainless steel was
observedn multiple length scales using scanning electron microscopy (SEM) digital image
correlation (DIC) and confocal microscopy (miescale),in situstraining in transmission

electron microscopy (nargcale), and atomistic modeling (atomic scdl&eractiors were

divided into three classifications; slip transmission, discontinuous slip, and discontinuous slip
that induced grain boundary slip. DIC and confocal microscopy were used to quantify the plastic
strain at dislocation channeGB intersectionsin situ TEM was used to image dislocations

inside of channels as they interacted with the grain boundary. Slip in the dislocation channels, as
observed by TEM, was found to involve cross slip between different slip planes, as well as the
possibility of differen slip systems activated on parallel slip plagsmistic simulations

agreed well with experiments on the nature of chagregh boundary interactions and also

showed elevated levels of elastic stress at@&RCintersections where slip was discontinuous

with no slip transmissiorlhe two distinct classifications of discontinuous slip are significant,
suggesting two possible cracking mechanisms that both lead to rupture of the oxide over the

grain boundary.
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5.2Introduction

The occurrence of stress amsion cracking susceptibility of austenitic stainless steels under
irradiation is known as irradiation assisted stress corrosion cracking (IASCC), and is a major
concern for light water reactor component integrity, in particular as the lifetime of reiactors
extended1], [2]. Irradiation alters the microstructure of stainless steel, causes radratiared
segregation of elements, dislocation loop and precipitate formation, increased harahass, an
transformation of the deformation mode from relatively homogeneous slip to heterogeneous slip
in the form of coarse dislocation channdlse complexity of the irradiation effects on stainless
steel makes it difficult to determine the cause of IASG#ydver, there appears to be a

connection between the localization of deformation into dislocation channels and cfagking

[2], [3], [4], [5], [6], [7]. Recent results show that the degree of slip in dislocation channels
correlates with cracking severity], but the mechanism still is not cled@his study seeks to

better undrstand the interactions between dislocation channels and grain boundaries through a
multi-length scale approach.

Dislocation channels are formed when the resolved shear stress reaches a magnitude sufficient to
propagate dislocations through the damagttéaAs the dislocation travels along the slip

planes, small defects pin it temporarily and are eventually annihilated when the dislocation
passes through, creating less resistance for subsequent dislocations toA®lioare

dislocations travel throdgthe channel, defects are progressively removed and the ease of slip in
the channel increaseBypically, dislocation channels consist of parallel slip planes totaling 50
200 nm in thicknesk8], and spaced one to three micrometers apart, though both spacing and
thickness are dependent on straining temperature and irradiatiofffld3ee to the high

concentration of plastic deformation, it is possible to reach very high plastic strains within the
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channels at low average macroscopic strdia® et al[10] used atomic force microscopy

(AFM) measurements of the height of the channels protruding from the surface to estimate the
average shear strains at nearly 100% in the channels of an irradiated steel strained to a
macroscopic tensile strain of 3%.

While height measurements of surface steps provid@®plane strain values for the dislocation
channels, the iplane strain is more difficult to measuketerogeneous plastic strain has been
studied in both unirradiated and irradiated alloys using digitabe correlation (DIC)7], [11].

DIC compares prstrain and posstrain digital images of a regiowith a speckle pattern made

of nanascale particles, suimicron spatial resolution has been achiew®dusing gold nane

particles on the order of 360 nm in size, Di Gioacchino and Quinta da Fon§ethwere able

to measure strain within slip bands, as well as visualize areas of strain localization in an
unirradiated stainless steel.

The interaction of dislocation channels with grain boundaries is an area ofiae#isggation.

Using scanning electron microscopy (SEM) imaging of indentations near grain boundaries, Wo
et al.[12] found that slip transmission was related to a misorientation factor based on the
orientations of the closest {111} slip planes and <110> directions of the two neighboring grains.
When slip des not transmit across the boundary, a dislocation pileup will Brihon et al.

[13] used high resolution EBSD to measure the stress caused byua pilescrew dislocations

at the grain bouraty and found a stress field ahead of the dislocatiorupilehich decayed at a
rate proportional to one over the square root of the distance from the pileup, similar to the model
proposed by Eshelby et §l4].

Transmission electronioroscopy (TEM) has also been used to observe the interactions between

dislocations and grain boundari€sslocations observed to absorb into the grain boundary may
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either be glissile or sessile and retain the lattice Burgers vector or decompose mto grai
boundary dislocationd 5]. In cases of slip transmission, except the special case of direct
transmission, which occurs only for screw dislocations with a line direction parallel to the slip
plane intersection in the grain boundary, the dislocations are absorbeceigtaithboundary,

and a new dislocation is nucleated in the grain boundary and ejBgtednductingn situ TEM
straining experiments, it has been possible to develop a set of criteria to predict which slip
system is activated to enable slip transmissioss the grain bounddi6], [17]. It was found

that the magnitude of the Burgers vector of the residual grain boundary dislocation was a
dominating factor in picting slip transmission with the magnitude of the local resolved shear
stress playing a minor role.

Only recently havén situ TEM straining experiments been conducted on the interaction between
dislocations and grain boundaries in irradiated mateBaiseno et al[18] found that

dislocation motion within a irradiated 304 stainless steel wWiseht from that observed in the
unirradiated statéislocation motion became irregular and jerky, and required higher levels of
stress to push the dislocation through the grain. This was evident through the formation of
dislocation pileups against ingible barriers in the grain interior and the tendency of
dislocations to pilaup at the grain boundary dislocation source. When dislocations traverse the
grain and reach the other grain boundary, ayglés formedInitially, the dislocations in the

pileup are evenly spaced, unlike the unirradiated case where the distance between dislocations
rapidly decreases near the grain boundawentually, as stress is increased, the dislocation pile
up in the irradiated sample develops in to a more conventideappsimilar to those seen in the
unirradiated casdhis evolution of the pileip structure is another manifestation of the need for

higher stresses to push dislocations through the irradiation obstacle field.
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Plastic deformation of a polycrystallinample has been studied using different simulations and
modeling techniques over various length scflé$ [20], [21] In particular, atomistic studies

are important as they can shed light on the details of fundamental atomistic mechanisms, such as
dislocation/grain boundary interactions, aeadth scale that is not accessible to experimental
techniquesAtomistic techniques have been used to study the interaction of dissociated lattice
dislocation with specific special grain boundaf?], as well as the shearing of the interface
when a dislocation arrives at a grain boundasy.

To provide a sound statistical basis fagntifying commonalities in dislocation interactions with
grain boundaries in irradiated steels and at the same time understand the atomistic processing
involved, a multiscale experimental and simulation approach is employed in this study. Digital
image corelation (DIC) and confocal microscopy are used to create a detailed image of the
strain field at 23 dislocation chanrgiain boundary (DE5B) intersections on a 10000 nm

scale, using scanning electron microscopy to provide a large sample area ab{Cr@Be
intersections to be examined on each sanpies allows for a quantitative description of the

strain in the dislocation channel, the grain boundary, and the area surrounding the intersection.
To understand the interactions at the dislocation laveifu TEM straining was employed to
observe the interactions dynamicalljhese interactions were characterized in terms of the
intersection angle, local resolved shear stress, and residual dislocation Burgers vector using
methods described by Lee et[al7]. Details of the specific interactions are described by Cui et
al. [24]. Atomistic simulations of interactions at specific grain boundaries identified
experimentally were employed to undargl the processes and mechanism of strain transfer at
the atomistic levelln particular, the modeling activity provide insight on the local elastic stress

in the lattice at dislocatiegrain boundary intersections, which is difficult to determine
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experimentally. The objective of this work is to couple these msittale methods to obtain an
understanding of channel interactions at grain boundaries to provide the basis for linkage to

IASCC

5.3 Materials and methods

A tensile bar with a 23 mm gage sectiendth and a cross section of 2.5 mm by 1.5 mm was cut
using electrical discharge machining from a Rgglrity austenitic stainless steel with the

composition shown in Table The average grain size was 50 Jrhe sample surface was

prepared by a mechanigaolish followed by electropolishing at 30V in a solution of 10%

perchloric acid and 90% methanol40 °C for 90 secAfter polishing, the gage section of the

tensile bar was characterized using a coarse EBSD scan in the SEM to determine grain
orientaton. The electron beam was rastered across the sample surface, pausing for 0.03 seconds
to collect EBSD patterns every 5uithis EBSD analysis was performed at the Michigan

Electron Microscope Analysis Laboratory, using a Philips XL30 FEG SEM with a TSL OIM

system for automated EBSD measurements.

Table 1. Composition of austenitic stainless steel (Heat # R2A81) used in this study, given in
wt%.

Material
designation Fe Cr Ni Mn Si P C
13Cr15Ni Bal. 13.41 15.04 1.03 0.1 <0.01 0.016

The tensile bar wasradiated with 3.2 MeV protons in a tandem accelerator at the Michigan lon

Beam Laboratory to a dose of 5 dpa at 36@%ftr irradiation, gold nanoparticles were
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deposited onto the surface using a technique developed originally for surface enhanced Raman
spectroscopy by Grabar et BA5], but lateradapted by Kammers et §6] for use as a DIC

speckle patterrnifhe sample was first soaked in a solution of 20%r(hopropyl)

trimethoxysilane in methandl’he methoxy groups in the silane molecules react with the
hydroxyl groups in the metal oxide to create a firmly attached silane layer over the sample
surface After immersion in the silane solution, the sample wased in a gold nanparticle
suspension (particles ~40 nm in diameter), created using the method developed B/7frens

The amines in the silane molecules attached to the gold, creating a random speckle pattern on
firmly attachedo the steel surface, as seen in figur& tandom speckle pattern is ideal for

DIC, as it allows for higher resolution than repeating patterns, such asSdsanalysis
determined that the gold particle density varied greatly across the sample, tofacreas

with zero particles/pf to areas of 120 particles/jgnwith an average of about 45 particlesfum

During the analysis, D@GB intersections near areas of low particle density were avoided.

Figure 1. Gold speckle pattern (white) on
stainlesssteel sample (black), as imaged in
SEM prior to strainFigure by McMurtrey and
Was.
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Using electron backscatter imaging to determine where grain boundaries were located, SEM
secondary electron images of the grain boundaries were taken prior to defotimaise as

references for the DIC analysigo correct for the inherent distortion that occurs in SEM
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imaging, an Ultrasharp TGX01 AFM calibration grid (3 pm grid spacing) was loaded alongside
the tensile bar on the SEM stage and imaged at the sammgvdigtance as the gold pattern.
Matlab® was used to determine a transformation function to correct the SEM distortion in the
grid image, and the same transformation function was then applied to the gold speckle pattern
imagesEach time the tensile sanegplvas loaded in to the SEM for imaging, the grid was also
loaded and imaged so that a calibration image was available for each one.

To determine the amount of experimental error in the DIC process, the same area of the tensile
bar was imaged multiple timéy unloading and reloading the bar in the SEM between images.
As no strain was applied between images, a perfect experimental setup would have shown zero
displacement in a DIC analysis of the imad&sor to using the AFM calibration grid to correct
theimages, the DIC analysis revealed an average displacement of 61.2 nm across images ~7 um
X7um in sizeUsing the correction grid, this error was reduced to an average displacement of
29.6 nm.This error analysis was performed in an area of high goldcfgmdensity (~80

particles/urd). Areas of lower density result in weighted correlations: i.e., if the gold density is
higher in the top half of a subsection examined, than the correlation will give preference to that
location when finding its match in tip@ststrained imageAreas where there were fewer than

six particles/prficould not be correlated successfully.

After imaging the grain boundaries prior to deformation, the tensile sample was loaded into a
high temperature autoclavEhe sample was strainedl 288°C in a higipurity argon atmosphere

at a strain rate of approximately 3x16" to 3.5% plastic strairPoststrain images were taken in

the SEM at the same locations imaged prior to loadingges were analyzed using a DIC code
developed in Ma#b®. The first step in the analysis was to set up a grid of coordinates to be

analyzedThe grid was set up around B&B intersections, with a spacing of ~100 nm between
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each pointAn aperture window of ~600x600 nm was placed around each point withgnidhe

The section of the image contained within this aperture was taken from tbeginemage, and
located within the posttrain image using the CPCORR function, part of the M&itmage

analysis libraryMinor modifications were made to the CPCORMRdtion to increase the

accuracy of the image comparisobDssplacement of each point within the grid was determined,

and a displacement map was created from this Bgteaking the partial derivatives of the

horizontal (X) and vertical (Y) displacementgh respect to the X and Y axes, the partial plastic
strain tensor was determined by assuming that the channels were 100 nm in width according to
previous TEM observatior{8] of dislocation channels in similar irradiated materials and

similar straimng conditionsWith the inplane strain measured, only the components in the

direction normal to the surface (Z) were not accounted for.

Z displacement was determined using an Olympus LEXT confocal microscope in the Michigan
Lurie Nanofabrication Facilt The Z displacement measurements were used to determine the
partial derivatives of Z with respect to the X and Y axes, giving the XZ and YZ strains, which
were combined with DIC measurements to produce a nearly complete plastic strain tensor (figure
2). As the collected measurements determine displacement on the measured surface only, it is not
possible to determine the third column of the strain tensor, which would be calculated using the

partial of the displacement measurements with respect to the.Z axi

Results of DIC measurements were compared $itu TEM straining performed on the same
alloy used in the SEM DIC studies, 13Cr15Ni, as well as other austenitic stainless steel alloys
such as commercial purity 304 (18Cr8Ni), and 21Cr32Ni stainlesks stéhe geometrical

dimensions of the TEM samples were typically 11.5 mm x2.5 mm x0.2 mm. The central section
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was thinned to electron transparency using a twin jet polisher with a 6% perchloric acid, 39%
butanol and 55% methanol electrolyte2@ °C. Thdon irradiation experiments were performed

in situin the IVEM-Tandem microscope at Argonne National Laborafb8y, [29]. The samples
were irradiated at room temperature with 1 MeV Kr ions to a dose of3b8 m?. TRIM
simulations estimatthat this dose can cause an average irradiation damage level of about 0.14
dpa in a 100 nrthick foil of these stainless steel samples. The irradiation dose is lower than that
of the tensile bar used in the SEM study, however it was found that disloclaéionels still

form in the TEM samples under strain, allowing for the-GBs to be studied’he deformation
experiments were performéasituin the IVEM microscope at Argonne National Laboratory

and in a JEOL 2010 LaB'EM operating at 200 keV at the Wersity of lllinois. Thein situ

TEM straining was accomplished using a sirgteheat/strain stage (Gatan Model 672, Gatan
Inc., Warrendale, PA) allowing samples to be deformesitu under tensio29]. TEM images

were taken using twbeam brighffield imaging conditions.
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Figure 2. Example of data from a DGB intersection area showing (a) the SEM images take

before and after straining (grain boundariesvai with dashed red line), (b) the DIC and

confocal microscopy displacement measurement results, and (c) the 6 components of the

tensor calculated from the displacement measureniéigisre by McMurtrey and Was.

The dynamic interactions betweentmadislocations and grain boundaries were recorded as
videos using a CCD camera. The recorded video, together with still frame micrographs, was used
to determine the active slip systems. By using the conventional g-b invisibility condition, the

Burgers ectors of the incoming and outgoing dislocations were determined. The character of the

dislocations and their slip planes were identified using trace analysis techniques. Grain boundary
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misorientation (i.e., the axis/angle pair) was calculated using fs€tkuzhi patterns acquired at
different tilts on either side of the grain boundary and following the procedure outlined in
Edington[30]. The Burgers vector of the residual dislocation created in the grain boungdasy (b

the difference between the Burgers vector of the incomipgaid outgoing (k) dislocations:

>
>
>

(1)

where the Burgers vectors are expressed in the same éfareference.

Atomistic modeling was conducted using Hfilm, columnar grains with a Voronoi

construction, as described[@, using the grain centers and grain orientations from the
macroscopic tensile sample EBSD d#ta.example of the grain clusters modeled based on
orientation information obtained from tle&perimental sample are shown in figure 3. The

crystals in the simulation are oriented in alignment with the Euler angles observed in the
experimental sample. This technique aims to create grain boundaries that share similar properties
and alignments asdie in the tested experimental sample prepared for the DIC analysis.

The sample was then relaxed using molecular dynamics and embedded atom interatomic force
laws in order to achieve equilibrium grain boundary structlwemg this relaxed sample as

initial configuration, the model performs uniaxial streagmtrolled virtual tensile tests at constant
temperature using largecale atomic/molecular massively parallel simulator (LAMMPS) code

[31] and the Virginia Tecsupercomputer infrastructure,astrain rate of 3xf&™*. The Mishin

nickel potentia[32] was used as a model potentiEhe main limitations intrinsic to the

technique arise from the use of model interatomic potentials and straithat@re much faster

than experimental oneshe constraints of available computing power place limits on the size of
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the sample that may be modeled using molecular dynaAscs result, the simulated grain size

is ~50 nm, instead of 50 um, as it istive experimental sample. This size is sufficient to avoid
the most common of the nawoystalline mechanical effects, such as significant effects of grain
boundary sliding.

Dislocation activity and crystallographic slip is observed and analyzed asteofdbelse
simulations. Visualization and analysis of the simulation can be achieved by colorization of
atoms by their centreymmetry paramet¢B83]. This technique clearly reveals grain boundaries
and stacking faults. Local straiarcalso be obtained and used as a visualization techimque.
particular, inhomogeneous strain across the sample can be analyzed to reveal areas of strain
localization.In addition, the simulations also provide information on the local stress of

individual atoms, and this can be used to observe areas of stress concentration.

5.4Results

Figure 4 shows an example of the simulation results for deformation to 4% applied strain
corresponding to the same area as the experimental results shown in figurer2imbhewgndary

is shown with a black dashed line and color is used to depict local Sinaire is good

agreement between the slip system activation shown by the simulation at 4% strain and the
experimental observations at 3% str&@hp planes appear aimilar angles in the simulation as

were observed experimentally, and similar levels of X strain, Y strain and XY shear strains were
observedThe differences in the stress levels required for slip activations are minor, and may be
due to the very fast stin rates necessitated by the simulation method.

The plastic strain tensors were analyzed for 23@KCintersectionsThe intersections were

divided into three classifications; slip transmission, discontinuous slip, and discontinueus slip
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inducing grain bundary slipThese classifications are similar to those described by Shen et al.
[16] in their work studying unirradiated materials usingitu TEM straining.Examples of these
classifications are shown in figures-5afor the different teatiques employed in this study.

Slip transmission was readily identified by the continuation of a dislocation chtanmagh the

grain boundaryWhen two channels in adjacent grains coincided at the same point on a grain
boundary, it was considered a resflslip transmissionn the cases aliscontinuous slip, the
intersection was considered to include grain boundary slip when there was a discernable amount
of displacement in the grain boundary (>25nm), which was clearly visible above any noise in the
displacement maf the 23 DCGB cases, 9 exhibited slip transmission, 5 resulted in
discontinuous slip, and 9 were characterized by discontinuousdliping grain boundary slip.

In some cases, slip in the grain boundary was observed to occur onlyaaegment of the

grain boundary near the point of intersection with the discontinuous channel, resulting in the
activation of a channel in the adjoining grain at a location away from the intersection site, as
shown in figure 6In order for the glissileidlocations in the grain boundary plane to be re

emitted into the adjoining grain, the dislocations would have to be screw dislocations and the
grain boundary would have to be the conjugate plane of the slip plane in thg3ditice
Alternatively, the passage of grain boundary dislocations may be blocked within the grain
boundary such that a pilg is formed, activating a grain boundary source and then ejecting
dislocations into the graifor the purpose of chatacizing the strain field around the B&B
intersection, the 9 DGB cases were considered as discontinuousrglipcing grain boundary

slip, regardless of what happened elsewhere along the grain boundary.
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. Atomistic
Experiment simulation

Boundary types
RHAB

Figure 3. Example of sim-ulating grain‘austasmg the EBSD grain orientation measuremen
from the experimental sample as an input so that the simulated clusters match experimen
clusters OIM image by McMurtrey and Was. Simulation image by author.

X strain Y strain XY shear strai

Figure 4.Simulation results of a 4% straining for the same rins as the experiental resu
shown in figure 2Color corresponds to atomic stra8imilar slip systems were found to
activate in the simulation as seen in the experintagtre byauthor.
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SIMULATION

(b) 0O

Figure 5. Schematic diagram, SEM, simulated example and TEM images of t68DC
classifications; (a) slip transmission, (b) discontinuous slip, (c) discontinuotisdligping grain
boundary slipln the TEM images, Kr+ irradiatl 304 was used in (a), and Kr+ irradiated
13Cr15Ni was used in (b) and (@he moving directions of the dislocations are indicated by

thin arrows.The thick arrows indicate thgevectors used in the two beam bright field imaging
conditions.Slip is highlighted in red for the simulated examplEgyure by McMurtrey and Was
Simulation by author.

Total displacement in the dislocation channels was measured and comparedfiplané

channel heights, which have previously been used to determine dlmtaof strain in the

channel3]. Total displacement is the magnitude of all three measured displacement vectors (X,
Y, Z) combined, and calculated as the square root of the sum of the squares of the three
displacement vectorgigure 7 shows that the total defoitioa is related to the channel height
measurements, though it is generally greater in magnitude. This is expected as the channel height

does not account for-plane strainThe total strains of the channels were also examined for

each of the DEGB classifcations, as shown in figure Bor the strain calculations, channels
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were assumed to be 100 nm wi@éannels with discontinuous slip at the grain boundary were

found to have undergone significantly less plastic strain than the other types@BDC

classfications.

Figure 6. Grain boundary
absorption with subsequentr
emission in a 13Cr15Ni allow
shown in (clockwise from
upper left image) schematic,
SEM, TEM, and simulation.
Figure by McMurtrey and
Was. Simulation by author.
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Figure 8. Total strain of
dislocation channelslivided into
the three DEGB classifications.
Channel width was assumed to k
100 nm for the strain calculations
Figure by McMurtrey and Was.

As IASCC is intergranular in nature, the effects of dislocations on grain boundaries need to be

understoodThe amount of displacement in the grain boundary was measured in the area

adjacent to the dislocation chann®&$ expected, and as shown in figure 9, near intersections

where discontinuous channels induce grain boundary slip, the grain boundaries exgpéargece

amounts of displacemerftlso shown in figure 9 that slip transmission resulted in low amounts

of grain boundary displacement, similar to discontinuous channels that did not result in GB slip.
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80 o
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0 |
20 |
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Slip Discont. Discont. Slip +
Transmission Slip GB Slip
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Figure 9.The amount of
displacement within the gra
boundary, measured adjacent to
the dislocation channel in the BC
GB intersectionFigure by
McMurtrey and Was.



Simulations were conducted to determine the localized stresses where dislocation channels
intersect grain boundaries. In particular, oénest in this study was the difference in stress
levels caused by the three classifications ofG& observed in the experimen®hile true
dislocation channels do not form in the atomistic simulation, interactions of dislocations in slip
planes with thgrain boundary were observdtigure 10a shows dislocations that were impeded
by the grain boundary when the simulated sample was taken to 4% tensildgicain.

additional straining, figure 10b, slip occurred in the grain boundary and the dislocatios was
emitted into the adjacent graikdditional details are given in figure 11, which shows this
interaction at the grain boundary in more defaitase of slip transmission is shown in figure 12

for a simulated sample strained to 3%.

(@) (b)
Figure 10.Simulated sample at (a) 4% and (b) 4.5% applied tensile strain, the black lines ¢
stacking faults created by the passage of partial dislocafbd8s strain, the slip terminates at
the grain boundary, similar to a discontinuous dislocatioerms in the experimentBy 4.5%
strain, the dislocation has moved through the boundary and emitted into the adjacent grai
Figure by author.

Simulation results were colored to highlight areas of high stress, such as the disigiGation

boundary intesection in figures 10a and 11Riress states were observed throughout the
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simulated straining and at times, areas of high stress were alleviated through slip transmission,
such as in figures 10b and 1lal.general, areas where slip transmitted throbighbioundary

(figure 12) were found to exhibit lower levels of stress than areas where slip terminated at the
boundary.

As discontinuous D&SB sites have a higher probability of cracking, the processes controlling
slip transmission needs to be better uneit The active slip planes could be determined by
examining the angle of the trace of the dislocation channel on the surface of the tensile bar
observed in the SEM, and comparing it to the possible slip plane traces as determined from
EBSD crystal oriergdtion measurementditempts to determine the slip direction, howewvegre

not successful using the SEM techniques applied in this fajsptacement vectors measured

by DIC and the confocal microscope were compared to possible slip direction veatgrghalo

active slip plane, as determined by EBShile some slip directions matched with the

measured displacement vector better than others, on average, only 64% of the total slip could be
accounted for by assuming a single slip systeame of the mismeh may be attributed to error

with the measurements, however, the majority of the displacement that cannot be accounted for
by a single active slip system is expected to be due to the complexity of the slip within the

dislocation channels.
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(a) (b) (€) (d)

Figure 11 More detailed simulations results depicting the area circled in figure 10 showing
average local stress evolution in the selected grain boundary region of 37 Fhertotal
applied tensile strain, as well as the averagss in each image is (a) 3% Strain, 1.49GPa, (|
3.5% Strain, 2.95GPa, (c) 4% Strain, 2.78GPa, and (d) 4.5% Strain, 1.44@Ra.by author.

Figure 12 Simulated sample
strained to 3%Dislocations
intersecting the grain boundary
were transmittedhto the
adjacent grainkigure by
author.

In fact, cross slip events within a channel can contribute to obstacle jgphssidening of a

channel, and creation of a new charorethe conjugate plank.also was observed that a

channel could be arrested within a grain, presumably a manifestation of the presence of strong

obstaclesThese different scenarios are consistent with the SEM observations in figure 13a, and

are furthersupported by th& situ TEM straining observations in which cross slip between slip
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planes within the channel and multiple active slip systems have been seen to operate within a
single channel, as seen in figures 13b and 13c.

Due to the complexity of i, it was not possible to determine which slip systems were active in
the slip transmission process observed in the SEM, and therefore little additional information
was gathered with respect to the slip transmission mechanism from the SEM/confocal
micros®pe measurement$.was noted, however, that the Schmid factor (related to resolved

shear stress) of the grains adjacent to discontinuous channels tended to be lower than that of the
Schmid factors of the grains involved in slip transmission. In fasth@&n in figure 14, the

lower the Schmid factor in the adjacent grain, the higher the strain in the discontinuous channel
impinging on that grainThis is consistent with the TEM results reported elsewhere by Cui et al.

[24]. Cui found slip trasmission in irradiated metal to be governed by the Burgers vector of the

200 nm

5 i
(a) (b)
Figure 13. (a) SEM image showing cross slip between slip planes, away from the grain bc
(b) TEM images of a dislocation channel near the grain bound&mtinradiated 304 stainless
steels. (c) TEM image of two dislocation channels in Kr+ irradiated 21Cr32Ni stainless ste
b and c, complex dislocation structures and more than one slip systems (indicated by
arrowheads) are active in the dislocatioamtels Figure by McMurtrey and Was.
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residual GB dislocation, as well as the shear stress on the slip system in the adjacérttigrain.
is similar to the governing characteristics of slip transmission in unirradiated metal. However, in

the irradiated cse more importance is attributed to the shear stress on the outgoing slip system.

Figure 14. Schmid factor
analysis of grains adjacen
to discontinuous channels
The red line depicts the
average Schmid factor of
all the grains involved in
slip transmis®n. Figure

Average SF of grains involved
In slip transmission

Strain in discontinuous DC
(%)
I
[ee)

[
4 ®
10 . by McMurtrey and Was.
0 T T T 1
03 035 04 0.45 0.5
SF of grain adjacent to DC

5.5Discussion

In previous worl6], dislocation channels at BDGB intersections were considered
discortinuous or continuous across a grain boundary, and it was found that discontinuous
channels were more likely to induce crackilmgthis work, the characterization of dislocation
channels was augmented with an additional case: discontinuous channeldubatgrain
boundary slipWith the DIC measurements ofplane displacement, it was possible to more
accurately determine displacement, whether in the channel or in the grain boundary, and to
observe slip in the grain bounda@ther than discontinuou$igsthat induces grain boundary

slip, DG-GB intersections were found to cause very little displacement in the grain boundary
plane (figure 9).

As noted in the Results section, discontinuous channels undergo less strain than channels in
which slip is accommodated either through transmission or absorption into the grain boundary.

This is expected, and confirmed through experiments shown in figh®t8e dislocations form
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a pileup at the grain boundary, the back stress will limit the activity of theadist;m source.

The high stress caused by discontinuous slip was observed in the simulation, as shown in figures
10a and 11cThis back stress was relieved by slip transmisamnssthe grain boundary (figure

12), or absorptioimnto the grain boundary @ures 10b and 11d). Absent these processes, slip is

not relieved, and the back stress continues to limit the activity of the dislocation Jihese.

high stress states were observed in the simulation and could be confirmed experimentally by
measuring elgtic strain/stress tensors in conjunction with the plastic strain tensors collected in
this work.Even though the slip is accommodated in figure 12, high stress levels are still

observed near the triple junction of the grain boundaries close to theasbmission event.

Slip systems could not be fully characterized using these SEM techniques, as there is ambiguity
as to which slip directions are acti&ip within the channel was found to be complex, with

cross slip within the channel between slip pirad the possibility of multiple slip directions
existing on parallel slip planes (figure 13) all observed in the T®&Nhout the ability to

identify the active slip systems in the SEM, it was not possible to determine the residual Burgers
vector betwese the two active slip systems in the case of slip transmission, nor the resolved shear
stress on the active slip systemhis type of analysis was instead conducted usirsiiu TEM
straining.Results from the stud4] showed that slip tramission is controlled by both

minimization of the strain energy density in the grain boundary (by minimizing the Burgers
vector of the residual grain boundary dislocation) and the resolved shear stress with the latter
increasing in importance as the didtions must be able to propagate through the obstacles.

SEM observations reported in this work support the increased emphasis on resolved shear stress

in the outgoing channdDiscontinuous slip at the DGB intersection occurred in locations
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where the g@dcent grain had a lower Schmid factor, confirming that in the case of irradiated
metals the resolved shear stress plays a significant role.

The two forms of discontinuous channels (where one induces grain boundary slip and one does
not) result in two pasble mechanisms that could account for the increase in IASCC

susceptibility at discontinuous channgrain boundary intersectiondiscontinuous channels

that induce grain boundary slip could cause IASCC by rupturing the oxide layer above the grain
bourdary, exposing it to the environment. Discontinuous channels that terminate at the boundary
result in high elastic stresses that could also rupture the oxide and expose the boundary to the

environment.

5.6 Conclusion

Plastic strain was measured for sevdrslocation channel grain boundary intersections,

including both cases of continuous and discontinuous slip at the grain boukidanistic

model result exhibited the same types of intersection modes as expeflimerlistinct types of
discontinuouslislocation channels were found; discontinuous with no slip accommodation, and
discontinuous but with transfer of slip into the grain boundary followed by emission of a channel
away from the original intersectiomhe displacement tensor resulting fronp siithin the
dislocation channels was compared to the dislocation channel height and it was found that the
full tensor is needed to accurately describe the strain of the dislocation channel. Dislocations
within the channels were found to undergo crossadipvell as exhibiting multiple slip

directions within a single channélll measurable grain boundary slip occurred from
discontinuous channels that induced grain boundary@igeontinuous channels where slip is

not accommodated by inducing slip inteetgrain boundary exhibited significantly less plastic
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strain than other classifications of channels, as well as high levels of stress at the grain boundary
intersectionDiscontinuous channels were also found to form adjacent to low Schmid factor
grains,as expected given the increased importance of shear stress on slip transmission in

irradiated steel found in the TEM studies.

5.7 Acknowledgements

The authors acknowledge Alexander Flick for his assistance conducting the CERT tests in the
Irradiated Matgals Testing Laboratory at the University of Michigan, as well as the staff of the
Michigan lon Beam Laboratory, Ovidiu Toader and Fabian Naab for their assistance in
performing the proton irradiationd. Kacher is thanked for providing Figure 13c. Tleeteon
microscopy was accomplished at the Electron Microscopy Center at Argonne National
Laboratory (a U.S. Department of Energy Office of Science Laboratory operated under Contract
No. DEEAC02-06CH11357 by U Chicago Argonne, LLO)he NSF IRD program ialso
acknowledged for suppoffhe authors acknowledge Advanced Research Computing at Virginia
Tech for providing computational resources and technical support that have contributed to the
results reported within this paper. URL: http://www.arc.vt.&legearch supported by the U.S.
Department of Energy, Office of Basic Energy Sciences, Division of Materials Sciences and
Engineering under Award DEG0208ER46525 (McMurtrey, Was, Robertson, Cui:
experimental studies and Smith: computational studies) adiSRdRD program (Farkas:

computational studies).

93



References

[1]

[2]

[3]

[4]

[5]

[6]

[7]

[8]

S. J. Zinkle and G. S. Was, AcMaMaterialigwl s
61, no. 3, pp. 73558, Feb. 2013.

K. F u k wrrgnd ynderfst@nding of radiatiemduced degradation in light water reactor
struct ur adournalaftNactear &dieace and Technology. 50, no. 3, pp. 213
254, 2013.

Z. Jiao and G. S. Was, Al mpact iocfstaihles a |

s t e ddurmal af Nuclear Materialsvol. 408, no. 3, pp. 24@56, 2011.

T. Onchi , K. Dohi , N . Soneda, M. Navas,

assisted stress corrosion crack initiation in thermally sensitized 30&staml st e e |

Journal of Nuclear Materialsvol. 340, no. B3, pp. 219236, 2005.

E. A. West and G. S. Was, AStrain I ncomp

l rradi at ed 31 @durnd of Bluclear Magesals St eel , 0O

c

hal

Z e

anc

0

M. D. McMurtrey, G. SWa s , L. Patrick, and D. Farkas

strain and irradiation assisted Materiale s s
Science and Engineering; #ol. 528, no. 1011, pp. 37303740, 2011.

M. Le Millier, O. Calone, J. Cr ®pi n, and C. Duhamel
corrosion cracking of stainless steels
Proceedings of the fifteenth international conference on environmental degradation of
materials in nuclear powesystems water reactarpp. 115, 2011.

D. J. Edwards, B. N. Singh,and J. B.Bi#8 r ensen, Al ni tiati on
cleared channels in neutrimadiated pure copper and a precipitation hardened CuCrZr

a | | doyrnabof Nuclear Materialsvol. 342, no. 13, pp. 164178, 2005.

94

c

ati

—

and



[9]

[10]

[11]

[12]

[13]

[14]

[15]

[16]

[17]

L. M. Howe, Al rradiation hardening and anne
Radiation Effectsvol. 23, pp. 1811195, 1974.

Z. Jiao, J. Busby, R. Obata, anddonda. S. Was,
Irradiationassisted Stress Corrosion Cracking of Prdtonr adi at ed Austeni ti
12th International Conference on Degradation of Materials in Nuclear Power Systems
2005, p. 379.

F. Gioacchino and J. Q uMappingawitld Submierom s e ¢ a APl
Resolution Usi ng DiBEkxperimertal Meohang®ct.2012.r el at i on,
P. Wo and A. Ngan, Al nvestigation of slip t
i n polycrystalline Ni 3déulmalafBatenays Researclval. ndent at
19, no. 1, pp. 18201, 2004.

T. Benjamin Britton and A. J. Wilkinson, ¢
di sl ocation density distri butActaMaseriahge ar t he
vol. 60, no. 16pp. 57735782, Sep. 2012.

J. D. Eshel by, F. C. Frank, and F. R. N . N &
di s | o cRhilosophical Magazinevol. 42, no. 327, pp. 35864, 1951.

B. Lagow, I. Robertson, M. Jouiad, D. Lassila, T.Leeda H. Bi rnbaum, @AObs
di sl ocation dynami cs Material$ StiencesahdeEagineeany; Ami c r o0 S
vol. 309 310, pp. 446450, Jul. 2001.

Z. Shen, R. Wagoner, and W. Clark, #fADisl oce
me t aActa Medallurgica vol. 36, no. 12, pp. 3283242, 1988.

T. C. Lee, . M. Robertson, and H. K. Birnt

acr oss (¢r aiSoripth Matahudjigarvel. 23 noo5, pp. 79803, 1989.

95



[18]

[19]

[20]

[21]

[22]

[23]

[24]

[25]

M. Bricefio, J. Ferls e , M.
irradiatonpr oduced def

of Nuclear Materialsvol. 409, no. 1, p

Dadfarni a, P.

ects on the

p. 126, Feb. 2011.

Sofroni s,

mo b i | Journal o f

an

d

di

H. Lim, M. G. Lee, J. H. KimB . L. Adams, and R. H. Wagoner
polycrystal deformati on wi InternagonahJoutnalafnd gr ai
Plasticity, vol. 27, no. 9, pp. 1328354, Sep. 2011.

D. L. Mc Dowel |l , AA per speicctiilttgmational Journat nds i r
of Plasticity, vol. 26, no. 9, pp. 12802309, Sep. 2010.

D. H. Warner, F. Sansoz, and J. F. Mol inar.i
pl astic defor mat i on Iniernationa JoormalolRisticaylvdl.i2Zy e ¢ o p
no. 4, pp. 75é774, Apr. 2006.

J. P. Couzini®, B. D®camps, and L. Priester
with a E=3 gr ai nintdrmatiomaidJaurngl of iPlasticityeop 71 .eno. 4,0

pp. 759775, Apr. 2005.

H. J. Chu, J. Wang, |. J. Beyerlemn d E. Pan, #fADislocation mod:
i nduced by an appr oac Hntemagtional daurnal af Rlastgityi de di s
vol. 41, pp. 113, Feb. 2013.

B. Cui , J. Kacher, M. Mc Mur t r e yqf Irr&gliatiotwa s ar
Damage on Slip Tr ansf dctaMateriala sof SuBmitked, n Bounde
2013.

K. C. Grabar, R. G. Freeman, M. B. Ho mmer ,
Characterization Monol ©l2256,1995.0 v ol 67, no.

96



[26]

[27]

[28]

[29]

[30]

[31]

[32]

[33]

[34]

A. D. Kammer s -#Asseimbl&d Nardaltigte, Surfacg Edttérning for

| mproved Digital | mage Corr el aExpeanmental n
Mechanics Mar. 2013.

G. Frens, fAControll ed Nuclckes&ireiindonodisparse t
Gol d Su slpature Physical Saenceol. 241, pp. 2022, 1973.

Z. Jiao and G. S. Was, AThe role of ir
of austenit i doursatcANuddarevaterialsvdl. 40,Ina 1, pp. IA3,
2010.

J. Kacher, G. S. Liu, and 1. M. Robert
free channel formati on MieronjvolM3, pp. X0gOH07a t
2012.

J. EdingtonPractical Hectron Microscopy in Materials Scienosl. Submitted. New
York, 1976.

S. Pli mpton, AFast Parallel Algorithms
Journal of Computational Physicegol. 117, pp. 119, 1995.

Y. Mishin, D. Farkas,and M.Mehl Al nt er at omi ¢ potenti al
experi ment al dat a d&hydicalaReview Brol.t59, 0. 5¢ pp.13898 |
3407, 1999.

C. Kel chner, S. Pl'i mpton, and J. Hami |
duringsur f ac e i AhybieahRedewB/oln5g, pp. 1108511088, 1998.

J. Kacher and | .-fouMdimemsioraleamalysss ofrdislocdtiqhu a s i

i nteractions with gr ai n Adadateridla vol. @sno.il:

pp. 657 6672, Nov. 2012.

97

son,

ati or

t on,

304

‘N



6: Tensile deformation of fcc Ni as described by an EAM potential

DIANA FARKAS and LAURA PATRICK

Department of Materials Science and Engineering

Virginia Tech

Blacksburg, VA 24061

This chapter has been published in Philosopivtzegazine, 2009, Volume 89, Issue-38,

pages 3438450. It is used here with permission.

98



6.1 Abstract

We present the results of a large scale atomistic study of tensile deformation in a virtual FCC
polycrystalline sample with columnar grain structund a [110] texture. The atomic interaction
was described by a volume dependent central interatomic potential based on first principle
calculations and experimental data for FCCTMie sample contained 9 grains of 40 nm average
size and was created usiniyaronoi construction with a common [110] axis, so that the grain
boundaries were all pure tilt with random misorientation angles and crystallographic orientation
of the grain boundary plane. We report the stetssn behavior of the sample and the gattr
details of dislocation emission and dislocation interactofierent grain boundaries acted as
emission sites at different stresses, due to their different local structure and orientation with
respect to the applied stress. It was found that beigsdelose to a twin misorientation can emit
dislocations easily and become closer to the twin misorientation as a result of the emission
process. Low angle boundaries were observed to disappear as a result of the deformation process.
The emission of leadg and trailing Shockley partials was observed and as the deformation
proceeds, dislocation debris accumulates in the sample. The results also show that as the
deformation proceeds the strain can localize in certain grains and grain regions, driveloysolely

the particular local structure and orientation of the various grain boundaries.
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6.2 Introduction

Atomistic simulation has been used for many years to study the mechanical response of metallic
materials at a narscale level, in particular the struotuof grain boundaries and dislocations.

The initial studies of dislocation core structure in various materials used pair potential models to
understand the role of the atomic level structure of the defective ridgigdver the years, the
simulations have become more realistic due to advances in computing power, allowing the
simulation of digital samples with larger numleéatoms, including polycrystalline structures

and defect interactioidowever, the accuracy of the simulation results depends critically on the
interatomic potential models. The introduction of volume dependent potd@tiglsras been a

major breakthrough in the description of metallic materials, for example the structure of
dislocation coref5-8], the interaction of lattice dislocations with grain boundg®ekl], and

the emission of dislocations from grain boundali&s16].

Since their introduction in 1984, significant progress has been made in developing accurate
volume dependerotentials that are based on first princigddculationd17]. Forexample, first
principle calculations of the energies of metastable phases have been used to develop more
accurate EAM (embedded atom method) potentials for Ni arid8\ The use of large scale
massively parallel simulatiorjd9] using these accurate interatomic potentials makgossible

to conduct virtual mechanical tests of realistic polycrystalline structGrest success has been
achieved in studying the properties of nanocrystalline materials using these tecf20egés
Significant mechanical property changes are controlled by the atomistic nature of defects, from
point defects to dislocation loops and grain bound§g8ls One area of particular importance is

the detailed knowledge of the interaction mechanisms between dislocations and grain boundaries

and the role of grain boundaries and other defects as dislocation sources in metallic materials
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[26-32]. Most of the work done on the simulation modeling of the interaction of dislocations and
grain boundaries and the nucleation of grain boundaries from dislocations has beenepiarform
bicrystal samples containing special boundgré&sl6, 33-35].

Previous work on polycrystallingractures mostly concentrated on the role of grain boundary
sliding as a particular deformation mechanism that operates at very small grain sizes, mostly less
than 20 nn{22]. The existence of this addihal mechanism results in the maximum hardness

for grain sizes of around 20 nm. The aim of the present work is to study deformation mechanism
beyond the maximum hardness. In particular we focus on the inhomogeneity of the deformation
in the various graing'he inhomogeneity of the deformation is a significant factor in the ductility

of these materials.

The simulation work presented here was geared towards contributing to the understanding of the
fundamental mechanisms of dislocation emission from random lgoaindaries in

polycrystalline FCC structurd86], and the interaction of the dislocations with grain boundaries.
Atomistic simulation can provide details at the nanometer length scale and insight into basic
mechanismsAn important consideration in our simulation work was to create digital samples

that were as similar as possible to the experimental ones in order to perform a direct comparison
with the experimental results. We also wanted to study grain sizes for graichboundary

sliding was not a major deformation mechanism, that is, significantly larger than 2¥enm.

report virtual tensile tests of polycrystalline columnar grain samples with a random distribution

of tilt grain boundaries and study the dislocagwonission process from these boundaries in

detail, followed by their interaction.
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6.3 Simulation technique

The samples for the simulations reported here were generated using a Voronoi construction with
random misorientation angles around the <110> &kis.procedure to generate the sample is
similar to that used in our previous work on columnar struc{@dsThe sample contaed 9

grains of 40 nm average grain size and a total of about one million dtothis. way, all the

grain boundaries in the sample were of tilt character with random misorientation &ngles.1
shows the initial structure of the sample, indicatimgnine grains. The sample is fully periodic

in all directions.The grain size is large enough to avoid significant effects of grain boundary
sliding as a deformation mechanism in the sample note that the 40 nm grain size is still too
small to supportlislocation multiplication through FrasiRead source type mechanisms.

The sample represents a columnar grain structure with a <110> té&iguwe= 1 also shows the
various misorientation angles around <110> for 17 grain boundaries in the shoyslefthese
boundaries are low angle, with misorientation angles less than 15 dddnessboundaries

have misorientation angles within 10 degrees of the perfect twin misorientation and one more is

within 15 degrees.
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Figure 1: Initial periodic sample gam¢ed using the Voronoi construction. The 9 grains are
indicated as well as the various misorientation angles around [110] for 17 different grain
boundaries in the sampleigure by author.

After they were generated, the samples were relaxed using taoldgnamics for 100 ps at 300
K in order to achieve a relaxed grain boundary strucitre.interatomic potential used for the
relaxation was that of Mishin et al. for Ni8]. The code used is LAMMPR.9] with a Nose
Hoover thermostat and barostat. After relaxation, the samgesdigitally deformed in order to
induce the emission of dislocations from the grain boundaresdisplacementontrolled
deformation of the digital samples was performed using standard molecular dynamics at room
temperature, using periodicity in glirections. The periodicity in the direction of the tensile axis
was used to control the deformation level and the pressure was maintained at zero in the
direction perpendicular to the tensile afrsthis process, we utilized strain rates that are@s sl
as possible with the available computing power, in our case® 3%1The main limitation of

molecular dynamics techniques is the very fast strain rates used as compared with experimental
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techniquesThis makes it difficult to observe thermally actedtprocesses which take longer

than the nanosecond timeframe.

As the deformation proceeded, the dislocation emission process was followed by monitoring the
centrosymmetry parametg88]. This allows detailed visualizations of the mechanisms of
dislocation emission and interaction as thieodeation proceedd/Ne performed virtual tensile

tests of the same sample in both directions (x and y) that were perpendicular to the tilt axis of the
boundaries (z)in this way, we could study the response of the same boundaries to different

applied loathg directions.

6.4 Results

Figure 2 shows the strestrain behavior of the sample. The values of the flow stress obtained
are very high due to the fast strain rates used and the small grain sizes; as compared to
experimentsWhen the loading directiois changed, we do not obtain exactly the same tensile
behavior because the sample contains a limited number of grain boundaries and each has a
particular response to loadinthe difference in the two stressrain curves shown in Figure 2
highlights the &ct that each boundary responds differently to the applied stress in each direction,

and the sample contains only a limited number of grains.

8 Figure 2:Stressstrain curves obtained for the

7 tensile deformation of the sample in the
6 horizontal (x) and wical (y) directionsThe
£s strain rate utilized is 3.20° s*. Figure by
74 author.
£3
Z

2 == Tension in Y axis

== Tension in X axis

1

0 - : - -

0.00 0.02 0.04 0.06 0.08 0.10
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Figure 3 shows the sequence of tensile deformation at 3, 6, and 9% strain in the horizontal
direction (x).The simulations show the emission of dislocations from partiguéan boundaries
first, and how the different boundaries in the sample were activated as the deformation level is
increased. Figure 4 shows similar results for the same sample but under tensile loading in the
vertical direction (y).

Figures 3 and 4 shothe atoms with centrosymmetry parameter greater than 3, therefore
filtering out all the atoms in perfect lattice configuratiadnsthis way, we only plot the atoms in

the grain boundaries, dislocation cores, and stacking fallésboundaries react difeently
depending on the direction of the applied lo@dr results show that grain 4 is the first one to
deform plastically under tensile loading in the x direction, whereas grain 1 is the first to deform
plastically under tensile loading along the y dil@t. As the deformation level increases, other

grain boundaries start emitting dislocations and all grains deform.
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Figure 3. Grain boundaries, dislocations and
stacking faults in the sample after 3, 6 and
9%deformation in the x direction. The atoms
shown are those with centrosymmetry
parameters greater than 3 and, therefore, nc
including the atoms in perfect lattice position
Figure by author.

Figure 4. Grain boundaries, dislocations, ant
stacking faults in the sample aft&ré and 9%
deformation in the y direction. The atoms
shown are those with centrosymmetry
parameters greater than 3 and, therefore, nc
including the atoms in perfect lattice position
Figure by author.
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For deformation in the x diréon, the deformation is initiated in grain 4 from grain boundary 48.
Only one slip system is activated, and the dislocations are absorbed by grain bounBary 24.
deformation in the y direction two slip systems are activated in grain 1 from various grain
boundariesThe response in the two different loading directions cannot be explained by the
different Schmid factors alone, but rather is a result of the combination of the Schmid factors and
local structures of the grain boundaries. Table 1 shows thei&d¢actors for the most favorable

slip systems within each grain for tensile deformation in the x direction.

6.4.1 Emission of dislocations from grain boundaries and dislocation debris

The emission of the dislocations is always from the grain boundares simulations and

always happens in the form of Shockley partitils interesting to note that we observe the
emission of both leading and trailing partials, in contrast to simulations performed for smaller
grain sizes, where only leading partiate seeip37]. In the sequences of Figures 3 and 4, the
emission of leading partials creates stacking faults that disappmathgemission of the

trailing partial in the same slip plana.the geometry of our samples each grain has two possible

slip systems and both can be activated in many grains depending on the loading direction.
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Table 1: Schmid Factors for Each Grain

Grain
ID

Schmid Factor

0.47
0.5
0.31
0.48
0.45
0.45
0.48
0.35
0.37

O O Nl O g | W N =

Table 2 shows critical resolved shear stress for emission of dislocations during tensile
deformation in the x direction from various boundaridse average dical resolved shear stress

for dislocation emission for the various boundaries was 1.7 GPa with a standard deviation of 0.7
GPa. The wide range of values for the critical resolved shear stress shows how significant the
atomistic grain boundary structurefor grain boundary dislocation emission.

When both slip systems are activated in a grain, we see the intersection of stacking faults in both
slip systems. The process generates dislocation debris that is accumulated as the deformation
level is increasedl he grains that first emit dislocations are not necessarily those where more
debris is accumulated later in the deformation process. This indicates that some of the dislocation
sources in the boundaries are exhausted and other sources in differenbgnaiaries become

active.

In our results, transmission of individual dislocations across grain boundaries is a relatively rare

event. Most of the dislocations are absorbed by the grain boundaries, witeoussson on the
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other side of the boundary inetlsame locationVe do observe that as the grain boundaries emit
and absorb dislocations, the local structure chaddgesse changes can affect the stress

necessary for the boundary to emit additional dislocations.

Table 2: Critical Resolved Sheer StréssSelected Boundaries

Boundary =~ CRSSinY CRSS in X (Gpa)

ID (GPa)

12 2.5 2.5
13 0.6 0.6
14 2.4 2.4
15 2.2 2.2
23 1.6 1.6
24 1.0 1.0
25 2.5 2.5
36 1.1 1.1
39 0.7 1.9
46 1.0 1.0
48 1.0 2.4
57 2.4 1.9
59 2.2 0.9
68 1.4 1.8
69 1.9 1.5
78 2.4 2.4
79 1.9 1.5

6.4.2 Formation of deformation twins.

After the emission of a leading Shockley partial, it is possible that instead of the emission of a
trailing partial along the same plane, the emission of a second leading partial in an adjacent slip
plane occurs. In this case, the formation of a deformation twin occurs. This process is illustrated
in Figure 5, which shows the formation of twins in graiif@e process is similar to that

observed at crack tips in previous studigg]. The formation of twins has also been seen in

simulatons of nanocrystalline FCC metals as a result of deformpdi@dror annealing41]. The
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presence of the twins can stop the glide of other dislocations in the grazenas gigure 5.
This can have a significant hardening eff@d]. On the other handwinning itself contributes
to the deformation process as the width of the twin increases through the emission of leading

partial dislocations in subsequent planes.

(a) (b) (c)

Detail of grain 2 and grain boundary 12 showing the emission of dislocations, théidarofa
deformation twins, and the intersection of stacking faults and deformation Tiestoms are
colored according to the centrosymmetry parameter, with blue corresponding to values le:

3 (perfect lattice) and green and red showing higheresgalup to 10Figure by author.

6.4.3Behavior of low angle boundaries

In an effort to understand the role of grain boundary structure on the relative ease of emission of
dislocations, we analyzed the particular behavior of special grain boundariesnfisimad in

section 2, the sample contains several low angle boundaries. These are boundaries 24, 59, 68,
and 69. Our results show that these low angle boundaries can disappear as a response to the
deformation. This is illustrated in the example of Fighirerhere we show the evolution of a

region of grain boundary 68 as the deformation level in the x direction is incréased a low

angle grain boundary of 9.37 degrees misorientation, and its structure consists of a series of
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dislocation cores as shovin Figure 6 (a). These dislocation cores that constitute the boundary

start gliding at deformation levels larger than 3% and the grain boundary disappears. At the
deformation level of 9% shown in Figure 6(c), no boundary is seen, and the structuteoardy s

two stacking faults resulting from emission from a different bounddmg. observation points to

the idea that for low angle boundaries the emission of dislocations can be thought of as the glide
of the existing dislocations that constituted the laaum in the first place. Note that the other

low angle boundaries in the sample also tend to disappear or start to disappear as the deformation
level is increased. This effect is observed for deformation both in the x and y directions, with the
exception dgrain boundary 59 under deformation in the y direction. This indicates that both

grain boundargtructure and load orientati@ane importantin the next section, we analyze the

case of another special grain boundary, vicinal to a twin configuration.

Figure 6: Detail of grain boundary 68, a low angle boundary that disappears as a result of
deformation.The atoms are colored according to the centrosymmetry parameter, as in Fig
Figure by author.
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