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ABSTRACT

In this dissertation | present computational studiesftitas on the unique
characteristics of metallic nanowires. We generaigdal nanowires of nanocrystalline
nickel (nc-Ni) and single crystalline silver (Ag) in orderinvestigate particular
nanoscale effects. Three-dimensional atomistic mtdedynamics studies were
performed for each sample using the super computer Systeaaded at Virginia Tech.
Thermal grain growth simulations were performed on 4 ramgize nc-Ni by observing
grain sizes over time for temperatures from 800K to 145@Kwandiscovered grain
growth to be linearly time-dependant, contrary to cograeed materials with square
root dependence. Strain induced grain growth studies ceshsiEstraining the
nanostructures in tension at a strain rate of 3.3%10Grain boundary movement was
recorded to quantify grain boundary velocities and grain tirowt was shown that
during deformation, there is interplay between dislocamediated plasticity and grain
boundary accommodation of plasticity through grain boundiding. To further
understand the effect of stress on nanocrystallinerrasteve performed tensile tests at
different strain rates, varying from 2.22 x’H3 to 1.33 x 18s* for a 5 nm grain size nc-
Ni nanowire with a 5 nm radius. The activation volunas given as +Z, whereb is the
Burger’s vector and is consistent with a grain boundary ddensheformation
mechanism. We expanded our research to 10 nm grain sitenamowires with radii
from 5 nm to 18 nm. Each wire was deformed 15% in termic@ompression at a strain
rate of 3.3 x 1bs*. Asymmetry was observed for all radii, in which larggdii
produced higher flow stresses for compression and saahillyielded higher flow
stresses in tension. A cross over in the tensomnpression asymmetry is found to occur
at a radius of ~9 nm. A change in the dominate deformat@chanism in combination
with the ease of grain boundary sliding contributes égptienomena of the asymmetry.
In the final chapter we focus on the energetic stalmlitywulti-twinned Ag nanorods at
the nanoscale. We used a combination of moleculacsstatd dynamics to find the local
minimum energies for the multi-twinned nanorods anchthretwinned “bulk” materials
and concluded that the stability of multi-twinned nanorodheghly influenced by the
size of the sample and the existence of the endsigdsi analytical model we found the
excess energy of the nanorods with ends and determieeditibal aspect ratio below
which five-twinned nanorods are stable.
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CHAPTER 1: Introduction

Over the years as computational resources increasexgedimental techniques
improve it has become a goal for many scientists tolgér the gap between
computational studies and experimental results. Oneards field that allows for
collaborations between experimental and computatidodies on the same length scale
is nanotechnology. Through our research we hope to pomfivsservations found in
experiments and build upon them. In this dissertatidisduss a number of molecular
dynamics (MD) simulations completed while attending Wii@ Tech under Dr. Diana
Farkas’ guidance. The multiprocessor softwares LAMMIPS PARADYN were used
throughout these studies. These codes were provided bypt&timet al.
(www.lampes.sandia.gov) located at Sandia Nationbbtatory, New Mexico.

Figure 1.1 shown below exhibits various nanowire structures insgus study.
In Figure 1.1 there are two nanocrystalline nickel (ncidiowires (A,B) and a twinned
and non-twinned silver (Ag) single crystal nanorods. Tmemes ranged in size from 1
nm to 60 nm lengths with one thousand to 2.5 million atomgkeNand silver were
selected as the metals due to their large number of EAfdnpals available for the
multi-processor software LAMMPS and their familiacéacenter cubic (FCC) crystalline
structure, which has been studied in numerous MD simuakti Nc-Ni nanowires and
silver nanorods are good materials for research becausar nanostructures have been
grown experimentally allowing us to compare our simulatedn@menon with
experiments.

The purpose of my research was to understand nanosted¢s ebr different

metal nanowires and assist experimentalist in undelisigirihe characteristics that are



difficult to observe in experimental studies. In parac we looked at nc-Ni and multi-
twinned Ag nanowires and studied different nanoscale cesistacs in order optimize
the properties of the materials. Our studies concedrain understanding the
mechanisms and kinetics of grain growth, grain boundary mgbdrain rotation,
boundary conditions, energetic stability, and defornmatiechanisms present at the

nanoscale.



Fig. 1.1 Four nanowires structures, they are all periodic irattial direction (into the
paper). A,B) nickel and C,D) silver. Scale equivaleniafopictures.



CHAPTER 2: Background
2.1 Particular Behavior of Nanocrystalline Materials

Hall [1] and Petch [2] discovered that many propertiesanberystalline metals
have a unique relationship with the grain size of theena. Hall and Petch also
recognized that as the grain size of the material dsesethe strength increases until a
critical grain size, approximately 20 nm. The propertigb® nanocystalline materials
below this critical grain size are not well understood are of particular interest to
experimental and computational material scientist.rdfbee the ability to influence the
grain size is an important step forward in optimizinggheperties of nanocrystalline
materials.
2.1.1 Stability of Nanocrystalline Structures and Grain Growth

Grains are identified as a group of neighboring atomseairséime crystallographic

orientation. Grain boundaries are the disordered ndggtween two unique grain
orientations. Grain boundaries are less dense tleacryitalline grains and store free
volume throughout the boundary. Atoms in grain boundduae® higher energies than
perfect crystalline atoms therefore are not energstitalorable. The energetic drive of
the system is to reduce the excess energy of thewsteuny displacing atoms to lower
energy positions through total grain boundary reducticultiag in grain growth. It has
been shown by Derlet et al. that the excess freygmereleased as individual

vacancies, which travel to the surfaces or into oghain boundaries [3,4].



Thermal Grain Growth

Classical models of grain growth state that grain $izés dependant on temperature,
second-phase precipitates, and separation and transpoduwity atoms to grain
boundary cores [5]. Coarse grains have exhibited a squaréagpendence for grain
growth as a function of time, but grain growth for nenystalline materials (D < 100 nm)
is not fully understood. Grain migration in coarsergrd materials is driven by
boundary-curvature-driven diffusion along the grain boundargs. Yet in
nanocrystalline metals, grain boundary migration is cagtbwith excess volume within
the grain boundary cores, triple junction’s migratiord grain boundary rotation [6].

The grain growth rate for nanocrystalline materialdaned by Equation 2.1
D"—- D, = Kt Equation 2.1
Where D is the grain size [ the initial grain size which is often approximated to be
negligible, K is a constant and t is time. Grain gioat nanocrystalline samples with (D
> 100 nm) follow the classical growth shown in Equatidn &ith n = 2 [5]. When
Equation 2.1 is solved for D, we see a %2 dependence astafuoictime. The square
root dependence of time points to a diffusion-driven growthhangem.

However nanocrystalline materials with grain sizedswel00 nm have been
shown to exhibit linear growth rates where n = 1. Itheen postulated that the cause for
the hindered growth rate is the increase of grain boiweslar the system. More
specifically, the growth rate is lower because tlieeehigher existence of vacancies
which are known to increase Gibbs free energy and creais-aquilibrium state. The
increased required energy therefore decreases the aafagratn boundary reductions

and in turn negatively affects the grain growth.



Strain Induced Growth

At higher temperatures ( >0.5 T, ) thermal grain growth can easily be generated by
removing the free energy volume from the grain boundaiNes, grain growth can also
occur at lower temperatures. Strain induced grain groagtbben observed in
experiments and confirmed with MD simulations. The psede which the grains grow
differs from that of thermal grain growth. During defatian nanocrystalline materials
generate dislocations for grain sizes (D > 100 nm) anthéregion of interest grain
sizes ( D < 20 nm) there is an interplay of grain boundbding, grain rotation, grain
boundary migration, and partial dislocation emissiohrotigh grain boundary sliding
coupled with rotation the grain boundaries migrate todhest energy positions. As the
grains migrate they leave behind the lower energy dliygtarains and grains begin to
grow. Simulations of strain-induced grain growth havevwm evidence that grains that
are initially larger will continue to grow at the expelndehe smaller grains which will

decrease in size as mentioned by Schiotz [7,8].

2.1.2 (Inverse) Hall-Petch Effect
The Hall-Petch curve predicts materials of high yielérggth at small grain sizes

[1,2]. Using the equation
= o+ kd/? Equation 2.2

Where is the yield stress, is the frictional stress to move an individual disliban,
and k is a material dependent constant (Hall-Petch Blopkhis is the Hall-Petch
relationship and has been verified by numerous experimdntis understood that the

reason for this increase in yield strength comes froen dislocations inability to



overcome the misorientations of the grain boundarids the sample continues to
deform, more and more dislocations will emit and walgim to pile up. After some time,
stress will build and it will eventually progress to dedtions in other grains. The
critical stress needed to proceed has a relationshig™@f Though according to
Masumura et al. [9] there are actually three regiroethe Hall-Petch Effect, where the
yield stress has a different dependence on the grain $ize three regimes can be seen

in Figure 2.1 [10,11]

1) The first region is considered the classic Hall-Pegtktion with grain sizes am or
larger and the well known dependence df>.d

2) The second region is approximatelyrito about 20 nm and the exponent nears zero.
3) The third region is what region our nanocrystallia@owires fall in, in which grain
sizes are below <10nm. At this size, there has beenrimgeal support that the
strength may actually decrease instead of increase ddgerr 1. This phenomena is
considered the Inverse Hall Petch effect relation [12,13]

Zhu et al explain the different regions of the Haltdhe=ffect and Hall-Petch
inverse effect as the grain size decreases from 500 neldw &0 nm [14]. Grain size
ranges of 100-500 nm deform the samples similar to fine-graiaéerials; whereas the
range of ~50 — 100 nm, dislocations are emitted and absorbed)jfeon boundaries; for
~20-50 nm, partial dislocations and deformation twinning asemed; and during the
region of ~10-20 nm the deformation mechanism transitimms partial dislocation

emissions to grain boundary sliding which becomes domioamgjréin sizes below ~10

nm [14].



<+  (Grain Size

~1m 100 nm 15-10 nm

Flow Stress

(grain size}? ——

Fig. 2.1 The three regimes of the (Inverse) Hall-Petchceff€0]. The strength peak has
been determined to be between 10 and 15 nm grain size [11].



Grain Boundary Sliding

The Hall-Petch effect shows the strength of mate@al the grain size decreases,
therefore it is important to study what affects theirgsze. Grain boundary sliding
(GBS) is influential in grain growth mechanism and thergsaze for nanocrystalline
materials. GBS is a process which incorporates snmalements in atoms in order to
find the global minimum energy structure. Each time GRBS8urs the atoms move to
another local energy minimum, the low energy medranof GBS does not increase
Gibbs free energy and therefore may be energeticallgrdéne to dislocation plastic
deformation. An increase in the systems temperaturaneiéase the likelihood of the
atoms to move to the next local minimum, resultingwore grain boundary sliding. This
assisted movement can also occur during strained deformati

Primarily grain boundaries were found to be the reaswmhigh strength
nanocrystalline materials due to work hardening. Yet fallsgnain sizes ( D < 20 nm)
the high density of grain boundaries is partially respgmeador the reduction in strength.
The cause for the reduced strength is a change in thenggion mechanism from
dislocation mediated deformation to an interplay betwgamial dislocation mediated
plasticity and grain boundary accommodation of plagtititough grain boundary sliding
[15]. Our studies of deformation mechanics for the narstalline Ni nanowires confirm
this transition of deformation mechanics, seen visuhlgugh the lack of dislocations at
very high strains. Figure 2.2 shows a cross sectionNbfreanowire such a sample with

36% strain and less than 15 dislocations.



Fig. 2.2 The figure shows a slice through the wire deformed 36% etlaccording
to the centro symmetry parameter, visualizing stackingsfaud twins in the deformed
structure.
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2.2 Mechanical Behavior in FCC Metals
2.2.1 Dislocation Behavior
Dislocations are a form of plastic deformation oledrin experimental studies

and computational studies. In order to deform a samesiergetically favorable for
the dislocation to break a series of individual borglg &xavels through the sample,
rather than break every bond at once. Dislocation gt is shown in Figure 2.3
[17]. The path of the dislocation in a perfect crystiéllbe unimpeded and will continue
until it reaches the surface. However for nanochyséastructures there are numerous
grain boundaries which act as barriers for dislocatidghspaWhen dislocations are
impeded there is a build up of stacking faults, thus inargagork hardening and yield
strength.

Although grain boundaries act as barriers for travelistpdations, they are also
the main source for dislocation emission in hanoaflyse structures. Grain sizes
equivalent to ~20-100 nm, contain higher grain boundary desm$itus producing more
sources for dislocation emission, leading to a dislonalominated deformation
mechanism. For small grain structures (D < 20 nm), disime mechanisms are less
efficient than grain boundary sliding and are no longerditiminate deformation
mechanism.

In nickel it has been shown that both full dislocasiamd partial dislocations are

emitted during deformation [18]. In fact a full edge disliion with a burgers vector

% 101 will glide along a (111) plane, but may also spiib two Shockley partials with

the Burgers vectors o% 211 and% 112 as seenin Figure 2.4. Dislocations in FCC

11



structures primarily have slip planes observed as [111]{110}usectne [111] planes are

densely packed and are likely to create stacking faults [19].
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Fig. 2.4 The path of % 101 full dislocation traveling the path (a) to (c) rakigher
misfit energy than traveling through (a) to (b)¢. The Shockley partials arelse 211

andé 12 onthe (111) glide plane.
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Shockley partials have a leading or trailing characterstd are some times
termed as the ‘positive’ and ‘negative’ partials. Twadipky interact similar to two
magnets where like signs repel, Figure 2.5(a,b), and apmgns attract. If two
opposing signed partials come into contact it creafel dislocation as seen in Figure
2.5(d), this process is also known as annihilation.

A full dislocation does not change the number of tirssecond neighbors in FCC
materials and can be hard to visualize in computatidndies. However when a partial
dislocation travels through a grain, it leaves behistheking fault. Stacking faults have
a unique number of neighbors allowing computers to identifp tthering simulations.
Yet if the ‘trailing’ partial follows the leading partjahe stacking fault will be removed
leaving a full dislocation path, leaving little evidence dbdeation. Therefore in
computational studies of deformation it is importantisualize and quantify the stacking
faults over time before they annihilate.

To visualize these stacking faults, Centro symmetrgupater (CSP) is used in
combination with atomic visualization softwares, sucABBRA. Centro symmetry
parameter was defined by Kelchner, Plimpton, and Hami26h [CSP has grown in
popularity in simulation research due to its easy cajpscheme based on quantifying
the distance of neighbors giving specific ranges foeffit atomic conditions, some of
these are stacking faults at the range of 5 < CSP > Z3bx> 4 is a perfect crystal and

CSP >10 is for atoms at the surface.
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Fig. 2.5 Shows a simple diagram of the interaction betweenawplike signed partials
and c,d) opposite signed partials. d) Creates a full ddgpecation.
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2.2.2 Twinning

According to Chen and Hemker, a twin is made up of pati&ocations and is
equivalent to a =3 grain boundary [21]. Twins are similar to grain bouiedabecause
they also generate work hardening by hindering the motionstdaditions at the twin
boundaries. In our studies we focus on two forms afrimg, deformation twinning and
growth twinning.

Deformation twinning is common in FCC metals during largéombeation or
when the system has low stacking fault energies [2Z)}eformation twinning or
nanotwinning occurs when a number of stacking faults aceexeto one another during
deformation; this creates a 70.5° mirror effect at tts §itacking fault and one at the last
stacking fault as shown in a zoomed in section of the 5gram size nc-Ni during
deformation, Figure 2.6. Deformation twinning has also lodxserved experimentally in
aluminum in 2002 by Chen and Hemker [21].

To fully understand the twin’'s relationship with the @lehation mechanisms at
the nanoscale, Van Swygenhoven et al. ran simulatiatis growth twins virtually
introduced into the initial structure of nanocrystalloopper, aluminum, and nickel [23].
The findings varied between metals, but it pointed towtdrdpossibility that twins may
affect or be in involved in the deformation mechanism.

Growth twins have been studied for many years and atd&kma@hn in such
phenomena as martensitic transformation and shap@meitoys [24-27]. Yet
microstructures such as Multi-Twinned Rods (MTR) have osmtently grown in interest
amongst researchers [28-30]. Therefore microstructbagé€ontain growth twins

created by crystal nucleation were studied in this paer.interest was focused on the

17



stability of growth twins found in multi-twinned microsttures in silver. Our
microstructures contained five twins which creates ral&& shape or a pentagonal

nanorod as shown in Figure 1.1(C).
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Fig. 2.6 Nanotwinning formed from consecutive stacking faults producedgluri
deformation in a MD nickel simulation. The arrows reeré the twin boundaries.

19



2.2.3 Sliding as a Deformation Mechanism

The nanocrystalline materials used in these studiegrane sizes ( 10 nm) and
in recent studies it has been shown that the domindoenation mechanism is grain
boundary sliding (GBS) in two dimensional grain growth.three dimensional studies,
it has been found that the deformation mechanism is dp@imdary accommodation
which is the coupling of grain boundary sliding and grain ratd®.

GBS is strongly determined by atomic shuffling accordm@erlet et al. Atomic
shuffling occurs during tensile deformation in a long amattstange motion. The short
range motion is consistent with individual atoms shiftingitps from one grain
orientation to another [3]. The long range was cometlas stress-assisted free volume
migration where groups of atoms move a number of atorpeses away. The long and

short range motions were reported to be the dominfiteence on GBS.

20



2.3 Computational Methods
2.3.1 Molecular Dynamics

Atomic interactions in a metallic virtual material asalistically represented with
the use of quantum mechanics through a time-dependent Bgeodequation.
However, due to computational limitations, it has beemwshthat molecular dynamic
simulations based on classical mechanics have been ktwoweproduce experimental
results of deformation mechanisms and atomic movementerefore in our studies the
atomistic system of our MD simulations will evolve ovene as particles are governed
by Newton’s second law. F=m a.

In an MD simulation, the position, atom mass and tgme the boundaries are
defined. The initial configuration of these samples dasnitial velocity dependent on
the temperature of the system at time zero. Astk&ament changes, these velocities
determine the relationship between neighbors for edachNote that the timestep for
these simulations are defined at 1 fs to allow for fatman motion of the atoms. For
each t the position, force applied to the atoms, and velkxiire incremental as the time
is increased t =t +t. This process is repeated until the number of iteratiasen is
reached. Due to the femtosecond timesteps requiredisiMulations, the strain rates
used in virtual deformation test such as tensile and cosipeetest are on the order of
10" — 10 s*. It has be shown by Koh and Lee that strain rabesel x 16° s* show
unreliable results that can not be compared to experari@df. Keep in mind that
experimental tensile tests are on the order &ftb01G s* which are at a minimum four

orders of magnitude slower than the tensile test wavsimoour studies. Yet by
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comparing with experimental results we find similar phenmaneuch as grain growth

[32,33] and deformation twinning [21,22].

2.3.2 EAM Potentials

When computational studies began, they defined interectlmetween atoms
similar to a classical spring, but as computers grewpadaty, newer more reliable ways
have been produced. One such method is the embedded-atiood ifieAM), created by
Dawes and Baskes which mimics the interaction betwdgemsa in metals and
intermetallics [34]. EAM Potentials involve empiricarfulas that simulate material
characteristics such as the heat of solution, latticestants, and surface energies. In our
studies, we used four EAM potentials when necessaryniekel potentials created by
Voter & Chen [35] and Mishin [36]. In order to simulatiwesi we used a Voter & Chen
potential [37]. These potential were used in all our saatmrs with the help of multi-
processor software such as LAMMPS created by Plim@&8h [

Interactions amongst atoms within an MD system are rgedeby interatomic
potentials. These potentials are created to replicateimgdal data as close as possible,
to provide practical information concerning atomistic bédra The majority of the work
done for nickel used the Voter & Chen nickel EAM potential, for part of the research
done for Mohanty’s master thesis [5], we comparedMishin & Farkas [36] and Voter
& Chen [35] potentials. The Voter and Chen silver EAbMential was used to find the
aspect ratio of the growth of multi-twinned rods [37].

The total energy of a monoatomic system is written a
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N . Equation 2.3
ij [

where V(r;) is a pair potential as a function of the tenspr which is the distance

between atomsandj. F is the embedding energy that is a function of the Hessity,

I i is applied at sité by all of the other atoms within the system. The hiEsisity is
given by

ry = . r(rij) Equation 2.4
it

The EAM potential data for two nickel potentials, Votdre@ and Mishin-Farkas
as well as the Voter-Chen silver potential are showiiahle 2.1. The experimental

nickel data shown in Table 2.1 was taken from Mishin earal. the experimental silver

data comes from Garcia-Rodeja et al. [35-37,39].
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Table 2.1 EAM potential data for nickel and silver [34-37]

Experiment | Mishin - Farkas | Voter -Chen | Experiment Voter - Chen
Nickel Nickel Nickel Silver Silver

Lattice Properties:
8 (A) 3.52 3.52 3.52
E, (eV/atom) -4.45 -4.45 -4.45
R4 (A) 2.2 2.53 2.47
B (10" Pa) 1.81 1.81 1.81
c1; (10" Pa) 2.47 2.47 2.44 1.24 1.25
C1, (10" Pa) 1.47 1.48 1.49 0.934 0.928
Css (10" Pa) 1.25 1.25 1.26 0.461 0.456
Other Structures:
E(hcp) (eV/atom) -4.42 -4.43 -4.44
E(bcc) (eV/atom) -4.3 -4.3 -4.35
E(diamond) (eV/atom) -2.51 -2.5 -2.61
Vacancy:
EY (eV) 1.6 1.6 1.56 1.1 1.1
EY (eV) 2.069 1.65 1.65
F (eV) 1.3 1.29 0.98
Interstitials:
E (Oh) (eV) 5.86 4.91
E ([111]-dumbell) (eV) 5.23 5.37
E ([110]-dumbell) (eV) 5.8 5.03
E ([100]-dumbell) (eV) 491 4.64
Plana\r defects:

(mJ/m"2) 125 125 58

s (MJ/m"2) 366 225

T (MJI/M"2) 43 63 30

68(210) (mJ/m"2) 1572 1282

68(310) (MJI/m"2) 1629 1222
Surfaces:

(110) (mJI/m"2) 2280 2049 1977

(100) (mJI/m"2) 2280 1878 1754

(111) (mJI/m"2) 2280 1629 1621
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CHAPTER 3: Linear Grain Growth Kinetics and Rotation in N anocrystalline Ni [1]

We report three dimensional atomistic molecular dyina studies of grain growth
kinetics in nanocrystalline Ni. The results show gnain size increasing linearly with
time, contrary to square root of time kinetics obsefnvedoarse grained structures. The
average grain boundary energy per unit area decreasesasieausly with the decrease
in total grain boundary area associated with grain groWie. average mobility of the
boundaries increases as the grain size increases. Tlie oasube explained by a model

that considers a size effect in the boundary mobility.

3.1 Introduction
The properties of nano-crystalline metals have been igatst using

computational methods in recent years [2-9]. Molecularadyics has been utilized in
this kind of simulation, with the limitation of thextremely fast strain rates that are
imposed by the computational resources. The applicatibmainocrystalline materials
are limited by the thermal stability and the kineti¢greermal grain growth are critical
for the structural stability of these materials. tiBexperimental and theoretical studies
[10-13] have pointed out that grain growth kinetics in naysiailine materials may be
different from that in coarse grained materials. maro-scale effects in the kinetics can

arise from a variety of factors, such as the rolgiple junctions or grain rotation.
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3.2 Simulation Technique

In this letter, we report simulation studies of gragmowth Kkinetics in
nanocrystalline Ni carried as a function of temperatul®e study the grain growth
process by monitoring the evolution of individual grains, plesition of individual grain
boundaries, and perform a statistical analysis of tlegatl micro structural evolution.
The simulations were performed using a conventional ratdecdynamics (MD)
algorithm. The interaction between the atoms was mddesng an embedded-atom
method (EAM) potential developed by Voter and Chen for nick4].[ The sample was
prepared using a Voronoi construction with an initial agergrain size of 4 nm [6,7].
The initial nickel cube contained 15 grains and 100,000 atorhe.cdde used to run the
MD tensile tests is LAMMPS, developed by S. Plimpton [15].The sample was first
equilibrated for 300 ps with periodicity in all directioasd a temperature of 300K. This
process insured a stable grain boundary structure [16]. tigemitial relaxation, heat

treatments were performed at temperatures from 900 to 1450 K

3.3 Results

As the treatment proceeds, snapshots of the sampéeoneated for visualization
and analysis of the grain growth process. Figure 3.1 sh@mwvsiicrostructure evolution
in a slice of the three dimensional sample after 50@tpkE300 K. The various grains are
color coded, and individual atoms are not shown for glafihe position of the grain
boundaries in the sample was determined from an anadysibe continuity of the
crystallographic orientation. The position of individualihdaries in slices such as that

shown in Figure 3.1 was monitored as a function of timgurg 3.2 shows an example
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of the movement of one particular boundary in the sanasl a function of time for
various temperatures. The results show that thecitplof the grain boundary is

maintained mostly constant and the values of the graindary velocity for each grain
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Fig. 3.1Microstructure evolution after 500 ps at 1300 K. The graresdentified
according to the continuity of crystallographic orieiata.
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Fig. 3.2 Position of a particular grain boundary as a funobibfime for various
temperatures.
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boundary in the sample at each temperature can be textritom this analysis. We
found that the velocity of individual grain boundariesie@rwidely across the sample.
For each temperature, a statistical analysis of then gnaundary velocities was
performed. The results for the treatment at 1300K arensho Figure 3.3. Table 3.1
shows the average grain boundary velocities and corresgostandard deviations

obtained for each temperature.

Table 3.1: Average grain boundary velocities and standard deviatawngafious
annealing temperatures.

Temperature Average Standard deviation
(K) velocity (m/s) (m/s)
900 1.252 0.394
1000 3.610 1.011
1100 8.500 2.041
1200 10.711 2.414
1300 12.639 3.627
1450 21.146 7.992

Typically, the standard deviation observed at each temyera around 30% of the
average velocity. We estimate the error in the ageervelocities to be 2 to 5%. In
addition to monitoring the position of individual boundaridse average grain size was
obtained as a function of time using the standard inteogetechnique normally used in
experimental studies. For this analysis, intersestimere counted in a total of 30

sections of the sample including 10 sections perpenditukzach of the spatial
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directions. Using this statistical procedure we obtamrage grain sizes with an
estimated 2% accuracy. The results are shown in Fijdrdor the treatment 1300K.
This analysis was repeated for each temperature. | basgs, linear grain growth was
obtained. We note that in this process, the numberamghas decreased to about half
the original number, and therefore this does not represemitial transient regime.

To complete the analysis of the observed grain growtbegsy we followed the energy
evolution of the samples as a function of time fanaus temperatures. As an example,
Figure 3.5 shows the results for 1300 K. In this figure tlexame potential energy per
atom in the sample is plotted and we observe thaemleegy per atom in the sample E
decreases as function of time with a square root of tiependence, E 5 EKt*?,
where kis the average (temperature dependent) potential energyqgme in the initial
equilibrated structure at t=0, and K is a temperature deperdestant. The values of
the constant K obtained from this analysis can bequadh Arrhenius form to obtain the
activation energy for the process. Figure 3.6 showsethiesults together with the
Arrhenius behavior of the average grain boundary velsciie Table 3.1. The
activation energies obtained for the process using temg® velocities and the energy
evolution constants are nearly the same, namely 5%4armkd/mol. In a recent study of
grain boundary self diffusion using the same potential Miendet al. [17] studied a
series of grain boundaries of different inclination3hey found that except for a
symmetrical tilt boundary (103), the activation energiese 48 to 59 kJ/mol. This
excellent agreement suggests that the process observers ireteed controlled by the
same individual atomic mechanisms as grain boundary g&lsidn for non-special

boundaries. The constant K depends on temperature thiloaigdmperature dependence
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of grain boundary mobility as well as any changes ininhite average grain boundary
energy in the system. Usually, in modeling grain growth @herage grain boundary
energy is taken as a constant. As described belowowel that is not the case in our
simulations, and this means that the relation of drestant K and mobility is not straight
forward because there are two processes that cometributhe total energy decrease,
namely a decrease in total grain boundary area and a deofede average energy per
unit area.

From our results, it is possible to obtain the averagendyoundary energy per
unit area by combining the results obtained for the tatatgy evolution of the sample
and those for grain size increase.  For this purpose wee dstimated the total grain
boundary area in the sample as follows: if the volaiiie sample V is constant as the
grain growth proceeds, there will be N grains with anayervolume v = V/N. If the
grains are considered cubic in shape this means thaveéhage area of each grain is 6
[VIN]?® . The total area of grain boundary is then A Z3W">. In this geometry,
N=V/d®, where d is the grain size and the total area isAweBV/d. Alternatively, if the

23 and the total area

grains are considered spherical, the area of eachigr4ir[3V/4 N]
is A =%3%4 1¥*v¥3 N3, In this geometry, N=6VH® and in terms of d, the total
grain boundary area is again A = 3V/d. We use this re@laboestimate the total grain
boundary area for grains of arbitrary shape. Note thiat dstimate treats the outer
boundary of our simulation cell as a grain boundary antiarlimit of only one grain in

the system it gives the total grain boundary area @&s haif the outer area of our

simulation cube of volume V. The total energy of ¢inain boundaries contained in the

sample was obtained agy,E= n(E — Ei), where n is the total number of atoms in the
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sample and [ is the energy of the perfect lattice at the sitotetemperature. Finally,
the average grain boundary energy per unit area can h@latatt as = Eg, /A. The
results are included in Figure 3.5 for the grain boundaryggnevolution during the
treatment at 1300K. The initial grain boundary energy nbthat this temperature is 1.4
mJ/nf again in excellent agreement with the values obtainelldaydelev et at® using
the same potential. As the simulation proceedsatleeage grain boundary energy per
unit area decreases significantly to 1.1 J/m2. Duringtiggtment time (500 ps) the
number of grains in the sample decreased from the ih&iéd 6. The average grain size
increased from 3.7 to 4.5 nm. The decrease in grain bouadargy per unit area does
not occur during the initial transient period, but rath@rciturs during the entire process
in which the grain size increased by over 20% and the totab@uof grains decrease to
about half the original number. This occurs through age®of simultaneous grain
boundary migration and grain rotation.

Table 3.2: Rotation angles around the z and x axis observechécéntral grain in the
simulation at 1300K.

Annealing time (ps) | 25 50 100 250 325 425 500

Rotation around thel.70 | 2.77 2.69 5.66 5.48 6.60 3.11
z axis, (degrees)

Rotation around the-0.86| -2.23 -3.43 -0.34 0.19 -0.97 -2.12
X axis (degrees)

Table 3.2 shows the rotation angle for the center graihe sample as a function of the

annealing time. The table shows rotation angles drthumnz and x axis, and values up

37



to 6 degrees were observed. These results suggest igindicant grain rotation
accompanies the observed decrease in average grain boandegy. Based on a simple
model employing a stochastic theory, Moldovan et al. [A83stigated the coarsening of
a 2-dimensional polycrystalline microstructure due salelg grain-rotation coalescence
mechanism. Their work shows that the growth exponentitieally dependent on the
rotation mechanisms. The rate of grain boundary endegyease with rotations
observed in our results is of the same order of magnasdkat reported by Moldovan et
al. [18] based on simulations in Pd. We obtain a o244 J/m rad ™, which can be
compared to their reported value of 4.5%fad ™. Moldovan et al. [19] also present a
theory of diffusion-accommodated grain rotation. Applyihg equations they derived to
our case, we obtain a rate of rotation around the z @ixi1.6 x 18 rad/s. This can be
compared with the rotation rate we observe from tha ieTable 3.2 whichis 2.740
rad/s.

We now turn to a more detailed analysis of the reasonghe linear kinetics
observed. Assuming that the grain boundary curvature inducedgdforce decreases
with increasing grain size, the grain boundary mobility &haonstantly increase to keep
the migration velocity constant. Figure 3.7 shows theutated grain boundary mobility
assuming the standard curvature driven driving force and aageverlocity of 12.639
m/s found in our analysis (Table 3.1) for 1300K. The figineas a linear dependence of
the mobility on the inverse grain size. The mobility imse found in our simulations as
the grains grow can not be attributed to the fact tmatalverage grain boundary energy
decreases, because low energy, low-angle and sppeciatiaries are usually less mobile

than high-angle random boundaries. Our result thexéfaplies a significant size effect,
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Fig 3.7Average grain boundary mobility as a function of timetfee treatment at
1300K.
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with the mobility of boundaries constrained by nanomgtain sizes being lower than that
of equivalent boundaries in macroscopic size grains. Vgeulade that the size effect is
due to the fact that the boundary regions near the tjipletions have a decreased
mobility. This assumption is similar to that proposedZbypu, Dang and Srolovitz [20] in
a recent study of size effects on grain boundary mobiitthin films. In the thin film
geometry, the driving force for migration was maintainedstant and the velocity of a
single planar boundary was found to increase with filmckness. Zhou, Dang and
Srolovitz [20] attribute the mobility decrease for thinfiens to the fact that the boundary
regions near the surface have a lower mobility. Ap&nmodel can be constructed along
the same lines, assuming that the mobility of the boyndaregions near the triple
junctions is lower. This model predicts that the mopb#hould follow the form [20] M =
M [1-m/d] where d is the grain size and Ms the grain boundary mobility for
macroscopically sized grains. Figure 3.7 shows the resfltf#ting our data to this
equation and we obtain M= 30.2 m & GPa' and m = 2.78 nm. Our results are
consistent with this simple model for the size efiadhe mobility of grain boundaries for
nano-sized grains. The value of m obtained representsatigee of the effect of triple
junctions on grain boundary mobility. For thin filmsference 19 reported a similar
dependence of the mobility of a planar asymmetrid boundary on film thickness using
the same interatomic potentials at 1200 K [19] with vaMes= 135 m & GP&® and m=

1.11 nm.
3.4 Discussion

In summary, our results show that for 4 nm grain saeonrystals, linear grain

growth kinetics are observed, contrary to the webthvn square root of time kinetics
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observed in coarse grained counterparts. The linear gmaivih can be attributed to the
fact that the mobility of nano-sized grain boundariessae dependent and significantly
increase as the grains grow. The growth process fae thery small sizes is
accompanied by grain rotation and a decrease in the avgraigeboundary energy per
unit area. The activation energy obtained for the @®ceincides with that observed for
grain boundary self diffusion in general boundaries. mbéility of the grain boundaries
increases with grain size and the linear grain growth kimési consistent with a simple

model for the size effect on the mobility.
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CHAPTER 4: Strain-driven grain boundary motion in nanocrystalline materials [1]

We report fully three dimensional atomistic molecwgnamics studies of strain induced
grain boundary mobility in nanocrystalline Ni at room terapge. The position of a
statistically significant number of grain boundaries wamitored as a function of the
strain level for a strain rate of 3.3%16" for two different interatomic potentials. The
results show the grain boundaries migrating with valeiof 2 to 3 m/s, depending on
the interatomic potential used. Detailed analysis of phecess shows that grain
boundary migration is accompanied by grain rotation and in ntasgs dislocation
emission. The results suggest that grain rotation, graundaoy sliding, and grain
boundary migration occur simultaneously in nanocrystalinetals as part of the
intergranular plasticity mechanism. The effectsreéfsurfaces present in the sample on
these related mechanisms of plasticity were investigatektail and it was found that
the presence of free surfaces lowers the flow stodserved for the samples and
increases the amount of grain boundary sliding, while #gtdacreasing the average
velocity of grain boundary migration parallel to itseFKinally, we report observations of
grain coalescence in the samples with a free surfdbe. results are discussed in terms

of the coupling of grain boundary sliding and migration.
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4.1 Introduction

The properties of nanocrystalline metals have been aormigcus for
computational materials science in recent years [2-9]argd. scale atomic level
simulations using massively parallel computers allow thdysbf deformation behavior
of materials with features at the nanoscale. St results can provide improved
understanding of the underlying mechanisms of plastic detiwm at different strain
rates and grain sizes. Molecular dynamics has bekredtextensively in performing
this kind of simulation work, with the limitation oferextremely fast strain rates that are
imposed by the currently available computational resourthese efforts are now at the
point where the largest sizes attainable in simulatiogsiag empirical potentials are
similar to the smallest used in experimental studiedanocrystalline structures are of
particular interest because of their increased hardaedecause of the appearance of
particular phenomena at the nano-scale such asetlesal of the Hall-Petch Effect,
typical of the coarse grained counterpart structures [Zkrain growth is an important
limitation to the use of nanocrystalline materialsniost applications, since it is well
known that grain growth occurs during the thermal annealingaonocrystalline metals
and alloys, even at relatively low annealing temperatyd, In addition, recent
experimental work has shown that grain coarsening mayraduering indentation or
tensile deformation of nanocrystalline metals [11-16faiGgrowth has been observed
that appears to be clearly associated with the pldsfmrmation process and nanograins
are seen to grow as they are deformed. These stahestute significant experimental
evidence of grain growth and rotation at room temperatursrf@ll grain sizes at high

deformation levels. In these experimental studies difficult to determine the role of
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thermally activated processes in the observed grain groRircently, Farkas and van
Swygenhoven [17] reported simulation results showing gtamndary motion in
nanocrystalline Ni. The digital sample, containing 20flrgy of 4 nm average grain size,
was deformed to strain levels up to 12% at room temperating o®lecular dynamics
technigues and an empirical potential. In that fram&wihiermal contributions are ruled
out by the very short times used for the deformatibrroam temperature. Grain
boundary motion for distances up to 2.5 nm, or half thengszie was observed. These
results support the notion of purely stress driven graimntbary migration in
nanocrystalline materials that could be a part of tHerdetion mechanism. These
molecular dynamics simulations suggest that the grainwtgroobserved at low
temperatures during plastic deformation may be purelgstdriven. Several factors can
contribute to this phenomenon, including grain boundary ridgralriven by mechanical
energy and curvature-driven grain boundary migration and/an gadation-induced
grain coalescence.

In this paper, we report detailed simulation studies ohgoaundary migration
kinetics in nanocrystalline Ni driven by an applied stiai room temperature. We study
the grain boundary migration process by monitoring the ipasivf individual grain
boundaries and perform a statistical analysis of thgration process. The simulations
were performed using a conventional molecular dynaniif3) (algorithm and a Nose-
Hoover thermostat. The interaction between the atenmsodeled using two different
embedded-atom method (EAM) potentials developed by VoteCaea for nickel [18]
and Mishin et al. [19]. We also study the influence efgihesence of free surfaces on the

migration process, since the grains near the sample suctat slide and rotate in a
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different way. We conclude with an assessment ofeffects of free surfaces on the

sliding and migration components of the grain boundary respto strain.

4.2 Sample generation and simulation methodology

The sample was prepared using a Voronoi construction avitimitial average
grain size of 4 nm [6,7]. The initial digital nickel samptontained 15 grains and
approximately 100,000 atoms. The code used to run the MD teesikeis Lammps,
developed by S. Plimptoi20]. The sample was first equilibrated for 300 ps with
periodicity in all directions and a temperature of 300K usii¢pae-Hoover thermostat
and barostat. This process insured a stable grain bourntdacyuese, as described in
previous work [6]. After the initial relaxation, defortiea treatments were performed at
a strain rate of 3.3 x $&" using two different interatomic potentials and two different
kinds of boundary conditions. The first set of boundargditions is periodic in all three
directions, representing a sample with no free sasfatn the second set of boundary
conditions periodicity is used only along the tensdes @nd free surfaces are present in
the other two spatial directions. As the treatmentg®ds, snapshots of the sample were
created for visualization and analysis of the grain boyndaobility process. Two
different treatments were performed using the two eketsoundary conditions for each
interatomic potential. The strain was applied by insireathe sample dimensions along
the tensile axis. We used a Nose-Hoover barostat totamaizero pressure in the other
two spatial directions for the first set of boundaoyditions. The second treatment was

performed using periodic boundary conditions only in thectiva of the tensile axis and
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free surface boundary conditions in the other two dwmesti The temperature was
maintained at 300K for all simulations.

For all cases, the stress on the sample was obtagadfunction of the applied
strain, allowing the generation of stress strain curddg simulations therefore represent
virtual tensile tests. In the case of periodicity usedll directions they represent tensile
tests of thick specimens, whereas in the case wheresiitdaces are present the
simulations mimic tensile tests of samples of smadrall dimensions. This allows for
the study of the effects of the free surfaces on th&tip deformation mechanisms. For
these small grain sizes, the main plastic deformatiechanisms are expected to be
intergranular, dominated by grain boundary plasticity. Ration mediated
intragranular plasticity starts to be important foaig sizes over 10 nm [2-8]. Our results
therefore will address the various components of graimtlary plasticity, in a situation

were dislocation mediated plasticity is not dominant.

4.3 Results
Stress strain behavior

Figure 4.1 shows the stress-strain curves obtained adighal samples were
deformed. The deformation process was performed unden strairolled conditions and
the corresponding stress developed in the sample lwd#sdgas a function of strain to
obtain the curves shown in Figure 4.1. The results shawthie sample with no free
surfaces has a flow stress of around 2.5 GPa in theaiowbith the Voter and Chen
[18] interatomic potential and 4.3 GPa if the Mishin e{H] potential is used. This

result points out to the fact that in a quantitativeseeplasticity depends on the detailed
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Fig. 4.1 Stress strain curves obtained for the nanocrystaanaples using two different
interatomic potentials and both wit and without freeae$. Potential 1 [18] and
Potential 2 [19].
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characteristics of the interatomic potential used. rélason for this is that the actual
values of flow stresses are related to highly non-dawiln atomic configurations, not
usually considered in the fitting of potentials thateglmore on the equilibrium lattice
properties. The potential of Mishin et al. [19] was depetbbased on first principle
calculations of metastable phases, including bcc, hcpianpdescubic, and is therefore
expected to have a better transferability. Howevgreemental comparison of
properties directly related to flow stresses is diffiaund therefore we can not say which
of the potentials is more quantitatively reliable for dlotual values of the flow stress.
Our results show that the values obtained here for $loesses are significantly
dependent on the potential used. The potential by Misltah Et9] depicts a material
much harder to deform than that of Voter et al. [18].

Despite these very significant quantitative differentiee trends observed in the
effects of the free surfaces are the same for bot#npats, namely that the presence of
the free surfaces decreases the flow stress by 20 to Zh&.means that tensile tests of
small nanocrystalline samples of the dimensions tdstesl yield noticeable softer results
than those of thicker samples.  For both potentais results indicate that introducing
free surfaces in the sample aids plastic flow. tMdshe deformation for these small
grain sizes occurs through the grain boundaries and graind&gurplasticity
mechanisms control the values of the flow stress. ddwease of the flow stress can
therefore be associated with increased grain boundartycplagn the sample with free
surfaces. In the following section we analyze theaifietof grain boundary sliding,

rotation and migration for samples with and without adaces.
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Fig. 4.2 Micro structural evolution during the tensile test psscfor a sample with free
surfaces and interatomic potential 1 [18]. Visualizatiocoading to the continuity of
crystalline orientation. The sections shown are peipalad to the tensile axis.
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Fig. 4.3 Two slices of the sample in the initial relaxedesi@p) and deformed 15% with
(bottom) and without free surfaces (center) Visutibreperformed according to the
continuity of crystalline orientation. The tensileis is vertical. Interatomic potential 1 [18].
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Microstructural evolution
Figure 4.2 shows the microstructure evolution in a slidie three dimensional

sample containing free surfaces. Significant microstiratthanges are seen to occur as
the deformation process proceeds and for this particaiaple and slice the
disappearance of a grain can be seen in the lowardefer. Most boundaries are
observed to migrate during the process. To quantify thisatigr in a statistically
relevant manner, the position of the grain boundaniemach sample was determined as a
function of time from an analysis of the continuitfithe crystallographic orientation. In
Figure 4.2, the various grains are color coded, and individoaisaare not shown for
clarity.

Figure 4.3 shows a comparison of the microstructural gégoccurring in the
sample after 15% deformation with and without free sedac  Significant
microstructural changes occur in both cases, as caeeleirs the two slices of the three
dimensional sample shown in this figure as examplegur& 4.4 shows a similar
comparison in a slice where the atomic positions ateated. The atomic symbols in
this case are colored according to the local hydrogtegssure calculated for each atom.
Figure 4.5 shows further detail of a particular boundaryhia slice, showing grain
boundary migration accompanied by the emission of a distot into the left grain.
The grain boundary is significantly deviated from itsiahiposition in both cases.

In a more quantitative sense, Figure 4.6 shows an exashpltee position of an
individual boundary measured in slices such as that showigume4.5, monitored as a
function of time, for the samples with and withowt furfaces. The results show that for
both cases the velocity of the grain boundary is raaietl mostly constant and the

values of the grain boundary velocity can be extractau this analysis. This procedure
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Fig. 4.4 A slice of the sample in the initial relaxed st@é) and deformed 15% with (right)
and without free surfaces (center). Visualization penéx according to the local hydrostatic
stress state of each atom. The tensile axis iscag¢rtinteratomic potential 1 [18].

Fig. 4.5 Detailed region of a particular grain boundary motasgurring with (right) and
without (center) free surfaces in the sample. Natestimultaneous emission of a partial
dislocation from this boundary, indicated by the stagkault in the lower right part of
the region shown. Interatomic potential 1 [18].
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Fig. 4.6 Position of an individual boundary followed as theitertest proceeds, with
and without free surfaces for potential 1 [18]. The dogfehese curves allow the
determination of the grain boundary velocity.
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was repeated for sample slices taken both perpendicudaparallel to the tensile axis,
with the aim of obtaining a statistically meaningfubbsis of overall grain boundary

migration in the samples.

Statistical analysis of grain boundary migration

Table 4.1 Average strain driven grain boundary velocities andesponding standard
deviations at room temperature

Sample conditions Average Velocity (m/s),  Standardi@®n (m/s)
Potential 1 [18] no free

surfaces 3.63 0.84

Potential 1 [18] with free

surfaces 2.98 0.67

Potential 2 [19] no free

surfaces 2.85 0.66

Potential 2 [19] with free

surfaces 1.93 0.32

We found that the velocity of individual grain boundariasied widely across the
sample. For each tensile test and interatomic pateatstatistical analysis of the grain
boundary velocities was performed. The results are shoviaigure 4.7 in the form of
histograms for the velocities of 25 boundaries monitoremifasction of time for samples
with and without free surfaces. Table 4.1 shows theageegrain boundary velocities
and corresponding standard deviations obtained for eaeh ca$ypically, the standard
deviation observed is around 30% of the average velocity. va@lbeities observed in the
simulation using the Voter potential [18] show higher valtiean those obtained using
the Mishin potential [19]. This is consistent with a modédere grain boundary

migration is an integral part of the plasticity mechan&nd the fact that the tests using
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Fig. 4.7 Statistical analysis of the grain boundary velositétained for samples with
and without free surfaces. Interatomic potential 1.[18
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the Voter-Chen potential 1 [18] show lower flow stessshan those run using the
Mishin et al potential 2 [19].

The other essential result of our statistical analissthat the samples containing
free surfaces showed a lower average grain boundary vetbaitythe samples with no
free surfaces. This trend is confirmed with both interat potentials used here. This is
a surprising result since the presence of the free sarfagexpected to increase overall
grain boundary plasticity, based on our results for flowss observed in the stress strain
curves. In previous simulation work [21] the presenca dfee surface was found to
increase grain boundary sliding, consistent with our 8tness results. The fact that grain
boundary migration velocity is actually decreased bypitesence of free surfaces is an
unexpected result, and it points out to the need to sepgrain boundary response in
relative movement of the grains parallel to the graandary (sliding) and boundary
movement perpendicular to itself (migration). Overggin boundary plasticity includes
movement of the grains parallel to the boundary asagefirain boundary migration. The
grain boundary velocities studied here and reported in Figurandl. Table 4.1 refers to
motion of the boundary mostly perpendicular to itsdlhe average velocity observed for
this motion is decreased by the presence of the freecearfd his is therefore not
contradictory with increased grain boundary sliding in ti@@es with free surfaces, as
will be shown below. Another important point is tithe effects of the surface are
expected to be most significant in the grains that atatdnl at the edges of the sample
and not to those in the center. The velocities regom Table 4.1 refer to average

velocities taken all across the sample. The sastpltied here is large enough for overall
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sample statistics but the total number of boundariediest (25) is not enough to be

divided into near surface and internal boundaries angsttluce meaningful statistics.

Table 4.2 Average thermally driven grain boundary velocities amdesponding
standard deviations, at various temperatures for poté&ftia].

Temperature (K) Average Velocity (m/s), | Standard Deviation (m/s)
900 1.25 0.39

1000 3.61 1.01

1100 8.50 2.04

1200 10.71 2.41

1300 12.639 3.627

1450 21.146 7.992

For the strain rates studied here, the velocitiesindd are of the order of m/s. These are
high velocities for room temperature. For comparisothese results with purely thermal
grain growth, we performed annealing treatments of theesaample at various
temperatures and measured average grain boundary veloc#ties function of
temperature. Table 4.2 shows the results of this sisiidistical analysis performed for
grain boundary motion induced only by high temperature, undesppiied strain or
stress. The high temperature annealing treatments undgrano were performed using
the Voter potential [18] and comparison of the results withroom temperature results
under applied strain using the same potential show than@etature in the range of 900

to 1000 K is necessary to induce velocities similar ts¢hobserved here under strain at
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room temperature. This quantitative comparison furthefawes the point that the grain

boundary mobility observed is indeed driven by the appliethstra

Grain boundary sliding

We analyzed grain boundary sliding occurring in the sarapl@ result of the
deformation process. In particular this analysis wasegletowards understanding the
relationship between grain boundary sliding and migratidnvo different techniques
were used to visualize grain boundary sliding. In the tistinique a small section of the
initial undeformed sample is selected containing the draimdary in question and in the
shape that is rectangular in each of its two dimensjmgéctions. The same atoms are
then visualized in the deformed samples. Grain boundaiggliin be clearly observed
as a step in the initially rectangular shape, locatethe grain boundary. Figure 4.8
shows grain boundary sliding observed in this way for onecpati boundary with and
without free surfaces in the sample. The initial bloclatoims selected for visualization,
with no step in the boundary region is shown at l&fiter the 15% tensile deformation a
step develops indicating grain boundary sliding, both witdnt@r) and without (right)
free surfaces in the sample. For most boundarieguvel that the sample containing the
free surfaces resulted in more grain boundary sliding thensample without free
surfaces, as shown in the example of Figure 4.8. This te@hgigas a detailed picture of
sliding for an individual boundary.

To obtain a picture of sliding in the entire sampletha second visualization

technique we constructed arrow plots of the plastic defbom of the overall sample.
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This construction is obtained by plotting the differentisiplacement of each atom from

the final deformed sample with respect to the initiahgie that was deformed elastically
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Fig. 4.8 Grain boundary sliding observed in one particular boyndé@h and without
free surfaces in the sample. The initial block of ateeiected for visualization, with no
step in the boundary region is shown at left. Aftertémsile deformation a step develops
indicating grain boundary sliding, both with (center) aniheut (right) free surfaces in

the sample. Interatomic potential 1 [18].
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to the same dimensions of the deformed one. Thefatifial displacements are a plot
of the plastic events occurring in the sample. Dafiocn mechanisms are seen as
displacements inside the grains clearly occurring aldipgpganes, and are not common
for the 5 nm grain size tested here, where most of tfegrdation occurs through grain
boundary mechanisms.  Figure 4.9 depicts an overall vigdasticity in the samples
with and without free surfaces. The arrows depictpiastic displacement of each atom
and the differential plots clearly show the extehgrain boundary sliding. This analysis
again shows increased grain boundary plasticity fosémeple with free surfaces. These
results are consistent with what was found previouslygusiress controlled simulations,
also in nanocrystalline Ni [21]. Increased grain boundhdyng due to the presence of
free surfaces implies increased plasticity for sampids free surfaces, and is expected to
result in lower flow stress. Indeed, the stresssicarves of Figure 4.1 indicate that for
both interatomic potentials used here, the presenckeofr¢e surfaces lowers the flow
stress. Our results suggest that grain boundary slidingeismost important grain
boundary mechanism controlling the flow stress. Siidsnaided by the presence of free
surfaces, but as mentioned above the free surfaces desuditin increased migration of
the boundaries. On the contrary, grain boundary migratioedsced by the presence of

free surfaces, even though sliding is increased.

Grain rotation and coalescence

We have found that the process of grain boundary slidimy migration is also

accompanied by grain rotation and grain coalescence. Hdl@eshows the rotational
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Fig. 4.9 Overall view of plasticity in the samples with amtihout free surfaces. The
Arrows depict the plastic displacement of each atdlote increased grain boundary
plasticity for the sample with free surfaces. datemic potential 1 [18] and the tensile

axis is vertical.
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Fig. 4.10 Rotation of the central grain of the samples ofeskwith and without free
surfaces. Interatomic potential 1 [18].
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changes of the central grain of the samples obserwhdawd without free surfaces. For
this central grain the rotation observed is decreaseteirsamples with free surfaces.
We have also found that the grains can coalesce, aoplesion that we observed
gualitatively to occur more in the sample with free acek. An example is depicted in
Figure 4.11 for a particular boundary of the sample wighsigrfaces. The lines indicate
the orientation of compact (111) planes in both grains.th%s tensile deformation

proceeds, the grains rotate and coalesce. Qualitalservation of this phenomenon

indicates that it occurred preferentially in grains hbwying the free surfaces.

4.4 Discussion and Conclusions

The evolution of polycrystalline microstructures underapplied stress occurs in
a thermally activated process and is commonly describedrins of grain boundary
migration. These microstructures can also evolve byng@ation because the excess
energy of a polycrystalline body is the product of th@irgboundary area and the grain
boundary energy. This means that either motion of the boytdaeduce its total area or
grain rotation to reduce the boundary energy per unit areaechice the energy of the
system. One can therefore understand that under anneahgions, microstructures
will evolve by a combination of grain boundary migratiod gnain rotation.

Stress-assisted microstructural evolution can notxp&imed by these traditional
driving forces and other possible mechanisms need to beleosts It is expected that

the grain boundary response to applied stress will priynbeilgrain boundary sliding or
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movement of the grains as a rigid body in directionslfE to the grain boundary. For

example, in the case of low-angle boundaries thabeadescribed in terms of dislocation
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Fig 4.11 Observed grain coalescence in a particular boyradahe sample with fee
surfaces, The lines indicate the orientation of com{dkt) panes in both grains. As the
tensile deformation proceeds, the grains rotate andsoeale
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arrays, the shear stresses influence these boundariescting on the individual
dislocations in these arrays. In the case of high-aggén boundaries that can be
described in terms of coincident site lattices, the rgidnechanisms act through the
motion of secondary grain boundary dislocations prasetie structure or nucleated due
to the applied stress. In this case, the sliding obthendary produces a simultaneous
coupled motion of the boundary perpendicular to its€fhn and Taylor [22] developed
a unified approach to grain boundary motion pointing out tbhathal motion of a grain
boundary can result from a shear stress applied tangemtia In other words, grain
boundary sliding and grain boundary migration are coupled pheraameCahn and
Taylor [22] postulate that almost any motion of an inm¥féetween two crystals can
produce a coupled tangential motion of the two crystddgive to each other which is
proportional to the normal motion of the interfacecls translations can also produce
grain rotations. Normal motion of a grain boundary lkesy from a shear stress applied
tangential to it which results in tangential motiomats converse. We postulate that the
stress-assisted grain boundary mobility observed in trsepretudy is in part due to this
mechanical coupling. The magnitude of the grain boundary tragraeelocities observed
in this study indicates how significant this coupling ¢&@nin producing microstructure
evolution during deformation.

Grain boundary sliding, migration and rotation occur siamdbusly as a
response to the applied strain. The absolute valude abtation, sliding and migration
rates depend on the particular boundary, giving a distributianigration velocities, as
shown in our results. Grain boundary sliding appearsetdhb primary mechanism

controlling the flow stress and grain boundary migratiom loa interpreted as result of
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the mechanical coupling of the sliding and migration compisne@ur results also show
that the relative importance of these effects is faamtly affected by the presence of
free surfaces. The presence of free surfaces increpaegs boundary sliding but
decreases the coupling coefficient between sliding andatiogr resulting in lower
migration velocities. It is also possible to hypothesikat there are two different
mechanisms in which grain boundaries can slide; one isughr grain boundary
dislocations that produces a coupled migration of the boyradat one that is controlled
by the migration of free volume available in the boundamyt involving coupled
migration. The latter mechanism is described in detaileference 20 and can be
expected to be significantly enhanced by the presenceeef durfaces because the
intersection of the boundaries with the free surfaagsprovide a source of free volume.
The former mechanism is described in references 23 and 24mgotieés coupling
between sliding and migration.

Finally, we note that recent molecular dynamics satioihs of a circular grain
embedded in an otherwise single-crystal matrix have stieovn that grain boundary
migration and grain rotation occur simultaneously. s tase, it was found that the rate
of rotation decreases with increasing grain size. A pactemerged where, for
nanocrystalline materials under large strains, grain damynsliding, grain boundary

migration, grain rotation and coalescence can all osicomltaneously.
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CHAPTER 5: Strain-induced grain growth and rotation in Nickel nanowires[1]

Virtual tensile tests of nanocrystalline nickel wirek initial 5 nm grain size were
simulated at strain rates varying from 3 ki to 1 x 1§ s* at 300 K, reaching
deformation levels up to 36%. The virtual tensile testsvatbthe study of the strain rate
sensitivity of these nanowires, yielding an activati@miume of ~»3, whereb is the
Burger’s vector, consistent with grain boundary mechanisrhsplasticity. Most
importantly, after 3% deformation the grain size incedasignificantly during the
deformation, with larger grains growing at the expensehef smaller ones as the
deformation levels increase. The volume of each grais mionitored as a function of
time and stress level. The results clearly indicila& the observed grain growth is stress
driven, with grain size versus stress behavior being ondklyelependent on the strain
rate and simulation time. Grain growth is also accaonguh by grain rotation. The
observations are interpreted in terms of the couplindh@frelative motion of the grains
parallel to the boundary and the motion of the boundatie direction perpendicular to
itself. Our results are consistent with a model whkeedeformation is accommodated
by grain boundary sliding which in turn is coupled with grboundary migration and

rotation, producing grain growth.

5.1 Introduction

The properties of nanocrystalline metals have beencasféor computational
materials scientists in recent years [2—-9]. The capakilof massively parallel computers
have allowed large scale atomic level simulations obmheétion behavior of materials

with features at the nanoscale. Simulation workitgcaf in understanding the underlying
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mechanisms of plastic deformation at different straites, grain sizes, and structures.
Molecular dynamics has been utilized in this kind of $anon, with the limitation of the
small sizes and extremely fast strain rates thatieumosed by the computational
resources. Nanocrystalline structures are of particndarest because of their increased
hardness and because of the appearance of particulampiea at the nanoscale such as
the reversal of the Hall-Petch effect [2].

One particular observation in the deformation behavibrnanocrystalline
materials has been the fact that nanograins are exgegity seen to grow as they are
deformed. Several investigators have found experimental ewdeinsignificant grain
growth and rotation at room temperature for these smaith gizes at high deformations
[10,13]. In the experimental studies, it is difficult determine the role of thermally
activated processes in the observed grain growth, diece may be questions regarding
the actual local temperature of the sample and whetee is actually enough time for
thermally activated growth to occur. Stress enhanced @@aindary mobility was also
observed in simulations [9,14].

In this work, we report simulation studies of the defation of polycrystalline Ni
nanowires carried out at different strain rates androbet! room temperature. Under
these conditions we can study the grain growth procesadmjtoring the evolution of
the volume of individual grains. This process, repeateddoous strain rates allows us
to separate stress driven growth from any time-dependettitaution.

Analysis of the simulation results show that thevghoprocess is fundamentally driven

by the stress.
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5.2 Simulation Technique

The virtual tensile tests simulations were performed ugicgnventional molecular
dynamics (MD) algorithm to rescale the coordinatea@kihez direction. The interaction
between the atoms is modeled using an embedded-atom meEAdd) (potential
developed by Voter and Chen for nickel [15]

The sample was prepared in two steps. Initially a culmpiaof 22 nm side was
prepared using a Voronoi construction with an average grainaof 8 nm [6,7]. A
cylindrical shape with dimensions of 22 nm long and a fiverahius was then cut from
the initial cube. The initial nickel cube had a grairesiz ~8 nm, but the five nhanometer
radius cut from the cube resulted in a 170 000 atom samfiie~yinm average grain
size. To allow a meaningful comparison of the resaiftteined at different strain rates, all
mechanical tests were performed using the same virtualvi@nsample, with the same
grain structure.

The code used to run the MD tensile tests is LAMMP& was developed by
Plimpton [16] The technique uses a Nose-Hoover thermostiabanostat to control the
temperature and pressure. The sample was first equelibfat 450 ps with periodicity
along the wire axis and free surfaces parallel to tine axis, with the temperature set at
300 K. After the initial relaxation, the periodicityoag the z axis was increased at
various rates to simulate an increasingly strained Wire value of the stress in the
direction of the wire axis was monitored to obtain $heess-strain behavior at various
strain rates. As the deformation proceeds, snapshotkeosample were created for

visualization.
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5.3 Results

Figure 5.1 shows the nanowires after 0, 90, and 270 ps, defonn(@i12, and 36%
strain, respectively) for a strain rate of 1.33 X4b. The various grains are color coded,
showing significant grain growth, as the deformation pedse For the largest
deformation, the figure also shows a slice through #h@er of the wire color coded
according to the Centro symmetry parameter [17], vismglistacking faults and twins in
the deformed structure. Very few of these defectssaen, even at the large strain of
36%, indicating that the main deformation mechanismsgesen boundary mediated.
Most importantly, significant grain boundary motion Isazly seen, as the deformation
proceeds. The corresponding stress strain curve isrshofigure 5.2, together with the
results of tests at various other strain rates. Figlteshows the strain stress curves up to
5% deformation, a region that includes plastic defonatbut not the higher

deformation levels where the sample develops necking.
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Fig. 5.1Virtual tensile test of a multigrained nickel nanowireafshots at 0, 12, and

369% strain, colored according to grains. The strain sate3B3 x 18s'. The figure at
right shows a slice through the wire deformed 36% colacedrding to the Centro
symmetry parameter, visualizing stacking faults and twirtkardeformed structure.

Fig. 5.2 Stress strain curves for varying strain rates frd88 .10 s* to 2.22 x10s' at
300 K.
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The stress strain curves show flow after deformatibabout 3%, with the flow
stress decreasing for slower strain rates. To quahgfylependence of the flow stress on
the strain rate, the strain rate sensitivity exponead calculated by plotting the average
flow stress over the strains of 3% to 5% as a funatiotihe strain rate. The results are
shown in Fig. 5.3 giving the strain rate sensitivity expored 0.121 for the ~5 nm grain
sized nanowire. The activation volume for the defdiomaprocess [18-21] can be

calculated from this exponent, as follows:

. AJ3KT

ns

Equation 5.1

wheren is the stress sensitivity exponekis Boltzmann’s constant, is the temperature,
and is the flow stress. Using a flow stress value .6f@Pa and the temperature of 300
K we obtain 0.029 nfor 1.87&° whereb is the Burger's vector value of 0.25 nm
[14,16]. A value of 1-8 for a grain size of ~5 nm suggests that the deftion
mechanisms involves only a few atoms motion atre tias expected in grain boundary
accommodation mechanisms. Indeed, grain boundachamesms of plasticity have been
postulated for grain sizes smaller than 20 nm, dbaseextensive simulation work[2—7].
In recent experimental work [18-21] the apparenivattion volume was found to be
20b® for nickel with a grain size of 30 nm, indicatidiglocation mediated plasticity. Our
result for the activation volume is consistent witie expected relation between
activation volumes and grain sizes [18-21].

For additional confirmation of a grain boundarydslg mechanism operating, we
studied the detailed atomistic structure of thedaéd samples to observe dislocations at
a strain rate of 1.33 x 1&*. It was found that the number of dislocations &etitwas

small, less than 15 total dislocations at 15% mtrabnfirming that localized
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accommodation in the grain boundaries is the main nmesiineof plasticity at these small

grain sizes.
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To study the observed grain growth process, we measuredlinmes of the
individual grains as the deformation preceded at differeainsrates. As an example,
Fig. 5.4 shows grain size versus time for four represeatgtains deformed at a strain
rate of 1.33 x 19s’. In this and subsequent figures the cubic root of the wlisnused
as a measure of grain size. The larger grains are segrow at the expense of the
smaller ones, a trend that was also observed for sth@n rates. The initially larger
grains continue to grow at the expense of smaller graihEh reduce and often
disappear [13]. As a result of grain growth the averaga giae for all grains grew as a
function of time for each of the strain rates. Tieishown in Fig. 5.5(a), which shows the
average grain size, linearly increasing over time for estichin rate. The growth rate
observed for the different strain rates is veryeddnt, indicating that the growth process
is controlled by the strain level, more than the tohéhe simulation. Figure 5.5(b) shows
the data obtained for various strain rates, plottedfasaion of strain. This figure also
shows that the growth process is strongly correlatédtive overall strain of the sample.
The comparison of the plots of grain growth as a funatiotime and strain suggests that
the growth process is not a thermally activated prodmgsrather an integral part of the
mechanism of grain boundary plasticity in nanocrystalliretenials. In this way the
present simulations help address the controversy sulrgunsbme experimental
observations [11].

Although grain growth is well recorded for increasing terapee, only recently
has grain growth been experimentally observed at roompeaeature and postulated as
due to strain [10-14]. In simulation work, Schietzal [14] used a 5 nm diameter copper

sample with a 10% to 10% strained cyclic deformation abhderved grain coarsening
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that was induced by strain. That work was performed ueytdic loading as opposed to
tensile conditions. The present results, obtainedasbus strain rates clearly show that
grain coarsening operates as part of the basic plasti@ghanism in nanocrystalline
materials. We have also analyzed the virtual tensge for evidence of grain rotation
and have found significant grain rotation during the defaongtrocess. Grain rotation

for the central grain in the wire was quantified for #aeious strain rates tested. Figure
5.6 shows the values observed for the rotation for thiicpkar grain in the plane

perpendicular to the tensile axis as a function oktifhhe data show that the grain
rotation speed varies significantly with strain rateligating again that it is not a time

controlled thermal process and is mostly driven by tlarsitself.
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5.4 Discussion

Our simulations show that grain boundary motion and wtatre present as basic
deformation mechanisms in these nanowires, as have bbserved in several
experimental studies of the mechanical response of ngtaltine metallic materials.
The most likely mechanism responsible for the strain-drigeain growth in our
simulations arises from the GB sliding that accommadtte strain. The present results
can be interpreted as due to the coupling between thdeparad perpendicular motions
of the grain boundary, as described by Biskol[22]. More recently, Hyde, Farkas,
and Caturla [23] analyzed the motion of a particulab grain boundary subject to shear
in Fe and found that the boundary moved through the nuateaimml motion of
displacement shift complete (DSC) lattice disloaaioThis produced not only relative
motion of the grains parallel to the boundary but also anotif the boundary in the
direction perpendicular to itself, as a result of saee unique process. Cahn, Mishin,
and Suzuki [24] analyzed the atomic mechanisms of graindasyrmotion for a large
number of boundaries and similarly found a coupling of thation parallel and
perpendicular to the boundary when the boundary is dulgjestress. In that work, they
analyzed a series of boundaries and studied the valudgsefooupling coefficient =s/m
wheres s the relative movement of the grains parallel toldbendary (sliding) anchis
the movement of the boundary in the direction perpetafi¢o itself (migration). They
found values for that range from 0.3 to 1.5.

For the interpretation of the present results, a Empodel can be constructed
assuming that:

(i) A tensile strain _is the result of a shearistcd /cos(45°) for each grain.
(i) The deformation is accommodated by sliding of thaerataries, denoted &
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(i) This movementS produces a coupled migration of the boundary denoted by
(iv) Sliding in opposite directions for opposite sides@frain also results in coupled

grain rotation.

Using these assumptions (Figure 5.7) the average slidingdon boundary can be
calculated as the average grain radius times the avehage deformation of each grain
or:

S=RJ2e Equation 5.2
where R is the average radius of a grain. Using this equatve obtain an average
displacement of the boundary parallel to itselfofe) in nm. Analysis of the data in Fig.
5.5(b) yields an average grain growth of)(&h nm, or an average movement of the
boundary perpendicular to itsetf of half that value, (3 in nm. This means that our
results imply a coupling factor = s /m of 1.3 consistent with the values reported by
Cahn, Mishin, and Suzuki [24]. In addition, if aygite sides of a grain slide in different

directions, a net grain rotation will result whiale can estimate in radians as
_S :
g= = Equation 5.3

Substitution ofSfrom Eq. 5.2 gives a grain rotation of 1.4f radians, or about 12° for a
15% deformation. This value can be compared to ooserved values for 15%

deformation which range from 7 to 18°.
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Fig. 5.7 Schematics of coupled sliding, migration, and rotatiorafoaverage grain in
the sample.
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Therefore, the present results for grain growth caosdreistently interpreted as
resulting from the coupled motion of the grain boundarié® observed grain rotation is
also consistent with a picture where deformation actiurough grain boundary sliding,
occurring through the motion of grain boundary dislocatiavisich in turn results in
grain rotation and grain growth. Figure 5.7 shows a schemftihe process, depicted for
an average growing grain. This process can have generdityals long as the grain
boundary migration of each grain satisfies compatibitioynditions. The compatibility
conditions can be easily satisfied for small nanowioafigurations such as the one
studied here but can impose additional constrains in aeltfeonfiguration. In addition,
the effects of the free surfaces in the nanowire lmsignificant. For example, Derlet
and Van Swygenhoven [25] have shown that the presenttes dfee surface increases
grain boundary sliding. One should also bear in mind that gresent results were
obtained for only one nanowire diameter and grain siractThese effects may change
the magnitude of the observed grain growth but the badioer of the coupling effects
discussed here is expected to be of more general vablity possibly extend to
polycrystalline materials with grain sizes in the nan@mednge. Indeed, grain boundary
migration driven by the strain was found in simulationdquered for nanocrystalline Ni
of 5 nm grain size without free surfaces. These restdtseported in a recent paper,[26]

where significant growth of particular grains at the eggeof others is shown.
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CHAPTER 6: Tension-compression asymmetry and size effects in nanocrgbine

Ni nanowires[1]

We investigate size-effects in nanocrystalline nicleglawires using molecular dynamics
and an EAM potential. Both compressive and tensile defoom tests were performed
for nanowires with radii ranging from 5 to 18 nm and argssze of 10 nm. The wires
contained up to four million atoms and were tested usisgain rate of 3.33 x £os™.
The results are compared with similar tests for aog@risystem, which models a bulk
macroscopic sample size of the same nanocrystalliaterial. The importance of
dislocation mediated plasticity decreases as the dameter is decreased and is more
relevant under compression than under tension. A signifitension-compression
asymmetry was observed, which is strongly dependent owitkesize. For the bulk
nanocrystalline samples and larger wire radii thewflstresses are higher under
compression than under tension. This effect decreadbe agre radius decreases and is
reversed for the smallest wires test@dir results can be explained by the interplay of

nano-scale effects in the grain sizes and in the raule.

6.1 Introduction

The capabilities of massively parallel computers havevaliblarge scale atomic
level simulations of deformation behavior of materiaith features at the nanoscale. As
part of this effort, atomistic molecular dynamics (M&mulations of nanowires have
been utilized extensively to study the mechanical behavidrdeformation mechanisms
of single crystal metallic nanowires . SpecificallyiD simulations have been

performed to analyze the tensile response and failureanesns in metal nanowires
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[2-9]. Most of these studies have been performed in serg&al wires of various
orientations. Although these studies have been carrigdrgely under tensile test
conditions, Diao et al. found a yield strength tensiomipression asymmetry in gold
nanowires, with the wires having higher strengths isitanthan in compression [10,
11]. The tension-compression asymmetry observed isitigée crystal metallic

nanowires has been attributed to the effects of tHacgustress.

In parallel efforts, the properties of nano-crystallmetals have been another
important focus for computational materials researateaent years [12-18]. Simulation
work provided understanding for the underlying mechanisms stipldeformation in
these materials and the appearance of particular plem@oat the nano-scale such as the
reversal of the Hall-Petch Effect [12]. In these malgr significant tension-
compression asymmetry has also been observed, witktrgnggths being higher under
compression than under tension [19,20].

In the present work we explore the issue of tensiorpcession asymmetry in
nanocrystalline nanowires and analyze the deformatechanisms for nanocrystalline
wires of different radii. The wires studied here haaao-scale features both in their
grain sizes and in their radii and it is of great ies¢to study the interplay of the effects

introduced by these two length scales present at theleaglo

We begin the paper by discussing the simulation methodsrnusiselwork. Next,
we present the results of the numerical simulatiomseatrating on the different
deformation modes observed in tension and compressisn fBse analysis of our
results is divided in two regions. First, we discussftimelamental mechanisms

controlling the deformation in these nanowires for defttions up to 4.5 % (Region 1)
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before necking and bulging are observed. Finally, weudis the necking and bulging

behavior observed for deformations in the range fromot1%% (Region 2).

6.2 Simulation Techniques

The nanocrystalline nanowires were created in twpsstEirst, a digital cubic
sample with a side of 39 nm and 10 nm average size wasuibuntj the Voronoi method
and random orientations. A grain size of 10 nm was chfigeits hardness properties,
since this size lies before the grain sizes that féeetad by the Inverse Hall-Petch effect
[16]. These grain sizes are near the values that givendbx@énum hardness as a function
of grain size in nanocrystalline materials. This ihigabe contained over 6 million

atoms and 125 grains.

In the second step, the nickel nanowires were cut fleminitial cubic sample
with the wire axis parallel to the Z axis of the culml @ahe axis passing through the
center of the cube. This procedure was used to cut séfeneit nanowire samples with
radii from 5 to 18 nm. Because all the wires were @rnhfthe same initial cubic sample
the grain boundary structure in the center was the damall radii. The nanowires

created in this way contain up to 4.6 million atoms.

The tensile and compressive simulations performed here ausaolecular
dynamics (MD) algorithm with the interaction betwet® atoms modeled using an
embedded-atom method (EAM) potential developed by Voter dech @r nickel [21].
The simulation code used to run the MD mechanical teassLAMMPS, created by S.

Plimpton [21]. An initial relaxation of the initial bic sample with periodicity in all
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directions was performed for 450 ps using a Nose-Hoovemtstat. The nanowires
were relaxed using a Nose Hoover thermostat and baiodtia direction of the wire

axis. Free surfaces were allowed in the directions pdipaar to the wire axis.

The strain was applied by changing the periodicity digtamdong the
tensile/compressive axis. This periodicity was incredmdtension) or decreased (for
compression) from equilibrium to a 15% deviation fromebailibrium value at a rate of
3.33 x 16 s'. Although this strain rate is extremely fast compared whtose used
experimentally, it is typical for MD simulations. Fexample, in simulations of nanowire

deformation Koh and Lee [8] used strain rates up {846 .

All the nanowire samples were deformed 15% at the steaénof 3.33 x 1bs™.
The boundary conditions were kept periodic along the aie and free in the other two
directions. To simulate the response of a bulk nastaitine sample, the initial cube
with periodicity in all directions was also deformed the same strain rate. This
procedure allowed the comparison of the behavior of theargstalline nanowires with

bulk nanocrystalline configurations.
6.3 Results
6.3.1 Deformation Mechanisms

In recent studies, it has been shown that the defa@mahechanism at small
grain sizes (<15 nm) is actually an interplay betwesiodation mediated plasticity and

grain boundary accommodation of plasticity through grawnblary sliding [23]. It was
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Fig. 6.1 Cross section of the initial structure of the wiod 8 and 18 nm radii.
Visualization according to the Centro symmetry parameter
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therefore of interest to find what deformation mectianwas dominating in our studies.

To do so we began by looking at cross sections of thecngstalline virtual samples.

Figure 6.1 shows a cross section of the initial struobéirthe wires of 8 and 18
nm radii. The visualization, performed according to@esmtro symmetry [24] parameter
allows the clear identification of the grain boundsrigigure 6.2 shows a cross section of
the structure of the wires of 8 and 18 nm radii deformed 158&&ruboth tension and
compression. The visualization according to the Centnongetry parameter shows the
grain boundaries as well as any dislocation activityltieg) from the deformation in
these samples.

During the visualization of the tensile samples in Fegbu2(A,B), it was observed
that the dislocation density in the 8 nm is much less tha 18 nm cross section. The
difference between these two samples is the surtageltime ratio, indicating that the
presence of free surfaces enhances grain boundary shdimga lower fraction of the
deformation being carried by dislocations,

When Figure 6.2A (tension) and 6.2C (compression) are ce@chpéne results
show an increase in the number of dislocations undempasion. Therefore the
compressive strain is seen to inhibit the deformaticth@fvires through grain boundary

sliding and produces a higher dislocation density.

6.3.2 Stress strain behavior

Figure 6.3 shows the stress-strain behavior under tersjaan@ compression (B)

for wires of four different radii. The results of thenulation that is periodic in all
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Fig. 6.2 Cross section of the structure of the wires A&} and 18 (B,D) nm radii
deformed 15% under both tension (A,B) and compression (¥jB)alization according
to the Centro symmetry parameter. An arrow showgxistence of a dislocation.
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simulation, representative of very thick samples ac&ided for comparison
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directions, representative of very thick samples eckided for comparison. The stress-
strain behavior in Region 2, after necking/bulging depelis analyzed in later sections
of the paper.

For both, tension and compression tests, the stit@ss-surves show that the
nanocrystalline nanowires are softer as the wirenéiar decreases, with this dependence
being more pronounced in the compression tesfdis general trend can be interpreted
as due to the fact that increased grain boundary slidipgpmoted by the presence of the
surface, as proposed by Van Swygenhoven et al. [25]. Tessgks present significant
tension/compression asymmetries that depend on the wadliesr These effects are

addressed below.

Size effects in the tension-compression asymmetry behavior

For the periodic sample we find a tension-compresagymmetry flow stress
ratio of 1.06, with the compression flow stress beingpdrighan tension flow stress. This
value is in excellent agreement with recent experiméyt Schuster et al [26]. This
tension-compression asymmetry can be explained by theéhia grain boundary sliding
is easier under tension. Grain boundary sliding thatoee difficult under compression
implies that more dislocation activity is expected und®mpression for equal

deformation levels, in agreement with the observatg&rown in Figure 6.2.

Figure 6.4 shows the average stress necessary to déenmres 4.0 to 4.5 % as
a function of wire radii, plotted for tension andngaression cases. The results of a
periodic simulation, representative of very thick saspdre shown as dotted lines for

comparison. We have chosen the values between 4.0%#6 deformation for this
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analysis because it is a deformation value clearly befecking or bulging behavior is
initiated in any of the samples. The results in Figo indicate a reversal of the
tension-compression asymmetry as the wire radius deedsed. For the smallest radii

tested, deformation is easier under compression tham terdson.

To understand the size dependence of the flow stressr uedsion and
compression, it can be assumed that the resolved streas for plastic deformation
averaged over the interior of the nanowire has carniahs from the external forces as
well as an intrinsic compressive stress due to the sudtess [11]. For flow under
compression, these two contributions have the sanmeasid are additive. The smaller
the wire diameter, the larger the contribution frdm surface-stress-induced intrinsic
compressive stress and the smaller the external fomessery to make the nanowire
yield. For plastic flow under tension, the two conitibns from bulk and surface have
opposite signs. The applied external stress must firetcome the surface induced
compressive stress before the nanowire can yield unagote The smaller the nanowire
diameter, the larger the relative contribution of tdwanpressive surface stress and the
larger the external force is required to make the naeoflow plastically. This effect
implies that for smaller wires a tension-compressisgmmetry is expected with flow
stresses that are higher under tension. This caniexpley single crystal wires present
larger flow stresses under tension than under compreasid why in our nanocrystalline
nanowires of the smaller radii (< 9 nm) we also olesdrigher flow stresses under

tension than under compression.
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In addition to the effects of the compressive surfacesston the tension-
compression asymmetry, grain boundary sliding is easiderutension than under
compression. This effect can be seen in our resultspé&iodic nanocrystalline
deformation containing no free surfaces and exhibiting a $lwess under tension that is

6.0% lower than that in compression.

The behavior of nanocrystalline nanowires can thembenstood as the interplay
of these two tension-compression asymmetries of ofgegjns. One asymmetry is due
to the surface stress and the other is due to the ralacsizes of the grains and the
corresponding deformation mechanism of grain boundarynglidihe former dominates
overall behavior for the smallest wire diameters wherthe latter dominates for larger
wire diameters. For the grain size studied here tbgsaover in the sign of the tension-

compression asymmetry occurs for a wire radius of abown.

Necking and bulging behavior

In the previous section, we have limited our discussiodeformation levels that do not
produce necking or bulging behavior. We have carrigdreideformation studies up to
15% deformation and therefore can also study the processcking under tension and
bulging under compression. Figure 6.5 shows the strems $tehavior for the 8 nm
radius wire deformed up to 15 %, under both tension and @ssipn. In this small
diameter wire the effects of necking can be clearly ssea decrease in the flow stress as
the deformation proceeds, whereas bulging results inaease of the stress. A line was
placed at 4.5% strain in Figure 6.5 to separate the initiatmation (Region I, discussed

above) from the influence of the necking and bulging (Redj). These effects are not
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Fig. 6.5 Stress strain behavior for the 8 nm radius wirertedd up to 15 %, under both
tension and compression.
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Fig. 6.6 Stress strain behavior for the 18 nm radius wirerdedd up to 15 %, under
both tension and compression.
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significant for the larger diameter wires, as showirigure 6.6, where the stress strain
behavior is shown for the 18 nm radius wire deformed ubt®, under both tension and

compression.

To quantify the necking behavior, we have studied the crasiisal area of our
samples at different points along the wire axis asd#fermation proceeds. Figure 6.7
and 6.8 show the observed changes in cross sectionahtadiféerent points along the
wire axis for tension (A) and compression (B) testsvioés of 8 and 18 nm radii. The
curves represent changes at 3, 6, 9, 12 and 15 % deformdndrigures 6.7 and 6.8 the
changes in cross sectional area are shown as peft@mjes, with positive changes in
the cross sectional area indicating bulging and negatnanges indicating necking. It
can be seen that at 3% deformation there is no eviadgnuking or bulging, but by 6%
there is a significant effect, as shown in Figure 6.Comparing Figures 6.7 and 6.8, it
can be observed that the deformation for thicker wiredisgibuted evenly along the
nanowire (Figure 6.8) whereas Figure 6.7 shows signifidantlized decreases and

increases in cross sectional area, indicating ngckma bulging, respectively.
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6.4 Summary and Discussion

This paper presents MD simulations of nickel nanowires stdgeto tensile and
compressive deformation at a rate of 3.33 ¥4 The nanowire sizes varying from 5
nm to 18 nm radii show evidence of size effects in thesststrain curves as well as in
the deformation mechanics. The stress strain cwlbtsned were analyzed for two
regions: Region | below 4.5% strain to avoid intefere in the studies of initial
deformation of the nanowire and Region Il dealing witlaiss above 4.5%. In this

region significant bulging and necking was observed feisthaller radii samples.

To study the deformation mechanisms, the samples weralsd and the
dislocations were observed for tensile and compressif@ndation. As in previous
studies of the plastic deformation of nanocrystallinengles of similar grain sizes, we
observed both dislocation activity and grain boundargm@eceodation of plasticity through
grain boundary sliding [23] The dislocation mediated plasticity is clearly seefrigure
6.2 and two trends can be identified: 1) there are maoseaditions emitted under
compression than under tension, and 2) there are diglogations emitted for the wires

of larger radii.

The first observed trend is consistent with the expiectahat grain boundary
sliding requires larger stresses at high pressures, agnshg recent work studying
nanocrystalline metals under shock loading conditi@7. Under compression, grain
boundary sliding is more difficult and a larger fractafrthe deformation occurs through

dislocation activity.
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The second trend points out the effects of the fuelases on plasticity, indicating
that the presence of the surface and there in thecsustaess promotes plasticity that is
non-dislocation mediated. Indeed, previous studies hawversithat there is increased
grain boundary sliding in nanocrystalline metallic samplith a free surface [25]. Since
the effects of the free surfaces will be dominatinghatdmallest wire radii, these samples
will deform more through grain boundary sliding and theit e fewer dislocations
emitted. These two trends give rise to a tensionpcession asymmetry where large radii
samples result in higher flow stresses for compredsian tension. This effect decreases

as the wire radius decreases and is actually reversedré&s below 9 nm.

For small diameter samples, the amount of dislocs seen in the compressed
and tensile samples can be explained by the ease oftgrandary sliding. In the tensile
example, the free surfaces help the grain boundaries atideghus they present fewer
dislocations. As the wire radius increases, the dartian of free surfaces that increased
the possibility of grain boundary sliding decreases ancetiwe increased dislocation
activity is seen for thicker tensile samples. For paased samples the pressure applied
makes grain boundary sliding more difficult and thus ewnhitigslocations contribute
more to the overall deformation, which explains thhgda number of dislocations in the
compressed samples with the same radius as well asrisien-compression asymmetry
observed for the thicker wires. For the smalleriireghsile samples, surface-stress-
induced compressive stress is large and requires moreaxséress to yield. Whereas
in the small radius compression samples these strasseadditive and a lower external
stress is required for yielding. The smallest radingles tensile samples present a

higher flow stress than compressed samples, in asavef the sign of the tension-
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compression asymmetry of bulk nanocrystalline mateiialthe large nanowire cases the
amount of surface-stress-induced compressive stress is loweh than the smaller

diameters and therefore does not greatly affect tive gtress.

As the deformation proceeds necking or bulging developsegioR Il having a
significant effect on the flow stresses for sampléth the smallest radii. The tensile
wire samples that began to neck had a decreased flessstiwhereas the compressed

wire samples began to bulge increasing the flow stredsefasmation proceeds. For the

grain sizes studied here, these effects start to dleyitde for wires with a 18 nm radius.

The great interest of nanocrystalline materials iglydue to their strength and
hardness caused by the increased grain boundaries and titemnice of dislocation
movement. Grain boundary sliding as a deformation nmesimaintroduces a limit to the
attainable increase in hardness. Furthermore, as we filg ipresent study, when one
introduces high surface to volume ratios, this effegreatly increased, and the surface
induced compressive stress causes a reversal of the rsigime aension/compression

asymmetry typical of nano-scaled hardening.
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CHAPTER 7: Meta-Stability of Multi-Twinned Ag Nanorods

Nanoscale rods have been shown to exhibit a multigilened structure. The rods grow
along a [110] type crystallographic direction and have rdgg®nal cross section with
five (111) twins connecting the wire center to the coroéithe pentagon. Here, we use
molecular dynamics simulations with an embedded atonhode{EAM) interatomic
potential for Ag to compute the ground state energies efnthlti-twinned rods and
compare with the bulk equilibrium crystal shape, asneded from a Wulff construction.
The excess energy of the non-twinned equilibrium naf®rand the multi-twinned
nanorods was obtained as a function of the wire kefigtas well as the cross sectional
area A;9). Various contributions to the total energy, suckvwas boundary energy and
surface energies, are discussed and included in an analytatel that compares
favorably with the simulation results. Our resuliews that, for infinitely long nanowires
with A.<1000 nm, the non-twinned structure is always energetically rfabte.
However, if the energy of the dipyramidal atomic stuoe at the nanorod ends is

included in the model then the twinned nanorods are stableresgect to the non-

twinned rods below a critical aspect ratlo/(/ A, ).

7.1 Introduction

In recent years, interest in metallic nanowires gasvn because of the possible
application to nanomechanical and nanoelectronidcds. Metal nanowires exhibit
desirable properties such as superior strength, [@&x2ellent conductivity [3] and good
optical properties [4-6]. The current study focuee Silver (Ag) nanowires, which have

great potential for higher strengths due to theterice of multiple twinned structures [7-
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11]. The increased strength in the multi-twinned nanotads been attributed to the
twinned structure’s ability to hinder dislocation mot@and generate work hardening in

the material [11,12].

Multi-Twinned Particulates (MTP), are used as seeds rtw gmulti-twinned
nanorods (MTR) and have been observed for over halfnturgestarting with their
discovery by Ino in 1966 [13]. However, the growth mechansiMdTRs were poorly
understood until recent years [14-21]. The MTR which iddhas of the present work is
the five-fold “star” nanorod, which, in cross sectiapnsists of five (111) twins
connecting the corners of the pentagon to the centethe wire. The unique
characteristics of these five-fold twinned nanorodsateseen at the micrometer scale as
the rods require extra elastic energy to produce the permtiaghape. Elastic strain
(energy) is generated from the small difference wia boundary angle of 70.5° and the
72° angle required to create a pentagon from the five twiReeviously, it has been
assumed that the elastic energy resulting from thétdagap plus the boundary energy
from the five twins of the “star” is offset by the low€l00) surface energy of the
pentagon, such that the twinned structure becomes enallyetiable with respect to the
Wulff shape at sufficiently small sizes. Recent stagdhowever, have questioned this

interpretation.

Hofmeister et al. have used X-Ray diffraction to sttidyatomic distribution of the
elastic strain in silver and gold MTRs [9,10]. In additiding et al. [22] has introduced
an analytic model using a simple geometry of the nai®wamd the excess energy of the

system to determine what displacements occurred in itr@structure to accommodate
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for the gap [22]. The authors concluded from their amaltmodel that the elastic,
surface and twin boundary energies required for the fawmaf the pentagon nanorods
was sufficiently high such that the MTR’s are mdibke. Thus, it is not fully understood

why MTR’s are observed experimentally.

Our study incorporates experimental and analytical e$oiitthe microstructure of
the MTRs and builds upon their findings to discover whatofacaffect the stability of
the MTRs. For this purpose, we used molecular statidsdgnamics simulations in
combination with an analytical model to study the stahditfive-fold “star” nanorods in
comparison to the non-twinned “bulk” shape defined by a #aghstruction [23], for
various lengths and cross sectional areas. Basec @tdimistic results, we designed an
analytical model similar to Ding et al. [22] which acctaufor the geometry, surface,
twin, and elastic energies of the nanorods. Thé/rea model was developed for the
twinned and non-twinned nanorods with and without consgigdthe atomic structure at

the rod ends. We use the analytical model and simnolatisput to describe the relative
stability of the rods and find a critical aspect ratidjrdal asL/,/ A, below which the

multi-twinned nanorods are stable.
7.2 Generation of MD Simulation Cells
7.2.1 Wulff Construction for the Non-Twinned Nanorods

The non-twinned bulk equilibrium microstructure waetermined using a Wulff
construction, as shown in Figure 7.1. The sihamarods observed in experiments grow

along the <110> type axis and therefore, the sasfaecluded in the Wulff plot are all
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perpendicular to the [110] axis. We expect an equilibréinagpe similar to the structure

produced by Marks [23] in 1984.

For each surface, Table 7.1 shows the anglesf the surface normal with respect

to the[]i O]direction, and the corresponding surface energies eséclilusing the

interatomic potential of Voter and Chen [24] selectediar simulation. Based on these
values, the Wulff construction indicates that the bujkikbrium nanostructure has six

surfaces made up of four low energy (111) planes and two (0@d¢ gurfaces. The

surface energies for the Voter and Chen EAM Potentjajre shown in Table 7.1 and

the cusps in the Wulff plot correspond to the {111} and {001} typdases, are shown
in bold in Table 7.1. The surface energy of the lowest enelayye {111} is 1.6055 J/f

and {001} has a surface energy of 1.7593%J/m
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Table 7.1Surface energies (J/nf ) for various orientations observed for the Voter-
Chen Potential. Theta angles are taken with respétt10]

(hki) | Silver
[hkl] (radians) (hkl)
[00 1] 1.57 1.7593
[1-15]| 1.85 1.8975
[1-14] 1.91 1.9126
11 3] 201 | 1.9209
[[112] 219 | 1.8642
[22-3]] 233 | 1.7810
[334] 239 | 1.7360
[44-5]| 242 1.7090
[11-1]| 253 | 1.6055
[44-3]| 265 1.7281
[33-2]| 270 | 1.7663
[22-1]| 2.80 | 1.8353
[3-31]|] 291 | 1.8901
[55-1]| 3.00 | 1.9190
[110] 3.14 1.9342
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Fig. 7.1. Wulff Construction for Silver Voter-Chen EAM Potentia
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7.2.2 Multi-Twinned structure

The multi-twinned nanorods observed by Yacaman et albigetiia pentagonal
shape with five twins in a star formation [11]. A modethe fivefold nanorods is shown
in Figure 7.2. As discussed above, there exists a 7.5° gdpaga by the difference in
the (111) twin boundary angle and the geometric conswhaipentagon and the
mismatch introduces elastic energy in the system. exlsence of this elastic strain
implies an upper size limit of the MTR. There haverbadew hypotheses for how the
MTR system distributes the elastic strain in theomad to accommodate for the 7.5°
[12,20]. To generate the initial nanorod geometry in augtiss, we have chosen to strain
the atoms along the x-axis as seen in Figure 7.2. Confinnglastic strain in one

direction allows us to simplify the equations used to defeestrain in the system. The

strain is defined agL)—Q’, where bis the base of the 35.25° triangle and b is the base

of the 36° triangle. The relationship between the basfaed35.25° triangle and the 36°
triangle is:

tan@36°)

- tan@525°) ° Equation 7.1

The atomic displacement of each atom is shown in Eigw and given by:

b, - DX
X= 1- Ob— *(b- b)) X, Equation 7.2

(o]
where X is the atomic displacement of each ato¥,is the distance in the x-axis from
the center of the pentagon, angiXthe initial position of the atom in the x-axisotd

that central atoms (Xare located at 4= 0 and X = (X, - X¢) = Xo. . Equation 7.2
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shows that atoms further away from central atomshaite more displacement, those
closer to central atoms will have small displacemegénerating a ‘stretched’ triangle.
The maximum amount an atom will be displaced is X thus resulting in a distance of
(0.028*X).

The ‘stretched’ triangle obtained by this method is tteated about point A as
in Figure 7.2 until the full pentagon is created and alrlapping atoms are removed.
The radius can easily be increased to create larger MitlRdifferent cross sectional
areas. The cross sections of the twinned and non-twimaeorods are shown in Figure

7.3.
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Fig. 7.2 The process for creating the five-twinned nanorod. apShbe compensation
for the 7.5 degrees. The dashed triangle is the imigagle, 70.5°. The solid triangle
has 72°. The top right shows the displacement of atrh, atoms displaced 0.15 nm are
white, atoms displaced 0.0 nm are black. Arrows inditaewin boundaries. The
bottom figure shows the triangle rotated®2about Point A, this creates a pentagon with
displacement coloring. The dashed lines are centraisawvith no displacement (red).
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[1-10](001)

[1-10](001)

1 [1-12](111)

b, /

Fig. 7.3 The microstructures for the A) multi-twinned nanoraasd B) non-twinned
nanorods. Coloring by CSP, gold lines are twin boundaries
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7.3 Simulation Techniquies

The atomic interactions of the virtual Ag samples wgwgerned by a Voter-Chen
EAM potential [24] (the Discussion and Conclusions sectidafly describes results
from two additional Ag EAM potentials). Simulationsfind the energy of the nanorod
structures were performed using the multi-processor maleathtics and dynamics
software LAMMPS created by S. Plimpton [25]. As expldime more detail below the
ground state energy of the larger nanorods was determingcthyerforming dynamics
simulations at high temperatures and subsequently coolinydtens For the dynamics
runs under NPT conditions, the temperature and presseme eontrolled by a Nose-
Hoover thermostat and a standard Parinello-Rahman barosspectively; these
conditions allowed atomic movement at the surfaced, @eriodic and zero pressure
boundaries applied along the nanorod length allowed fesstelaxation due to Poisson
contraction. Molecular statics simulations used tbmejugate gradient method, which

allowed the system to find the minima in the energytionel [26].

A series of MD simulations were run at 1K for 5 ps éach nanorod to allow for
relaxation at the surfaces and periodic boundarieser Alfte molecular dynamics were
completed, the system underwent an energy minimizaind the total energy of the
nanorod was obtained for the minimum configuration. e Hxcess energy for each
nanorod was determined by subtracting the ground stateyewietige bulk material with
the same number of atoms from the atomic energiesilated in the simulations. As
expected the higher energy atoms for the MTRs weratddcat the surface and twins,

whereas the non-twinned nanorods contained only high yrerdgace atoms which
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contributed to the excess energy of the system. €kbess energy was found for the
MTR and the non-twinned nanorods of different crostices, while the length was kept

constant at 3.32 nm (periodic). The cross sectionakaraded from 7.12 nfnto 1460

nnt.

It is important to stress that the surface, twin bomndend elastic energies
obtained from molecular statics correspond to the grotateé §T=0K). Therefore the
conclusions drawn from this study may change slightthatactual growth temperatures
of nanorods. However, if we invoke the reasonableragsan that all the surface and
twin boundaries decrease with temperature in approximdtelgame manner, then the

ground state results will provide an accurate descriptioalfgrowth temperatures.

7.4 Analytical Model of Periodic Nanorods Without Consideration othe Rod Ends

7.4.1 Multi-Twinned nanorods

The equation for the excess energy of the multi-tedhnanorod must take into
account the five (100) surfaces, the five twin boundariesilanelastic energy due to the
strain that compensates for the 7.5° gap. We first cédzlithe cross sectional area as a

function of the triangle base length.

b2
<= 5 E tion 7.3
A an@,) quation

Acsis the cross sectional area, b is the base lendtteqfentagon, and = 36° or 0.628
radians. Equation 7.3 is simply the geometric calculabif the area of a pentagon. An

analytical representation of the excess energy of thie-twinned nanorods, Equation 4,
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was determined from the surface, twin, and elastic @gend the size dimensions of

the rod.

1 & 5
DEys = gtan(%) 10g, + Siﬂ?:]) L(A\:s)% +2U, LA, Equation 7.4
1

where L is length, A is cross sectional areayUs the elastic energy,, is the (001)

surface energy and; is the twin energy of the system and= 0.628. The first energy

term in Equation 7.4 identifies the five free surfaces@l(001) planes found for the

pentagon shape. The surface energy for the (001) plameeisin Table 7.1 as, = o1

=1.76 J/fi. The surface energy is multiplied by the surface aeeuding the periodic

ends. The twin boundary energy was found to be 0.108 J/rh for the Voter-Chen

EAM potential [24] and is multiplied by the cross secticarea and length. The final
term is the contribution of the elastic strain in thelti-twinned structures. This elastic
term is negligible for very small cross sectionalaarand increases in importance as the
cross sectional areas increase. In the presentti@ahlynodel we restrict ourselves to
small cross sectional areas and we neglect theicelasergy term. The fact that the
elastic energy is indeed negligible fogsA 1500 nriwas confirmed by the agreement in
the energies given by the atomistic simulation andattaytical model, as shown below.
We therefore calculate the excess energy of thei-taditned nanorods without the

elastic energy term as:

1 % 5 |
DE g = gtan(Q1) 39, +Sin—‘(g(f7) |—(i°\:s)}é Equation 7.5(a)
1
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Equation 7.5(a) illustrates the dependence of the energgeolength (L) and the cross

1/.2

sectional area (4 with the relationship, L (&) A constant K can be defined as:

1 % 50, .
Kl = gtan(ql) 5g2 +Sin—(q1) Equation 75(b)
such that
DE,, . = K,L(A.)" Equation 7.5(9

where K = 7.05 when, = ¢01 = 1.76 J/hand 1 = 0.628 as defined by the Wulff plot.

7.4.2 Non-Twinned Nanorods
To develop the analytical model for the non-twinnedonads, we calculated the
cross sectional area as a function of the (001) plmgth, b, and (111) plane length; b

(the lengths pand b are shown schematically in Fig. 7.3B). The areaviergby:

A = 2|cos( ;) bjb, +2|cos( ;)sin( ) b,” Equation 7.6

Equation 7.6 shows the relationship of the cross sectareal As 111, and the surface

lengths, band b. 3= 111=2.53 radians is given in Table 7.1 and is taken with respect

to the [JiO] orientation.

The analytical model for the non-twinned nanorods introslueo excess
energies from the (001) and (111) surfaces as given in Egsafid(a,b). The excess

energy for a non-twinned nanorod of length L is:

E,. =K,LA? Equation 7.7(a)
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where a second constant Kas been introduced and is defined as:

' _ sin(@,)
2 ,((cos@,) +sin(g:)tan@s)) 5 - sin(@,)tan@,) ,))+4 cos@,)

K, = Equation 7.7(b)
(,sin( ,)(4 sin( J)tan( 5)+4 cos(4))- 2 2(sin( ,)ftan( )2

With the values, = o1 = 1.57, 3= 111=2.53, and the surface energies found from the

Wulff p|0t 2= oo1=1.7593, 3= 111=1.6055 we obtain K= 8.15.

The final relationship between the excess energy ohtmetwinned nanorods
seen in Equation 7.7(a) exhibits the same, d)tAdependence seen in the multi-twinned
nanorods as shown in Equation 7.5(c). When comparingptistants Kand K we find
that because K> K, the excess energy of the multi-twinned nanorods akillays be
larger than the non-twinned nanorods. This resulthef dnalytical model can be
compared with the simulations of the twinned and non-tvdnmr@norods as shown in the
following section.

7.5 Simulation Results

Atomistic simulations were performed for a series afss sectional areas and
periodic boundary conditions applied along the length efribd. To find the excess
energy of the system we subtracted the energy gbehfect bulk crystal material (-2.85
eV per atom for the VC potential) from the total eneodyhe structure obtained in the
simulation. The excess energy is produced by the highergy atoms, such as the
surface, twin boundary, and elastically strained atofiifse excess energy of the system
was found for each simulation run by using the combinaifomolecular dynamics and

conjugate gradient minimization techniques to calculadeatomic energies for each rod.
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Molecular statics and dynamics simulations were runtffie@ MTR and non-
twinned nanorods with increasing cross sectional arehs. Iehgth of the nanorods was
kept constant with periodic boundary conditions for these The simulation results are
consistent with the analytical models in the dependemncthe square root of the cross
sectional area, A From the simulation data the excess energiefefriulti-twinned
nanorods are higher than the non-twinned nanorods forads sectional areas, again in
agreement with the analytical model. The simulatiod enodel results are summarized
in Fig. 7.5 where the excellent agreement is clearlg.see

To ensure the system finds the true global minimum energlye simulations we
annealed the samples for 300 ps just below the meltingei@ture. The system is then
cooled to 1K in 350 ps and finally we take the conjugate gradi&de observed that for
small cross sectional areas below 450 ine structure on the far left of Figure 7.4 is
similar to the non-annealed sample shown in Figure 7.3(®wever, when the nanorod
area was greater than 450 nthe potential energy caused by the elastic strain 5ff
was large enough for a Shockley partial dislocatiorbéoemitted, thus relieving the
excess strain. As the cross sectional area inadasther we observed a larger number
of partial dislocations, as shown in the sequence o€tstres shown in Figure 7.4. We
note that the presence of dislocations in the MTR asicuctures has also been observed
in experimental studies [12,17].

The excess energy was calculated in the same wathdoannealed and the non-
annealed samples. The results of the simulationshenen in Figure 7.5 including both
the annealed and the non-annealed simulation excessiesnasya function of cross

sectional area.
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Fig. 7.4 The increase of temperature on the twinned structin@ss how the
system deals with the increasing elastic strain.
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Fig. 7.5 Twinned and non-twinned periodic nanorods excess ensrgyunction
of the cross sectional area. The analytical moalesepresented by thick lines. The
sample’s axial length is 3.35 nm.
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The results do not exhibit a significant change in tte@gss energy upon emission of
the dislocations for this range of cross sectionadsaré/e hypothesize that at larger sizes
(Acs > 2000 nrf), the emission of dislocations will most likely bssential to the
compensation of the high elastic strain and will pdalarger role in the stability of the
multi-twinned nanorods. Note that neither the elastidislocation excess energy are
included in the analytical model. The fact that the yital model and the simulation
results show excellent agreement confirms that tlastiel energy term is indeed
negligible for these cross sectional areas, sinces by definition included in the
simulations. The results of Figure 7.5 confirm that thdtifwinned periodic nanorods,
without consideration of the energy due to the atormiectire of the end caps, are not
stable at any size or aspect ratio. In the nextioseave modify our analytical model to
incorporate the energetic contributions of the end@h the multi-twinned and non-

twinned nanorods.

7.6 Analytical Model for the Nanorods Including the Ends

Having established the validity of our analytical model bynparison with the
simulation results we extend the analytical framewm incorporate the ends for the
MTR and non-twinned structures. No new surface enerdpyesaare required in the
extended model, all values are the same as those uedWulff construction and in the
prior analytical model.

To determine the end structures of the multi-twinned rad®we focused on
experimental data. In particular, we choose the strecibserved by Yacaman et al [11]

using TEM. The structures of the ends were found to ppgainidal. The dipyramidal
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ends are made up of five (111) low energy facets with asB@ft as shown in Figure
7.6(A) [11]. The analytical model includes the energy ef dipyramidal structure at
both ends of the nanowire because the majority of rerpatal studies show growth
along two dipyramidal ends [17,9,12,20].

The ends are also considered for the non-twinned ndnaetach was assumed to be
a truncated octahedron, consistent with the Wulff tanton. The end structures for the
non-twinned nanorod are shown in Figure 7.6(B) and consBt(@01) square facets, 2
(111) hexagon facets, and four (111) triangle facets. Toeified analytical model

accounts for the geometry and surface energy of therodrends.
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Fig. 7.6 A) Dipyramidal end of the multi-twinned nanorod [11R) The non-
twinned nanorods with an end. Hexagons and triangle®(eare [111] planes.
Squares (Orange) are [001] planes.
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The analytical excess energy of the ends of the MTRctsires is given as a
function of the cross sectional areas &s shown:
DEgs = K;A. Equation 7.8(a)
Where the constantsHs be defined as:

_ g,tan@,)
"~ sin(g,)cos@,)

Equation 7.8(b)

3

With 1=0.628, ,=0.523, and the surface energy found from the Wulff plet 111

= 1.6055, we calculate the valug ¥2.29. Notice the excess energy of the multi-
twinned ends are linear with the cross sectional #&ga,

The excess energy of the ends for the non-twinned nanisraddollows:

Ern = K, A, Equation 7.9(a)

We define K4 as:

_9,9:8in@,) tang,)+(cosg,)) *(tan@,)) * - 2cosg)(cos@,))
(Cos(qg))2 2 sin( ;)tan( ;) +2 ,cos(;)- Lsin( ,)tan( ;)

.\ 495 cos(gs) + sin(g,) tan(g,)
cos(@,)(cos@,))’ 4 ssin( s)tan( ;) +4 ,cos( 5)- 2 ,sin( ,)tan( ,)

g; sin(g,) 1
(cos@,))’ cos(g,) 2 asin( H)tan( ;) +2 cos( 5)- ,sin( ,)tan( ;)

Equation 7.9(b)

The surface energies = 117and = o1 are given in Table 7.1., and ;3 are also

defined in Table 7.1 and,= 30° is a geometric angle for the non-twinned nanorasls,
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seen in experiments. The calculated value for timsteot K when , = 1.57, 3= 2.53,

4 = 0.523 with the surface energies equal $0= o1 = 1.7593 3= 111 = 1.6055 is

found to be K= 8.15. A comparison of the constantsdfd K, shows that K= 2.29 is
significantly lower than K= 8.15 which indicates the contribution of the ends gfison
favors the twinned nanorods. Figure 7.7 compares the xresgies of the multi-
twinned nanorods and non-twinned nanorods with and withalg fam a total length of
nanorod equal to 3.35nm. When we include the influenceeoétils on the system we
see a dramatic difference in the energies of theesystThe energy contribution of the
ends increases linearly with the cross sectional andaas discussed below, the relative
importance of the contribution from the ends to thtaltenergy balance depends on the

aspect ratio of the rods.

129



—— Twinned 3.35 nm

45 1 -e- Non-Twinned 3.35 nm
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Fig. 7.7 Shows the analytical model with and without the entise lengths of the
nanorods are 3.35 nm. The data for the nanorods w/o entlseasame as Figure 7.5.
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A critical aspect ratio for the stability of the mitlivinned structure can be
calculated from the energetic conditionHex+ Ene{End)] [ Ewtr + Ewmtr(End)].
The equation for Ene(Tot) = Eurr(Tot) is plotted in Figure 7.8. The energy balance

equation for the critical aspect ratio is given as:

L=Far s pe

- K, - K, cs Equation 7.10
The critical aspect ratio, C can be defined as the tetigtded by the square root
of the cross sectional area. When the aspectisabelow the critical value C, the MTRs
are stable. The critical aspect ratio can be detethimoen the constantsKK,, Kz, and
K4 given by Equations 7.5(b), 7.7(b), 7.8(b), and 7.9(b). Timelken depend on the
various surface energies and the twin energy. To ra#eitae values found in our studies
for the Voter-Chen potential are kK 7.05, k = 5.32, k = 2.29, and K= 8.15. The
critical aspect ratio is calculated to be C 35 (KK3)/(K1 — K3) = 3.38. Figure 7.8 shows

this condition in terms of a stability map, where lénghd cross sectional area

combinations lying below the curve represent energetistdlyle MTR configurations.
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Fig. 7.8 Plotted the relationship between the length and tesgectional area, when
Evmtr = Erex.
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7.7 Discussion and Conclusions

Through a combination of molecular dynamics, molecsiatics, and an analytical
model we concluded that if the rod ends are not coresidére. periodic, infinite wires)
multi-twinned nanorods are not stable at any cross set@wea. There was excellent
agreement between the simulations and the analyticdeinteveloped, indicating that
the model is indeed correct and that the elastic enagyconsidered in the analytical
model, is negligible for the cross sectional ardaslisd here (A < 1000 n). The
analytical model was extended to include the endseohéimorods. When the ends were
introduced it was found that the existence of the ends avanajor influence in the
stability of the multi-twinned nanorods. The energetit the surfaced energy of the ends
strongly favors the multi-twinned structure, leadingtoritical aspect ratio below which
the MTR structure is stable.

Experientially long nanorods have been produced throughn@emw of growth
mechanisms that focus on seed mediated growth [8,12,14ke Tdney nanorods start as
small seeds, with aspect ratios below the critiedli®. As the rods grow in length and
surpass the critical value they become metastable.amsformation of a supercritical
long multi-twinned rod to the equilibrium structure given tine Wulff construction
would clearly involve a large energy barrier.

The critical aspect ratio of 3.38 obtained in the presenk is dependent on the
particular values of the various surface energies dwyetie interatomic potential used
here. Using the surface energies from a differgetaomic potential, such as the
Foiles-Baskes-Daw Ag EAM potential [27] in our analyticaddel, we obtained a

critical aspect ratio of 4.16. Similarly, using the valga®n by the potential of Jiang-
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Min et al. [28] we calculated a critical aspect ratiegt@5. The experimental critical
aspect ratio may vary slightly from these values.

In this study we focused on small cross sectional dogashich the elastic energy
may be neglected when considering the overall stabilityese are the sizes relevant to
the initial stages of growth of the nanorods from seadd, the relative stability of the
rods is entirely controlled by the surface and twin giest The stability of the MTR for
cross sectional areas larger thekf000 nmi would require a more complex analytical
model that incorporated the elastic energy and the mesehdislocations. In our
studies we showed that dislocations can begin to forrorss sectional areas above 500
nn? although for these sizes their energetic contribusicstiil negligible when compared

to the surface energy effects.
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